TRANSACTIONS 


American Society for Metals 


VOL. XLI 


TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS— 30th ANNUAL 
CONVENTION, PHILADELPHIA, OCTOBER 23 to 29, 1948 


OR purposes of record and for the benefit of members who were 

not in attendance at the Thirtieth Annual Convention of the 
Society, held in Philadelphia, October 23 to 29, 1948, the Programs 
of the Technical Papers and Educational Lectures together with the 
Reports of Officers for 1948 are herewith published in full. 


TECHNICAL PAPERS PROGRAM 
Seminar on the Cold Working of Metals 


SATURDAY, OCTOBER 23 


Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Chairman—M. Gensamer, Carnegie-Illinois Steel Corp. 
Introduction, by M. Gensamer, Carnegie-Illinois Steel Corp. 
Strain Hardening, Effects of Alloying Elements and Microstructure, by G. V. 
Smith, U. S. Steel Corp. Research Laboratories. 
Residual Stresses (Macroscopic), by W. M. Baldwin, Jr., Case Institute of 
Technology. 


Slip Lines and Slip Bands (Visual Effects of Cold Working), by R. D. Heiden- 
reich, Bell Telephone Laboratories. 


Ballroom, Benjamin Franklin Hotel—2:00 P.M. 
Translation, Twinning and Banding (Crystallographic Mechanism), by C. S. 
Barrett, Institute for the Study of Metals, University of Chicago. 
Deformation Textures, by R. M. Brick, University of Pennsylvania. 
Recrystallization Textures, by C. G. Dunn, General Electric Co. 


Ballroom, Benjamin Franklin Hotel—8:00 P.M. 
Dislocation Theory, by W. Schockley, Bell Telephone Laboratories. 
Nucleation Theory, by J. H. Hollomon, General Electric Co. 
Effects of Mechanical-Thermal History on the Flow Stress, by J. E. Dorn, 
University of Michigan. 


SUNDAY, OCTOBER 24 


Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Dynamics of Slip Bands, by C. Zener, Institute for the Study of Metals, 
University of Chicago. 
Plastic After-Effects, by J. G. Leschen, General Electric Co. 


Workhardening Under Combined Stresses, by L. R. Jackson, Battelle Memo- 
rial Institute. 
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Ballroom, Benjamin Franklin Hotel—2:00 P.M. 
Creep, by J. D. Lubahn, General Electric Co. 
Fatigue, by A. M. Freudenthal, University of Illinois. 
Reactions in the Solid State, by B. L. Averbach, Massachusetts Institute of 
Technology. 


MONDAY, OCTOBER 25 


Heat Treatment Session 
Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Joint Chairmen—E. S. Davenport, United States Steel Corp., and 
R. F. Mehl, Carnegie Institute of Technology. 

The Isothermal Decomposition of Martensite and Retained Austenite, by B. L. 
Averbach, Assistant Professor of Metallurgy, and Morris Cohen, Professor 
of Physical Metallurgy, Massachusetts Institute of Technology. 

The Dimensional Stability of Steel—Part IV—Tool Steels, by B. S. Lement, 
Member of Staff, Department of Metallurgy, B. L. Averbach, Assistant 
Professor of Metallurgy, and Morris Cohen, Professor of Physical Metal- 
lurgy, Massachuseets Institute of Technology. 

The Transformation and Retention of Austenite in SAE 5140, 2340 and T 1340 
Steels of Comparable Hardenability, by A. R. Troiano, Professor of Metal- 
lurgy, University of Notre Dame. 

The Microstructure of Low Carbon Steel, by R. L. Rickett, Assistant Super- 
visor, Physical Metallurgy Section, and F. C. Kristufek, Research Lab- 
oratories, United States Steel Corp. 


Heat Treatment Session 
Ballroom, Convention Hall—2:00 P.M. 
Joint Chairmen—R. A. Grange, United States Steel Corp., and 
Peter Payson, Crucible Steel Company of America. 

Influence of Ni and Mo on Isothermal Transformation of Austenite in Pure 
Fe-Ni and Fe-Ni-Mo Alloys Containing 0.55% Carbon, by D. A. Scott, 
Instructor in Physical Metallurgy, W. M. Armstrong, Associate Professor 
of Physical Metallurgy, and F. A. Forward, Professor and Head, Depart- 
ment of Mining and Metallurgy, The University of British Columbia. 

The Transformation Characteristics of Ten Selected Nickel Steels, by J. P. 
Sheehan, Associate Metallurgist, Armour Research Foundation, C. A. 
Julien, Patent Adviser, Naval Research Laboratory, and A. R. Troiano, 
Professor of Metallurgy, University of Notre Dame. 

The Metallography and Heat Treatment of 8 to 10% Nickel Steel, by G. R. 
Brophy, Metallurgist in Charge of Steel Research, and A. J. Miller, 
Metallurgist, International Nickel Co. 

Predicting the Effect of Complex Tempering Cycles, by J. L. Waisman, 


Metallurgist, Douglas Aircraft Co., and W. T. Snyder, Chief Engineer, 
Herff Jones Co. 


TUESDAY, OCTOBER 26 


Steel Ingots Session 
Ballroom, Benjamin Franklin Hotel—9:30 A.M. 
Joint Chairmen—J. H. Hollomon, General Electric Co., and 
E. C. Smith, Republic Steel Corp. 

Distributions of Nonmetallic Inclusions in Some Killed Alloy Steel Ingots, by 
K. L. Fetters, Special Metallurgical Engineer, Youngstown Sheet and 
Tube Co., M. M. Helzel, Analytical Chemist, and J. W. Spretnak, Member 
of Staff, Metals Research Laboratory, Carnegie Institute of Technology. 

Some Factors Affecting Subsurface Defects in Large Forging Steel Ingots, by 
E. A. Loria, Fellow, Mellon Institute of Industrial Research, and H. D. 
Shephard, Metallurgical Engineer, Kerchner, Marshall & Co. 
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Density Variations in Some Killed Steel Ingots, by C. F. Sawyer, Plant Metal- 
lurgist, Vanadium-Alloys Steel Co., and J. W. Spretnak, Member of Staff, 
Metals Research Laboratory, Carnegie Institute of Technology. 

The Nature of Inclusions in Tensile Fractures of Forging Steels, by H. D. 
Shephard, Metallurgical Engineer, Kerchner, Marshall & Co., and E. A. 
Loria, Fellow, Mellon Institute of Industrial Research. 


Nonferrous Alloys Session 
Betsy Ross Room, Benjamin Franklin Hotel—9:30 A.M. 
Joint Chairmen—E. H. Dix, Jr., Aluminum Company of America, and 
J. C. McDonald, Dow Chemical Co. 

Fractographic Examination of Tungsten, by C. A. Zapffe and F. K. Landgraf, 
Consultants, Baltimore. 

The Effect of Orientation on Knoop Hardness of Single Crystals of Zinc and 
Silicon Ferrite, by F. W. Daniels, Metals Section Laboratory, and C. G. 
Dunn, Research Physicist, General Electric Co. 

The Effect of Single Addition Metals on the Recrystallization, Electrical 
Conductivity and Rupture Strength of Pure Aluminum, by R. H. Har- 
rington, Research Metallurgist, General Electric Co. 

Forming and Heat Treatment of Corrugated Diaphragms, by R. I. Jaffee, 
E. I. Beidler and R. H. Ramsey, Battelle Memorial Institute. 


Mechanical Properties Session 
Ballroom, Convention Hall—2:00 P.M. 
Joint Chairmen—A. E. Focke, Diamond Chain Co., Inc., and 
V. H. Patterson, American Brake Shoe Co. 

The Microstructure and Mechanical Properties of Cast Steels, by M. F. 
Hawkes, Assistant Professor of Metallurgical Engineering and Member 
of Staff, Metals Research Laboratory, and B. F. Brown, Graduate Student, 
Carnegie Institute cf Technology. 

Effect of Vanadium on the Properties of Cast Carbon and Carbon-Molybdenum 
Steels, by N. A. Ziegler, Research Metallurgist, W. L. Meinhart, Assistant 
Research Metallurgist, and J. R. Goldsmith, Metallurgical Engineer in 
Charge of Research Foundry, Crane Co. 

Mechanical Properties, Including Fatigue, of Aircraft Alloys at Very Low 
Temperatures, by J. L. Zambrow, Research Engineer, and M. G. Fontana, 
Professor and Chairman, Department of Metallurgy, Ohio State University. 

Influence of Low Temperatures on the Mechanical Properties of 18-8 Chro- 
mium-Nickel Steel, by D. J. McAdam, Jr., Metallurgist, G. W. Geil, Met- 
allurgist, and Frances Jane Cromwell, Metallurgist, National Bureau of 
Standards. 


WEDNESDAY, OCTOBER 27 


ASM Annual Meeting 
Ballroom, Benjamin Franklin Hotel—10:00 A.M. 
Edward deMille Campbell Memorial Lecture, by Morris Cohen, Professor of 
Physical Metallurgy, Massachusetts Institute of Technology. 
James P. Gill, Chairman 


Engineering Properties Session 
Ballroom, Convention Hall—2:00 P.M. 
Joint Chairmen—A. L. Boegehold, General Motors Corp., and 
A. O. Schaefer, The Midvale Co. 

Basic Reasons for Good Machinability of “Free Machining” Steels, by M. 
Eugene Merchant, Physicist, and N. Zlatin, Research Engineer, The 
Cincinnati Milling Machine Co. 

An End-Quenched Bar for Deep Hardening Steels, by Gerrit deVries, Metal- 
lurgist, U. S. Naval Proving Ground. 








4 TRANSACTIONS OF THE A. S. M. Vol. 41 


Transverse Mechanical Properties in Heat Treated Wrought Steel Products, 
by Cyril Wells, Metals Research Laboratory, and R. F. Mehl, Director, 
Metals Research Laboratory, Carnegie Institute of Technology. 

Residual Stresses and Microstructure in Hollow Cylinders, by H. B. Wishart, 
Chief Development Metallurgist, and R. K. Potter, Metallurgical Inspector, 
Carnegie-Illinois Steel Corp. 


THURSDAY, OCTOBER 28 


Stainless Steels Session 
Ballroom, Convention Hall—9:30 A.M. 
Joint Chairmen—C, L. Clark, Timken Roller Bearing Co., and 
V. N. Krivobok, International Nickel Co. 

Resistance to Sensitization of Austenitic Chromium-Nickel Steels of 0.03% 
Max. Carbon Content, by W. O. Binder, Metallurgist, and C. M. Brown, 
Metallurgist, Union Carbide and Carbon Research Laboratories, aid 
Russell Franks, Chief Metallurgist, Electro Metallurgical Co. 

Mechanism of the Rapid Oxidation of High Temperature, High Strength 
Alloys Containing Molybdenum, by W. C. Leslie, Research Fellow, and 
M. G. Fontana, Professor and Chairman, Department of Metallurgy, Ohio 
State University. 

Stabilization of Austenitic Stainless Steel, by Samuel J. Rosenberg, Senior 
Metallurgist, and John H. Darr, Scientific Aid, National Bureau of 
Standards. 

Delta Ferrite Formation and Its Influence on the Formation of Sigma in a 
Wrought Heat Resisting Steel, by John J. Gilman, Instructor in Metal- 
lurgical Engineering, Illinois Institute of Technology, Pun Kien Koh, 
Research Metallurgist, Allegheny Ludlum Steel Corp., and Otto Zmeskal, 
Director, Department of Metallurgical Engineering, Illinois Institute of 
Technology. 

Nonferrous Alloys Session 
Room 300, Convention Hall—9:30 A.M. 
Joint Chairmen—W. M. Baldwin; Jr., Case Institute of Technology, and 
F. N. Rhines, Carnegie Institute of Technology. 

The Indium-Bismuth Phase Diagram, by E. A. Peretti, Associate Professor of 
Metallurgy, and S. C. Carapella, Jr., Teaching Fellow, Department of 
Metallurgy, University of Notre Dame. 

Manganese-Zinc Phase Diagram from 0 to 50% Zinc, by E. V. Potter, Elec- 
tronics Engineer, U. S. Navy Electronics Lab., ani R. W. Huber, Bureau 
of Mines, U. S. Dept. of Interior. 

Dilatometric Effects of Hardening and Recrystallization in the 60 Copper-— 
20 Nickel-—20 Manganese Alloy, by C. H. Samans, Chief, Metallurgical 
Section, Research Laboratory, C. C. Brayton, Technical Assistant, H. L. 
Drake, Technical Assistant, and L. Litchfield, Technical Assistant, Amer- 
ican Optical Co. 

Beta Laminations in Cartridge Brass, by Ralph L. Dowdell, Head, Department 
of Metallurgy, University of Minnesota, Charles A. Nagler, Associate 
Professor, Physical Metallurgy, Wayne University, Morris E. Fine, 
Member Technical Staff, Bell Telephone Labs., Harold P. Klug, Head, 
Department of Research in Chemical Physics, Mellon Institute of Indus- 
trial Research, and Gust Bitsianes, Instructor in Metallurgy, University 
of Minnesota. 

High Temperature Alloys Session 
Ballroom, Convention Hall—2:00 P.M. 
Joint Chairmen—H. C. Cross, Battelle Memorial Institute, and 
J. J. Kanter, Crane Co. 

Aging in Gas Turbine-Type Alloys, by Nicholas J. Grant, Associate Professor 
of Metallurgy, and J. R. Lane, Research Assistant, Massachusetts Institute 
of Technology. 
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Nickel-Base Alloys for High Temperature Applications, by A. G. Guy, Asso- 
ciate Professor of Mechanical Engineering, North Carolina State College. 

Short-Time High Temperature Deformation Characteristics of Several Sheet 
Alloys, by James Miller and Glen Guarnieri, Research Metallurgist, Cornell 
Aeronautical Laboratory. 

Stability of Steels at Elevated Temperatures, by A. B. Wilder, Chief Metal- 
lurgist, National Tube Co., and J. O. Light, Chief Metallurgist, Lorain 
Works, National Tube Co. 


FRIDAY, OCTOBER 29 


Physics of Metals Session 
Ballroom, Convention Hall—9:30 A.M. 
Joint Chairmen—C. G. Johnson, Worcester Polytechnic Institute, and 
M. F. Judkins, Firth Sterling Steel Co. 
Application of the Theory of Diffusion to the Formation of Alloys in Powder 
Metallurgy, by Pol Duwez, Associate Professor of Mechanical Engineer- 
ing and Chief of Materials Section of Jet Propulsion Laboratory, and 
Charles B. Jordan, Research Engineer, Jet Propulsion Laboratory, Califor- 
nia Institute of Technology. 
Thermodynamics in the Decarburization of Steel with Mill Scale, by W. A. 
Pennington, Chief Chemist and Metallurgist, Carrier Corp. 
Cause and Cure of Inverse Chill and Hard Spots in Cast Iron, by C. A. Zapffe 
and R. L. Phebus, Consultants, Baltimore. 
Some Wetting Properties of Metal Powders, by Bernard Kopelman, Section 
Head of Basic Metallurgical Research, and C. C. Gregg, Metallurgical 
Research and Development Laboratory, Sylvania Electric Products, Inc. 


Testing Session 
Ballroom, Convention Hall—2:00 P.M. 
Joint Chairmen—H. B. Osborn, Jr., Ohio Crankshaft Co., and 
C. A. Zapffe, Consultant. 
A Versatile Vacuum-Fusion Apparatus, by Manley W. Mallett, Research 
Engineer, Battelle Memorial Institute. 
The Abrasion Resistance of Metals, by R. D. Haworth, Jr., Supervisor, 
Abrasion Research, Armour Research Foundation. 
Solder Flow Tester for Tinplate, by J. J. Sperotto, General Research Lab- 
oratories, American Can Co. 
Nature and Detection of Grinding Burn in Steel, by L. P. Tarasov, Metal- 
lurgical Engineer, and C. O. Lundberg, Assistant Metallurgical Engineer, 
Norton Co. 


EDUCATIONAL LECTURES 
Properties of Metals in Materials Engineering 


MONDAY, OCTOBER 25 


Convention Hall—4:15 P.M. 
Chairman—C. R. Austin, Meehanite Metal Corp. 
Introduction, by R. L. Templin, Assistant Director of Research and Chief 
Engineer of Tests, Aluminum Company of America. 
Fundamental Concepts, by M. Gensamer, Assistant to Director of Research, 
Carnegie-Illinois Steel Corp. 


Convention Hall—8:00 P.M. 
Chairman—J. G. Jackson, William Steell Jackson & Son. 
Properties of Metals Under Direct or Non-Reversed Loading, by John R. Low, 
Jr., General Eleetric Laboratories. 
Application of Fatigue Data to the Machine Design, by R. E. Peterson, 
Manager, Mechanics Dept., Westinghouse Research Laboratories. 
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TUESDAY, OCTOBER 26 


Convention Hall—4:15 P.M. 
Chairman—J. F. Kahles, University of Cincinnati. 
Determination of the State of Stress (Instrumentation), by W. M. Murray, 
Professor, Massachusetts Institute of Technology. 
Analysis of Stress in Aircraft Engines, by W. T. Bean, Jr., Project Engineer, 
Continental Aviation Corp. 
Convention Hall—7 :30 P.M. 
Chairman—C. R. Austin, Meehanite Metal Corp. 
Testing to Specific Deflections (Buckling), by E. C. Hartmann, Chief, 
Engineering Design Div., Aluminum Research Laboratory. 
Design for Energy Absorption, by Wendell P. Roop, Research Consultant, 
Structural Research Laboratory, Swarthmore College. 


Metallurgy and Magnetism 
By J. K. Stanley 
Magnetic Department, Westinghouse Electric Corp. 


MONDAY, OCTOBER 25 


Convention Hall—5:15 P.M. 
Chairman—G. R. Fitterer, University of Pittsburgh. 
Magnetic Theory and Definitions 
Types of Magnetic Material 


TUESDAY, OCTOBER 26 


Convention Hall—5:15 P.M. 
Chairman—G. R. Fitterer, University of Pittsburgh. 
Factors Affecting Magnetic Properties 


WEDNESDAY, OCTOBER 27 


Convention Hall—5:15 P.M. 
Chairman—H. B. Knowlton, International Harvester Co. 
Magnetic Analysis—A Metallurgical Tool 


Grain Control in Industrial Metallurgy 


TUESDAY, OCTOBER 26 


Convention Hall—8:30 P.M. 
Chairman—C. R. Austin, Meehanite Metal Corp. 
Fundamentals of Grain Growth and Recrystallization, by J. E. Burke, Institute 
for the Study of Metals, University of Chicago. 


WEDNESDAY, OCTOBER 27 


Convention Hall—4:15 P.M. 
Chairman—G. M. Cover, Case Institute of Technology. 
Recrystallization in Iron and Iron Alloys with Suitable Reference to Practice, 
by R. L. Kenyon, Associate Director, Research Laboratory, Armco Steel 
Corp. 
Convention Hall—8:00 P.M. 
Chairman—H. B. Knowlton, International Harvester Co. 
Working and Grain Control in the Copper Base Industry, by H. L. Burghoff, 
Research Metallurgist, Chase Brass & Copper Co. 


THURSDAY, OCTOBER 28 


Convention Hall—4:15 P.M. 
Chairman—J. F. Kahles, University of Cincinnati. 
Grain Control in the Light Metal Industry, by J. T. Hobbs, Metallurgist, 
Aluminum Research Laboratories, 


- 
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ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 


Philadelphia, Wednesday, October 27, 1948 


The meeting was called to order by President F. B. Foley, who 
announced that the first order of business was the President’s report. 
He then asked Vice-President H. K. Work to occupy the chair while 
he read his report. This is published in full beginning on page 9 
of this volume of TRANSACTIONS. 

VicE-PREsIDENT Work: You have heard the report of the 
President. There being no objections, the report will stand approved 
as read. I now return the chair to the President. 

PRESIDENT Fotey: The next order of business will be the annual 
report of the treasurer, E. L. Spanagel. 

Treasurer Spanagel presented his report which appears in full 
beginning on page 13. 

PRESIDENT FoLey: You have heard the report of the Treasurer. 
There being no objections, it will stand as read. The next order of 
business is the report of the Secretary. 

Secretary Eisenman presented his report which appears in full 
beginning on page 17. 

PRESIDENT FoLry: You have heard the report of the Secretary. 
There being no objections, it will stand as read. 

PRESIDENT Fo.tey: I am now pleased to recognize Trustee A. E. 
Focke, representative of the Board of Trustees on the Constitution 
and By-Laws Committee. Dr. Focke then gave an explanation of 
the proposed changes in the constitution of the Society, as follows: 

“To conform with the present method of distributing the Trans- 
ACTIONS of the American Society for Metals, a change in the con- 
stitution and by-laws of the national Society is proposed. Originally, 
the TRANSACTIONS was published as a monthly and mailed to all 
members of the Society in good standing. The paper shortage and 
rapidly rising publication costs of the war and postwar years have 
made it expedient to publish the TRANSACTIONS as an annual volume 
and to send it only to those members who request it. 

“However, the constitution of the American Society for Metals 
requires that the annual reports of the president, the secretary and 
the treasurer (heretofore published only in the TRANSACTIONS) shall 
be brought to the attention of all members of the Society. The pro- 
posed change i .. constitution will permit that these reports be 
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printed in other publications of the Society, which normally go to 
all members, as well as in the TRANSACTIONS. 

“The proposed change in the constitution has been approved 
by both the Board of Trustees and the Constitution and By-Laws 
Committee. 

“The members of the Constitution and By-Laws Committee are: 
D. D. Beach, chairman (Georgia Chapter), R. F. Harvey (Rhode 
Island Chapter), Milo J. Stutzman (Kansas City Chapter), A. S. 
Jameson (Chicago Chapter), William W. Wight (Hartford Chap- 
ter), and Arthur E. Focke, representing the Board of Trustees. 

“The wording of the present constitution is shown in the left- 
hand column below, with the revised wording in the right-hand.” 


ARTICLE XI 
PUBLICATIONS OF THE SOCIETY 





Present Constitution 


Publications 

Section 1. The Board of Trustees 
shall publish a journal to be known as 
TRANSACTIONS which shall be mailed 
to all members of the Society in good 
standing or to designated representa- 
tives of member firms or corporations. 
TRANSACTIONS shall be the official 
paper of the Society. The Board of 
Trustees may publish and distribute 
such other publications or literature as 
it may from time to time determine. 


Subscriptions 
Section 2. The Board of Trustees 
may accept subscriptions to TRANS- 
ACTIONS and other publications of the 
Society from persons who are not 
members of the society and shall fix 
the prices of such subscriptions. 


Contents of Official Paper 

Section 3. Transactions shall con- 
tain the annual report of the presi- 
dent, secretary and treasurer, together 
with such other scientific articles and 
such other items of interest and use- 
fulness as shall be approved by the 
Publications Committee. 


Proposed Changes 


Publications 
Section 1. The Board of Trustees 
shall publish TRANSACTIONS and may 
publish and distribute such other pub- 
lications and literature as it may from 
time to time determine. At least one 
publication of the Society shall be dis- 
tributed, not less frequently than once 
each month, to all members of the 
Society in good standing or to desig- 
nated representatives of member firms 
or corporations. 
Subscriptions 
Section 2. The Board of Trustees 
may accept subscriptions to publica- 
tions of the Society from persons who 


. are not members of the Society and 


shall fix the prices of such subscrip- 
tions. 
Contents of Publications 

Section 3. The publications of the 
Society shall contain such scientific 
articles and such other items of inter- 
est and usefulness as shall be ap- 
proved by the Board of Trustees or 
by such committees as the Board may 
appoint. The annual reports of the 
president and the secretary and the 
treasurer shall be published in the 
TRANSACTIONS and also in one of the 
publications of the Society which 
reaches all members of the Society as 
referred to in Section 1 above. 
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Dr. Focxe: I move that the proposed changes in the constitution 
be adopted. 

PRESIDENT Fortry: There being no discussion to the proposed 
amendment, the motion is unanimously approved. 

The next order of business is the election of officers. (See 
page 24.) 


ANNUAL ADDRESS OF THE PRESIDENT 
Francis B. Forey, President 
Thirtieth Annual Meeting, Philadelphia, October 27, 1948 


EVENTY-FIVE years ago in 1873 the first steel bridge to be 
constructed in the United States was built across the Mississippi 
River at St. Louis. It is usually referred to as the Eads Bridge 
after the Captain Eads who was the designing engineer. Some of 
the bridge members were made of chromium steel melted in crucible 
pots in this city at the Midvale Steel Works. The contract for steel 
for this bridge called for 2800 tons. Although the chromium content 
of the steel was but 0.60 to 0.70%, it marks the first use of alloy 
steel in engineering construction. 

In a paper read before the Iron and Steel Institute in London 
in 1886, Henri Brustlein states, “I believe that to the United States 
is due the first introduction of chromium steel for industrial purposes, 
at any rate when, in 1875 I had commenced my experiments in 
France with the manufacture of chromium iron and steel, I had read 
that in the United States chromium steel of considerable strength 
had already been manufactured.” 

Thus the use of constructional alloy steels began 75 years ago 
in this country, an event which your Society celebrates in this year’s 
Metal Congress, appropriately enough in the city of Philadelphia. 
It is interesting to view the state of the art of steel manufacture in 
this country at about this time. Prior to 1865 all cast steel was made 
by the crucible process. The great Civil War had hardly ended in 
1865 when the two Martins made the first commercially successful 
heat of open-hearth steel at the Sireuil Works near Paris under 
Siemens license and Durfee in the same year working under the 
Kelley and Mushet patents produced the first Bessemer steel in the 








10 TRANSACTIONS OF THE A. S. M. Vol. 41 


United States at Wyandotte, Michigan, from which the first steel 
rails rolled in this country were produced. 

It was not until 1868, three years after the close of the Civil 
War, that Cooper, Hewitt & Co. tapped the first heat of open-hearth 
steel in this country from a 5-ton furnace at Trenton, N. J., a short 
distance up the Delaware River from here. 

By the time the Eads Bridge was built the yearly production of 
open-hearth steel had attained, in 1874, 7000 tons, an amount which 
was produced in less than one hour in the steel mills of the United 
States in 1947, 

It wasn’t until 1903 that open-hearth steel production exceeded 
that of Bessemer steel which had been depended upon for tonnage 
production of steels for railroads, bridges, and other industrial uses. 

Extensive use was not made of alloy steels until early in the 
1890’s when steel navies were being built and there was demand 
for guns, projectiles and armor. It was then that heat treatment, 
an essential adjunct of alloy steels, began to be applied to develop 
the strength and toughness necessary in alloy steels for such service. 
Excellent physical properties were developed in these steels quite 
some time before a rational explanation of the phenomena under- 
lying the hardening and tempering processes had been arrived at 
by authorities who were devoting their time to such studies. The 
early days of automobile building found ready at hand a fairly well 
developed metallurgy and heat treatment of the alloy steels upon 
which it came to depend as that industry developed. 

Our Civil War was fought with cast iron and wrought iron. 
Facilities for producing cast iron were greatly expanded so that a 
peacetime outlet for the product was keenly sought when the end 
of hostilities stopped the war demand. The great increase in the 
use of cast iron trellises and in the use of cast iron for other orna- 
mental purposes, including cast iron animal figures for the adorn- 
ment of lawns and cast iron hitching posts, during the years follow- 
ing the war attest the lengths to which cast iron merchants were 
forced to find a market for their product. The war had the other 
effect, as we have already observed, of quickening our interest in 
the bessemer and open-hearth methods of producing cast steel. 

Skipping lightly over the short Spanish-American War, in 
which modern war vessels carrying alloy steel armor and guns got 
their first—however inadequate—trial in battle, we come to the 
first World War, which provided a tremendous incentive to the 
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production and heat treatment of alloy steels and steels of all kinds. 
It was to this widespread interest that we owe the beginning of 
the present American Society for Metals. It was the urgent need 
of the men engaged at that time to get together for the exchange 
of ideas that produced the nucleus which has grown to the present- 
day membership of over 20,000 with 76 chapters throughout the 
States and Canada. 

It has been stated that more metal has been produced during 
the past 40 years than during all previous recorded time. This, of 
course, means that your Society has played an active part, during 
its 30 years of existence, in that astonishing feat, for it is the United 
States that has made this astonishing feat possible. 

That there was a need for such an organization as ours is 
amply shown by its phenomenal growth. The past year has seen 
the addition of the Utah Chapter in Salt Lake City, increasing the 
ASM family to 76 chapters. Of these chapters it has been the 
pleasant duty of the President to visit some 40 during the past 
year, including two large group chapter meetings. In all his visits 
he found a cordial welcome, and witnessed very active interest in 
the Society’s work and in the educational activities so valuable to 
the membership. 

Not the least, by any means, of the educational activities of the 
Society is the issuance from time to time of the Metats HANpBOOK. 
The volume issued during the past year after many delays due to 
strikes had to be published in a larger leaf size than its predecessors. 
The material was completely revised and the contents expanded so 
that the old size was impractical. It is an encyclopaedia of metal- 
lurgical information. 

Never before has there been so much authoritative metallurgical 
data placed between two covers. It is not practical here to record 
individually the names of all who, by serving in the many sub- 
committees of the HanpBoox, have made this publication possible. 
The Society as a whole is deeply indebted to them. Opportunity 
is taken, however, to record the work of George V. Luerssen, chair- 
man of the HANpBook Committee, and of Dr. Taylor Lyman, its 
editor. 

Another contribution by the Society to progress in metallurgical 
education during the year was the issuance of the brochure “Your 
Career in the Metallurgical Profession” by the Committee on Edi- 
cation. This booklet, under the authorship of Dr. John W. W. 
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Sullivan, was written for the guidance of high school and preparatory 
school students and distributed to the schools throughout the nation. 

Last year an innovation in the form of sessions on Saturday 
and Sunday, immediately preceding the opening of the Metal 
Congress and Exposition, devoted to the purely scientific appraisal 
of the behavior of metals in the solid state was tried. The resulting 
papers and discussions were published by the Society as part of its 
TRANSACTIONS. The venture proved such a success that it has been 
repeated this year with very gratifying results. The Society wel- 
comes the opportunity to provide a medium of publication in a 
separate volume of its Transactions of the proceedings of these 
meetings which have proved of widespread interest. 

The dedication in August of the Sauveur Memorial Room at 
Headquarters was an interesting event of the year. This room 
serves not only to commemorate the work of Dr. Sauveur, but will 
remain as an inspiration to those engaged in the profession in which 
he was engaged so long and so brilliantly. To this end it will be 
kept alive as a museum and repository for the recording of progress 
in metallurgical art and science. 

It is with deep regret that we record the death during our last 
meeting of William H. Phillips, a Past President of the Society, 
and of Prof. Charles Y. Clayton of Rolla, Mo., a former trustee of 
the Society, in June of this year. 

During the last Metal Congress the Past President’s Medal was 
awarded to Dr. Charles H. Herty, Jr. The Howe Medal was 
awarded to W. A. Pennington. The American Society for Metals 
Gold Medal award was conferred on Prof. C. H. Mathewson, its 
Medal for Advancement of Research on Charles R. Hook, and its 
Sauveur Achievement Award presented to F. P. Zimmerli. 

The Board of Trustees held four meetings during the year, on 
October 24, 1947, April 30, August 20, and October 26, 1948. 

May I now close by expressing my appreciation of the fine 
cooperation and help of the Officers and Board of Trustees of the 
Society, of its outstanding Secretary, Mr. Eisenman, and of the 
very warm welcome from the various chapters throughout the 
country, which it was my pleasure to visit during the year. 
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TREASURER’S REPORT 
E. L. SPANAGEL, Treasurer 


Your Treasurer takes pleasure in submitting this report covering 
our Society’s fiscal year ended August 31, 1948. From a financial 
standpoint, this has been a rather unusual year in that the gain in 
income over expense was at the lowest level since 1940. It should 
be quite evident, however, that this situation has been occasioned by 
the completion and distribution of the 1948 Metrars HANppoox. 
In that regard there has been a total of $230,000 expended on the 
publication of the new Metrats HANpsooK over the past four years, 
and $132,500 of this total was spent within the past fiscal year. 
As was anticipated, an abnormal expense of this magnitude could 
only result in a deficit in the normal operating cost of the Society. 
However, the 1947 National Metal Exposition, held in Chicago, 
made possible the following statement of total income and expense 
for the past year. 


i $914,395.67 
as othe kas bcs cokaabwes 865,238.50 
Excess of Income over Expense ........ $ 49,157.17 


Gross income from membership dues amounted to $220,937.31, 
of which amount $90,519.37 was returned to the Chapters, both all- 
time high figures, indicating continued growth in our membership. 

Income from Metat Procress decreased 11.5% this year as 
compared to the prior year, whereas the expense of publishing METAL 
Procress decreased only 3% with the result that the excess over 
expenses was only 50% of that of last year. In spite of these 
decreases, however, income from METAL Procress represented about 
36% of the total income of the Society and was an important factor 
in the over-all net gain for the year. 

TRANSACTIONS and the Metats Review are, of course, not 
self-sustaining and cost the Society net sums of approximately 
$23,400 and $36,100 respectively. 

Sales of books published, including The Review of Metal 
Literature book, resulted in an excess of income over expense of 
approximately $16,000. 

A condensed comparative balance sheet which reflects the 
financial condition of the Society at the close of the 1947 and 1948 
fiscal years follows: 
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Increase 

ASSETS August 31, 1948 August 31, 1947 Decrease* 
ee ae oe es oar rs | ee oa $ 119,598.07 $ 243,180.55 $123,582.48* 
Nn caine 4 cease Enb eee naan 1,314,907.56 1,213,187.25 101,720.31 
Cash surrender value of life insurance .... 69,411.46 67,579.33 1,832.13 
BR SE eee ee 60,000.57 63,867.02 3,866.45* 
ney si, te Meas eet ale ts Jaee oe kn 97,090.66 68,012.26 29,078.40 
I a te ae 9,329.14 4,933.17 4,395.97 
I oe CIT. 5 dig deka ds tie eke be 63,939.04 67,220.56 3,281.52* 
Office furniture, fixtures, and equipment .. 58,609.49 39,479.86 19,129.63 
es I So Ores 51,162.70 31,368.52 19,794.18 


$1,844,048.69 — $1,798,828.52 $45,220.17 





LIABILITIES, RESERVES, AND SURPLUS 
SD SN Ss a oe ng dm we ote ...$ 43,671.70 $ 47,863.65 $ 4,191.95* 


NR Shik reer. Fh. Bs te Cea ARES 153,777.50 135,000.00 18,777.50 
Deferred income Te anda oad bia ae Op ye. 5s 194,482.55 18,522.55* 
Seetes 633k Ses ae Bi eves 1,470,639.49 1,421,482.32 49,157.17 





$1,844,048.69  $1,798,828.52  $ 45,220.17 





*Indicates red figures 


During the past year new members have been assessed $5.00 
in addition to the regular membership dues for the first year to 
defray partially the cost of the new Metats HAnpsBoox. ‘These 
moneys, amounting to $18,777.50, have been set aside in a special 
reserve for Metats HAnpsBoox which has been established to pro- 
vide for the cost of printing additional editions and eventual revision 
of the Metats HAnpsBoox. Note also in the above balance state- 
ment that the security holdings of the Society were increased by 
$101,720. This increase is represented by new holdings of $70,000 
par value United States Government Bonds and some $31,000 worth 
of Common Stock holdings in Columbia Gas and Electric Corpora- 
tion, Cleveland Illuminating Company and American Tobacco Com- 
pany. These investments were made on recommendation of the 
ASM fiscal agents, the Cleveland Trust Co., with whom your 
Finance Committee and Board of Trustees keep in constant touch 
and thereby maintain a close contact with the investment market. 

Distribution of the Society’s investment portfolio now is: 


As of % of 

August 31, 1948 Total 

U. S. Government Bonds ............ $ 835,554 63.9 
Canadian Government Bonds ........ 10,000 0.8 
SN oe hrs nee cs va cece en 16,547 1.3 
Public Utility Bonds ................ 31,990 2.4 
Rg. sawn cadena 17,524 1.3 
i eck hbase ees ae 330,825 25.4 
Preferred: Stotle 2.4. 200i. 18,694 1.4 
Land Trust Certificates ............. 46,382 3.5 


$1,307,516 100.0 


ees mo ee 


ee ee eS 


ene am, 


ee 
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As of August 31, 1948, the Society’s investments had a market 
value of approximately $1,356,800. Interest and dividends earned 
on the above investments amounted to $47,141.58 or 3.6% as com- 
pared to $40,064.15 and 3.3% for the previous year. 

In addition to the above investment portfolio, the Society’s 
assets include real estate represented by the National Headquarters 
at $63,939, inventories in books, furniture and equipment totaling 
$155,700, and cash on deposit amounting to $119,598. 

At the end of the 1947-48 fiscal year, the total assets of the 
Local Chapters amounted to approximately $188,000, an increase of 
about $9,000 over the previous year. This substantial reserve con- 
stitutes a definite guarantee of continued service, activity and 
progress in the various Local Chapters. 

Your Treasurer gratefully acknowledges the splendid coopera- 
tion and able assistance given by the members of the Finance Com- 
mittee, Secretary William H. Eisenman, Assistant Treasurer A. A. 
Hess, and Mr. A. W. Martén of the Cleveland Trust Co. 


AUDITED BALANCE SHEET 


AMERICAN SOCIETY FOR METALS 
August 31, 1948 


ASSETS 
CASH (includes $4,137.74 of Canadian funds at par)... $ 119,598.07 


SECURITIES (approximate market prices aggregate 
$1,356,833.12) 
Bonds and stocks—at cost 


Se Geren $1,307,515.97 
Accrued interest 


ee ee Oe Pee ee ee Pee eee wen 7,391.59 1,314,907.56 


CASH SURRENDER VALUE OF LIFE INSURANCE 69,411.46 


ACCOUNTS RECEIVABLE 


Pe iki chin oor bcc kane esacccawcves $22,886.44 
National Metal Exposition, Philadelphia—October, 
EA Sb arate. wa Gi taiate bcos o Web eb ka Wve, © athe (kins 9am, 6-00 22,801.25 
I oo ea iwc Vin dese dada ber asics s cay 16, 312. 88 $ 62,000.57 


ne Eh Bice wee ce 2,000.00 60,000.57 


INVENTORIES—at cost or lower ae ree 
Bound and unbound publications, books, paper 


CN. Sh ERGY a hice a ce oes ; ; $103,090.66 
AION ec G km be eae ste cecdcaes Rs a x 6,000.00 97,090.66 
OTHER ASSETS 
Officers, employees, and sundry accounts and deposits. 9,329.14 
REAL ESTATE (at cost less reserves for depreciat:ion) . . 63,939.04 
OFFICE FURNITURE, FIXTURES, AND EQUIP- 
MENT (at cost less reserves for depreciation) . 58,609.49 
DEFERRED CHARGES 
Prepaid exposition expenses................ oa $ 38,402.55 
Prepaid ee and npcunid meee. ; 10,482.89 
Prepaid tabmrence. Phe dea ar ik «dig lank 2,277.26 51,162.70 





$1, 844,048. 69 
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LIABILITIES, RESERVES, AND SURPLUS 
ACCOUNTS PAYABLE 


For purchases, expenses, etc. ik ce Gd Coe ks fo4ra0 ee eee 

For apportionment of dues to local chapters Se ee ee ee 3,065.62 

PUN ko 6 ora ¢ < he w 6 Rdde ds oe eae bos a eae ka ees 1,470.60 $ 43,671.70 
RESERVES 

I, ies ee aie, eeelere  S. doe $ 60,000.00 

For dues paid in advance........... sy re Se vipa tas cae 50,000.00 

Se i Seles 0S Manda bee grace be dua 18,777.50 

Campbell Memorial lecture fund....................0000cccuue 15,000.00 

ee ie oes ok rh SR Wee es cd ee OR me 5,000.00 

Cee sk ca ce ee whdetbsabh bade seers 5,000.00 153,777.50 
DEFERRED INCOME 

National Metal Exposition—Philadelphia—October, 1948........ 175,960.00 
SURPLUS 

ee ah Dis 6 4007 |. cid ss. os SETS CR . $1, —_ 482.32 

Fee le CE eS Es ogc hhc cpcceniitgcscveneds<eeeeta 9,157.17 1,470,639.49 

$1,844,048.69 


AUDITED INCOME AND EXPENSE STATEMENT 


AMERICAN SOCIETY FOR METALS 
Year Ended August 31, 1948 








INCOME 
Metat Procress—monthly publication...................00055 $ 334,345.01 
UI a ae nw pon su. 6 0 Rs ROE A Cae UN 0 pidue 227,182.22 
DS bain 6 so oko ETRE ek ole osc ood bb oe dod Ee Res aseeee 130,827.44 
ASM Murals Hanpecos. sr eNO SR TOS Co a 66,588.90 
The METALS RevieEw—monthly ‘publication ORE mE iD ‘18,328.81 
Te iii ha iin inn a ow. 0x ik oes Aad dale wip edb a 9,522.31 
Books published (includes sales of The Review of Metal Literature Book 
eo cw mau ob ebbb be cec ees 61,697.19 
en cal es ben be aba ewe Ete ender 47,141.58 
General reprints and index. dace tay Gubb Fe Cou: Gatawts sy 7,100.85 
SF rE ae eg aia ee Bare 6,894.93 
i sn oc ocd heen See eT ES oh < OORT E ON 2,429.69 
Increment in cash value and dividends on life insurance........... 1,832.13 
Books purchased for resale. . . ea oka aie WHS 0 wee Fo 426.92 
Profit on sale of securities... . . Sa ciaie Ta Saha a ean Dileew ot 77.69 
ts cots kc cle teens s Eee 1 cd Hinwhadbads ehbkess abate $ 914,395.67 
EXPENSES 
MetTaL Procress—monthly publication..................... --$ 301,793.21 
ee ekg oa ties ve .. 154,706.25 
National Metal Exposition—Chicago—October, 1947.............. 136,371.80 
The Metats ReviEw—monthly publication................... De 54,461.58 
oa, cig See wR Saleh clas <eabeb ame h is 45,756.92 
a a os sa a 6 6 ain DUE ORE ba TR EOE OER ERED TS is 35,645.80 
a Be eg a wig AW i wh we kM LET bn be Ow nv 32,920.84 
ek ae me ok a. 5 hae bis wie mince dic inuls An eas Gh wae 28,971.41 
Ne oi i. ng kn bo oao 6 be EERE. e POET és 22,147.87 
SEIS SS EOE SESS Fe ar A ES 6 04 Va es ot ‘ 16,492.59 
i Lis. eins su ado ah te es Cae tnease 13,538.19 
ee le. ae coke ee bewee bbs we 4,975.76 
Neen een nn nnn nn nn ee eee ee i ig 4,299.77 
ee Tee ess 6 gd aie 0 eae ASD HTN A REDS Kea wedla 3,270.67 
a es Unite 25 vias. a sw Se Rook us wee 817.40 
ne ess ds ws aun land Sat ee dar ea gute 5,488.87 
ee cw baht a bulbbe cae 883.85 
Miscellaneous merchandise, etc.............. ccc cece ccc cece $21.32 
ee Nec ccc ht sd be vecbser eee oucede 742.76 
Se ES aCe n 4 unk hy & 6 ose on «060 00.6 0 0W Seka RE medcnona 520.00 
R and educational contributions...................ccccees 375.00 
Se nds wei enceebess0iebesccsicpican 236.64 
EP a ong ok + 00.06.6880 c on cdc ckabeben. Ce. sera $ 865,238.50 
Ee RE SiMe oo oes & ok Wass 040 be ee ec ees < cane $ 49,157.17 
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f Board of Trustees, 
American Society for Metals, 
Cleveland, Ohio. 


We have examined the balance sheet of American Society for Metals 
as of August 31, 1948, and the statements of income and expense and 
surplus for the year then ended, have reviewed the accounting procedures 
of the Society and, without making a detailed audit of the transactions, 
have examined or tested accounting records of the Society and other 
supporting evidence, by methods and to the extent we deemed appro- 
priate. Our examination was made in accordance with generally accepted 
auditing standards applicable in the circumstances and included all pro- 
cedures which we considered necessary. 

During the year a Reserve for Merats HANpDBOOK, amounting to 
$18,777.50, was established to provide for the cost of printing additional 
editions, and eventual revision of the new Merats HANpsooK. 

A non-profit company was incorporated during the year as Science 
Education Foundation, Inc., for the stated purpose, among other things, 
of advancing scientific and technical knowledge, through research, edu- 
cation and the dissemination of information for the benefit of the general 
public, including the power to own, control and operate facilities for 
broadcasting by radio, radio-telegraph, television and similar processes. 
At August 31, 1948, the only recorded asset of the corporation was a 
commercial account of $1,000.00 at The Cleveland Trust Company, Cleve- 
land, Ohio. Organization expenses of the new corporation have been 
included as general expenses of the Society. 

In our opinion, the accompanying balance sheet and related statement 
of income and expense present fairly the position of American Society 
for Metals at August 31, 1948, and the results of its operations for the 
year, in conformity with generally accepted accounting principles which, 
except as referred to in the second preceding paragraph, have been 
applied on a basis consistent with that of the preceding year. 





Cleveland, Ohio ERNST & ERNST 
September 17, 1948 Certified Public Accountants 







ANNUAL REPORT OF THE SECRETARY 


WitiiaM H. EIseEnMAN, Secretary 











The American Society for Metals on October 1, 1948, had a 
total membership of 20,037. Of this number 17,324 or 86.5% were 
the member classification; 1650 or 8.2% were sustaining members; 
while 1030 or 5.1% were junior members. There were 32 honorary 
and founder members. 


‘TRANSACTIONS 






Since the last’ National Metal Congress, Vol. 40 and Vol. 40A 
of the TRANSACTIONS were published and distributed to the member- 
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ship in April 1948. Vol. 40 totals 1164 pages and constitutes 42 
articles with their discussions. It contains all of the papers pre- 
sented at the October 1947 Convention held in Chicago together with 
other interim papers received during the year. The president, secre- 
tary and treasurer’s report for 1947 and other current items of record 
were included in Vol. 40 together with a report of the Convention. 

Vol. 40A contains the nineteen papers (312 pages) presented at 
the seminar on “Fracturing of Metals” held on Saturday and Sunday, 
October 18 and 19, 1947, during the National Metal Congress and 
Exposition, Chicago. This seminar was sponsored by the American 
Society for Metals, and coordinated by members of the metallurgical 
staff of Case Institute of Technology, under the direction of George 
Sachs. 

METAL PROGRESS 


A tabulation of total editorial and advertising pages published 
annually in Meta Procress for the past eight years follows: 


Fiscal Editorial Revenue Net Paid 
Year Pages Advertising Circulation* 
1941 645 1078 13,018 
1942 699 1276 15,412 
1943 688 1592 16,363 
1944 648 1937 18,774 
1945 674 2045 20,410 
1946 832 2024 20,708 
1947 722 1676 20,158 
1948 628 1452 20,660 


*Audit Bureau of Circulation figure for June. Print order is about 15% larger. 


This table charts the vital statistics of your monthly magazine 
through the war and postwar years. It indicates the peak in adver- 
tising patronage during 1944, 1945 and 1946, and the rather alarm- 
ing drop in 1947 and 1948. While this course of events has affected 
other engineering and technical publications in a similar way, the 
ASM cannot make, as readily, the conventional adjustments in its 
operations as can a commercial publishing house. The number of 
editorial pages, for example, has for years been fairly close to 650. 
That is none too many for a reasonably good job of covering the 
field of quality metals. If that number were sharply restricted in 
an effort to establish some constant relationship to advertising 
patronage, the value of the publication to our members would suffer 
disproportionately. Likewise it is impossible to restrict the print 
order, for the membership-*emains fairly close to its wartime peak— 
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a matter which, on practically all other counts, is a cause for 
gratification. The most pronounced effect on the balance sheet, how- 
ever, has been the large increase in costs of typesetting, engravings 
and printing, that went into effect at the turn of the year, and a 
steady increase in paper costs. Compare, for example, costs in fiscal 
1943 and fiscal 1948, years of comparable volume of production: 
In 1943, the necessary paper cost $36,000; last year it cost $54,000. 
In 1943 the printer’s and engraver’s bills came to $71,000; last year 
they amounted to $109,000. 

Nevertheless, the Board of Trustees is resolved that the quality 
and coverage of Metat ProGrEss must be maintained—indeed, 
improved. We confidently expect that a major step in that direction 
has been taken with the assignment of Dr. Taylor Lyman, now that 
his work on the ASM Metats Hanpsooxk has been completed, to be 
associate editor of METAL Procress, thus reinforcing the efforts of 
Mr. Thum who has carried the editorial responsibility single hand- 
edly since the first issue in 1930. 


METALS REVIEW 


The biggest improvement made in Metats REvieEw during the 
past twelve months was the adoption of smooth coated stock instead 
of the rough newsprint heretofore used. The consequent improve- 
ment in legibility, appearance and durability excited many favorable 
comments from readers. At the same time a heavy cover in two 
colors was added, further enhancing the appearance and also pre- 
senting an opportunity to carry advertising and thus help defray 


the cost of these improvements. 


The Review of Current Metal Literature continues to expand, 
and now runs to some 800 articles listed and annotated per month. 
This expansion is largely in the field of foreign literature, which is 
reaching this country in an ever-increasing flow. To accommodate 
these additional annotations, the size of the book was increased from 
56 to 64 pages per issue. 

Metats ReEvIEW continues to carry two feature articles in a 
specific field each month—one surveying the literature in that field 
published during a certain period, and the other describing new 
products and equipment introduced by the manufacturers in that 
same field. These feature articles were not carried in the September 
issue, the space being devoted instead to a preview of the National 
Metal Congress and Exposition. 
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As a news magazine, Merars Review devotes a large portion 
of its space to reports of ASM chapter activities, news of national 
affairs, and the doings and accomplishments of members. The 
number of reports of chapter meetings alone published during the 
past twelve months totaled 333—an increase of 20% over the cor- 
responding period last year. This extended coverage of local meet- 
ings would not be possible without the faithful efforts of chapter 
reporters and publicity chairmen. 

An additional feature, started last March and now running 
into seven installments, is a Bibliography of Metallurgical Books 
Published in the Period 1936 to 1946. The bibliography will be 
completed in the November issue, and will then be reprinted as a 
separate pamphlet accompanied by an author’ index. 


MetTALs HANDBOOK 


The 1948 edition of the Mrerats HANpBook was published 
June 16, 1948. The 1948 edition is a thorough revision and sub- 
stantial enlargement of the 1939 edition. Much new material has 
been added. The 1948 edition is almost 40% larger than the 1939 
edition. 

As the number and diversity of metallurgical subjects have 
increased, the range of authorship of the Mrerats HANpBooK has 
widened correspondingly until, in the present edition, 68 subcom- 
mittees and 603 individuals are named as contributors. The accuracy 
and authority of the material included in the Metats HANDBOOK are 
assured by the names of the contributors. All are specialists who 
represent the best metallurgical learning of the day. 

Important changes have been made in the scope, form and 
arrangement of the subject matter in the Merats HANpBoox. The 
volume has a new, larger page size: 84% by 1034 inches. This 
greatly facilitates the use of the book, for illustrations and tabular 
matter can be placed on the same page as the text matter that 
discusses them. 

The Nonferrous Section has been almost entirely rewritten and 
has been expanded and changed greatly in form. Specific data for 
220 nonferrous metals and alloys have been presented according to 
a new, semitabular arrangement. 

The first extensive collection of alloy phase diagrams to be 
published in America is a part of this edition of the Merats Hanp- 
Book. ‘This section comprises the last 124 pages of text. All of 
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the 284 phase diagrams are arranged alphabetically in this section. 

Much time and effort have been expended to increase the use- 
fulness of the index, which now contains five times as many entries 
as before. A separate folder, included with each copy of the MetTats 
HANDBOOK, gives specific suggestions for using the book—and 
especially the index—to best advantage. 

Since publication of the 1948 edition, about half the members 
have returned their old Mretats HANpsooks in exchange for the 
new edition. In addition, 2155 copies have been sold. 





Books 


During the past fiscal year, a total of 17,560 books published 
by the Society was sold to members and others. This figure includes 
314 1939 Metrats HAnpsooks and 1363 1948 Mretrats HANpBOOKs. 


During this period six new titles were added to the list. These are: 

ASM Review of Metal Literature—Vol. 4 

1948 ASM Metals Handbook 

Copper and Copper Alloys—By Owen W. Ellis 

Fracturing of Metals—By 21 different authors 

Chapter Know-How—By W. H. Eisenman 

Your Career in the Metallurgical Profession—By John W. W. Sullivan 
The following titles are now in process of preparation: 


Physical Metallurgy of Aluminum—By 5 authors 
Sleeve Bearing Materials—By 19 authors 
Metallurgy and Magnetism—By J. K. Stanley 
Symposium on Mechanical Wear—M.L.T. 
Properties of Metals in Material Engineering 
Grain Control in Industrial Metallurgy 

Story of Magnesium 


Many of the previous titles were reprinted. 


PUBLICATIONS COMMITTEE 


The Publications Committee for the year 1947-48 was made 
up of the following personnel: A. O. Schaefer, Chairman; R. H. 
Aborn, C. T. Evans, Jr., A. L. Feild, M. G. Fontana, J. H. 
Hollomon, H. B. Osborn, Jr., W. A. Pennington, F. N. Rhines, 
E. S. Rowland, L. E. Simon, H. Solakian, A. R. Troiano, H. S. 
VanVleet, C. A. Zapffe, and Ray T. Bayless, Secretary. 

During the year the Committee has reviewed 51 papers of 
which 44 were approved for preprinting and presentation at this 
Convention; 4 were rejected; 2 were returned to authors for 
revisions ; and 1 ‘will be published in Metrat ProcGress. Four papers 
are now in the process of review. 
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The Publications Committee held one formal meeting on June 15 
and 16, 1948, at which time the final arrangements for the technical 
program at this Convention were made. 


PREPRINTS 


The forty-four papers being presented at this Convention were 
prepared in preprint form and distributed to those members of the 
Society who requested them. The total number of pages for the 
1948 preprints is 1129. A total of 45,000 preprint copies was 
distributed free to the membership. 


EDUCATIONAL COMMITTEE 


The Educational Committee for the year 1948 was composed 
of the following personnel: C. R. Austin, Chairman; G. M. Cover, 
G. R. Fitterer, H. L. Grange, J. G. Jackson, J. F. Kahles, H. B. 
Knowlton, R. D. Stout, and Ray T. Bayless, Secretary. 

This Committee held one formal meeting on November 18, 1947, 
at which time the three educational lecture courses for the 1948 
Convention were selected and planned. These lectures are: 

1. “Properties of Metals in Materials Engineering”, by 8 
authors—R. L. Templin, M. Gensamer, J. R. Low, Jr., R. E. Peter- 
son, W. M. Murray, W. T. Bean, Jr., E. C. Hartmann, and W. P. 
Roop. 

2. “Metallurgy and Magnetism’, by J. K. Stanley. 

3. “Grain Control in Industrial Metallurgy”, by 4 authors— 
J. E. Burke, R. L. Kenyon, H. L. Burghoff, and J. T. Hobbs. 


TEN-YEAR SECRETARY 


The Society has the privilege this year of honoring William J. 
Parsons, who has given long and faithful service to the Los Angeles 
Chapter of the ASM. The arduous duties of a local secretary are well 
known to many of you, and it is certainly an indication of exceptional 
ability for Mr. Parsons to have been able to sustain activities for 
a ten-year period. However, in recognition of his endeavors, he is 
this year attending the congress as a guest of the Society. 


FM Rapro STATION 


With the broadening of the articles of incorporation of the 
Society, which were unanimously adopted at the annual meeting 
in Chicago last year, the board of trustees petitioned the Federal 
Communications Commission for a license to establish an FM radio 
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station for the purpose of advancing the educational facilities of the 
Society as well as to establish the ASM as a science service organ- 
ization whose technical and educational programs would be available 
for distribution and use to the 4000 other FM and AM « stations in 
the United States and Canada. 

We are pleased to announce that the Federal Communications 
Commission has granted the application for the allocation of an FM 
channel and the Society only awaits the completion by the Federal 
Communications Commission of the examination and approval of 
the engineering features of the station so that then a constructional 
permit will be granted. 


SEMINAR COMMITTEE 


The Seminar Committee, consisting of John Chipman, Chairman 
(Boston), R. M. Brick (Philadelphia), J. E. Dorn (Golden Gate), 
J. H. Hollomon (Eastern New York), R. F. Mehl (Pittsburgh), 
G. Sachs (Cleveland), has been responsible for the selection of the 
subject of Cotp WorKING oF METALs presented during five sessions 
on October 23 and 24, 1948. After the selection of the subject the 
responsibility for correlating the program rested with Dr. M. 
Gensamer and Dr. J: H. Hollomon, and they received helpful 
cooperation from numerous individuals interested in this subject. 

The Seminar presented has been an outstanding success, and 
reflects credit upon the organizers as well as the contributors and 
marks such a successful two-day meeting that the continuance of 
this activity is a foregone conclusion. 


1948 NaTIONAL METAL CONGRESS AND EXPOSITION 


It is almost an axiom that each year it is my privilege to report 
another successful National Metal Congress and Exposition. 

The ideal facilities afforded by the Convention Halls and 
Commercial Museum in Philadelphia assist in supplying those con- 
ditions which are conducive to a successful installation, a pleasant 
opening, and a satisfactory five-day operation. 

The exhibitors participating in this year’s Exposition have pre- 
sented displays that have aroused enthusiastic comments and degrees 
of extreme satisfaction. It is conceded that the entire ensemble gives 
a most striking and harmonious presentation. 

The central, theme of the Congress this year has been “A Salute 
to Alloy Steel’ and the Society is very grateful indeed to the dis- 
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tinguished group of executives and scientific personnel who have 
contributed so liberally of their valuable time in the work of the 
various committees. The Society acknowledges its gratitude to Mr. 
Robert Wheeler, Director of Publicity of the International Nickel 
Co., who, as chairman of the “Committee on the Visualization of 
75 Years of Progress of Alloy Steel”, with the cooperation of the 
members of the Committee, has presented on the stage of Convention 
Hall a remarkable dramatization of the progress of this great 
engineering material. 

The Society also appreciates the conscientious and careful work 
of the Committee on Awards of the Salute to Alloy Steel, under the 
able leadership of J. M. Schlendorf, Vice-President of Republic Steel 
Corp. This committee assisted in the selection of the seventy-five 
distinguished American and Canadian metal men who will receive 
Distinguished Service Awards citing their valuable contributions to 
the advancement and progress of Alloy Steel. 

The ASM is pleased to have sponsored this salute because 
among its 20,000 members the Society represents all the producers 
and most of the consumers of alloy steel and at the same time it 
may be stated that the principal progress and development in alloy 
steels have paralleled the progress and development of the Society. 

The ASM hopes to continue to serve the metal industry in the 
future as it has in the past. 


ELECTION OF OFFICERS 


PRESIDENT Fotey: We will now proceed with the election of 
officers. Complying with the constitution, I appointed in March, 
1948, the following nominating committee, selected from the list of 
candidates suggested by eligible chapters prior to March 1, 1948: 


J. B. Austin, Chairman—New York 


G. M. Cover, Cleveland K. L. Fetters, Mahoning Valley 
F. A. McCoy, Kansas City M. A. Scheil, Milwaukee 

W. W. Farrar, Los Angeles W. E. Ruder, Schenectady 

F. C. Smith, Louisville R. A. Johnson, Worcester 


The committee met in Columbus on May 19, 1948, and made 
the following nominations for the following offices: 
For PRESIDENT 


Harold K. Work, Director of Research, Jones & Laughlin Steel Corp., 
Pittsburgh—1 year. 
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For Vicre-PRESIDENT 
Arthur E. Focke, Research Metallurgist, Diamond Chain Co. 
Indianapolis—1 year. 


For TRUSTEES 
Harry P. Croft, Vice-President in Charge of Development, Wheeling 
Bronze Casting Co., Moundsville, W. Va.—2 years. 
Fred J. Robbins, President, Sierra Drawn Steel Co., 
Los Angeles—2 years. 


The committee for nominating a secretary as provided for in the 
constitution was composed of the following: 


F. B. Foley, Chairman 


Past President A. L. Boegehold Past President M. A. Grossmann 
Past President Charles H. Herty, Jr. Past President H. J. French 
Past President Kent R. VanHorn Past President Bradley Stoughton 


This committee unanimously nominated W. H. Eisenman for 
Secretary for a 2-year term. 

A report of these nominations duly appeared in the MEeErTaLs 
ReEvIEw, June 1948. 

I have been informed by the Secretary that no additional 
nominations were received prior to July 15, 1948, for any of the 
vacancies occurring on the Board of Trustees. Consequently, the 
nominations were closed. I now call upon the Secretary to carry out 
the provisions of the constitution in respect to the election of officers. 

SECRETARY EISENMAN: Conforming with the provisions and 
requirements of the constitution of the American Society for Metals, 
I hereby cast the unanimous vote of the members for the election of the 
aforenamed candidates who were regularly nominated May 19, 1948. 

PRESIDENT Forry: | declare the nominees as duly elected to 
their respective offices. 

President Foley then introduced the newly-elected officers, at 
which time President-Elect Work gave a few words of acceptance. 

President Foley awarded a certificate to William J. Parsons, 
who has served ten years as secretary of the Los Angeles Chapter. 

PRESIDENT Fotey: Has anyone present anything to bring before 
this meeting? If not, a motion to adjourn is in order. 

President Foley then introduced Past President James P. Gill, 
Chairman of the Campbell Memorial Lecture meeting, who in turn 
introduced the lecturer, Dr. Morris Cohen, Professor of Physical 
Metallurgy, Massachusetts Institute of Technology, Cambridge, 
Mass., who presented his lecture entitled “Retained Austenite”’, 
which is published in full in this volume of TRANSACTIONS. 
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ASM ANNUAL DINNER 


On Thursday evening, October 28, members and guests assem- 
bled in the Ballroom of the Benjamin Franklin Hotel for the Annual 
Dinner of the Society. The attendance was well over 700. 

Those persons seated at the speakers’ table were: W. J. De- 

Mauriac, Philadelphia Electric Co., Philadelphia—Chairman, Phila- 
delphia Chapter, ASM; H. P. Croft, Wheeling Bronze Casting Co., 
Moundsville, W. Va.—Trustee-Elect, ASM; F. J. Robbins, Sierra 
Drawn Steel Corp., Los Angeles—Trustee-Elect, ASM; C. M. 
Carmichael, Shawinigan Chemicals, Ltd., Montreal—Trustee, ASM ; 
Morris Cohen, Massachusetts Institute of Technology, Cambridge— 
1948 Campbell Memorial Lecturer; A. E. Focke, Diamond Chain 
Co., Indianapolis—Trustee and Vice-President-Elect, ASM; J. W. 
Spretnak, Ohio State University, Columbus—Recipient of Howe 
Award; Earl Shaner, Steel, Cleveland; A. L. Boegehold, General 
Motors Corp., Detroit—Past President, ASM; A. E. White, 
University of Michigan, Ann Arbor—Past President and a Founder 
Member, ASM; W. H. Dow, Dow Chemical Co., Midland, Mich. 
—Recipient of ASM Medal for the Advancement of Research; 
E. A. Mowrer, Principal Speaker; F. B. Foley, The Midvale Co., 
Nicetown, Philadelphia—President, ASM; F. C. Frary, Aluminum 
Company of America, New Kensington—Recipient of ASM Gold 
Medal; K. R. VanHorn, Aluminum Company of America, Cleveland 
—Past President, ASM; H. K. Work, Jones & Laughlin Steel Corp., 
Pittsburgh—Vice-President and President-Elect, ASM; J. L. Cox, 
The Midvale Co., Nicetown, Philadelphia—Recipient of Distinguished 
Service Award; R. E. Zimmerman, U. S. Steel Corp., Pittsburgh— 
Vice-Chairman Distinguished Service Awards Committee; F. J. 
Griffiths, Steel Consultant, Massillon, Ohio—Recipient of Distin- 
guished Service Award; T. W. Lippert, /ron Age, New York; 
R. A. Wheeler, International Nickel Co.—Chairman, Committee to 
Visualize Alloy Steel Progress; E. L. Spanagel, Rochester Gas & 
Electric Co.—Treasurer, ASM; D. M. McCutcheon, President, 
Society for Non-Destructive Testing; W. J. Parsons, Pacific Scien- 
tific Co., Los Angeles—Ten-Year Secretary, Los Angeles Chapter, 
ASM; Frederick Cooper, Vanadium-Alloys Steel Co., Narberth, Pa. 
—Secretary, Philadelphia Chapter, ASM; W. H. Eisenman, Secre- 
tary, American Society for Metals, Cleveland. 
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Presentation of President’s Medal 


The annual presentation of the President’s Medal was made by 
F. B. Foley to A. L. Boegehold, the twenty-seventh president, who 
served the Society so ably in 1947. 


Presentation of Howe Medal 


In honor of Dr. Henry Marion Howe, the distinguished scien- 
tist, often called the dean of American metallurgists, the Board of 
Trustees in 1922 established the first of its medals. The rules 
governing the award of this medal make the provision that it be > 
awarded to the author or authors of the paper judged of highest 
merit, presented before the ASM and published during any one year 
in the TRANSACTIONS of the Society. 

The 1948 medal was awarded to the author of the paper entitled 
“Kinetics of Solidification of Killed Steel Ingots” which was pub- 
lished in Vol. 39 of Transactions, 1947, page 569. The author 
who was honored is J. W. Spretnak, who was presented a certificate, 
a gold medal and a bronze replica. 


Edward DeMille Campbell Memorial Lecture 


In 1926 the Society established the Edward deMille Campbell 
Memorial Lecture and each year since that time has invited a dis- 
tinguished scientist to present this lecture. The 1948 lecturer was 
Dr. Morris Cohen, Professor of Physical Metallurgy, Massachusetts 
Institute of Technology, and to commemorate this lecture a certificate 
certifying to that event was presented to Dr. Cohen. 


Conferring of the ASM Medal for the Advancement of Research 


The 1948 ASM Medal for the Advancement of Research was 
awarded to Willard Henry Dow, president of the Dow Chemical 
Company, in recognition of his consistent sponsorship, foresight, 
and influence in financing and prosecuting metallurgical research, 
which have helped substantially to advance the arts and sciences 
relating to metals. 

In presenting Dr. Dow, Col. A. E. White read the citation 
engrossed on the scroll which accompanies the medal. President 
Foley then conferred the award. The citation is: 


“Trained as a chemical engineer and with a natural scien- 
tific bent Dr. Willard H. Dow has maintained personal direc- 
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tion of the research activities of the Dow Chemical Company 
while at the same time serving as its President and General 
Manager. Developments in the production and metallurgy of 
magnesium have always had Dr. Dow’s particular interest. 

“His broad vision has given rise to research programs 
which have resulted in continuing reduction of costs in the 
magnesium industries and have made possible accomplishments 
such as the commercial production of magnesium metal from 
sea water, the reverberatory furnace melting of magnesium, 
the mechanical handling of molten magnesium with pumps and 
pipes, the continuous casting and rolling of slabs, the production 
of controlled-purity alloys of magnesium, the use of magnesium 
as an anode for electrolytically protecting iron and steel against 
corrosion, and the routine determination, by means of the Dow 
direct-reading spectroscope, of seven constituents of a magne- 
sium alloy in two minutes. 

“The Nation stands deeply indebted to Dr. Dow for his 
activities which enabled the filling of the unprecedented war- 
time demand for strategic magnesium.” 


Conferring of Gold Medal of ASM 


The Gold Medal of the ASM, established in 1943, recognizes 
the recipient for outstanding metallurgical knowledge and great 
versatility in the application of science to the metal industry, as 
well as exceptional ability in the diagnosis and solution of diversified 
metallurgical problems. Dr. Kent R. VanHorn presented Francis 
Cowles Frary, Director of Research, Aluminum Company of Amer- 
ica, as the candidate for the 1948 award. In presenting him, Dr. 
VanHorn read the citation engrossed on the scroll which accom- 
panies the medal. President Foley then conferred the medal award 
upon Dr. Frary. The citation is as follows: 


“Francis Cowles Frary builded Aluminum Research Lab- 
oratories and for thirty years had guided its activities with 
outstanding leadership. rary has been personally active in 
all phases of research on aluminum, from the processing of 
bauxite and the production of the metal to its applications. 
Frary has made important contributions in such diverse fields 
as the electrothermal production of alumina, the electrothermal 
production of aluminum alloys, electric calcination of coke for 
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Reproduction of one of the Distinguished Service Award Certificates Pre- 
sented to 75 Individuals. The Certificates were 11 by 14 inches in size and 
mounted in a stainless steel frame. 


the production of electrodes, molding sands used for casting 
magnesium alloys, and aluminum alloys. 

“Frary Metal, his first significant contribution to metal- 
lurgy, was a lead alloy for bearings, hardened with calcium 
and barium. Developed in 1914 with Sterling Temple, the 
alloy exhibited the then unique phenomenon of age hardening, 
a fact which did not escape Frary’s observation. 


“Working with William Hoopes, Frary produced in 1920 
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the first aluminum of 99.99% purity by a unique method of 
electrolytically refining aluminum in a three-layer fused salt 
bath. The special characteristics of electrolytically refined 
aluminum are finding application in such products as reflectors 
and cable sheathing. Electrolytically refined aluminum has 
been used by his research staff to establish the equilibrium 
diagrams of important aluminum alloy systems without the 
modifying effects of the impurities in commercial aluminum.” 


Distinguished Service Awards 
“Salute to Alloy Steel” 


President Foley presented Dr. Rufus E. Zimmerman, Vice- 
President of the United States Steel Corp., and Vice-Chairman of 
the Committee on Awards for the “Salute to Alloy Steel”. Dr. 
Zimmerman then presented to President Foley, with appropriate 
remarks as to the work of the Awards Committee, two individuals 
each to receive a Distinguished Service Award, John L. Cox and 
Frederick J. Griffiths. President Foley then indicated that in the 
presentation of the certificates to the two pioneers in the alloy steel 
industry, this act is symbolical of the actual presentation of the 
Distinguished Service Awards to the 73 other men who have made 
valuable contributions to the 75-year progress of Alloy Steel. The 
names of the recipients, together with the citations, are as follows: 


Ropert R. Apport, director of metallurgy, White Motor Co. 


A pioneering authority on the intelligent use of alloy steel, who influenced 
practices in many consuming industries. 


OruMAR H. AMMANN, consulting engineer, New York City 
For extensive application of the strong structural steels to long-span high- 
way bridges. 
Rosert S. ARCHER, vice-president, Climax Molybdenum Co. of Michigan 
For systematization of knowledge basic to the science of metals. 


Witsur H. Armacost, vice-president, charge of engineering, Combustion 
Engineering Co., Inc. 
For promoting the use of low-alloy steels for boilers and auxiliaries in high- 
temperature service. 


Epear C. Barn, vice-president, Carnegie-Illinois Steel Corp. 
Investigator, author, advisor, administrator in many phases of alloy steel 
development. 


Hitanp G. BaTCHELLER, president, Allegheny Ludlum Steel Corp. 
For supporting a lengthy program of development of electrical sheets of 
improved magnetic properties. 


Quincy Bent, formerly vice-president, Bethlehem Steel Co. 
For leadership in the conseryation of strategic alloys in World War II. 
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ALFRED L. BorGEHOLD, head, metallurgy department, Research Laboratories 
Division, General Motors Corp. 


For his early application of the principles of hardenability to the more 
intelligent use of alloy steels. 
HYMAN BornsTEIN, director of laboratories, Deere & Co. 
Pioneering metallurgist in the farm implement industry, responsible for 
many applications of special steels. 
D. K. BuLLEeNs, president, New England Auto Products Corp. 
For his inspirational work in collecting and publishing American practices 
in “Steel and Its Heat Treatment”. 
Henry T. CHANDLER, vice-president, Vanadium Corp. of America. 
For early development of chromium-molybdenum and vanadium steels and 
their application to automobiles. 
Joun L. Cox, Midvale Co. 
For early adaptation of alloy steels for armor and projectiles to industrial 
purposes. 
EpMUND S. DAvENpPonrT, assistant to vice-president, United States Steel Corp. 
of Delaware. 
For his revealing studies on isothermal transformation, leading to greatly 
improved heat treating techniques. 
C. NEwMAN Dawe, retired from the Vanadium Corp. of America. 
For development of nickel-molybdenum steels and their application to auto- 
motive parts. 
Ensto S. Drxon, metallurgist, Texas Co. 
For early and extensive application of chromium steels 
equipment. 
BENJAMIN F. Farrvess, president, United States Steel Corp. 


For support of many projects that improved the quality and widened the 
utility of alloy steels. 


in oil refinery 


C. B. Francis, consulting chemist and metallurgical engineer. 
Author of the most inclusive and authoritative work on American practices 
in steel manufacture and treatment. 
HErsBerT J. FRENCH, vice-president, International Nickel Co., Inc. 
For promoting the industrial uses of engineering alloy steels. 
Emi, GATHMANN, president, Gathmann Engineering Co. 
For conservation of alloys and alloy steel by improved ingot mold designs. 
H. W. Gmttett, chief technical advisor, Battelle Memorial Institute. 
Investigator, author, critic, organizer of research into alloy steels. 
FRANK P. GILLIGAN, secretary-treasurer, Henry Souther Engineering Co. 
For pioneer guidance and 25-year chairmanship of the S.A.E. Committee on 
Steel Specifications. 
NorMAN P. Goss, consulting physicist, Cold Metal Products. 
For discovering a commercial process for inducing directional crystallization 
in transformer and electrical sheet. 
H. W. GrawaM, vice-president and director of technology, Jones & Laughlin 
Steel Corp. 
For perfecting manganese steels used widely for oil field equipment, armor 
and other heat treated parts. 
Henry B. GreensteD, metallurgical consultant, Algoma Steel Corp. 
For applying alloy steels to a wide variety of industrial purposes in Canada. 
FREDERICK J. GRIFFITHS, steel consultant. 


For his influence in the early development of the alloy steel business in 
America. 
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Marcus A. GRossMANN, director of research, Carnegie-Illinois Steel Corp. 
For evaluation of the influence of specific elements on the hardenability of 
steels. 
Tuomas W. Harpy, technical representative in Canada, Climax Molybdenum 
Co. 
Canadian metallurgist, for early recognition of the advantages of fine grain 
in alloy steels for severe services. 


IsAAc Harter, chairman, Babcock & Wilcox Tube Co. 
For continuous improvement of steam boilers and auxiliaries through correct 
application of alloy steels. 


Water G. Hriporr, chief metallurgical engineer, western division, Timken 
Roller Bearing Co. 
For research and steelmaking developments that extended the use of alloy 
steels in high-temperature equipment. 


ZAY JEFFRIES, vice-president, General Electric Co. 
For his early systematization of knowledge basic to the science of metals. 


(CHARLES Morris Jounson, chief chemist, Park works, Crucible Steel Co. of 
America. 

For early perfection of analytical methods for chemical control of alloys 
in steel. 


J. B. Jounson, chief, materials laboratory, United States Air Force. 
For establishing and maintaining quality standards in the aircraft and air 
engine industries. 


WaLterR E. Jominy, staff engineer, Chrysler Corp. 
For devising the hardenability test bearing his name. 


\ucustus B. Kinzer, president, Union Carbide and Carbon Research Lab- 
oratories, Inc. 
lor early work on high yield strength steels and for leadership in studying 
the weldability of alloy steels. 


ALAN KIssocK, mining engineer, Alan Kissock and Co. 
For devising correct steelmaking processes, especially for the molybdenum 
alloys. 


Harry B. KNOWLTON, supervisor, materials engineering, International Har- 
vester Co. 
For applying alloy steels to agricultural implements and farm tractors. 


Frep A. LoosLey, vice-president and manager, Dominion Foundries & Steel, 
Ltd. 
Inventor and producer of alloy steel of improved machinability, largely used 
in Canadian armored vehicles. 


WILLIAM J. MacKeNnziz, manager, alloy steel sales, Youngstown Sheet & 
Tube Co. 

For promoting the use of alloy steels throughout American industry. 
FRANK M. Masters, owner, Modjeski and Masters. 

For pioneering use of strong structural steels in long-span railroad bridges. 
Frep E. McCeary, retired chief metallurgist, Chrysler Corp. 

For developing molybdenum and chromium-vanadium steels and extending 

their automotive applications. 


JoHN McCoNNELL 


For pioneering the production of alloy steels in the open-hearth furnace. 


Harry W. McQuarp, consulting metallurgist. 
For distinguishing between abnormal and normal steels and interpreting the 
relationship between grain seize and hardening properties. 
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JoHN MiTcHELL, assistant to the manager of alloy sales division, Carnegie- 
Illinois Steel Corp. 


For leadership in the development of National Emergency Alloy Steels. 


NorMAN L. MocHEL, manager of metallurgical engineering and consulting 
engineer, Westinghouse Electric Corp. | 
For promoting the use of low-alloy steels in heavy electrical generating and 
transmission equipment. 
Witt1amM ARTHUR NEWMAN, manager, department of research, Canadian 
Pacific Railway. 
For the application of alloy steels to severe services on Canadian railroads. 
J. Heper PARKER, chairman of the board, Carpenter Steel Co. 


For devising and producing alloy steels acceptable to the U. S. Navy and 
the budding automotive industry. 


CHARLES FREDERICK PASCOE, assistant general manager, 
Canadian Car & Foundry Co., Ltd. 
For improvement and development of alloy cast steels for general engineering 
use in Canada. 
W. E. Ruper, head, Metals Research, General Electric Co. 
For applying superior alloy irons and steels to electrical equipment and 
large steam turbines. 
ApoLPpH QO. SCHAEFER, executive engineer, The Midvale Co. 


For development of many special alloy steels for use in ordnance and the 
heavy industries. 


foundry division, 


Rosert B. ScHENCK, chief metallurgical engineer, Buick Motor Div., General 
Motors Corp. 
For devising inspection and production methods whereby manganese steels 
could be widely used for automotive parts. 
J. M. ScHLENDOoRF, vice-president in charge of sales, Republic Steel Corp. 
For pioneering and continuing efforts to promote the use of alloy steels 
throughout American industry. 
Rosert W. Scu_umpr, chief metallurgist, Hughes Tool Co. 
For utilization of alloy steel in oil well drilling equipment. 
Martin H. Scumip, manager of sales, alloy steel division, Republic Steel Corp. 


For promoting the intelligent use of alloy steels throughout 


American 
industry. 


T. D. Sepwick, engineer of tests, Chicago, Rock Island & Pacific R.R. Co. 
For pioneering and constructive work in applying alloy steels to locomotive 
forgings. 
Cuas. H. SHaptro, chief metallurgist, Metal Window Products Co. 
For utilization of alloy steel in oil well drilling equipment. 
BENJAMIN FRANKLIN SHEPHERD, chief metallurgist, Ingersoll-Rand Co. 
For developing the martempering technique. 
FRANK THAYER Sisco, director, Alloys of Iron Research. 
For carrying through the monumental review of literature concerning the 
alloys of iron. 
Earve C. Smiru, chief metallurgist, Republic Steel Corp. 
For applying science to the manufacture and use of alloy steels. 

Howarp J. Sracc, Jr., metallurgist, Sanderson-Halcomb works, Crucible Steel 
Co. of America. : 
Lifelong proponent of intelligent use of alloy steel who influenced practices 

in many consuming industries. 
Oscar L. Starr, vice-president, Caterpillar Tractor Co. 


For early recognition of those properties of alloy steels that are indispensable 
to diesel engines. 
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BRADLEY STOUGHTON, consulting engineer, Lehigh University. 
Educator of two generations of makers and users of fine alloy steels. 
JeroME Strauss, vice-president and technical director, Vanadium Corp. of 
America. 
For pioneer work in the application of wrought and cast alloy steels to naval 
ordnance. 
Ernest E. Tuvum, editor, Metal Progress. 


For gathering, interpreting and presenting information about alloy steels in 
all their aspects. 


Henry H. TIMKEN, Jr., vice-president and chairman of the board, Timken 
Roller Bearing Co. 


For vigorous support of efforts that widely extended the use of alloy steels 
throughout all industry. 
Rurus S. Tucker, manager of sales, alloy division, Bethlehem Steel Co. 
For continuous efforts toward promoting the use of alloy steel throughout 
American industries. 
Joun F. WANDERSEE, metallurgical engineer, Ford Motor Co. 
For his pioneering work with alloy steel in automotive applications. 
Joun Mitcnett Watson, retired from Hupp Motor Car Co. 
For active promotion of the use of alloy steels in motor cars. 
Biatne B. Wescott, assistant to executive vice-president, Gulf Research & 
Development Co. ae 
For application of alloy steels and irons in oil field and refinery equipment. 
ALBERT EASTON Wuite, director, Engineering Research Institute, University 
of Michigan. ; 
For contributions in the development, promotion and selection of steels for 
high-temperature service in power plants. 
Witutis Ropney WHITNEY, retired director of research, General Electric Co. 
For initiating and supporting research into many branches of alloy steel 
metallurgy. 
Ciype WILLIAMS, director, Battelle Memorial Institute. 
For directing the War Metallurgy Committee’s researches into alloy steels. 
Kart D. WitiiaAMs, chief engineer, metallurgical, Bureau of Ships, Navy 
Department. 
For his efforts toward steady improvement of naval propulsion systems by 
the use of alloy steels. 
Wittram Park Woopsipe, chairman, board of directors, Park Chemical Co. 
For promoting the interchange of information about heat treatment and use 
of alloy steel during World War I. 
Witt1am H. Worritow, president, Lebanon Steel Foundry. 
For promoting the use of alloy steel castings throughout American industry. 
Trycve D. YENSEN, manager, magnetic department, Westinghouse Research 
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Address of the Evening 
Edgar Ansel Mowrer, writer and foreign correspondent, pre- 


sented the main address of the evening entitled “We and the 
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RETAINED AUSTENITE 
(1948 Edward DeMille Campbell Memorial Lecture) 


By Morris CoHEN 


INTRODUCTION 


N 1925, within two and one-half months after the death of Edward 
DeMille Campbell, this Society saw fit to memorialize his achieve- 
ments for all time by inaugurating a series of annual lectures, to be 
given each year at the National Metal Congress. It is a distinguished 
honor to be invited to participate in this series, and today I have the 
privilege of presenting the twenty-third Campbell Memorial Lecture. 
It was not my good fortune to know Professor Campbell, except 
through his many students and prolific writings. Even had I at- 
tended the University of Michigan, where he graced the faculty for 
thirty-five years, our paths could not have crossed in point of time 
because he died some four years before I was ready to enter college. 
There are literally two generations separating our metallurgical 
careers. 

On the other hand, I do know that the intervening years have 
not dimmed the impressive stature of this man, as an inspiring edu- 
cator, as a versatile investigator and, above all, as a lasting example 
of indomitable courage. For, if I may remind you, Professor Camp- 
bell was only twenty-eight years old when a laboratory experiment 
exploded in his face, and he lost the sight of both eyes. A. H. 
White (1)? relates that “Ten days later, . . . . (Professor Campbell) 
was back at his desk, a broad white bandage over his eyes, conduct- 
ing classes and supervising laboratory work.”’ From then on, in total 
darkness and with deafness descending upon him in later life, he 
energetically pursued his professional career, organizing new courses, 
directing research, training students, and publishing no less than 
seventy-seven papers in the metallurgical and chemical literature. 

It is clear from Professor Campbell’s writings that he was 
greatly interested in the constitution and heat treatment of steel. He 
was particularly concerned with the nature of hardened steel, and 


1The figures appearing in parentheses pertain to the references appended to this paper. 


This is the twenty-third Edward DeMille Campbell Memorial Lecture, 
presented by Dr. Morris Cohen, professor of physical metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass. The lecture was presented October 


27, 1948, during the Thirtieth Annual Convention of the Society, held in 
Philadelphia. 
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this leads me to the subject of today’s discussion, for I am going to 
speak about retained austenite: that elusive constituent in hardened 
steel which has aroused speculation and defied explanation for so 
many years. 

We are quite familiar with the fact that austenite, the high- 
temperature phase in steel, decomposes during cooling into such 
products as ferrite, carbide, pearlite, bainite or martensite (Fig. 1), 
depending on the cooling conditions and the composition of the steel. 
The characteristics of these products are of direct concern to us 






PARENT PHASE 


PEARLITE BAINITE MARTENSIT 


RETAINED AUSTENITE 


Fig. 1-—Schematic Representation of <Austenite and Its 
lransformation Products. 


because they control the properties of the steel as we use it. Further- 
more, because the austenite is largely consumed in giving birth to its 
progeny, we are naturally inclined to dote on the offspring and’ re- 
gard the parent solely as a means-to-an-end. However, we are now 
aware that the parent phase is peculiarly reluctant to sacrifice itself 
completely for its martensitic descendant. Thus, in the hardening of 
steel, part of the austenite frequently survives the quenching opera- 
tion that leads to martensite formation, and remains with the mar- 
tensite at room temperature to play a significant role, both during 
subsequent tempering and in later service. It can be said that re- 
tained austenite stands at the crossroads between hardening and tem- 
pering, and provides one of the main links connecting these two im- 
portant technological processes. 
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To treat the problem of retained austenite in a fundamental man- 
ner, we must consider such key questions as: What is the nature of 
this constituent? How does it originate? Why is it so persistent? 
What are the factors that govern its amount? What happens to it 
during aging at room temperature, during cooling below room tem- 
perature, and during tempering above room temperature? How does 
it respond to stress and strain? 

Merely from a listing of these searching questions, whether 
suitable answers are available or not at the moment, it becomes ob- 
vious that the complexities of retained austenite cannot possibly be 
unraveled unless the problem is approached on a broad front. Truly, 
the matter is one that calls for a comprehensive understanding of the 
phase transformations that underlie the practical heat treatment and 
industrial utilization of steel. I feel sure that Professor Campbell, 
were he with us today, would agree that such a subject is certainly 
worthy of our serious consideration. 

Can the foregoing questions be answered? I have been thinking 
about them for a long time, and now wish to bring some of this 
thinking up to date in the light of our most recent knowledge. Ad- 
mittedly, the answers will not prove completely satisfying, but per- 
haps I can at least excite your interest in some facet of the subject. 
Should this happen, you have my cordial invitation to join in the 
theorizing and researching for better answers. I can promise you a 
fascinating experience. 
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THE NATURE OF AUSTENITE 


Austenite is a solid solution of carbon and/or other solute atoms 
in face-centered cubic iron. It is definitely established that the car- 
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Fig. 2—Lattice Parameters (2, 3, 4) of Face-Centered Cubic Austenite and 
Body-Centered Tetragonal Martensite in Steel as a Function of Carbon Content. 
Axial ratio of tetragonal martensite extrapolates to ynity at zero carbon. Hard- 
ness (5) of quenched steel increases with the carbon content of the martensite, 


but goes through a maximum because of the increasing quantities of retained 
austenite. 


bon atoms occupy interstitial positions in the lattice. The atomic radius 
of carbon is about six-tenths that of iron (0.77 versus 1.27 A.U.) 
and, therefore, if carbon were to replace iron on points of the face- 
centered cubic lattice, a contraction of the lattice should result. Yet, 
as demonstrated in Fig. 2, the lattice parameter of austenite increases 
progressively with the carbon content. From this, we may infer that 
the carbon atoms make room for themselves in the interstitial pock- 
ets among the iron atoms, which are otherwise close-packed. 


Nea eM) <n. 
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Of the various possible interstitial sites in the face-centered 
cubic lattice, the centers of the unit cells and the equivalent positions 
at the midpoints of the cube edges can house the carbon atoms with 
the least amount of distortion, and Petch (6) has shown unequiv- 
ocally by X-ray intensity measurements that these are the actual 
locations of the carbon atoms in austenite. 

There are four of these interstitial sites per unit cell: the twelve 
cube-edge midpoints indicated in Fig. 3 are each shared by four 
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Fig. 3—Interstitial Carbon Sites in Face-Cen- 
tered Cubic Austenite (6) and Body-Centered Te- 
tragonal Martensite (7, 8). In 1% carbon steel, 
only about 4.7% of these positions are actually 
occupied. 


adjacent cells, thus averaging three per cell, and the pocket in the 
cube center makes four. There are also four iron atoms per unit cell, 
and thus we find one interstitial site per lattice point. This means 
that if all the interstitial pockets shown in Fig. 3 were occupied by 
carbon atoms, the structure would contain 50 atomic per cent or 17.7 
weight per cent carbon. Actually, the carbon content of austenite 
reaches a maximum at about 1.7 weight per cent, in which case only 
one interstitial site in twelve is occupied. In a 1% carbon steel, 
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just one in twenty-one of these positions is filled. There is no 
housing shortage for carbon in the austenite lattice! 

It should be emphasized in passing that the above interstitial 
arrangement of the carbon atoms prevails irrespective of the source 
of the carbon, that is, whether the austenite receives its carbon from 
cementite, graphite, or a carbon-rich liquid phase. We do not find 
accommodation in the lattice for specific molecules or crystallites of 
the coexisting phases. On the other hand, there is reason to believe 
(as I shall discuss later) that the carbon distribution in austenite 
is not absolutely random at thermodynamic equilibrium. Carbon- 
rich and carbon-poor groupings appear to exist which help minimize 
the free energy of the austenite. The expression for free energy is 


Free energy = (internal energy) + (pressute X volume) — 
(temperature X entropy ) Equation I 


and the pressure < volume term can be safely neglected in these 
solid-state considerations. We further note that on equilibrium cool- 
ing of the austenite, either an iron-rich phase (ferrite) or a carbon- 
rich phase (carbide*) precipitates, depending on composition. Even 
hefore such precipitation, however, there is presumably an associa- 
tion between the iron and carbon atoms in the austenite that tends to 
lower the interaction energy (and hence the internal energy) by 
forming statistical groupings of carbon-rich and carbon-poor concen- 
trations. At the same time, the departure from randomness causes 
the entropy to decrease, and this acts to raise the free-energy counter 
to the lowering effect of the internal energy term. The particular 
balance of internal energy and entropy which minimizes the free 
energy determines the distribution of concentrations characterizing 
the equilibrium state. 

It is evident from the explicit presence of temperature in Equa- 
tion I that the entropy term exerts more influence the higher the 
temperature, and the equilibrium distribution moves toward ran- 
domness and statistical uniformity as the temperature is raised. Coin- 
cidentally, the favored bonding arrangement is progressively broken 
up, and this has its repercussions in the austenite-martensite reac- 
tion, as we shall see. 

Hydrogen, nitrogen and probably boron dissolve interstitially 
in austenite. On the other hand, the atoms of the common alloying 
elements, such as manganese, nickel, chromium, vanadium, tungsten, 





pc eengiaee is a more stable form of carbon than the carbide, but is more difficult to 
nucleate. 
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Table | 


Comparative Diffusion Rates of Interstitial and Substitutional Elements in Austenite 
(0.6% Carbon-4% Nickel) 








Diffusing Heat of Frequency -—————— Diffusion Coefficient* (DD). 

Element Diffusion (Q) Factor (Do) At 1800 °F (1256 °K) At 68 °F (341 °K) 
Carbon (9) 32,000 cal/mol 0.11 cm?/sec 3 & 10-* cm?/sec 2 X 10-82 cm?/sec 
Nickel (10) 65,500 0.46 5 xX 10-11 2 X 10-48 


*D = Doe-@/8T = grams of element that will move in one second through a cross 


section of one square centimeter under the influence of a unit concentration gradient 
(one gm/cm?/cm). 





molybdenum, etc., are too large to fit comfortably in the interstitial 
pockets, and create less disturbance by substituting for iron atoms 
on the lattice points. It is generally recognized that interstitial ele- 
ments enjoy much greater atomic mobility in solid solution than do 
the substitutional elements. An illuminating comparison is given in 
Table I. At 1800°F, carbon diffuses sixty thousand times faster 
than nickel in austenite, while at room temperature, this ratio is in- 
creased to one hundred billion. 

There is much evidence in the literature to indicate that austenite 
is relatively soft and ductile, compared to the hard, brittle martensite. 
These characteristics are clearly shown by the familiar austenitic 
stainless and Hadfield’s manganese steels (11, 12). However, we 
are still justified in wondering whether the type of austenite retained 
in hardened steel enjoys similar properties. This question cannot be 
answered in a direct manner inasmuch as the predominating mar- 
tensitic phase makes it difficult to examine the mechanical behavior 
of the retained austenite. Nevertheless, we may acquire a preliminary 
insight into the problem by exploring high carbon, high chromium 
steels which can be rendered substantially austenitic if quenched from 
above 2000 °F. With the aid of refrigeration, various martensite- 
austenite ratios can then be obtained for testing, without changing the 
composition. 

Fig. 4, taken from the work of Mr. Kulin (13), presents the 
true stress—true strain curves (tested at room temperature) for 


Table Il 
Mechanical Properties of 1.5% Carbon-12% Chromium Steel 


Austenitized at 2050 °F and refrigerated as shown. (Tested at room temperature.) 


--% Martensite— % Martens- Ultimate % Stress 
Refrigeration Startof Endof ite Formed Strength, Elon- at 0.5% 
Temperature, °F Test Test in Test Psi gation Strain 
84 5 30.5 25.5 100,000 3.4 31,000 
45 18 36 18 123,000 3.1 68,000 
32 22 32 10 120,000 2.1 84,000 

22 37 41 4 137,000 1. 


4 104,000 
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specimens containing initially 5, 18, 22 and 37% martensite. The 
strength increases and the ductility decreases as the amount of mar- 
tensite increases (Table Il). The yield strength (taken as the stress 
at 0.5% strain) is particularly sensitive to the presence of martensite. 











Refrigeration | Martensite % |Martensite % Formed 
Temperature °F | At Start] At End) During Test 





84 25.5 
45 18 
32 10 
22 a 
140 
22°F 
120 32°F : 
45° 
100 
© 
° 
* 80 84°F 
a) 
a 
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w 
2 60 
~o 
40 


1.5%C,|I2%Cr Steel 
20 ] Austenitized at 2050°F 
Refrigerated at Temperatures Indicated, 
Tensile Tested at 84°F 


0 5 10 5 20 25 30 35 


Strain x 107> 
Fig. 4—True Stress— True Strain Characteristics of 1.5% 
Carbon —- 12% Chromium Steel, Austenitized at 2050 F, and Re- 
frigerated to Different Temperatures to Produce Different Amounts 
of Martensite (13). Tested at room tempertaure (84°F). Mark- 


ers on curves indicate where appreciable decomposition of aus- 
tenite sets in during the test. 


However, the amount of martensite does not stay constant during the 
tensile test, the extent of transformation becoming larger the less 
martensite that is present to begin with. Under such circumstances, 
we may certainly deduce that, if the austenite could withstand de- 
composition during the test, it would display higher ductility and 
lower hardness (yield strength) than the data indicate. 
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Thus, we see that the mechanical behavior of retained austenite 
depends not only on its intrinsic properties, but also on the extent to 
which it undergoes transformation in testing or in service. In addi- 
tion, the magnitude of such transformation depends upon the amount 
of martensite already present. Still another important variable is 
the composition of the austenite, because this controls its stability 
relative to martensite. But let us postpone consideration of these 


details until we have delved further into the nature of the austenite- 
martensite reaction. 


THE ORIGIN OF RETAINED AUSTENITE 
Kinetics of the Austenite-Martensite Reaction 


In the hardening of steel, the desired transformation product is 
martensite, and the cooling rate is made sufficiently rapid to prevent 
the austenite from decomposing into any of the other possible prod- 
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Fig. 5—Martensite Transformation Curves for 1.1% Car- 


bon — 2.8% Chromium Steel, After Austenitizing at 1550, 1700 


and 1900°F (15). Percentages are based on volume of the 
steel matrix. 


ucts. Fortunately, time is a major factor in the formation of these 
other products, and so they can be suppressed by fast cooling through 
the temperature ranges where they characteristically form. Thus, it 


is possible to supercool the austenite to the particular range where 
martensite is produced. 








_ 
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Lhe birth of martensite out of the parent phase is quite a dif- 
ferent event from that of the other progeny. The contrast is really 
startling when it is noted that cooling rates of the order of a few 
hundred degrees Fahrenheit per second are usually sufficient to avoid 
the pearlite and bainite transformations, but the martensite trans- 
formation cannot be suppressed with the fastest attainable cooling 
rates. The maximum cooling rate reported in the literature (14) 
(28,000 °F/sec) shows no evidence of being able to avoid this re- 
markable event or even to depress the temperature (M,) at which 
it starts. 

The quantitative course of the austenite-martensite reaction on 
cooling below M, is shown in Fig. 5 for a sample steel (1.1% car- 
hon—2.8% chromium) austenitized at three temperatures (15). 
Curves such as these are determined by the well-known metal- 
lographic technique of Greninger and Troiano (16), in which small 
specimens are quenched into liquid baths at various temperatures 
for a brief period, then reheated (to 630 °F in this case) to “darken” 
any martensite that may have formed during the quench, and finally 
cooled rapidly to room temperature. These specimens are examined 
metallographically, and a typical series of microstructures is shown 
in Fig. 6. 

On cooling to a bath temperature of 225 °F (Fig. 6a), we see 
that no martensite is produced because the reheating to 630 °F yields 
no dark martensite. The martensite appearing in Fig. 6a is of the 
light-etching variety, having formed on cooling from the “darkening”’ 


4_treatment. If the quenching-bath temperature is lowered to 194 °F 


(Fig. 6b), about 1% of martensite is produced, as evidenced by the 
darkened plates. The light-etching martensite that comes in after 
the “darkening” treatment is still apparent. With progressive lower- 


| ing of the quenching-bath temperature, we note that the quantity of 


dark martensite increases to 19% at 140°F, 35% at 104 °F, 53% 


at 50°F and 86% at —320°F. The light martensite has disap- 


peared in Fig. 6d and below. This signifies that after quenching to 
somewhere between 140 and 104°F, the subsequent heating at 
630 °F stabilizes all the available austenite against transformation 
during cooling to room temperature. We shall have more to say 
about this stabilizing process. For the moment, it is extraneous, 
because we are concerned only with the amount of dark martensite 
in the structure: this is what traces the course of the transformation 
during quenching. 


ew wnat 
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Figs. 6a and 6b—Photomicrographs of 1.1% Carbon-—2.8% Chromium 
Steel, Austenitized at 2000 °F for 30 Minutes, Quenched Into Liquid Baths at 


Designated ene epaee (Tq) for 10 Seconds, Reheated to 630°F for 10 
Seconds to “‘Darken” Martensite Formed, Then Quenched to Ambient of 77 °F. 
Etched with 4% nital containing 1% Zephiran chloride. x 750. Molinder (19a). 


Tq Dark Martensite Light Martensite 
(a) 225 °F 0% 49% 
(b) 194 °F 1% 46% 





45 





46 TRANSACTIONS OF THE A. S. M. Vol. 41 





Figs. 6c and 6d—Photomicrographs of 1.1% Carbon -—2.8% Chromium 
Steel, Austenitized at 2000 °F for 30 Minutes, Quenched Into Liquid Baths at 
Designated Temperatures (Tq) for 10 Seconds, Reheated to 630°F for 10 
Seconds to ‘‘Darken’’ Martensite Formed, Then Quenched to Ambient of 77° F. 
Etched with 4% nital containing 1% Zephiran chloride. K 750. Molinder (19a). 


Ta Dark Martensite Light Martensite 
(c) 140 °F 19% 21% 
(d) 104.°F 35% 0% 
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Figs. 6e and 6f—Photomicrographs of 1.1% Carbon—2.8% Chromium 
Steel, Austenitized at 2000 °F for 30 Minetes. Quenched Into Liquid Baths at 
Designated Temperatures (Tq) for 10 Seconds, Reheated to 630°F for 10 
Seconds to ‘“‘Darken’’ Martensite Formed, Then Quenched to Ambient of 77 °F. 
Etched with 4% nital containing 1% Zephiran chloride. « 750. Molinder (19a). 


Ta Dark Martensite Light Martensite 
(e) 59 °F 53% 0% 
(f) —320 °F 86% 0% 
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The individual martensite plates form with tremendous speed 
by a process of sudden shear occurring within a ten-thousandth of a 
second (17). More and more of these sudden shears take place 
during cooling and so the reaction proceeds primarily by the birth 
of new plates rather than by the growth of previous ones. A vivid 
) example of the discrete nature of these rapid internal movements is 
| afforded by the “clicks” that can be heard over a suitable acoustical 
\ pick-up. There is enough momentum or kinetic energy in each shear 
to send elastic impulses of audible frequency racing through the speci- 
men. It may be said with due seriousness that martensite formation 
is a noisy event! This has nothing to do with the fact that there is 
a large expansion (AV/V = 0.042 referred to room temperature) 
attending the austenite-martensite transformation. The martensite 
reaction in lithium (18) clicks energetically, and yet the volume 
change is less than one-tenth that of steel (AV/V = 0.003). And 
in the zirconium-martensite transformation (19), there is actually a 
contraction (AV/V = —0.002). 

Except for second-order effects to be discussed later, the austen- 
ite-martensite transformation ceases when the cooling is stopped. We 
can summarize this characteristic by saying that the reaction depends 
primarily on temperature rather than on time. In other words, the 
extent of the transformation is controlled by the temperature to which 
the steel is cooled; and because of the fantastic speed with which the 
martensite plates can propagate, the course of the transformation 
is able to pace the dropping temperature, even during the fastest 
quenching. 

The per cent of dark martensite in the structure is directly equal 
to the per cent of austenite transformed, and is measured by the 
method of lineal analysis (20). The percentages thus determined 
are on a volume basis. 

We are now in a position to return to the transformation curves 
in Fig. 5. Clearly, the martensite temperature range depends upon 
the austenitizing temperature. For each curve, M, can be defined 
in two ways. The more common procedure is to take M, as the tem- 
perature at which the first trace of martensite is detected, while the 
second is to extrapolate the transformation curve back to zero in a 
linear fashion. Both M, values are indicated in Fig. 5, and we shall 
refer to them as M,. and M,, respectively. The first is easier to 
determine, but suffers from the fact that the initial plates of mar- 
tensite may not form in truly representative areas. The second 
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method requires quantitative measurements, but has the advantage 
of providing a convenient zero-point for fitting equations to the 
transformation curves. With the latter procedure, it is found that 
| the three curves in Fig. 5, as well as a host of others, conform to 
| \ the following empirical equations: 


| 5.32 
\ Per cent martensite = 100 — 3.05 X 10° | 820 — (Ms, -T.) | Equation II 


5.32 
| Per cent austenite = 3.05 X 10“ [ 820 — (Ms, -T.) | Equation III 


) 5.32 
Per cent retained austenite =.3.05 X 10™ | 820 —(Ms,—68 °F )| Equation IV 


pam OPN Nr 


\ where T, is the quenching-bath temperature in degrees Fahrenheit, 
and thé percentage values are based on the matrix structure (not the 
total structure) when undissolved carbides are present. 

Equations II, III and IV hold satisfactorily for a wide variety 

, of steels containing 0.75 to 1.35% carbon (21), up to 2.8% chromium 

(15) and up to 5.4% nickel (21), austenitized at temperatures 

throughout the range of 1550 to 1900 °F. The relationships may well 

apply beyond these limits, but the extent has not been established 
as yet. It is known, however, that these equations do not hold for 

) high speed and high carbon, high chromium steels. This is imme- 

| diately evident from the fact that the transformation curves for the 

latter materials and plain carbon tool steel cross one another (Fig. 7). 
: A change of constants is required to fit the high alloy steel curves, 
and signifies that, while M, may be the primary factor governing the 
| amount of austenite retained at room temperature, composition does 
exert some influence in extreme cases over and above its effect 
through M,. Within the composition limits cited, despite the varia- 
tions in carbide solution and grain size produced by different austeni- 
tizing treatments, the course of the martensite transformation can be 

I ascertained once M,, is known, and the austenite remaining at any 

| temperature as well as at room temperature can be calculated. 

Grain size is a factor in the austenite-martensite reaction that is 
deserving of attention. Barnett and Troiano (25) have reported that 
in SAE 2340, 4140, and 0.40% carbon-—3% chromium steels, Mg, 
| is raised by 15, 50 and 49°F, respectively, when the grain size is 
: increased from ASTM No. 7-9 to 1-2.* In higher carbon steels, the 
| grain size effect is smaller, so that, as a practical matter, grain size 
is not an important variable in the retention of austenite. However, 

from a scientific ‘standpoint, we must keep in mind that martensite 


*This change corresponds to a factor of about 9 in average grain diameter. 


Et NS TT EE MT TE 


| 











50 TRANSACTIONS OF THE A. S. M. Vol. 41 


formation is favored by coarse grain size, and the corresponding 
tendency is for less retained austenite to result. This is to be con- 
__trasted with the pearlite reaction which is favored by fine grain size. 

Clearly, room temperature holds no particular charm for the 
austenite-martensite reaction. It is merely a convenient stopping 
point for the hardening quench in practice, and so we pay particular 
attention to it. Actually, however, as Figs. 5 and 7 show, the trans- 
formation curves extend smoothly to subzero temperatures. In all 
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Fig. 7—Martensite Transformation Above 
and Below Room Temperature in (a) 1.1% Car- 
born Steel (15, 22), (b) 18-4-1 High Speed Steel 
(23), and (c) High Carbon, High Chromium 
Steel (24) Austenitized at 1550, 2350 and 1800 °F 
Respectively. 


the cases that we have investigated carefully so far, the subzero 
transformation is essentially self-stopping ; that is, it peters out (even 
during continuous and rapid cooling) short of completion by amounts 
that are well beyond the experimental error of the X-ray (26) and 
dilatometric methods (22) that have been brought to bear on the 
problem. According to these techniques, plain carbon and low alloy 
steels (0.70 to 1.25% carbon) cease transforming at about —250 °F 
with 0.5 to 5% austenite still available. High speed and high carbon, 
high chromium steels stop transforming at about —150 °F with 8 to 
15% austenite remaining. 

If hardened steel is aged at room temperature prior to subcool- 
ing, the retained austenite becomes stabilized against subzero trans- 
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‘formation. The characteristics of this process are shown in Fig. 8. 


| 


| 





In the first place, some isothermal decomposition of the retained 
austenite occurs during the stay at room temperature. This causes 
the small vertical line at 68 °F. The course of the subsequent cooling 
transformation is shown after 1, 10 and 50 hours at room tempera- 
ture, in comparison with the normal transformation for continuous 
cooling through room temperature. It is evident that, as a result of 
the stabilizing process, there is a temperature interval in each case 
down to the point labeled M,’ during which no detectable transforma- 
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Fig. 8—Retained Austenite Transformation in 1.1% 

Carbon Steel, Austenitized at 1450°F, on Continuous 

Cooling Through Room Temperature and After Aging 

1, 10 and 50 Hours at Room Temperature. 6 values 


indicate degree of stabilization caused by aging at room 
temperature. 


tion occurs. Below M,’, the austenite-martensite reaction sets in, and 
follows rather parallel to the master curve, but displaced from it by 
approximately the amount of transformation (8) that would occur 
between room teinperature and M,’ if the stabilization had not taken 
place. The stabilized curves flatten out at the same temperature as 
does the unstabilized curve, and this indicates that stabilization does 
not displace the transformation to lower temperatures. Rather, there 
is almost a quantitative displacement in the vertical direction, just 
as though the percentage of austenite (8) that does not transform 
on cooling to M,’ remains lost to the transformation even on cooling 
to temperatures well below M,’. 8 then becomes a quantitative meas- 
ure of the extent of stabilization. It should be emphasized that the 
amount of isothermal transformation that takes place at room tem- 
perature is much too small to account for the stabilizing phenomenon. 
Fig. 8 shows that 8 increases, or M,’ is depressed, the longer 
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the holding time at room temperature. If the hardened steel is aged 
at elevated temperatures, instead of at room temperature, prior to 
refrigeration, the stabilization is even more marked and occurs more 
rapidly. The temperature-dependence of the rate of stabilization may 
be expressed as a heat of activation of 22,000 cal/mol for high carbon, 
low alloy steels (27, 28). 
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Fig. 9—Austenite Decomposition Diagram (21) for 0.75% Carbon Steel, 
Austenitized at 1750°F. Horizontal lines represent martensite formation on 


cooling, curved lines show bainite formation on isothermal holding. Dashed line 
indicates beginning of isothermal transformation below Ms. 


Kinetics of the Austenite-Bainite Reaction Below M, 


When the cooling of steel is interrupted at some temperature 
below M,, the austenite remaining from the martensite transforma- 
tion becomes available for isothermal decomposition into bainite. 
Fig. 9 illustrates the blending of the bainite and martensite reactions 
in a 0.75% carbon steel (21). 

Above M,, the time for bainite formation increases with decreas- 
ing temperature in accordance with the well-known C-curve behavior. 
Below M,, the bainite curves are intercepted by a family of horizontal 
lines representing the insuppressible martensite transformation. The 
martensite lines remain horizontal in point of time until the iso- 
thermal decomposition of the remaining austenite commences, and 
then bend upward to meet the corresponding bainite lines extending 
down from higher temperatures. The dashed line in Fig. 9 denotes 
the locus of times at which bainite begins to appear on holding below 
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, M,. The shape of this line signifies that the bainite reaction is accel- 
erated by the coexisting martensite, but this stimulating effect fades 
out at longer times and at lower temperatures, where the bainite 
curves tend to resume their original shape, as projected down from 
above M,. At temperatures near the ambient, the austenite surviv- 
ing the martensite transformation is so sluggish with respect to bain- 
ite formation that the latter does not form in any detectable amount 
for thousands of hours. At these low temperatures, retained austenite 
is remarkably persistent. 


en 


EXPLANATION OF THE RETENTION OF AUSTENITE 
Discarded Attempts 


We are relatively unimpressed by the fact that retained austenite 
does not transform appreciably into bainite at room temperature. The 
bainite reaction, as in the case of pearlite, is typically time-dependent, 
and it is natural to expect a vanishingly small reaction rate at suffi- 
ciently low temperatures. This is exactly what Fig. 9 indicates. On 
the other hand, it is quite surprising that the austenite resists trans- 
formation into martensite on isothermal holding, when one remem- 
bers that martensite plates are able to form in a flash, even at subzero 
temperatures, while the cooling is underway. We must seek the key 

)to this striking phenomenon, for it holds the explanation of the reten- 
/ tion of austenite. Surely, if martensite could form isothermally with 

the same proficiency that it does while the temperature is dropping, 
there would be no retained austenite in hardened steel. 

It is conceivable that, if the martensite were to have a slightly 
different composition from that of the parent austenite, the resulting 
change in composition of the remaining austenite might increase its 
stability relative to the martensite at a given temperature, and thus 
necessitate further cooling to keep the reaction going. This situation 
would be analogous to cooling an alloy through a two-phase field in 
which the phase compositions change with temperature, thus deter- 
mining the relative amounts of the two phases that may coexist. If 
this hypothetical alloy were endowed with the faculty of quickly at- 
taining equilibrium at any temperature, obviously the transformation 
of one phase into the other could not proceed unless the temperature 
were lowered. But such a process involving partition of concentra- 
tions would require that diffusion play a controlling role in the 
austenite-martensite reaction, and there is convincing evidence that 
this is not the case. 
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In the first place, the fact that martensite plates propagate with 


| great speed, even at low temperatures where diffusion rates are ex- 


tremely small, leads us to the important conclusion that martensite 
formation does not have to wait for diffusion, as do the familiar 
nucleation and growth reactions. Furthermore, lattice parameter 


“measurements (which are sensitive functions of dissolved carbon in 


austenite and martensite, as shown by Fig. 2) invariably indicate 
that martensite and retained austenite in the same specimen have 
exactly the same carbon content, unless parasitic tempering reactions 
are allowed to occur. Knowing that interstitial carbon is able to 
diffuse ever so much more rapidly than substitutional elements 
(Table 1), we are justified in assuming that if the carbon does not 
concentrate in one phase or the other, the alloying elements certainly 
do not either.* 

In fact, there is good reason to believe that the carbon atoms 
do not even move out of their interstitial sites during the shear 
mechanism that generates the body-centered tetragonal martensite 


/ lattice. According to Fig. 2, the degree of tetragonality is a direct 





function of the carbon content. At_zero carbon, the axial ratio be- 
comes tnity, and the body-centered tetragonal lattice degenerates to 
the body-centered cubic lattice of ferrite. The interstitial sites of the 
body-centered cubic lattice (Fig. 3) lie at the centers of the cube 
faces and at the midpoints of the cube edges. There are six of these 
sites per unit cell (six face positions shared by two cells each, and 
twelve edge positions shared by four cells each). The body-centered 
cubic lattice also contains two iron atoms per unit cell, or three 
interstitial pockets per lattice point. This is three times as: many 
as there are in the face-centered cubic austenite. 

It is obvious that if the interstitial sites in the body-centered 
cubic lattice were occupied at random by carbon atoms, the resulting 
lattice would be expanded, but would remain cubic, as in the case of 
austenite. The tetragonal structure of martensite can be accounted 
for if the carbon atoms are confined to one-third of the possible 
pockets (Fig. 3). This arrangement stretches the cell in the 
Z-direction and leads to tetragonality (7, 8). Now Greninger and 
Troiano (30) have found that, among other crystallographic com- 
parisons, the (020) plane of the austenite becomes the (110) 
plane of the martensite. Lyman (31) points out that all the carbon 
atoms in the austenite lie on (020) planes, and hence if the carbon 


*Moreover, the martensite transformations that occur in relatively pure lithium (18), 
cobalt (29) and zirconium (19) are. presumably not controlled by concentration differences. 
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atoms actually maintain their original positions relative to the iron 
atoms during the transformation, they should find themselves exclu- 


__sively on the (110) planes in the martensite. This, in turn, is 


found to produce exactly the preferential arrangement of carbon 
atoms required for stretching the body-centered cubic lattice of fer- 
rite into the body-centered tetragonal lattice of martensite. There- 


\ fore, we may suspect that during the martensite reaction, the car- 


bon atoms do not even escape into alternate interstices (to any ap- 
preciable degree), let alone diffuse sufficiently to cause a concentra- 
tion difference between the austenite and martensite. 

The prevailing “stress-theory” of martensite formation must 
also be discarded. According to this picture, the large volume ex- 
pansion attending the austenite-martensite reaction exerts a con- 
straining pressure on the remaining austenite and hence curtails its 
ability to undergo further transformation. Any factor that relieves 
this opposing pressure, or facilitates expansion, favors the continua- 
tion of the transformation. The thermal coefficient of contraction of 
austenite is large compared to that of martensite, and it has been 
proposed that (during cooling) the contraction of the austenite rela- 
tive to the martensite enables the transformation to continue without 
necessitating much expansion of the over-all specimen. Undoubtedly, 
these stress effects do operate to some extent during the austenite- 
martensite reaction, for they are in accord with the LeChatelier prin- 
ciple, which states that if a condition of equilibrium in a system is 
changed (pressure, temperature, etc.), the equilibrium shifts in the 
direction which tends to undo the effect of the imposed change. How- 
ever, we now have sufficient data to prove conclusively that these 
stress effects neither control nor explain the salient features of the 
austenite-martensite reaction. 

It is convenient to differentiate between macrostresses and 
microstresses in this argument. Microstresses are those that exist 
on a localized scale between martensite plates and their immediate 
environment, and arise from the volume change of the transforma- 
tion. Macrostresses are those that exist on a long-range scale be- 
tween different parts of a specimen, and arise from both the phase 
change and the thermal gradients set up during the quenching. We 
can deal the macrostress factor a fatal blow by noting that specimens 
may be quenched into brine directly from the austenitizing tempera- 
ture, as well as from just above Mg, and the amount of retained 
austenite is identical in the two cases. Yet the thermal gradients 
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and macrostress conditions are obviously quite different. Also, 
Troiano (32) has observed that the retained austenite contents along 
the length of a Jominy bar are the same as found in small specimens 
cooled at corresponding rates. Here again the macrostress condi- 
tions are quite different. Finally, as Carpenter (33) and Robertson 
(34) point out, hardened steel usually contains a gradient of stress 
ranging from compression in the core to tension at the surface, but 
no resultant gradient of retained austenite exists. In fact, steels 
that are largely austenitic in the as-quenched state have the opposite 
stress gradient: tension in the core and compression at the surface. 
Hence, contrary to the theory, we find high contents of retained 
austenite even in the presence of tensile stresses. 

And what about the microstress factor? This explanation also 
crumbles in the light of the lithium (18) and zirconium (19) mar- 
tensite reactions which produce virtually no change in volume. 
Furthermore, the argument that the differential thermal contraction 
of the austenite with respect to the martensite allows the transforma- 
tion to proceed without causing much expansion is fallacious, because 
quenching dilatometer experiments disclose very large over-all ex- 
pansions during the transformation (35). In other words, martens- 
ite is quite able to form despite such opposing back pressure that may 
exist in steel. It is a delusion, then, to rely upon this factor for 
inhibiting the transformation during isothermal holding. 

It may be added that according to Laszlo (36) the back pres- 
sure, which theoretically hinders the reaction, increases to a maxi- 
mum at about 50% transformation and then diminishes as the ma- 
terial becomes more homogeneous. Hence, if microstresses due to 
volume changes were controlling the reaction, martensite formation 
should speed up beyond 50% transformation. Actually, the reverse 
is true; the transformation curves exhibit a marked retardation of 
the reaction per degree of dropping temperature during the latter 
stages of the reaction. 

And finally, the back-pressure theories cannot explain the fact 
that the M, temperature lies several hundred degrees Fahrenheit 
below the critical range. It turns out that the amount of strain energy 
associated with the volume change of the transformation is only 
about 15 cal/mol (36), and this could account for a lowering of the 
equilibrium temperature of hardly more than 20 °F. 


a 
———— 
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Theory of the Austenite-Martensite Reaction 


It should now be evident that we shall not understand the re- 
tention of austenite without coming to grips with the fundamentals 
of the martensite reaction. The one cannot be grasped without the 
other, for both are part and parcel of the same problem. Having 
already rejected some of the existing notions about this transforma- 
tion, let us see whether we can do something more constructive. 

Bearing in mind that the austenite-martensite transformation 
involves a shear mechanism that does not have to wait for diffusion, 
we may postulate that two conditions must be fulfilled in order for 
the reaction to occur : 

(a) The thermodynamic factors must be such that an over-all 
decrease in free energy attends the martensite formation; otherwise 
the transformation cannot proceed spontaneously. 

(b) Activated regions must exist in the austenite where the 


| formation of martensite plates can start. 


Stated another way, we are going to assume that the shears, 
which generate the martensitic phase, propagate from nuclei in the 
austenite, but that the nuclei do not become active unless the driving 
force for the transformation is powerful enough to overcome all the 
obstacles that tend to resist the shearing process. 

Although a .given martensite plate may be born within a ten- 
thousandth of a second, we find difficulty in visualizing it as forming 
all at once. The major dimension of the largest plate is of the order 
of the austenite grain diameter, and this means that literally trillions 
of atoms would have to decide to move in the same direction at the 
same time (Fig. 10A). If we had to wait for such an improbable 
circumstance, martensite formation would be a very rare event indeed. 

As illustrated in Fig. 10, it is much more likely that the shear 
originates at a nucleus and travels quickly across the austenite grain 
\to generate the martensite plate. Two modes of nucleation should 
be considered. In Fig. 10B, the nucleus is portrayed as an incipient 
particle of martensite which grows rapidly at the expense of the 
austenite. Under such circumstances, we should have no hesitation 
in classing the martensite reaction.as_a process of nucleation and 


_growth. However, there is a subtle difficulty with this picture. Grain 


| boundaries (and also slip bands) are known to act as barriers to the 
‘martensite shear even though the nucleation may occur there. A 
small austenitic grain size actually makes it more difficult for mat- 
tensite to form, and this is why the start of the transformation has to 
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wait for lower temperatures (M, is depressed) in the presence of 
such obstruction. The incipient martensite particle appears to sense 
in advance the barrier conditions that lie in its potential path ahead, 
and these conditions enter into the decision as to whether the shear 
will materialize or not at a given temperature. Obviously, the nuclea- 
tion and growth process in Fig. 10B is not endowed with such 
anticipatory powers. 
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Fig. 10—Schematic Representation of 
Martensite Formation by (A) Uniform 
Shear, (B) Nucleation and Growth, and 
(C) Nucleation and Shear. 


This dilemma disappears in the nucleation and shear process 
depicted in Fig. 10C. Here, the nucleus, in attempting to shear into 
martensite, transmits a force (or displacement) that travels ahead 
through the austenite with the speed of a sound wave. The interac- 
tion of this force with any obstacle, even far removed, is transmitted 
back to the nucleus, again at the velocity of sound; and in this way, 
the nucleus receives a signal as to the nature of the road ahead. If 
the conditions are favorable, that is, if the driving force of the reac- 
\ tion is large enough to overcome the existing barriers, the shear 
| propagates in wave fashion, and a plate of martensite is born. If 
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| the driving force is inadequate, the shear does not progress and the 
| potential nucleus remains inactive, until at some lower temperature 
the driving force becomes sufficiently large. 

The criterion of driving force that we shall use here is F4 — F™, 
the excess in chemical free energy per mol of austenite over that of 
martensite of the same composition. Mr. Paranjpe (37) has calcu- 
lated this driving force numerically as a function of carbon content 
and temperature, extrapolating the carbon activity data of Smith (38) 
and applying a few assumptions which need not be discussed here. 
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Fig 11—Effect of Tomputeiars and Carbon Con- 
tent on Driving Force (FA — FM) of Austenite-Mar- 
tensite Transformation. Driving force is positive below 
temperature Ta, but reaction occurs only below ae 
(43). “FA — FM increases at rate of 1.3 cal/mot/°C 
with dropping temperature in 0.85% carbon alloy (37). 


Fig. 11 shows the effect of carbon content and temperature on the 
relative stability of austenite and martensite. Below T,, F4 — F™ 
becomes positive and there is a finite driving force favoring the trans- 
formation of austenite into martensite. This is essentially the type of 
diagram first conceived by Johansson (39), and more rigorously ex- 
tended by Zener (40). 

The austenite-martensite transformation does not start just be- 
low T,, where the driving force first becomes positive, because of the 
barrier conditions just alluded to. First, as we have previously 
noted, a small amount of strain energy (AF,) is produced by the 
attendant volume change, and this—about 15 cal/mol (36)—must 
be supplied by the difference in chemical free energies F4 — F™, 
Secondly, new interfaces are evolved, and these require energy. If 
coherency exists between the austenite and martensite, the inter- 
facial energy is in the form of elastic strain; if true surfaces exist, 
then there is surface energy. For the present purposes it is not 
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necessary to distinguish between these two forms of interfacial 
energy; they can be lumped into a single term (AF,), the increase 
in interfacial energy per mol of martensite produced. The subscript 
r represents a specific size of martensite plate. As r becomes smaller, 
the amount of interfacial area per mol of martensite increases and 
so does AF,. 
Thirdly, the martensite shear does not take place reversibly. 
We know this from the fact that the movement has sufficient 
, momentum to make the transformation noisy. The associated kinetic 
energy (K.E.*) is dissipated into heat, and this energy must also 
'come from the difference in chemical free energies FA — F™. Thus, 
(our first condition for the martensite transformation can now be 
written : 
F4 — F¥ S 4F, + AF, + K.E. Equation V 
We can obtain an idea of the magnitude of some of these 
quantities from the following: At a concentration of 0.85% carbon, 
Ta (where F4 — F“™=0) is 485°C (905 °F), but M, (where the 
transformation actually starts) is 240°C (465°F). The quantity 
FA — F™ increases at the rate of 1.3 cal/mol per °C of dropping 
temperature (37), and hence is 320 cal/mol at M,. Thus 


At Ms: 320 cal/mol:S AF, + 4F,, + K.E. Equation VI 
AF, ~ 15 cal/mol 
or 305 cal/molS AF;, + K.E. Equation VII 


\ where r, indicates the size of the first martensite plates. While we 

are not able to calculate AF,, and K.E. separately, it is interesting 

, to note that the AF, term is only about 5% of F4 — F™, and hence 

' is not an important factor in controlling M,. We shall, therefore, 
drop it from further discussion. 

The course of the martensite reaction can now be presented in 
terms of these concepts. In Fig. 12, the chemical free-energy curves 
for martensite and austenite of a given composition are shown 
schematically as a function of temperature. The AF, and K.E. 
relationships are also indicated, the latter being taken as constant 
throughout the course of the reaction. AF, has the initial value 
AF,., which is larger the smaller the austenitic grain size. The 
‘temperature at which the driving force F4—F™ becomes large 
as to exceed AF, -+-K.E. determines the M, temperature. 
However, in the presence of a general amount of martensite (P), 
\ the remaining austenite is blocked off into small volumes by the 


*This term may also be consideref to contain all other irreversible factors. 
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| existing martensite, and so the effective size of the new plates to 
form must be smaller than r,;. This, in turn, means that AF, is 
larger than AF,., and the reaction does not proceed until the 
temperature is lowered to the point where F4— F™ exceeds the 
greater barrier condition. When this happens, AF, becomes still 
larger, and throttles the reaction unless F“ — F™ is increased again 
by further cooling.* Physically, the barrier is not “broken down” 
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Fig. 12—Relationships Between Chemical Free 
Energies (FA and FM) and Nonchemical Energy 
Requirements (AFr and K.E.) of the Austenite- 
Martensite Reaction. 


by the driving force, but compels the new martensite to form in 
smaller and smaller units, necessitating larger and larger values of 
F4 — F™ for the continuance of the transformation. 

In these thermodynamical considerations, we have presupposed 
that nuclei are available in sufficient numbers to allow the over-all 
free-energy conditions to govern the start and course of the mar- 
tensite transformation. Where do such nuclei come from? Obviously 


*This. thermodynamic picture is equally applicable to the martensite transformations of 
nonferrous systems (41) and readily accounts for the reverse transformation that is fre- 
quently observed on heating. In the case of steel, the reverse transformation does not take 
place because the martensite decomposes via tempering reactions. 
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they do not originate during the quenching process because, then, 
M, would be generally sensitive to the cooling rate. Fisher, Hollo- 
mon and Turnbull (42) have recently offered the ingenious sug- 
gestion that potential nuclei (called embryos) actually exist in the 
parent phase at the austenitizing temperature, are frozen in during 
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Fig. 13—Equilibrium or 
Steady-State Distribution of Em- 
bryos at Three Temperatures: 
T,; and T, in Martensite Range, 
Ts Above Critical Ranve (T; < 
Ts < Ts). (A) Free energy of 
embryo formation as a function 
of number of atoms (j) in em- 
bryo. (B) Number of embryos 
(nj) as a function of j. Shaded 
areas indicate number of embryos 
existing at Ts; that become po- 
tential nuclei at T, and at Ty). 
a Hollomon and Turnbull 
42). 


the quench, and are thus on hand for duty when the martensite 
range is reached. The increase in free energy accompanying the 
formation of an embryo containing a given number of atoms (j) is 
sketched hypothetically in Fig. 13A for one temperature (T,) at 
which austenite is stable, and for two temperatures (T, and T,) 


below M,. At the latter temperatures, the curves pass through 
maxima, and hence embryos,exceeding the critical size (j.) are able 
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to grow spontaneously into a second phase. Such embryos are 
called nuclei, and it will be noted that the critical size decreases with 
decreasing temperature. At T,, the free-energy curve increases 
without limit, and hence none of the embryos can become nuclei 
of a second phase at this temperature. 

At each temperature, whether austenite is the stable phase or 
not,. there tends to be an equilibrium or steady-state distribution of 
embryos in the austenite. The number of embryos of any given 


size (j) varies approximately with AF; and the temperature as 
follows : 


. —AF;/kT 


a Equation VIII 


This relationship is plotted in Fig. 13B, with the AF;/kT values 
taken from Fig. 13A. It is evident that at T, there are many 
embryos which exceed j-, in size and which, therefore, become 
potential nuclei if the austenite is cooled rapidly from T, to To. 
At T,, since je, < jJe,, even more of the high-temperature embryos 
would be promoted to the status of potential nuclei. 

The embryos may be related to the statistical groupings of iron 
and carbon atoms mentioned earlier, although they may also be 
looked upon as transient structural units, or even momentary energy 
concentrations. In any case, they are small regions that exist in 
the stable austenite at high temperatures and are endowed with the 
ability of activating martensitic shears when the temperature is 
lowered sufficiently to fulfill two separate conditions: (a) the driving 
force must be large enough to satisfy Equation V, and (b) some of 
the original embryos must exceed the critical nucleus size at the 
lower temperature. The fulfillment of condition (b) alone leads to 
potential nuclei, which cannot propagate into martensite until con- 
dition (a) is satisfied. 

It is highly improbable that both of these conditions will become 
satisfied simultaneously at the same temperature during cooling. 
Therefore, in general, the first condition to be fulfilled only “cocks” 
or sets the stage for the transformation, while the second condition 
to be fulfilled “triggers” or controls the reaction. Is it possible to 
ascertain which is the second or controlling condition? The answer 
is: yes, by means of critical studies of the stabilization process, 
previously discussed in connection with subzero transformations. 
Suppose the hardening quench is interrupted at some temperature 
T, below M, for an appreciable length of time, but not long enough 
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to form bainite. At T,, there will be a tendency for the austenite 
to lose embryos (not already consumed by the existing martensite) 
as the distribution shifts from that of T, to that characteristic of T, 
(note arrows in Fig. 13B). Such a shrinkage of embryos involves 
diffusion, and its rate would be expected to depend upon temperature 
and time. Now if the available number of potential nuclei is quite 
limited, stabilization should be observed because the loss of potential 
nuclei during the holding treatment will inhibit the continuance of 
the transformation on further cooling, despite the increased driving 
force, until a temperature is reached where the critical size is small 
enough to promote the largest of the remaining embryos to the 
status of nuclei. Then the transformation can proceed. On the 
other hand, suppose that at the holding temperature the potential 
nuclei are plentiful. Then, the loss of some will not materially 
affect the course of the subsequent transformation when the cooling 
is resumed and no stabilization should be observed. We would 
conclude in this case that the transformation is controlled primarily 
by the over-all free-energy change because potential nuclei are 
available in ample supply. 

Let us now consider the phenomenon of stabilization in this 
new light. 


Stabilization of the Austenite-Martensite Reaction 


Fig. 14 shows the effect of arresting the hardening quench of a 
1.1% carbon-—1.5% chromium steel for 30 minutes at various tem- 
peratures within the martensite range before cooling to the ambient 
(15). If, for example, the hardening quench is stopped at 130 °F, 
the steel contains 51% martensite on reaching this temperature. 
After the hold of 30 minutes, the cooling transformation is completely 
inhibited down to about 115 °F, where it sets in and follows parallel 
to the normal transformation curve. During the cooling between 
130 °F (T, = the holding temperature) and 115 °F (M,’), approxi- 
mately 6% of austenite would have transformed into martensite, 
were it not for the stabilizing effect at T,, and 6% remains lost to 
the transformation in view of the fact that the stabilized curve is 
displaced vertically from the unstabilized curve by just this amount. 

The conclusion that we may reach in the light of the foregoing 
results is that enough potential nuclei disappear during the holding 
treatment at T, to interfere with the progress of the subsequent 
cooling transformation. Thus, the transformation must wait until 
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the temperature is lowered to the level where the critical nucleus 
size becomes commensurate with that of the largest remaining 
embryos. As an alternative explanation, it might be argued that 
the same process which permits the shrinkage of embryos during 
the holding period may also lessen the driving force F4 — F™, and 
that the austenite becomes somewhat more stable (in a thermo- 
dynamic sense) with respect to martensite. However, whether this 
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Fig. 14—Martensite Transformation in 1.1% 
Carbon -1.5% Chromium Steel, Austenitized at 
1900 °¥, During Continuous Cooling and After 


Holding % Hour at Tn = 150, 130, 110 and 70 °F 
(15). 


effect occurs or not, it does not exert a controlling influence on the 
reaction because then the stabilized curve would be displaced horizon- 
tally to lower temperatures. Actually, the displacement is in the 
vertical direction, as previously emphasized. 

It appears from Fig. 14 that the extent of stabilization occur- 
ring in 30 minutes increases as the holding temperature is decreased. 
At first glance, this seems like a contradiction of an earlier state- 
ment (page 52) to the effect that stabilization takes place faster the 
higher the temperature. The latter represents the true temperature- 
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dependence of stabilization where the amount of coexisting martensite 
is constant. However, stabilization is greatly affected by the presence 
of martensite; the more martensite, the more readily stabilization 
occurs. This factor predominates in Fig. 14 and explains the 
anomalous increase of stabilization with decreasing temperature. 

There is a temperature, which we shall call o,, above which no 
measurable stabilization is caused by a 30-minute hold. The locus 
of M,’ temperatures extrapolates to o,, and the temperature interval 
T, — M,’ becomes zero at os. In line with our working theory, we 
may conclude that, above o;, the number of potential nuclei is so 
large that the loss of some still leaves enough for activating the 
transformation as soon as the cooling is resumed. This poses the 
interesting question: why should the number of potential nuclei be 
so plentiful above o, and become increasingly limited below o;? 
There is a very simple answer. The mere continuance of the 
martensite reaction during cooling consumes nuclei, by starting at 
some and sweeping out others. Thus, the availability of potential 
nuclei becomes more and more critical as the transformation proceeds. 

It is now evident that the amount of austenite retained at room 
temperature depends not only on M,, but also on the degree of 
stabilization that occurs during the cooling (always presupposing, 
of course, that pearlite, bainite and other nonmartensitic products 
are suppressed). Hence, Equations II to IV apply only in the 
absence of stabilizing effects. Inasmuch as the stabilization process 
is both time and temperature-dependent, it may have a chance to 
set in during retarded cooling, thereby retaining more austenite at 
the ambient than on rapid cooling. This explains the fact, long 
known in practical heat treatment, that oil quenching of tool steels 
frequently leads to more retained austenite than water quenching. 
We shall see that martempering, which involves air cooling through 
the martensite range, results in still more retained austenite. 

Can we be sure that the increment of excess austenite retained 
by slower cooling is caused by the stabilization process, rather than 
by a variation in quenching stress? Let us compare the effect of 
quenching medium on two steels: 1.1% carbon—1.5% chromium 
and 1.1% carbon — 5.4% nickel. As shown in Table III (15), when 
these steels are hot-quenched to 450°F (above M, in both cases) 
and then cooled in brine, oil and air, the slower cooling rates 
definitely increase the retained austenite in the chromium steel 
(o, == 176°F), but not inthe nickel steel which is insensitive to 
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stabilization above room temperature (o,—==77°F). Clearly, the 
variation in cooling rate is operative only insofar as it affects the 
stabilizing process. 








Table Ill 
Effect of Quenching Medium on Retained Austenite at 77 °F (15). 
Austenitizing temperature = 1900 °F. Hot-quenched to 450°F, and then cooled to 77 °F 
as shown. 
Per Cent 
Per Cent Austenite Austenite Stabilized 
Steel Ms,°F os°F Brine Oil Air Oil-Brine Air-Brine 
1.1% C-—1.5% Cr 240 176 31 33 40 2 9 
1.1% C-—5.4% Ni 155 


77 66 66 66 0 0 











When the austenite is highly alloyed, the tendency toward 
stabilization becomes so marked that it can occur even in the absence 
of martensite. In such cases, o, lies above M,. For example, in 
certain high carbon, high chromium steels, stabilization sets in if 
the cooling rate in approaching M, is retarded ever so slightly, and 
extremely rapid cooling must be invoked in order to prevent the M, 
temperature from being depressed by the encroaching stabilization 
(44). These findings suggest that potential nuclei are in short supply 
in high alloy austenites, and that if some are lost by slow cooling, 
even in the absence of martensite, the transformation is inhibited. 
High speed steel occupies an intermediate position in that o, lies 
very slightly below M, (45). Here, the supply of potential nuclei 
is adequate to make M, insensitive to cooling rate, but the formation 
of several per cent martensite wipes out enough of these nuclei so 
f that stabilization effects can then be observed. As we have seen, 
with lower alloy steels appreciably more martensite must form before 
the nucleus supply becomes the limiting factor. 

It should be mentioned that, even below os, stabilization in 
ordinary hardening can be avoided by rapid cooling because of its 
time-dependent nature. However, the theory predicts that, toward 
the latter stages of transformation, the stabilization should become 
insuppressible because of the loss of nuclei, not by time-dependent 
shrinkage, but by consumption in the transformation. At subzero 
temperatures, the critical nucleus size does not decrease rapidly with 
decreasing temperature, and the reaction can proceed during cooling 
only as fast as existing embryos become advanced to the status 
of nuclei by the dropping temperature. This explains why the 
reaction becomes essentially self-stopping at subzero temperatures. 
It also accounts for the fact that the reaction in low alloy steel 
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ceases at lower temperatures with less austenite remaining than 
in the case of high alloy steels, for we have seen that the latter 
behave as though their supply of available nuclei is more limited. 

One might also venture the guess on these grounds that the self- 
stopping should not become absolutely complete, even at the lowest 
subzero temperatures previously mentioned, because at least a few 
more nuclei should become available at still lower temperatures. 
Some preliminary runs were recently made down to liquid helium 
temperatures (—452°F =4°K) by Mr. Lement (46) using a 
precision-length technique (47) for measuring the extent of trans- 
formation. Until these experiments, the lowest temperature 
reached in this type of work was that of liquid nitrogen (—321 °F 
=77°K). In a low alloy tool steel, about one-third of the 2% 
austenite available at —321 °F was found to transform on cooling 
to —452 °F; while in high speed steel, the corresponding figures 
were one-fifth of the available 8%. 


QUANTITIES OF RETAINED AUSTENITE 
Effect of Chemistry 


Retained austenite contents at room temperature range all the 
way from 100% in the austenitic steels down to nil in the plain 
low carbon steels. Stainless steel of the 18% chromium — 8% nickel 
type and Hadfield’s steel containing 1.2% carbon — 12.5% manganese 
are the classical examples of commercial austenites having their M, 
below room temperature. Going down the line in retained austenite 
contents, we find 25 to 35% austenite in commercially hardened 
1% carbon-—5% chromium die steel, 15 to 30% austenite in the 
1.5% carbon—12% chromium die steels, 15 to 25% austenite in 
high speed steels, and 3 to 15% in low alloy tool steels. Commer- 
cially hardened plain carbon tool steels retain about 5 to 10% austen- 
ite. The above values are subject to considerable variation because 
of the influence of austenitizing conditions and cooling rate effects. 

As shown in Fig. 15, the quantity of retained austenite is mark- 
edly dependent upon the dissolved carbon content. It is surprising 
to observe than even in 0.2% carbon steel (brine-quenched from 
above A,), we find up to 2% retained austenite. The extrapolation 
of the band in Fig. 15 suggests that traces of retained austenite may 
even be present in very mild steel. 

We have seen that over an appreciable range of carbon and 
alloy contents, there exists. a quantitative relationship between 
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| retained austenite and M,. Qualitatively, there is good correspond- 


ence between these two factors over much wider limits. Table IV 
lists nine elements in order of their effect on Mg, and it is evident 
that the same order applies to their effect on austenite retention. 
As might be expected, the two elements, cobalt and aluminum, which 
raise M, also lower the amount of retained austenite. 
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Plain Carbon Steels 
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% Carbon in Austenite 
Fig. 15—Effect of Carbon Content on Retained Austenite in 


Plain Carbon Steels. Austenitized above Ac, and Acm, and 
quenched in water or brine. 


Carbon is, by far, the most potent element of those listed in its 
effect on austenite retention. The value shown in Table IV is 
estimated from the slope of the band in Fig. 15 at the 1% carbon 
level. Of course, all the factors in Table IV are approximations, 
and should be regarded merely as rough guides. They apply only 
to the chemistry of the austenite, and not to the composition of the 
steel as a whole when undissolved carbide or ferrite is present. 


Table IV 
Relationship Between the Effects of Elements on Ms and on Propensity for 
Retaining Austenite 


Change of Ms per 1% Change of Retained Austenite* 
Element of Element (48) per 1% of Element (49) 
NN nd, sieeve ae —540 °F +-50% 
Ferrers Creer — 60 +20 
NO isis ska ewowee — 40 +11 
ee ee ae gba e's — 30 +10 (15) 
Molybdenum ............ — 20 + 9 
ET dec ud pha os tee <0 — 20 + 8 
OS GRITS SN Sale ire — 20 + 6 
RE Mee aes a 6'G 5-0 + 10 (49) — 3 
PN ek ae ate © + 30 (49) — 4 


*In presence of 1% carbon. 
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Effect of Austenitizing Temperature 


It is well known that the austenitizing temperature has a large 
effect on M,, and therefore on austenite retention, because the 
chemistry of the austenite changes with increasing carbide (or 
ferrite) solution. This factor is of major importance in the com- 
mercial heat treatment of high carbon steels, where carbides are 
deliberately left undissolved to some extent. In Table V, the 





Table V 


Effect of Austenitizing Temperature* and Chromium Content on Retained Austenite 
in 1.1% Carbon Steels (15) 














1550 °F———, ————1700 °F, 1900 °F ————_, 
Per Cent % % 0 0 % %o 
Chromium Retained Undissolved Retained Undissolved Retained Undissolved 
in Steel Austenite Carbide Austenite Carbide Austenite Carbide 
0 16 0.5 20 0 20 0 
1.5 7 4.5 22 1.6 31 0 
2.8 2 6.9 21 3.5 51 1.1 


*All specimens brine-quenched to 77 °F. 


amounts of retained austenite are presented as a function of austen- 
itizing temperature and chromium content in 1.1% carbon steels. 
After austenitizing at 1550 °F, the retained austenite decreases with 
increasing chromium because the latter reduces the carbide solubility. 
However, once the carbides are substantially dissolved (1900 °F), 
the retained austenite increases with the chromium content as 
expected. Austenitizing at 1700°F produces intermediate results. 

There is another effect of austenitizing temperature over and 
above that of composition change. This phenomenon can be 
observed particularly well in the 5% nickel steel that we shall use 
as an example. In Fig. 16, we note that the retained austenite 
content continues to increase by a large amount, even beyond the 
point of complete carbide solution. Austenitizing at 1550°F for 
‘4 hour dissolves all the carbide in this 1.1% carbon —5.4% nickel 
steel, and 39% austenite is retained on brine quenching. Yet aus- 
tenitizing at 1900 °F yields 70% austenite without any further change 
in the composition of the austenite. 

It would be quite natural to suspect at first glance that sub- 
microscopic carbides continue to dissolve on heating from 1550 to 
1900 °F ; but surely the extent of such solution could hardly account 
for an increase in retained austenite of some 30%. In fact, lengthen- 
ing the soaking time at 1550 °F by a factor of ten does not change 
the austenite percentage shawn by the curve in Fig. 16. Further- 
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more, this phenomenon cannot be explained by the progressive dis- 
appearance of residual concentration gradients because the effect is 
essentially reversible. If the steel is first austenitized at 1900 °F, 
then cooled to 1580 °F (above the carbide precipitation temperature ) 
and held for a sufficiently long time, the per cent of retained austenite 
gradually decreases and overtakes the value obtained when the steel 
is austenitized at 1580 °F in the first place. 

I believe that this reversible phenomenon offers evidence of the 
statistical concentration distributions discussed earlier. It turns out 


1.1% Carbon - 5.4% Nickel Steel 


Retained 
Austenite 


Carbides 
Completely 
Dissolved 


Retained Austenite % 
Grain Size -ASTM Index 
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Austenitizing Temperature °F 
Fig. 16—Effect of Austenitizing Temperature on Retained Aus- 


tenite and Grain Size in 1.1% Carbon—5.4% Nickel Steel, Brine- 
Quenched to 70°F. Heating time = % hour, except where shown 
(13). 


that the driving force F4 — F™ is vitally dependent on the carbon 
activity in the austenite. At any given temperature in the martensite 
range, F4— F™ increases with decreasing carbon activity. How- 
ever, the carbon activity is not only dependent upon the carbon 


.content, but also upon the degree of association with the iron, and 


is in turn affected by the statistical distribution in the iron lattice. 
Since the over-all carbon content remains constant on holding at 
1580 °F after the complete carbide solution at 1900 °F, the decrease 
in retained austenite appears to result from the increasing “sep- 
aration” of high and low carbon groupings that are stable at 1580 °F 
compared to the distribution that is stable at 1900°F. The fact 
that the phenomenon at 1580°F is time-dependent suggests that 
diffusion is involved, and this is certainly necessary for the postu- 
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lated grouping process. On the other hand, time would not be an 
important factor if the effect were simply due to a change i in bonding 
energy of the atoms in place. 

If the steel is first soaked at 1580 °F and then heated further, 
the equilibrium distribution characteristic of the temperature is 
gradually dispersed by the randomizing influence of entropy, the 
atomic interaction energy is increased and so is the relative activity 
of the carbon. This lessens the driving force behind the martensite 
reaction, and more austenite is retained. 

It is quite likely that even in the temperature range sere 
undissolved carbides exist, part of the well-known effect of austen- 
itizing temperature hitherto ascribed to changing composition may 
be due to the more subtle process of changing association between 
the iron and carbon atoms. Undoubtedly, the presence of alloying 
elements plays an important role in this phenomenon, but it is too 
early to analyze this aspect of the problem. It is intriguing to 
think that the austenite-martensite reaction which permits us to 
harden and strengthen steel for practical utilization is so delicate 
and so reproducible that it may likewise be employed as a sensitive 
tool for studying elusive atomic distributions in solid solutions. 

The progressive decrease in retained austenite resulting from 
holding at 1580°F after previous austenitizing at 1900°F is rem- 
iniscent of the “conditioning” of retained austenite during the tem- 
pering of high speed steel. In the latter case, there is some evidence 
that carbides precipitate from the austenite, and the resulting deple- 
tion renders the austenite more amenable to transformation on 
cooling back to room temperature. Now we see that it is quite 
possible to “condition” austenite for subsequent transformation 
without actual carbide precipitation. We shall make use of this 
fact later in connection with the tempering of high alloy steels. 

It may be assumed that the distribution of embryos also changes 
with the above variations in austenitizing treatments. However, 
since gs lies well below M, for the steel at hand and since the cooling 
to room temperature is rapid enough to avoid stabilization effects 
(15), the transformation is controlled by the driving force factor, 
and not by a limited supply of potential nuclei. Hence, these austen- 
itizing effects are believed to operate through the changes that are 
caused in the free-energy difference F4 — F™, 

It remains to explain the decrease in retained austenite after 
austenitizing above 1900°F. This appears to be the result of 
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increasing grain size which favors the formation of martensite. 
The effect is rather small compared to the other austenitizing 
variables and tends to be obscured by them, except at the higher 
temperatures after the other factors have expended themselves some- . 
what. The grain size effect also accounts for the fact that on pro- 
longed heating at 1580 °F after austenitizing at 1900 °F, the retained 
austenite drops below the value obtained by direct heating at 1580 °F. 
Although the same distribution of iron-carbon groupings may be 
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Fig. 17—Effect of Quenching Rate on Retained 
Austenite in 0.41, 0.82 and 1.30% Carbon Steels 
(50). The austenite contents shown appear to be 
somewhat high in the light of more recent deter- 
minations, but the trends are significant. 
attained at 1580 °F, whether this temperature is approached from 
above or below, the grain size variations are not reversible. The 
grain size is much larger in the samples that are first heated to 
1900 °F, and thus they arrive at lower austenite contents than the 


finer grained samples that are heated directly at 1580 °F. 
Effect of Quenching Rate 


In considering the foregoing data, we must remember that the 
cooling rate has some influence on the quantity of retained austenite 
in those steels that are capable of being stabilized. Table VI illus- 
trates this effect-for a low alloy tool steel austenitized at 1550 °F. 
Oil quenching retains more austenite than water quenching, and air 
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cooling retains more than oil quenching. In the air-cooling experi- 
ments, the steel was quenched into liquid baths to avoid non- 
martensitic reactions. The quench to 450 °F followed by air cooling 
corresponds to martempering, and retains some 4.5% more austenite 
than water quenching, whether the latter is conducted from 450 °F 
or directly from the austenitizing temperature. 

More complete data on the effect of quenching rate are given 
in Fig. 17. It is evident that the retained austenite increases with 
decreasing velocity of cooling. However, when the cooling velocity 
becomes less than critical, the entrée of the pearlite transformation 
causes a marked lowering of the retained austenite content. The 
formation of pearlite reduces the amount of austenite available for 
the martensite reaction. 


Table VI 
Effect of Quenching Procedure on Retained Austenite (26) 


1.0% C, 1.5% Cr, 0.2% V steel, austenitized at 1550°F. 4.0% undissolved carbide. 
Treatment % Retained Austenite 


Eg I Se ry SO SP ee ee ee 5.8 
ee CT ee eee tk ba ee ase heeds 94 RUNS OURS cceneeeee 7.0 
Oil-quenched to 120 °F, air-cooled to 68 °F ............2eeeeeeeees 9.0 
Oil-quenched to 250 °F, air-cooled to 68 °F ......... ccc cece eecees 9.5 
Salt-quenched to 450 °F, air-cooled to 68°F ........... cc cceeece oe 


Salt-quenched to 450 °F, water-quenched to 68 °F 





Effect of Carbide and Ferrite Formation 


If the quenching rate and austenite composition are such as to 
permit either carbide or ferrite to precipitate during cooling, there 
is a corresponding change in the chemistry of the austenite that 
goes into the martensite transformation and the amount of retained 
austenite is affected accordingly. This behavior is nicely demon- 
strated in Fig. 18 for a series of 4.8% nickel steels, austenitized at 
1700 °F and cooled at various rates (51). 

Among the samples cooled in water, oil and air, the percentage 
of retained austenite increases as the carbon content increases, which 
is to be expected, but the lime-cooled samples exhibit the reverse 
trend. The reason for this apparent anomaly is that, in the latter 
series, enough proeutectoid ferrite is precipitated from the 0.62% 
carbon austenite to increase its carbon content to 1.2%,* while in 
the 1.0% carbon austenite, enough proeutectoid carbide is precipitated 
to decrease the carbon content to about 0.8%.* 





*Determined from lattice parameter measurements, 
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In the water, oil and air-cooled series, the retained austenite 
content increases with decreasing cooling rate, as expected. The 
only exception is the 1.0% carbon steel, in which air cooling yields 
slightly less austenite than oil cooling, and is probably due to a 


small amount of carbide precipitation taking place during the slower 
cooling. 
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Fig. 18—Effect of Carbon Content and Cooling Rate 
on Retained Austenite in 4.8% Nickel Steel (51). Aus- 
tenitized at 1700 °F, cooled as shown. 


Effect of Bainite Formation 


If the bainite reaction sets in before the martensite range is 
reached, the effect on the amount of retained austenite is rather 
complex. It depends on the nature of the steel, the quantity of 
bainite formed, and the temperature at which it forms. Acicular 
bainite acts like martensite in partitioning the austenite grains and 
limiting the size of the martensite plates to form later. Moreover, 
potential nuclei that might otherwise be available to the martensite 
are swept up by the bainite. The operation of these two factors 
alone should allow the existing bainite to substitute for that much 
martensite, leaving the quantity of retained austenite unchanged. 

This is exactly what is found in plain carbon steel, as demon- 
strated in Fig. 19. The production of bainite at 500°F detracts 
from the amount of martensite developed on cooling to room tem- 
perature, but the retained austenite content remains substantially 
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constant. Of course, the latter eventually decreases when too much 
of the austenite is consumed by the bainite reaction. 

On the other hand, in alloy steels containing a more restricted 
supply of potential nuclei, the formation of bainite may reduce their 
number sufficiently to make the remaining austenite sensitive to 
stabilizing effects. In other words, the influence of any shrinkage 
of embryos that occurs simultaneously with bainite formation will be 
more pronounced the greater the amount of bainite; and for a given 
amount of bainite, it will take place more rapidly the higher the 
temperature. Fig. 20 indicates that bainite formation in high speed 
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Fig. 19—Effect of Bainite Formation at 500°F on Amounts of Martensite 
and Retained Austenite in 1.1% Carbon Steel (52). Austenitized at 1750 °F and 
hot-quenched to 500 °F. 


steel during isothermal holding at 600°F not only reduces the 
amount of martensite produced on cooling to room temperature, 
but also increases the amount of retained austenite. This is a true 
| stabilizing effect. In fact, Gulyaey (54) has demonstrated that the 
stabilizing process may go on in high alloy steels even after the 
bainite reaction ceases, as in Fig. 21. Thus, it appears that the 
stabilization which attends bainite formation is not caused by this 
reaction per se, but is fundamentally attributable to the same embryo- 
shrinkage process that occurs on holding in the martensite range. 
In both cases, the presence of bainite or martensite intensifies the 
effect of this process on the subsequent martensite transformation 
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by limiting the availability of potential nuclei. But the stabilization 
is likely to be more striking in the bainite range than in the 
martensite range because of the higher temperatures involved. 
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Fig. 20—Effect of Bainite Formation at 600 °F on Amounts 
of Martensite and Retained Austenite in Tungsten-Molybdenum 
High Speed Steel (53). Austenitized at 2235°F and _ hot- 
quenched to 600 °F. 
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Fig. 21—Effect of Holding at 700 °F After Cessation 
of Bainite Transformation on Subsequent Cooling Trans- 
formation Into Martensite (54). Steel composition = 0.7% 
carbon, 15% tungsten, 3% chromium. Austenitized at 
2280 °F and hot-quenched to 700 °F 
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DECOMPOSITION OF RETAINED AUSTENITE DuRING TEMPERING 


Decomposition at Room Temperature 


' 


Recent experiments by Dr. Averbach (35) have demonstrated 
\unambiguously that some of the retained austenite in hardened steel 
yundergoes decomposition on aging at room temperature. We men- 

tioned this briefly in connection with Fig. 8 when it was shown 
that the extent of room temperature transformation is much too 
small to account for the stabilizing phenomenon that occurs during 
such aging. Nevertheless, it is large enough to cause dimensional 
changes, and this is how the transformation is detected. For each 
per cent of retained austenite that decomposes at room temperature, 
there is an expansion of 140 microinches per inch, and this con- 
version factor is not influenced much by carbon content. 

But the problem is not simple, because the martensite that 
coexists with the retained austenite undergoes partial tempering at 
room temperature, and the resulting contraction either detracts from, 
or entirely masks, the expansion effect of the austenite decomposition. 
Nevertheless, the two processes can be disentangled by observing 
the changes in length (by precision methods) in two specimens: one 
as-hardened and the other refrigerated. Such a pair of specimens 
gives two mixtures of austenite and martensite, whose separate 
contributions to the changes in length on aging can be solved by 
simultaneous algebraic equations (35). 

Data of this sort form the basis of Fig. 22. The room temper- 
ature decomposition of retained austenite starts immediately as the 
steel reaches the ambient in the hardening quench, and continues 
for weeks and weeks. The total extent is of the order of a few per 
cent, and roughly half of it occurs within the first 2 hours after the 
quench. The rate of this reaction is quite insensitive to the aging 
temperature. As indicated in Fig. 22, it proceeds at about the same 
pace anywhere in the range of 32 to 200 °F. 

It is interesting to speculate on the nature of the transformation 
product. Its amount is too small to be studied X-ray-wise or metal- 
lographically. Thus far, one can only draw inferences on the basis of 
the reaction kinetics. These inferences lead to the conclusion that the 
product is not bainite. First of all, we have seen in connection 
with Fig. 9 that bainite formation at room temperature is a fantas- 
tically slow process. Secondly, the rate of bainite formation in this 
steel is highly temperature-dependent, while the reaction in question 
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Fig. 22—Isothermal Decomposition of Retained Austenite in 1.1% Carbon 
Steel, Austenitized at 1450 °F and Water-Quenched (35). 


is not. And thirdly, on aging the hardened steel at 250°F and 
above, a second stage of decomposition sets in, and here the reaction 
kinetics are definitely characteristic of bainite formation. If the rate 
of the second-stage reaction is extrapolated back to room temperature, 
again we find that bainite formation proceeds too slowly to account 
for the transformation. 

Considering various other possibilities, one cannot conceive that 
the product is pearlite or ferrite, while carbide precipitation would 


‘cause a contraction rather than the observed expansion. By a 


process of elimination, we are forced to the conclusion that the 
product is actually martensite. Perhaps the barriers that we have 
postulated are not absolutely fixed and slight relaxations allow the 
formation of some martensite plates that were just on the verge of 
propagating when the cooling was stopped. It is also possible that 
the existing martensite plates grow slightly in thickness because of 
the high energy interface existing between the martensite and 
austenite. The interfacial energy per mol of martensite would be 
lowered by such a growth process, since there would then be less 
interfacial area; per unit volume of martensite. In any event, the 
isothermal formation of minor quantities of martensite is a second- 








80 TRANSACTIONS OF THE A. S. M. Vol. 41 


order effect and should not detract from the essential cooling nature 
of the characteristic martensite formation. 


Decomposition at Elevated Temperatures 


How can we be sure that the decomposition product at temper- 
atures above 250 °F (Fig. 22) is really bainite? Again we have to 
rely on reaction kinetics, although in steels containing large amounts 
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Fig. 23—Effect of Martensite on the Time- 
Temperature Relations for the Completion of 
the Bainite Transformation (55). 0.95% car- 
bon steel, austenitized at 1550 °F. 


of retained austenite, the product has been studied metallographically 
and identified as bainite (57). Fig. 23 taken from the work of 
Elmendorf (55) demonstrates how the time for the completion of 
the bainite reaction is influenced by the presence of martensite. 
The zero martensite curve is a part of the primary isothermal trans- 
formation diagram, while the others are obtained after arresting the 
initial quench at various temperatures below M, to provide different 
amounts of martensite with the austenite. 

When the primary transformation diagram exhibits a bainite 
“nose”, the retained austenite displays similar characteristics. As 
‘an example, !et us consider the retained austenite decomposition in 
a 1% carbon—4% chromium steel. In Fig. 24 are superimposed 
the primary transformation curves of Lyman and Troiano (56), and 
_ the tempering transformation curves completed recently by Mr. 
Balluffi (57). Not only does the secondary transformation show a 
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bainite “nose” at the same temperature as the primary transforma- 
tion, but there is similar correspondence in the carbide precipitation 
and the pearlite formation. These products can also be identified 
under the microscope. 

It is now evident that the product of retained austenite decom- 


position is exactly the same as that which forms isothermally out of 


| primary austenite.in the widely-used hot quenching techniques. How- 


ever, the rate 6f rétained austenite decomposition is generally affected 
by the coexisting martensite. 


Decomposition on Cooling from the Tempering Temperature 


In tempering, we are not only concerned with the products of 
isothermal transformation, but also with reactions that oecur during 
the cooling back to room temperature. If the retained austenite 
does not decompose into bainite during heating, it can be exposed 
to the “bay’’ temperatures for relatively long periods without appre- 
ciable decomposition into either bainite or pearlite. But something 
important does take place because the retained austenite becomes 
conditioned for transformation during the cooling back to room 
temperature. The time-temperature combinations for various degrees 
of conditioning are given in Fig. 25 for a 1% carbon — 5% chromium 
die steel, oil-quenched from three austenitizing temperatures (58). 

The cooling product is definitely martensite. This is demon- 
strated by the microphotometer traces in Fig. 26 (58). For the 
as-hardened state, the X-ray pattern shows strong lines of austenite 
and the (110)-—(101) doublet typifying tetragonal martensite. 
Tempering at 400°F decomposes the tetragonal martensite, but 
the austenite lines remain undiminished in intensity. However, 
after prolonged tempering at 900°F and cooling to room temper- 
ature, there is a marked decrease in the intensity of the austenite 
lines, and the tetragonal doublet of martensite reappears. Temper- 
ing once again at 400 °F destroys the tetragonality. 

If the cooling from the conditioning treatment is very slow, or 
if it is interrupted, bainite may form out of the retained austenite 
and supersede the martensite transformation (59). Thus various 
mixtures of “secondary bainite’” and “secondary martensite” may be 
produced (60). 

The conditioning process operates through its effect on the 
martensite rangerof the retained austenite. This is clearly shown in 
high speed steel (Fig. 27). As the austenitized steel arrives at 
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Fig. 24—Isothermal Transformation of Primary Austenite (56) and Retained 
Austenite (57) in 1% Carbon -4% Chromium Steel. Primary transformation speci- 
mens hot-quenched from 2200 °F. Tempering transformation specimens austenitized 
at 2000 °F and refrigerated to yield 50% retained austenite. ence the comparison 
is between 100% austenite on hot quenching and 50% austenite on tempering. 


room temperature during the hardening quench, the martensite 
range of the remaining austenite extends below room temperature. 
If no stabilization sets in, M,’ lies at room temperature because the 
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Fig. 25—Effect of Tempering Time and Temperature on Trans- 
Soviaailit of Retained Austenite in 1% Carbon—-5% Chromium Die 
Steel, Oil-Quenched from (a) 1700, (b) 1800 and (c) 2000°F (58). 
Lower C-curves depict isothermal transformation into bainite; upper 
curves depict conditioning of retained austenite for transformation into 
martensite during cooling. 
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Fig. 26—Microphotometer Traces of X-ray Patterns of 
1% Carbon —5% Chromium Steel, Quenched from 2000 °F, and 


Tempered as Shown (58). aFe = cubic ferrite. y’Fe = re- 
tained austenite. a’Fe = tetragonal martensite. Al = alumi 
num reference line. 


retained austenite would start to transform immediately on cooling. 
On tempering for 1 hour at 600 °F, there is no detectable isothermal 
transformation, but stabilization occurs, and no martensite forms 
on cooling even down to —300°F. However, on tempering at 
950, 1000 and 1050 °F, M,’ is raised progressively to 40, 240 and 
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470 °F, respectively, and so the retained austenite is able to trans- 
form into martensite on cooling back to room temperature. If M,’ 
is raised sufficiently far above room temperature in this way, vir- 
tually (but not quite) all of the retained austenite can be converted 
during the cool from the tempering temperature. 

Several years ago, we suggested that conditioning is due to 
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Fig. 27—-Dilation Curves of 18-4-1 High 
Speed Steel on Cooling (A) from Austenitiz 
ing Temperature of 2350 °F, (B) from 1 Hour 
Tempering at 600 °F, (C) from 1 Hour Tem 
pering at 950 °F, (D) from 1 Hour Temper 
ing at 1000 °F, and (E) from 1 Hour Tem 
pering at 1050 °F (64). 


carbide precipitation, which depletes the carbon and alloy content 
of the retained austenite and makes it more amenable to trans- 
formation (61). However, we were always bothered by the fact 
that the amount of carbide precipitation, if it could be detected at 
all, was much too small to account for the extensive raising of M,’. 
Even in the 1% carbon—4% chromium steel (Fig. 24), which 
precipitates carbide conspicuously on tempering at 900 °F, there is 
hardly enough»change in austenite composition to explain the 
observed conditioning. Now we know that actual carbide pre- 
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cipitation, though very helpful, is not the only factor at play in 
conditioning; for, in the nickel steel of Fig. 16, we find that con- 
ditioning may occur at temperatures where carbides cannot possibly 
form. It seems likely that, during the conditioning of high speed 
and high chromium steels, the distribution of atomic groupings 
(perhaps in preparation for carbide precipitation) shifts away from 





Fig. 28—Equilibrium or 
Steady-State Distribution of Em- 
bryos at Three Temperatures: T; 
in the Martensite Range, T. in the 
Conditioning Range, Ts Above the 
Critical Range. Shaded area indi- 
cates embryo sizes existing at Ts; 
that increase in number at To. 
Compare with Fig. 13. Fisher, 
Hollomon and Turnbull (42). 


that characteristic of the austenitizing temperature and thereby lowers 
the thermodynamic activity of the carbon and alloying elements just 
as though their concentrations were being depleted by actual pre- 
cipitation. This increases the tendency toward martensite formation. 

But the conditioning process must also furnish new potential 
nuclei to compensate for those lost during stabilizing at the lower 
temperatures, otherwise the increased driving force may be of no 
avail. Fisher, Hollomon.and Turnbull (42) have shown how this 
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is possible at sufficiently high temperatures (but still below the 
equilibrium temperature). At temperature T, in Fig. 28, the steady- 
state distribution of embryos calls for more of the larger sizes than 
are on hand from the austenitizing temperature (T,). Hence, aging 
at T, permits the larger sizes to form progressively and thus replen- 
ishes the supply of potential nuclei. 

The rate of conditioning is accelerated by the presence of 
martensite, possibly because the extra interfaces provide good loca- 
tions for atomic redistributions that tend to occur, as well as for 
actual carbide precipitation. Hence, conditioning of retained austen- 
ite is more pronounced than that of primary austenite. This also 
accounts for the fact that multiple tempering usually converts more 
retained austenite than single tempering for an equal length of time 
(45). With single tempering, the conditioning is aided only by 
the martensite present in the as-hardened steel, whereas with multiple 
tempering, each cooling produces a new increment of martensite 
which aids the conditioning process during subsequent tempers. 


MECHANICAL BEHAVIOR OF RETAINED AUSTENITE 


The stress-strain curves in Fig. 4 for the 1.5% carbon-—12% 
chromium steel with various martensite: austenite ratios were 
obtained in such a way that changes in magnetization could be 
measured throughout the tests (13). The magnetic readings were 
then translated directly into per cent martensite by virtue of an 
independent calibration with lineal analysis. The course of trans- 
formation as a function of strain and stress is shown in Figs. 29 
and 30, respectively. The curves start at different levels in accord- 
ance with the amount of martensite present at the beginning of 
the test. 

While the induced transformation proceeds more or less gen- 
erally with the strain, the dependence on stress is particularly 
striking. In the latter case, the reaction is inhibited up to a fairly 
critical value of the stress, and then proceeds rapidly with further 
increase of stress. The critical stress (say, to induce 1% trans- 
formation) increases significantly with the amount of martensite 
already present. As indicated by the band in Fig. 30, there seems 
to be a definite tendency for the curves to track along together, once 
the reaction sets in. 

The driving force F4 — F™ is the same for the four specimens 
in this series at the common testing temperature, while the barrier 
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Fig. 29—Relationship Between Transformation and True Strain in 
Tensile Test of 1.5% arbon—- 12% Chromium Steel, Austenitized at 


2050 °F, and Refrigerated to Produce Various Amounts of Martensite to 
Start With. Tensile tested at 84°F (13). 


condition imposed by the existing martensite is the important 
variable. To study the effect of changing F4 — F™ in the presence 
of a given amount of martensite, it is necessary to austenitize the 
steels at different temperatures and then refrigerate to equalize the 
martensite: austenite ratios. Such comparisons show that the 
austenites with higher dissolved carbon and chromium (lower 
FA — F™) require larger stresses to induce 1% of transformation 
at room temperature than do the “leaner” austenites. For example, 
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erated to Produce Various Amounts of Martensite to Begin With. Tensile 
tested at 84 °F (13). 


the 1.5% carbon—12% chromium steel under discussion yields 
about 35% of martensite when quenched from 2000°F to the 
ambient, and also when quenched from 2050 °F and subcooled to 
22°F. The stress to form an additional 1% of martensite at room 
temperature is 29,000 psi for the first state and 115,000 psi for the 
second. 

When the driving force and barrier conditions are allowed to 
vary simultaneously, the situation shown in Fig. 31 is found. Here 
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the stress to produce increasing amounts of transformation is plotted 
for a series of 1.5% carbon—12% chromium specimens austenitized 
in the range of 1900 to 2100 °F. The curves pass through minima 
corresponding to the interrelation of the driving force (austenite 
chemistry) and barrier conditions (per cent martensite). As the 
austenitizing temperature is raised, the reaction proceeds more 
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Fig. 31—Effect of Stress on Transformation in Tensile Test 


at 84°F. 1.5% carbon-—12% chromium steel, austenitized as 
shown (13). 


readily under stress because of the decreasing barrier factor. At 
the same time, the driving force factor is also decreasing and even- 
tually predominates to reverse the trend of the curves. 
Unfortunately, no experiments with the 1.5% carbon-—12% 
chromium steel have been performed as yet at different testing 
temperatures. The indications are, however, that this variation will 
be predictable in terms ofthe present findings. The driving force 
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Fig. 32—Effect of Testing Temperature and Degree of 
Compression on Martensite Formation in Iron-Nickel Alloy 
(30% Nickel) (62). 


increases with decreasing temperature and, in the presence of a 
given amount of martensite, the stress necessary to induce further 
transformation should decrease. This trend is already indicated in 
Fig. 32 (62) for the case of iron-nickel alloys (30% nickel). It is 
evident that the extent of austenite transformation during plastic 
deformation increases markedly as the testing temperature is lowered. 


CONCLUDING REMARKS 


In closing this twenty-third Campbell Memorial Lecture, I do 
not feel obliged to enumerate an impressive list of summarizing 
statements. Instead, I merely hope that you have found some 
interest in this working picture of the factors which lead to retained 
austenite, which govern its amount, and which control its behavior.. 
We may not be completely satisfied with our present position, but at 
least we can appreciate that progress has been made. In my opinion, 
one of the major contributions to this progress has been the growing 
awareness of the need for quantitative information. Many of the 
scientific principles involved here were available in Professor 
Campbell’s time, but precise data were lacking. Some of the key 
phenomena that I have discussed cannot even be detected, let alone 
understood, without exacting experimentation. 
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Let us not forget, however, that it was Professor Campbell’s 
generation that laid the broad foundation of the metallurgical science 
which we are now building. In fact, it is one of the high purposes 
of this Annual Lecture Series to acknowledge the great achieve- 
ments of those who have gone before. In this spirit, we can pre- 
pare ourselves for the next generation that will stand on our 


shoulders and peer over new horizons into the receding metallurgical 
unknown. 
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AGING IN GAS TURBINE-TYPE ALLOYS 
By NicHoras J. GRANT AND JOSEPH R. LANE 
Abstract 


Four high temperature alloys were investigated to 
determine their aging characteristics. Included were low 
carbon Vitallium, modified high carbon Vitallium, the 
nickel-cobalt-chromium-molybdenum alloy designated 
6059, and a slight modification of the Multimet alloy 
N-155. Aging was studied with the help of a wide variety 
of techniques, including X-ray diffraction, stress-rupture 
testing, microscopic examination, the use of the dilatometer 
and magnetometer, and the measurement of electrical 
resistivity. 

The lowest temperature for a precipitate to form, 
the temperature of maximum precipitation, and the re- 
solution temperature for each alloy were determined. The 
rates of the precipitating reactions at temperatures ranging 
from 1000 to 1650 °F (540 to 900 °C) were also studied. 
The effect of aging on mechanical properties was evalu- 
ated by means of stress-rupture testing. 


INTRODUCTION 


T is now generally accepted by those working in the field of alloys 
suitable for operation at high stresses in the range of 1350 to 
1800 °F (730 to 980°C) that aging, the precipitation of a second 
phase from a metastable solid solution, is of great importance in de- 
termining both the room temperature and high temperature physical 
properties. 

Because aging is of such extreme importance in the determina- 
tion of alloy behavior, it was decided to select for study four alloys 
which are broadly representative of a large variety of probable gas 
turbine and jet-engine types of alloys intended for use as turbine 
blades. 


These four alloys are given in Table I. 


This work was part of a program sponsored by the U. S. Navy, Bureau of Ships. 
The opinions expressed are strictly those of the authors. 
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Table I 
Cc Mn Si Ni Cr Co Mo Ww Ta Fe 
25 V-0 0.25 1.0 re 23 68 6 ee 
45 R-6 0.45 1.0 32 26 33 6 hua aia ie 
100 NT-2 1.0 $,3 0.5 30 20 20 3 y pe 2 Bal. 
111 VT 2-2 1.1 Sais 6 ; 2 Fer 


23 67 





Alloy 1OONT-2 is a modified high carbon N-155 alloy ; alloy 25 V-0 
is essentially Vitallium ; 45 R-6 is standard 6059 alloy ; and 111 VT2-2 
is a modified high carbon Vitallium. Thus we have two high carbon 
alloys, and one each of low and medium carbon. Represented are 
the nickel-chromium-cobalt-iron, the cobalt-chromium-molybdenum 
and the cobalt-nickel-chromium-molybdenum types of alloys in 
several modifications. From these four alloy compositions it is 
hoped that a fairly representative picture of aging can be presented. 

The compositions shown in the table are the proportions of each 
element added to the melt, without consideration of elements present 
as impurities in the additions. 

In general, high temperature-type alloys are not in equilibrium 
in the cast condition, and subsequent heating can result in the pre- 
cipitation of an aging constituent with or without a solution treat- 
ment. Of the above alloys 1OONT-2 was solution treated at 2260 °F 
(1240°C) for one-half hour, followed by water quenching. The 
others were “as cast”’. 

The following variables were studied. 

Temperature at which aging is first detected. 
Temperature of maximum aging. 

Overaging temperature. 

Re-solution temperatures. 

Time for initiation of aging. 

6. Time for completion of aging. 

7. Effect of aging on physical properties. 


wm & W ho 


EXPERIMENTAL PROCEDURE 


Test bars were prepared with considerable care for each par- 
ticular type of test. These tests are summarized below: 

Hardness—Room temperature hardness measurements have long 
been used as a means of detecting aging, the relative degree of aging 
and overaging. It is a simple test, but for these particular alloys 
there were several disadvantages. Regular Rockwell or Brinell 
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readings generally are not sensitive enough to properly detect changes 
in hardness, due to the fact that the alloy structures are composed 
of hard carbide particles embedded in a relatively soft matrix. As 
the carbon content increases, more and more carbide of a more 
continuous nature determines the hardness reading. The increase in 
hardness of the austenitic matrix is lost, therefore, to a large extent 
to the greater hardness of the carbides under the hardness indentor. 
Furthermore, aging within the austenitic zones is far from uniform 
in most of the alloys; this is readily noted in Fig. 7, in which the 
structure of alloy 111 VT2-2 after aging at 1350°F (730°C) for 
48 hours is shown. Despite these difficulties, hardness has been used 
with some success to detect aging; however, the method is not very 
sensitive to small significant changes. 

Because regular hardness measurements appeared to be insuffi- 
ciently sensitive to aging in these alloys, an attempt was made to use 
the Knoop hardness tester, which produces an indentation on a micro- 
scale, and can be located as desired in any portion of the field. Here 
too, however, certain discrepancies arose which made it a less useful 
tool than had been anticipated. It was found that the hardness 
varied across any given austenitic field in one grain, depending on 
the amount of aging constituent encountered. It was found, too, 
that the orientation of each grain was a strong factor in the hardness 
reading obtained. Thus, readings from one grain to another differed 
sufficiently to obscure the real change in hardness due to aging. 

Very early in high temperature research (1941), hot hardness 
was found to bear no relationship to high temperature strength or 
ductility from alloy to alloy and was accordingly not considered as 
a useful tool in aging studies, nor as a means of comparing alloys 
from a high temperature strength viewpoint. 

On the basis of these considerations, hardness changes were not 
used in this aging study beyond the preliminary work with NT-2 
and VT 2-2-type alloys, which indicated the lack of sensitivity of the 
measurements. Typical results for alloys 87 NT-2 and 95VT2-2 
(resembling 1OONT-2 and 111 VT2-2, but slightly lower in carbon) 
are shown in Fig. 1. The average of a large number of hardness 
readings is shown, together with the extreme values obtained by 
measuring the hardness of several grains. 

Magnetometer Testing—The detection of changes in the mag- 
netic characteristics of alloys with changes in alloy structure such 
as might be produced by aging, for example, has been known often 
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to be a sensitive measurement. Unfortunately, it was found that 
only the iron-bearing 100NT-2 alloy showed measurable changes 
in magnetic susceptibility with aging. The cobalt-chromium alloys 
showed little or no deviation in magnetic properties with changes 
occurring during aging and accordingly could not be readily studied 
by this means. All tests were made at room temperature following 
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Fig. 1—The Variation of Hardness with Aging Temperature of Alloys 87NT-2 


and 95 Vr.2 2 is Shown. The cross-hatched area illustrates the spread of hardness values 
obtained on the same specimen. 


each aging treatment. Because of experimental difficulties, testing 
was discontinued after the 1400°F (760°C) treatment. 
Microscopic Analysis—Cast bars, similar to those used in mag- 
netic and resistance testing (14 inch round, 4% inches long), were 
charged into the furnace and a %-inch length was cut off after each 
treatment. Through 1600 °F (870°C) the duration of heating was 
48 hours. The time was 24 hours at 1700 and 1800°F (930 and 
980 °C), 6 hours at 1900 and 2000 °F (1040 and 1095 °C), 4 hours 
at 2100 and 2200° F (1150 and 1205 °C), and 3 hours at 2250 °F 
(1230 °C) and above, In this way, each specimen had received the 
treatments at each lower temperature in the same way as the X-ray 
and resistance specimens with which they were later compared. All 
specimens were mechanically polished, and electrolytically etched in 
10% HCl. Because of the large grain size, the microstructure varied 
considerably from one point to another. Characteristic sections 
and an exceptional single grain are shown in Fig. 2. This large 
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Fig. 2—a and b, Etched Sections of the Entire %-Inch Rod of Alloys 100NT-2 
(Fig. 2b) and 111 VT2-2 (Fig. 2a) Illustrate the Large Grains Typical of High Tem- 
perature Alloys. Alloy 45R-6 is shown in Fig. 2c. This specimen happens to be a single 
grain across the entire ™%-inch section, illustrating the coarseness of grain which is 
sometimes obtained. X 25. 


grain size accounts for the disparity in the appearance of photo- 
micrographs in:a series; however, an attempt was made to select a 
characteristic location of each sample. 
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X-Ray Diffraction—The four alloys were examined after two 
types of heat treatments. Debye-Sherrer photograms were made (a) 
after each treatment at progressively higher temperatures, and (b) 
after each treatment at the same temperature, with increasing time 
intervals. By means of the data accumulated, it was hoped that the 
times and temperatures necessary to produce aging could be found, 
and any phase transformations detected. 

The failure to detect a precipitate by X-ray diffraction is not 
conclusive. A certain minimum quantity of the second phase must 
be present before it can be detected, and even then fine particle size, 
or strain, might widen the lines to the point where they cannot be 
observed. Furthermore, the formation of an intermediate phase, as 
in the case of duralumin, can render interpretation more difficult, for 
such a phase is apt to have a complicated structure which would not 
yield a strong X-ray pattern. The presence of a new set of lines in 
a pattern is conclusive evidence for the existence of another phase. 

Dilatometric Survey—The expansion coefficient of the four 
alloys was determined. Because of the aging which takes place when 
an alloy is heated for the first time, the expansion curve is usually 
not smooth but has discontinuities at those temperatures at which 
precipitation is taking place. In addition, the slope of the curve 
changes after aging takes place, for the expansion characteristic of 
the original material differs from that of the aggregate containing 
the precipitate in addition to the matrix. For these reasons, the 
expansion coefficients given are for the metal which had previously 
been heated through the aging temperature range, as these measure- 
ments are considered to be of more general usefulness. 

The expansion characteristics of these alloys are complicated by 
the formation of a precipitate on heating for the first time. In all 
cases, the alloy was essentially stabilized after the original heating 
cycle. These results suggest the advisability of pre-aging turbine 
blade materials before final fitting and the application of stress. This 
is true whether attachment is made by means of welding or mechan- 
ical fit, in order to minimize dimensional and structural instability. 

In addition to measurements made on the dilatometer, the change 
in length produced by the aging of each alloy was directly measured. 
Bars 4 inches long were prepared with spherical ends, and carefully 
measured before and after aging at 1500°F (815°C). Further 
heat treatments at the same or lower temperature had no effect on 
the dimensions as measured in this way. 
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Electrical Resistance—Electrical resistance measurements were 
made upon 44-inch bars, centerless ground to a uniform cross section, 
using a 2-inch gage length. Readings were made on a Kelvin double 
bridge, with a reflecting-type galvanometer. 

Resistivity is a function of the resistance of the matrix, of the 
carbides, and of the aging precipitate. A change in the relative 
amounts of the separate phases will affect the over-all resistance, as 
will an alteration in the composition of one or more of the separate 
phases. Because two or more phases are always present, and since 
the exact composition of any of the phases is not known, the cause 
or direction of change of resistivity cannot be predicted. However, 
it has been found that electrical resistance measurements are a sen- 
sitive indication of the degree of aging as indicated by other meas- 
urements. The change of resistivity with aging was greater with 
the lower carbon alloys. This is very likely due to the presence of 
a relatively greater amount of carbide in the alloys higher in carbon, 
so that the addition of the aging precipitate has a smaller effect in 
changing the resistivity. 

Stress Rupture—Standard stress-rupture tests were made on 
these four alloys, or on alloys which are slight modifications thereof. 
All these tests were conducted at 1500°F (815°C) and serve to 
illustrate the extreme importance of prior aging treatments on the 
1500 °F (815°C) -rupture performance. The test specimens were 
14-inch gage length, 0.250-inch diameter bars, cast by the same 
precision casting technique used for the preparation of all the other 
specimens. 

Further changes in rupture life might result by the use of aging 
times greater than the 48 hours used here. This time was chosen 
since it was known that aging appeared to be complete within even 
a much shorter time. Tests on the cobalt-base alloy 70J (1)* showed 
that while aging at 1350 °F (730°C) for times longer than 5 hours 
resulted in a small increase of rupture strength when tested at 
1500 °F (815 °C), extended aging up to 200 hours did not improve 
the rupture properties when tested at 1350 or 1800°F (730 or 
980 °C). 


AGING BEHAVIOR 


Microscopic Analysis—All four alloys, as cast, contain at least 


three of what appear to be five distinct phases. As shown in Fig. 3, 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 3—The Above Photomicrographs Show Three of the Phases Existing in These 
Alloys. at left, the white areas are the prevalent dendritic carbides; the three dark 
grains are the phase referred to in the text as resembling MnS. The photomicrograph 
on the right is unetched. The lighter dendritic carbides surround a darker phase of 
similar shape. This latter is probably TaC. 500. 


these are (a) the continuous phase (a face-centered cubic and/or 
hexagonal structure, called austenite), (b) a globular or dendritic 
material referred to as carbide. The two remaining constituents, 
present in much smaller amounts, in part resemble this carbide. 
(c) One of the components darkens slightly when etched electro- 
lytically in 10% HCl, and when in the form of discrete particles 
resembles manganese sulphide inclusions in steel. Often, however, 
these particles are continuous with the normal carbides, no distinct 
boundary being present—only the noted change in color. (d) The 
fourth phase is called the “A” constituent. It is not revealed by 
etching with an electrolytic oxalic acid etchant, but is distinguishable 
from the more prevalent carbides by the ease with which it darkens 
when etched electrolytically with HCl. When the specimen is prop- 
erly etched to reveal aging, the “A” constituent has been attacked to 
such a degree that it cannot be readily distinguished from a pit. 
This is in contrast to the constituent resembling MnS previously 
described, where etching darkens, but does not dissolve it. (e) When 
columbium or tantalum is present (1OONT-2), CbC or TaC form. 
In appearance they resemble most the chromium carbides. Figs. 4 
through 7 show the structures of the alloys after aging at tempera- 
tures from 1200 °F (650 °C) to 2300 to 2400 °F (1260 to 1315 °C). 
At 2300 °F (1260 °C), which is within 100 to 150 °F of the fusion 
temperature, the matrix of.all alloys had the same structure as at all 





ee 
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lower temperatures. Alloys 25V-0 and 45R-6 were seen to contain 
three phases: the matrix, dendritic carbides, and a smaller amount 
of the “A” constituent. None of the “MnS” phase was detected. 
Typical appearance of the “A”’ constituent, in an alloy composition 
in which it is more prevalent, is shown in Fig. 8 (1). The photo- 
micrograph for alloy lOONT-2 at 1350 °F (730°C) was taken near 
the edge of the specimen. It can be seen that the precipitate formed 
either along slip planes (caused by the cold work of cleaning off the 
oxide after the previous treatment and by the drastic quench) or 
along atomic planes in the manner of Widmanstatten structure. 
In general, the first precipitation was not uniform. This is clearly 
shown in Fig. 7. 

Treatment at higher temperatures caused heavier aging, until 
the precipitation was a maximum at 1550 to 1600 °F (845 to 870 °C) 
for the two low carbon alloys, 1/00 °F (925°C) for 10ONT-2, and 
1600 to 1700°F (870 to 925°C) for 111VT2-2. Above these 
ranges, and especially above 1800°F (980°C), agglomeration of 
the precipitate began, together with some re-solution of the pre- 
cipitate. By 2100°F (1150°C) practically all of the aging pre- 
cipitate in alloys 25 V-0 and 111 VT2-2 had been redissolved, 2200 °F 
(1205 °C) being required for 45 R-6 and 2250 °F (1230°C) needed 
for alloy 1OONT-2. Some spheroidization of the carbide particles 
was noticeable in alloy 25V-0 at 2100 °F (1150°C). At or above 
2300 °F (2250°F for 111 VT2-2), many of the carbide particles 
melted, forming characteristic star-shaped and square particles. Very 
frequently these carbides contain inclusions. As will be mentioned 
later, X-ray diffraction patterns gave no indication that these new 
carbide shapes were a new phase, although they differed considerably 
in appearance and distribution. 

X-Ray Diffraction—A comparison of the diffraction patterns of 
the different alloys showed considerable similarity. In the as-cast 
condition, the patterns of 25V-O and 45R-6 were the same. This 
was also the pattern produced by 100 NT-2 after a solution treatment 
and quench (additional lines were present in the as-cast condition). 
111 VT2-2 also had this basic structure, but with an additional 
pattern superposed. These patterns were those of the face-centered 
cubic solid solution on which were superposed lines from varying 
amounts of hexagonal close-packed cobalt, and lines from the car- 
bides and aging’constituents. Not only were the matrix-plus-carbide 
patterns of the four alloys generally similar, but the patterns pro- 
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Fig. 4—Alloy 25 V-0. X 250. 


c—1500 °F, 
2400 °F, 
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Fig. 5—Alloy 45R-6.  X 250. Aged progressively. a—1200 °F. b—1400 °F. 
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Fig. 6—Alloy 100NT-2. % 250. Aged progressively. a—1200°F. b—1350 °F. 
o een oF °F. d—1600°F. e—i800°F. f—2000°F. g—2100°F. h—2200°F. i— 
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Fig. 7—Alloy 111 VT2-2. X 250. Aged progressively. a—1200°F. b—1350 °F. 
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duced by the aging constituents also were the same (in the case of 
alloy 1OONT-2, this was true after aging at 1350°F (730°C), but 
not true when aged at 1000°F). It should not be presumed that 
since the structures of some of the phases were apparently the same, 
the compositions of these phases were identical in the different 
alloys. No attempt was made to detect changes in lattice parameters. 
This information might provide a clue to the extent of substitution 





Fig. 8—Microstructure of a Modified Vitallium (70J) Which Contains a Larger 
Amount of “A” Constituent. Light areas are carbides, diagonal streaks are the aging 
precipitate, and black regions are the “A’”’ constituent. Specimen on right is from a 
broken stress-rupture specimen. Etched electrolytically in 10% HCl. 


of one element for another in a given structure, which would not be 
improbable in view of the complexity of some of the alloys. 

Aging times were the same as for the metallographic specimens. 
Except for alloy 1JOONT-2, no precipitate was discernible after the 
1200 °F (650 °C) treatment but the pattern obtained after the next 
higher temperature treatment (1350 or 1400°F) showed the pres- 
ence of an additional set of lines in each alloy. While the relative 
intensity of the precipitate lines was always low in the two lower 
carbon alloys, a change with heat treatment could be observed. For 
alloy 25V-0O, the maximum intensity of the precipitate lines was 
observed after aging at 1600 °F (870°C). Above this temperature 
re-solution took place, becoming complete at about 2000 °F 
(1095 °C). In this case, the formation of the precipitate was indi- 
cated both by the intensification of the lines of a phase already pres- 
ent (probably carbide) and by the appearance of new lines. The 
appearance of the films of alloy 45 R-6 was essentially similar, except 
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that the intensity of the precipitate lines was approximately constant 
over the 1600 to 1900 °F (870 to 1040 °C) range of treatments. 

Alloy 100NT-2 differed from others in the series by its response 
to solution heat treatment. X-ray patterns clearly show that quench- 
ing from an elevated temperature retains in metastable solid solution 
a phase which would separate on cooling under equilibrium condi- 
tions. All work on this alloy was preceded by a quench from 2260 °F 
(1240 °C), the solution treating temperature found to give the best 
strength in stress-rupture at 1500 °F (815°C) and above (3). On 
reheating the quenched alloy, lines of a new phase began to appear 
at 1000 °F (540°C). These precipitate lines began to become faint 
after the 1800°F (980°C) treatment, but were still present at 
2100 °F (1150°C). They could not be detected after heating to 
2200 and 2300 °F (1205 and 1260 °C). 

Diffraction patterns of alloy 111 VT2-2 showed that precipita- 
tion had taken place at some temperature between 1200 and 1350 °F 
(650 and 730 °C). In this case, the intensity of the precipitate lines 
remained relatively constant after heat treatments up to 2000°F 
(1095 °C). Above this temperature not only did the precipitate 
lines disappear, but a set of lines from a phase present in the cast 
alloy also vanished as it too went into solution. 

In addition to progressive heating, specimens were X-rayed after 
increasing times at constant temperatures. These temperatures were 
1500 °F (815 °C) for alloys 25V-0 and 45R-6, and 1000, 1350 and 
1500 °F (540, 730 and 815 °C) for alloys 1OONT-2 and 111 VT 2-2. 
Aging in 25V-0 and 45R-6 was noted to have started at a time be- 
tween 5 and 20 minutes. The intensity of these lines in 25 V-O in- 
creased with additional time at temperature, the maximum not hav- 
ing been reached after 2814 hours. In both cases, the precipitate 
which formed isothermally at 1500 °F (815°C) had the same struc- 
ture as the one formed by slow progressive heating. 

Isothermal treatment of alloy 100 NT-2 produced interesting and 
unexpected results, which are tabulated below. 


1000 °F—Precipitate lines appeared at about 11% hours. X-ray 
indications of the precipitate phase were faint even after an accumu- 
lated time of 203.6 hours at temperature. The structure of the pre- 
cipitate was the same as that which appeared when the alloy was 
heated at progressively higher temperatures from room temperature. 

1350 °F—The pattern taken after 114 hours at temperature 
showed an additional phase which differed from that obtained at 
1000 °F (540°C). The pattern was considerably stronger after an 
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accumulated time of 1214 hours at temperature, but changed little 
after an additional 4 days. 

1500 °F—Aging had begun by 5 minutes, the precipitating 
phase having a structure similar to that obtained at 1350°F 
(730°C). The lines of the second phase were strongest after a 
total time of 281% hours, and were changed but little after an addi- 
tional 48 hours. 


Treatment of alloy 111 VT2-2 at constant temperature indicated 
no aging after a total time of 64.5 hours at 1000°F (540°C). At 
1350 °F (730°C) aging was observed to begin between 414 hours 
and 12% hours at temperature, while at 1500°F (815°C) aging 
began between 114 and 914 hours. The precipitate appeared to have 
the same structure in each case. 

Because of the limited number of lines obtained with chromium 
radiation, it was not possible to index them with certainty. The 
possibility of an allotropic change in the structure of the matrix, 
which accompanies the formation of the aging precipitate, must be 
considered in the interpretation of the patterns obtained from cobalt- 
base alloys since both the hexagonal close-packed and face-centered 
cubic structures are definitely known to co-exist. 

Linear Expansion—The curves in Fig. 9 show the manner in 
which the alloys change in length, upon the original heating, upon 
cooling, and when subsequently reheated. Except for an apparent 
slight interruption in the original expansion of alloy 25V-O at 950 
to 980°F (510 to 525°C), the curves are smooth although with 
some change in slope, up into the temperature region where aging 
is unquestionably known to occur. That these changes are associated 
with aging is evident from the absence of an inflection when the 
same specimen is reheated. A pronounced break in the curve (at 
1400 to 1480°F) occurs only with alloy 100 NT-2, indicating rapid 
aging when this temperature is reached. 


Table Il 





Temperature or 





Average Coefficient of Linear Expansion X 107° per °F-———-—. 
V- 45 00 


Temp. Range—°F 25 V-0 R-6 100 NT-2 111 VT 2-2 

1500 10.8 10.3 10.2 8.7 
1600 11.6 10.8 10.3 8.7 

70 to 1200 9.2 8.7 8.5 8.75 

70 to 1300 9.3 8.7 8.65 8.9 

70 to 1400 9.3 cis jules 8.9 

70 to 1500 9.4 8.8 9.0 9.0 

70 to 1600 9.6 9.0 9.0 9.0 

70 to 1800 10.0 Fat 9.25 rd 
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Fig. 9—Dilation Curves of the Four Alloys. 


The expansion coefficients for metal which had previously been 
heated to 1700 to 1900 °F (925 to 1040 °C) are listed in Table II. 
Also, cast bars, 4 inches long, were measured before and after heat 
treatment. The change in length is expressed as inches per inch. 


Change in Length After Heat Treatment 


Alloy Inches Per Inch—Aging at 1500 °F for 8 Hours 
25 V-0 —0.00045 
45R6 Not Measurable 
100NT-2 +0.0013 (after solution treatment at 2260 °F) 
+0.00077 (after aging solution-treated bar ) 
111VT2-2 Not Measurable 


Aging caused a shrinkage of the solution-treated 100 NT-2, but it was 
still longer after aging than it was as-cast. The other alloys were not 
solution-treated. 
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Fig. 10—Change in Length of Alloy 25V-0 at Each of Four Constant Temperatures. 


Isothermal runs were made at four temperature levels, and the 
results are shown in Figs. 10 to 13. Changes in length at 1000 °F 
(540°C) were slight or nonexistent in all cases. At 1350 °F 
(730°C) the specimens remained constant in size for a time, then 
began to contract. Measurements of alloys 45R-6 and 100NT-2 
were not obtained at short time periods, due to difficulties in stabi- 
lizing the temperature after rapid heating, but it is likely that these 
too would have shown an initial inoculation period before shrinkage 
began. At 1500 °F (815 °C), much of the aging had occurred while 
heating up to temperature, for these curves were flatter than those 
for 1350°F (730°C) aging. At 1650°F (900°C), precipitation 
reactions undoubtedly took place while the sample was being heated. 

Fig. 9 shows a break in the curve of three of the alloys at 
1600 °F (870 °C), and at a slightly lower temperature in the fourth. 
Undoubtedly the reaction associated with this change would occur at 
a lower temperature if more time were allowed. Thus, if a specimen 
were held at a lower temperature, 1350 or 1500 °F (730 or 815°C), 
for example, and then heated higher, a less marked change would be 
expected over the 1500 to 1700 °F (815 to 925°C) range (except 
for 1OONT-2). However, if a specimen were heated directly to 
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Fig. 11—Change in Length of Alloy 45R-6 at Each of Four Constant Temperatures. 


1650 °F (900°C), length changes due to precipitation would occur 
rapidly, and its length at temperature could not be predicted from a 
knowledge of the expansion coefficient alone. This is the explana- 
tion for the irregular spacing of the isothermal curves. They indi- 
cate only a small increase in length at 1650°F (900°C) over the 
length at 1500 °F (815 °C), and in alloy 1OONT-2, where the break 
in the expansion curve is the sharpest (Fig. 9), this increase is the 
least. Any changes in length which do occur at 1650°F (900 °C) 
are likely due not only to further slight precipitation but probably 
are associated with the coalescence of the precipitate and carbide 
particles. 

Electrical Resistivity—Resistance specimens were aged for vari- 
ous lengths of time, as shown in the introduction, under microscopic 
analysis. As shown in Fig. 14, electrical resistivity, as measured 
after each aging treatment, changed very little between room temper- 
ature and 800°F (425°C). Beyond 1000°F (540°C) the re- 
sistivity of every alloy decreased, generally to the range of aging 
temperatures where the greatest precipitate was seen microscopically. 
As the aging precipitate was taken back into solution, the resistivity 
again rose. The cause for the inflection in the curve at 800 to 
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Fig. 12—-Change in Length of Alloy 100 NT-2 at Each of Four Constant Temperatures. 
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Fig. 13—Change in Length of Alloy 111 VT2-2 at Each of Three Constant Temperatures 
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Fig. 14—Variation of Electrical Resistivity with Aging Temperature. 


1000 °F (425 to 540°C) is not clear. A pre-precipitation phenom- 
enon may be involved, since the magnetic properties of LOONT-2 
change at the same temperatures, and in one alloy (25V-0) there is 
a corresponding slight break in the expansion curve. However, these 
changes might well be caused by stress-relief. It had been found 
that filings had to be annealed at above 1000 °F (540 °C) to produce 
sharp X-ray diffraction lines, showing that this is the temperature 
range which provides stress-relief. 

The presence of elements in solid solution in general increases 
resistivity. The curves in Fig. 14 show this trend. In general, there 
is no significant decrease in resistance below that of the cast material 
until the 1200 to 1400 °F (650 to 760°C) treatments. Re-solution 
of the precipitate is likewise indicated by the increase in resistance 
above 1600 to 1800 °F (870 to 980 °C). 

Prolonged heat treatment at elevated temperatures helped to show, 
by the change in resistivity, the stability of two of the alloys. As shown 
in Fig. 15, resistivity of LOONT-2 and 111 VT2-2 after aging at 
1000 °F (540°C) remained unchanged, except for a 5 to 25-minute 
period of adjustment in the case of 1OONT-2. That this slight change 
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Fig. 15—Change in Electrical Resistivity After Aging at Three Constant Temperatures. 
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Fig. 16—Variation of Magnetic Deflection with Aging Temperature. 
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is not due to aging is presumed from the facts that no aging was seen 
microscopically and that the change was an increase of resistivity, 
while treatment at higher temperatures where aging certainly took 
place caused a decrease of resistivity. At 1350°F (730°C) this 
initial inoculation period. was absent. The resistivity of alloy 
100 NT-2 was constant after aging 15 minutes. Changes in 111 VT 2-2 
were slight and inconclusive at that temperature. 

Magnetic Susceptibility—Only the alloy containing iron 
(100NT-2) responded to magnetic treatment. Fig. 16 shows that 
there was no change up to 800°F (425°C), a slight inflection at 
900 °F (480°C), and a rapid increase in magnetic susceptibility be- 
yond. The increase in susceptibility is discontinuous, and this 
anomalous behavior may be caused by the relief of internal stress at a 
temperature between 900 and 1400°F (480 and 760°C). In the 
neighborhood of 1400°F (760°C) the rapid rise of the curve is 
associated with the onset of visible aging. 

Stress-Rupture—Even before the supplementary data were ac- 
cumulated for the purpose of this study, rupture tests, wherein the 
aging temperature was the variable, were showing that the strength 
at high temperatures as well as the ductility were greatly influenced 
by the prior aging treatment (2). In some cases the data were for 
similar but not identical alloys. The tests were not repeated because 
it was known that none of the alloying elements was nearly as impor- 
tant as carbon in influencing aging behavior, and only alloys with 
similar carbon contents were compared. 


Attoy 25V-0 


While no results are available on the regular Vitallium alloy, 
a modified Vitallium wherein 2% manganese is present instead of 
the usual 0.5 to 1% clearly shows the changes in high temperature 
properties (at 1500°F) with increasing aging temperature. All 
aging times were set at 48 hours. Fig. 17 shows that maximum 
strength and minimum ductility at 1500 °F (815°C) and 20,000 psi 
occur for the alloy when aged 48 hours at 1350 °F (730 °C) prior to 
testing. It therefore appears that the particle size and its mode of 
distribution are at some optimum value for attaining maximum 
strength when aging occurs for 48 hours without load at 1350°F 
(730°C). Quite apparently heating at 1600 °F (870°C) causes the 
formation of a particle size and distribution of the precipitate charac- 
teristic of overaging. 
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While no evidence of precipitation at 1000°F (540°C) was 
detected microscopically or by X-ray, stress-rupture results showed 
that a change had taken place. Fig. 17 showed that the rupture time 
increased from 90 hours in the cast condition to 137 hours after 
aging 48 hours at 1000 °F (540°C). Aging at a higher temperature, 
of course, increased the strength considerably. If a precipitate 
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Fig. 17—Rupture Life as a Function of Aging Temperature 


for Alloy 27V-3. Test temperature was 1500 °F and stress 
was 20,000 psi. 


actually forms at 1000 °F (540°C), the particles are too small to be 
observed microscopically, and are too small a portion of the total 
mass to be observed by X-ray diffraction. 


45R-6 


Again as with low carbon Vitallium, no rupture results are 
available on regular 6059, but data are available on alloy 49T-6, a 
6059 composition modified by the addition of 1% of titanium. Table 
III gives rupture life and ductility values at 25,000 psi and 1500 °F 
(815°C) as a function of the aging temperature. Aging time was 
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48 hours at the indicated temperature. In some cases duplicate 
determinations were made. 


‘Table nm 


— — and Ductility of F aaa 49T-6 
t 25,000 psi at 1500 ° 


Hours to % Reduction 
Stress, psi Rupture % Elongation of Area 
As-cast—48 hours, 1000 °F 25,000 48.2 14.1 19.6 
As-cast—48 hours, 1350°F 25,000 65.1 28.3 20.3 
As-cast—48 hours, 1350°F 25,000 83.6 15.9 15.0 
As-cast—48 hours, 1500°F 25,000 84.4 23.0 18.6 
As-cast—48 hours, 1500°F 25,000 126.6 23.0 16.3 


As-cast—48 hours, 1600°F 25,000 36.1 22.2 13.4 


In spite of the fact that alloy 6059 is quite irregular in per- 
formance in rupture tests at 1500 °F (815 °C), the table shows suf- 
ficient trend to indicate that maximum strength and ductility are 
attained by the 1500°F (815°C) aging treatment. As usual, the 
degree of improvement attained by selecting the proper aging treat- 
ment is appreciable. 


100 NT-2 


Despite the fact that all the supplementary data show that alloy 
100 NT-2 ages on exposure of the solution-treated specimen to tem- 
peratures in the range 1350 to 1800°F (730 to 980°C), none of 
the rupture tests shows any improvement with aging treatments in 
the range of 1350 to 1600 °F (730 to 870°C). Probably the reason 
for this is that the carbides contribute so very much to the strength 
of the alloy that any benefits imparted to the matrix through aging 
are not apparent. The change in rupture life due to aging treat- 
ments is no greater than the difference in rupture lives of two speci- 
mens from the same heat or from different heats (3). In low carbon 
alloys where the massive carbides constitute but a small area of any 
cross section and are far from complete in any given path in the 
structure, aging benefits imparted to the austenitic matrix are large 
and are readily apparent in any rupture test. Compare the structures 
of Figs. 4 and 6, a high and low carbon alloy respectively. 


111 VT 2-2 


As with alloy 10ONT-2, while aging is known to occur in this 
alloy, the effects are not obvious in a rupture test at 1500°F 
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(815°C) (3). Again the path of the carbides is so great and the 
carbides are correspondingly so strong, that any strengthening effect 
on the austenitic matrix through aging is not perceptible. Table IV 
shows this effect directly in a group of high carbon VT2-2 alloys 
and in several modifications of it, at 30,000 psi and 1500 °F (815 °C). 








Table IV 
Hours to % Reduction 
Alloy Rupture % Elongation of Area 
91 VT 2-2* As-cast—No aging 180.0 7.9 4.1 
As-cast—48 hours—1500 °F 174.3 15.3 8. 
93 VT 2-2* As-cast—No aging 213.8 4.7 2.6 
As-cast—48 <> maga °F 179.4 ce 2.8 
102 VT 2-2* As-cast—No agi 174.0 6.4 4.1 
As-cast—48 —— °F 173.3 5.6 4.5 
114 VT 6-2* As-cast—No aging 114.6 7.2 4.5 
As-cast—48 hours—1350 °F 101.7 6.4 4.1 
109 VN 4-2* As-cast—No aging 169.4 18.9 8.7 
ed As-cast—48 hours—1350 °F 157.6 14.4 11.3 





*The first three are VT 2-2 alloys with carbon contents ranging from 0.91 to 1.02%, having 
the composition shown in Table I. 

114 VT 6-2 contains 1.14 C, 23 Cr, 63 Co, 6 Mo, and 6% Ta. 

109 VN 4-2 contains 1.09 C, 4 Ni, 23 Cr, 65 Co, and 6% Mo. 





Without attaching too much significance to the exact results, the 
table above shows that aging at 1350 or 1500 °F (730 or 815 °C) 
does not strengthen the alloy and apparently, on the average, de- 
creases the ductility slightly. 


CONCLUSIONS 


The results of all the measurements made show that these four 
alloys are stable up to 900 or 1000 °F (480 or 540°C). While no 
reaction at this temperature can be observed microscopically, the 
results of several different types of measurements indicate that some 
sort of change is taking place in this temperature region. The first 
definite precipitation was noticed in all four alloys at close to 1350 °F 
(730°C). The maximum amount of aging was at 1550 to 1600 °F 
(845 to 870 °C) in the two low carbon alloys, and at 1600 to 1700 °F 
(870 to 925 °C) in the high carbon alloys. In all cases agglomera- 
tion of the precipitate began at around 1700°F (925°C), and by 
2100 to 2200°F (1150 to 1205 °C) practically all of it was back 
in solution. The carbides were observed to have a melting point 
slightly lower than the rest of the alloy. 

An effort was made to determine the rate of the precipitating 
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reaction. The study was made at four temperatures: 1000, 1350, 
1500, and 1650 °F (540, 730, 815, and 900°C). In spite of indica- 
tions of a possible reaction at 1000°F (540°C), all of the alloys 
were quite stable at that temperature. The temperature of least 
stability (i.e., greatest reaction rate) was 1350 °F (730°C). Alloys 
25 V-0 and 111 VT2-2 were stable for about 2 hours at this tempera- 
ture before a noticeable change took place. In many cases the reac- 
tion proceeded in a logarithmic manner for the duration of the test 
(up to 6 days) ; in others, the curve became asymptotic after a time. 
In general, the iron-bearing 100 NT-2 behaved in the latter fashion. 
This initial inoculation period was not present at 1500 ard 1650 °F 
(815 and 900 °C) ; doubtless, reactions which were delayed at lower 
temperatures were accelerated or completed while heating up to the 
higher test temperatures. 

Perhaps one of the more surprising results of this investigation 
was the discovery that alloys differing so widely in composition be- 
haved so much alike. The carbon content ranged from 0.25 to 1.1%, 
cobalt from 20 to 68%, and iron from impurity amounts to 20%, 
yet the temperatures for an aging precipitate to form, and to go 
back into solution, were nearly identical. 

The ultimate purpose of the investigation was to enlarge our 
understanding of high temperature alloy behavior, with the aim of 
producing even stronger alloys. The aging reaction is known to be 
an important one in producing the optimum structure for highest 
strength. However, it was found that the additional strength im- 
parted to an alloy by aging was of importance only if the metal did 
not already possess a nearly-continuous carbide network. The pres- 
ence of such a network was a function not only of the carbon con- 
tent, but also of the amount of carbide-forming elements, such as 
tantalum, columbium, molybdenum, and tungsten. In general, aging 
is of special importance in the lower carbon alloys where the austenite 
matrix is not broken up by semicontinuous carbide meshes. 

Test and performance results have shown that the strength of 
the N-155-type alloy, compared with other alloys, does not drop off 
as greatly when the temperature, and especially when the time is 
increased. This observation can be correlated with the results of the 
aging tests. Table V below shows approximate temperatures for 
aging to appear, reach a maximum, for visible agglomerations to take 
place, and for the precipitate to dissolve. The temperature for car- 
bide change included both extensive coalescence and melting. While 
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the temperatures for aging to appear and reach a maximum, and for 
agglomeration to begin are commensurable for all the alloys, solution 
of the aging precipitate in alloy LOONT-2 is not complete until a 
higher temperature is attained. The change of electrical resistivity 
with aging temperature, Fig. 7, substantiates this difference in be- 
havior. 











Table V 
Beginning of Carbide 
Visible Aging Max. Aging Agglomeration Re-solution Change 
Alloy °F °F °F °F °F 
25 V-0 1300 1550-1600 1600 2100 2300 
45 R-6 1300 1550 1600 2200 2300 
100 NT-2 1300 1700 1700-1800 2250 . 2300 
111 VT 2-2 1300 1600-1700 1700-1800 2100 2250 
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DISCUSSION 


Written Discussion: By George C. Deutsch and Charles Yaker, En- 
gine Performance and Materials Division, National Advisory Committee 
for Aeronautics, Cleveland. 

Although high-temperature alloys of the types investigated have been 
in use for a number of years, large gaps in fundamental metallurgical data 
concerning these alloys still exist. In making this very comprehensive 
investigation, the authors have materially contributed to gas-turbine- 
alloy research. 

In this paper the effects of changes in the face-centered-cubic and 
hexagonal-close-packed matrix phases on the physical properties have been 
considered simultaneously with the effect on the physical properties pro- 
duced by the precipitation of,microconstituents. From the standpoint of 
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improving the properties of alloys, it would be of considerable interest to 
have these two effects separated. Badger and Sweeny’ point out that, in 
the range of aging temperatures of Vitallium, there would be an increase . 
in the per cent of the hexagonal phase in the cubic matrix. A study of 
the cobalt-chromium equilibrium diagram shows that at higher tempera- 
tures (above approximately 1700 °F) a second-phase transformation, back 
to cubic, which would act as a re-solution, takes place. Thus the analogy 
between phase changes in the matrix and the precipitation and solution 
of microconstituents is complete. Also, alloy 25 V-0 contained no nickel. 
Inasmuch as commercial Vitallium, the alloy that is most similar to 
25 V-0, has approximately 2.5% nickel and it is known that nickel tends to 
inhibit the transformation to the hexagonal-close-packed phase, it is pos- 
sible that the effects observed in 25 V-0 would not be as pronounced 
in Vitallium. 

This investigation showed a remarkable increase in rupture life caused 
by aging low-carbon Vitallium alloy 27 V-3 containing 2% manganese; 
however, Grant (2) has shown in curves of rupture life versus per cent 
manganese at the same test conditions that the rupture lives for aged 
Vitallium in the range of 0.5 to 1% manganese (the manganese range 
for commercial Vitallium) are much lower than the values presented for 
the alloy with the 2% manganese content. In the same reference, the 
range of results obtainable for the aged Vitallium with 0.5 to 1% manga- 
nese is roughly the same as that reported in the literature for as-cast 
Vitallium. Thus it appears that the alloy investigated shows greater 
susceptibility to age hardening and is superior for the lives shown than 
is commercial Vitallium. 

Dr. Grant (2) also presents rupture data on 45 R-6, which is the alloy 
discussed in the present paper. This alloy shows only a slight and per- 
haps nonsignificant increase in rupture life on aging. Inasmuch as this 
alloy more nearly resembles commercial alloy 6059 than does alloy 49 T-6, 
for which data are presented in this paper, it would be hazardous to gen- 
eralize for alloy 6059 on the basis of the data presented for alloy 49 T-6. 
It is possible that the 1% titanium additionally present in alloy 49 T-6 
causes a precipitation phenomenon which is not so marked or is absent 
in regular 6059. 

The photomicrographs in this paper show that, at the highest aging 
temperatures (2200 and 2300°F), the secondary carbides have dissolved 
and the primary carbides are dissolving into the matrix solid solution. 
Because the quantity and speed of precipitation of carbides is a function 
of the total amount of carbides in solution, it would be reasonable to ex- 
pect that more pronounced aging effects than were reported would be 
observed if the maximum carbide solution had been achieved prior to 
aging. Therefore, it would be of interest to study the aging of alloys 
25 V-0, 45 R-6, and 111 VT 2-2 after a solution treatment selected to give 
maximum carbide solution. 


°F. S. Badger, Jr. and W. O. Sweeny, Jr., ‘“‘Metallurgy of High-Temperature Alloys 
Used on Current Gas Turbine Designs,” Symposium on Materials for Gas Turbines, Ameri- 
can Society for Testing Materials, 1946, p. 99. 
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The possible effect of the cobalt transformation was pointed out in 
the paper, but no data were presented because of our inability to obtain 
reliable measurements on relative proportion of cubic and hexagonal struc- 
tures in the coarse-grained cast material. Subsequent X-ray measure- 
ments on heavily cold-worked filings showed that most alloys were face- 
centered cubic, an exception being the Vitalliums. Irrespective of carbon 
content, filings from cast Vitallium were completely hexagonal, while 
after aging the structure was completely cubic. In the Badger and 
Sweeny article referred to, the alloys were aged after a solution treat- 
ment at 2125°F (1165 °C). The initial condition was not stated but 
probably was cast. They found that solution-treated Vitallium was com- 
pletely cubic, and that subsequent aging caused the appearance of a 
mixed hexagonal-cubic structure. Notice the two important differences in 
treatment; our alloy specimens were not solution-treated, and were 
heavily cold-worked before aging. Before aging our alloys (for X-ray 
examination), we started with the stable low temperature hexagonal form. 
Badger and Sweeny retained the metastable high temperature configura- 
tion before aging their alloys. Thus, the only discrepancy is that our 
aged alloys were completely cubic, while theirs were a mixture of phases 
after aging. It is entirely possible that the phase transformation referred 
to by Deutsch and Yaker may help account for the difference. However, 
the binary cobalt-chromium system is not applicable, since other elements 
present, especially carbon and nitrogen, have such an important effect on 
this system and tend to lower the two-phase field. It is probable that 
most highly-alloyed cobalt-chromium alloys are cubic at all times because 
of the effect of these alloying elements on lowering the hexagonal — 
cubic transformation. This lowering is also true of nickel additions. 

Our work, done over two years ago, was only a survey of the aging 
problem. The complication just discussed is of importance, and we are 
now calibrating a high temperature X-ray camera, which, we hope, will 
throw further light on the subject. 

With regard to the rupture data on alloys similar, but not precisely 
the same, to Vitallium and 45 R-6 (6059), our intent was to show that a 
marked difference in rupture life resulted from aging at various tempera- 
tures; the precise values are of little consequence. 

It is true, as pointed out by Deutsch and Yaker, that aging effects 
probably are more pronounced after aging a solution-treated alloy than 
when aging a cast alloy. However, the rupture strengths of these alloys 
are usually greater when aged in the cast condition, and this fact explains 
our choice of treatment. Vitallium, solution-treated at 2200°F (1095 °C) 
or higher, takes the primary carbides into solution. On subsequent aging, 
a very heavy precipitate is formed, frequently at the grain boundaries, 
yielding a more brittle alloy. This is shown in reference (2) of this paper. 
Lower solution temperatures than 2200°F (1095 °C) can possibly improve 
the alloy when cooling after solidification is too slow and permits some 
excess phase precipitation at..temperatures other than 1350°F (730°C). 


NICKEL-BASE ALLOYS FOR HIGH TEMPERATURE 
APPLICATIONS 


By A. G. Guy 
Abstract 


Information is given on a new series of cast, nickel- 
base high temperature materials containing aluminum, 
molybdenum, and chromium as the principal alloying ele- 
ments. Rupture test data at 1500 °F (815°C) show that 
a number of the alloys in the series have higher rupture 


strengths than the best of the cobalt-base materials now in 
use. 


S industrial machines operating at temperatures in the vicinity 
of 1500°F (815°C) become larger and more widely used, 
the importance of a relatively inexpensive construction material will 
increase. The high price of cobalt makes alloys using this metal 
as a base unavoidably expensive, but at present these compositions 
are the principal choice for exacting applications. Iron-base alloys, 
from a cost standpoint most desirable, appear to be incapable of 
meeting the strength and oxidation resistance requirements. Inter- 
mediate in cost are the nickel alloys, and compositions now on the 
market demonstrate the excellent oxidation resistance of these alloys, 
although the high temperature strengths are not so good as those 
found in cobalt-base materials. 
The object of the present work was the development of a nickel- 
base alloy having superior rupture strength at 1500 °F (815 °C). 


PREPARATION AND TESTING OF ALLOYS 


All of the compositions were made from commercially pure 
metals and were melted in the small arc furnace described by Epre- 
mian (1). The order of melting was nickel, molybdenum, chro- 





1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The author, A. G. Guy, is asso- 
ciate professor of metallurgy, Mechanical Engineering Department, North 
Carolina State College, Raleigh, North Carolina. This work was done in the 
Research Laboratory, General Electric Co., Schenectady, N. Y. Manuscript 
received Februaty 6, 1948. 
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mium, ferrocolumbium, silicon and manganese, ferroboron, and 
aluminum. The bar of aluminum was added about 30 seconds before 
casting the 2-pound heat at about 2910 °F (1600 °C) into a ceramic 
precision casting mold at 1470 °F (800°C). The 0.253-inch diam- 
eter, 2-inch gage length specimens produced by this casting process 
were rupture tested without further heat treatment. X-ray inspec- 
tion was used to insure the soundness of test bars. The same equip- 
ment and procedure used by Epremian (1) were used to obtain 
rupture data. 


RESULTS 


Although a wide variety of nickel-base alloys were investigated 
in a tentative manner, effort was soon concentrated on a composition 
range suggested by examination of the aluminum-molybdenum-nickel 
ternary diagram given by Jaenecke (2). To the solid solution 
nickel-base alloy containing 6% aluminum and 6% molybdenum, 
20% chromium was immediately added for oxidation resistance. 
This composition was found to have a 1500 °F (815°C) 100-hour 
rupture strength of 26,000 psi, a strength comparable to that of 
the better cobalt-base alloys, and much superior to previously used 
nickel-base alloys. Extensive tests showed that the rupture strengths 
of alloys in this range were considerably improved by the addition 
of 0.5% boron and 2% columbium to the melt. 

The results of a fairly complete survey of the rupture strengths 
of compositions in this range are given in Figs. 1 to 10. All of the 
alloys had the following nominal analysis in addition to the aluminum, 
molybdenum, and chromium contents noted in the figures: 


Boron 0.5% 
Columbium 2.0% 
Iron 4.5% 
Silicon 0.5% 
Manganese 0.5% 
Nickel Balance 


Chemical analyses for each of the elements except boron were 
obtained for two of the compositions. In each instance the actual 
analysis was very nearly the same as the nominal analysis as shown 
in Table I. 

Figs. 1 to 3 show that the best combination of 100-hour rupture 
strength and elongation is obtained in alloys containing about 6% 
aluminum. Fig. 4 shows that in the 6% aluminum, 10% chromium 
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Table I 
Actual Analysis Nominal Analysis Actual Analysis 
Alloy B129 Alloy B132 
0.06 0.1 Cc 0.1 0.20 
14.24 15.0 Mo 5.0 4.68 
65.38 66.0 Ni 71.0 70.63 
5.47 6.0 Al 6.0 5.55 
0.40 0.5 Mn 0.5 0.46 
0.42 0.5 Si 0.5 0.71 
2.32 2.0 Cb 2.0 2.28 
0.82 0.0 Co 0.0 0.54 
4.11 4.5 Fe 4.5 4.23 
4.86 5.0 Cr 10.0 9.69 
98.08 99.6 99.6 98.97 
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1500°F(815°C) |OO- Hour Rupture Strength, |OOOpsi 
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Note: Figures at each point represent 
Elongation % in 2 inches 


Fig. 1—Effect of Aluminum Content on the 100-Hour 
Rupture Strength of Alloys Containing 5% Chromium and 
5. 10, or 15% Molybdenum. 


alloys, a maximum 100-hour rupture strength is attained at 5 to 7% 
molybdenum. Fig. 5 shows that a number of chromium-molybdenum 
combinations produce high strengths. 

The 1000-hour rupture strength data, Figs. 6 to 10, give nearly 
the same results as the 100-hour rupture strength data. However, 
the maximum in the 5% molybdenum curve of Fig. 10 indicates that 
the best material in this series has the composition range: 
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Chromium 12-15% 
Molybdenum 5- 6% 
Aluminum 5.5- 7% 
Columbium 2% 
Boron 0.5% 
Iron 4.5% 
Manganese 0.5% 
Silicon 0.5% 
Nickel Balance 


Preliminary tests on alloys of this series have given the follow- 
ing tentative information : 
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Note: Figures at each point represent 
Elongation % in 2 inches 


Fig. 2—Effect of Aluminum Content on the 100-Hour 


Rupture Strength of Alloys Containing 10% Chromium 
and 5, 10, or 15% Molybdenum. 


Age hardening. No appreciable hardening occurs at aging tem- 
peratures near 1500°F (815°C). The room-temperature 
hardness is about Rockwell C-40. : 

Impact strength. Unnotched 0.250-inch square Charpy bars 
absorbed 5 foot-pounds at 1500 °F (815 °C). 

Fatigue strength. The fatigue strength appears to be compa- 
rable to that of Vitallium-type cobalt-base alloys. 

Tensile strength. The room-temperature tensile strength is 





o 
1500°F(815°C) |OO- Hour Rupture Strength, $ 


1000 psi 
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Aluminum % 


Note: Figures at each point represent 
Elongation % in 2 inches 


Fig. 3—Effect of Aluminum Content on the 100-Hour Rupture Strength of Alloys 
Containing 20% Chromium and 5, 10, or 15% Molybdenum. 




















1500°F (815°C) |OO- Hour Rupture Strength, 








0 5 10 5 
Molybdenum % 


Note: Figures at each point represent 
Elongation % in 2 inches 


Fig. 4—Effect of Molybdenum Content on the 100-Hour Rup- 
ture Strength of Alloys Containing 6% Aluminum and 5 or 10% 
Chromium. 


about 140,000 psi, while the value at 1500 °F (815°C) is 
100,000 psi. 
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Note: Figures at each point represent 
Elongation % in 2 inches 
Fig. 5—Effect of Chromium Content on the 100-Hour 


Rupture Strength of Alloys Containing 6% Aluminum 
and 5, 10, or 15% Molybdenum. 


Oxidation resistance. The resistance to oxidation by the atmos- 
phere at 1500°F (815°C) is outstanding. Many speci- 
mens were still bright after 100 hours’ exposure in the rup- 
ture testing furnace. 

Forgeability. Attempts to hot work or cold work alloys of this 
series were unsuccessful. 

Photomicrographs of a typical alloy in this series are shown in 
Figs. 11 to 14. The etchant used on these specimens was an aqueous 
ferrous chloride and hydrochloric acid solution. Comparing Figs. 12 
and 13, it is evident that a constituent precipitates from the solid 
solution on heating at 1470°F (800°C). Thus, it is likely that 
age hardening would occur if the aging temperature were sufficiently 
low. The high strength of this material is undoubtedly due in part 
‘to the second phase widely..distributed in the matrix, Fig. 12. Fig. 
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|500°F (816°C) |OOO-Hour Rupture Strength, 1000 psi 





Aluminum % 


Note: Figures at each point represent 
Elongation % in 2 inches 
Fig. 6—Effect of Aluminum Content on the 1000- 


Hour Rupture Strength of Alloys Containing 5% Molyb- 
denum and 5 or 10% Chromium. 


14 shows that the microstructure of the cast material is not appre- 
ciably affected by heating at 1500 °F (815 °C) under high stress for 
long periods. 


DISCUSSION 


Applications of alloys in this series will be somewhat restricted 
by the fact that they have low ductility and that they have not been 
successfully hot-worked or cold-worked. However, modern casting 
and forming techniques should permit their use in most instances 
where the need for exceptional high temperature strength and oxida- 
tion resistance is great. 

It is unlikely that these alloys would be chosen for service at 
temperatures below about 1300°F (705°C) in view of the satis- 
factory properties of iron-base materials in this range. However, 
in the neighborhood of 1500°F (815°C) the best alloys in this 
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1500°F (815°C) |OO0-Hour Rupture Strength, |OOO psi 








Aluminum % 


Note: Figures at each point represent 
Elongation % in 2 inches 


Fig. 7—Effect of Aluminum Content on the 1000- 
Hour Rupture Strength of Alloys Containing 10% 
Molybdenum and 5 or 10% Chromium. 


series have rupture strengths and oxidation resistance unexcelled 
by any material now in use. 

The behavior of the alloys during attempts at hot working 
suggests that they would have moderate strength at temperatures in 
the neighborhood of 2000°F (1095°C). In a few rupture tests 
run at 1700 °F (925 °C) the oxidation resistance was good and the 
100-hour rupture strength was in the 15,000 to 20,000 psi range. 

The presence of about 6% aluminum in these alloys causes 
some difficulty in melting. The oxidation of the aluminum produces 
a viscous slag in the melting furnace and also reduces the aluminum 
content of the final alloy. Although the melting procedure used in 
the present work minimized these difficulties, it is likely that remelt- 
ing of these alloys would present some problems. 
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Note: Figures at each point represent 
Elongation % in 2 inches 
Fig. 8—Effect of Aluminum Content on the 1000- 


Hour Rupture Strength of Alloys Containing 15% Mo- 
lybdenum and 5 or 10% Chromium. 


SUMMARY 


The result of this investigation has been the discovery of a group 
of nickel-base alloys having unusually high rupture strengths at 
1500 °F (815°C). These alloys also have excellent oxidation resist- 
ance, and moderate fatigue strength. Although, compared to cobalt- 
base materials, these alloys have low elongation and impact resist- 
ance, it is probable that they are suitable for many industrial 


applications. 
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Note: Figures at each point represent 
Elongation % in 2 inches 


Fig. 9—Effect of Molybdenum Content on the 1000-Hour 
Rupture Strength of Alloys Containing 6% Aluminum and 
5 or 10% Chromium. 
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Fig. 10—Effect of Chromium Content on the 1000- 
Hour em Strength of Alloys Containing 6% Alumi- 
num and 5, 10, or 15% Molybdenum. 
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Fig. 11—Alloy B85 (6% Aluminum, 10% Molybdenum, 5% Chromium) As-Cast. 
Fig. 12—Alloy B85 Water-Quenched From 2190 °F (1200 °C). x 500. 


Fig. 13—Alloy 
Hours at 1472 °F (800 °C). x 500 





xX 500. 


B85 Water-Quenched From 2190 °F (1200°C) and Heated 20 


Fig. 14—Alloy, B85 As-Cast and Rupture Tested at 1500°F (815°C) Under 


40,000 Psi for 193 Hours. X 500. 
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DISCUSSION 


Written Discussion: By H. V. Kinsey, metallurgical engineer, Bureau 
of Mines, Ottawa, Ont., Canada. 

Dr. Guy’s paper giving some stress-rupture properties of cast nickel- 
base alloys containing chromium, molybdenum and aluminum as major 
alloying elements and columbium and boron as minor alloying elements 
is of particular interest to us since we have been engaged in a similar 
alloy development program at the Physical Metallurgy Research Lab- 
oratories of the Canadian Bureau of Mines, for the past three years. 

Our work has developed along somewhat different lines and at prob- 
ably a little slower pace than the work reported on in this paper. We are 
investigating several simple ternary alloy systems of which the nickel- 
aluminum-molybdenum system is one. Alloys belonging to this system 
have to date shown the most promise when evaluated on the basis of 
creep-rupture properties at 1500 °F (815°C). The best alloy of this system 
that we have produced and tested to date is considerably below Dr. Guy’s 
alloys in its stress-rupture properties. This alloy, which has an analysis 
of 66.5% nickel, 7.0% aluminum and 25.5% molybdenum, when tested at 
1500 °F (815°C), using a stress of 40,000 psi, broke in 100 hours with a 
total elongation of 4%. 

The fact that Dr. Guy shows that the addition of chromium to certain 
nickel-aluminum-molybdenum alloys is beneficial is most interesting. Our 
work indicated that the simple nickel-aluminum-chromium system was 
not particularly promising. 

It is interesting to note also that Dr. Guy has found that the addition 
of boron and columbium are beneficial to the stress-rupture character- 
istics of these alloys. Do these elements act independently or is it neces- 
sary to have both of them present to obtain these benefits? Is the boron 
present in solid solution or does it exist in the alloy as a boride? Could 
we have some quantitative data on the effect of these two elements? 

From an analysis of the data presented it would appear that molyb- 
denum and chromium are, to a limited extent, complementary in these 
alloys, and that when the molybdenum plus chromium content is between 
15 and 20% of the total alloy, optimum stress-rupture characteristics are 
realized. The similarity in stress-rupture properties of alloys. having a 
molybdenum plus chromium.eontent of 17% is rather striking. 
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It is interesting to note that the results of Dr. Guy’s work confirm 
our own findings on the influence which variations in aluminum content 
will have on the creep-rupture properties of these alloys. There is an 
optimum aluminum content above which increasing aluminum causes a 
deterioration of creep-rupture properties. In our work we have been able 
to correlate this falling off of creep-rupture properties with the appearance 
of a phase that we have identified as the intermetallic compound, NiAl. 
In the simple ternary nickel-aluminum-molybdenum system this phase 
begins to occur when the Ni: Al ratio is between 7:1 and 6:1. We have 
found this a rather useful method of roughly classifying this type of alloy. 

We melt our alloys in a high-frequency induction furnace and cast 
centrifugally. It is our experience that neither the melting nor the 
remelting of these alloys presents any great problem, as long as the proper 
corrections are made for aluminum losses and suitable fluxes are used. 

We wish to compliment Dr. Guy on the very interesting paper he has 
presented and look forward to hearing of future work by Dr. Guy and 
his successors with these alloys. 

Written Discussion: By N. J. Grant, associate professor, Massachu- 
setts Institute of Technology, Cambridge, Mass. 

Dr. Guy has introduced a series of alloys of considerable interest 
because of the high-strength short-life characteristics. This is just 
another example of the great improvement which may be accomplished in 
a relatively soft element such as nickel through balanced alloying. It 
predicts an even greater future for cast alloys based on metallic elements 
of higher recrystallization temperatures than nickel—for example, tita- 
nium, chromium, zirconium, and molybdenum. 

It is not evident from Dr. Guy’s paper that these alloys have steep 
curves on the log stress or log rupture time curves. They do, and because 
of this the superiority does not exist at 1000 hours (with the accompany- 
ing lower ductility). The results are shown in Table II. 








Table Il 
Stress and Elongation for Rupture Life 








Test 


Alloy Temp., °F 100 Hours 1000 Hours 
5 Cr-—15 Mo-6 Al 1500 47,000 (6) 27,000 (5) 
10 Cr-—5 Mo-6 Al 1500 50,000 (5) 27,000 (2.5) 
422-19 (Co base) 1350 47,000 (23) 36,300 (11.5) 
MIT-J Alloy (Co base) 1350 52,500 (7) 40,500 (7) 
MIT-J Alloy (Co base) 1500 34,800 (13) 28,000 (10) 
X-40 (Co base) 1500 28,000 (12) 23,200 (7) 


The experience with boron-containing alloys is that large increases 
in high temperature strength may readily be realized. The increase is not 
uniform from heat to heat, however, since apparently the boron content 
is critical. With 6% aluminum, boron recovery is probably fairly good 
compared to aluminum-free alloys, and this may be the means of getting 


good recovery. Without chemical analysis this remains an important 
consideration. 
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In Table III are listed some rupture values for high carbon (0.60 to 
0.80%) N-155 alloys containing 0.1 to 0.5% added boron. 


Table Ill! 





Stress-Rupture Values at 30,000 Psi and 1500 °F 
Alloy Solution Temp. °F Rupture Time % Elong. 
No. 1 (0.1B) 2100-W 363 6.4 
No. 2 (0.2B) 2100-W 266 8.2 
No. 3 (0.2B) 2100-WO 180 4.5 
No. 4 (0.2B) 2200-W 918 4.0 
2200-W 529 ‘ 


The spread of values is large. The best values for the same alloy 
without boron are about 70 to 80 hours with 6% elongation. Subsequently, 
other heats were cast which showed rupture lives of only 40 to 100 hours 
at the same combination of stress and temperature. 

It would certainly be interesting to know the effect of removing all 
the boron from the alloy. 

Written Discussion: By FE. Epremian, graduate student, Carnegie 
Institute of Technology, Pittsburgh. 

Dr. Guy is to be complimented for his discovery of a new type of 
alloy for high temperature service. The mechanical properties of these 
materials are far superior to those of the conventional cobalt-base alloys. 
There are a few minor points which I should like to question. ‘Are both 
columbium and boron neccssary for the high strength at elevated temper- 
atures? I have found that boron is a potent strengthener in cobalt-base 
alloys, but the further addition of columbium contributes little to the 
mechanical properties. Also, it would appear unnecessary to deoxidize 
with manganese and silicon since relatively large additions of aluminum 
are made. 

Written Discussion: By E. N. Skinner, Development and Research 
Division, International Nickel Co., Inc., New York, and A. M. Talbot, 
Research Laboratory, The International Nickel Co., Bayonne, N. J. 

It is most gratifying to find in this paper attention focussed upon 
one of the more common and less expensive elements for the matrix of 
high strength—high temperature materials. The stress-rupture data 
presented by the author are most interesting and certainly would seem 
to warrant further investigation and close scrutiny by those concerned 
with applications in which this property, together with excellent resistance 
to oxidation, is important. 

We have, at one time or another, briefly examined the potentialities 
of aluminum-containing nickel and nickel-chromium compositions. Our 
enthusiasm regarding the good high temperature strength and well-known 
excellent resistance to oxidation and other forms of high temperature 
corrosion has been considerably dampened on finding that these alloys 
containing more than 3 to 4% aluminum possess greatly impaired ductility 
over a range of temperatures. This loss of ductility, which precludes hot 
working on a commercial scale and, at higher aluminum contents, even 
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mild cold working, is believed to be associated with the formation of an 
intermetallic compound, possibly NisAl, which is hard and brittle and 
predisposed to location in the grain boundaries. 

Whatever the cause of room temperature brittleness, it has become 
apparent in some cases that acceptable levels of ductility may neverthe- 
less be secured under prolonged application of stress at high temperature 
as in the stress-rupture test. Conversely, there is no assurance that a 
useful level of ductility obtaining at high temperatures will still be in 
evidence at room temperature. There have been experimental precision 
casting compositions which we have tested that have shown promising 
stress-rupture properties but at room temperatures developed a glass-like 
brittleness, especially under impact, which would effectively eliminate 
them from practical consideration, at least in their present status. 

In the present paper, elongation of 2 to 4%, and in one case (15 Mo- 
5 Al-5 Cr) as high as 7.5%, are reported for 1000-hour rupture at 1500 °F 
(815°C). We would very much like to know whether, in these alloys 
containing substantial amounts of molybdenum, this level of ductility was 
maintained at room temperature and whether the impact strength was 
similarly unaffected. 


Author’s Reply 


It is especially gratifying to learn of the work Mr. Kinsey is doing 
on the nickel-aluminum-molybdenum system. When he finishes this 
research Mr. Kinsey will be in an excellent position to answer many of 
the questions that are being asked about the alloys reported on here. 
In view of the developmental nature of the present investigation, only 
fragmentary information was obtained on matters not directly related 
to the achievement of high rupture strength values. For this reason 
many of the following answers are incomplete. 

The effect of removing both boron and columbium from an alloy of 
this series was determined for the composition 10% chromium, 6% 
molybdenum, 6% aluminum. The 100-hour rupture strength dropped 
from 48,000 psi (4% elongation) to 29,500 psi (1.5% elongation), and the 
1000-hour rupture strength dropped from 29,000 psi (8% elongation) to 
23,000 psi (2% elongation). Qualitative results suggest that the removal 
of either boron or columbium separately would give an intermediate 
rupture strength value. No information was obtained on the form in 
which boron is present in the alloys. 

Short-time tensile tests were run on only a few of the compositions 
that were also rupture tested. The elongation values in these instances 
were about 1%. Room temperature impact strength was determined for 
the 10% molybdenum, 6% aluminum, 5% chromium alloy and was found 
to be about half as great as at 1500°F (815°C). In my estimation this 
measurable ductility removes these alloys from the “glass-like” group of 
brittle alloys. 

Deoxidation "with manganese and silicon was carried out before 
making the boron and aluminum additions in an effort to insure a high 
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and uniform recovery of the latter elements. It is encouraging that Mr. 
Kinsey has not experienced unusual difficulty in melting and remelting 
his aluminum-containing alloys. 

As Dr. Grant points out, it is true that these nickel-base alloys 
generally have steep log stress versus log time curves compared to cobalt- 
base alloys. However, the best of these alloys on a 1000-hour rupture 
strength basis, containing 15% chromium, 5% molybdenum, and 6% 
aluminum, has a 100-hour rupture strength of 48,000 psi (2.5% elongation) 
and a 1000-hour rupture strength of 33,000 psi (3.5% elongation). This 
decrease is not much greater than that shown by the cobalt-base alloy 
422-19 at 1350°F (730°C) in the same stress range. The reproducibility 
of the rupture values was satisfactory as is indicated by the generally 
gradual change of rupture strength with composition. 
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STABILITY OF STEELS AT ELEVATED TEMPERATURES 


By A. B. Wicper anp J. O. Licut 


Abstract 


The stability of over one hundred different types of 
steel at 900, 1050 and 1200°F (480, 565 and 650°C) is 
being evaluated over a period of 11 years. Welded sam- 
ples are included in the investigation. The results ob- 
tained in an-examination of twenty of these steels for evi- 
dence of structural changes, oxidation characteristics and 
impact properties after exposure for 10,000 hours are 
presented. 

The influence of zirconium, columbium and titanium 
on graphitization in molybdenum-bearing steels without 
chromium is discussed. Graphite observed in zirconium- 
molybdenum steel in the weld heat-affected zone was 
associated with a grain boundary phenomenon and, in 
some respects, was similar to chain graphite. Graphite 
was also observed in the zirconium and molybdenum 
steels, but not in the titanium-molybdenum or columbium- 
molybdenum steels. The Charpy impact properties of the 
zirconium steels were not appreciably changed by graphi- 
tization, but these steels were severely oxidized and decar- 
burized at 1200 °F (650 °C). 

The microstructure of the 12% chromium ferritic 
stainless steels was essentially unchanged after exposure. 
Oxidation of these steels after exposure was nil and the 
Charpy impact properties are being further investigated 
before definite conclusions are presented. The micro- 
structure of the 17% chromium steel was not appreciably 
changed, but after 10,000 hours at 1200°F (650°C) a 
new constituent near the weld metal - base metal interface 
was observed which may be sigma phase, due to alloy dif- 
fusion. Further testing will be required to establish defi- 
nite conclusions. This steel was embrittled after exposure 
for 10,000 hours at 900 to 1200 °F (480 to 650°C). Sig- 
ma phase is discussed with reference to the 27 chromium 
steel after exposure. This particular steel was brittle 
before and after exposure. Oxidation after exposure was 
essentially nil in both the 17 and 27 chromium steels. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, A. B. Wilder 
is chief metallurgist, National Tube Company, U. S. Steel Corporation Sub- 
sidiary,. Pittsburgh, and J. O. Light is chief metallurgist, National Tube Com- 
pany, Lorain Works, Lorain, Ohio. Manuscript received May 8, 1948. 
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The 18% chromium —89% nickel, 18% chromium — 
8% nickel free machining (18-8 FM), and 18% chro- 
mium—8%Y nickel-molybdenum steels were observed to 
contain carbide precipitation at the grain boundaries after 
exposure, which resulted in lowering the Charpy impact 
strength. Sigma phase was observed in the exposed 18% 
chromium —8% _ nickel-columbium and titanium steels. 
The impact properties of these two steels were also low- 
ered by exposure. Oxidation after exposure of the aus- 
tenitic stainless steels was essentially mil. 


INTRODUCTION 


Rs the past five years a considerable amount of experimental 
work on the graphitization of steels has been conducted by a 
large group of independent investigators. Most of the experimental 
work has been confined to plain carbon and low alloy steels, some 
of which are, under certain conditions, susceptible to graphitization. 
The stability of steels at elevated temperatures reported in this paper 
is part of an extensive investigation (1)* of a large number of steels 
now under exposure which will continue for a period of 11 years. 
Alloy steels generally used for high temperature service contain chro- 
mium and frequently molybdenum. In a recent paper (2) the struc- 
tural characteristics of steels containing less than 12% chromium 
after 10,000 hours’ exposure were discussed. Although chromium 
has won recognition as an inhibitor of graphitization, other alloying 
elements such as columbium, zirconium, and titanium may also be- 
have as stabilizers. The structural characteristics and properties of 
these special alloying elements in the absence of chromium have 
been investigated and the results after 10,000 hours’ exposure are 
discussed. 

The properties of steel after long periods of exposure at elevated 
temperature depend, in a large measure, upon the structural stability 
of the material. Although graphitization may appreciably influence 
the strength characteristics, particularly in the heat-affected zone of 
a weld, other structural changes may be of equal significance. It is 
desirable, therefore, to evaluate more thoroughly the stability of steels 
not normally susceptible to graphitization. Among those investigated 
after 10,000 hours’ exposure are the ferritic and austenitic stainless 
steels which are widely used for high temperature service. The prop- 
erties of stainless steels after exposure at temperatures in excess of 


1The figures appearing in parentheses pertain to the references appended to this paper. 


2: SR 





+ Aa neh 





1949 STEELS AT ELEVATED TEMPERATURES 143 


1200 °F (650°C), although of considerable importance, are beyond 
the scope of this investigation. In addition to the structural changes 
in the parent metal and in the heat-affected zone of welds, the oxida- 
tion resistance, hardness and impact properties are reported. Other 
properties under investigation include creep rupture strength, tensile 
properties, intergranular corrosion and impact transition temperature. 
These results will be reported in a later paper. 


MATERIALS INVESTIGATED 


Chemical composition with residual alloy content and deoxida- 
tion treatment of the zirconium, titanium, columbium and stainless 
steels exposed for 10,000 hours at 900, 1050 and 1200 °F (480, 565 
and 650°C) are shown in Table I. The term “deoxidation” is not 
strictly applicable to the stainless steels. The treatment indicated 
represents final additions to the steel. Heat treatment of the material 
prior to exposure and type of electrode used for the bead welds are 
shown in Table II. The steels were forged to a 1 by 1-inch bar and 
surface ground prior to exposure. All of the low alloy steels had a 
fine austenitic grain size of 5 to 8 after carburizing for 8 hours at 
1700 °F (927 °C) and the grain size before carburizing was uniform. 
The grain size of the stainless steels was not uniform in all the ma- 
terials tested. Where lack of uniformity existed, areas representative 


of the predominant condition were chosen for the metallographic 
studies. 


TESTING PROCEDURES 


Weld Bead Tests 


Two 6-inch weld beads with different heat inputs were deposited 
on opposite sides of each bar as previously described (2). The weld 
beads were deposited at the U. S. Steel Corporation Research Lab- 
oratory with automatic welding equipment in order to eliminate the 
variables involved in hand welding procedures. Structural changes 
are reported for the small weld beads only; the results of the tests 
on the large weld beads will be reported later. The small weld bead 
was deposited with a %-inch diameter electrode using 100 amperes 
at 24 volts and an arc travel speed of 10 inches per minute. No 
preheating or postheating was employed. The electrodes used aré 
shown in Table II. This small weld bead can be considered repre- 
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Table Il 
Prior Heat Treatment and Welding Electrodes 
Steel Heat Treatment Prior to Welding Electrode 

Designation Exposure Employed 
Mo 1650 °F Air Cool E-7010 
Ti-Mo (No. 61) 1650 °F Air Cool E-7010 
Ti-Mo (No. 62) 1650 °F Air Cool E-7010 
Ti-Mo (No. 63) 1650 °F Air Cool E-7010 
Ti-Mo (No. 64) 1650 °F Air Cool E-7010 
Cb-Mo (No. 65) 1650 °F Air Cool E-7010 
Cb-Mo (No. 66) 1650 °F Air Cool E-7010 
Zr 1650 °F Air Cool E-6010 
Zr-Mo 1650 °F Air Cool E-7010 
12 Cr (410) 1525 °F Furnace Cool to 1100 °F Type 310 
12 Cr FM (416) 1450 °F Air Cool Type 310 
12 Cr Al (405) 1425 °F Air Cool Type 310 
12 Cr Mo (410 Mo) 1450 °F Air Cool Type 310 
17 Cr (430) 1425 °F Air Cool Type 310 
27 Cr N (446) 1600 °F Water Quench Type 310 
18-8 (304) 1900 °F Water Quench Type 308 
18-8 FM (303) 1950 °F Water Quench Type 308 
18-8 Mo (316) 1950 °F Water Quench Type 316 
18-8 Ti (321) 1900 °F Water Quench Draw 1550 °F Type 347 
18-8 Cb (347) 1900 °F Water Quench Draw 1550 °F Type 347 





sentative of the most severe welding condition that may be experi- 
enced insofar as the thermal gradient of the heat-affected zone is 
considered. The results with weld bead samples are not always 
applicable to commercial welding conditions which vary considerably, 
and they should, therefore, be interpreted with this reservation. 


Exposure Furnaces and Graphitization Chart 


The electric furnaces employed for exposing the specimens, and 
the graphitization rating chart previously described (1, 2), were used 
in this investigation. All samples were exposed at 900, 1050 and 
1200 °F (480, 565 and 650°C) for 10,000 hours (approximately 
60 weeks). The graphitization chart contains designations A, B, C, 
etc. (A being the smallest size particle), which are used with a pre- 
fix. A rating of 10C, for example, indicates 10 particles of dispersed 
graphite with an average size C in a 4 by 5-inch field at 500 magni- 
fication. 

A transverse section of the weld bead samples was examined 
microscopically as follows: Zone 1, in the coarsened grain structure 
immediately beneath the weld metal; Zone 2, in the relatively fine 
grain structure beneath Zone 1; Zone 3, near the boundary of the 
heat-affected zone where the grain size is similar to the parent metal ; 
and Zone 4, in the unaffected parent metal. 
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Impact and Oxidation Tests 


Charpy impact tests were made in accordance with ASTM 
designation E-23-41T. A standard keyhole notched specimen was 
used and results reported are the average of two specimens tested at 
ordinary temperature. Impact tests of the parent metal were made 
on the zirconium, zirconium-molybdenum, and stainless alloys. Im- 
pact tests of welded specimens were not included in the investigation. 

Oxidation resistance in air was determined by descaling un- 
welded 1 by 1 by 20-inch bars after exposure in the electric furnaces. 
The bars were racked (1) to permit exposure on all four sides except 
where each end of the bar is supported on the heat resisting rack. 
"The sodium hydride bath at Wood Works, Carnegie-Illinois Steel 
Corporation, was used for descaling. The bars were not dipped in 
the acid brightening tanks subsequent to descaling, in order to reduce 
metal loss. Results are reported as per cent of weight loss and also 
as the average depth of scaling calculated from dimensional losses 
during exposure. Scale loss determinations and impact tests were 
not made on the titanium and columbium steels, due to lack of suffi- 
cient bar stock for exposure. 


Metallographic Practice 


The low alloy steels were etched with picral-nital, 4% picric 
acid and 2% nitric acid in alcohol. Special etching reagents were 
used for the stainless steels and frequently the metallographic speci- 
mens were intermittently polished during etching. All electrolytic 
etching was carried out with the specimen as the anode and an emf 
of 3 volts. The following etching reagents were used at ordinary 
temperature with the stainless steels: 

Chromic Acid—10% aqueous solution, electrolytically. This 
reagent was used to reveal the structure of ferritic and austenitic 
stainless steels. Carbide and sigma phases were rapidly attacked. 

Sodium Cyanide—10% aqueous solution, electrolytically. This 
reagent was used to distinguish between carbides and sigma phase in 
the ferritic and austenitic stainless steels. An etch for approximately 
1 second outlined sigma, and 5 seconds or more darkened the 
carbides and further etched sigma. 

O-xalic Acid—10% aqueous solution, electrolytically. The use 
of this reagent was confined, primarily, to unexposed stainless steels 
to develop grain size characteristics. 
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Murakami’s Reagent—10% potassium ferricyanide, 10% po- 
tassium hydroxide in aqueous solution. This reagent was used at 
ordinary temperature for approximately 1 minute to darken carbides 
in austenitic stainless steels. The sigma phase was not attacked. 

Marble’s Reagent—4 grams cupric sulphate, 20 cubic centi- 
meters hydrochloric acid and 20 cubic centimeters water. This 
reagent was used to develop the grain structure of austenitic stainless 
steels. 

Vilella’s Reagent—Alcoholic solution of 1% picric acid and 5% 
hydrochloric acid. This reagent, which etches austenite, was used 
approximately 1 minute with the austenitic stainless steels, the sigma 
phase being unattacked as shown in relief. 

Sigma phase (3, 4, 5, 6) in this investigation was identified by 
the metallographic method. The specimen was etched with Mura- 
kami’s reagent to darken the carbides, repolished and etched with 
Vilella’s reagent, which outlined sigma phase and attacked both aus- 
tenite and carbides. The same field was examined after each etching - 
treatment. A similar technique was used with the sodium cyanide 
etch by varying the etching time. It is recognized that the X-ray 
method offers a more positive means for identification of sigma 
phase. This technique will, therefore, be used to further establish 
the presence of sigma phase, and the results will be reported when 
tests have been completed for longer periods of exposure. The re- 
sults in this investigation with respect to sigma phase should, there- 
fore, be accepted with the reservation that only the metallographic 
technique was employed for identification. After longer periods of 
exposure, the occurrence of ferrite in the austenitic alloys will also 


be investigated to determine if sigma phase is associated with ferrite. 
The magnetic method will be used. 


GRAPHITIZATION OF ZIRCONIUM, COLUMBIUM, TITANIUM 
ALLoy STEELS 


The molybdenum, zirconium, titanium-molybdenum, columbium- 
molybdenum and zirconium-molybdenum steels included in this in- 
vestigation were laboratory induction furnace heats. Because of 
scaling and decarburization after 10,000 hours’ exposure at 1200 °F 
(650 °C), results are not reported for this treatment. The molyb- 
denum and zirconium steels were included for control purposes. 
Graphite ratings of these steels in the welded and parent metal are 
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Table Ill 
Graphite Rating of Bead Welded Low Alloy Steels 
(10,000 Hours’ Exposure) 
eo Exposure Temperatur 
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Steel Weld Weld 
Designation Metal (1)* (2)** (3)T (4)% Metal (1) ( 
0 0 0 


) (3) (4) 
Mo 190A 3A 
Ti-Mo (No. 61) 

Ti-Mo (No. 62) 
Ti-Mo (No. 63) 
Ti-Mo (No, 64) 
Cb-Mo (No. 65) 
Cb-Mo (No. 66) 
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*Zone 1, immediately beneath weld 

**Zone 2, beneath Zone 1 

tZone 3, near boundary of heat-affected area 
tParent metal 


shown in Table III. After 10,000 hours’ exposure at 1050 °F 
(565 °C) graphitization was observed in the molybdenum, zirconium 
and zirconium-molybdenum steels. The zirconium steel also contained 
graphite at the 900°F (480°C) exposure temperature. Graphite 
was not observed in any of the steels after 1000 hours’ exposure. 

The structure of the titanium-molybdenum (No. 62) parent 
metal shown in Fig. la consists of titanium carbide in a ferrite matrix 
with no evidence of pearlite. In the weld heat-affected zone before 
exposure, a similar carbide structure was observed and, in addition, 
a change in grain structure. Immediately beneath the weld metal, 
a coarse-grained structure was present and, adjacent to this zone, 
fine-grained recrystallized parent metal which merged into the un- 
affected parent metal. After exposure, there was no appreciable 
change in the grain structure of either the weld heat-affected zone 
or the parent metal. The microstructures of the molybdenum and co- 
lumbium-molybdenum steel were similar to the titanium-molybdenum 
steels except that columbium carbide was present before exposure 
in the columbium-molybdenum steels and pearlite in the molybdenum 
steel. In the molybdenum steel, pearlite spheroidized after exposure 
and some graphite was observed. The small particle size of graphite 
in this steel may be associated with the low carbon content of the 
material. A stabilizing influence due to columbium and titanium is 
indicated. Longer exposure periods will be required to further 
establish the carbide stability of titanium-molybdenum and colum- 
bium-molybdenum steels. — 
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The zirconium steels before exposure were similar in struc- 
ture to the molybdenum steel in the parent metal and heat-affected 
zone. The parent metal structure of the zirconium-molybdenum 
steel before exposure is shown in Fig. lb. The zirconium-molyb- 
denum steel contained a narrow band of graphite in the weld 
heat-affected zone after exposure for 10,000 hours at 1050°F 
(565°C). Fig. 1c illustrates the structure observed which is the 
nearest approach to chain graphite encountered to date in this pro- 
gram. This narrow band of graphite clearly indicates the presence 
of a critical zone induced by welding. Fig. 1d, the same area as Fig. 
lc but at higher magnification, shows the graphite to be at the ferrite 
grain boundaries. This same zirconium-molybdenum steel exposed 
at 900 °F (480°C) contained no graphite. At 1200°F (650 °C) 
very large particles of graphite were present, but due to decarburiza- 
tion, the specimens were not classified. 

The zirconium steel contained dispersed graphite in the weld 
heat-affected zone and parent metal after exposure at 900 and 
1050 °F (480 and 565°C). The addition of 0.5% molybdenum to 


this steel apparently inhibited graphitization only at 900 °F (480 °C) 
during 10,000 hours’ exposure. 


STRUCTURAL CHANGES IN FERRITIC STAINLESS ALLOY STEELS 


The unexposed structures of 12% chromium, 12% chromium 
FM, 12% chromium-aluminum and 12% chromium-molybdenum 
parent metal are illustrated in Figs. 2a to 2d. In the weld heat- 
affected zone before exposure of the 12% chromium and 12% chro- 
mium-molybdenum steels, a smaller grain size was observed com- 
pared to parent metal. This condition was not observed in the 12% 
chromium FM and 12% chromium-aluminum steels. The structural 
characteristics of all these steels were essentially unchanged after 
10,000 hours’ exposure at the various temperatures. 

No changes in structural characteristics of the 17% chromium 
parent metal after exposure were observed. The original structure 
of the parent metal is shown in Fig. 3a. A fine-grained network 
structure is shown. The structure of the weld heat-affected zone 
before and after exposure at 900°F (480°C) was unchanged and 
similar to the parent metal. After 10,000 hours’ exposure at 1050 and 
1200 °F (565 and 650°C), the grain boundaries in the weld heat- 
affected zone could not be developed with the etching technique em- 
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Fig. 1—Zirconium-Molybdenum and Titanium-Molybdenum (No. 62) Steels, Picral- 
Nital Etch. (a) Unexposed parent metal titanium-molybdenum steel showing titanium 
carbide. > 1000. (b) Unexposed parent metal zirconium- ‘molybdenum steel showing 
carbide structure. Xx 1000. (c) Weld heat-affected zone zirconium-molybdenum steel 
exposed 10,000 hours at 1050 °F showing chain-like graphite. 100. (d) Same as 
(c) except X 1000 showing graphite at grain boundaries. 
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Fig. 2—12% Chromium Steels, Unexposed Parent Metal Showing Carbide Struc- 
ture; Oxalic Acid Etch. X 1000. (a) 12% chromium, (b) 12% chromium FM, (c) 


12% chromium-aluminum, (d) 12% chromium-molybdenum. 
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Fig. 3—17% Chromium Steel. > 1000. (a) Unexposed parent metal showing 
fine-grained network, oxalic acid etch. (b) Unexposed weld metal - base metal juncture, 
chromic acid etch. (c) Same location as (b) but after 10,000 hours’ exposure at 
1200 °F showing presence of a new phase in base metal, chromic acid etch. 
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ployed. In the weld heat-affected zone at the weld metal - base 
metal interface, a new constituent was observed after exposure at 
1200 °F (650°C) which may be sigma phase. The microstructure 
at this location of unexposed and exposed specimens is shown in 
Figs. 3b and 3c. Weld metal is shown in the upper part of the 
photomicrographs. Grain boundaries are not shown, due to the etch- 
ant used. The possible occurrence of sigma phase may be due to 
alloy diffusion into the base metal and will require longer periods of 
exposure for confirmation. 

A structural change involving formation of sigma phase occurred 
in the parent metal and weld heat-affected zone of the 27% chromium 
steel after 10,000 hours’ exposure at 1050 and 1200°F (565 and 
650°C). The unexposed parent metal is shown in Fig. 4a. A high 
concentration of sigma phase formed as a narrow band in the weld 
heat-affected zone as illustrated in Fig. 4b. Figs. 4c and 4d are the 
same field of the parent metal after 10,000 hours at 1200°F 
(650 °C), the former showing only the carbide phase while the latter 
depicts both carbides (darkened) and sigma phase. Grain size char- 
acteristics of the weld heat-affected zone before and after exposure 
were similar to the original and exposed parent metal. There were 
no visible structural changes in parent metal or weld heat-affected 
zone after exposure for 1000 hours or at 900°F (480°C) after 
10,000 hours’ exposure. The occurrence of a high concentration of 
sigma phase in the weld heat-affected zone of the 27% chromium 
steel subjected to temperatures over 900 °F for extended periods of 
time is of considerable commercial significance and will be further 
evaluated after longer periods of exposure. 


STRUCTURAL CHANGES iN AUSTENITIC STAINLESS ALLOY STEELS 


The microstructure of 18-8, 18-8 FM and 18-8 Mo unexposed 
parent metal were generally similar. The structure of the 18-8 Mo 
steel is shown in Fig. 5a. The structure of the 18-8 FM steel con- 
taining the selenium-phosphorus constituent is depicted in Fig. 5b. 
Grain structures of the weld heat-affected zone of these steels before 
exposure were similar to the parent metal. 

The occurrence of titanium carbide in the 18-8 Ti and colum- 
bium carbide in the 18-8 Cb unexposed parent metal are shown in 
Figs. 5c and 5d. Grain structure of the weld heat-affected zone of 
these steels before exposure had a tendency to have a columnar struc- 
ture normal to the weld metal junction. 
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Fig. 4—27% Chromium Steel, Sodium Cyanide Etch. 1000. (a) Unexposed 
parent metal showing carbide structure. (b) Exposed weld heat-affected zone, 1200 °F 
for 10,000 hours, showing sigma phase. (c) Exposed parent metal, 1200 °F for 10.000 
hours, showing carbide phase. (d) Same as (c) but longer etch showing carbide 
(darkened) and sigma phases. 
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Fig. 5—18% Chromium —8% Nickel Steels, Unexposed Parent Metal, Oxalic Acid 
Etch. >< 1000. (a) 18-8 molybdenum showing austenite twins. (b) 18-8 FM showing 
selenium-phosphorus constituent. (c) 18-8 titanium showing titanium carbide. (d) 
18-8 columbium showing columbium carbides. 
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Fig. 6—18% Chromium — 8% Nickel-Molybdenum Steel, Parent Metal. 100. (a) 
Unexposed showing grain structure, Marble’s reagent etch. (b) After exposure for 
10,000 hours at 1200 °F showing carbide phase at grain boundaries, oxalic acid etch. 


In the parent metal of the 18-8, 18-8 FM and 18-8 Mo steels 
carbide precipitation was observed at the grain boundaries after 
10,000 hours’ exposure at 900 to 1200 °F (480 to 650°C). This is 
depicted before and after exposure in Figs. 6a and 6b, the latter 
showing carbide phase at the grain boundaries. 

In the 18-8 Mo steel, partial carbide precipitation was observed 
at 900°F (480°C) after 10,000 hours’ exposure. The 18-8 and 
18-8 FM steels had a considerable amount of carbide precipitation 
at the grain boundaries after exposure at 900 °F (480°C) for 10,000 
hours. In the weld heat-affected zone, carbide precipitation after 
10,000 hours’ exposure was similar to the parent metal. At 1000 
hours’ exposure, however, only a slight carbide precipitation was 
observed in the weld heat-affected zone of the 18-8 and 18-8 FM 
steels and no precipitation was observed in the parent metal. 

In the 18-8 Ti and 18-8 Cb parent metal, sigma phase was ob- 
served after 10,000 hours’ exposure at 1200°F (650°C). The 
occurrence of this phase was questionable at 1050 °F (565°C) and 
was not observed at 900 °F (480°C). Sigma phase in the 18-8 Ti 
steel is illustrated by comparison of Figs..7a and 7b. 
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Table 1V 
Impact Properties 








c——Charpy Full Size Keyhole Notch Specimen, Foot-Pounds————_, 


Steel Before r——Exposed 1000 Hours—., --Exposed 10,000 Hours— 
Designation Exposure 900°F 1050°F 1200 °F 900 °F 1050°F 1200 °F 

Zr 42 46 41 43 42 50 

Zr-Mo 30 ao 35 - 37 25 a 
12 Cr (410) 33 ae 41 27 39 es 21 
12 Cr FM (416) 42 36 42 37 26 27 36 
12 Cr Al (405) 35 a 3 22 as 39 34 
12 Cr Mo (410 Mo) 45 44 ‘im 49 56 56 54 
17 Cr (430) 46 sie 32 34 1 4 
27 Cr N (446) 1 a 1 1 4 4 4 
18-8 (304) 91 87 75 60 79 62 47 
18-8 FM (303) 62 57 61 41 59 29 32 
18-8 Mo (316) 80 86 72 44 87 49 32 
18-8 Ti (321 107 101 90 69 88 72 62 
18-8 Cb (347) 56 60 55 40 63 51 32 





Sigma phase was observed in the weld heat-affected zone of the 
18-8 Ti and 18-8 Cb steels after 10,000 hours’ exposure at 1050 and 
1200 °F (565 and 650°C). A larger quantity of the constituent was 
present in the weld heat-affected zone than in the parent metal. 

The use of two metallographic methods for identifying sigma 
phase in austenitic stainless steels is illustrated in Fig. 7. Figs. 7a 
and 7b are the same field, the former etched with Murakami’s reagent 
to bring out the carbides, and the latter etched with Vilella’s reagent 
after repolishing to leave the sigma in relief. Figs. 7c and 7d are also 
the same field, the former with a light sodium cyanide etch to outline 
the sigma phase, and the latter a heavier etch, which darkens the 
sigma and brings out the carbides. 


IMPACT AND HARDNESS PROPERTIES 


Impact and hardness properties before and after 1000 and 
10,000 hours’ exposure at 900, 1050 and 1200°F (480, 565 and 
650 °C) are shown in Tables IV and V. Results are not reported 
for the molybdenum, titanium-molybdenum and columbium-molybde- 
num steels as only the structural characteristics of these steels were 
investigated. 

Impact properties of the zirconium and zirconium-molybdenum 
steels were essentially unchanged after 10,000 hours’ exposure at 900 
and 1050 °F (480 and 565°C). Results are not reported for 10,000 
hours’ exposure at 1200°F (650°C), due to decarburization. A\l- 
though graphitization was observed in these steels after exposure, 
due to random distribution and carbide spheroidization, the impact 
properties were not adversely affected. 
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Fig. 7—18% Chromivm—8% Nickel-Titanium Steel. Parent metal after exposure 
of 10,000 hours at 1200 °F showing development of sigma paae. <x 1000. (a) Mura- 
kami’s reagent showing carbides. (b) Same field as (a) after repolishing and etching 
with Vilella’s reagent showing carbides and sigma phase. (c) Light sodium cyanide 
etch showing sigma phase. (d) Same field as (c) with heavier sodium cyanide etch 
showing sigma and carbides. “4 





ee 
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Table V 
Hardness Properties 





Rockwell B Hardnes 


aera —_— ec ....'..\.Q97[‘’ 
Steel Before r—Exposed 1000 Hours—, 7-Exposed 10,000 Hours — 

Designation Exposure 900°F 1050°F 1200 °F 900 °F 1050°F 1200 °F 

Zr 71 72 65 65 69 59 

Zr-Mo 76 80 80 om 83 74 cs 

12 Cr (410) 81 o* 72 78 81 80 78 

12 Cr FM (416) 80 79 80 76 78 78 80 

12 Cr Al (405) 79 os 78 76 is 78 76 

12 Cr Mo (410 Mo) 78 74 75 73 78 78 76 

17 Cr (430) 88 ce 88 86 104 85 82 

27 Cr N (446) 92 ‘% 92 91 109 100 100 

18-8 (304) 75 77 76 76 83 8 75 

18-8 FM (303) 83 86 87 90 87 94 92 

18-8 Mo (316) 80 80 76 84 79 81 84 

18-8 Ti (321) 81 77 78 86 82 83 80 

18-8 Cb (347) 88 80 86 83 81 85 84 





Impact properties of the various 12% chromium steels were, in 
many instances, not appreciably affected by exposure at the elevated 
temperatures. In certain cases the impact strength was decreased, 
but the significance of these results cannot be evaluated at the present 
time since no accompanying changes in the microstructure were ob- 
served. Impact values were not reported for all test conditions due 
to erratic results which may possibly be associated with undetected 
variations in microstructure. Additional specimens selected from 
different heats of steel are being exposed and the impact properties 
will be reported. 

The 17% chromium steel was brittle after exposure for 10,000 
hours at 900, 1050 and 1200 °F (480, 565 and 650 °C). No change in 
microstructure was observed with the exception of the possible forma- 
tion of a finely dispersed phase. Evidence to support the presence 
of this new phase must await longer periods of exposure. 

The 27% chromium-nitrogen steel was brittle before and after 
exposure. However, it should be recognized that all impact tests 
were conducted at ordinary temperatures which may be below the 
transition range for the material. A carbide phase was present in 
all the specimens and no structural change in the parent metal after 
1000 hours’ exposure was observed. After 10,000 hours’ exposure 
at 1050 and 1200 °F (565 and 650°C) sigma phase was observed. 
There was no observed structural change after exposure at 900 °F 
(480 °C) for 10,000 hours. 

A carbide phase at the grain boundaries was observed in the 
18-8 and 18-8 FM steels after exposure for 10,000 hours at 900, 1050 
and 1200°F (480, 565 and 650°C). In the 18-8 Mo steel, the 
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grain boundary carbides were observed only at 1050 and 1200 °F 
(565 and 650°C). The occurrence of this phase at the grain 
boundaries would account for the lower impact strength. With 
respect to the 18-8 Ti and 18-8 Cb steels, the lowered impact strength 
observed after 10,000 hours’ exposure at 1200°F (650°C) was 
associated with the presence of sigma phase. 

Hardness changes are presented in Table V. The hardness of 
the zirconium and zirconium-molybdenum steel remained virtually 
unchanged, with the exception of the zirconium steel after 10,000 
hours at the 1050°F (565°C) exposure temperature. The 12% 
chromium steels exhibited no change in hardness after exposure at 
any of the temperatures involved. The 17% chromium steel after 
10,000 hours’ exposure at 900°F (480°C). increased substantially 
in hardness, probably due to a submicroscopic precipitate unobserv- 
able under the microscope. At higher exposure temperatures, a 
slight decrease in hardness is evident. An increase in hardness at 
all temperatures occurred in the 27% chromium steel. This was 
probably associated with the formation of a new constituent. After 
exposure at 900°F (480°C) no changes in microstructure were 
observed and the hardening may therefore be related to a submicro- 
scopic precipitate. 

The 18-8 austenitic stainless steels became slightly harder at 
some exposure temperatures. No correlation could be detected be- 
tween the observed changes in structural characteristics and the 
hardness values obtained. The changes observed were probably 
associated with carbide precipitation. 

After longer periods of exposure, it will be possible to associate 
more clearly certain phase changes with changes in hardness and 
impact strength. In this investigation, it is planned to expose addi- 
tional heats of steel to confirm results which are indicative of prop- 
erties which have not been observed in other investigations. 


OXIDATION CHARACTERISTICS 


The degree of oxidation of the zirconium, zirconium-molybde- 
num and stainless alloy steels exposed to air for 10,000 hours at 900 
to 1200 °F (480 to 650°C) is shown in Table VI. It will be ob- 
served that the zirconium-bearing low alloy steels were appreciably 
susceptible to oxidation at 1200°F (650°C), very little oxidation 
was observed at 1050 °F (565°C) and at 900°F (565°C) oxida- 
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Table VI 
Oxidation After 10,000 Hours’ Exposure 





Depth of Metal Loss 


Steel —Weight Loss, %——__, 7—————Duee to Scale—Inches———_, 
Designation 900 °F 1050 °F 1200 °F 900 °F 1050 °F 1200 °F 
Zr 0.8 1.7 15.7 0.0003 0.0020 0.0350 
Zr-Mo 0.8 1.6 15.6 0.0003 0.0023 0.0370 
12 Cr (410) 0.6 0.5 0.6 0.0000 0.0000 0.0000 
12 Cr FM (416) 0.5 0.5 0.6 0.0000 0.0000 0.0000 
12 Cr Al (405) ita 0.4 Eo et 0.0000 0.9000 
12 Cr Mo (410 Mo) 0.6 0.6 0.5 0.0000 0.0000 0.0000 
17 Cr (430) 0.6 0.6 0.6 0.0000 0.0000 0.0000 
27 Cr N (446) 0.6 0.6 0.6 0.0000 0.0000 0.9000 
18-8 (304) 0.7 0.7 0.7 0.0000 0.0000 0.0003 
18-8 FM (303) 0.6 0.6 0.7 0.0003 0.0003 0.0005 
18-8 Mo (316) 0.6 0.5 0.5 0.0000 0.0000 0.0000 
18-8 Ti (321) 0.7 0.7 0.7 0.0000 0.0000 0.0000 
18-8 Cb (347) 0.7 0.7 0.7 0.0003 0.0000 0.0003 











tion was essentially nil. The ferritic and austenitic high alloy steels 
exhibited no appreciable oxidation at any of the temperatures used. 
Due to the high alloy content of the stainless alloys and the relatively 
low temperatures of exposure, the results obtained are consistent with 
expectation. 

Oxidation data of the type under discussion are limited in ap- 
plication and should be used with caution. In general, stainless alloys 
are used in special atmospheres at elevated temperature and, there- 


fore, oxidation characteristics may vary considerably with actual 
exposure conditions. 


CoNCLUSIONS 


1. The titanium and columbium-molybdenum steels did not 
graphitize during 10,000 hours’ exposure at either 900 or 1050 °F 
(480 or 565 °C), while both the parent metal and weld heat-affected 
zone of the molybdenum and zirconium steels graphitized. Graphite 
was observed as a chain-like structure in the weld heat-affected zone 
of the zirconium-molybdenum steels. 

2. The 12% chromium steels appeared to be the most stable 
with respect to microstructure, impact properties and hardness at all 
temperatures. 

3. Sigma phase was observed metallographically in the 27% 
chromium-nitrogen steel after exposure at 1050 and 1200°F (565 
and 650 °C), both in the parent metal and weld heat-affected zone, 
with a high concentration in the latter. The hardness of the parent 


metal increased during 10,000 hours’ exposure at all three tempera- 
tures. 








162 TRANSACTIONS OF THE A. S. M. Vol. 41 


4. Carbide precipitation in the grain boundaries was observed 
in the austenitic 18-8, 18-8 FM and 18-8 Mo steel in both the parent 
metal and weld heat-affected zone after 10,000 hours’ exposure at all 
three temperatures. This first occurred in the weld heat-affected 
zone. Carbide precipitation lowered the Charpy impact strength of 
the parent metal, particularly as exposed at 1050 and 1200 °F (565 
and 650 °C). 

5. After 10,000 hours’ exposure at 1200°F (650°C), sigma 
phase was observed metallographically in the parent metal of the 
18-8 Ti and 18-8 Cb steels and in the weld heat-affected zone as 
exposed at 1050 and 1200 °F (565 and 650°C). The lower impact 
properties in the parent metal after exposure at 1200°F (650 °C) 
were associated with sigma phase. 

6. The Charpy impact strength of the zirconium steels’ parent 
metal was not appreciably affected by graphitization after 10,000 
hours’ exposure at 900 and 1050 °F (480 and 565 °C). 

7. The 17% chromium steel parent metal was embrittled by 
exposure for 10,000 hours at 900 to 1200 °F (480 to 650°C) and 
an appreciable increase in hardness was observed after 10,000 hours’ 
exposure at 900 °F (480 °C). 

8. Oxidation of the parent metal in the stainless alloys after 
exposure in air for 10,000 hours at 900 to 1200 °F (480 to 650 °C) 
was essentially nil. The low alloy steels containing zirconium were 
appreciably oxidized after exposure at 1200 °F (650 °C). 
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DISCUSSION 


Written Discussion: By G. F. Comstock, assistant director of re- 
search, Titanium Alloy Manufacturing Division, National Lead Co., Niag- 
ara Falls, N. Y. 

This paper is an interesting record of test results, presented in a 
straight-forward and orderly manner, and should be very useful for ref- 
erence. The data indicating absence of graphitization in the titanium- 
molybdenum steels at 900 and 1050°F (480 and 565°C) are in agreement 
with results that we have obtained at 1100°F (595°C) on similar steels 
containing more than twice as much titanium as carbon. These steels, 
like those described in this paper, were fully killed with aluminum. With 
a lower ratio of titanium to carbon, however, some graphitization may be 
expected under favorable conditions, because of the presence of consider- 
able carbon not stabilized by titanium, or in other words, occurring as 
iron carbide. 

It should be noted that in the zirconium steels, which graphitized, 
the ratio of zirconium to carbon was much lower, or below one. The 
difference in graphitizing tendency between these steels and the titanium 
or columbium steels should therefore not be ascribed to the different alloy 
additions, as might be implied from Conclusion No. 1, but is most probably 
due to the different unstabilized carbon content, this being much higher 
in the zirconium steels. It is interesting, however, to note that the 
zirconium steels graphitized in spite of their very low aluminum contents. 

The illustrations of sigma phase in the stainless steels are interesting, 
and agree with our own experience. The amount found in the Type 321 
steel apparently had appreciably less effect on the notch-toughness of that 
steel than the sigma formation in the other 18-8 steels, because after 
10,000 hours at 1200°F (650°C) the impact value of the Type 321 steel 
was nearly twice as great as the impact values of the other steels after 
the same exposure. This seems to have escaped mention in the text of 
the paper, or in Conclusion No. 5. 











164 TRANSACTIONS OF THE A. S. M. Vol. 41 


The authors deserve commendation for bringing their interesting data 
to the attention of the American Society for Metals in such a concise and 
readable form. 

Written Discussion: By John J. B. Rutherford, metallurgist, The 
Babcock & Wilcox Tube Co., Beaver Falls, Pa. 

The design engineer is faced with many problems in selecting mate- 
rials applicable for chemical processing at elevated temperatures. Oxida- 
tion and creep tests have been performed on steel for over 25 years but 
many of the earlier data appear irrelevant, mainly because of the short 
periods involved in testing. There is the very natural tendency to cover 
numerous tests of short duration in preference to a few tediously-long 
tests. We were pleased to see the authors’ work continued out to times 
in the order of a year, which begins to approach an industrial life- 
expectancy. 

The most important feature to learn about a material for use at 
elevated temperatures is its strength and suitability to be used as a 
material of construction. However, in exploring the field of alloy com- 
ponents, it is desirable to study first the subject of stability, as observed 
at the surface and the internal structure. This is what the authors have 
contributed in an admirable manner. Since these results are preliminary 
to studies of much wider scope, comments must be restricted to this ini- 
tial part of the work, even though we are interested in learning the effect 
of these structural changes on the mechanical properties at elevated 
temperatures. 

We are quite disappointed in the failure of zirconium to stabilize 
carbide against graphite formation. Among the low alloy steels tested, 
Nos. 44 and 45 have twice as much carbon as the others which would 
naturally increase the tendency to graphitization. Have the authors 
experimented with zirconium in the higher chromium alloys to measure 
its effect on carbide stabilization? The structural changes observed in the 
stainless steels are obviously very complex, and might be more amen- 
able to interpretation when studied in conjunction with their effect on the 
mechanical properties. We await eagerly the publication of other phases 
of these studies. 


Written Discussion: By A. M. Hall, metallographer, and S. L. Hoyt, 
technical adviser, Battelle Memorial Institute, Columbus, Ohio. 

We have been following closely the unusually comprehensive stability 
testing program in progress at the Lorain Works of the National Tube 
Company, and have read with great interest this report by Dr. Wilder 
and Mr. Light, covering certain of the findings to date. 

Considering first the results of graphitization tests on the low-alloy 
ferritic steels, the findings seem generally consistent with expectations. 
The stabilizing influence of titanium, reported in this paper, confirms the 
results of graphitization tests made at Battelle and reported to the 
ASME.?;* The Battelle tests covered two titanium-molybdenum steels 





2S. L. Hoyt and A. M. Hall, “Continuation of Joint EEI-AEIC Investigation on 
Graphitization of Piping,’ Transactions, American Society of Mechanical Engineers, 1947. 
8A all and S. L. Hoyt, “Further Investigation on the Graphitization of Piping 
for the EEI — AEIC,” Transactions, American Society of Mechanical Engineers, 1948. 
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and two titanium-deoxidized carbon-molybdenum steels. The analyses 
are as follows: 


Specimen No. Cc Mn Si Mo Ti Al 
G40D 0.14 0.41 0.29 0.57 0.30 0.025 
G4E 0.14 0.42 0.29 0.61 0.75 0.025 
G53 0.15 0.36 0.13 0.55 sg? OS aa, 
G54 0.14 0.42 0.12 0.58 Re 


The Battelle tests were of considerably shorter duration than those re- 
ported here. Nonetheless, the absence of graphite in these steels, particu- 
larly in the carbon-molybdenum steel containing only 0.035% titanium, 
after 1700 hours at 1025 °F (550°C), plus 5000 hours at 1125°F (605°C), 
was considered significant. 

The stabilizing effect of columbium on the one hand and the graph- 
itization of the steels containing zirconium on the other, reported by the 
authors, are matters of great interest. Columbium, along with titanium, 
is of course a very powerful carbon fixing agent. Zirconium, on the other 
hand, is not usually considered as a carbon stabilizer. A rough classifica- 
tion of the effect of various alloying elements on graphite formation may 
perhaps be permissible on such a basis as ability to fix carbon. 

The structural changes found by the authors in the 17% chromium 
steel and in the Type 321 and Type 347 austenitic stainless steels, after 
long exposure at 1200°F (650°C), mark what may become a most impor- 
tant aspect of their program. The authors contemplate an unusually long 
test period, which will undoubtedly produce much very unique and valu- 
able data on surface and structural stability. Moreover, it will have the 
advantage of involving little extrapolation. We may be abliged to alter 
our ideas, particularly on the structural stability of some of the stainless 
steels. 

The performance of the 12% chromium steel is noteworthy, particu- 
larly the aluminum and molybdenum types, since this steel has been used 
extensively for lining equipment which operates at elevated temperatures. 

In view of the long-time program, the writers would suggest that the 
inclusion of samples of the extra low-carbon type of the 18-8 steel would 
make an interesting addition to the series being tested. 


Authors’ Reply 


The authors wish to express their appreciation for the discussions 
which this paper occasioned. 

In reply to the first point raised by Mr. Comstock, the implication 
from the first conclusion of the paper that the zirconium and the titanium 
and columbium steels were compared directly is unfortunate. The authors 
plead guilty to drawing conclusions based, in part, on data not included 
in this paper but included in the paper presented last year. In order to 
rectify this circumstance, the following supplementary comparisons are 
made. In the interest of brevity, only the ratings for Zone 3 after 10,000 
hours’ exposure at 1050°F (565°C) are included: 
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Graphitization 
Steel Designation Rating 
(1) 0.20% C, low Al 1H 
0.20% C, 0.10% Zr, low Al 1G 
(2) 0.16% C, 0.51% Mo, low Al 0 
0.19% C, 0.51% Mo, 0.13% Zr, low Al 75D 
(3) 0.13% C, 0.52% Mo, high Al 100 B 
0.14% C, 0.51% Mo, 0.48% Cr, high Al 0 
0.09% C, 0.53% Mo, 0.25% Ti, high Al 0 
0.09% C, 0.56% Mo, 0.47% Ti, high Al 0 
0.08% C, 0.52% Mo, 1.08% Ch, high Al 0 
(4) 0.14% C, 0.97% Mo, high Al 75B 
0.09% C, 1.05% Mo, 0.25% Ti, high Al 0 
0.10% C, 0.95% Mo, 0.50% Ti, high Al 0 
0.08% C, 0.98% Mo, 1.12% Cb, high Al 0 


These data constitute the basis of the authors’ conclusion that both 
titanium and columbium inhibited graphitization, whereas zirconium had 
no such effect, and actually appeared to promote graphitization in the 
0.5% molybdenum steel. 

The second point raised by Mr. Comstock relative to the high impact 
value of the Type 321 steel after the severest exposure condition was not 
mentioned by the authors because percentagewise the losses in impact value 
of all the 18-8 steels except the 18-8 molybdenum were similar: 


Steel Loss in Impact Value After 
Designation 10,000 Hours at 1200 °F 

Mee Sec cumamndiiwns sabes Clmbe bene’ oxne at bE Kaeae 48% 

DRE o> wad dine ah phan a dnmels pe auninl belegiaics eas 48% 

DEEN kei ance bes eh paads sdahecs.sctwh tine aatciye 60% 

a eae tess ota ba a elee 42% 

BE ;  Stncw ese cer bescebeekbindrts che tvexteriecedios 43% 


The reply to Mr. Comstock’s first point also serves as a partial reply 
to Mr. Rutherford’s comments. The authors are sorry to advise Mr. 
Rutherford that no zirconium-chromium low alloy steels are included in 
the test program. 

They are pleased, however, to be able to advise Messrs. Hall and 
Hoyt that samples of extra low carbon 18-8 steels have already been 
added to the investigation. It is encouraging that so many of the conclu- 
sions to date in this investigation have been in conformance with the 
Battelle test results. 
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SHORT-TIME HIGH TEMPERATURE DEFORMATION 
CHARACTERISTICS OF SEVERAL SHEET ALLOYS 


By JAMES MILLER AND GLEN GUARNIERI 


Abstract 


From short-time constant rate tensile tests at elevated 
temperatures true stress—true strain characteristics have 
been determined for five different types of alloys over a 
range of temperatures and strain rates. The alloys were 
selected to include SAE 1020 steel as a reference material ; 
Regular Inconel to represent a comparatively stable an- 
nealed material; Inconel X, a fully-aged alloy; and S-816, 
both annealed and cold-ro'led, to represent an alloy sus- 
ceptib'e to age hardening in both the annealed and cold- 
rolled conditions. The true stress—true strain plots are 
used to yield information on the changes effected in the 
properties of the alloys as they undergo lugh temperature 
plastic deformation. 

An attempt was made to use the data as a means of 
learning more about the mechanics of deformation at ele- 
vated temperatures through determination of the activa- 
tion energies involved. The increase in such energy values 
with decrease im stress, as was found for all materials, 
was attributed to the effect of elastic distortion on the 
crystal lattice. A simplified mechanism of deformation 
is described using these characteristics and the relation- 
ship of the flow process to metallic diffusion pointed out. 


INTRODUCTION 


HE rapid development and adaptation of many new heat-resistant 

alloys for gas turbine and jet engine service have been accom- 
plished through the accelerated test programs of the recent war years. 
While limited time or facilities were available for investigating 
fundamental principles or underlying causes for the superiority of 
certain compositions, the empirical test methods used were successful 
in meeting the immediate demands of the turbine and engine design- 
ers. As the metallurgist continues the search for materials capable 
of resisting even more intense heat and load conditions, no doubt his 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The authors, James Miller and 
Glen Guarnieri, are associated with Cornell Aeronautical Laboratory, Inc., 
Buffalo, N. Y. Manuscript received April 16, 1948. 
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activities can be guided more profitably by consideration of basic 
principles involved in high temperature deformation processes. This 
should be particularly so if results are to be achieved with leaner al- 
loys containing fewer and smaller amounts of strategic metals. 

In the course of evaluating the short-time load carrying ability 
of a number of available sheet alloys in the temperature range of 
1200 to 1800 °F (650 to 980 °C), attempts were made to study the 
deformation characteristics of each with the intent of becoming more 
familiar with the basic mechanisms associated with high temperature 
flow. The accumulated experience of many investigators in this field 
has defined the variables of stress, strain, strain rate, and temperature 
as those factors primarily controlling the flow properties of a particu- 
lar metal or alloy. In fact, these variables have been related (1)? 
and (2) in a single equation of state represented symbolically as 
S =S (e,e’, T) where S and ¢€ represent true stress and true strain, 
e’ strain rate, and T the absolute temperature. 

In spite of the complexity of such an equation of state, requir- 
ing six constants to define the behavior of a particular alloy under 
idealized conditions of microstructural stability, such an analysis 
serves a definite purpose in systematizing the study of the high tem- 
perature materials problem. Unfortunately, a large number of serv- 
ice applications exist where conditions of temperature, time, and 
strain give rise to such microstructural disturbances as recrystalliza- 
tion, spheroidization, precipitation, and phase changes. Fisher and 
MacGregor (3) have attempted to extend the equation of state con- 
cept to include the condition of tempering through introduction of a 
fifth variable resulting in a relationship of the form S = S (eg, e’, 
T, P) where P is a parameter representing the degree of tempering. 

Conceivably this type of relationship could be expanded even- 
tually to include a variety of nonequilibrium conditions. While such 
mathematical analyses of the deformation process may proceed on 
the one hand, there exists on the other a definite need for interpre- 
tation of such results in terms of more familiar metallurgical funda- 
mentals. In this investigation an attempt has been made to analyze 
tensile deformation data from this latter viewpoint. 


MetTuops oF DATA ANALYSIS 


True stress —true strain data were obtained from tension tests 
conducted over a range of strain rates and temperatures so selected 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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that marked strain hardening was induced in the specimen at the 
lower test temperatures while appreciable annealing and recrystalliza- 
tion occurred at the higher end of the temperature range. The true 
stress — strain diagram provides a highly useful and sound basis for 
displaying the actual flow conditions existing in a stressed material 
at least up to the point where necking or nonuniform straining of the 
specimen occurs. The slope of such a plot on log-log coordinates 
serves as an index to the degree of hardening occurring during 
straining and, in the more familiar case of room temperature defor- | 
mation, this positive slope is usually characteristic of the strain hard- 
ening properties of the material. At both room and elevated tem- 
peratures, the strain hardening process may be supplemented by pre- 
cipitation hardening and phase changes* or counteracted by simulta- 
neous recovery, recrystallization, tempering, and overaging. All such 
events contribute characteristic effects to the true stress — strain prop- 
erties of an alloy, but their individual identification is not always 
possible where several such alterations are occurring simultaneously. 

A further attempt has been made to disclose features of the high 
temperature deformation process through consideration of the activa- 
tion energies associated with such flow. It is well agreed that all 
plastic deformation occurs as a shearing process in which one layer 
of a body slides past an adjacent layer. On an atomic scale we may 
picture this shear action as the squeezing and slipping of the indi- 
vidual atoms past their neighbors as they progress from one lattice 
position to another. In order for a particle to accomplish this 
transposition it must attain sufficient energy to overcome its restrain- 
ing forces, and the magnitude of such an energy barrier becomes a 
major factor in determining the resistance of a material to plastic 
flow. 

Analysis of the flow and creep problem from this viewpoint by 
Eyring (5), Dushman (6), Kanter (7), and Kauzman (8), has re- 
vealed that determination of the activation energies associated with 
plastic deformation may be made by consideration of the relation- 
ship between the variables of temperature and rate of flow. Results 
obtained from analogous systems, involving atomic interchange proc- 
esses such as metallic diffusion and chemical reactions, provide a basis 
for expecting the rate at which atomic shear progresses to depend 
upon the probability of an atom being activated to the energy level 





2As an nares of this type of auxiliary hardening, the case of the 18 Cr—8 Ni stain- 
less steels may be cited in which the transformation of austenite to martensite during 
cold working enhances hardening. 
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necessary to permit its change of position. This probability may be 
represented by the term e~°/8T where e is the natural logarithm base, 
© the activation energy, R the universal gas constant, and T the ab- 
solute temperature. 

The relationship e’ = Ae~®/®T has been found to apply favorably 
to high temperature deformation results within the accuracy of the 
available data. Here e’ refers to the strain rate and A is a constant. 
Thus Q may be evaluated from the slope of the straight lines formed 
on a plot of log strain rate versus reciprocal of the absolute tempera- 
ture for constant stress and strain parameters. ‘The tensile data re- 
ported herein have been examined in this manner with the intent of 
evaluating the Q quantity for the several alloys studied and with the 
hope of learning more about the nature of the flow process. 


Materials and Specimens 


The sheet materials tested were selected to include an annealed 
alloy (Inconel Regular), an age-hardened alloy (Inconel X), an an- 
nealed alloy susceptible to age hardening (S-816 annealed), and a 
cold-worked alloy susceptible to age hardening (S-816 cold-worked). 
In addition an SAE 1020 steel was tested after treatment at 1250 °F 
(675 °C) to produce a relatively stabilized structure with respect to 
the test temperatures used. Both types of Inconel were supplied 
in sheet form by the International Nickel Company and the S-816 
was supplied in sheet form by the Allegheny Ludlum Steel Corpora- 
tion. The alloys and treatment received before testing are listed 
in Table I, together with the sheet thicknesses. 

Table II gives the chemical analysis of the alloys tested. Speci- 
mens for all materials were machined from strips 1 by 16 inches 
and had a gage section 2 inches long by % inch wide. 


Experimental Methods and Equipment 


In order that the range of test temperatures would extend from 
temperatures where recrystallization and recovery were negligible 


Table I 








Alloy Sheet Thicknesses Treatment 
SAE 1020 0.052 Inch 1 hour at 1250 °F air-cooled 
Inconel Regular 0.042 Inch Annealed at 1950 °F air-cooled 
Inconel X Aged 0.052 Inch Annealed at 2000 °F air-cooled 


24 hours at 1550 °F air-cooled 

20 hours at 1300 °F air-cooled 
S-816 annealed 0.042 Inch Steam quenched after 15 min. at 2200 °F 
S-816 cold-worked 0.044 Inch Annealed before cold rolling 
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4 
3 
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Table II 
Ccmposition of Alloys Tested 


Cr 


Alloy ~ Mn Si S P Fe 
SAE 1020 0.20 0.4 oe 0.04 0.04 viii TA 
Inconel Regular 0.06 0.16 0.33 meee >>: week 6.77 14.04 
Inconel X 0.04 0.42 0.41 0.007 aa 6.58 14.84 
S-816 Annealed 0.30 0.50 0.45 0.015 0.015 3.58 20.26 
S-816 Cold-worked 0.36 0.99 0.31 0.014 0.016 2.54 19.74 

Alloy Ni Co WwW Mo Cu Al Cb Ti 
SAE 1020 Se ne: ake Te ee eat, bed Radia is 
Inconel Regular ee eee. cata souk 0.45 a ae Le seas 
Incenel X 73.46 ae Logs meee 0.02 0.64 1.00 2.54 
S-816 Annealed 19.90 43.65 4.65 4.16 iat 3.63 aan 

52 4.08 3.79 3.65 


S-816 Cold-worked 19.99 44. 





factors to those where recrystallization was important, and also in- 
clude temperatures where precipitation and coalescence could occur, 
the high temperature alloys were tested at 1200, 1400, 1600, and 
1800 °F (650, 760, 870, and 980 °C) and the SAE 1020 at 600, 800, 
1000, and 1200 °F (315, 425, 540, and 650°C). In general, for any 
alloy, three tensile tests were made at each temperature at different 
constant strain rates varying from about 0.03% per minute to about 
3% per minute. 

The tests were conducted in a 60,000-pound capacity hydraulic- 
type tensile machine with controllable head speed. Heat was sup- 
plied to the specimen by a resistance-wound furnace capable of main- 
taining the temperature within 4°F of the nominal value over the 
2-inch gage length of the specimen. Thermocouples attached to each 
specimen insured that this variation in temperature was not exceeded 
throughout the test. Specimens were held at the testing temperature 
approximately 1 hour before loading, to allow stabilization of the 
temperature. 

Strain measurements were made using a system having a sen-— 
sitivity of 0.0001 inch and so designed as to permit convenient meas- 
urement of strain rate. In this system elongation of the gage length 
is transferred outside the furnace by extensometer arms attached to 
the ends of the gage length as illustrated in Fig. 1. Engaging the 
ends of the arms are small cantilever beams on which are mounted 
wire strain gages (9). These wire strain gages are connected in the 
bridge circuit of an SR-4 strain indicator unit in such a manner that 
the unbalanced current in the bridge is proportional to the average 
elongation in the gage length of the specimen. This unbalanced cur- 
rent after being suitably amplified is automatically registered ona 
milliammeter recorder. An auxiliary margin pen is used to indicate 





172 TRANSACTIONS OF THE A. S. M. Vol. 41 





Fig. 1—Tensile Test Specimen With Extensometer Arms Attached and 
Cantilever Strain Gage in Position. Front and side view. 
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loads, and as the paper speed is constant, a complete record of strain, 
load, and time is obtained on a single chart. 

Since the slope of the line formed on the milliammeter recorder 
is a measure of the strain rate, it is feasible, by means of close ob- 
servation of the line as it is formed and simultaneous adjustment of 
the head speed of the tensile machine, to maintain a constant rate of 
strain up to the point at which necking of the specimen sets in. When 
local deformation or necking occurs, this method is, of course, no 
longer valid since the rate of strain is no longer uniform throughout 
the gage length. Hence, in this investigation true stress — true strain 
curves for constant strain rate were plotted only up to the point 
where it was known that an insignificant amount of necking had oc- 
curred. Except for the SAE 1020 carbon steel, the majority of the 
tests conducted displayed negligible necking to fracture so that com- - 
plete stress-strain diagrams were plotted in such instances. 

It was found that in some specimens a falling off in load oc- 
curred long before necking. Wherever this was known or suspected 
to be the case, the tests were discontinued at some point before fail- 
ure. If measurements on the specimen showed the effects of local 
deformation to be negligible, the data were used out to the point 
where the test was discontinued. Wherever possible, the final points 
on the stress-strain diagram were checked by the actual cross section 
measurements on the specimen, and these values (indicated by * on 
the diagrams) were in good agreement with values obtained from 
the strain measuring system. 

All stress values represent load divided by the actual cross sec- 
tional area as calculated from elongation data assuming plastic defor- 
mation occurring at constant volume. Elongation was converted to 


1 dl 


true strain by the equation ¢ = ~ In 7, where 1 and |, repre- 
oO 


0 


sent the instantaneous and original gage lengths. A constant con- 
ventional strain rate was considered adequate since the difference be- 
tween it and the corresponding true strain rate would not be enough 
to affect stress significantly even at the larger values of strain. 


True Stress — True Strain Results 


Initial reference to the stress-strain data for the SAE 1020 steel 
(Fig. 2) serves ‘to indicate some of the general features of these high 
temperature diagrams. The straight lines, plotted on a log-log scale 
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to the point at which necking occurs, are typical of the exponential 
relation usually found for these variables (4). Since the slopes and 
positions of these lines represent the degree to which a specimen 
hardens during the course of testing, it is not surprising to find a 
decrease in such coefficients as the temperature rises. This expresses 
the condition that more rapid stress relieving or annealing occurs at 
the higher temperatures, resulting in less net strain hardening. 
































STRAIN - % 


Fig. 2—True Stress- True Strain Characteristics of SAE 1020 Steel Plotted 
to Maximum Load. 


At a particular temperature, this net quantity of strain harden- 
ing will also be reduced for slower strain rates since more time will 
be available for the annealing action to proceed. It will be noted 
that at 600 °F (315 °C) strain rate has no effect on the stress values 
over the range of rates investigated for the SAE 1020 steel. In this 
temperature range and below, the rate of annealing has been reduced 
to such a small value that time is of little significance in determining 
the net degree of strain hardening. With these characteristic fea- 
tures of the stress-strain-—temperature-rate relationships in mind, 
examination of the data for the more complex alloys may be made. 

Comparison of the S-816 annealed and cold-worked alloys 
(Figs. 3 and 4) shows that the latter reaches higher stress levels at 
all temperatures below 1800 °F (980°C). Pronounced strain hard- 
ening is apparent in the 1200 and 1400 °F (650 and 760 °C) tests of 
the annealed material and at 1200°F (650°C) in the cold-worked 
material. Outstanding differences in the true stress-strain character- 
istics of the two materials are the pronounced negative slopes found 


- 


ie 
a 
a iJ 
2 

ee 
t: 
> 











1949 DEFORMATION OF SHEET ALLOYS 
100000| _| 

rw h 1200" F(2.3.%, / Mine 

Ee pon tata 0.057% / Min 
¢ —| ee a "e\pab%/ Min.e 
; 2.4% /Min« 
o * 1600 ef / Min. a 
cae ie 
a SSS 

are 
10.000 tit (toer 

0.1 10 10 


STRAIN- % 


Fig. 3—True Stress-True Strain Characteristics of Annealed S-816. 


Maximum load indicated by vertical marker. * represents point obtained 
from final load and cross sectional area. 
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Fig. 4—True Stress-— True Strain Characteristics of Cold-Worked S-816. 


Maximum load indicated by vertical marker. * represents point obtained from 
final load and cross sectional area. 
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only at 1800°F (980°C) in the annealed stock and at 1600 °F 
(870 °C) in the-cold-worked stock. Cracking was eliminated as a 
cause of this phenomena on the basis of macro and microexamina- 
Necking was not responsible since, in all curves, the amount 
of necking before discontinuation was negligible (less than 2% in 
the case of the slow test at 1800 °F (980 °C) on the annealed S-816). 
Moreover, the final point is based on the final minimum cross section 


tion. 


and load. 





176 TRANSACTIONS OF THE A. S. M. Vol. 41 


An explanation of the decrease in true stress during the test can 
be found in Table III describing the aging characteristics of S-816. 

While this alloy is capable of age hardening at 1600 °F (870 °C), 
the data of Table III indicate the reaction to be sluggish in the an- 
nealed material so that overaging during the short time tensile test 
at this temperature was not encountered as evidenced by the hori- 
zontal stress-strain line. After 1 hour at 1800°F (980°C) a peak 
hardness is reached, so that during the tensile test a net softening 


Table Ill 
Rockwell Hardness of S-816 After Various Aging Treatments 


Aging Temperature 


ehnticmemmmnmaniindnnias 
—_—. 1000 ° F-_———_,, c—— 1800 °F ——__-, 
Overaged at 1800 °F 
Aging Cold- 20 Hr. Before Cold- 
Time Annealed Worked Cold Working Annealed Worked 
0 C-18 C-42 C-42 C-18 C-42 
% hr. C-20 C-42 ad C-21 C-34 
1 hr. C-22 C-42 C-31 C-24 C-31 
2 hr. C-22 C-42 C-31 C-21 C-31 
4 hr. ‘cs C-31 C-21 C-31 
ne C-18 C-30 


20 hr. C-26 C-34 


caused by overaging accelerated by strain and manifested by a de- 
crease in true stress is to be expected. After an hour at 1800 °F 
(980 °C) the cold-worked S-816 is already overaged and stabilized, 
and a decrease in true stress does not occur during the loading test. 
The effects of aging at 1600 °F (870°C) are masked in the cold- 
worked material by the simultaneous softening caused by recovery. 
To separate the two effects, the aging characteristics of the material, 
overaged before cold working, are presented. Comparison of the 
hardnesses of the two materials reveals that a peak hardness at- 
tributable to aging alone must have occurred at the end of 1 hour. 
Hence, overaging accelerated by strain accounts for the negative 
slopes found in the 1600 °F (870°C) stress-strain curves for S-816 
cold-worked. 

The stress-strain relationships for Inconel Regular (Fig. 5) 
show the same general characteristics as those for SAE 1020, al- 
though the straight line exponential relationship is not followed quite 
as closely. The strain hardening exponents, represented by the slopes 
of the lines, become less at higher temperatures and lower strain 
rates until at the lowest rate at 1800 °F (980 °C) the line is actually 
horizontal indicating that softening by recrystallization proceeds at 
the same rate as strain hardening. The negative slope at the end 
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Fig. 5—True Stress— True Strain Characteristics of Regular Inconel. Maxi- 
mum load indicated by vertical marker. * represents point obtained from final 
load and cross sectional area, 
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Fig. 6—True Stress - True Strain Characteristics of Aged Inconel X. Maxi- 
mum load indicated by vertical marker. * represents point obtained from final 
load and cross sectional area. 


of the stress-strain line for 1200°F (650°C) at 0.09% per minute 
was found, upon inspection of the fractured specimen, to be due to 
the gradual enlargement of a crack which was apparently initiated 
some time before actual failure, and which reduced the true cross 
sectional area. 

Examination, of the stress-strain characteristics for the aged 
Inconel X (Fig. 6) reveals the following. The magnitude of the 
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Fig. 8—Variation of Stress at 10% Strain 
With Temperatuve for Strain Rates of 10, 1.0, 


and 0.10% per Minute. SAE 1020 steel illus- 
trated. 


flow stress for any particular strain is unaffected by strain rate at 
1200 °F (650 °C), indicating that, aside from strain hardening, no 
structural changes affecting resistance to flow are occurring during 
the test. At 1400 °F (760°C), however, not only is the flow stress 
dependent on rate, but an actual decrease in stress occurs with in- 
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creasing strain in the slower tests. Metallographic studies of the 
material led to the conclusion that the decrease in stress was due 
to overaging of the specimen during the test. No form of cracking 
could be detected. The practically zero slope of the 1600 to 1800 °F 
(870 to 980 °C) stress-strain curves are due to the fact that at these 
higher temperatures strain hardening is being relieved at the same 
rate it is produced. Furthermore, at these temperatures the precipi- 
tate responsible for the age hardening properties becomes stabilized 
during the 1-hour holding time at temperature prior to application 
of the load. 


Activation Energies of Deformation 


In transposing the original stress-strain data to the reciprocai 
absolute temperature versus strain rate plots capable of evaluating 
©, intermediate charts of strain rate versus stress for constant strain 
and temperature were prepared. Fig. 7, representing the data for the 
SAE 1020 steel, is included as an example of the strain rate versus 
stress diagrams. It is of passing interest to note that, for all the 
materials tested, straight lines on log-log coordinates were found to 
represent best the strain rate —stress relationship over the range of 
strain rates used. Such diagrams further serve to demonstrate 
primarily the character of the strain hardening versus annealing 
process at various temperatures. As the slope of these lines ap- 
proaches the horizontal, temperatures are reached where the soften- 
ing and recrystallization rate are negligibly slow, thus causing stress 
at a constant strain to vary little with strain rate. 

In all such plots, interpolated values at intermediate tempera- 
tures were added to permit more accurate construction of the strain 
rate — reciprocal absolute temperature diagrams. The method of inter- 
polation is illustrated by Fig. 8 for the SAE 1020 steel. Here stress 
versus temperature lines for three strain rates have been constructed 


from which stress values at intermediate temperatures were selected . 


and returned to the rate-stress charts for construction of the addi- 
tional temperature lines. 

Figs. 9 to 13 represent the curves of strain rate versus reciprocal 
absolute temperature obtained by cutting the rate-stress lines at 
selected stress levels. It is evident that regardless of the alloy 
considered there is a wide range of conditions over which the 
probability relationship of e’ = Ae~®/®* satisfies the data and from 
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Fig. 9—Relationship Between Strain Rate and Reciprocal of the 
Absolute Temperature for Constant Stress at 10% Strain. 


which activation energies (Q) may be calculated. It is equally 
evident that departure from this relationship exists under certain 
circumstances. An increasing Q value is noted consistently in all 
cases for decreasing stresses. This latter characteristic is sum- 
marized in Fig. 14, illustrating the variation of Q with stress at 
constant strain for the alloys tested. 


Plastic Flow From the Activation Energy Viewpoint 


It appears possible to picture a simplified working model of the 
deformation process incorporating some of the characteristic features 
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Fig. 10—Relationship Between Strain Rate and Reciprocal of the 
Absolute Temperature for Constant Stress at 1.0% Strain. 


of the type of data presented. Fig. 15a illustrates several layers of 
atoms subjected to low tension stress and along which slip or relative 
movement may occur. The term slip, as used in this discussion, 
refers to the summation of a number of individual atomic shearing 
actions occurring on a plane in a certain direction and not to block 
movement or simultaneous displacement of groups of atoms (10). 
The potential energy curve associated with this atom configuration 
of Fig. 15a represents schematically the extent to which the atoms 
of the middle layer must be energized before they can move past 
their neighbors and be displaced in the slip direction. The peak 
height of this energy barrier may be considered to be influenced by 
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Fig. 11—Relationship Between Strain Rate and Reciprocal of the 
Absolute Temperature for Constant Stress at 1.0% Strain. 


the density of packing of the atoms in a given metal or alloy, by 
the presence of foreign or dissimilar atoms distributed throughout 
the lattice (solid solution and precipitation hardening), and by the 
degree of distortion existing in the atomic layers (cold work). 
Upon application of a greater load (Fig. 15b), it is reasonable 
to assume that the spacing between the atoms will be widened by 
additional elastic strain, with the net result that the atomic shear 
process may proceed with less difficulty. Restated from the energy 
viewpoint, when load is applied, the particles will require activation 
to a lower energy value in order to surmount the energy barrier 
and attain a permanent change in position. While in all cases, the 
curves of Fig. 14 bear out this effect of stress on the Q value, the 
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Fig. 12—Relationship Between Strain Rate and Reciprocal of the 
Absolute Temperature for Constant Stress at 10% Strain. 


degree and nature of the variation is not the same from one alloy 
to the next. 

The exact manner in which Q will vary with applied stress for 
strain rates of similar magnitude in a given material may depend 
upon several factors. From the picture illustrating the greater ease 
with which atomic shear can progress when the lattice is dilated by 
elastic strain, we would expect the activation energies required for 
shear to depend to some extent upon the elastic constants of the 
lattice. If, during the course of deforming a polycrystalline material, 
the slip direction changes or is transferred to planes of different 
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Fig. 13—Relationship Between Strain Rate and Reciprocal of the 
Absolute Temperature for Constant Stress at 1.0% Strain. 


orientation with respect to the applied load, the elastic strain of the 
lattice in the slip direction would change. At the same time alto- 
gether different energy barriers could be anticipated due to the 
different configuration of atoms encountered in different directions 
of the lattice. Where microstructural changes occur from one tem- 
perature to another, QO values could be expected to vary with stress 
for a similar range of strain rates since a range of temperatures are 
involved for such a combination of variables. 

If reference be made to the reciprocal absolute temperature 
charts (Figs. 9 to 13), it will be noted that at the lower temperature 
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Fig. 14—Effect of Stress on Activation Energies at the Con- 
stant Strain Values Indicated. 
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end of the diagrams, the constant stress lines deviate from the 
straight line relationship, thereby suggesting a change in the nature 
of the deformation process. As can be determined from the original 
stress-strain diagrams, this departure of the Q lines from a constant 
slope occurs in a temperature range where the specimens are under- 
going appreciable strain hardening during the entire tensile test. 
Under these conditions, in which the flow is transferred from one 
direction to another and possibly even to new sets of crystallographic 
planes, Q values would be encountered different from those obtained 
for the constarit mode of deformation at the higher temperatures. 
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In the higher range of temperatures where annealing keeps pace 
with strain hardening, there is no need for transfer of flow to planes 
of different orientation, and deformation continues for the most part 
according to a fixed pattern. 

Although no basically new concept of high temperature flow is 
forthcoming from the observations and data trends discussed above, 
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Fig. 15 a, b—Schematic Representation of the Potential 
Energy of Atoms in a Slip Plane Arising From the Atoms in 
the Planes Above and Below It for a Low and High Stress 
Condition. 


ENERGY 


it is felt that the additional features of the potential barrier and 
rate-process mechanism of deformation presented provide a clearer 
physical picture of the problem. 


High Temperature Deformation and Diffusion 


From consideration of constant load creep test results, Kanter 
(7) has likened the creep mechanism to that of metallic diffusion. 
In the Q versus stress plots (Fig. 14), the curves have been extra- 
polated to the zero stress axis to define activation energies of 
diffusion associated with the atoms or groups of atoms involved in 
the deformation of the various alloys. Data obtained from constant 
load creep tests by Dushman, Dunbar, and Huthsteiner (11) for 
pure aluminum and an aluminum alloy are included. A self-diffusion 
© value for pure alpha iron is available from the work of Birchenall 
and Mehl (12). This diffusion value of 78,000 cal/mol for the 
alpha iron and the extrapolated zero stress value of 95,000 cal/mol 
for the SAE 1020 steel of this investigation would seem to be con- 
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sistent, particularly if comparison be made between the values of 
35,000 and 43,000 cal/mol for the pure aluminum and aluminum 
plus 2% magnesium alloy. It would be of interest to conduct high 
temperature tensile tests on several pure metals such as iron and 
copper to compare the zero stress Q values so obtained with those 
determined from self-diffusion experiments. 


CONCLUDING REMARKS 


Because of the large number of variables affecting the defor- 
mation characteristics of metals, particularly where microstructural 
instability is involved, much is to be gained by correlating these 
variables into a basic scheme. It is doubtful that any single flow 
mechanism can be proposed in simplified form~which will account 
for the many peculiarities of high temperature deformation. Con- 
sideration of the unit particles involved would seem to offer a means 
of reducing the complexity of the problem. Measurement of the 
activation energies associated with these particles during plastic flow 
provides a means of observing their behavior. 

In general, it would appear that materials and treatments which 
display increasingly higher resistance to flow have larger QO values. 
However, this is not always the case. Even though an atom may 
require little activation to jump to a new position, the unit jump 
distance may be small in the particular slip direction, giving rise to 
a relatively slow strain rate. Other conditions remaining the same, 
high © values should be an indicator of high flow strength. In 
this respect, result of diffusion experiments both on pure metals and 
alloys should be of imterest to the metallurgist developing high 
temperature alloys since such data are capable of measuring the 


mobility of the constituent particles ‘involved in the deformation 
process. 
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DISCUSSION 


Written Discussion: By J. J. Kanter, materials research engineer, 
Crane Co., Chicago. 

The carefully determined values for short-time high temperature ten- 
sile stress of alloys made available by this paper should prove useful, as 
the authors propose, for learning more about the mechanics of deforma- 
tion at elevated temperatures. 

In their Figs. 9 to 13, the authors show “activation” energies for con- 
stant stress and strain which they point out decrease as stress increases. 
A number of the constant stress reciprocal temperature plots markedly 
depart from linearity for the lower temperatures of the observed range. 
Thus it might be argued that the activation energies also vary with tem- 
perature, if the slopes of tangents to these curves might be so interpreted. 

It would be no more arbitrary to freely discuss all of the tangents to 
reciprocal temperature plots as activation energies than it is to discuss 
only those applying to the linear leg of the plot. If the change in slope 
from stress to stress be attributed to a progressive change in solid state 
affecting activation, then it must also be recognized that the crystalline 
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state for constant strain varies with the temperature at which that strain 
is produced in a tensile test. If such be the case, merely the constancy 
of stress and strain does not imply constancy of state. The linearity of 
portions of the reciprocal absolute temperature plots of such tensile strain 
data may be fortuitous to the conditions of test and may not warrant 
some of the interpretations which have been made. 
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Fig. 16—Tensile Stress Versus Strain Rate of Five Materials. 


In their Fig. 7, the authors show the effect of strain rate on stress 
for SAE 1020 steel, plotted logarithmically. The writer has replotted the 
data for the five materials reported by the authors on this basis as sum- 
marized in Fig. 16. This is done for the purpose of directing attention to 
the striking manner in which the isothermal curves all converge as strain 
rates increase and when produced intersect at a common point. Thus the 


strain rate—constant stress relationship may be very simply expressed by 
the equation 
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Fig. 17—Tensile Stress Versus Strain Rate of Five Materials, 


(V/V.)" = ¢/¢. Equation 1 
where V = strain rate V.—= strain rate at common point 
¢ = stress ¢, = stress rate at common point 


Since the slopes of the isotherms increase progressively with temperature, 
the constant n furnishes a temperature parameter. Plotting the values 
of n versus temperature, as shown in Fig. 17, for the five materials 
reported by the authors, it appears that this parameter is fitted by the 
equation 


T — T: 
T2— T: 


where T = temperature of constant strain rate 
T: = temperature of initial speed effect 
T: = temperature at whtch n=1 


a= Equation 2 


cet 
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from which it is apparent that 


T,~ T; 


V/Vo = (¢/2.) aoe Equation 3 


The maximum temperature (Ti) at which there is no speed effect on 
stress, %, seems to occur where the heat content of the alloy is of the 
order of that of fusion. This would mean the general level of activation 
is at this temperature just equivalent to that which is requisite for the 
viscous displacement of atoms from their lattice bonds. The calculated 
temperature at which n is unity (T:) seems to be in excess of the fusion 
point. The difference (T2:—7T:) is more nearly the fusion temperature, 
a point at which the viscous mode of flow (n = 1) is to be expected. 

The stress value *, may in some way be associated with an amount 
of energy involved in the heat of fusion. A unit strain, such as might be 
imagined for the condition n= 1, at the stress % is an appreciable frac- 
tion of the work represented by the heat of fusion. This being the case 
the value T: — T: would be expected to bear all but that small part of the 
activation energy contributed by the work of straining. The straining 
velocity V. may be looked upon as a theoretical situation where slip 
strains are formed as rapidly as a fusion point temperature dissipates 
them. 

The significance of the ratio V/Vo, under the rapid shearing mode of 
straining studied, would be as a measure of the fraction of the material 
participating in the action at any moment, and as such represents the 
probability that a particle would be energized to the extent of participating 
in the action promoting strain. Upon this conception we may write, 


T, -T; 


e —(0—Hr/RT _ vy, = (6/e,) 7 Equation 4 





where Q = Activation Energy, R = Gas Constant, and T = Absolute tem- 
perature. Solving this equation for Q, 


T:— T: 
Q= es og ae loge (o/o,) Equation 5 


Using the constants determined from the charts plotted in Figs. 16 and 
17, values for Q for the five materials reported on by the authors are 
shown in Fig. 18 as functions of stress (7) at various temperatures investi- 
gated. Activation energy values found by this approach, for the stress 
ranges reported in the paper, are of the magnitude heat of “liquification” 
rather than the larger “vaporization” heats obtained by the authors’ 
analysis. 

In rapid straining it would seem more reasonable to attribute the 
effects manifested to coordinated activations of groups of particles aligned 
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on slip planes rather than to the independent activities of atoms as may 
be the case in micro-creep. (The n values for a given temperature in the 
case of micro-creep are more nearly represeritative of viscous flow than 
for the present straining data.) The probability that a system of atoms 
entering slip deformation could be activated to “vaporization” energies 
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Fig. 18—Tensile Stress Versus Strain Rate of Five Materials. 


would seem indeed remote as compared to that for activation to “liquifica- 


tion” energy through stress raisers and micro-localization of the heat 
of straining. 


Authors’ Reply 


In that part of the paper which concerned an appraisal of the activa- 
tion energies associated with high temperature deformation, the authors 
made several interpretations of the results which applied to temperature 
ranges over which the activation energy (Q) was constant for constant 
stress and strain. Mr. Kanter has attempted a more general analysis of 
the data so as to include the variation of Q with temperature as implied 
by the nonlinear portions of the strain rate-reciprocal absolute tempera- 
ture plots (Figs. 9 to 18). While there are certain features of his discus- 
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sion which appeal to the writers, we cannot agree with the final equation 
5 relating Q with temperature and stress nor with the activation energies 
so calculated. 

Fig. 7 of the paper illustrates the type of plots obtained in general 
upon relating log stress with log strain rate. At sufficiently low tempera- 
tures, where the annealing rate is no longer significant, the lines are hori- 
zontal. With increasing temperature their slopes increase and tend to 
approach a constant value. Mr. Kanter has plotted this variation of slope 
(n) with temperature in Fig. 17 but it is questionable whether or not a 
linear relationship may be assumed even over the range of variables con- 
sidered. Consequently the evaludtion of n (equation 2) and the substitu- 
tions made in equations 3, 4, and 5 are not convincing. 

The significance attached to the ratio V/V. by Mr. Kanter as a meas- 
ure of the fraction of material participating in the strain process at any 
moment is of interest. At some low value of this ratio, depending on tem- 
perature, deformation may be assumed to be occurring with a minimum 
number of particles cooperating. It is felt that a locus drawn through 
the points on the reciprocal temperature charts (Figs. 9 to 13) at which 
the Q lines depart from linearity define a range of temperature, strain 


rates, and stress conditions over which a diffusion-type strain mechanism 
predominates. 











APPLICATION OF THE THEORY OF DIFFUSION 
TO THE FORMATION OF ALLOYS IN 
POWDER METALLURGY 


By Pot Duwez AND CHARLES B. JORDAN 


Abstract 


A simple theoretical discussion is first given, by 
means of which it is possible to*predict approximately the 
time and temperature required for complete homogeniza- 
tion by diffusion of a mixture of two metal powders. The 
theory is first developed for one-dimensional diffusion in 
a stack of interleaved thin sheets of two metals, which 
arrangement has recently been investigated in France by 
Chevenard and Waché. With the aid of an analysis by 
W einbaum of diffusion in a simple model of a mixture of 
powders, it is then shown that the method of predicting 
time and temperature of homogenization can be extended 
to this three-dimensional case. The method involves only 
consulting a pair of charts which are given; no calcula- 
tions are necessary. 

An experimental investigation of the progress of 
diffusion in compacts of mixed copper and nickel powders 
is next described. In these experiments, the compacts 
were heated for various lengths of time at different tem- 
peratures, and the degree of diffusion thereby produced 
measured by means of X-ray diffraction. A discussion 
of experimental errors is given. When the results of the 
measurements are compared with those predicted by 
theory, it 1s found that the agreement is qualitatively cor- 
rect, and that the quantitative deviations are quite under- 


standable in view of the range of experimental variables 
involved. 


INTRODUCTION 


N a recent paper, Chevenard and Waché (1)? describe an in- 
genious experimental method of studying intermetallic diffusion 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, Pol Duwez is 
associate professor of mechanical engineering and chief of the Materials Section 
of Jet Propulsion Laboratory, and Charles B. Jordan is research engineer, Jet 
Propulsion Laboratory, California Institute of Technology, Pasadena, Caiif. 
Manuscript received April 19, 1948. 
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in a pile of alternating plates of two different iron-nickel alloys. The 
magnetic properties of these alloys make it possible to follow the 
progress of diffusion by determining the change in the Curie point 
of the aggregate as homogenization proceeds. Moreover, it is not 
difficult to give a theoretical analysis of diffusion in such an aggregate 
of interleaved sheets, and Chevenard and Waché were able to obtain 
very good agreement between experimental and theoretical results. 
In this paper, it will be shown that the analysis can be extended to 
give an approximate relation between the temperature and the dura- 
tion of heating required to attain a given state of homogenization in 
a compact of two metal powders. It will also be shown that there is 
fair agreement between the results of such an analysis and the results 
of experiments with copper and nickel powders which will be de- 
scribed. 


DIFFUSION IN A PILE OF ALTERNATING PLATES 


Since the paper of Chevenard and Waché is rather inaccessible 
in this country, it will be appropriate first to review briefly the case 
of one-dimensional diffusion investigated by them. Consider a sys- 
tem made of a large number of alternating plates of two different 
metals. If the thickness of the plates is small compared with their 
other dimensions, the end effects may be neglected and the problem 
of diffusion is a one-dimensional one. Consequently, the classical 
Fick’s equation for one dimension 


Oc Oc 


Ot =D Ox? Equation 1 


may be applied to this case. In this equation, c is the concentration 
at a distance x from the interface between two adjacent plates, D is 
the diffusion coefficient, and t is the time. Since this equation is 
formally equivalent to the equation of heat conduction, it is possible 
to apply the solution of heat conduction problems to the analogous 
situations in diffusion theory. In the present instance, the equivalent 
thermal situation is that of a large flat slab which is suddenly im- 
mersed in a medium having a different temperature. The solution of 
this problem may be found in several treatises on heat conduction 
(2). The concentration distribution in any one plate turns out to be 
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where c is related? to the concentration of one of the metals at a point 
X; Cy is related to the initial concentration of the same metal; @ is a 
characteristic time given by 





Equation 3 


and y is the thickness of each plate. It should be pointed out that 
this solution is valid only if D is not a function of concentration, 
which assumption is only approximately true in the case of inter- 
metallic diffusion. 

Curves of c/c, versus x/y have been plotted for different values 
of the ratio t/@ and are presented in Fig. 1. When t —0, c —c, for 
all values of x. For small values of t/@ the concentration distribution 
curve is very steep near x =O, c/c, remaining equal to 1 in the 
center of the plate. For t/@>1, the first term of the series of Equa- 
tion 2 predominates, and the concentration distribution curve be- 
comes sinusoidal. For large values of t/@ (i.e., for t/@>5) the sine 
curve flattens out to coincide with the axis of abscissae and homo- 
geneity is practically achieved. 

The progress of diffusion in a pile of alternating plates can be 
conveniently represented by the variation with time of the value of 
c/co at the center of a plate. This variation may be computed from 
Equation 2 by setting x/y = % and calculating c/c, as a function of 
t/6. The value of c/c, for x/n=—¥% will be designated by K for 
convenience, and t/@ will be designated by t. A plot of K versus t 
is presented in Fig. 2. Since the curve relates two dimensionless 
parameters, it is universal. 

On the basis of this theory, complete homogeneity is achieved 
only for an infinite value of t. For practical purposes, however, 
homogenization may be considered complete when K —0.01, at 
which point t= 5 approximately. Therefore, the time required to 
attain practically complete homogeneity at any given temperature 
will be given simply by t = 50, and hence can be calculated when 6 
is known. 

To obtain @, the procedure is as follows: The diffusion coeffi- 
cient D is first computed at the temperature T by the well-known 
formula 


D=D,e°™ Equation 4 


in which D, and Q are constants which have been experimentally 








“For the exact significance of c“and co, see Appendix. 
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Concentration Ratio C/C, 





__ Fig. 1—Concentration Ratio c/co Versus x/n for 
Different Values of the Ratio t/@. 


determined for various pairs of metals (3). Having D, @ can be 
computed from Equation 3. 

The relation between thickness », temperature T, and time t 
required to attain (practically) complete diffusion may be conven- 
iently represented by two diagrams which are graphs of Equations 3 
and 4. Fig. 3 is a graph of Equation 3, showing that log @ is a 
linear function of log D for a given value of ». Values of » from 1 
micron to 1000 microns, and values of 6 from 10 seconds to 10 days, 
are represented in the figure. Equation 4 is represented by a straight 
line if log D is plotted against 1/T. Fig. 4 shows this relation for 
some metals for which the constants D,, and Q have been determined. 
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The horizontal axis of 1/T has been ruled with a scale of T in order 
to facilitate use of the graph. 
An example will illustrate the use of the two charts. Suppose 


_- 





Stemnitiniae ~. 7 


ee 


ee aS in Rater 


beet SE 


& 


1949 POWDER METALLURGY 199 













































































io-8 es 
4 
we 
ce 

1o-9 

oo 

wv 

Ww 

™ 

N 

E 

£i9-10 

~- 10 —t——J 
lene 

c a 

= ee 

v cy ee 

°o = 

Oo 

°c 10 =e 

3 —— 
+ sme 

= FS 

oO 






































310 400 500 600 700 800 1000 1200 1 2000 3000 
Temperature °C yO 
ae 
L Vie" 
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Fig. 5—Lattice Parameter Versus Sintering Time at Various 
Constant Temperatures for Mixture No. 1. 


it is desired to estimate the temperature at which a pile of interleaved 
sheets of molybdenum and tungsten, each sheet 10 microns thick, 
should be heated in order to achieve practically complete homo- 
geneity in 5 hours. First, D is read off Fig. 3 from the intersection 
of the horizontal line 61 hour (6 =—t/5 at homogeneity as dis- 
cussed above) with the diagonal line » 10 microns. The result is 








200 TRANSACTIONS OF THE A. S. M. Vol. 41 


that D is about 3 X 10°" cm?/sec. The temperature corresponding 
to this value of D for the metals Mo-W can then be read off Fig. 4, 
and is approximately 1800 °C. 

If desired, Figs. 3 and 4 might be plotted on the same graph 
with a common D scale, thus avoiding the necessity for consulting 
two separate graphs. For the purpose of this exposition, however, 
it is felt that the separate plots illustrate the basic ideas somewhat 
more simply. 

Fig. 3 shows very clearly the effect of sheet thickness on the 
time required for homogenization. If practical equilibrium is at- 
tained in 100 seconds for sheets 1 micron thick, about 3 hours will 
be required for sheets 10 microns thick, and more than 10 days when 
the thickness is 100 microns. 


DIFFUSION IN A M1IxTURE OF Two METAL PowpERs 


The diffusion which takes place during the heating of a compact 
of two metal powders is obviously a much more complicated process 
than that involved in the homogenization of a pile of thin plates dis- 
cussed in the previous section. In the former case the diffusion is 
three-dimensional instead of one-dimensional as in the latter; more- 
over, there are additional complications due to the variations of par- 
ticle shape and size, and to the irregular distribution of particles of 
one metal in those of the other. An analytical treatment has recently 
been given (4) for a simplified model in which the metal particles 
are assumed to be equal sized cubes packed together so as to fill space, 
those of one metal alternating with those of the other in all three 
dimensions. Under these assumptions, the result of the analysis of 
Reference 4 is: 
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and C is the edge of a cube. 
Equation 5 is the three-dimensional analog of Equation 2, and 


- 


-Siapa ath saveedncrpaginecaear pean NE ee em RN 


Sia iat cama i cs 


1949 POWDER METALLURGY . 


may be used to compute concentration distribution curves similar 
to those of Fig. 1, except that a set of such curves now applies along 
any one direction in the cubic particle, with different sets along other 
directions. As in the case of the pile of plates, the progress of diffu- 
sion may be conveniently measured by the variation of K (the value 
of c/c, at the center of a particle) as a function of the time parameter 
t.2. The curve of K vs t for the three-dimensional case is given in 
Fig. 2 together with the curve for the one-dimensional case. Com- 
parison of the curves indicates, as might have been anticipated, that 
homogenization takes place more rapidly in a mixture of powders 
than in a pile of plates. 

If a value of c/c, 0.01 is again adopted as the criterion of 
complete diffusion, the corresponding value of t is found to be about 
2.5 in the three-dimensional case, instead of the value of 5 found for 
the one-dimensional case. It is therefore possible to extend the 
analysis to the problem of homogenization of a mixture of metal 
powders, and to find the relation between the temperature and the 
time which are necessary in order to achieve complete diffusion for 
powders of a given particle size. The charts of Figs. 3 and 4 may 
again be used, the only modification of the procedure lying in the use 
of t = 2.56 at complete homogenization instead of t — 5@. 


EXPERIMENTAL STUDY OF DIFFUSION IN NICKEL-CopPpER COMPACTS 


The alloying of two metal powders by intermetallic diffusion in 
the solid state is subject to the same restrictions as if the metals had 
been melted together: the same phases must appear, within the same 


concentration limits. Thus diffusion cannot take place between two — 


metals which are mutually insoluble in the solid state; moreover, if 
the equilibrium diagram of two metals is complex, showing several 
intermediate phases, these phases will also appear under suitable 
conditions as the result of diffusion. Clearly the simplest case in 
which diffusion can be studied is that of two metals which form a 
complete series of solid solutions with each other. As is well known, 
the crystal structure of such intermediate solid solutions is the same 
as that of the two metals forming them, except for the size of the 
unit cell, which is a continuous and approximately linear function of 
concentration. Consequently, the X-ray powder patterns of such 





®The appropriate definition of r in three dimensions is tr = t/@ where @ = “ = 
rs 





| 
| 
' 
| 
| 
| 








202 TRANSACTIONS OF THE A. S. M. Vol. 41 


solid solutions are the same as those of the constituent metals except 
for the spacing of the lines, which shows a small gradual shift with 
concentration corresponding to the variation of unit cell size. The 
copper-nickel system was chosen for the following experimental study 
because it satisfies the requirement of forming a complete series of 
solid solutions, and because copper and nickel powders are readily 
obtainable. 

Preparation of Specimens—Two mixtures of copper and nickel 
powders were prepared, each consisting of equal atomic percentage 
of the two metals, but differing in the range of particle size included. 
Mixture No. 1 was made up of powders which had been classified 
by sifting between 200-mesh and 325-mesh screens; mixture No. 2 
was made of powders as furnished by the vendor and not further 
classified. Of the latter mixture, the copper powder is known to be 
all of particle size smaller than 325 mesh, while of the nickel powder 
approximately 5% is between 150 and 200 mesh, 17% is between 
200 and 325 mesh, and the remainder is smaller than 325 mesh. 
Both mixtures were mixed mechanically for 48 hours. 

The mixed powders were then pressed into disks 1 inch in 
diameter, 5 grams of mixture being weighed out for each specimen. 
A pressure of 80,000 psi was used throughout. 

Special furnaces were constructed for sintering the specimens 
thus prepared. The basic design requirement of these furnaces was 
the provision for means of rapid quenching. This requirement was 
fulfilled by constructing each furnace in the form of a vertical silica 
tube (inside diameter 17% inches, outside diameter 17% inches, length 
30 inches) mounted coaxially with a surrounding ceramic tube (inside 
diameter 4 inches, outside diameter 5 inches, length 21 inches), the 
annular space between the two cylinders being filled with asbestos 
fiber. Heating was provided by a Nichrome wire resistance wound 
on the silica tube. Both ends of the silica tube were closed with 
rubber stoppers through which inlet and outlet tubes for providing 
hydrogen atmosphere were introduced, as well as a chromel-alumel 
thermocouple. The couple was completely surrounded inside the 
furnace by a ceramic tube, which prevented direct exposure of the 
couple to the hydrogen atmosphere. Provision was made for water 
cooling the metal base of the furnace, to prevent both deterioration 
of the bottom rubber stopper and possible injury to the operator 
when quenching a specimen. During sintering, the copper-nickel 
disks were suspended in the furnace by a wire support so that they 
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were held in the center of that portion of the length of the silica tube 
on which the Nichrome winding was wrapped. The wire support 
was itself held at the top of the silica tube by being gripped between 
stopper and tube. The entire furnace stood over a vessel of water, 
so that quenching was quickly accomplished at the end of a test by 
flushing the furnace with nitrogen, then removing the bottom stopper 
and loosening the top stopper, thus allowing specimen and wire sup- 
port to fall into the water. 

Specimens of mixture No. 1 were sintered at 1300, 1400, 1500, 
1600, 1650, and 1700 °F (705, 760, 815, 870, 900, and 925 °C); 
those of mixture No. 2 at 1100, 1200, 1300, 1400, and 1500 °F (595, 
650, 705, 760, and 815°C). At each temperature, a separate speci- 
men was sintered for each of the following time intervals: 15 min- 
utes, 30 minutes, 1, 2, 4, 8, 16, and 32 hours. 

In preparation for taking X-ray diffraction patterns, each speci- 
men was given a clean flat surface by abrading with emery cloth, 
usually on a belt sander, although a few were cleaned by hand. The 
effect of surface preparation was checked by subjecting each of sev- 
eral specimens to a succession of different treatments, such as clean- 
ing by hand with abrasive paper, belt sanding, polishing, and etching, 
and taking a diffraction pattern after each step. 

X-Ray Diffraction Analysis—A North American Philips X-ray 
Spectrometer was used with copper radiation filtered through a 
nickel foil. The Geiger counter was moved 2 degrees per minute 
and the pattern was recorded automatically on a Brown Recorder 
with a chart speed of 30 inches per hour. 

The angular range of diffracted beams which can be measured 
on the Norelco unit is such as to include the (111), (200), and 
(220) reflections from pure copper, pure nickel, and any solid solu- 
tion of the two. Accordingly, the general procedure was to measure 
these three interplanar spacings on each Norelco chart for the copper- 
rich solid solution present in each specimen after sintering, to calcu- 
late the lattice parameter from each of the three spacings, and to 
average the three values of the parameter thus obtained. For reasons 
discussed below, it was not always possible to measure all three 
reflections, and in such cases only one or two were measured. 

More accurate location of the diffraction peaks was carried out 
in the case of specimens of mixture No. 1 which were sintered at 
1300, 1500, 1650, 1700, and 1800°F (705, 815, 900, 925, and 
980 °C). This work was done either by hand scanning (taking the 
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average of three readings of intensity at each angular setting, the 
latter being taken at intervals of 0.05 degree) or by automatic scan- 
ning at slow speed (in which the Geiger counter scanned at the rate 
of 0.25 degree per minute). These two methods are considered to 
be equivalent as regards the degree of accuracy with which the dif- 
fraction maxima can be located. In either case, only the (200) 
reflections were scanned. 
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Fig. 6—Lattice Parameter Versus Sintering Time at Various 
Constant Temperatures for Mixture No. 2. 


The measured values of the lattice parameters are plotted as 
functions of sintering time at constant sintering temperature in Figs. 
5 and 6. It was found that the different types of surface preparation 
tested had no measurable effect on the location of the diffraction 
maxima. 


RELATION BETWEEN CONCENTRATION AND X-RAY 
DIFFRACTION MEASUREMENT 


The changes in the X-ray diffraction patterns observed at dif- 
ferent stages of diffusion may be described as follows: Before diffu- 
sion, the X-ray pattern of the mixture is simply the superposition 
of the patterns of copper and of nickel (Fig. 7a). As diffusion pro- 
gresses, some nickel diffuses into the particles of copper to form 
copper-rich solid solution, and vice versa. Since, however, the con- 
centration is not uniform at this stage, there will be produced a series 
of copper-rich solid solutions and a series of nickel-rich solid solu- 
tions. Each series produces a set of broadened lines on the X-ray 
pattern (Fig. 7b). Eventually the nickel-rich series merges with 
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the copper-rich series, producing a pattern of lines which are at first 
very broad (Fig. 7c) (corresponding to the wide range of concen- 
tration present), then progressively sharper, ultimately becoming the 
pattern of the homogeneous solid solution of equilibrium concentra- 
tion (Fig. 7d). 

It should be particularly noted that at intermediate stages of 
diffusion the specimens are not homogeneous, but contain solid solu- 
tions of different concentrations, i.e., of different lattice parameters. 
Solid solutions having the different lattice parameters are present in 
different relative amounts, and consequently produce X-ray reflec- 
tions of different intensities. The contour of a broadened X-ray line 
due to the presence of a series of solid solutions of neighboring con- 
centrations is, therefore, an approximate indication of the relative 
amounts present of the different concentrations, i.e., lattice param- 
eters; in particular, the peak of the broadened line corresponds to 
that concentration which is present in largest amount. Since the 
position of the peak of the line is always measured on the X-ray 
charts, the lattice parameter calculated from the measurements is 
always the parameter of that particular concentration of solid solution 
which is predominantly present. In order to compare the experi- 
mental results with the theoretical discussion given at the beginning 
of the paper, it is therefore necessary to determine the relation be- 
tween predominant concentration and the parameter K. 

Consider first the one-dimensional case. For a given value of 
t, the equation gives the concentration as a function of distance. Let 
this relationship be thought of graphically as a plot of distance versus 
concentration. According to the well-known Vegard’s Law, the lat- 
tice parameter of a solid solution is, to a good approximation, a linear 
function of concentration; hence the plot of distance versus concen- 
tration also represents distance versus lattice parameter if the scale 
of abscissas be changed by a constant factor. Now, along the direc- 
tion of diffusion, the linear density of material within a single plate 
is constant and, therefore, the distance traversed along this direction 
from some origin, say the boundary between two adjacent plates, is 
proportional to the total number of crystals traversed. Consequently, 
if the scale of ordinates be changed by a constant factor, the plot of 
distance versus lattice parameter also represents the total number of 
crystals between the origin (x 0) and the variable point (x — x) 
as a function of lattice parameter. Let the lattice parameter of those 
crystals at x =O be called a,, and the lattice parameter at x = x be 
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called a. Then the total number of crystals between x = 0 and x = x 
is also the total number N having a lattice parameter between a, 
and a. Therefore, the relative number of crystals having a lattice 
parameter between a and a + da is measured by dN/da, or the slope 
of the N versus a curves. The preceding argument shows that these 
slopes are equivalent to those of the distance versus concentration 
curves. Hence, finally, the predominant concentration is the concen- 
tration at that point where the slope of the distance versus concentra- 
tion curves is a maximum. In order, therefore, to compare the theo- 
retical with the experimental results, it is necessary to determine from 
the curves of Fig. 1 the value of ¢c at which the slope dx/dc is a 
maximum. 

The argument in the three-dimensional case is similar to the 
foregoing, except that now the concentration is a function of three 
spatial variables instead of one. In finding the predominant concen- 
tration, therefore, it is necessary to determine the concentration for 
which the slope of the c versus distance curves is a maximum for all 
directions in space. It turns out that this predominant concentration 
is that which is present at the centers of the particles (4) and, analo- 
gously, that in the one-dimensional case the predominant concentra- 
tion is that at the centers of the plates. 

These concentrations are just those denoted by K in the theoreti- 
cal discussion, where they were used as a convenient measure of the 
progress of diffusion, and universal curves given (Fig. 2) for their 
variation with temperature, time, and particle size (as expressed in 
the parameter t). Therefore, the experimental points of predomi- 
nant lattice parameter, when converted to predominant solid solution 
concentration by means of Vegard’s Law, and plotted as a function 
of t, should fall on the theoretical universal curves, if the assumptions 
on which the latter were derived are a fair approximation of the 
actual conditions. 


CoMPARISON OF REsuLTs WITH THEORY 


Figs. 8 and 9 show a-number of the experimental data plotted on 
the same graph with the two theoretical universal curves. The 
agreement, while not quantitatively precise, does indicate that the 
general trend and order of magnitude of the dependence of K on t 
is at least qualitatively correct. It should be emphasized that there 
are several approximations in the theoretical development which are 
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not accurately fulfilled in the actual conditions of the experiment; 
for example, the assumption that the diffusion constant D is inde- 
pendent of concentration, or that the metal particles are all of equal 
size and arranged in a very regular manner. The fact that there is 
a range of particle sizes present, particularly wide in the case of 
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Fig. 8—Concentration Parameter K Versus Parameter 7 for Mixture No. 1. 


mixture No. 2, is alone sufficient to account for much deviation of 
the experimental points from the theoretical curve. In order to 
obtain an idea of the magnitude of this effect, the value of t was 
calculated for particle sizes of 1 micron and of 43 microns, corre- 
sponding roughly to the spread present in mixture No. 2. (In cal- 
culating the plotted points an average value of 20 microns was 
taken.) The ratio of these two values of t is independent of time, 
temperature, and material; hence, on the logarithmic scale of ab- 
scissas used in plotting the universal curves, the horizontal spread is 
constant. This spread is large compared to the deviation of the 
experimental points from the curve; consequently, the observed 
deviations are not a disproof of the theory: 


SourRcES OF EXPERIMENTAL ERROR 


It is also necessary to consider the experimental errors as such, 
without reference to agreement with any theoretical treatment. One 
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troublesome source of error lay in the deviation from flatness of the 
sintered specimens. It was found that departures of only a few 
thousandths of an inch from planarity were sufficient to produce 
measurable shifts in the positions of the diffraction maxima. Be- 
cause of the excessive time and labor which would have been required 
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to mount all the specimens in plastic and grind accurately flat, this 
preparation was employed only for those specimens scanned by hand 
or by slow-speed automatic scanning. 

A second source of error was the presence of random fluctua- 
tions in the intensity of output from the X-ray tube, which produced 
a corresponding unsteadiness in the record traced on the charts, thus 
making for uncertainty in locating the diffraction maxima accurately. 

Probably the source of largest error is the presence of a range 
of particle sizes in both mixtures, as already mentioned above. It 
would certainly be very desirable to control this yariable closely, that 
is, to conduct the experiment with powders of a small range of par- 
ticle sizes. At the time of the experimental work described herein, 
the only accurate sizing technique available to the authors was that 
of water elutriation, which is a very slow process at best, and par- 
ticularly so in the case of metals because of their high density. 
Hence, it was not feasible to size the particles more closely than can 
be done by screening. | 
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Regardless of how precisely the experimental conditions are con- 
trolled, it is inevitable that during the intermediate stages of sinter- 
ing there should be present a series of solid solutions of varying con- 
centrations. The X-ray diffraction lines will thereby be broadened, 
as discussed above, making for uncertainty in locating the peaks, and 
hence to a lack of precision in the results. It is because of this effect 
that the technique of back-reflection, ordinarily used when accurate 
measurement of lattice parameter is desired, cannot be employed in 
the present work, for the line broadening causes the back reflections 
to be particularly diffuse, and hence useless for measurement. 

Finally, considerable difficulty is occasioned by the small mag- 
nitude of the effect being measured. The lattice parameter of pure 
nickel is 3.52 A; that of copper is 3.61 A; and that-of any solid solu- 
tion of these two metals lies between these limits. Morever, in the 
equal atomic proportions of the mixture used, the total observable 
effect is a migration of the diffraction peak corresponding either to 
a nickel-rich or a copper-rich solid solution from the pure metal to 
the final homogeneous solid solution, which has a parameter approxi- 
mately midway between those of the two metals. In other words, 
the total shift in lattice parameter observable is a matter of only 
0.05A, which corresponds to a total shift of about 1.5° in 26. On 
this basis, it might be thought more advantageous to have carried 
out the investigation using two metals which differ more widely in 
their lattice parameters. Unfortunately, it is a general rule that if 
the lattice parameters of two metals differ by more than about 15%, 
the two will not form a complete series of solid solutions, and the 
latter condition is essential in order to have a simple, well-defined 
means of following the diffusion process. 
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APPENDIX 


A measure of concentration appropriate for use in the study of 
diffusion may be arrived at by means of the following considerations, 
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in which all concentrations will be expressed as weight fractions. 
Consider diffusion between two alloys, I and II, and let c, be the 
initial concentration of one of the metals in I, and c, its initial con- 
centration in II. Then at equilibrium the concentration throughout 
will be co—=%(c1+c,), assuming, for convenience, that equal 
weights of alloys I and II were taken. Now let c* be the variable con- 
centration at any point and any time during diffusion. Then the 
quantity 
c* — ¥4(aa + ce) 


measures the departure of the actual concentration from the equilib- 
rium value, and is thus a measure of the progress of diffusion. If 
now the quantity c is defined by 


c—[e— wate [Ste 


ler — Co| 


then c varies from an initial value of c, in either I or II to a final 
value of zero. It is convenient, however, to have a dimensionless 
parameter which varies from unity to zero, and this can obviously be 
done by dividing c by c, and using the resulting ratio 
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as is done in the text. 


References 


1. P. Chevenard and X. Waché, “Etude Expérimentale de la Diffusion Mé- 
tallique par la Méthode Thermomagnétique Appliquée 4 des Agrégats 
Multilames,” Revue de Métallurgie, 1945. 

2. H. S. Carslaw and J. C. Jaeger, “Conduction of Heat in Solids,” 1947, p. 
77. Oxford University Press. 

3. R. M. Barrer, “Diffusion in and Through Solids,” 1941, p. 275. Cam- 
bridge University Press. 

4. S. Weinbaum, “Alloying of Metal Powders by Diffusion.” (Submitted for 
publication. ) 


DISCUSSION 


Written Discussion: By Harry Udin and Amos J. Shaler, Massachu- 
setts Institute of Technology, Cambridge, Mass. 

The present paper of Duwez and Jordan shows that during the 
sintering of a mixture of copper and nickel powder homogenization 
behaves qualitatively according to the classical viewpoint of diffusion. 
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That homogenization is initially more rapid than is predicted by theory 
may be attributed to the contribution of the finer fraction of the powders. 
Likewise, it appears that the process approaches completion more slowly 
than the theoretical process since a larger size fraction of powders is 
also present. 

Quantitatively, the results seem somewhat anomalous. In Fig. 9 
homogenization even of the largest particle size is nearly complete at a 
time when theory predicts only that the mean particle size is approaching 
complete homogenization. This occurs in spite of the fact that at less 
than 100% density homogenization by diffusion would be retarded since 
the interfacial area available for diffusion is correspondingly less. 

To account for this anomaly, it is necessary to consider that sintering 
is always a concomitant of diffusion until the powder mass is of 100% 
density. Until such a density is achieved, there must be a mass move- 
ment of metal toward the interior. The driving force for such motion 
has been attributed to surface tension. Nevertheless, such a motion, 
like diffusion,‘ is also atomic in nature. As a consequence, it is to be 
expected that the atoms of copper move at a different rate from those 
of nickel, due to their different mobilities, although the driving force 
is approximately uniform. Thus an increment of homogenization will be 
superimposed on that due to diffusion. 

The simple cubic array of Weinbaum* can decrease its free energy 
only by increasing its entropy, whereas an actual compact of unlike pow- 
ders has superimposed upon this entropy effect some excess surface energy 
which can be dissipated by an atomic motion which likewise leads to 
homogenization. 


Authors’ Reply 


We wish to thank Messrs. Udin and Shaler for their interesting 
discussion. As they point out, the porosity in an actual powder compact 
will retard diffusion below the rate calculated on the basis of Wein- 
baum’s model, which is nonporous. Moreover, as shrinkage proceeds, 
the increasing area of interfacial contact will accelerate diffusion. How- 
ever, it is not clear to us that shrinkage can affect homogenization in 
any way other than by this increase in contact area. From the phenom- 
enological viewpoint, it is certainly true that the free energy of an actual 
compact can decrease by the dissipation of surface energy as well as by 
the increase of entropy resulting from homogenization, for otherwise 
shrinkage would not take place. It does not seem evident to us, however, 
that this decrease in free energy is not just that required to bring about 
shrinkage, leaving no remainder to produce homogenization. The situation 
appears even less clear from the atomic viewpoint in the absence of a 
clearly established picture of the atomic mechanisms of diffusion, sinter- 
ing, and shrinkage. 

4A. J. Shaler and John ts. “On the Mechanism of Sintering,” Industrial Engineer. 
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THERMODYNAMICS IN THE DECARBURIZATION OF 
STEEL WITH MILL SCALE 


By W. A. PENNINGTON 


Abstract 


Experiments have been conducted to show that the 
decarburization of ferrous alloys with mill scale is eff ected 
through two chemical reactions involving gases. One of 
these reactions causes an expansion in volume, at constant 
pressure, and therefore causes gases to escape from a 
heat treating chamber where decarburization is taking 
place. 

A technique of following the effect of different 
variables on decarburization with mill scale has been es- 
tablished which is based upon volume measurements of 
the gases collected. The method is unique in that good 
results for the average specimen are available continu- 
ously throughout a run. 

Chemical thermodynamics has been applied to cal- 
culate the end-point carbon for various conditions. Sup- 
porting experimental evidence has been presented to dem- 
onstrate the reliability of the calculations where they are 
made on the proper basis. 

Among the factors investigated are: (a) total pres- 
sure of CO and CO,, (b) effect of inert gases, (c) type of 
scale, (d) composition of steel, (e) temperature, (f) 
thickness of steel, and (g) catalysts. 

Some suggestions have been made pertaining to 
decarburization in mill practice. 


INTRODUCTION 


OST of the experimental investigations pertaining to the de- 
carburization of steel, which have been reported in the litera- 

ture, have been prompted either by academic interest or the practical 
hope of finding a means of preventing the loss of carbon. There are 
some few scientists, however, who are carrying on a very active 
program of research with the specific intention of discovering better 
A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The author, W. A. Pennington, 


is chief chemist and metallurgist, Carrier Corporation, Syracuse, N. Y. Manu- 
script received March 10, 1948. 
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and cheaper ways of effecting decarburization of steel strip in plant 
production. Notably among these are metallurgists, and a few 
chemists, who have the responsibility of producing magnetic steels 
of the highest quality. 

It is well known that these steels, which contain silicon up to 
some 5%, are superior where a state of preferred orientation of the 
grains exists. Such a condition can be obtained with considerably 
more ease through decarburization to some very low level of carbon. 

The writer some years ago set out to produce decarburized steel 
strip for an entirely different reason. There was a definite need for 
a dead soft steel with considerable corrosion resistance. The particu- 
lar processing of the strip required a heating to some 1550°F 
(845 °C) which, of necessity, was followed by a cooling to room 
temperature in a matter of 20 to 30 minutes. 

Ordinary steel, such as may be used for hot-dipped galvanizing, 
can be rendered dead soft through a box anneal at some 1275 °F 
(690 °C) over a fairly long period with, of course, a slow cool. The 
iron carbide becomes spheroidal and no longer makes a substantial 
contribution to the hardness. 

The new problem was further complicated by the fact that every 
addition which could be made to the steel to enhance corrosion 
seemed to induce a greater degree of hardness. To have a steel 
which would compare favorably with dead soft galvanized steel, and 
with the other required properties, it appeared that it would be nec- 
essary to make the steel with a carbon content around 0.05% and 
then to reduce this value to something like 0.007% through strip 
decarburization. Needless to say, the method would have to be 
cheap, which precludes the use of moist hydrogen and other similar 
possibilities. 

Knowing that steel strip sometimes suffers from surface de- 
carburization where heat treated with the mill scale intact, it was 
decided to attempt to make use of this principle in developing a prac- 
tical method. Early in the investigation, it was realized that a 
thorough understanding of the chemical thermodynamics would lead 
to the desired goal. The principles discovered in the various re- 
search investigations are so fundamental that they are reported here 
in the hope that they may be of help to some of those interested in 
plant methods of decarburization. 

In a previous paper (1)*, the writer was particularly concerned 


1The figures appearing in parentheses pertain to the references appended to this paper 
unless their significance is otherwisé indicated. 
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with the mechanism of decarburization of steel as it involves the 
migration of carbon within the body of the steel. The position was 
taken that the chemical reactions, whatever they are, take place at 
the surface and therefore all equilibria within the steel can be re- 
garded as being physical rather than chemical. Having thus disposed 
of the possibility of decarburizing chemical reactions taking place 
within the metal, concentration was put upon the nature of the dif- 
fusion of carbon, particularly as it takes place in a two-phase system. 

With the mechanism of diffusion clearly in mind, it is time 
to consider the chemical reactions which take place at the surface 
of the steel. These reactions, like all others, are governed as to 
rate by kinetics and as to extent by thermodynamics. 

Inasmuch as the mill scale is to be used as the decarburizing 
agent, it is necessary to discuss its nature and to show how it func- 
tions. Once this has been accomplished, free energy data can be 
derived which can be used to determine the extent of decarburization 
which may be expected and indeed to determine whether there will 
be any appreciable decarburization. In the application of the free 
energy data, it was necessary to have information on the solubility 
of carbon in a-iron. Not being satisfied with the data at hand, ex- 
periments were conducted designed to measure directly the solubility 
of carbon in a-iron at a few temperatures. 

Many factors have been found which affect both the rates and 
the end value of decarburization. Among those which will be dis- 
cussed are: (a) total pressure of CO and CO,, (b) effect of inert 
gases, (c) type of scale, (d) composition of steel, (e) temperature, 
(f£) thickness, and (g) effect of catalysts. 

It should be reiterated that the purpose of this work is to de- 
velop certain thermodynamic principles which will allow the metal- 
lurgist or physical chemist to calculate with certainty results which 
may be obtained in plant practice as well as in the laboratory. 


NATURE OF MILL SCALE 


Mill scale consists primarily of iron and oxygen and is formed 
upon the surface of steel as it is handled hot in the steel mill, and 
hence the name. The proportions of iron and oxygen are such as 
to correspond almost precisely to the formula Fe,O,. 

Where certain, steels are heated above some critical temperature, 
the oxygen in some way becomes available as an agent for carbon 
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removal with an accompanying depletion of oxygen in the mill scale. 
The reduction of mill scale may be regarded to take place in two 
steps; namely, the formation ot ferrous oxide and then a final re- 
duction to metallic iron. Jette and Foote (2) have found that FeO 
is often, if not always, associated with dissolved oxygen. This solid 
solution, known as wustite, has an average of 0.95 iron atom asso- 
ciated with each atom of oxygen. On duly considering this solid 
solution, one can regard the reduction of Fe,O, as first going to 
wustite and then to elementary iron. 

Inasmuch as the intermediate reduction product, whatever it 
is, is always present as long as the decarburization is taking place, 
it is only necessary to consider it in the thermodynamic considera- 
tions involving chemical equilibria. Herein wiistite has been accepted 
as the choice of intermediate product, but it is felt that almost pre- 
cisely the same quantitative values would have been arrived at if 
the intermediate product had been taken as FeO. 


CHEMISTRY OF THE CYCLE 


It is well known that ordinary scaled steel can be bright an- 
nealed by heating it in a closed container to some temperature above 
1275 °F (690°C). At the same time that the scale is being con- 
verted into bright metal, the stock will lose carbon and the gas pres- 
sure will increase in the container unless provision is made for “out- 
ward breathing’. If such provision is made, gas will escape as long 
as the decarburization proceeds. However, there comes a time at 
which the carbon of the steel will be in equilibrium with the oxygen 
of the scale and absolutely no further decarburization will take place. 

If consideration be restricted to low carbon steels, say with no 
more than 0.085% carbon, there will nearly always be an excess of 
scale and the chemical activity of the wiistite may be considered as 
unity. As the reactions proceed the activity of carbon gets less and 
less until the action comes to a dead end and no further gas will 
ever come from the container even though there are still scale and 
carbon present within. 

The volume of gas which comes from the container can be 
easily measured and serves as a basis for measuring the amount of 
carbon removed. Further attention will be given to this point later. 

How does the scale react with the carbon? Already it has been 
established that both the carbon and oxygen are present in solid sub- 
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stances. Do they react with each other or does the reaction proceed 
through the benefit of some intermediate gaseous reactions? Several 
experiments were conducted to ascertain the chemical mechanism. 
The results of one of these will suffice to answer the above questions. 

A steel containing 0.062% carbon, which was available in 18 
gage in the hot-rolled condition, was first cut into strips 3 by 5 inches 
and then normalized using a so-called neutral atmosphere. Some of 
the specimens were left in this condition to serve as one group, but 
others were pickled electrolytically as a cathode in clean, 10% sul- 
phuric acid. It was desired to have both types of specimens in ex- 





Fig. 1—Type of Pack Assembly Containing Scaled and Descaled Specimens. 
A = Scaled Specimen; B = Spacer; C = Unscaled Specimen. 


actly the same condition except for the surface oxide. The pickled 
specimens were heated in boiling water and dried with absolute 
alcohol. 

A pack was made with alternate scaled and descaled specimens, 
there being 16 scaled and 15 descaled specimens. To prevent the 
oxide of the scaled specimens from touching those which had been 
pickled, a 22-gage ingot iron spacer was introduced between the 
various pairs of specimens at either end of the pack. Fig. 1 illus- 
trates how the specimens were assembled. 

The pack was wired at either end with a soft steel wire and 
introduced into a heat treating box made of low carbon steel pro- 
vided with a %-inch gas pipe to lead off the gases. The box was 
welded gas-tight and then put into a furnace so that the specimens 
were horizontal. ‘The lead-off gas pipe was so connected as to de- 
liver the gases formed into an inverted graduate by downward dis- 
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placement of a solution made by saturating a 5% sulphuric acid 
solution with sodium sulphate. No appreciable amount of carbon 
dioxide will dissolve in this solution. 

As soon as the temperature of the furnace began to rise, gases 
were expelled from the heat treating chamber. At first this evolu- 
tion was caused by the expansion of air in the chamber due to the 
rise in temperature. The flow of gas became slower and slower, 
with a given temperature rise, until some point around 1300°F 
(705 °C) was reached. Here the decarburization really got under 
way and continued quite satisfactorily at 1450°F (790°C), the 
point at which the temperature was maintained until there was no 
further decarburization. At the end of some 16 hours, the evolution 
of carbon had ceased and the heat treating chamber was removed 
from the furnace. The specimens were sheared in the middle across 
the short dimension and millings were taken for carbon analyses. 
The results are shown in Table I. 


Table I 
Carbon Analyses of Decarburized Specimens 


——Scaled Specimens———. ———Pickled Specimens——— 
Specimen No. C (%) Specimen No. C (%) 


1 0.009 2 0.009 
9 0.009 10 0.010 
17 0.008 16 0.009 
23 0.010 22 0.009 
31 0.009 30 0.009 


Obviously both sets of samples were decarburized to the same 
equilibrium value, but perhaps not with the same speed. There was 
no solid oxide in contact with the pickled specimens and consequently 
there could have been no solid reaction of scale with the carbon in 
the steel. 

Since the only oxidizing substance present was the scale on the 
odd-numbered pieces, it becomes necessary to picture the decarburiza- 
tion as being effected by gaseous reactions. Some gas must act as a 
carrier to get the oxygen from the scale to the surface of the pickled 
specimens. The question now arises as to what gases may be in- 
volved. An earlier experiment in which gray iron turnings were 
decarburized with mill scale at 1700°F (925°C) gave a gas, after 
all air had been expelled, which contained 85% CO and 15% CO.,. 
It is necessary to consider these two gases only to arrive at a mech- 
anism. - 
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It has long been known that CO, is a decarburizer as shown by 
the reaction given in Equation I 


C (in Fe) + CO. = 2CO. Equation I 


Carbon monoxide thus formed is a reducing agent quite capable of 


reducing iron oxide or wiistite. This reaction is illustrated in Equa- 
tion II, 


0.95 FeO + 0.025 O2 + CO = 0.95 Fe + COsz. Equation II 
pe 


wiistite 


The carbon dioxide formed by the reaction now becomes available 
for further decarburization in accordance with Equation I and the 
cycle will be under way for a second time. 

In the reaction in Equation I, two mols of carbon monoxide are 
formed for each mol of carbon dioxide which reacts and, since equal 
mols of different gases occupy approximately the same volume, one 
volume of CO, will produce two volumes of CO. This increase in 
volume causes some of the gases to be expelled from the heat treat- 
ing chamber. As a matter of fact, the gases coming from the cham- 
ber, where gray iron turnings are being decarburized, burn with con- 
siderable force, if they are lighted, showing that much gas is coming 
from the container. 

Having reviewed the nature of mill scale and having established 
the nature of the decarburizing chemical reactions, it is now appro- 
priate to develop and compile the free energy data needed to under- 
stand quantitatively the effect of the various factors which are to be 
discussed later. 


FREE ENERGY DATA 


There are two important mathematical relations among the free 
energy change of a chemical reaction, the equilibrium constant, and 
the concentrations of the involved substances. One relation gives 
the free energy change in terms of the equilibrium constant; the 
other gives the constant in terms of the concentrations. Free energy 


data then serve as a basis for the calculation of an unknown concen- 
tration. 


Let us take the general equation, 
bB +cC=dD + eE, Equation III 


where the capital letters represent the compounds and the small let- 
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ters the number of mols. According to the law of mass action, the 
equilibrium constant for this general equation may be given as 
AS AS 


: Equation IV 
AR AC 





The capital A denotes chemical activity and is usually proportional 
to concentration. The activity of a gas then is proportional to its 
pressure. In practical measurements, the equilibrium constants are 
so evaluated that the chemical activities of pure liquids or solids are 
equal to unity and hence disappear from the equation. 

The relation of the equilibrium constant and free energy may 
be found in any text of physical chemistry as 


eB) ie 
AF* = —RTInK. Equation V 


Here AF° is the free energy change in the selected standard state, 
R is the gas constant, T is the absolute temperature, and K is the 
equilibrium constant. 

With these basic relations for the general equation, it is time 
to turn to the two equations which are involved in the decarburiza- 
tion of steel with mill scale. For Equation I 


2 
Aco 


K, = ——2— 
Ac Aco, 


Equation VI 
or since the activities of the gases are proportional to their pressures, 


p2 
nies Equation VII 
Ac Poo, 


The subscript “1P” is used to denote a second constant not necessar- 
ily the same as the first but proportional to it in any event. 
The equilibrium constant for Equation II becomes 


0.95 
Are Aco 2 


Awa Aco 


Wu is not to be regarded as a chemical symbol but rather an abbre- 
viation of wiistite. Since the activities of solid iron and wiistite are 
equal to unity and the activity of each gas is proportional to its 
pressure, 


K.= Equation VIII 
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P 
Kop = ma ° Equation IX 


Poo 

If the two equilibrium constants for Equations VII and IX are 
known and the pressure of the gases measured, then it is simple to 
calculate Ag and to estimate the end carbon at equilibrium. If the 
equilibrium constants are not known, but the free energy changes 
are, the constants can be calculated by Equation V. 

Once K.p is known, the ratio of CO, to CO can be calculated 
and if the total pressure of the carbon gases is known, Ag can be 
calculated with no need for experimental measurements in addition 
to those already made for an evaluation of the free energy change. 

For theoretical considerations, a free energy equation is needed 
for the reaction in Equation II. This equation can be derived by 


the law of summation involving other reactions. Chipman and 
Marshall (3) give 


FeO (wiistite) + H.(g) = 0.95 Fe (2) + H:O(g) ; Equation X 
AF® = 7457 + 7.24 TinT — 0.00321T* — 52.628T. Equation Xa* 





Chipman (4) gives results for a second equation which can be 
used with Equation X: 


CO(g) + H:O(g) = He(g) + CO:(g) ; Equation XI 
AF* = — 10,020 — 0.40 TlnT — 0. 0018? + 0.25 X 10°T* + 13. 63T. 
Equation Xla 


If Equation X is added to Equation XI, Equation XII will be 
obtained : 


FeO (wiistite) + CO(g) = 0.95 Fe («) + CO:(g). Equation XII 


Likewise Equation Xa may be added algebraically to Equation XIa 
to obtain a free energy equation to correspond with Equation XII: 


AF®* = — 2563 + 6.84 TinT — 0.00501T* + 0.25 X 10°T* — 38.998T. 
Equation XIla 


The free energy data for the conversion of a- to B-iron has been 
taken from Chipman and Murphy (5): 


0.95 Fe (4) = 0.95 Fe (8) ; Equation XIII 
AF*® = — 1948 — 5.65 TinT + 0.00323T? + 37.782T. | Equation XIIIa 


By adding Equation XII to Equation XIII and Equation XIla to 
Equation XIIla the following are obtained: 





*Throughout this paper an “a” in the equation number will denote a free energy equation. 
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FeO (wiistite) + CO(g) = 0.95 Fe (8) + CO.(g); Equation XIV 
AF* = — 4511 + 1.19 TinT — 0.00178T? + 0.25 X i0°T? — 1.216T. 
Equation XIVa 


It remains to obtain an equation involving y-iron. Chipman 
and Marshall (3) give: 


0.95 Fe (2) = 0.95 Fe (7); Equation XV 
AF* = 105 —3.47 TinT + 0.00269T? + 21.230T. Equation X Va 


The desired equation can be found by adding Equation XV to Equa- 
tion XII and Equation XVa to Equation XIIa: 


FeO (wiistite) + CO(g) = 0.95 Fe (vy) + CO2(g); Equation XVI 

AF* = — 2458 + 3.37 TinT — 0.00232T* + 0.25 X 10°T* — 17.768T. 

Equation X Vla 

Equations XIIa, XI1Va, and XVIa are the desired free energy 
equations involved in the reduction of wiistite. 

There is yet need for an equation for the decarburization reac- 
tion itself, from which the equilibrium constants can be calculated 
or, better yet, a need for the equilibrium constants themselves. 
Austin and Day (6) have favored the science with a list of equi- 
librium constants at 50-degree intervals from 400 to 950°C (725 
to 1740 °F) for the reaction under consideration. The data conform 
to the following relation: 


Log Kir = 9.34091 — 9090.9(1/T), Equation XVII 


where T is the absolute temperature on the Centigrade scale. The 
data given in Table II were calculated through the use of this 
equation. 

The data given in Table III have been calculated through the 
solution of Equations XIJa, XI1Va or XVIa with Equation V as 


Table Il 
Equilibrium Constants for Decarburizing Reaction 








Temperature————_-——~ 


°F °C ve Kip 
1250 677 950 0.591 
1300 704 977 1.086 
1350 732 1005 1.974 
1400 760 1033 3.471 
1450 788 1061 5.925 
1500 826 1089 9.84 
1550 843 1116 15.67 
1600 871 1144 24.79 
1650 899 1172 38.39 
1700 927 1200 58.23 
1750 954 1227 85.48 
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pairs of simultaneous equations. Assuming that primary interest 
should center around a condition of atmospheric pressure, the par- 
tial pressure of CO and CO, have been calculated and are included 
in Table III. 

The two tables contain the equilibrium constants needed for 
the theoretical considerations. No attempt has been made to review 
all of the literature or to make a critical review of different data. 
These serve the purpose quite well. However, it should be pointed 
out that Stanley (7) has made a rather complete coverage of car- 
burization and decarburization as far as the equilibrium constants are 
concerned. 

Perhaps it is in order to show clearly how the data of columns 
6 and 7 of Table III were obtained. It is realized that P is the total 
pressure and is equal to the sum of the partial pressure of CO and 
CO,. If P is restricted to unity then 


Poo + Poo, = i, Equation XVIII 


but according to Equation IX 


Poo, 





Kop = 
Pco 


The values of K,p (column 4) were substituted in Equation IX and 
the resulting equation solved simultaneously with Equation XVIII. 

With the equilibrium constants known, it is a simple matter 
to use Equations VII and IX to calculate the activity of carbon in 
iron at equilibrium. In other words, one can calculate the minimum 
to which the chemical activity can be reduced during decarburization. 


Table Ill 
Equilibrium Constants for Deoxidizing Reaction 
-——Temperature—, P 
Form of Fe °F —— Kop (Atm.) Pco Poo, 
a 1250 950 0.712 1 0.584 0.416 
a 1300 977 0.661 1 0.602 0.398 
a 1350 1005 0.617 1 0.618 0.382 
a 1400 1033 0.577 1 0.634 0.366 
a 1450 1061 0.544 1 0.648 0.352 
B 1500 1089 0.514 1 0.661 0.339 
B 1550 1116 0.489 1 0.672 0.328 
B 1600 1144 0.468 1 0.681 0.319 
B 1650 1172 0.446 1 0.692 0.308 
¥ 1200 0.434 1 0.697 0.303 
v 1750 1227 0.418 1 0.705 0.295 
¥ 1800 1255 0.403 1 0.713 0.287 
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What does this chemical activity mean with respect to concentration ? 
It has already been assumed that the activity is proportional to the 
concentration. As far as y-iron is concerned, the solubility data are 
adequate for converting chemical activity to per cent carbon. For 
example, austenite containing 1.1% carbon at saturation has a chem- 
ical activity of unity, but changes to 0.5 at 0.55% carbon, a mere 
matter of proportionality. 

It has been shown how the activity of dissolved carbon can be 
calculated quite accurately, but this does not give the concentration 
which, after all, is what is desired. The activity at saturation is 
unity and at other levels proportional to the concentration. Since 
satisfactory data were not at hand on the solubility of carbon in 
a-iron, an experiment was conducted to measure the saturation values 
at a few temperatures. 


SOLUBILITY OF CARBON IN a-IRON 


Small ingots (4 by 8 by l-inch) of eutectoid steel were made 
through the use of an Ajax induction furnace, the steel being poured 
into gray iron molds. Commercially pure iron stock was used and 
graphite added to supply the carbon. Some little aluminum was 
added just before pouring to kill the steel so that better ingots would 
be obtained and also that the decarburization, which was to be ef- 
fected later, could be carried out faster. 

The small ingots were sand blasted and then forged to 0.5-inch 
thickness. The forgings were hot-rolled to 0.062 inch, normalized, 
and pickled at the cathode in sulphuric acid. Specimens 3 by 5 
inches were subjected to decarburization at different temperatures 
with hydrogen containing 20% water vapor until the center band 
(y-iron) was no closer than 0.020 inch to the surface. At the 
desired point of decarburization, the pieces were removed from 
the furnace and sweated to a parallel block with soft solder so 
that successive layer cuts could be taken with a shaper. Use was 
made of a tensile machine to exert pressure upon the piece while it 
was being soldered in order that there would be reasonable flatness. 

When this program was started it was intended that measure- 
ments would be made at quite a few temperatures, but after three 
runs had been made at 1400, 1450, and 1500°F (760, 790, and 
815°C) the work was temporarily abandoned and, because of the 
terrific time and inconvenience involved in such experimentation, has 
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Table IV 
Carbon Analyses of Layer Cuts 
Layer No. Thickness (In.) 1400 °F 1450°F 1500 °F 
2 0.005 0.026 0.020 0.014 
3 0.005 0.025 0.020 0.014 
: 0.005 0.026 0.019 0.014 


0.005 0.38 0.22 0.11 


not been resumed. In Table IV will be found data which are typical. 
In a previous publication (1) similar results were given for another 
steel at 1400 and 1500 °F (760 and 815°C). The postulation was 
made that the carbon, in the ferrite layer, is practically constant and 
that decarburization is the best means of obtaining the ferrite solu- 
bility. It does not particularly matter about the time of decarburiza- 
tion as long as the time is between some rather broad limits. The 
temperature, of course, must be held fairly close to the desired point, 
but still it is not too sensitive. 

Along with the data of Table IV one may make use of the 
fact that a-iron at some 1660 °F (905°C) contains zero per cent 
carbon. By using the technique of finite differencing with Newton’s 
law of expansion, the following equation may be obtained: 


y = 0.3936 — 0.000403t + 0.0000001t’, Equation XIX 


where y is the per cent carbon and t is degrees Fahrenheit. Ii the 
equation is solved for t where y is set at zero, a value of 1663 will 
be found. This is the top limit of t for which the equation is valid. 
This differs from 1660 because of the slight error in curve fitting. 
The equation is not valid below 1333 °F, at which point y is 0.034%. 

While the data, on which Equation XIX is based, are not as 
complete as would be desired, the equation is still probably fairly 
accurate and, of course, can be justifiably used until something bet- 
ter is at hand. With its use one is able to calculate the carbon con- 
tent corresponding to any chemical activity which occurs in the fer- 
rite range. 


EQUILIBRIUM OR END CARBON 


Let us now turn to the question of how low the carbon can be 
reduced at some specific temperature where the total pressure of CO 
and CO, is 1 atmosphere. For the purpose of illustration, a con- 
dition where the total pressure of the carbon gases is 1 atmosphere 
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(29.92 inches of mercury) and the temperature for the heat treat- 
ment is 1450 °F (790 °C) has been selected. 

From Table II, it may be found that, for the condition at hand, 
Kp is 5.925 and therefore 

Péo 
= 5.925. Equation XX 
Ac Peo, 

In Table III, the values for Peo and Peo, are 0.648 and 0.352 re- 
spectively. Substitution of these values in Equation XX yields a 
value for Ag of 0.201. The next step is to learn whether this activity 
corresponds to a- or y-iron. At this point, it is desirable to deter- 
mine the activity of austenite containing minimum carbon at 1450 °F 
(790 °C). Throughout this discourse such values have been taken 
from the iron-carbon equilibrium diagram occurring in METAL 
Procress, Vol. 30, 1936, p. 49. In fact, all general references to 
the iron-carbon diagram will be to this specific diagram. At 1450 °F 
(790 °C), the A, value (minimum carbon) is 0.35; the A,, value 
(maximum carbon) is 0.94. Since the chemical activity of a satu- 
rated solution is the same as the pure dissolved substance, the activ- 
ity of the saturated solution is the same as free cementite which is 
practically the same as that of graphite itself. Inasmuch as pure 
graphite is the standard state used in the determination of Kjp, its 
chemical activity is equal to unity and so the solution saturated with 
carbon also has unit activity. It follows then that the chemical 
activity of austenite containing 0.35% carbon is 0.372. 

If one finds that the activity is greater than 0.372 for solid-gas 
equilibrium, then austenite must exist; if the activity is less than 
0.372, then ferrite will exist. If the activity is precisely 0.372, there 
may be either or both phases present. 

In the calculation made above, it was found that the lower limit 
of activity which would be attained at equilibrium would be 0.201. 
This value is less than 0.372 and hence the steel must be ferritic at 
1450 °F (790°C) at the end point. What will be the limiting per- 
centage carbon to which the steel can be reduced? According to 
Equation XIX, ferrite, in equilibrium with austenite at this tem- 
perature, contains 0.0195% carbon. Its activity must be the same 
as the minimum carbon austenite because of being in equilibrium 
with it. Consequently, ferrite containing 0.0195% carbon has an 
activity of 0.372. On a proportionality basis a steel whose activity 
is 0.201 will contain 0.0105% carbon. 
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Table V 
Equilibrium Carbon Values at Different Temperatures for Pure Iron-Carbon Alloys 


Temp. -————7y-Fe —————._ Solid-Solid aor §-Fe Solid-Gas 
¢s F) Max. me Min. %C Equil. Activity Max.%C Equil. Activity End %C 
1250 


inae ead Tar ty al 0 032 1.387 No Decarb. 
1300 ron é ceases 0.032 0.839 0.028 (about) 
1350 0.84 0.71 0.845 0 0331 0.507 0.0199 
1400 0.89 0.51 0.573 0.0254 0.316 0.0140 
1450 0.94 0.35 0.372 0.0195 0.201 0.0105 
1500 0.995 0.24 0.241 0 O141 0.131 0 0077 
1550 1.05 0.15 0.143 0.0092 0.088 0.0057 
1600 1.10 0.08 0.073 0.0048 0.0586 0 0039 
1650 1.15 0.03 0.026 0.0009 0.0405 0.04 

1700 Roe Sort gee ho! ge, (is Ot PAS 0.0275 0.0333 
1750 RMN ets NaS GR al OM yn he 0.0197 0.0252 
1800 ees Pe reg ee ee ee Eo ee 0.0142 0.0189 











Any steel which has a composition such that the ordinary 
iron-carbon diagram may be applied will decarburize to 0.0105% 
dissolved carbon in the presence of mill scale or iron oxide. There 
are some substances such as titanium and vanadium which form 
insoluble carbides and therefore the total carbon may be higher than 
0.0105 where these substances are present. Each alloy has its own 
equilibrium diagram and it would be helpful if it were known. 
However, it is not always necessary, because there are compensating 
factors which make it possible to use the classical diagram. For 
example, in certain experiments nickel, which lowers the diagram, 
and silicon, which raises it, both gave an end carbon practically 
identical with that of a pure iron-carbon alloy and also with that cal- 
culated through the use of the diagram. Extreme discretion must 
be exercised because there is a point of alloy composition where the 
actual decarburization with mill scale does not take place at certain 
temperatures. There are compositions which do not decarburize at 
all in the presence of mill scale and appreciable quantities of CO and 
CO,. 

Similar calculations have been made for other temperatures and 
the results compiled in Table V. The reader must be aware that 
the total pressure of CO and CO,, for the conditions represented, is 
1 atmosphere. It will later be shown that a change in the total pres- 
sure of these gases will change the end carbon terrifically. It becomes 
necessary, at this point, to differentiate between two kinds of equi- 
libria encountered in decarburization. Reference is made to both 
kinds in Table V. First, there is a condition of equilibrium which 
exists involving a- and y-iron only. This type will be referred to 
as solid-solid equilibrium. Secondly, there is finally attained a con- 
dition of equilibrium between the solid steel, as a whole, and the 
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decarburizing gas phase. This type will be called solid-gas equi- 
librium. 

The carbon contents for the solid-solid equilibrium can be read 
from the iron-carbon diagram, being on the ferrite and the A, line. 
Through the use of other thermodynamic data, the carbon content 
of the steel for the solid-gas equilibrium can be ascertained and this 
value constitutes the lower or end-point carbon. The last four 
values in column 7 of Table V are for carbon in y- rather than a-iron. 
An iron or steel which adheres to the classical diagram cannot be 
decarburized below 0.0466% carbon at 1650°F (900°C). In other 
words, a steel containing 0.05% carbon cannot be decarburized with 
mill scale to 0.005%, but it can be at 1600 °F (870 °C), though such 
an attainment may come very slowly. 

After some of the preliminary experiments, which have been 
described, had been performed, a special technique of following de- 
carburization was developed and was used throughout the work re- 
ported here. A description of this technique will now be given. 


EQUIPMENT AND TECHNIQUE 


The Heat Treating Chamber—Already in another part of this 
paper an experiment was described in which scaled and descaled 
specimens were decarburized. The progress of decarburization was 
followed: by volume measurements of the gases expelled from the 
heat treating chamber. Later in the experimental work conveniences 
were added and refinements made. The method is so useful in 
studying many problems connected with decarburization that it will 
be described here in some detail. 

The heat treating chamber consisted of a steel box 5 by 7 by 5 
inches made of 11l-gage low carbon steel with the exception that the 
end to which the exit pipes were attached was %-inch plate. The 
box was made of welded construction, the end opposite the exit pipes 
being put on after the work was introduced. 

The specimens were usually no more than 5 inches long so that 
they could be some 2 inches away from the sealing plate when it was 
welded on. In this way there was no danger of getting premature 
decarburization. 

As it is shown in Fig. 2, there were two gas pipes going into 
the lead-off face of the box. Both were about 30 inches long. The 
top one was the standard %-inch pipe and served to lead off the 
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gases produced in excess of the pressure of the outside atmosphere. 
The inner end of this pipe was flush with the inside of the lead-off 
plate. The other pipe was the standard %-inch gas pipe and ex- 
tended into the center of the box. It was so placed that it could 
serve as a conduit for an iron-constantan thermocouple whose welded 
connection was at the center of the box. A reducer % to ¥% inch 
was screwed to the end of this pipe. It was so machined on the 





THERMOCOUPLE 
GAS EXIT TUBE 


THERMOCOUPLE 
PROTECTION TUBE 


Fig. 2—The Heat Treating Chamber. 


34-inch side that a rubber stopper could be inserted to secure gas 
tightness. The thermocouple wires were inserted through holes in 
the rubber stopper which had been made by driving a small nail 
through the rubber. The fit was snug and there was never any gas 
leak around the wires. Sometimes a glass tube was used through 
the rubber stopper for the purpose of leading in some desirable gas. 

The boxes were decarburized with mill scale on the inside be- 
fore they were used in the tests. 

The Furnace—Once the boxes were welded tight, they were 
placed in a Hoskins electric furnace in such a way that the pipes 
came out of the door space through a network of fire bricks and 
fibrous insulating material. Usually three boxes were included in each 
run. It was found advisable to protect the heat treating boxes from 
oxidation with a reducing atmosphere. 

Quite uniform conditions could be maintained in the heat treat- 
ing chamber throughout the run. The furnace controls were set so 
as to get a desired temperature in the center of the box, as indicated 














230 TRANSACTIONS OF THE A. S. M. Vol. 41 


by the thermocouple measurements. There was little, if any, differ- 
ence in the temperature within any of the boxes at any specific time 
during a single run. 

Gas Collection—The gases were led, as shown in Fig. 3, from 
the %-inch gas pipe through the trap and on through rubber and 
glass tubing to a delivery point inside a battery jar and underneath 





GAS INLET TUBE 


Fig. 3—Gas Collecting Apparatus. 


an inverted graduate. A solution, made by saturating a 5% solution 
of sulphuric acid with sodium sulphate, was used as the displacement 
liquid. It almost filled the battery jar and completely filled the in- 
verted graduate before the collection of the gas was started. 

A piece of glass tubing, through a cork float, was connected 
by rubber tubing to a rubber aspirator bulb. This assembly was 
used to fill the graduate with the salt-acid solution. 

Sometimes a 1-liter graduate was used; at other times one of 
2-liter capacity was used. In many cases it was necessary to shift 


ws 
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the gas delivery tube to another set-up because the first graduate had 
been completely filled. Sometimes as many as six graduates were 
filled with the gases from a single box. In general, it was found that 
four battery jar set-ups were enough to keep the three collections 
going in order. 

Making the Run—There was considerable time involved in get- 
ting everything ready for a run and therefore it was expedient to 
exercise care to avoid mistakes which would necessitate repeat runs. 
The boxes were placed in a cold furnace the day before the run was 
to be made. 

Experiments soon showed that there was no decarburization of 
appreciable magnitude up to at least 1275 °F (690°C). Therefore, 
once the assembly was connected, the furnace was turned on and set 
for this temperature and allowed to soak overnight. 

Any gases which were collected during the night were due to 
the expansion from the increase in temperature. This volume and 
the gas laws can be used to calculate the free volume within the 
box. The volume can also be ascertained from the weight of the 
work and the dimensions of the box. 

It was always found, in the morning, that the system was dead 
as far as flow of gases was concerned. The setting of the tempera- 
ture control was immediately changed to some desired point. If the 
new setting was at 1375 °F (745°C), the temperature would be at- 
tained in no more than a single hour. The increase in temperature 
would at once cause the flow of some little gas due to expansion 
and, at some temperature, perhaps slightly above 1300 °F (705 °C), 
the gases produced by decarburization would begin to form and the 
speed of gas flow would noticeably increase, soon reaching a maxi- 
mum either before or at the attainment of the leveling off of tem- 
perature. 

In order to know the volume of gas so as to have it related 
definitely to mass, it was necessary to correct the volume to some 
standard condition. As customary, 0°C (32°F) and 760 milli- 
meters (29.92 inches) of mercury pressure were used. The height 
of the liquid in the graduate over that in the battery jar was meas- 
used with a foot-ruler so that the pressure of this liquid could be 
subtracted from the barometric pressure to obtain a more correct 
value of the pressure of the gas over the liquid. 

From the laws pertaining to gas volume, pressure and tempera- 
ture, the volume of gas collected by expansion could be calculated 
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and, hence, it was known precisely when the decarburization started. 

It is appropriate to ask what relation is there between the vol- 
ume of gas collected and the amount of carbon removed from the 
work in the heat treating box. Under the conditions of pressure 
and temperature being considered, one gram-molecule of any pure 
gas, based on the ideal gas law, will occupy 22,400 milliliters. This 
volume then is the gram-molecular volume (S.T.P.).* It should be 
remembered that a gram-molecule is an amount of material which 
weighs the same number of grams as the molecule weighs in atomic 
weight units. 

One gram-molecule of CO, weighs 44 grams and contains 12 
grams of carbon; one gram-molecule of CO weighs 28 grams, but it 
also contains 12 grams of carbon. It follows that CO and CO, can 
be mixed in any proportions and still a gram-molecular volume will 
contain precisely 12 grams of carbon. This is fortunate for the par- 
ticular situation at hand because the volume of gas produced through 
the decarburization becomes an accurate measure of the amount of 
carbon taken from the steel, regardless of the relative amounts of 
CO and CO,. One milliliter will represent 0.000536 grams of car- 
bon. If a 5000-gram sample of steel is used, then 1 milliliter of gas 
will represent approximately 0.00001% carbon. It is believed that 
the volume measurements were well within 10 milliliters of the true 
value and therefore the carbon removed from a 5000-gram sample 
could possibly be within 0.0001% of the true value. 

If the carbon content of a steel is known as it goes into the heat 
treatment, there are three ways of finding out what the carbon is at 
the dead end of decarburization: (a) calculations through the use 
of thermodynamic data, (b) calculations involving gas volume meas- 
urements, and (c) actual chemical analyses by some other accepted 
procedure such as the combustion method. It will be interesting to 
learn that the three agree almost perfectly. 


CONFIRMATION OF THEORY 


A fairly pure iron-carbon alloy made in the laboratory, rolled to 
0.062 inch and normalized, was used to check the theoretical consid- 
erations; this steel was killed with aluminum. The carbon content 
as hot-rolled was 0.054%, but the normalizing treatment reduced the 
carbon to 0.048%. This is the carbon concentration as the various 
runs with this material were started. In the first few runs, the end- 


*Standard temperature and pressure. 
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Table VI 
End Carbon at 1450 °F (Low Carbon Steel) 
Method %C 
Gas Evolution 0.0106 
Thermodynamic Calculation 0.0105 
Combustion 0.0103 


Average 0.0105 





point carbon was something like 0.0085, but the thermodynamic value 
was 0.0105 which is not to be considered as satisfactory agreement. 

These first runs were made simply by putting the air-filled boxes 
in the furnace. Nitrogen was used later with the same result. How- 
ever, where the boxes were filled initially with a gas, produced by 
decarburization of other steel, the end result did check quite well 
with the thermodynamic value. 

It was found on a little closer scrutiny that the total pressure 
of CO and CO, had been erroneously assumed to be unity. There 
was not enough carbon in the steel to drive out all the nitrogen be- 
fore the end point was reached. The thermodynamic value then had 
been calculated for a condition which did not exist. It will be shown 
later that the agreement between theory and practice is all that can be 
asked when the actual total pressure of CO and CO, is duly con- 
sidered. 

The results for one of the runs will be described. Enough of 
the 3 by 5 by 0.062-inch pieces were put in the box to amount to 
3464 grams. A mixture of some 85% CO and 15% CO, (volume 
per cent) was passed through the cold box containing the work for 
some 15 minutes so as to displace all the air. This mixture is ap- 
proximately the same composition as the end-point gas and therefore 
the total pressure of CO and CO, at the end of the run was equal to 
the pressure of the atmosphere which was very close to 758 milli- 
meters when the run was made. 

Fig. 4 is presented to show the results graphically and to illus- 
trate how smooth a curve can be obtained using this technique. One 
knows at any time just how far the decarburization has proceeded 
and consequently how far it yet has to go to reach the thermodynamic 
end point. 

Six of the specimens were taken for chemical analyses at the 
end of the run. Four values were 0.010 and two were 0.011, making 
an average of 0.0103. For convenient comparison the end result is 
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shown in Table VI as arrived at by three different methods. It 
should be pointed out that the gas evolution carbon value depends 
upon a beginning carbon determined by the combustion method and 
therefore could differ as much or more than 0.0005 from the true 
value. 


% Carbon in Steel 


0.02 


0.01 








4 8 2 16 20 24 28 
Time (Hr.) 


Fig. 4—Decarburization Curve for a Low Carbon Steel Decarburized at 1450 °F. 


A modification of this experiment can be used conveniently to 
determine the per cent carbon in the original steel. The carbon re- 
moved was 0.0374%. If this value is added to the thermodynamic 
value of 0.0105 at the end point, 0.0479 will be obtained as the orig- 
inal carbon of the normalized piece. It is believed possible to set up 
a micro method using copper cylinders where many carbon analyses 
could be run in a day’s time with a single furnace. There would 
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probably be no advantage over the combustion method for an expert 
in the combustion technique, but for someone trying to get accurate 
values for a few determinations only, there might be some merit in 
the use of such a method. 

At this stage of experimentation, other temperatures were tried, 
particularly 1375 and 1550 °F (745 and 845°C). In all cases where 
1375 °F (745°C) was used, good checks were obtained among the 
three values for end-point carbon. However, they did not always 
agree as well as the results shown in Table VI. 

At 1550°F (845°C), a seemingly peculiar phenomenon was 
encountered—the steels tested, all containing nickel and manganese, 
did not decarburize at all except in going through the lower tem- 
perature range. It was feared at the time that the thermodynamics 
was so complicated that the results could not be explained. Later, 
they were found to be in perfect harmony with the thermodynamic 
considerations where the correct equilibrium diagram was used. As a 
matter of fact, the thermodynamics is so well understood at this 
point, that it is in order to discuss some of the factors which affect 
decarburization with mill scale. 


EFFECT OF TOTAL PRESSURE OF CARBON GASES 


First, let us examine again the reactions in Equations I and II. 
In the latter, no change in pressure occurs as the reaction proceeds 
because one mol of CO produces exactly one mol of CO,. Since 
there is no change in pressure, which results from a tendency for a 
volume increase, a change in the total pressure of CO and CO, can 
have no effect on the equilibrium. Kz.p is a ratio of the pressure of 
CO, to the pressure of CO. If both values were doubled, the ratio 
would still be the same. 

An entirely different situation, however, is found for the reac- 
tion in Equation I. Here one mol of CO, forms two of CO. There 
is a tendency toward a volume change and therefore the total pres- 
sure of the two gases will have an effect. An increase in pressure, 
not of inert gases but of CO and CO,, will tend to force the equi- 
librium to shift toward the smaller volume or toward more COQ,,. 
This direction is opposite to that of decarburization ; consequently, an 
increase in the total pressure of CO and CO,, as long as the ratio 
of the two remains the same, will result in a higher end-point carbon. 
The ratio of Poo,to Poo is controlled by the deoxidizing reaction and 
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is unaffected by the total pressure of the two gases. In other words, 
as long as there is wistite present the ratio, Peo, /Peo, must be con- 
stant at equilibrium, regardless of the total pressure. A reduction 
then in the total pressure of the carbon gases should result in a low- 
ering of the end-point carbon. 

As a matter of interest, the end-point carbon values have been 
calculated for an iron-carbon alloy decarburized with mill scale at 
1375 °F (745 °C) with pressures varying from 0.01 to 5.12 atmos- 
pheres. 

Through the use of Equations XIIa and V, K.p was found to 
be 0.596 at 1375 °F (1019°T). Equation XVII gives a value of 
2.627 for K,p. 

In all cases, regardless of pressure 


PoOn _. 0.596 
Poco 


and Peo, and Peo together will equal the pressure as given in the 
first column of Table VII. Two equations are thus obtained, whose 
solution gives the values for Peo and Peo, occurring in columns 2 and 
3. Equations VII and IX can now be used to get 


Ac = 0.639 Peo, Equation XXI 


a very convenient equation for obtaining the solid-gas equilibrium 
activity of carbon. These activity values are given in column 4. 

The minimum carbon (iron-carbon diagram) for austenite at 
1375 °F (745 °C) is 0.60% ; the maximum is 0.85% ; consequently, 
the activity of austenite in equilibrium with ferrite is 0.60 to 0.87 
or 0.690. Ferrite with this activity, by Equation XIX, contains 
0.0286% carbon. It is a matter of simple proportion to get the 
values in column 5. 

The physical properties of a decarburized steel change very 
much on reducing the carbon from some point around 0.014 to 
0.007%. A good grade of softness can be obtained with the lower 
carbon content ; at 0.014% the hardness may be almost twice as high 
on the Rockwell B scale. Table VII shows that softness can be 
obtained in the laboratory or in the plant because a carbon content of 
only 0.0053% can be obtained at 1375 °F (745°C), if the total 
pressure (P) of the carbon gases is 0.32 atmosphere at the end point. 

While the end-point carbon becomes less with a decrease in P,* 


*Total pressure of carbon gases. 
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Table VII 
End-Point Carbon Variation With Pco + Pco, at 1375 °F 
Pco + Poog Pco Pcog Ac C (%) 
0.01 0.00627 0.00373 0.00401 0.00017 
0.02 0.01253 0.00747 0.00801 0.00033 
0.04 0.02506 0.01494 0.01601 0.00066 
0.08 0.05013 0.02987 0.03203 0.0013 
0.16 0.1003 0.0597 0.06409 0.0026 
0.32 0.2005 0.1195 0.1281 0.0053 
0.64 0.4010 0.2390 0.2562 0.0106 
1.28 0.8020 0.4780 0.5125 0.0212 
S130 1.604 0.956 1.0250 No decarb. 


3.208 1.912 2.0499 No decarb. 


the rate of reaction probably also decreases. There is not much CO, 
to do the decarburizing, at some total pressure of 0.01 atmosphere, 
and it is expected that a very long time indeed would be required 
to reach the low value of 0.00017% carbon. 

Data were obtained which substantiated the conclusions drawn 
from the theoretical considerations above. It was suspected from 
previous observation that the mass of steel in the box, the per cent 
carbon in the steel, and the volume of the box all had something to do 
with the end-point carbon, if the box, at the start of the run, con- 
tained nitrogen or some other inert substance as the only gas. With 
the same box and the same steel, mass is the only one of these varia- 
bles left to be considered. Three different weights were used in an 
experimental run. 

The steel used was an experimental one in 16 gage containing 
0.52% manganese and 0.46% nickel, the carbon being 0.046% after 
it was normalized. Boxes 1, 2 and 3 contained enough 3 by 5-inch 
pieces to amount to 2035, 4960 and 8005 grams, respectively. The 
decarburization curves are shown in Fig. 5, as obtained for a heat 
treatment at 1375 °F (745°C). A summary of the important data 
is given in Table VIII. 

One can estimate the end-point carbon by a reference to Table 
VII for the case where all gases present at the end were CO and 
CO,. The barometer reading was 750 millimeters which is 0.987 
atmosphere. By interpolating in Table VII the end carbon for this 
value of P will be 0.0163. This theoretical value corresponds to the 
condition which existed in box No. 3 and is a satisfactory check 
with the value of 0.0170 obtained experimentally. The end-point 
carbon, as given in Table VIII, was arrived at from the volume of 
gas expelled and collected. Samples were analyzed by the combus- 
tion method and no single one differed more than 0.0016 from the 
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Fig. 5—Effect of Mass of Steel on Decarburization at 1375 °F. 


values given in the table. The amount of carbon obtained by the two 
chemical methods agreed quite well. Now how about the thermo- 
dynamic values? 

Above, it was shown that the thermodynamic value was reason- 
ably close to the experimental value for box No. 3. This theoretical 
value was obtained on the basis of the assumption that all gases in 
the box at the end were CO and CO,. Certainly this was not true for 
box No. 1 and it will be advisable to calculate how much of the gas 
was CO and CO,. To accomplish this feat, it is expedient to derive 
an equation which will give the percentage (by volume) of nitrogen 
or other inert gas in terms of the volume of gases collected and the 
original free gas volume of the heat treating chamber. In the deriva- 
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Table VIII 
Effect of Mass on Decarburization 





Box No. Wt. of Steel (gm.) End Point C (%) Total Time (Hr.) 


2035 0.0106 11.33 
2 4960 0.0151 19.25 
3 8005 0.0170 25.25 


tion, all volumes of gases were converted to correspond to the tem- 
perature and pressure existing in the heat treating chamber. It has 
been assumed that carbon gases are generated at all possible points 
within the box at a constant rate. This assumption means that the 
composition of the gas in the box is uniform at any time. Strictly 
speaking, this condition is not realized, but perhaps is fairly closely 
approached. 
Let A = free volume in box (a constant), 
y = % N:z in box at any time, 
x = volume of gases collected (converted to 1375 °F), 


dy = change in % Nz for dx expansion, and 
dx = change in volume of gases collected. 


It may be shown that 





—Ady = ydx. Equation XXII 
On integrating between limits, 
y x 
—2.303A log y | =x | Equation X XIII 
100 O, 
and " 
log y =2— ; Equation XXIV 
2.303A 


The percentage nitrogen in the different boxes has been calcu- 
lated through the use of Equation XXIV, and the results occur in 
Table IX along with the end-point carbon values. In most experi- 
ments, the calculated and observed values agreed almost perfectly, 
but extreme care had to be used in order for the conditions to be 
controlled and known. The results presented may be considered 
typical. 

Further experiments were conducted on other steels using three 
boxes simultaneously with approximately 5000 grams of steel in 
each charge. At the end points, different volumes of nitrogen were 
introduced into two of the boxes, the third being removed from the 
furnace so that the final carbon could be checked chemically. The 
end-point carbon was lower with a higher percentage of nitrogen and 
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Table 1X 
Percentage Nitrogen in Box and Carbon in Steel at End Point 
Vol. of Gases — C———_- 
Box No. A (ml.) at 1375°F % N2 (y) Obs. Calc. 
1 2500 5023 33.3 0.0106 0.0109 
: 2135 10689 0.67 0.0151 0.0162 


1655 16170 0.0057 0.0170 0.0163 








agreed with the thermodynamic value as well as the experimental 
technique would warrant. 

It is absolutely clear from the foregoing that steel strip cannot 
possibly be decarburized with mill scale, in a plant box anneal at 
1375 °F (745 °C), to a value as low as 0.007% if the total pressure 
of CO and CO, approaches one atmosphere. Either the amount of 
steel and the carbon in it will have to be small enough that much of 
the original nitrogen in the box will not be driven out, or an inert 
gas will need to be introduced, or a partial vacuum applied. The 
last suggestion is probably quite impractical, due to the likelihood of 
collapsing the annealing cover. 


EFFECT OF INERT GASES 


The portion of the paper immediately above has dealt coinci- 
dentally with this subject rather extensively. Perhaps, however, it 
is in order to make a summary more pointedly with respect to the 
effect of inert gases. 

Considerable confusion has existed throughout the years as to 
what is and what is not a decarburizer. In the case where hydrogen 
and water vapor are used, some are inclined to regard hydrogen as 
the decarburizer; others are just as certain that water is the active 
chemical. In any event, one should be inclined to regard the chem- 
ical which actually reacts with the carbon to produce a gas as the 
decarburizing agent. 

Nitrogen carrying moisture may be used to effect decarburiza- 
tion, yet nitrogen is not a decarburizer, but rather an agent to carry 
the water vapor and to help keep up the pressure. The nitrogen 
certainly aids in the decarburization. So does the heat and it is not 
considered to be a decarburizer. 

As far as the decarburization with mill scale is concerned, nitro- 
gen or other inert gas will act just like so much vacuum in its effect 
upon the end-point carbon. As to rate, it may not have the same ef- 


- 
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fect as a vacuum, due to the hindering effect of the nitrogen mole- 
cules to free movement of the carbon gases. 


Type or SCALE 


In the early part of the work involving quantitative decarbu- 
rization, before the gas collecting technique was employed, individual 
specimens were studied where the reaction was carried out for dif- 
ferent lengths of time. In general, the hot-rolled product was used. 
It was not unusual to find some specimen which had been heated 16 
hours with more carbon than another, from the same sheet, which 
had been heated for only 12 hours. At the time, this variation was 
accepted as something unavoidable. However, it was later found 
that uniform results could be obtained if the strip or sheet was first 
normalized. 

With the development of the gas collecting technique, it became 
a simple matter to compare the decarburization rates for hot-rolled 
and normalized stock. The data shown in Fig. 6 are for a steel con- 
taining approximately 0.5% nickel and 0.5% manganese. About 
5000 grams of 16-gage stock was used in both cases. Normalizing 
the steel increased the rates of decarburization. The end point was 
about the same for both cases, but 1% times as much time was re- 
quired for the hot-rolled steel. The beneficial effect of the normal- 
izing treatment was even more pronounced with some other steels. 

It was decided to return to a study of individual specimens to 
learn if there was any difference in behavior of the different pieces. 
This study was carried out by wrapping the specimens with a very 
light gage, low carbon steel so as to have at least three thicknesses 
of metal on either side. The ends were folded over and the package 
flattened with a hammer. There was little chance for inward 
breathing and yet the CO and CO, produced could be pushed out 
as the pressure tended to rise above that of the atmosphere. 

In general, all specimens were wrapped and introduced into the 
furnace, one of each material being put in every 4 hours. All were 
removed at the same time. The data for two low alloy steels heated 
at 1450°F (790°C) are given in Table X. It is immediately obvi- 
ous that the decarburization is much more uniform and reliable 
where the sheet or strip is first normalized before the anneal. One 
can rely on the normalized stock to behave uniformly, but the hot- 
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Fig. 6—Effect of Normalizing Hot-Rolled Steel. 


rolled can and does give wide variations. Should one attempt to 
decarburize a hot-rolled coil in the plant by a box anneal lasting 24 
hours, there might be found many places in the strip where the car- 
bon was as low as 0.006%, yet there might be other places where the 
carbon would be much higher. The normalized coil when decar- 
burized can be expected to be fairly uniform from one end to the 
other. 

The results shown in column 2 of Table X were so irregular, 
it was decided to try another steel with about the same carbon, and 
heat treat all specimens for 24 hours. The steel was of low alloy 
composition, containing 0.084% carbon, and was 0.073 inch thick. 
An examination of Table XI will reveal the effectiveness of the 
normalizing treatment. It was somewhat of a surprise to get such 
uniformity among the hot-rolled specimens. Obviously the hot- 
rolled steel had not even come close to equilibrium. A more thor- 
ough investigation of the normalized stock revealed that it was at 
the minimum carbon level somewhere between 14 and 16 hours. The 
hot-rolled steel would perhaps require much more than 30 hours. 

From the results involving many steels ranging in carbon from 
0.024 to 0.086%, it was concluded that the normalizing treatment 
was most effective on the higher carbon steels. In some cases, there 
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Table X 
Effect of Normalizing on Rates of Decarburization (1450 °F) 
—————__% C Steel A oa % C Steel B——-——- -~ 
Time (Hr.) Hot-Rolled Normalized Hot-Rolled Normalized 

0 0.081 0.077 0.060 0.055 
4 0.067 0.055 0.051 0.039 
8 0.054 0.040 0.035 0.027 
12 0.042 0.020 0.027 0.009 
16 0.029 0.006 0.006 0.005 
20 0.037 0.005 0.010 0.005 
24 0.006 0 


.006 0.008 0.004 








seemed to be little difference in the rates for the two treatments. 
Where there was little difference, the carbon content was always in 
the low part of the range, perhaps from 0.024 to 0.032%. It is pre- 
dicted that, in any plant decarburization with mill scale where a 
carbon as low as 0.006% is desired, it will be expedient to normalize 
the coil before it is heat treated for the decarburization. 


COMPOSITION OF THE STEEL 


Very little experimenting on the decarburization of low carbon 
steels is usually done before one learns that a steel containing silicon 
will decarburize much faster than some which do not contain this 
element. There are other elements, such as aluminum, which have 
the same effect. It may well be that a steel which has been deoxi- 
dized will decarburize faster, regardless of the deoxidizer used, ex- 
cept where there may be carbide precipitation. While the decar- 
burization may go faster, it does not follow that the end point will 
be the same for the different elements. In the first place, the ele- 
ments’ effect upon. the equilibrium diagram must be considered and, 
in the second place, insoluble carbides may be formed. The activity 
of carbon is determined by the amount dissolved, not upon that which 
may be precipitated as a carbide of a metal like titanium. 

The effect of aluminum is well shown by the data in Table XII. 
Varying percentages of aluminum were added to small experimental 
heats of commercially pure iron and the 16-gage strip was decar- 
hurized by the box-anneal technique at 1375 °F (745°C). There is 
a great deal of difference in time for attaining equilibrium for the 
material to which 0.02% aluminum was added and that to which 
0.05% was added. A further increase to 0.20% had little effect, 
indicating that the phenomenon was one of deoxidation. On one 
occasion, 8000 grams of an iron containing as much as 0.05% dis- 
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Table XI 
Effect of Normalizing on Decarburization in 24-Hour Anneal at 1450 °F 


Specimen No. Hot-Rolled C (%) Normalized C (%) 


1 0.033 0.005 
2 0.030 0.008 
3 0.034 0.005 
4 0.029 0.005 
5 0.033 0.006 





Average 0.0318 0.0058 


solved oxygen and 0.032% carbon evolved gases for 48 hours at 
1375 °F (745 °C), without reaching an equilibrium. 

As a result of the finding in connection with aluminum, it was 
decided to study other metals as additions, but not as deoxidizers. 
Each experimental heat was made from commercially pure iron as 
the base stock and was deoxidized with 0.05% aluminum just before 
the other alloying addition was made to prevent the other metal being 
used up in the deoxidation. All heats were hot-rolled to 16 gage 
and normalized before the decarburization treatment at 1375 °F 
(745 °C). Unfortunately, the initial carbon was not uniform in 
piece to piece and the amount of material used was not the same, so 
there is little comparison to make of time required to reach equi- 
librium. There were some interesting observations (see Table XIII) 
made regarding the end-point carbon for the different alloys all de- 
carburized at 1375 °F (745°C). The observed final value was ob- 
tained by the combustion method; the original, by adding to the final 
value an equivalent to the volume of gas collected. The calculated 
value was made on the same thermodynamic basis as previously de- 
scribed with due consideration to the total pressure of CO and CO, 
at the actual end point. 

In calculating the thermodynamic end point, no consideration 
was given to the effect of the alloying element on the equilibrium 
diagram. It was assumed, for the sake of the calculation, that all 
the carbon was dissolved as Fe,C or, if not, as some carbide which 
would readily be converted into Fe,C as the decarburization pro- 
ceeded. The assumption seemed to be in order except for the last 
three elements listed in Table XIII. 

At least two of them, titanium and vanadium, are known to 
form insoluble carbides. The thermodynamic value in the table is 
for the carbon which is dissolved and has nothing to do with that 
which may be present as inclusions. The carbon remaining in the 
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Table XII 
Effect of Added Aluminum on Decarburization at 1375 °F 








Percentage Carbon 


——————Fina]l—_—~ 

Al (%) Added Initial Analyzed Thermodynamic Time (Hr.) 
0.02 0.027 0.010 0.0096 17 
0.05 0.028 0.011 0.0110 9 


0.20 0.031 0.012 0.0107 8 














steel after decarburization, which is in excess of the thermodynamic 
value, must occur in precipitated carbides. Decarburization can then 
be used as a laboratory technique to establish the chemical formula 
of the inclusions if the percentage of titanium or vanadium is known. 
In the case at hand, the carbides would be Ti,C and V.C if none of 
the metals were lost in making the ingots. 

If there was roughly 50% melting efficiency with respect to the 
added metals, the formulas would be TiC and VC. 

Boron is extremely effective in preventing the loss of carbon. 
Alloy 14, which probably contained considerably less than 0.05% 
boron, decarburized only down to 0.048% carbon. One naturally 
wonders what effect this element would have in preventing unde- 
sirable decarburization of higher carbon steels heat treated at tem- 
peratures higher than that used in this experiment. 

All steels listed in Table XIII were decarburized overnight in 
hydrogen containing 20% by volume of water vapor. With the ex- 
ception of the ones containing titanium and vanadium, none con- 
tained more than 0.005% carbon; the one containing boron was down 
to 0.003%. The titanium alloy was down to 0.012%, but the one 
containing vanadium had decarburized only to 0.021% carbon. 

The decarburized pieces were cold-reduced from 16 to 22 gage 
and box-annealed at 1300 °F (705°C) for 12 hours. The specimen 
containing boron, in spite of the low carbon, had a hardness around 
Rockwell B-52, which was about the same as that for the one con- 
taining titanium and was much higher than the others; that contain- 
ing vanadium, even though its carbon was 0.021%, had a value of 
about B-39, in the same range in which most of the alloys fell even 
though they had very low carbon content. 


TEMPERATURE 


On leaving the 1375°F (745°C) point for an exploration at 
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Table XIII 
Effect of Some Alloying Elements on End-Point Carbon at 1375 °F 


Percentage Carbon 








Element ~Final-—————_ - - 
Alloy No. Added % Added Initial Obs. Calculated 
1 Cu 0.25 0.030 0.013 0.0147 
2 Ni 0.25 0.028 0.013 0.0141 
3 Cr 0.25 0.036 0.012 0.0160 
4 Mn 0.25 0.029 0.012 0.0135 
5 Zr 0.25 0.044 0.013 0.0160 
6 Co 0.25 0.025 0.014 0.0130 
7 ‘Mo 0.25 0.054 0.017 0.0161 
8 W 0.25 0.044 0.014 0.0158 
9 As 0.05 0.032 0.012 0.0145 
10 P 0.20 0.021 0.007 0.0097 
11 Si 0.20 0.019 0.006 0.0062 
12 Ti 0.25 0.052 0.039 0.0134 
13 V 0.25 0.048 0.037 0.0097 
14 0.063 0.048 0.0130 





other temperatures, it was decided to pass up the 1450 °F (790°C) 
level, where some little work had already been done, in favor of an 
investigation at 1550°F (845°C). The first experiment was car- 
ried out according to the standard technique, using a steel with nom- 
inally 0.50% of nickel and the same amount of manganese. As usual, 
the boxes and furnaces were allowed to soak overnight at 1275 °F 
(690 °C). 

On going through the familiar range from 1275 to 1450°F 
(690 to 790°C), all three boxes containing different amounts of 
steel gave forth gases as would be expected from the experience 
gained up to this point. However, at some temperature just lower 
than 1550°F (845 °C), the flow of gas stopped completely for all 
three boxes. This same thing had happened at the lower temperature 
for a single box and the cause had been traced to the development 
of a hole in the weld due to oxidation. In the case at hand, a pro- 
tective atmosphere was being used and therefore it did not seem 
that the boxes which had previously been found to be gas-tight could 
possibly be leaking. It was too much to think that all three should 
come to a dead end at about the same time. 

The furnace temperature was held constant at 1550 °F (845 °C) 
for as much as 2 hours with no gas leaving the. chamber for the last 
1% hours. At the last moment, it was decided to reduce the tem- 
perature to some 1450°F (790°C) and determine if there were 
leaks in the boxes. If there were not, there would be a tendency 
to suck the solution back into the delivery tubes because of the cool- 
ing. This move proved to be a good one because, when the tempera- 
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ture was lowered some substantial amount, gases were again evolved 
as fast as usual at the same stage of decarburization. The tempera- 
ture was kept at 1450 °F (790°C) until the decarburization reached 
the end point. The usual amount of gas was collected and the end 
point was about what one would expect. The gases stopped flowing 
out of the box at 1550°F (845°C) simply because there was no 
longer any chemical reaction which produced gas. The decarburiza- 
tion had stopped completely for thermodynamic reasons. 

According to Table V, the end-point carbon should have been 
0.0057% at 1550°F (845°C), but it was nowhere near this value 
showing that a wrong thermodynamic value had been calculated. 
One should at all times be aware that the use of the wrong diagram 
might prove to be fatal, and be on the lookout for a case to justify 
the suspicion. Here it is! A low alloy steel containing nickel and 
manganese to the extent of some 0.5% of each, along with the re- 
siduals of other elements, will not decarburize to a low level at 
1550°F (845°C) even though it will at 1450 and 1800°F (790 
and 980 °C), where the decarburization is effected by mill scale in a 
closed container. 

By using the correct equilibrium diagram for this particular 
alloy, the correct thermodynamic value would have been obtained 
and it could have been predicted that the material would not de- 
carburize at 1550°F (845°C). 

The diagram is not readily available, but it can be estimated 
that this amount of nickel and manganese will lower the equilibrium 
diagram for pure iron-carbon alloys about 50°F. There is’also a 
shifting toward the left, but this shift is small compared with the 
downward shift and therefore can be neglected. It is now necessary 
to make some adjustments for Table V. The values in columns 2, 
3, 4 and 5 should all be shifted upward so that the value for some 
temperature, after the adjustment, will be the same as those for a 
temperature 50°F higher. These adjustments occur in Table XIV 
along with the more proper end-point values. It should be men- 
tioned that the solid-gas equilibrium activity remains practically the 
same and therefore these values have been regarded as being constant 
for a particular temperature even where the diagram is somewhat 
different from the classical diagram. 

The end-point carbon values, calculated on this basis, are in 
general higher than those for the pure iron-carbon alloys and the 
range in which low carbon values can be obtained is much more 
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Table XIV 
Equilibrium Carbon Values for an Iron-Carbon Alloy Containing 0.50% Ni and 0.50% Mn 
om—— y-Fe———>".__ Solid-Solid a or B-Fe Solid-Gas End 

Temp..(°F) Max.%C Min. %C Equil. Activity Max.%C Equil. Activity %C 
BN 5 oo Deas Gea! ete id gg CIC ee fo ees 0.032 1.398 No decarb. 
1300 0.84 0. 71 0.845 0.0331 0.839 0.0329 
1350 0.89 0.51 0.573 0.0254 0.507 0.0225 
1400 0.94 0.35 0.372 0.0195 0.316 0.0166 
1450 0.995 0.24 0.241 0.0141 0.203 0.0119 
1500 1.05 0.15 0.143 0.0092 0.131 0.0084 
1550 1.10 0.08 0.073 0.0048 0.088 0.0968 
1600 1.15 0.03 0.026 0.0009 0.0586 0.0674 
1650 ee eee Oe 0.0405 0.0490 
1700 Det cl. eae | Ailgebe as Gace 0.0275 0.0352 
1750 Rae eee. ie ee bei foe 0.0197 0.0262 


narrow. It is interesting to note that at 1300°F (705°C) there is 
only a very slight difference in the solid-solid activity and the solid- 
gas activity, the latter being smaller, indicating that a-iron can be 
formed. With a slight lowering of the diagram by further alloy 
addition, the solid-gas activity would be higher than the solid-solid 
activity and the carbon could not be reduced below about 0.80%. 

If alloys are added to the steel until the diagram is lowered 
100 °F, it may be possible that there can be no decarburization of a 
steel already containing fairly low carbon during a heat treatment 
where the steel is in a closed container with mill scale. 

Table XV has been obtained, in the same way that Table XIV 
was, with a further 50°F shift. It is interesting to note that there 
is no longer a range within the critical where low carbon values can 
be obtained. 

After considering the effect of manganese and nickel as elements 
which lower the diagram, it is only natural to consider some of 
those which raise the diagram. It has already been pointed out that 
silicon promotes decarburization, particularly insofar as rates of 
reaction are concerned. It has been thought that its effect was in 
some way due to its deoxidizing power. Possibly its effect may be 
associated with the fact that the diagram is raised. 

Aside from the effect on the end-point carbon, temperature also 
has an influence upon the rates of decarburization. Any ordinary 
low carbon steel will decarburize faster around 1450 to 1500 °F 
(790 to 815 °C) in any atmosphere which was tried. 


THICKNESS 


While no accurate comparisons were made for steels of differ- 
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Table XV 


Equilibrium Carbon Values for Steel Whose Critical Range Is 
100 °F Lower Than the Normal 


c—— y-Fe ———7.__ Solid-Solid a or §-Fe Solid-Gas End 
Temp. (°F) Max. MC TStin, %C Equil. Activity Max.%C Equil. Activity %oC 
1250 0.84 0.71 0.845 0.0331 1.398 No decarb. 
1300 0.89 0.51 0.573 0.0254 0.839 0.747 
1350 0.94 0.35 0.372 0.0195 0.507 0.477 
1400 0.995 0.24 0.241 0.0141 0.316 0.314 
1450 1.05 0.15 0.143 0.0092 0.203 0.213 
1500 1.10 0.08 0.073 0.0048 0.131 0.144 
1550 1.15 0.03 0.026 0.0009 0.088 0.101 
1600 1.21 a ES Se Oy Oa ee os 0.0586 0.071 
1650 1.28 cae “Seta a. |. Ttlee ee 0.0405 0.052 
1700 1.33 le Da er Eee ee NS) ee. ee 0.0275 0.037 





ent thicknesses, where the decarburization was done with mill scale, 
it is believed that the relative order of results would be similar to 
those obtained by any other means of decarburizing. 

Different thicknesses of the steel, described in a previous publi- 
cation (1), were subjected to decarburization at 1500 °F (815 °C), 
in hydrogen containing 20% by volume of water vapor, to determine 
the time necessary to render the eutectoid steel completely ferritic. 
The results are shown in Table XVI for specimens with a ground 
finish. 

The complete data, of which those in Table XVI are a part, 
were fitted with empirical equations giving the number of grams lost 
(y) for a specimen 0.7 by 4.0 inches in terms of total time (t). The 
relation of these equations for different thicknesses was apparently 
simple enough to justify the introduction of thickness (x) as a 
parameter in obtaining 


= 0,053 + (0.05635 + 0.106x) log t + (0.02215 + 0.344x) (log t)*. 

Equation XX V 
This equation gives 1.3 hours as the time necessary to decarburize 
this steel, where the thickness is 0.020 inch. If the thickness is only 
0.010 inch, a matter of only 15 minutes will be required. A piece 
¥4 inch thick will require perhaps as much as 178 hours. 


EFFECT OF CATALYSTS 


Various investigators have observed the silica and alumina inclu- 
sion in steel due to surface infiltration of oxygen. Notably among 
these are Welchner_and Roush (8). These inclusions were recog- 
nized some time ago in the surface of silica steels which had been 
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Table XVI 
Effect of Thickness on Time for Decarburization of Eutectoid Steel 


Thickness (In.) Temperature (°F) Total Time (Hr.) 


0.040 1500 6.4 
0.048 1500 9.4 
0.056 1500 13.2 
0.064 1500 19.1 


decarburized with mill scale and even some which had been decar- 
burized with moist hydrogen. It has been found many times that 
silicon in itself speeds up decarburization, but if the amount of sili- 
con becomes higher and higher, the over-all effect of silicon reaches 
a maximum long before 4.5% is reached. There are really two 
factors at work: (a) The beneficial effect of silicon as an alloying 
element, and (b) the hindering effect of silica inclusions formed 
by the diffusion of oxygen into the steel. 

In the decarburization of ordinary steel with moist hydrogen, 
faster reaction is obtained with the hydrogen present, even though 
water vapor is the decarburizer, than where water vapor alone is 
present. The hydrogen serves to prevent oxidation of the elemen- 
tary iron itself with subsequent inward diffusion of iron oxide which 
would interfere with the diffusion of carbon. 

Likewise, some substance which will prevent the oxidation of 
silicon within the metal should act as an aid in speeding up decar- 
burization of steels high in silicon. Knowing that hydrofluoric acid 
attacks silica and glass, it was decided to use a fluoride. Perhaps 
due to its availability, sodium fluoride was selected and applied to 
the surface of the work with a paint brush using a slurry made with 
water. The coating was painted right over the normalized scale. 

High silicon steels responded even beyond expectation, but the 
product produced was quite brittle and hardly suitable for cold roll- 
ing. There is a bare possibility that this condition could be taken 
care of, if the steel were decarburized in coils or strip and then hot- 
rolled to some thinner gage to eliminate the brittleness. 


SUGGESTIONS RELATIVE TO PLANT OPERATIONS 


There is an interesting point for discussion in Table V. At 
temperatures almost up to 1300° F (705°C), the solid-gas equi- 
librium activity exceeds unity. What is the physical significance of 
such an activity? 
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Actually, the theoretical activity is higher than that for pure 
graphite or pure cementite. It is known that graphite or cementite 
dissolves in a-iron to saturate it at some low value at 1275 °F 
(690 °C). Perhaps there might be 0.028% carbon in the saturated 
solution whose activity, of course, is unity. Now, since the theo- 
retical equilibrium activity is in excess of the saturated solution, 
there will be a tendency to form free cementite particles in the sur- 
face of the steel. It may be possible to find, underneath the oxide 
coating on a steel heat treated at 1275 °F (690°C), free cementite 
particles which may cause primary boiling where the steel is later 
coated with enamel. Such a formation of carbides presupposes that 
a carburizing material is present in the furnace atmosphere. If this 
theory is correct a raise of 50°F in the heat treating temperature 
will eliminate the difficulty. 

In the way of summarizing some of the effects upon the end- 
point carbon, two problems will be solved. 

First, how much steel can be used in a box anneal at 1400 °F 
(760°C) and get an end-point carbon of 0.007% if the original 
normalized steel contains 0.05% carbon and the box has 250 cubic 
feet of free gas space? The chemical activity of a steel with respect 
to carbon which contains 0.007% carbon can be found by simple 
proportion to be 0.158. This activity should be substituted in 
Equation VII along with a value for K,p obtained from Table II. 
Thus a value for P?¢9/Pco2 may be obtained. From Table III can be 
obtained a value for Peo,/Pco. The two equations obtained in this 
manner can be solved simultaneously for Poo and Poo,- If the at- 
mospheric pressure is 740 millimeters (0.974 atmosphere), the pres- 
sure of nitrogen may be found by subtracting Poo + Peo, from 
0.974. The volume percentage of nitrogen will be 48.8. This value 
can now be used in Equation XXIV to solve for x, the volume of 
gas evolved from the sand-sealed box. The calculation gives, for 
the problem at hand, 179.4 cubic feet at 1400°F (760°C) and 
740 millimeters. At 32 °F and 29.92 inches of mercury the volume 
will be 46.21 cubic feet. The pound-atom of carbon in mixtures of 
CO and CO, occupies 359.1 cubic feet, under this standard condi- 
tion, and contains 12 pounds of carbon; 46.21 cubic feet then con- 
tains by proportion 1.544 pounds of carbon. The carbon to be re- 
moved is 0.043% of the total weight and is 1.544 pounds. One 
hundred per cent then will be 3590 pounds, the amount of the steel 
which can be charged into the box if 0.007% carbon is expected at 
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the end point. With less steel, the end point will be lower; with 
more, it will be higher. 

The second problem involves the calculation of the end-point 
carbon where 20,000 pounds of the steel is charged into the box 
which holds 250 cubic feet. The volume of the steel can no longer 
be neglected. In this case it amounts to about 41 cubic feet and, 
therefore, there will be about 209 cubic feet of free gas space. 

Let m = %C at equilibrium and 
n = activity at equilibrium. 
(20,000) (0.05 — m) 
———_—_—_—_—————— = 10-200m = Ib. of C removed. 
100 
By proportion, 
m n 


== ; Equation XX VI 
0.0254* 0.573 








from which 


n = 22.56m. Equation XX VII 


By substituting the proper value for K,p and the value of n for Ag 
in Equation VII, | 


2 
CO 











3.471 = ; Equation XXVIII 
(22.56m) Pco, 
from which 
Péo 
—— _ = 78.31m. Equation XXIX 
Poo, 
For the same conditions Equation IX yields: 
Poo . . 
_--2 = 0.577. Equation XXX 


Poo 
Multiply Equation XXIX by Equation XXX and 
P ony = 45.18m. Equation XX XI 
From Equation XXX, 


Poo, =0.577CO Equation XXXII 
~ *See Table V. 
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Assuming that the total pressure is 1 atmosphere, the volume 
percentage of nitrogen will be 100 (1 — Poo — Poo.). By appropriate 
substitutions, first from Equation XXXII and then from Equation 
XXXI, the percentage of nitrogen simplifies to 100 — 7125m. This 
value is now ready for substitution in Equation XXIV. A and x 
must be evaluated so that their values may be substituted in the same 
equation. 

Above, it was found that 10 — 200m pounds of carbon must be 
removed to reach the end point. Since 1 pound of carbon in carbon 
gases will occupy 29.93 cubic feet under standard conditions 
(S.T.P.), the amount with which we are concerned will occupy 
29.93 (10 — 200m) cubic feet at 32 °F and 29.92 inches of mercury. 
Recapitulating for substitution in Equation XXIV: 


log y = log (100 — 7125m), 
x = 1132 — 22640m, and 
209. 


Carrying out the substitutions in Equation XXIV: 


1132 — 22640m 
log (100 — 7125m) = 2 — ——_———_- Equation XX XIII 
(2.303) (209) 
The equation can best be solved for an approximate value by trial 
and error. In this way, it is found that 


m = 0.0138. 


For quantities of steel where the volume of carbon gases is 
large, the equilibrium value can be read in Table V; for smaller 
amounts, it is more appropriate to make a calculation such as that 
just shown. 

Where special properties are desired, a carbon value of 0.014% 
may be far too high. Three samples of a low alloy steel, decar- 
burized to 0.014, 0.013 and 0.013% carbon, respectively, in 0.072- 
inch thickness and finally cold-rolled to 0.030 inch, gave, after a 
1500 °F (815°C) heat treatment, an average yield strength of 
42,300 psi. Three other samples, where the carbon was reduced to 
0.007, 0.006 and 0.007%, gave an average yield strength of 31,960 
psi. If one is seeking a low yielding, soft material in this type of 
steel, 0.014% carbon cannot be considered as being satisfactory. 

On the other hand, it is not economically practical to reduce the 
size of the charge to some such small amount as 4000 pounds. 
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If the box containing the 20,000 pounds of steel could be par- 
tially evacuated near the end of the run, the carbon could be reduced 
to a lower value. This suggestion is not very practical because, due 
to the high temperature, the box will collapse unless made of quite 
heavy material. The total pressure of the carbon gases can best be 
diminished by flushing the box with nitrogen or compressed air 
which has been led through a box of hot coke, charcoal, or graphite. 
This container can well be placed inside the annealing cover. If the 
flushing is to be done with tank nitrogen, it should be used near the 
usual end point. Should the other alternative be used, the air can be 
turned on at a fairly slow flow at any time the anneal is under way. 

It has been the writer’s experience that a steel containing a fairly 
high carbon, say around 0.080%, cannot be decarburized with mill 
scale to have a yield strength as low, after cold rolling and heat 
treating at 1550°F (845°C), as can be obtained with the lower 
carbon steels, containing no more than 0.050% initially. In fact, the 
yield strength of the steel originally containing 0.080% may be as 
much as 1¥% times as high after the completed processing. If the 
final carbon analyses are the same for two steels, that having the 
higher carbon originally will have the higher yield strength and will 
be harder. 


CONCLUSIONS AND SUMMARY 


1. Decarburization of steel with mill scale is effected by two gase- 
ous reactions. 

2. CO reduces the mill scale; CO, oxidizes the carbon at the sur- 
face of the steel. 

3. Pickled specimens can readily be decarburized by the scale on 
other pieces even though there is no solid contact. 

4. Equilibrium constants and free energy data have been used in 
thermodynamic considerations involving decarburization. 

5. To use thermodynamic principles with a good degree of accu- 
racy, it was necessary to establish the carbon solubility in ferrite 
within the critical range. 

6. It has been found experimentally and thermodynamically that, 
where decarburization is effected with mill scale, a dead end 
point is reached with both mill scale and carbon still present. 

7. An experimental technique has been developed which can be 
used to measure continuously the progress of decarburization. 
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A measure of the volume of gas expelled from the reaction 
chamber can be used as a method for carbon analysis. 

The thermodynamic end-point carbon is dependent upon the 
total pressure of CO and CO,. The higher this pressure, the 
higher is the end point. 

At any temperature, there is a total pressure of CO and CO, 
above which a given steel will not decarburize. 

A lowering of the total pressure of CO and CO, can be effected 
by diluting the gas with nitrogen. Such a dilution tends toward 
lower carbon content. 

Mass of steel decarburized is sometimes a factor for considera- 
tion due to the expulsion of different quantities of nitrogen 
from the chamber. 

Likewise, the amount of carbon in the steel has its effect. 
Neither the mass of steel nor per cent carbon has an effect upon 
the end point if the heat treating chamber is filled with a gas 
consisting of 85% CO and 15% CO, at any time during the 
heat treatment. 

An equation has been derived which is useful to determine the 
amount of nitrogen or inert gas remaining in the heat treating 
chamber at any time. 

Inert gases aid in lowering the end-point carbon, but only 
because they serve to lower the total pressure of CO and COQ,. 
Decarburization of steel which has been hot-rolled-normalized 
proceeds much more uniformly than does that hot-rolled only. 
Deoxidizing agents, such as silicon and aluminum, where dis- 
solved in the steel, increase the rates of decarburization. 
Titanium, vanadium and boron raise the end-point carbon 
beyond the calculated value, unless insoluble carbides be taken 
into consideration in the calculations. 

It has been suggested that decarburization can be used to estab- 
lish the chemical formulas of insoluble carbides. 

Some vanadium steels can be made quite soft even though as 
much as 0.02% carbon is still present. 

The fastest decarburization of low carbon steels seems to take 
place somewhere around 1450 °F (790 °C). 

No appreciable amount of decarburization with mill scale will 
take place at a temperature as low as 1275 °F (690°C). 

One steel tested did not decarburize at 1550°F (845°C), but 
it would at 1450°F (790°C) or at 1800°F (980°C). 
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It has been postulated that no steel, whose equilibrium diagram 
is 100 °F lower than the classical diagram, will decarburize into 
the a-iron region where mill scale is present and the steel is in 
a closed container. 

A mathematical relation of thickness to amounts of carbon re- 
moved has been presented where hydrogen and water vapor are 
involved. 

It has been found that high silicon steels and irons decarburize 
faster where a fluoride catalyst is used. 

The suggestion has been offered that it is possible to form free 
cementite particles in the surface of a steel covered with scale 
if it is heat treated at 1275 °F (690°C). 

Free cementite could not form at 1325 °F (720°C) in the sur- 
face of a steel covered with mill scale, because this temperature 
is well within the decarburizing range for ordinary steels. 
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DISCUSSION 


Written Discussion: By F. R. Morral, associate professor, Depart- 
ment of Materials Engineering, Syracuse University, Syracuse, N. Y. 

Dr. Pennington’s paper was very interesting and he is to be congratu- 
lated for his painstaking work and his detailed presentation, a suitable 
sequel to his former paper. 

I wonder if Dr. Pennington has treated steel pieces thicker than 0.062 
inch and made carbon analyses on successive 0.005-inch layers. The car- 
bon analyses of the fifth layer in Table IV are consistently 0.13% carbon 
lower than the carbon should be according to his Table V. Is there any 
significance in this? 

I am somewhat surprised to note that Dr. Pennington takes the 1936 
Mera Procress Iron-Carbide Diagram as a reference. He will note on 
comparing it with the October 1947 diagram (or the 1948 ASM Metrats 
HANDBOOK, page 1182), that some changes have been agreed upon. Fur- 
thermore, the diagram used may be somewhat difficult for the younger 
generation to find. 

Dr. Pennington has calculated an equation to determine the time 
necessary to decarburize a given thickness of steel if the amount of carbon 
which should be removed is established. A set of curves could be drawn 
showing the relationship between thickness of the steel to be decarburized 
and rate of decarburization to ferrite at various temperatures. These 
curves probably will be straight lines. Such a graph may be useful. 


Author’s Reply 


The points to which Dr. Morral has devoted attention are indeed 
apropos. 

The author does not recall having made layer cuts from decarburized 
specimens whose thickness was more than the nominal 0.062 inch. Thicker 
specimens should give more convincing results. 

As far as physical chemistry is concerned, there is no significance to 
the fact that the carbon values of layer 5 in Table IV are consistently 
0.18% lower than the values in column 3, Table V. However, there is a 
probable psychological significance in that the author, in selecting typical 
data for Table IV, subconsciously chose those nearest to a 3:2:1 rela- 
tionship for the fifth layer. It would have been more realistic had another 
set of data been presented for the 1400°F (760°C) treatment where the 
fifth layer had 0.092% carbon. 

The layer cut which contains the interface between ferrite and what 
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was austenite at the operating temperature can have, for the 1400°F 
(760°C) treatment, any carbon content from 0.026 to 0.51%, depending 
upon the location of the interface within the layer. It should be pointed out 
that the experimenter can control the depth of the interface quite accu- 
rately by stopping the decarburization at a desired point. It is not at 
all difficult to stop the reaction within 0.01% carbon of a desired value. 
In this way, one can always have the interface within the layer desired 
and, furthermore, can have the interface at a desired plane within the 
layer. 

All the calculations in this paper were made some time before the 
1947 diagram was available. It did not occur to the writer that the new 
diagram could cause much difference. The main difference in the two 
diagrams is the solubility of carbon in austenite; it is most difficult to 
understand how, in the modern era, there could be a line so wrong as 
one of the Acm lines must be. 

It was stressed in the paper that the diagram being used was not 
necessarily that of a particular steel being tested, but served as a type. 
The exact diagram would be desirable for extremely accurate calculations. 
One can, however, solve practical problems by making use of any diagram 
which is approximately correct. 

As to the suggested curves for time to decarburize different thick- 
nesses to complete ferrite at different temperatures, data in Table XVI 
are convincing that the thickness-time curve, at a particular temperature, 
is not a straight line. Multiplying the thickness, in the case of 0.040-inch 
material by 1.6, multiplies the time by almost exactly 3.0. 

Informal discussions of the paper since its presentation have revealed 
that some are inclined to get the wrong impression with regard to the 
effect of mass on the thermodynamic end-point carbon. As such, mass 
has no effect. Indirectly, it may control the compositions of the gases 
in the box and thus indirectly change the thermodynamic end-point. 





CAUSE AND CURE OF INVERSE CHILL AND HARD 
SPOTS IN CAST IRON 


By C. A. ZAPFFE AND R. L. PHEBUS 


Abstract 


Abnormal conditions of “imverse chill” in gray cast 
iron and zones of retarded graphitization—“hard spots’— 
in malleable iron are studied from the standpoint that both 
conditions follow directly from hydrogen segregation sim- 
ilar to that causing “flakes” in forgings, “white spots” in 
castings, and “fisheyes’” in welds. 

Based upon the known stabilization of cementite by 
hydrogen, the study proceeds to disclose the thermo- 
dynamic nature of stabilization in general, and stabilization 
by hydrogen in particular, the relationship of hydrogen 
concentration across the area of segregation both to the 
cementite in the chill and to a secondary phenomenon of 
abnormal graphitization adjacent to the chill, and methods 
for prevention of the defects. 


INTRODUCTION 


OR at least a quarter of a century (1), there has continued 

published discussion of a phenomenon which causes gray cast 
iron to develop anomalous chill areas away from the chill surface, 
and malleable iron to show internal zones of retarded graphitization. 

In the case of gray iron, these areas often appear near the center 
of the section as a cementitic zone surrounded by a graphitic rim, 
exactly opposite to the expected occurrence of chill at the surface, 
where cooling is necessarily most rapid. The phenomenon is accord- 
ingly called “inverse chill”. X-ray studies of ring castings have 
revealed small shrinks and voids which, on metallographic examina- 
tion, are found in almost every case to be associated with an adjacent 
zone of “inverse chill” (2). Morrogh and Williams (3), in their 


1The figures appearing in parentheses pertain to the references appended to this paper. 
Research conducted in conjunction with an Office of Naval Research contract on gas 
metal systems. 
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recent exhaustive discussion of cast iron, state that ... “No satis- 
factory explanation has been given for inverse chill.” 

In malleable iron, similar centers of stabilized cementite occa- 
sionally appear, resulting in similar difficulties, particularly in ma- 
chining, such that in both the malleable and the gray iron industries 
“hard spots” constitute a well-known nuisance. 

While these two phenomena are commonly discussed separately, 
it is the purpose here to show that they are in fact one, and that they 
have both a ready explanation and a ready cure. 


OBSERVATIONS 


In the research laboratory of the Piston Ring Division of the 
Koppers Company in Baltimore, under the direction of Dr. T. C. 
Jarrett, there was produced a ring cylinder of cast iron typically 
sensitive to the defect in question. The following material con- 
stituted the charge, melted in an induction furnace: 


Fe RR SE oy 40 pounds 
PO GERD 6 oes eddsenvas 60 pounds 
85% Ferrosilicon ........... 0.31 pounds 
CIEE bc esuies kde sasaeade 0.12 pounds 


The ferrosilicon and graphite were added as inoculants at a tempera- 
ture of 2850 °F (1565 °C), which later rose to 2900 °F (1595 °C). 
The melt was then covered with a mixture of silica sand with 
approximately 10% borax glass and was poured between 2760 and 
2725 °F (1515 and 1495 °C) from beneath this cover. None of the 
materials was previously dried. Analysis of the resulting iron 
follows: 


NE EI i. oak x 0 U8 s Caine Se ts 3.79% 
Graphitic Carbon .............. 3.05% 
Combined Carbon .............. 0.74% 
EY SU bo bbe cebcs cu kaaen 2.82% 
ES sige ncanegokeasaa ween 0.047% 
BED 6. wardens vce pee kus 0.51% 
SUE i vc SWobes daveb cee ys 0.51% 


Typical “hard spots” were found. In Fig. 1 a ring section is 
shown ground to one-half thickness and etched with nitric acid. The 
centrally located flecks of unetched carbide disclose “inverse chill’. 
An enlargement in Fig. 2 makes the practical importance of these 
cementitic areas more obvious. Machining such a ring understand- 
ably leads to much difficulty. _- 
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Fig. 1—Cross Section of Part of a Gray Iron Piston Ring Ground to One-Half 
! Thickness and Etched With HNOs. The centrally located flecks of unetched carbide 
j disclose “inverse chill’. 1.0. (Courtesy Piston Ring Division, Koppers Co.) 





Fig. 2—Enlargement of Fig. 1. % 10. (Courtesy Piston Ring Division, Koppers Co.) 
Under the microscope the “hard spot” is readily detected as an 

accumulation of fine eutectic carbide characteristically associated with 

Type D, or undercooled, graphite, as illustrated in Fig. 3. This 


carbide form can be contrasted to the eutectic carbide found in areas 


of normal chill. (See Fig. 4.) An interdendritic disposition is 
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Fig. 3—Photomicrograph of an Area of Inverse Chill. Note the typical eutectic 
laminar carbide in a local matrix of austenitic-pearlitic dendrites and Type D, or under- 
cooled, graphite. Picral etch. < 25Q, (Courtesy Piston Ring Division, Koppers Co.) 
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Fig. 4—Photomicrograph of Normal Chill, 


laminae project as primary structures into a eutectic matrix which subsequently decom- 
posed to form pearlite, ferrite, undercooled graphite, also some nodular graphite. Picral 
etch. XX 250. (Courtesy Piston Ring Division, Koppers Co.) 


Partly Decomposed. Large eutectic 
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Fig. 5—Photomicrograph of a Less Massive Area of Inverse Chill. Note (a) the 
pronounced interdendritic disposition of the carbide, (b) the surrounding austenitic- 
peaxnto dendrites with undercooled graphite, and (c) the occasional graphite nodule. 

icral etch. XX 250. (Courtesy Piston Ring Division, Koppers Co.) 


especially evident in less massive occurrences, such as that shown 
in Fig. 5, and this gives rise to a characteristic dendritic pattern of 
decomposed austenite generally coinciding with occurrence of the 
defect. 

In Fig. 6 there appear all the structures characteristically asso- 
ciated with inverse chill; and, in addition, normal flake graphite can 
be seen surrounding the defective zone. 
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Fig. 6—Photomicrograph of an Area of Inverse Chill. In addition to all charac- 
teristic structures, the normal flake crephite structure can be seen bounding the zone 


of the defect. Picral etch. X 250. ourtesy Piston Ring Division, Koppers Co.) 
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Previous THEORIES 
The Segregation Theory 


Twenty-eight years ago, Osann (1) described “hard white 
spots” found in cast iron rolls and ascribed them to carbon segre- 
gation. 

In 1939, however, Fisher (4) published a detailed consideration 
of inverse chill with data which disprove not only the theory of 
carbon segregation, but any theory having to do with the segregation 
of commonly analyzed elements. For example, the following is an 
analysis given by Fisher for the gray rim and the white core, re- 
spectively, of a section showing inverse chill: 


Total Graphitic Combined 


Carbon Carbon Carbon Mn P S Si 
Outside (gray ) 3.40 3.40 Zie 0.36 0.60 0.106 2.61 
Inside (chill) 3.29 0.25 3.04 0.19 0.74 0.102 3.16 


One will note that, although there is less total carbon in the 
chill area, the carbon equivalent lies considerably toward the graph- 
itizing side. 

As for other elements, there stands in this analysis a remarkable 
disproof of any existing segregation theory. Thus, the graphitizing 
elements, silicon and phosphorus, show a concentration in the chill 
area which is greater by more than 20%, and the only other element 
showing segregation at all is manganese, which is a “retarder’’ ele- 
ment and shows, contrarily, less concentration in the area which 
is retarded, 


The Pressure Theory 


Fisher (4) and Fielden (5) both discuss pressure as a cause of 
inverse chill, the pressure presuming to originate in the contraction 
of the surface during cooling. 

Since “inverse chill” has been observed associated with porosity 
and shrinkage, the pressure theory immediately becomes untenable. 
Fisher’s own photographs show shrinkage cavities centrally located 
within the chill (4). 


Other Theories 


A so-called “oxygen theary” was originated by Scheil, Ruff and 
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Schulz, according to Fisher (4), in which oxidation during pouring 
presumably formed “unfavorable” oxide nuclei, whatever they. might 
be. Touceda (6) seems also to have had in mind an oxygen theory. 

Among other theories, there is one attributed by Fisher (4) to 
Moly Matrix in 1938 involving overdosage of ferrous sulphide in 
the ladle. While sulphur can favor retention of cementite, the defects 
in question certainly do not depend on sulphur manipulations; and 
sulphur, therefore, is not the fundamental cause. 

Still another theory, utterly untenable, claims that high pouring 
temperature, which is known to favor inverse chill, provides an excess | 
of heat to the mold sand which later anneals the rim and leaves the | 
core white (4)! A very simple explanation for the known effect of 
high pouring temperature will follow from the present study. 


Summary 


As late as 1946, Crome (7) described inverse chill at length, ) 
but without explanation. Fisher’s conclusion probably provides a . 
fair summary, that there is today no satisfactory explanation for “the 
rather common mystery of the inverse chill in gray cast iron”. | 


THE HypROGEN THEORY 


General Statement 


Both “inverse chill” in gray tron and “hard spots” in either gray 
or malleable iron are nothing other than the result of a segregation 
of hydrogen. This is the claim of the present paper. It applies to 
the systemic defect previously described, of course, which should not 
be confused with chance segregations of such elements as chromium 
or phosphorus, whose dispositions are readily analyzed and known. 

Hydrogen is present in all irons to greater or less degree. 
During solidification of the iron, the hydrogen markedly segregates 
between growing dendrites because its solubility is greatly decreased 
in solid iron and because it has perhaps the greatest mobility of all 
impurities dissolved in the iron. 

In the case of gray iron, this segregated hydrogen prevents de- 
composition of the concurrent eutectic iron carbide during the freezing 
and cooling period in which that carbide would normally decompose 
to form graphite; afd in malleable iron, exactly the same phenom- 
enon reveals itself during the subsequent malleableizing cycle when 
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hydrogen-rich areas concealed within the white iron matrix resist 
decomposition. In both cases, “hard spots” are observed, particu- 
larly during subsequent machining. 


Hydrogen as a Stabilzer of Cementite 


Previous Observations—At least as early as 1910 it was known 
that hydrogen stabilizes the cementite in cast iron, for Wiist (8) and 
Witist and Sudhoff (9) discuss that fact. Later, Honda and Mura- 
kami (10) in 1920 and Sawamura (11) in 1928 flushed melts of 
iron-carbon alloys with such gases as CO,, CO, Os, air, N., NH,, 
CH,, and H, and proved that all gases containing hydrogen stabilized 
cementite, and that none of the other gases had that effect. In 1930, 
Norbury and Morgan (12), (13) conducted similar research. In 
1935 Baukloh (14) described further the nature of carbide stabiliza- 
tion by hydrogen. From 1937 to 1939, Boyles (15-17) extended 
these studies up to H, pressures of 300 psi. 

Later, Schwartz and his associates (18), (19) and Lorig and 
Samuels (20) demonstrated the strong effect of hydrogen on the 
decomposition of cementite during malleableizing. And Houdremont 
and Heller (21), injecting the gas by annealing in an atmosphere of 
hydrogen at 1000°C (1830°F), found that the cementite in cast 
iron was stabilized, also that the hardenability of steel was increased. 

Thermodynamic Explanation for Stabilization by Hydrogen— 
In its simplest fundamentals, the behavior of carbon in iron follows 
the thermodynamic dictates of its fugacity, or “escaping tendency”. 
When the fugacity of carbon dissolved in iron is greater than its 
fugacity as graphite, the carbon tends to escape from the iron and 
form graphite, and vice versa. 

Expressing the fugacity of the carbon in terms of its vapor 
pressure, Po, graphite can form only under such conditions that: 


Po > (Pc) Graphite Equation | 


where Pg is the carbon pressure of the system in question at any 
given temperature and (Po) g¢,aohite 18 the carbon pressure over free 
graphite at that same temperature. The term on the left is some 
function of carbon concentration in the iron, whereas the term on 
the right is a constant at constant temperature. 

For the internal reaction expressing the dissociation of iron 
carbide into free iron and dissolved carbon: 
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[FesC] = 3 Fe + [C] Equation II 


where brackets represent solution in iron. The total dissolved carbon, 
therefore, includes the free carbon [C] plus the portion associated 
with Fe as Fe,C: 


S[C] = [C] + [C] rec Equation III 
The vapor pressure, Po, is measured directly by the free carbon [C], 
the portion statistically bound as Fe,C being unable to “escape” and 
therefore unable to contribute further to the fugacity. Consequently, 
for any given total carbon content showing in an analysis of liquid 
iron or of graphite-free white iron: 


[(C] = £(Pc) = SC —I[C] rac Equation IV 
where f(Pc.) expresses the functional relationship between [C] and 
Po. 

Accordingly, Pg for any system becomes further decreased by 
additional chemical bonds which may develop within the matrix. 
Strong bond attractions do exist between H and C, and hence not 
unexpectedly between [H] and [C] within the iron matrix, even 
though they are certainly greatly weakened at high temperatures. 
The affinity can be generally expressed as: 


[C] + x[H] = [CH] Equation V 
where x is the ratio H/C in the compound in question and [C], as 
before, concerns only that portion of dissolved carbon which is statis- 
tically “free”. Methane, CH,, is the combined form commonly 
considered ; but fixing x = 4 is unnecessary, and may be misleading, 
particularly at high temperatures. 

For an iron-carbon system containing hydrogen, therefore, in- 
ternal association of carbon exists both with iron and with hydrogen. 
The total carbon includes at least three fractions: 


S[C] = [C] + [C] pec + [C] cu, Equation VI 
This expression does not include CH, as an occluded gas phase, but 
only as an associated phase in solution. 


Since X[C] is arbitrarily a constant in the systems under com- 
parison, where one iron graphitizes and the other does not: 


[C]* = [C] — [Cl cy, == SIC] —{ IC] gexec + [C] cu, } Equation VII 
where [C], as before, measures the vapor pressure Pg of the hydro- 


gen-free alloy, and [C]* that of the hydrogeniferous alloy. Hence 
P*_ < Po. 





— 
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Fig. 7—Effect of Carbon Content on Retention of Hydrogen by Iron During 
Freezing and Cooling. Iron melts with increasing carbon contents were held under 
hydrogen at 1 atmosphere pressure for a fixed period of time and were then chill- 
cast and analyzed for hydrogen. The quantity of residual hydr < increased as 
shown with increasing carbon content. (Bardenheuer and Keller, Ref. 29.) 


Hydrogen remains one of the last important alloy elements 
whose analysis and control are still largely neglected in modern in- 
dustry. Those conditions then understandably arise wherein two 
presumably duplicate irons, or two presumably identical zones within 
a given iron, respond oppositely with regard to graphitization. Their 
two responses, however, conform to the simple stipulations of Equa- 
tion I; and for the two conditions, we may therefore write: 


Normal Iron (Hydrogen-free) : 


Po > (Pc) tau graphitization Equation VIII 


- 
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Abnormal Iron (Hydrogentferous): 


P*¥o < (Pc) nn = a a retention of cementite Equation IX 


In other fields of metallurgy this fact of internal association of 
[C] and [H] is amply demonstrated as an increasing resistance to 
diffusion of hydrogen through iron as the carbon content increases 
(22), as a difficulty in removing hydrogen during analysis of irons 
and steels high in carbon (23), as blistering of vitreous enamel on 
cast iron from hydrogen being released by cementite during graph- 
itization (24-28), and as a tendency of carbon to hold hydrogen in 
solution during the freezing of iron-carbon alloys. (See Fig. 7.) 


Hydrogen as a Segregating Element 


With the establishment of hydrogen as a stabilizer of cementite, 
both by fact and by principle, all features of “inverse chill” and 
“hard spots” become simply explained, for hydrogen transcends 
every known element in its ability to segregate. 

No more need be said here than to point to the segregation phe- 
nomena of hydrogen in steel known variously as “flakes” or “shatter 
cracks” in forgings (30), as “white spots” in cast steel (31), as 
“fisheyes” in weld metal (32, 33), as “cluster blisters” overlying 
carbide patches when vitreous enamel is fired on steel and cast iron 
(25-27), and as blisters in steel sheet (25). As for the chemical 
principles of hydrogen segregation, they are amply described in 
these other references. 

In Fig. 8, the photomacrograph of “white spots” in a low-alloy 
steel is extremely suggestive of the “inverse chill” seen in Figs. 1 
and 2; and the condition of “silver streaks” and “fisheyes” on the 
weld fractures in Fig. 9 could easily be mistaken for the inverse chill 
occurring, for example, along the centerline shrink of cast iron stove 
plates (4). These are demonstrations of hydrogen segregation. 

In steel, high concentration of hydrogen at the site of a segre- 
gation leads to local loss of ductility from interference with the slip 
mechanism. 

In cast iron, the segregation shows instead as a zone of stabilized 
carbide. 


Moisture as an Observed Source of Hydrogen 


In the steel industry, moisture has been universally indicated 
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as the prime carrier of hydrogen to the metal and, therefore, as the 
origin of numerous defects. 

In the cast iron industry, moisture has similarly long been iden- 
tified with the defects in question. Fisher (4) blames inverse chill 
on green or damp ladles and damp cupola hearths; Dietert and 





Fig. 8—“‘White Spots” Appearing on the Face of a Tensile 
Fracture of Low Alloy Steel. This phenomenon results from 
the segregation of hydrogen, and its appearance is suggestive of 
the phenomenon of “inverse chill’ shown in Figs. 1 and 2.  X 3. 
(Courtesy of F. B. Foley.) 


Woodliff (34) on moisture in the mold; Bales and McCarthy (35) 
on moisture in new ladle linings; Schwartz (36) and Cowan (37) 
on moisture in the blast. 

However, the literature on inverse chill and hard spots largely 
neglects the relationship between moisture and hydrogen absorption ; 
and where the relationship is recognized, its chemical principles are 
misapplied to such an extent that incorrect conclusions are drawn. 

Thus, Touceda (6) and many others seem to have believed that 
the principal action of moisture was to oxidize the iron (4), (38). 
Dietert and Woodliff (34) even go so far afield as to propose that 
the moisture in the mold promotes inverse chill by its quenching 
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action. Touceda (6) and Fielden (5) both relate inverse chill to 
conditions of unsoundness from absorbed gas, virtually describing 
phenomena of hydrogen absorption (39), yet placing the blame else- 
where. 

Steam injected in the blast furnace is known to increase com- 
bined carbon (40), a fact having obvious implication for hydrogen, 
rather than for oxygen, a known graphitizer; and Schwartz (36) 





Fig. 9—‘Silver Streak” and “Fisheyes” 
Appearing Along the Interbead Junction on the 
Fractures of Steel Welds. An expression of hy- 
drogen segregation, these defects resemble re- 
spectively in appearance and location the “inverse 
chill” observed along the centerline shrink of gray 
iron castings, and the “hard spots” previously 
shown in Figs. 1 and 2. Natural size. 


recently patented a malleable iron process using a dry blast because 
he could show that the hydrogen resulting from the steam-iron reac- 
tion decreased the elongation, tensile strength, and graphitization of 
malleable iron and increased the required annealing time. Cowan 
(37), similarly recognizing moisture as a hydrogenizer, states that 
increasing the moisture in the cupola blast from 3 grains per cubic 
foot to 10 grains will change a gray iron to white iron. None of 
these investigators, however, has described the principles which un- 
derlie the efficacy of moisture as a hydrogenizer of iron and steel. 


CAUSE OF INVERSE CHILL AND Harp Spots 
Moisture—The Indirect Cause 


First, there stands the fact that moisture predominates as the 
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_. Fig. 10—Cast Iron Containing 15% Silicon Poured in a Cru- 
cible With a New Lining and Subsequently Chill-Cast. The gassi- 
ness was derived from hydrogen provided by moisture in the lining. 


indirect cause of the defects in question. If the direct cause is as- 
sumed to be hydrogen, and not oxygen, contributed by the moisture, 
all previous relationships to green ladles, damp molds, and so forth, 
become immediately explained. Moldenke, according to Fisher (4), 
related inverse chill to the first cast of a cupola heat. In Fig. 10 
the effect of hydrogen pickup from the moisture in a new crucible 
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lining is illustrated as gassiness in a high-silicon cast iron. Melted 
in an induction furnace, the iron was poured half in a new clayed 
crucible dried by usual burning with a gas flame and half in a used 
crucible, both halves subsequently being chill cast. The half cast in 
the used crucible was sound; the other half developed the gassiness 
evident in the figure, illustrating the value of “drying” the ladle with 
a wash heat. Bales and McCarthy (35) state that foundry clay con- 
tains 6 to 12% H.O, that much is eliminated at 500°C (930°F), 
but that some still remains at 800°C (1450°F). This fact is well 
known in the vitreous enameling industry, where the residual mois- 
ture combined in the clay of the enamel plays an important role 
during enamel firing at temperatures up to 900°C (1650°F) 
(25-27). 

Because hydrogen already in the metal at the time of casting 
will have greater opportunity to segregate in thicker castings, 
Touceda’s (6) observation becomes explained that inverse chill is 
more common in thicker castings, in spite of their slower cooling. 

However, since hydrogen is also derived from moisture in the 
mold, there will be those conditions in which thinner sections will 
become more liable because a large mold area is injecting hydrogen 
into a proportionately smaller volume. This condition, of course, 
tends to move the chill surfaceward, until it shows as a deepened 
normal chill. 

Now many of the “unusual aspects of malleable iron melting” 
(38) can be clarified. An induction furnace is likely to produce a 
gray iron which would be white if melted in the cupola because the 
melting conditions of the induction furnace are much less conducive 
to hydrogenizing. Fe,O, additions may cause graphitization, and 
Fe,O, stabilization (38), if the Fe,O, contains water of hydration. 
Increasing superheat will favor white iron, not only because of 
changed nucleating conditions, but because the solubility of hydrogen 
in iron rapidly increases with increasing temperature of the melt. 
And the puzzling fact that two “apparently identical” pig irons can 
result in importantly different cast irons (41) can be understood on 
the basis of their differing hydrogen contents. 

As for the effects of steam (38), the resulting white iron fol- 
lows, not from iron oxide, but from hydrogen: 


H:O + Fe = [O] +2 [H] Equation X 


where brackets again represent solution in the iron. Note that two 
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atoms of hydrogen are produced for every atom of oxygen. © 

Error in previous conclusions drawn for such systems seems to 
follow from supposing that the solubilities [O] and [H] depend di- 
rectly upon the macrothermodynamic system of environmental gas 
proportions (38), (42-44), such as the composition of gases in a 
welding atmosphere. 

Quite to the contrary, the best measurements of environmental 
gas pressures would only represent a poor approach to the potentials 
which generate them at the metal’s surface. There is instead in- 
volved a dynamic state which can only be properly understood on the 
basis of a microsystem taken immediately adjacent to the surface of 
the metal. There the true fugacities are likely to be quite different 
from the measured fugacities of the external system where partial 
pressures balance to a total pressure of one atmosphere, without 
regard to the pressure that would develop if the reactions progressed 
in a closed system. 

These principles are discussed at length elsewhere (45), and 
the reader is referred to that reference. Only a few brief statements 
will be made here. Both hydrogen and oxygen dissolve atomically. 
They therefore stand in direct relation to the partial pressures of 
atomic oxygen and atomic hydrogen at the metal surface: 


[O] =k-Po Equation XI 


[H] =k’-Pu Equation XII 


and only indirectly to the environmental pressures, just mentioned, 
of the resulting molecular gases P, and P,, . 

In the case of the steam-iron reaction, the surface conditions 
can be evaluated by considering a microsystem taken at the interface. 
The reaction: 


[FeO] + H: = H:0 + Fe Equation XIII 


is a modification of Equation X. The mass action constant (46, 47): 


H:O0 
== —______ Equation XIV 
H:[FeO] 
10,200 
log K = at — 5.50 Equation XV 


shows that for any given oxygen content of the metal, expressed 
here as [FeO]: 


nwt 
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Px.0 
= Equation XVI 
Pu, 
and 
Pu, = K”:P x.0 Equation XVII 


When P,,9 is fixed at 1 atmosphere, as in bubbling steam 
through liquid metal, or as is perhaps approximated locally where 
moisture in the mold, for example, meets hot iron and vaporizes: 


1 
Py. = —————— Equation XVIII 
; K:- [FeO] 
10,200 
log Py, = 5.50 — “7 — log [FeO] Equation XIX 


In Fig. 11, the hydrogenizing values for the steam-iron micro- 
system with Py.o fixed at 1 atmosphere are expressed in terms of 
Py, potentials for liquids of several oxygen fugacities varying from 
0.0001 to 0.1 weight per cent [FeO]. It will be noted that even for 
the highest [FeO] value shown, 0.1%, the steam is equivalent in 
hydrogenizing potential to more than 10 atmospheres of H, at 1600 
°C (2912 °F). 

In cast iron, of course, silicon and carbon pre-empt the oxygen 
and drive its fugacity within the iron to very low values by the 
reactions : 


FeO + C=Fe+CoO Equation XX 
FeO + CO = Fe + CO: Equation XXI 
and (48), (49) 
FeO + Si= Fe + SiO Equation XXII 
FeO + SiO = Fe + SiOz Equation XXIII 


Consequently, steam contacting cast iron encounters much lower oxy- 
gen fugacities, and accordingly becomes much more potent as a 
hydrogenizer. While oxygen values for cast iron are not yet known 
accurately, they rather certainly enter the range, expressed in terms 
of [FeO], of 10° and 10*%. In Fig. 11 the Py, values for such 
microsystems are seen to exceed 10,000 atmospheres. Little wonder 
that moisture leads to hydrogen-caused defects in cast iron! 

While the actual values in the plot have only qualitative sig- 
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nificance, they definitely indicate that steam contacting molten iron 
contributes more hydrogen to the iron than does an equal pressure of 
H,; and that in irons containing such great quantities of “deoxidizer” 
elements (silicon and carbon) as cast iron, the hydrogenizing pro- 
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Fig. 11—Potential Hydrogen Pressures Resulting From Steam 
at 1 Atmosphere Pressure Contacting Molten Irons Having Oxy- 
gen Activities as Indicated by Four Typical Curves. Effects of 
one Smpearnee and increasing carbon and silicon con- 


tent are both seen to increase greatly the hydrogenizing potential 
of steam. 


pensity of the steam is immensely increased, such that the majority 
of its hydrogen content can be expected to enter the iron under 
favorable conditions. As indicated on the right-hand side of the 
plot, increasing carbon and silicon contents are equivalent to decreas- 
ing [FeO]. 

Actual observations in the foundry, the steel plant, and all 


1949 HARD SPOTS IN CAST IRON 279 


secondary industries in general, which employ heated iron and steel 
in contact with moisture, bear witness to these statements. 

The observation that inverse chill results from heavy ladle ad- 
ditions of ferrosilicon (2)—a graphitizer—falls immediately in line 
with what has just been said regarding silicon as an aggravator of 
the “hydrogen potential’. Such late additions provide heavy local 
concentrations of superdeoxidized metal, which will have the great- 
est ability for breaking down any residual moisture in slag, ladle 
lining, or atmosphere. 


Hydrogen Segregation—The Direct Cause 


In the diagrammatic sketch of Fig. 12, the relationship between 
hydrogen segregation and the defects in question is explained. The 
ordinate at the left is placed at the center of the “hard spot’’ shown 
in the previous Fig. 6 and measures in a qualitative manner the 
hydrogen content across the typical section being considered. Thus, 
the maximum hydrogen content extends across Zone C, everywhere 
in this zone of “inverse chill’ being greater than the critical H** 
value necessary for retaining cementite under the conditions of the 
particular specimen. 

From H** to H* (Zone B) the hydrogen content lacks the 
ability to stabilize the cementite; but it is sufficient to produce the 
abnormal boundary area of undercooled graphite and dendrites of 
decomposed austenite characteristic of zones of inverse chill. 

At a still greater distance from the seat of segregation, the 
hydrogen content falls below H*, which is the minimum necessary 
to produce the effect in Zone B. Zone A of normal graphitic iron 
results. 


CuRE OF INVERSE CHILL AND HARD Spots 


Since the defects in question are caused by hydrogen, their 
cure is straightforward and not too difficult. It will be observed 
from Fig. 12 that a minimum quantity of hydrogen is necessary for 
causing either chill or abnormal graphitization. This “critical quan- 
tity” aspect of hydrogen is quite common to all its activities (50). 

Consequently, total removal of the gas, which is impossible any- 
way, is not necessary. The hydrogen content need only be reduced. 

This can be effected by taking proper precautions during melt- 
ing, tapping and casting, such that hydrogen carriers, particularly 
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Fig. 12—Diagrammatic Sketch of Hydrogen Segregation Providing 
Inverse Chill. The micrograph from Fig. 6 is superimposed on a graph 
indicating hydrogen content across the section shown. In Zone C 
the hydrogen content exceeds a minimum H** critical for cementite 
retention; in Zone B lesser quantities still exceed an H* critical con- 
tent necessary for promotion of undercooled Type D graphite; but in 
Zone A the hydrogen content is not great enough to prevent the forma- 
tion of relatively normal flake graphite. Photomicrograph—X 250. 


moisture, will be reduced to the required minimum. The “hard spots” 
shown in this paper were obtained by deliberately not drying the 
materials in the charge. 

With careful selection and drying of materials for the charge 
and avoidance of subsequent conditions of undue moisture in cruci- 
ble or mold, rings are readily obtained which are free from the de- 
fect. This was demonstrated by experiment. 

With the cupola furnace, or any gas-fired furnace, of course, 
hydrogen is always present. Boegehold (38) remarks that an analy- 
sis which freezes white from a cupola melt will freeze gray from a 
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melt made in an induction furnace. This is consistent with the 
generally lesser hydrogenizing conditions of induction melting. 

As far as hydrogen is concerned, however, another answer to 
the problem stands in flushing the melt with a hydrogen-free gas 
(39). With this technique, melting can be conducted with an utter 
disregard for hydrogen pickup. Just before casting, the harmful gas 
can be removed by a simple flushing treatment (39); and thereby a 
great disadvantage of cupola melting becomes surmounted. 


CONCLUSIONS 


The principal contributions of this paper can be stated as 
follows: 

1. “Inverse chill” in gray iron and a type of graphitization-resistant 
zones (“hard spots”) in malleable iron are probably one and the 
same phenomenon. 

2. Hydrogen segregations within the body of the iron are the cause 
of this phenomenon. 

3. Stabilization of cementite by hydrogen requires some critical 
quantity of the gas under any given set of conditions. 

4. Stabilization in general follows from simple thermodynamic con- 
siderations of P~—the fugacity of the carbon in solution—with 
respect to its fugacity as graphite. 

5. A secondary phenomenon of abnormal graphitization (Type D 
graphite) follows from lesser concentrations of hydrogen and 
occurs adjacent to the chill zone. When found alone, it fre- 
quently indicates a condition of approaching inverse chill. 
Moisture is the principal source of the hydrogen in question. 
The efficacy of moisture as a hydrogenizer follows from its 
thermodynamic equivalence to hydrogen in the Fe-O-H system 
and the fact that the thermodynamic relationships make a given 
concentration of H,O equivalent to many times that concentra- 
tion of H,, so far as hydrogenizing is concerned. 

8. This factor of equivalence becomes greatly increased by the 
presence of elements producing low oxygen pressures such as 
the silicon and carbon in cast iron. Steam contacting cast iron, 
for example, can theoretically hydrogenize surface layers 
(microsystems) of the iron as effectively as 10,000 atmospheres 
of pure H,. 

9. The cure for “inverse chill” and “hard spots” accordingly lies 
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in the control of the hydrogen content of the iron—in effect, 
the control of moisture contacting the iron. 

10. Induction melting may be preferred over melting in the cupola 
or in gas-fired furnaces, since, in the latter, hydrogen in great 
quantities is always present. However, that differential can be 
erased by removing hydrogen from cupola-melted iron by means 
of a ladle treatment. 

11. In induction melting, care in reducing the moisture content of 
the charge can suffice to prevent the defects; but, with any 
melting process, the simplest advisable precaution concerns 
flushing the melt with a hydrogen-free gas shortly before casting. 
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DISCUSSION 


Written Discussion: By R. Schneidewind, professor, University of 
Michigan, Ann Arbor, Mich. 

The writers have very ably demonstrated that hydrogen can promote 
the production of hard spots and inverse chill in gray irons. This view 
is in keeping with the known tendency of hydrogen to stabilize carbides 
in iron-carbon-silicon alloys. 

The paper contains some statements, however, which perhaps could 
be further clarified. On page 267, “In the case of gray iron, the segregated 
hydrogen prevents decomposition of the concurrent iron carbide during the 
freezing and cooling period in which that carbide would normally form 
graphite”—do not the authors intend that “hydrogen promotes the forma- 
tion of eutectic cementite” since normal flake graphite formation is gen- 
erally considered to take place directly from the melt? 

On page 279, the authors regard silicon additions as promoters of in- 
verse chill because they produce “superdeoxidized metal’, In practice, 
ferrosilicon additions, alone or in combination with graphite, are frequently 
used to correct the condition of inverse chill. Best results are obtained 
with silicon or other similar alloy if these alloys contain calcium. Crosby 
and Herzig? made a series of irons averaging 2.10% silicon. In the first 
of these, all the silicon was in the charge; in others, a part was charged 
and the remainder was added as ferrosilicon before pouring; in the last 
heat 0% silicon was in the charge and 2.13% was added as ferrosilicon. 
No tendency toward chilling was observed. 

Conclusions 10 and 11 would indicate that induction furnace melting 
is conducive to “grayness” and cupola melting to a white tendency. This 
is contrary to the experience of most people in the foundry field who have 
found that the induction melt is most liable to be chilled whereas a prop- 
erly operated cupola is most apt to produce a gray iron. Could some other 
condition such as furnace lining or moisture in the raw materials be re- 
sponsible for this seeming contradiction? 

Written Discussion: By H. A. Schwartz, manager of research, Na- 
tional Malleable and Steel Castings Co., Cleveland. 

This commentator is interested in the authors’ further development 
of the effect of hydrogen in the metallurgy of the various cast irons. They 
have presented an interesting discussion showing that inverse chills and 
related phenomena may be due to hydrogen segregation. Since their con- 
clusions are not supported by any actual data as to hydrogen content, 
either on the metal as a whole or on segregated metal, the paper appears 
to be somewhat speculative in character. 

Having had some considerable contact with the determination of 
hydrogen in cast irons, this writer realizes quite fully that asking Messrs. 
Zapffe and Phebus to support their theory by actual determination show- 


ing that hydrogen did, in fact, segregate, would set them a somewhat 
impossible task. 





2V. C. Crosby and A. J. Herzig, “Late Silicon Additions to Cast Iron,” Foundry, 
Vol. 66, 1938, p. 28-35. 
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The omission of any reference to the work of Ham and his associates, 
who dealt with actual measurements of the migratory rate of hydrogen 
through iron, is unfortunate. 

Written Discussion: By Tracy C. Jarrett, manager of research and 
engineering, Koppers Co., Inc., Baltimore. 

The authors are to be congratulated for introducing a new concept 
of the cause of inverse chill in cast iron. From the foundry operator’s 
standpoint, the problem of inverse chill has been an elusive one. The 
ordinary measures for chill reduction have little effect. The trouble may 
suddenly appear in large numbers of castings, then as suddenly disappear. 
The piston ring foundry may run for months with very few rejections 
from this defect, then suddenly have a day or several days when no 
castings are shipped because of hard spots. In studying the defect in our 
foundry, we have made the following observations: 

1. Increasing the carbon-silicon level of a metal which produces in- 

verse chill does not eliminate hard spots. 

2. The common silicon-containing inoculants produce little improve- 
ment when the difficulty is encountered. 

Natural graphite in very heavy inoculating additions (6-8 ounces 

for 100 pounds) improves the condition, providing the graphite 

is completely dry. 

4. The use of cold ladles or improperly dried, patched ladles or 
cupola spouts will result in the appearance of the defect, even in 
metals prone to inverse chill. 

5. Bad pouring practices and poorly stacked or gated molds increase 
the prevalence of the inverse chill defect. 

6. Certain lots of pig iron in scrap have a greater tendency to pro- 

duce inverse chill and hard spots than other lots. 

The hydrogen theory of the cause of inverse chill may be used to 
explain some of these observations. We believe, however, that hard spots 
may be the result of accumulation of factors including the absorption of 
hydrogen. 

Written Discussion: By H. Morrogh, The British Cast Iron Research 
Association, Birmingham, England. 

It is certainly timely that attention is drawn to the phenomenon of 
inverse chill in cast iron and it is my opinion that the solution of this 
problem will automatically provide information of far-reaching importance 
regarding the solidification of cast irons. I have also given some thought 
to this problem and as a result of the authors’ paper I am provoked to 
suggest a few simplying features and to disagree strongly with some 
of their ideas. 

The authors have suggested that hydrogen is the cause of inverse 
chill in cast iron and in view of the elaboration of their theory one would 
think that they had some experimental support for their ideas. However, 
on close reading it appears that a high hydrogen content in the region 
of the inverse chill is a purely hypothetical idea and no proof has been 
given or attempted. One forms the impression that once the authors 
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had conceived a hydrogen theory they chose a few convenient facts and 
ignored some fundamental observations. 

The authors quote Morrogh and Williams as saying that no satis- 
factory explanation has been given for inverse chill. This is quite correct 
but the authors have conveniently ignored the other observations made 
by Morrogh and Williams. These observations are confirmed by Zapffe 
and Phebus but apparently not much importance is attached to them. 
I refer particularly to the fact that the type of inverse chill under discus- 
sion always occurs associated with undercooled graphite and that the 
carbide structure has an unusual acicular structure. (Morrogh and Wil- 
liams also described a form of inverse chill arising when a white iron was 
inoculated by molding sand at the edge of a casting.) Furthermore, 
Morrogh and Williams, confirming the work of Eash, showed that irons 
having undercooled graphite solidify white and graphitize after solidifica- 
tion and that this white iron, if preserved by quenching after solidifica- 
tion, shows the acicular carbide structure which characterizes inverse chill. 
It might therefore be assumed that the carbide of inverse chill represents 
the same carbide structure as that normally giving undercooled graphite. 
Any theory of inverse chill must take into account firstly, its association 
with undercooled graphite and secondly, its acicular structure. The hydro- 
gen theory of Zapffe and Phebus completely ignores this point. 

Morrogh and Williams also showed that nodular graphite was fre- 
quently associated with inverse chill and in a more recent paper® they have 
shown that cerium-treated nodular cast irons are particularly prone to the 
formation of inverse chill. Now nodular cast irons as well as undercooled 
graphite irons solidify white and graphitize after solidification, and again, 
therefore, we have the importance of this condition emphasized. 

One way of confirming the validity of a theory for the mechanism 
of a process is to be able to reproduce and control the phenomenon on the 
basis of the theory. It is our experience in the laboratories of the British 
Cast Iron Research Association that if we wish to produce inverse chill 
easily we must meet the following requirements: 

1. Make the iron solidify white and graphitize after solidification 
either by producing an undercooled graphite structure or by pro- 
ducing a nodular graphite structure. 

2. Use an iron of relatively high carbon content. 

8. Cast into a fairly thin section. 

We find requirement No. 1 to be absolutely essential but we can 
produce the undercooled graphite in a variety of ways, for instance by 
rapid cooling, by superheating, by treatment with titanium and carbon 
dioxide, by treatment with zirconium and by vacuum melting which may 
be accompanied by superheating and/or rapid cooling. In this context 
it is important to note that two of these methods of producing under- 
cooled graphite, namely bubbling with carbon dioxide and vacuum melt- 
ing, are also methods of eliminating hydrogen from the melt. 


This point 
alone makes the acceptance of the hydrogen theory difficult. 


8H. Morrogh and W. J. Williams, “Production of Nodular Graphite Structures in 
Cast Iron,” Journal, Iron and Steel Institute, Vol. 158, March 1948, p. 306. 
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The use of a high carbon content is not essential but it appears to 
facilitate the production of inverse chill and it is interesting to observe 
that the analysis quoted on page 260 of the paper by Zapffe and Phebus 
is actually hypereutectic. Furthermore, all the cerium-treated nodular 
irons in which inverse chill is readily formed are hypereutectic. 

With regard to section size, it is the writer’s experience that inverse 
chill is rarely seen in sections greater than 1 inch and most frequently in 
sections up to % inch. Again the ring example given by Zapffe and 
Phebus has a small section size. 

From the foregoing it is apparent that inverse chill can be produced 
under conditions where one would not expect to find any abnormal con- 
centrations of hydrogen and in fact it can be produced when hydrogen 
has been eliminated from the melt. 

If the hydrogen theory is unsatisfactory is there an alternative theory 
which fits the observed facts more closely? It is the writer’s opinion 
that there is and in what follows an attempt is made to describe this 
theory very briefly. When an iron solidifies white and graphitizes after 
solidification there should be an expansion corresponding to this graph- 
itization and this expansion should be greater the higher the total carbon 
content. With castings of thin section giving undercooled graphite the 
time interval between the solidification of the outer surface of the section 
and the center of the section is so small that the whole of the section is 
solid before graphitization has begun. Graphitization will begin first at 
the edge of the section but as the mold is to be considered as filled with 
a solidified white cast iron there must be an outward expansion. Since 
the section is small and since the casting is cooling rapidly, the outer 
graphitized and expanded layers will possess considerable strength when 
the central zones begin to graphitize and hence will tend to restrain the 
expansion of the central zones, and by virtue of their own expansion they 
will tend to exert pressure on the central zones. There is good reason 
to believe that the stability or persistence of iron carbide is increased at 
higher pressures. It is obvious that the expansion effect, and hence the 
pressure, will be greater the higher the carbon content. 

With relatively heavy sections the outer layer of metal will have 
solidified white and begun to graphitize before the central zones have 
begun to solidify. In this case the resulting expansion, consequent upon 
the graphitization of the outer layers, takes place by the gradual displace- 
ment of the liquid at the center. This displacement of the liquid at the 
center can cause exudations or “bleeding”, which is a common occurrence 
in irons having undercooled graphite structures (and must not be confused 
with hydrogen bleeding which is accompanied by blowhole formation) or, 
in the case when feeding of the casting is not very good, the displacement 
of the liquid by the expansion of the outer layers merely compensates for 
the shortage of liquid metal and so prevents the formation of porosity 
cavities. It is common experience that irons having undercooled graphite 
structures are much less prone to porosity than normal flake graphite 
irons. Due to the fact that the expansion of the outer layers displaces 
the internal liquid and compensates for porosity cavities, no pressure is 


1949 DISCUSSION—HARD SPOTS IN CAST IRON 289 


exerted up to the central zones and hence there is no stabilization of the 
carbide and no inverse chill. 

Since the carbide of inverse chill corresponds to the carbide which 
will normally give undercooled graphite, it is not surprising that it has an 
acicular structure since, by quenching, Morrogh and Williams have shown 
the carbide giving undercooled graphite to have an acicular structure. 

It is believed that the theory briefly outlined above permits the 
explanation of the normal cases of inverse chill and in particular accounts 
for its association with undercooled graphite and its acicular structure. 
The production of inverse chill in cases of vacuum melting and after 
bubbling hydrogen through the melt makes the acceptance of the hydro- 
gen theory difficult. It is pertinent to inquire whether inverse chill can be 
produced by treatment of a melt with hydrogen. Norbury and Morgan‘ 
have demonstrated that bubbling hydrogen through molten cast iron im- 
mediately prior to casting gives coarse flake graphite whereas inverse chill 
is associated with undercooled graphite. 

It is not the intention of the writer to disagree with Zapffe and 
Phebus upon the carbide stabilizing effect of hydrogen. This is a well 
established fact. It is, however, suggested that they have not brought 
forward any scientific evidence that hydrogen stabilizes inverse chill and 
furthermore, that they have ignored certain features which are contra- 
dictory to their theory. The apparent similarity of the white spots on the 
tensile fracture of a steel sample and the fracture of cast iron having 
inverse chill, even if it really existed, could not be accepted as scientific 
evidence for a common cause for the two phenomena. 

It is extremely unfortunate, and likely to be very misleading, that 
Zapffe and Phebus should have embroidered their interesting idea with 
such a complicated appearance of theoretical finality. 


Authors’ Reply 


Perhaps the title of this paper would have been better stated, as the 
discussions rather uniformly suggest, along the lines of “A Theory For 
. etc.” However, one will note on page 280 the statement that: “This 
was demonstrated by experiment”. Further elaboration was omitted, first, 
for reasons of professional confidences, but also because there is little else 
to report when the experiment described in the first part of the paper to 
produce inverse chill by using undried materials is repeated with dried 
materials, and no inverse chill occurs. It should be sufficient to present 
the first six photomicrographs concerning the experimentally produced 
inverse chill, formulating the principles which explain an already widely 
agreed relationship of inverse chill to the presence of moisture during 
melting, and then stating, along with the collected identical records of 
many other observers, that the same iron was made free of inverse chill 
by prohibiting hydrogen pickup from moisture during melting and casting. 
4A. L. Norbury and Ev Morgan, “‘The Effect of Nonmetallic Inclusions on the Graphite 


aoe Ss Grey Cast Iron,” Journal, Iron and Steel Institute, Vol. CXXXIV, No. 2, 1936, 
p. 327. 
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Further confirmation now appears in Dr. Jarrett’s discussions; and one 
should especially note that this authority relates the defect to improperly 
dried ladle and spout linings, and even to the moisture carried in improp- 
erly dried natural graphite deliberately added because of its expected 
promotion of graphitizing. 

Dr. Schwartz recognizes the difficulty in analyzing the inverse chill 
area for hydrogen; and the authors gladly leave such an experiment for 
other investigators. The principle of hydrogen segregation at isolated 
loci within iron-base alloys has been so well demonstrated by such phe- 
nomena as those shown in the deprecated Figs. 8 and 9, and described in 
the literature briefly mentioned, that Mr. Morrogh’s accusation would be 
better turned to ask why he was not aware of both the principle and the 
facts. A concentration of hydrogen can readily develop at a nucleation 
point within moderately hydrogenized iron, such that one could not attain 
the equal melting of the metal under a thousand atmospheres pressure of 
H. So why compare localized inverse-chill structures with general consti- 
tutional structures obtained in iron melted under only 1 atmosphere of 
hydrogen? Boyles’ work hits nearer to the mark when he increases the 
pressure toward 300 atmospheres and the structure becomes white. 

Professor Schneidewind’s comments are well made; and we can agree 
with his suggested rewording, although we are referring essentially to the 
same thing from the fundamental standpoint of carbon atomically dis- 
solved in the liquid and failing to create a graphite phase at any time 
thereafter because its fugacity remains less than the fugacity of free 
graphite. 

As for the effects of silicon, these are twofold and competing. Silicon 
is a graphitizing agent; but, in contact with moisture, it can cause an 
absorption of hydrogen which then counteracts the effect of the silicon. 

Upon first reading Mr. Morrogh’s thorough discussion, the authors 
were discouraged into believing they had committed an enormous error; 
for Mr. Morrogh’s position as an authority in the field of cast iron is well 
attested by his magnificent writings. 

On more careful study, however, his arguments deteriorate. In the 
first place, the criticism of the principles of hydrogen segregation in fer- 
rous metals, as already explained, is perhaps a case of neglect on the part 
of previous writers, rather than a spurious accumulation of data on ours. 
The gas is notorious for exactly this type of action; and metallurgists 
working with cast iron should long ago have searched for its applications 
in that metal. 

Second, his alternative pressure thedéry was earlier proposed by Fisher 
and by Fielden, and is disposed of on page 266 because it cannot apply to 
those cases where inverse chill surrounds a cavity. As for cases where 
a cavity is not visible, the characteristics of “fisheyes” in steel remind 
us that a planar microsection through the affected area need not disclose 
the cavity nucleating the gas concentration; “fisheyes” and “white spots” 
often develop on fractures passing off-center through the embrittled zone 
and therefore fail to expose the nuclear hiatus. One can slice a peach 
without exposing the seed. 


_ 
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Consequently, the pressure theory clearly fails to apply in certain 
instances where the hydrogen theory is particularly adaptable. On the 
other hand, the authors are willing to admit that there can be other causes 
for other occurrences of a similar phenomenon. Their principal point is 
that hydrogen is theoretically able to cause the phenomenon, and that its 
removal prevents occurrences which are otherwise very common. For 
example, tellurium mold washes can produce extreme inverse or “migrat- 
ing” chill. However, the hydrogen theory must still be borne in mind 
here, for tellurium has proved its ability in acid pickling phenomena to 
increase hydrogen absorption by many, many times.® 

Mr. Morrogh’s experiments producing inverse chill from vacuum 
melting and from metal flushed with CO, certainly appear to contradict 
the hydrogen theory. On the other hand, his wording is not clear. If 
“titanium and carbon dioxide” were added together, the stabilizing effect 
of titanium might have prevailed to augment the sensitivity to chill. 
And if the vacuum melting produced the phenomenon only on super- 
heating or on rapid cooling, as his text allows, one could submit that, 
while the H content was probably lessened, the superheating would 
counteract H removal, and rapid cooling would increase the sensitivity to 
chill factors. 

As for the association of inverse chill with undercooled graphite and 
with acicular cementite, these characteristics are amply brought out in 
both text and photomicrographs. In our opinion, these are constitutional 
forms expressing delayed decomposition of the iron-carbon solution; and 
hydrogen in the case of inverse chill is the probable cause of the delay. 
Perhaps the same constitutional forms could occur elsewhere with other 
factors operating. 

Mr. Morrogh’s remarks on bleeding and porosity are to be handled 
gingerly. Is he certain that the bleeding is not associated with a micro- 
scopic porosity—in keeping with the near-solid late-stage decomposition? 
Also, one must bear in mind that gas escaping from the metal to develop 
porosity is no longer within the metal to cause constitutional changes. 
Several stages of gas condition must be recognized: (a) High gas content 
with no nucleation of porosity, in which condition the gas remains dis- 
solved in the metal to cause a maximum constitutional change; (b) High 
gas content with nucleation of porosity, such that the gas escapes and a 
metal remains, porous but constitutionally gas-free; and (c) Excessive gas 
content which not only causes porosity, but fills the pores with sufficient 
pressures of gaseous precipitate to support constitution-changing concen- 
trations within the adjoining walls. 

Certainly Mr. Morrogh’s detailed criticisms warrant close attention, 
particularly in view of his proved incisive thinking on other aspects of this 
field. The authors are content, however, to leave the discussion as pre- 
sented in this paper until further experiment will clearly prove or dis- 


5J. O. Vadeboncoeur, “Tellurium Corewashes,”’ 
Metals, Vol. 37, 1946, p. 303-308. 

6W. Baukloh and G: Zimmermann, “Diffusion of Hydrogen through Steel during 
Electrolytic Pickling,”” Arch. Eisenh., Vol. 9, 1936, p. 459. 
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prove the theory. It is believed to be a valid theory, and one not previ- 
ously considered. It has been presented purely in an attempt to bring 
to the cast iron field some assistance with an important problem. The 
theory was conceived eight years ago by the senior author when he, in 
the course of a study of gas-metal systems, read of the problem of inverse 
chill. Since then his interests have been in other fields than cast iron; 
but a continuing resurgence of the problem in consulting work and in the 
press—on an important scale during the recent war—finally moved him 
to take time off to present his views to the industry for whatever aid 
it might bring them. 

As Mr. Morrogh states, the proof of a theory is whether it works. 
One plant has already used the theory, and it works. 


SOME WETTING PROPERTIES OF METAL POWDERS 


By BERNARD KOPELMAN AND C. C. GREGG 


Abstract 


The wetting characteristics of a series of metal and 
inorganic powders were investigated qualitatively by the 
examination of suspensions of the powders in the two- 
phase systems, kerosene-water and water-carbon tetra- 
chloride. Additional tests were made in which the wet- 
ting properties of the liquids were modified by addition 
of small amounts of hydrogen peroxide and other wetting 
agents in the case of the water phase and oleic acid in 
the case of the oil phase. 

In general, it was found that metal powders are 
poorly wetted by water and organic liquids and are thus 
difficult to disperse in liquid media. Results indicated that 
the more refractory metal powders are most difficult to 
disperse. On the basis of wetting behavior, metal powders 
may be classified into two groups: the lower melting 
metals and the refractory metals. Titanium powder ex- 
hibited properties intermediate between the two classes, 
while the behavior of graphite powder is unique. 

The data indicate that the lower melting metals can 
be made dispersible in organic liquids by the addition of 
approximately 1% oleic acid. The addition of commercial 
surface-active agents improves the wetting behavior of 
the refractory metals in water and in some cases makes 
the lower melting metals dispersible in organic liquids. 
Hydrogen peroxide in small amounts does not affect the 
wetting behavior of metal powders. 

In general, the higher oxides of multivalent metals 
and the oxides of monovalent metals were found to be 
hydrophilic while the lower oxides of multivalent metals 
and the metals themselves were not water-dispersible. 


HE wetting of powders is of prime importance in many indus- 
tries, such as the paint or ink fields where elaborate steps are 
taken to insure thorough wetting of the powder by the liquid in 


A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The authors, Bernard Kopelman 
and C. C. Gregg, are associated with the Metallurgical Research and Develop- 
ment Laboratory, Sylvania Electric Products, Inc., Bayside, N. Y. Manuscript 
received February 25, 1948. 
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which it is to be dispersed. Within the last decade or two, literally 
hundreds of wetting agents have appeared on the market, designed 
to increase, and thereby hasten, the wetting of the powder involved. 

Two distinct types of powders are recognized: organophilic, or 
those that wet readily by organic liquids, and hydrophilic, those that 
wet readily by water. Most of the powders fall within these ex- 
tremes, and require considerable mixing or grinding for adequate 
dispersion. 

Except for aluminum and bronze powders, little attention has 
been paid to the wetting properties of metal powders. This phenom- 
enon has been studied in a simple way and the results obtained may 
be of interest to those concerned in handling metal powders in a 
wet condition. 


THEORY OF THE EXPERIMENTS 


If two immiscible liquids, such as water and kerosene, or water 
and carbon tetrachloride, are placed in a vessel, say a glass test tube, 
two distinct layers are formed, the liquid with the higher density 
comprising the lower layer. If to a set of two such liquids we add 
a small amount of fine powder and shake the contents vigorously, the 
powder will assume, after settling, any one of the following positions 
in this system: 

a. It will be found at the bottom of the upper layer and, upon 
slight shaking, will disperse as a fine powder in the upper 
layer. 

b. It will be found at the bottom of the lower layer and, upon 
slight shaking, will disperse as a fine powder in this lower 
layer. 

c. It will be found at the interface of the two liquids and, upon 
slight shaking, will remain at this interface with no free 
motion of the particles but appearing as trapped at the 
interface. 

d. It will be found around the surface of the glass vessel in 
the upper layer, with no motion of the particles upon shaking. 

e. It will be found around the surface of the glass vessel in 
the lower layer, with no motion of the particles upon shaking. 

f. It will be found in the lower layer as a glob of metal, appar- 
ently containing a coating of the liquid of the upper level, 
and will not disperse upon shaking. 
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It is obvious that the powder will seek a position where it is 
most compatible, and this position is where, of all the liquids or 
solids involved, its interfacial tension with any one of the substances 
present is lowest. Of course, if the particles are large enough they 
will always sink to the bottom of the lower layer, since gravitational 
forces will overcome the forces of interfacial tension. 





Fig.3 
Figs. 1, 2, 3—Adhesion of Solid Between Two Liquids. 


This concept was handled in a qualitative way by Freundlich 
(1)* and later by Hofmann (2). Their treatment described the 
conditions necessary for the powder to cling to the interface, or be 
dispersed in the lower layer, but did not include the requisites for 
suspension in the upper layer. Conditions defining this latter state 
may be easily expanded from their treatment. 

Fig. 1 illustrates the two-liquid layers with the solid at the inter- 
face. This system may or may not be at equilibrium. Fig. 2 shows 
the powder in the lower layer, either by virtue of a necessary force 
applied or because the system is more stable under these conditions. 
Fig. 3 shows conditions similar to Fig. 2 except that the powder is 
in the upper layer. Let us apply the following symbols: 

$,,— interfacial tension between upper and lower liquids. 

$,s—interfacial tension between the powder and the upper 

liquid. 

¢.,—interfacial tension between the powder and lower liquid. 

A—change in area of any of these interfaces as a result of 
motion of the powder. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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d—the distance the powder moves from the interface to its 
new position either into the upper or lower layer. 
F,—the force required to move the powder from its position 
at the interface to its new position in the lower layer. 
F,—the force required to move the powder from its position 
at the interface to its new position in the upper layer. 
Equilibrium between the systems Fig. 1 and Fig. 2 is reached 
when the work expended in overcoming the interfacial force ¢,, 
and in pulling the powder removed from this interface a distance d 
is equal to the energy gained in the creation of the new surface 
areas A,, and A,, (over and above the surface areas already exist- 
ing). It is apparent that the change in area at each of the inter- 
faces is the same. We may then write— 


Agis + Fad = Adis + Ages Equation I 


If we concern ourselves with the system Fig. 1 and Fig. 3 at equi- 
librium, we may write— 
Ages + Fy d = Age + Adis Equation IT 
If we combine Equations I and II, and then simplify, we arrive at 
F, 12 + G23 — is 


—= —__—___ Equation III 
Fy Drs — Boz + P13 





We may write this in the form 
F, B10 + (Bes = $43) 
Fy is — (en — Hrs) 





Equation LV 


From Equation IV, we may deduce the following: 
a. When ¢., > ¢,3, Fa > Fn, and thus less force is required 

to pull the solid into liquid 1. 

1. Under conditions of (a), as long as F,/F, remains posi- 
tive, partial wetting of the solid by both liquids exists, 
with preferential wetting by liquid 1. This means that 
most of the solid at equilibrium will remain at the inter- 
face, with some of it possibly being dispersed in liquid 1. 
The higher the ratio, the less solid at the interface, and 
the more dispersion of solid in liquid 1. 

2. Under conditions of (a), if F,/F, becomes negative, the 
solid will spontaneously go into liquid 1, for F, is 
negative. 


4 
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b. When ¢,; < ¢,3, Fy > Fa, and thus less force is required to 

pull the solid into liquid 2. 

1. Under conditions of (b), as long as F,/F, remains posi- 
tive, partial wetting of the solid by both liquids exists, 
with preferential wetting by liquid 1. The consequences 
are inverse to those stated under (a) 1. 





Fig. 4—Preferential Wetting of Solids. 


2. Under conditions of (b), if F,/F, becomes negative, the 
solid will spontaneously go into liquid 2, for F, is 
negative. 

c. Of course when ¢,, = ¢,;, then F,/F, = 1, and equal wet- 
ting occurs, with the solid held solely at the interface of the 
two liquids. 

It should be recognized that the above treatment is somewhat 
approximate, since the angle of wetting of the solid by the liquids 
is of importance. However, a stricter mathematical treatment of 
the conditions will yield identical results. This treatment can be still 
further expanded to include the interfacial tensions of the solid 
powder with the glass walls. However, the concept may be summed 
up as the simple fact that the powder will situate itself with what- 
ever material will result in minimum interfacial tension for the 
system. 


EXPERIMENTAL TREATMENT 


Two sets of conditions have been used: one in which the upper 
layer is water and the other in which the lower layer is water. Thus, 
one system is water-carbon tetrachloride, the other is kerosene-water. 
Approximately 7 cubic centimeters of each of the two liquids is 
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placed in a test tube, and approximately 0.03 cubic centimeter of 
powder is added and the contents then shaken vigorously. It makes 
no difference to the final equilibrium whether the powder has been 
added first to the water or the organic liquid, the result is the same. 
The test tubes are shaken three or four times over a period of a 





Table I 
Water Water Containing Water Containing Water and 
and 0.25% H-O2 0.25% Dupanol ME CCl, Containing 
Powder CCl and CCl, and CCL 1% Oleic Acid 
Al ca ca b b 
Mg ca ca b b 
Cu ca ca b b 
Ni dea ‘ dca b b 
Ti dca dca ed cd 
Mo d cd de ed 
Ta cd cd d ed 
Pt d ed d ce 
G cd cd a cd 


a—dispersible in the water phase 

b—dispersible in the “oil’’ phase 

c—nondispersible at the oil-water interface 

d—nondispersible at the glass-oil interface 

e—nondispersible, either as powder or glob of powder, in the bottom of lower layer. 

In a designation containing two or more letters, all effects occur, the first letter denoting 
the strongest behavior. 











Table Il 
Water Water Containing Water Containing Water and 
and 0.25% H2O2 0.25% Dupanol ME _— Kerosene Containing 
Powder Kerosene and Kerosene and Kerosene 1% Oleic Acid 
Al cd ce c b 
Mg ce e c b 
Cu ce c ce b 
Ni cde cd c b 
Ti cd cd ed cd 
Mo ce ce a ce 
Ta cd ed a cd 
Pt ce ce a ed 
Cc cd ed b cd 





a—dispersible in the water phase 

b—dispersible in the ‘‘oil’” phase 

c—nondispersible at the oil-water interface 

d—nondispersible at the glass-oil interface 

e—nondispersible, either as powder or glob of powder, in the bottom of lower layer. 

In a designation containing two or more letters, all effects occur, the first letter denoting 
the strongest behavior. 


SSS tf SS 


day to insure good wetting of the powder by the two liquids involved, 
allowed to stand overnight, and are observed the following day. 
Extensive tests on paint pigments were carried out utilizing this 
technique in the laboratories of H. A. Gardner (3). The results 
are listed in Tables I, II and III. 

In each case water is one of the liquid phases. Carbon tetrachloride, 
immiscible with and heavier than water, is the second phase in one 


- 
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Table Ill 
Water Water 
and and 
Powder CC Kerosene 

Tungsten (W) ced ce 
Tungsten dioxide (WO.) ed c 
Tungsten oxide CW. O11) a acd 
Tungsten trioxide ( WOs) a acd 
Uranium dioxide (U0,) a a 
Manganous carbonate (MnCO;) a ca 
Zinc oxide (ZnO) a cd 
Lead oxide (PbO) cd ce 
Titanium oxide (TiO.) a a 





a—dispersible in the water phase 
ispersible in the “oil” phase 
c—nondispersible at the oil-water interface 
d—nondispersible at the glass-oil interface 
e—nondispersible, either as powder or glob of powder, in the bottom of lower layer. 
In a designation containing two or more letters, all effects occur, the first letter denoting 
the strongest behavior. 


system; kerosene, immiscible with and lighter than water, is the 
second phase in the other. In addition to distilled water, and the 
pure organic liquids as the two phases in each case, additional com- 
ponents have been added to modify its properties. One-quarter per 
cent hydrogen peroxide has been added to the water in the expecta- 
tion that by increasing the oxidizing properties of the water, the 
wetting properties will be enhanced. 

Also, to the water, one-quarter per cent Duponol ME has been 
added. This is one of the more potent of the hundreds of commer- 
cially available surface-active agents whose function is to increase 
the wetting properties of water primarily by decreasing its surface 
tension. Duponol ME is a pure sodium lauryl sulphate marketed by 
DuPont, and in the percentage used here will reduce the surface 
tension of water to less than one-half of its original value. 

One per cent of oleic acid has been added to the oil phase. This 
acid is a long straight chain organic acid, showing nonpolar prop- 
erties because of its long hydrocarbon chain, and polar properties 
because of its acid group. The acid group is not sufficiently powerful 
to counteract its long chain and the material is not water soluble. 
(If the acid group is converted to its sodium salt merely by mixing 
the oleic acid with a solution of caustic soda, pure soap is formed, 
which is water soluble, and has the property of reducing the surface 
tension of water.) A substance such as oleic acid will thus show 
directional properties in that either its polar or nonpolar groups can 
behave as the wetting medium. 

Examination of the data listed in the tables reveals that— 








300 TRANSACTIONS OF THE A. S. M. Vol. 41 


1. Some metal powders may show the unique property of being 
hardly wetted by either water or oil, and are repelled to the glass 
walls of the container (Mo, Ta, Pt). Such metals would be de- 
scribed as both hydrophobic and organophobic. This behavior had 
not been reported previously in the case of inorganic materials. 

2. The powders group themselves into two classes, with graphite 
exhibiting an even different behavior. One group consists of Al, 
Mg, Cu, Ni and the other Mo, Pt and Ta. Titanium seems to be 
the borderline material separating the two classes, since in some 
cases it is in the first group, and in the other cases in the latter 
group. 

3. The behavior of each of these two groups (and also of 
graphite) is a function of the particular organic liquid being used. 

4. Duponol ME, considered a powerful agent in making in- 
organic materials water wettable, can apparently make one of these 
metal groups dispersible in oil, in certain cases. This emphasizes the 
difference in behavior between metal and inorganic powders. 

5. Hydrogen peroxide is essentially without effect on these 
powders, in the percentage studied. 

6. Oleic acid will make one of these groups oil dispersible, but 
not the others. 

7. The higher oxides of tungsten are wetted by water, whereas 
the lower oxide and the metal itself are not. 

8. Tungsten powder will apparently fall into the class occupied 
by the other more refractory metals. 

Wetting of powders is essentially a surface phenomenon and 
one would expect it to be affected by one or more of the following 
factors : 

a. Method of preparation of the metal powders. 

b. Whether the oxide skin formed on the metal on standing is 

of the so-called protective type. 

c. The surface tension of the metal powders. 

Table IV lists these properties. The information as to whether 
the metal forms a protective oxide, column 3, has been taken from 
Seitz (4). Surface tension data with an asterisk have been estimated 
by Kuczynski (5). The remaining surface tension data have been 
taken from Bircumshaw (6). 

It is apparent that classification of these powders into two 
groups occurs mainly by virtue of their surface tensions, the higher 
surface tensions in one group, the lower in the other group. It is 


J 


soars 
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Table IV 
Surface 
Particle Size Method of Protective Tension 
Metal Powder Range, Microns Preparation Oxide Coating Dynes/Cm 

Aluminum 60-90 Atomized yes 765* 
Magnesium 300-500 Chip Cuttings no 
Copper 5-15 Hydrogen Reduced yes 1103 
Nickel 20-70 Carbonyl yes 1480* 
Titanium 8-35 Mechanical Grinding 
Platinum 13-33 Chemical Reduction 1819 
Molybdenum 60-100 Hydrogen Reduced no 2100* 
Tantalum 5-20 Electrolysis of Fused Salt 
Tungsten 1-3 Hydrogen Reduced yes 2500* 


*Estimated by Kuczynski (5). 





somewhat surprising that the protective oxide coating does not play 
a more significant role. One would suspect that if the oxide were 
truly protective, the metal powder would behave exactly as its oxide. 
That this is not the case is shown in Table V. 








Table V 
Water and Carbon Tetrachloride Kerosene 
Aluminum oxide (ALOs;) a a (c) 
Magnesium oxide (MgO) a a 
Titanium oxide (TiO.) a (d) a 
Tungsten oxide (WOs) a acd 


a—dispersible in the water phase 

b—dispersible in the “oil” phase 

c—nondispersible at the oil-water interface 

d—nondispersible at the glass-oil interface 

e—nondispersible, either as powder or glob of powder, in the bottom of lower layer. 


In a designation containing two or more letters, all effects occur, the first letter denoting 
the strongest behavior. If a letter is in parentheses, the effect is very weak. 


It may be seen that all of these powders show hydrophilic prop- 
erties. Indeed, it would appear that in general the higher oxides of 
multivalent metals, and the lone oxides of univalent metals, are 
hydrophilic. Titanium oxide, found to be water wettable, is generally 
considered to be an oil pigment, and wetted by oil. It is possible 
that prolonged shaking would have transposed this titania to the oil 
phase. It was not totally unexpected to find that metal powders are 
wetted as poorly by both water and organic liquids because of their 
exceedingly high surface tensions. 

Organic materials, containing essentially covalent bonds between 
the atoms, are found to have very low surface tensions, usually be- 
tween 20 and 50 dynes per centimeter. Inorganic materials, generally 
consisting of mixed*covalent and ionic bonds, have somewhat higher 
surface tensions, of the order of 70 to 200 dynes per centimeter. 
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In the case of metals, the surface tensions of the lower melting 
metals are about 350, extending to over 2000 for the refractory 
metals. The high interfacial tension between metal and water or 
organic liquid implies poor wetting of metal powders in liquids. 


SUMMARY 


It has been found experimentally, as one would expect from 
surface tension considerations, that metal powders are wetted poorly 
by water or organic liquids, and thus are difficult to disperse in liquid 
media. Further, the more refractory the metal, the more difficult 
the dispersion, and metal powders thus group themselves, as regards 
wetting behavior, into the lower melting and the refractory classes. 

The data indicates that the lower melting metals can be made 
dispersible in organic solvents if about 1% oleic acid is added to 
the solvent. Further, the refractory metals can have their wetting 
properties in water improved by the addition of surface-active agents. 
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DISTRIBUTIONS OF NONMETALLIC INCLUSIONS 
IN SOME KILLED ALLOY STEEL INGOTS 


By K. L. Ferrers, M. M. Hevzet anp J. W. SpRETNAK 


Abstract 


The nonmetallic inclusions in nine alloy steel ingots 
were studied by metallographic methods and by petro- 
graphic examination of inclusions obtained by acid ex- 
traction. The metallographic examination revealed the 
following general types of inclusions: globular silicates, 
complex silicates, globular oxides, eutectic, angular, du- 
plexed, and globular sulphides. The inclusions were fairly 
uniformly distributed in the ingot. There was a trend for 
increasing size of sulphides toward the top of the ingot, 
and increasing size of oxides and silicates toward the 
bottom of the ingot. 

The petrographic studies of the extracted residues 
revealed the following types of inclusions: alumina clus- 
ters and grains, oxide and clear glass, ferrous aluminate, 
mullite, oxide crystal phase, quartz, and aggregates of 
quartz and alumina. The average inclusion contents in 
the nine ingots varied widely. As a generality, the alu- 
mina-type inclusions were predominant in the bottom por- 
tion of the ingots, and the silicate and oxide glass types 
toward the top of the ingots. 

Little or no correlation is evident between the size, 
type, distribution, or amount of nonmetallic inclusions 
and the occurrence of bore defects in heavy-walled seam- 
less tubes. 


HIS paper is another of a series of papers (1)* on the study 
of the influence of various factors in ingot freezing and struc- 
tural characteristics of killed alloy steel ingots on the resulting quality 





1The figures appearing in parentheses pertain to the references appended to this paper. 


Contribution from the Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh. The work presented is a portion of the research carried on by NDRC Research 
Project NRC-39 under Contract OEMsr-755. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, K. L. Fetters 
is special metallurgical engineer, Youngstown Sheet and Tube Co., Youngstown, 
Ohio; M. M. Helzel is analytical chemist, Metals Research Laboratory, Carnegie 
Institute of Technology, Pittsburgh, and J. W. Spretnak, who, at the time of this 
work, was member of staff, Metals Research Laboratory, Carnegie Institute of 
Technology, is now associate professor of metallurgy, Ohio State University, 
Columbus, Ohio. Manuscript received April 14, 1948. 
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of heavy-walled seamless tubes processed from these ingots. These 
cylinders were subsequently converted into cannon tubes. The factors 
already considered in previous papers are the following: 

1. Kinetics of solidification 

2. Relationship between the solidification kinetics and primary 

ingot structure 

3. Relationship between primary ingot structure and the sub- 

sequent bore surface quality and mechanical properties 

4. Distribution of oxygen and nitrogen in the ingot 

5. Macrosegregation in the ingot. 

In the initial paper of this series, the bore surface defects en- 
countered were described. Another problem which arose was the 
quench cracking of these tubes during heat treatment. A significant 
observation made was that over 75% of the rejections for these 
causes occurred in tubes processed from the bottom thirds of the 
ingots. 

It seemed logical to consider that the above-mentioned “‘deficien- 
cies” in properties of the lower portion of the ingot are associated 
with the solidification structure of the ingot and that the amount, 
type, size, and distribution of nonmetallic inclusions are of con- 
sequence in the problem. 

This paper gives the results of a thorough investigation on the 
nature and distribution of nonmetallic inclusions in nine fully killed 
alloy steel ingots which were furnished by the co-operating companies. 
Each of these ingots had been split longitudinally and macroetched 
for visual examination, and in each case one half of the ingot was 
sent to the Metals Research Laboratory for further study. The 
experimental methods used in this study were the standard metal- 
lographic methods and petrographic examination of the acid- 
extracted inclusions. 


DESCRIPTION OF INGOTS 


Split ingots were furnished by Producers A, B, C, D, E, G, H, 
and N. The ingots of Producers A, C, E, G, and H were repre- 
sentative of the ingots cast by these producers for the 40 and 75- 
millimeter seamless gun tubes. The Producer B ingot was used for 37- 
millimeter and the Producer N ingot for the 75-millimeter forged and 
bored gun tubes. The Producer D ingot was typical of those used 
in the production of the 3-inch Navy gun tubes. The molds used 
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Table I 
Ingot Taper Deoxida- 
Pro- Melting Weight % on tion 
ducer Method Composition Ingot Dimensions Lb. L/W* Diameter Practice 
A BOH SAE 4340S 21in. fluteedgx73%in. 6160 3.2 4.35 CaSi-Al 
B BE SAE 4340 20 in. fluted g x 50% in. 5000 2.1 5.80 CaSi-Al 
GC BOH SAE 4340S 22x 25x71 in. 6600 2.7 2.08, 6.04 CaSi-Al 
D AOH 0.32 Mo- 22 in. fluted g x 77 in. 6500 3.0 4.40 Mn-Si 
0.12 V 
E BOH SAE 4340S 22 x 24x 60 in. 6500 2.5 5.70 Si-Al 
G-26 in. BOH SAE 4340 26% x 26% x 66% in. 9500 2.3 19.60, 6.73 CaSi-Al 
G-21 in. BOH SAE 4340 21% in. fluted g x 73% in. 9225 3.4 11.10, 5.55 CaSi-Al 
H BOH SAE 4340S 22x 22x72 in. 6100 =a 5.24 CaSi-Al 
N BE 0.60 Cr, 13 in. dodecagon x 74in. 3100 5.7 3.93 CaSi-Si-Mn 
1.55 Ni, 
0.24 Mo 


*Ratio of length to average cross sectional dimension. 


to produce these ingots were all standard cast-iron, “big-end-up”, 
hot-topped molds. Table I describes the ingots studied. 

Each of these split ingots was machined and macroetched for 
examination. There was some variation in the appearance of the 
ingots, particularly in degree of central porosity, but no significance 
could be attached to the observed differences. 

The ingots produced by A and E showed pronounced herring- 
bone patterns. These patterns or structures, which are areas of 
porosity in the form of “V’s’”, extended almost the complete length 
of the center section, whereas most of the others showed this to a 
much lesser degree. Variations in etching methods, temperatures, 
etc., among the various steel producing plants likely have had some- 
thing to do with these differences. However, since “herringbone” 
formation is known to be caused by factors which disturb the pro- 
gressive freezing of the ingot from bottom to top, mold size and 
shape must have some influence. It seems likely that molds with 
smaller L/W ratios and steep tapers, both factors promoting pro- 
gressive solidification, would tend to decrease “herringbone” for- 
mation. The data collected during these studies substantiate this 
to some degree, but no correlation was found between herringbone 
structures and defects found in gun tubes. 


Sampling of Ingots 


In each case the ingot was quartered longitudinally and one 
quarter was used by the laboratory for metallographic and acid 
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extraction studies. For this purpose the quarter ingot was cut into 
3-inch transverse slices. The metallographic samples were chosen 
representing edge (1 inch in from the ingot edge), quarter and 
center of the ingot (the center sample was approximately on the 
ingot center line). The acid extraction samples were selected only 
from the center and edge positions and were % inch farther away 
from the center and the edge, respectively, than were the metallo- 
graphic samples. 


MetTuHops OF INVESTIGATION 
Metallographic 


Standard metallographic preparation procedures were used. 
The samples were ground, polished through 1, 0, 00, 000 papers, 
polished on a wax wheel with 600-mesh carborundum, and finished 
with “gamal’’ alumina on a “gamal” cloth. Care was taken to pre- 
serve the inclusions through the polishing operations. 


Acid Extraction 


In the following will be found a brief description of the tech- 
niques of acid extraction and petrographic examination of the 
residues. The sample, selected to represent the desired ingot location 
and consisting of 100 grams of medium fine drillings or millings, 
is prepared, washed with ether and weighed. 

The sample is placed in a liter beaker and covered with 800 
milliliters of 20% hydrochloric acid. The beaker is covered with a 
watch glass and held at 130 to 150°F for 1 day. The used acid 
is poured off into another liter beaker and 800 milliliters of fresh 
acid is added to the original beaker which is heated again for 1 to 2 
days. As the sample goes into solution the acid changes can be less 
frequent and in smaller quantity. The solids in the spent acid are 
allowed to settle and the supernatant liquid is siphoned off. When 
solution of the sample is completed (approximately 1 week is re- 
quired), the solids are centrifuged from the acid after siphoning off 
the supernatant liquid. 

When all of the solids, inclusions, and carbides are in the bottom 
of the centrifuge tube, they are washed into a 400-milliliter beaker 
with 150 te 200 milliliters water, and 100 milliliters concentrated HCl 


4 





1949 NONMETALLIC INCLUSIONS IN. INGOTS 307 


is added. The solution is heated slightly and 10 grams ammonium 
persulphate is added. This mixture is boiled from 3 to 4 minutes. 
The persulphate solution is centrifuged and siphoned in the same 
manner as the acid.. This treatment is repeated until the residue 
clears and shows no further change in color. When the residue in 
the centrifuge tube has lightened, it is washed with water by placing 
a cork in the tube and shaking. It is then recentrifuged and the 
liquid is siphoned off. Theresidue is returned to the beaker with 
100 milliliters of water, and 50 milliliters of 10% sodium hydroxide 
solution is added to remove silicic acid. It is warmed (180 to 
200 °F) and stirred for several minutes, then removed from the 
hot plate and stirred vigorously. It is centrifuged and siphoned 
until the solution is removed. This treatment is repeated if necessary. 

The solids are washed and centrifuged with hot dilute HCI (1:3) 
several times. The residue is rinsed onto a Whatman 42 filter paper 
and washed with water 4 to 5 times. The filter paper is placed in 
a weighed platinum crucible. The paper is charred carefully and 
ignited to a constant weight at 1000 °C (1830°F). The total per- 
centage of inclusions is calculated from the sample weight. 

The method of acid extraction of inclusions is subject to certain 
errors since not all nonmetallics are acid insoluble, and the various 
chemical steps in the extraction procedure can readily cause the 
formation of new phases. The method retains mainly the higher 
melting point inclusions of the alumina, aluminate, and silicate types, 
while sulphides in particular are dissolved by the acid. Iron oxides 
of several types may be formed during the chemical extraction and 
the final ignition of the inclusions could also effect changes in state 
of the constituents. For these reasons, acid-extraction results can 
best be correlated only within a heat of steel where the inclusions 
are of the same type and general distribution. 


Petrographic 


The residues obtained from the acid extraction were studied 
with a polarizing mineralogical microscope by which the approximate 
mineral composition of each of the phases was determined. It was 
also possible to estimate the relative percentage of the several phases. 

It is not the purpose of this paper to discuss the details of the 
petrographic study of nonmetallic inclusions, but it does seem in 
order to include the basic fundamentals of procedure by means of 
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which these studies were carried out. Further details may be found 
in standard textbooks on the subject (2). 

Microscope slides were prepared by placing one or two drops of 
an oil of known refractive index in the center of a glass slide. A 
very small quantity of the extracted inclusions was dropped onto 
the oil and a cover glass placed over it. Care is taken not to 
clutter the field as this complicates the determination of the optical 
properties. 

It is the purpose of the microscopic studies to determine enough 
of the optical properties of the minerals to ascertain their identity 
in accordance with the standard tables of the optical properties of 
minerals. The Tables of Larsen and Berman (2) were used in this 
work. The acid-extractable residues were examined for the follow- 
ing optical properties: isotropic or anisotropic, uniaxial or biaxial, 
refractive index, positive or negative optical sign, angle of extinction 
and pleochroism. 


RESULTS AND DISCUSSION 


Metallographic Examination 


Producer A Ingot—The majority of the inclusions were angular 
or irregularly shaped sulphides and duplexed sulphides and were 
distributed fairly evenly throughout the ingot. Particularly along 
the center line of the ingot were found occasional spherical and 
irregularly shaped inclusions thought to be exogenous in origin. 
Figs. 1 and 2 show the predominant types of inclusions found in 
the ingots studied. 

Producer B Ingot—Both angular and some duplexed sulphides 
were the major types of inclusions encountered. Some dark globular 
oxides were also observed. In the bottom center positions the sul- 
phides were of the eutectic type, indicative of the effect of a “critical 
amount of aluminum” in deoxidation. The sulphides increased in 
size toward the top while the oxides were largest in the bottom 
portion. 

Producer C Ingot—The inclusions in this ingot closely re- 
sembled those in Ingot A. The angular sulphides predominated, 
with some duplexed sulphides also present. No trends were apparent 
as to size, type, or distribution of inclusions in this ingot. 

Producer D Ingot—The inclusions were mainly complex sili- 
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Fig. 1—Typical Inclusions Studied by Metallographic Examination. X 500. 
a—Globular silicate. b—Complex silicate. c—Globular oxides. 


cates and duplexed sulphides. The silicates and sulphides were both 
globular and irregular in shape. The silicates varied greatly in size, 
with a few large enough to indicate that they were probably 
exogenous. , 

Producer E Ingot—The majority of the inclusions in this ingot 
were sulphides; in the center positions they were of the eutectic 
type, outlining the grains, and at the edge positions they were 
angular. Dark globular oxides were found in all positions, de- 
creasing in size from bottom to top. 

Producer G 26-Inch Ingot—The inclusions in this ingot were all 
globular in shape. The sulphides and duplexed sulphides increased 
in size toward the top and center. The oxides and silicates increased 
in size toward the bottom and from edge to center. 
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Fig. 2—Typical Inclusions Studied by Metallographic Examination. < 500. 
a—Eutectic sulphide. b—Angular sulphide. c—Duplexed sulphides. d—Globular 
sulphide. 


Producer G 21-Inch Ingot—The inclusions in this ingot were 
also globular in shape. The sulphides and duplexed sulphides in- 
creased in size toward the top of the ingot. The oxides and silicates 
did not show a trend in size or distribution. In the bottom slices an 
occasional oxide or silicate was found which appeared two to five 
times larger than the average size. 

Producer H Ingot—Angular sulphides, angular duplexed sul- 
phides, globular silicates, and dark globular oxides were found in 
this ingot. All of these inclusions increased in size from edge to 
center, but there was no appreciable difference in size from the top 
to the bottom of the ingot. The various types of nonmetallics were 
observed to be evenly distributed. 
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Producer N Ingot—This ingot was the only bottom poured ingot 
studied. The inclusions were all globular in shape. The sulphides 
and duplexed sulphides were slightly larger in the middle third of 
the ingot, with no differences from the edge to the center. In the 
bottom center very few oxides and sulphides were observed which 
were not duplexed. In the top three-quarters of the ingot an occa- 
sional globular complex silicate of considerably larger size than the 
average was found. 


Acid Extraction—Petrographic Studies 


The most prevalent nonmetallic phases found in the ingots by 
examination are shown in the photomicrographs of Figs. 3 and 4. 
They are oxide and clear glass, ferrous aluminate, alumina clusters, 
alumina grains, and mullite. The less frequently occurring phases, 
quartz, and quartz combined with alumina, are also seen in this 
figure. The oxide crystal phase (n = 1.70) was present in minute 
quantities in only three ingots and was not photographed. 

The percentages of extracted inclusions for each ingot according 
to slice number and position, whether center or edge, are tabulated 
in Table Il. The percentages according to types of inclusions found 
in each ingot are presented in Table III. 

In order to compare the inclusion distribution as judged from 
the acid extraction results, Fig. 5 was constructed to show the 
relative inclusion content of the various zones of the ingots studied. 
In order that these sketches may be comparable, a relative clean- 
liness legend has been used, since, as pointed out earlier, it is quite 
difficult to compare directly actual inclusion contents for ingots made 
from various heats and with varying deoxidation practices. Table IV 
gives the percentage ranges of inclusion content for the legends used 
in Fig. 5. 

The types and amounts of the inclusions in these ingots are 
discussed in the following: 

Producer A Ingot—As already stated, the acid extraction meth- 
od retains mainly the higher melting point inclusions of the alumina, 
aluminate and silicate types. Acid-extraction analysis indicated the 
percentage of acid-extractable inclusions to be greater at the edge 
position than at the center, except at the position just under the hot 
top. Along the center line of the ingot, results from slice to slice 
were more variable than those from the edge position. The average 
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a 





Fig. 3—Acid Extraction Inclusions Studied by Mineralogical Examina- 
tion. (Original magnification < 350.) a—Oxide (1) and clear glass (2). 
b—Ferrous aluminate (3). 


percentage of acid-extractable inclusions for the ingot is 0.0177%. 
The nonmetallics were distributed quite evenly from bottom to top 
of the edge and center sections. Ferrous aluminate was concentrated 
mostly in the bottom three slices of the edge and center sections and 
the top edge. 


4 
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Fig. 4—-Acid Extraction Inclusions Studied by Mineralogical Examination. (Original 
magnification 350.) a—Quartz (4) and quartz and alumina (5). b—Alumina grains 
(6), alumina clusters (7), and mullite (8). 


Producer B Ingot—The highest concentration of nonmetallics 
was in the center position of the bottom third of the ingot. In the edge 
samples the inclusions were concentrated toward the top of the 
ingot. The average percentage of extractable inclusions for the ingot 
is 0.0126%. Alumina clusters were heavily concentrated in the 
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Table IV 
—— Produce 
A B Cc D E G-26in. G—21 in. H N 
1 0.0080 to 0.0050 to 0.0040 to 0.0050 to 0.0045 to 0.0065 to 0.0080 to 0.0050 to 0.0029 to 
0.0125 0.0100 0.0085 0.0150 0.0073 0.0105 0.0103 0.0080 0.0035 
2 0.0125 to 0.0100 to 0.0085 to 0.0150 to 0.0073 to 0.0105 to 0.0103 to 0.0080 to 0.0035 to 
0.0170 0.0130 0.0130 0.0250 0.0097 0.0145 0.0126 0.0110 0.0050 
3 0.0170 to 0.0130 to 0.0130 to 0.0250 to 0.0097 to 0.0145 to 0.0126to 0.0110 to 0.0050 to 
0.0215 0.0160 0.0175 0.0350 0.0121 0.0185 0.0149 0.0140 0.0065 
4 0.0215 to 0.0160 to 0.0175 to 0.0350 to 0.0121 to 0.0185 to 0.0149 to 0.0140 to 0.0065 to 
0.0260 0.0200 0.0220 0.0450 0.0145 0.0225 0.0172 0.0170 0.0080 
§ hei cee ce. eae Ok en OS ai ccsd (eee. seme | eet a ees oe 
600 ae th ee: es xe 0.0935 eit acatin 





bottom center section and decreased toward the top. Clear glass 
was distributed rather evenly throughout the center, while the oxide 
glass was mostly in the middle of the center section. The percent- 
ages of alumina particles and clear glass are highest in the top edge 
position. 

Producer C Ingot—The greatest amount of acid-extractable in- 
clusions was found in the edge position in the top third of the ingot. 
The average percentage for the ingot is 0.0096%. Alumina clusters 
decrease from 55% in the bottom center to 15% in the top. In the 
edge sections alumina particles were predominant, with clear and 
oxide glasses increasing in the middle section of the edge samples. 
In the center sections, oxide glasses increased in percentages from the 
bottom to the top. Clear glass was found mostly in the top center. 

Producer D Ingot—The highest percentage of nonmetallics was 
found in the edge position just under the hot-top and along the 
center line in the bottom half. The average percentage for the ingot 
is 0.0285%. An oxide coating over the inclusions made determina- 
tion of the optical properties very difficult; however, after treating 
the nonmetallics with acid to remove some of the coating, 95% 
appeared to be of the silicate type, as might be expected for acid 
open-hearth steel. 

Producer E Ingot—There were no marked differences in acid- 
extractable inclusion content from edge to center or from bottom to 
top in this ingot. The variation in percentages of inclusions was less 
marked in the edge position as compared with the center positions. 
The average percentage of inclusion content for the ingot is 
0.0092%. The presence of alumina particles decreased from bottom 
to top of the center and edge sections. The concentration of ferrous 
aluminate and clear and oxide glasses increased greatly from the 
bottom to the top in both positions. 
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Producer G 26-Inch Ingot—The nonmetallic inclusion content 
was consistently higher in the edge positions, except for the extreme 
bottom slice. The percentages were quite uniform from bottom to 
top in the edge positions; however, in the center positions the 
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Fig. 5a—Relative Inclusion Contents in the Various Zones of the Ingots. 





























inclusions decreased from bottom to top. The average percentage 
for the ingot is 0.014%. Alumina particles constitute the major 
inclusion phase ,in all positions of the ingot, averaging around 60% 
of each sample studied. Alumina clusters constitute another major 
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phase. Small amounts of clear glass, oxide glass, quartz and the 
oxide crystal phase were found throughout the ingot. 

Producer G 21-Inch Ingot—The percentage of acid-extractable 
inclusions was higher along the edge than in the center; however, 
the percentages were fairly uniform from top to bottom in both 
positions. The average percentage for the ingot is 0.0121%. 
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Fig. 5b—Relative Inclusion Contents in the Various Zones of the Ingots. See Fig. 5a 
for Legend. 


Alumina particles were the major inclusion constituent found in this 
ingot with alumina clusters the next. most prominent. The dis- 
tribution of these phases was approximately the same for all posi- 
tions in the center and edge except for the top edge where the per- 
centage of oxide and clear glasses increased to about 8%. 

Producer H Ingot—Higher concentration of nonmetallics was 
found in the edge position. The distribution was fairly uniform 
from bottom to top. The average percentage of inclusions for the 
ingot is 0.0119%. Alumina particles and clusters were the pre- 
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dominant constituents. The percentages increased from the bottom 
to the top in both center and edge. There was about 25% quartz in 
the bottom center positions and a combined quartz and alumina phase 
which increased in quantity from the bottom to the top edge samples. 
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Fig. 5c—-Relative Inclusion Contents in the Various Zones of the 
for Legend. 


Ingots. See Fig Sa 

Producer N Ingot—vThe largest quantity of inclusions was 
found in the edge positions in the bottom half of the ingot. All 
edge positions were consistently higher than the center positions. 
Small particles of oxide-coated glasses and high alumina glass con- 
stituted the major portion of the nonmetallics in all sections, except 
in the bottom edge where alumina clusters and particles made up 
about 97% of the inclusions. The inclusions in both positions de- 
creased from bottom to top. The average percentage for the ingot 
is 0.0055%, the lowest of all the ingots studied. 
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SUMMARY 


1. The nonmetallic inclusions in nine alloy steel ingots were 
studied by metallographic methods and by petrographic examination 
of inclusions obtained by acid extraction. 

2. In the metallographic studies, the following general types of 
inclusions were found: globular silicates, complex silicates, globular 
oxides, eutectic, angular, duplexed, and globular sulphides. The 
inclusions generally were distributed uniformly throughout the ingot. 
The inclusions were usually of uniform size; however, in some 
ingots, the size of the sulphides increased toward the top of the ingot, 
whereas the oxides and silicates increased in size toward the bottom 
of the ingot. 

3. In the petrographic studies of the acid-extracted residues, 
the following types of inclusions were observed: alumina clusters 
and grains, oxide and clear glass, ferrous aluminate, mullite, oxide 
crystal phase (n 1.70), quartz, and aggregates of quartz and 
alumina. The types of inclusions found in a particular ingot cor- 
respond in general to those expected from the deoxidation practice 
used. 

4. The average inclusion contents of the nine ingots studied 
vary widely, ranging from 0.0055 to 0.0285%. There is no con- 
sistent trend in the distribution of inclusions in the ingots. In gen- 
eral, the content was higher in the edge positions, particularly toward 
the top of the ingot. As a generality, the inclusions in the bottom 
portion of the ingot were predominantly of the alumina type, where- 
as toward the top portion, the silicate and oxide glass type of 
inclusions predominated. 

5. The metallographic and acid-extraction studies revealed little 
or no correlation between the size, type, distribution, or amount of 
nonmetallic inclusions with the occurrence of bore defects in seam- 
less 75 and 40-millimeter tubes. This general lack of correlation 
leads to the conclusion that there were other factors, considerably 
more potent than nonmetallic inclusions alone, operating to cause 
the formation of bore defects in these heavy-walled seamless tubes. 
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DISCUSSION 


Written Discussion: By R. L. Wilson, director of metallurgy, and D. 
J. Girardi, research metallurgist, The Timken Roller Bearing Co., Canton, 
Ohio. 

The problem of inclusion studies is always a difficult one and an 
extensive survey such as is set forth in this paper is welcomed. Because 
of the uncertainties involved in the acid extraction of inclusions, it is 
dificult to compare directly acid-extraction results among heats varying 
in melting, deoxidation and mold practices. However, it is in such 
instances that one is frequently interested in making direct comparisons. 
One wonders about the significance of an average percentage of acid- 
extractable inclusions of 0.0285% in the case of Producer D ingot and an 
average of 0.0055% in the case of Producer N ingot. 

The lack of correlation between the size, type distribution and amount 
of nonmetallic inclusions and the occurrence of bore defects in heavy- 
walled seamless tubes does emphasize the importance of considering other 
factors. 

Written Discussion: By S. F. Urban, director of research, Titanium 
Alloy Mig. Division, National Lead Co., Niagara Falls, N. Y. 

On perusing this paper, it is obvious that many weary hours were 
spent in obtaining the detailed data regarding the percentage, distribution 
and nature of the inclusions in various positions of ingots made by various 
producers. It is unfortunate that in spite of the scope of the investiga- 
tion, no correlation is found between the factor studies and rejections of 
gun tubes from the bottom third of ingots converted into gun tubes. 

Since the bottom third portion of an ingot has been known to be a 
contrary position in an ingot, it is perhaps in order to make the sugges- 
tion which is admittedly not a new one but should definitely be considered. 
There is enough information available to indicate that the inverted V in 
the bottom portion of an ingot might be eliminated by the use of a heated 
bottom or some means of delaying bottom solidification other than by 
ingot mold design. 

Written Discussion: By J. V. Russell, director, Metallurgical Labora- 
tory, Republic Steel Corp., Chicago. 

The authors are to be complimented on what is evidently a very large 
amount of work and on the completeness of the data presented. It is 
undoubtedly an oversight but they failed to indicate whether the samples 
are numbered from top to bottom or bottom to top as taken from the 
ingot. We were particularly interested in their conclusion that sulphides 
were, in general, evenly distributed throughout the ingot. Our experience 
on similar steels and on resulphurized steels indicates about the same 
condition. -Is not this fact considerable evidence for the belief that sul- 
phides form as such out of the liquid steel at a temperature near or even 
below the solidification point? We were also interested in their observa- 
tion that the eutectic-type sulphide inclusions were observed to occur only 
in the lower part of the ingot. This is associated by them with the use 
of “critical amounts of aluminum”. We would like to ask why it is that 
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the condition will be in only a part of the ingot since it is generally 
thought that the addition of aluminum affects equally all parts of the 
ingot. Is there a possibility, in this case, that aluminum would have been 
added to the ingot as it was being poured rather than as a ladle or furnace 
addition, which is the usual practice for heats of the type studied? We 
would also like to know if the authors care to advance any explanation 
of the fact that the inclusion type changes from alumina in the bottom 
portion of an ingot to silicates and oxide types in the upper portion. 

Written Discussion: By T. R. Gaulke, metallurgist, and M. A. Scheil, 
director of metallurgical research, A. O. Smith Corp., Milwaukee. 

The authors are to be complimented on their thorough job dealing 
with a subject of such comprehensive scope. It is also gratifying to learn 
that their results are in close agreement with similar work conducted at 
the A. O. Smith Corp. in 1944. 

The work at A. O. Smith, too, was instigated under similar circum- 
stances and involved the welded fabrication of torpedo air flasks for the 
U. S. Navy. These flasks were made of 4340 steel plate rolled from slab- 
type ingots fortified with a small amount of vanadium for grain size 
control and to permit higher drawing temperatures. This steel was sub- 
jected to a rigid quality control program which included the keeping of 
accurate records to permit us to trace all rejections back to the respon- 
sible location in ingot and slab. Practically all the rejections were occa- 
sioned by laminations uncovered during machining. Of all the steel 
rejected, it was found that about 90% was in plate material rolled from 
the bottom slabs of the ingots. It was thought that improper mold design 
was at least partly responsible for the poor showing of these bottom slabs 
and, consequently, an investigation was undertaken to thoroughly study 
the product of one 65-ton electric furnace heat poured into open bottom 
molds and closed bottom molds. 

The closed bottom mold represented the new type mold with rounded 
bottom designed to effect a change in the pattern of segregation through 
the ingot. The top and bottom dimensions of the two type molds were 
the same: 28% by 61% inches at the top and 2634 by 5934 inches at the 
bottom. Pouring height usually reached about 62 inches. The closed 
mold had a 6%-inch radius joining the closed bottom to the side walls 
and the plug hole centrally located in the bottom was 6t# inches in diam- 
eter. The height of the curved bottom from the straight side wall section 
to the plug hole level was 1334 inches. 

One 30,000-pound ingot of each design was rolled to slab and the 
bottom slab was quarter-sectioned for examination. One 30,000-pound 
ingot of each design was slow-cooled and quarter-sectioned for examina- 
tion. The fifth ingot from an open bottom mold was processed into plate 
for performance observation. Extensive etch tests, chemical analyses, 
spectrographic analyses, microexamination and radiographic inspections 
were carried out on the sectioned ingots and slabs. Ten core-drilled 
specimens, 7% inch in diameter by 6 inches long, were removed from choice 
locations in the quarter-sectioned closed bottom ingot. It was from the 
drilled cores of the ingot and segregated areas of the bottom slabs of the 
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ingot that our microexamination dealing with inclusions was conducted. 

Globular sulphides, duplex oxide-sulphide combinations and globular 
oxides were found to predominate. Sulphur printing of the drilled cores 
gave a fine picture of relative size and distribution of sulphide inclusions 
in the ingot. Cores drilled near the ingot surface showed small, finely 
dispersed sulphides, while those approaching the top center of the ingot 
showed larger sulphides with a tendency to form clusters. This was 
verified by microexamination. The oxides resulting from deoxidation 
with aluminum were found in abundance in the bottom central portion 
of the 30,000-pound ingot. 

The. segregated areas in the bottom slabs showed the presence of 
(Fe,Mn)S and spheroidized carbides. This segregation, however, was 
very slight and usually observed between the case and core where the 
lower melting point impurities were rejected from the solidifying columnar 
grains. 

Generally speaking, we could find no difference in the product of the 
two types of mold. The heat investigated proved to be of exceptionally 
high quality. But the investigation did result in our dropping the micro- 
cleanliness ratings as a standard of quality and placing more reliance on 
the development of a set of deep-etch standards for quality control. 

Written Discussion: By Edward A. Loria, Fellow, Mellon Institute 
of Industrial Research, Pittsburgh. 

In this series of papers on gun steel ingot practice the authors refer 
to the occurrence of bore defects which were found in partially and often 
completely machined tubes, but have not given an explanation for their 
existence. It was stated that metallographic studies indicated that inclu- 
sions were not the primary cause of these defects although they may have 
acted in some manner to initiate them. The bore defects concerned were 
not quenching cracks, nonmetallic inclusions or flakes. They were usually 
quite shallow and possibly could have been internal ruptures caused by 
hot working. In the present paper, it is stated that some of the ingots 
showed pronounced herringbone patterns or areas of considerable porosity 
and there is the possibility that the extension of the original porous area 
by actual tearing into an originally sound adjacent area during hot 
working may have produced this defect. Porosity, as a rule, is not evident 
until machining operations have been fairly well advanced and is resultant 
from weakness along the secondary segregation, this weakness being 
caused usually by cold metal from the furnace or by insufficient mold 
design. During forging, small cavities or cracks are formed at this point 
in the ingot and appear when the center portion of the forging is bored. 
It is interesting to note that when ingots are split longitudinally the 
polished section does not usually show many cracks in the position of the 
V segregate. Macroetching, however, may result in discontinuities being 
found at this position because of the removal of nonmetallic inclusions 
during the process, and evidently these inclusions form lines of weakness 
which, on forging, rupture to form cavities. Therefore, it follows that 
the condition of the V segregate is the determining factor in their exist- 
ence. The presence of a V segregate at the position of the cavities may 
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be detected by sulphur printing or macroetching. These defects can be 
minimized by increasing the taper on the ingot body to allow better 
shrinkage conditions. In the last paper of the series the authors showed 
that the center positions of the split ingots had the lowest densities and 
the greatest variations in density. There was: a definite trend in the 
center positions of decreasing density toward the top of the ingot. Thus, 
density had a positive correlation with frequency of bore defects. 

It would be well to point out that the authors have based their con- 
clusions on a study of the inclusions in small ingots of 13 to 26 inches 
cross-sectional dimension. In larger ingots the size and amount of the 
inclusions increase and the tendency to form a mixture of large and small 
inclusions is accentuated along with the danger of producing an unfavor- 
able inclusion distribution. The total nonmetallic content may affect the 
quality of gun tubes produced from the latter to a greater extent than 
the former, notwithstanding the fact that the quality of gun tubes may 
not be so much related to the amount of inclusion material as to the dis- 
tribution of that inclusion material. 

The RAT values obtained from test specimens taken from various 
sections in these ingots would evaluate their cleanliness and provide some 
indication of their quality since gun tubes processed from ingots with the 
fewest inclusions would probably be the best in service. Both discontinu- 
ous and continuous stringer-type inclusions are known to exert a detri- 
mental influence on the transverse ductility of quenched and tempered 
gun tubes; the presence of untempered martensite or slack-quenched 
structures may also produce inferior physical properties. Do the authors 
have tensile test data taken from various positions in their nine alloy 
steel ingots? If the data are included as a part of the recent investiga- 
tion by Wells and Mehl,? where in that study can the results be found? 
Perhaps the results are not only complicated by the difficulty of deter- 
mining any measure of inclusion distribution but also by the difficulty of 
determining to what extent defects are aggravated or minimized by 
unfavorable or favorable hot working conditions. 


Authors’ Reply 


The authors wish to thank those who have discussed this paper and 
offer the following comments on the questions and points that have been 
raised. 

The question as to the significance of the quantitative amount of 
inclusions which was raised by R. L. Wilson and D. J. Girardi is of par- 
ticular interest in any evaluation of the acid-extraction method of inclu- 
sion determinations. In the case of ingot D which was made in the acid 
open-hearth, it would be expected that the prevailing inclusion types would 
be silicates and since silicates are not likely to be altered or dissolved in 
acid extraction it is not surprising to find the highest inclusion content 
in this ingot 0.0285%. Ingot N which was made in the basic electric 


_ 8C, Wells and R. F. Mehl, “Transverse Mechanical Properties in Heat Treated 
Wrought Steel Products,”” Transactions, American Society for Metals, Vol. 41, 1949, p. 715. 
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furnace has the lowest inclusion content 0.0055% which may either repre- 
sent a substantiation of the traditional cleanliness of properly made 
electric furnace steel or at least its freedom from inclusions retained by 
acid extraction. It should be noted that the deoxidation practice of this 
ingot differs principally from the other electric furnace ingot (B which had 
0.0126%) in that aluminum was not used in the deoxidation of N, and 
that alumina inclusions are quite likely to be retained in acid extraction. 

Mr. J. V. Russell brings up the question of the significance of the 
greater occurrence of alumina-type inclusions in the lower part of the 
ingot and the predominance of silicate and oxide types in the upper part 
of the ingot. The authors believe this is the result of the ease with 
which the silicate and oxide types may be fluxed with resultant agglomera- 
tion and greater particle size which, according to Stokes’ law, would 
explain their prevalence relatively in the upper portion of the ingot. 

The discussion of Mr. Loria regarding central porosity as related to 
forging defects is particularly interesting since it is the authors’ opinion 
that the relatively greater prevalence of bore defects in guns made from 
seamless tubes must in some way be related to the macro-inhomogeneities 
which were often observed in the lower part of the ingot. Now that sev- 
eral years have passed since this study, it no longer seems so surprising 
that no correlation could be found between relative inclusion content and 
bore defects. For the most part bore defects which were uncovered during 
the machining of the inside of the tubes were quite small and their origin 
may be considered to have been ruptures that occurred during hot work- 
ing (piercing). It is not necessarily the amount of inclusions, but the 
possible coincidence of inclusions with the points of maximum stress dur- 
ing piercing that likely caused the ruptures. It is well known that in 
piercing tubes the stress system is enormously complex and that the 
setting of the mills and the condition of the piercer points in the piercer 
and the balls in the high mill are all related to the resultant inside surface 
of the tube. How then to explain the greater prevalence of bore defects 
in the tubes made from the lower third of the ingot? Assume first that 
since tubes were not pierced separately as to position from which they 
came in the ingot there was no controllable variable in piercing that 
could explain the relation between ingot position and defects. It is also 
evident that unknown and uncontrollable variations did occur in mill 
settings and seamless “tools”. When these variations were such as to 
cause an unfavorable distribution of stresses, relatively minor inclusions 
could easily be the point of origin of hot ruptures while with a more 
favorable system of stresses the same inclusions would not be related 
to defects. This then would easily “mask” the correlation between inclu- 
sions and bore defects. Note also that the conclusion was reached that 
alumina inclusions predominate in the lower portion of the ingot. The 
refractory nature of alumina inclusions and their frequent sharp edges 
would create ideal stress raisers to serve as the origin of hot ruptures. 
Note that the ingots of producers A, C, E, G, and H were the ones which 
were used for seamless tubes. The following remarks were made in the 
paper in describing the results of the petrographic studies of these ingots. 
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A. “Ferrous aluminate was concentrated mostly in the bottom three 
slices of the edge and center sections and the top edge.” 

C. “Alumina clusters decrease from 55% in the bottom center to 15% 
in the top.” 

E. “The presence of alumina particles decreased from bottom to top 
of the center and edge sections.” 

G. 26-inch ingot. “Alumina particles constitute the major inclusion 
phase in all positions of the ingot, averaging around 60% of each sample 
studied.” 

G. 21-inch ingot. “Alumina particles were the major inclusion con- 
stituent found in this ingot with alumina clusters the next most preva- 
lent.” 

H. “Alumina particles and clusters were the predominant constitu- 
ents.” 

If we consider that the conditions necessary for a hot rupture are 
stress raisers combined with an unfavorable stress distribution these con- 
ditions will be met in normal seamless operation most frequently where 
alumina inclusions are small, angular and most plentiful, namely, the 
lower third of the ingot. Perhaps we found the qualitative explanation 
of bore defects though the quantitative explanation was missed in the 
mass of unmeasurable variables in these studies. 





SOME FACTORS AFFECTING SUBSURFACE DEFECTS 
IN LARGE FORGING STEEL INGOTS 


By E. A. Lorta anno H. D. SHEPHARD 


Abstract 


The defects which occur at or near the ingot surface 
in several large steel forging ingots of a particular acid 
open-hearth grade were examined critically by means of 
transverse macroetch tests, sulphur prints, magnaflux and 
microscopy in an effort to determine the factors affecting 
their formation. Specifically considered were subsurface 
cracks, subsurface porosity and other defects caused by 
the presence of nonmetallic inclusions. Subsurface cracks 
in forging ingots are initiated by segregates of nonmetallic 
inclusions. Cracking occurs as the result of lowered 
crystal-to-crystal cohesion in the case of inclusions which 
form continuous layers of liquid during forging, whereas 
inclusions which are solid at forging temperatures as little 
prisms at the grain edges lower the fracture stress by 
acting as areas for stress concentration. Data were obtained 
regarding the position and occurrence of subsurface poros- 
ity and some theories concerning its cause are discussed. 
The important aspect of these mechanisms is that either 
inclusions or porosity may exist in the ingot subsurface, 
depending upon the manner and extent of deoxidation. 
Small seams on the machined surface of round forgings 
which were exposed by magnafluxing the periphery after 
machining 1% inches below the surface of the original 
ingot arise from stringer-type inclusions. General trends 
of inclusion distribution in the microscopic examination 
of the top, middle, and bottom transverse sections of sev- 
eral 36-inch forging ingots are presented. Sulphur prints 
reveal the segregation of inclusion stringers within the 
outer (chill) zone of forging ingots interspersed among 
an otherwise even distribution of minute sulphides. In 
general, it has been observed that where such stringer 
inclusions occur within a zone of relatiwely minute inclu- 
sions internal tears are most likely to occur on processing 
the ingot. The difference in conformation of sulphides 

A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, E. A. Loria is 
Fellow, Mellon Institute of Industrial Research, Pittsburgh, and H. D. Shep- 
hard was formerly metallurgist, Mesta Machine Company, now metallurgist, 


Kerchner, Marshall & Company, Pittsburgh. Manuscript received October 13, 
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in the ingot subsurface is believed responsible for this type 
of defect because the sulphide stringers are incapable of 
dispersion or diffusion within the minute, even distribution 
of globular sulphides and therefore act as points for stress 
concentration during hot working. 


INTRODUCTION 


VER the past several years, the importance of controlling sur- 

face and subsurface defects in steel ingots and forgings has 
been recognized. Many methods have been developed to avoid the 
occurrence of surface defects during steel processing and to improve 
the surface condition of ingots for appearance and serviceability. 
The attributable factors which have been dealt with are deoxidation 
technique, ingot mold design, temperature of molten metal and ingot 
mold at time of pouring, pouring technique, mold practice, and pit 
practice. While satisfactory methods have been devised for im- 
proving the surface conditions of ingots, much less information has 
been made available on the problem of evaluating the factors con- 
tributing to the occurrence of subsurface defects in certain forging 
grades of steel ingots ; hence the purpose of the investigation, reported 
herein was to assemble suitable data from which conclusions regard- 
ing the origin of subsurface defects could be drawn. 

The conventional forging steel ingots are subject mainly to 
defects in the following categories: (a) cracks, (b) porosity, (c) 
defects caused by the presence of nonmetallic inclusions, (d) pipe 
and bursts, and (e) macrosegregation. When observed in trans- 
verse sections of ingots these defects are found in certain definite 
locations and can therefore be classified as surface, subsurface and 
center defects. 

Type (a) defects are actual discontinuities in the ingot and, 
depending on their nature and distribution, may make the steel unfit 
for use unless they are removed by further hot reduction. Surface 
cracks as revealed by deep etching usually follow an irregular path 
and may result from improper handling during heating, forging, or 
during cooling from the finishing temperature. Internal cracks, 
sometimes called flakes, cooling cracks or thermal checks, can also 
be detected by the macroetch test and their identity verified by a 
fracture test of a hardened specimen on which they are revealed as 
brightly crystalline spots. Type (b) defects can be found in widely 
varying degrees within the ingot and the question of whether the 
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steel should or should not be used is one of experienced judgment. 
These include center looseness or shrinkage, subsurface porosity, 
blowholes and unsound steel in general. Center porosity may be the 
result of an actual discontinuity within the metal in which case it is 
probably more proper to classify the defect as a pipe. Usually, how- 
ever, porosity is of such a nature that it is not visible until the 
specimen is subjected to a deep etch. _The type (c) defects occur in 
various sizes and shapes. The inclusions may be the products of 
deoxidation, or may be exogenous in origin. The inclusion type of 
defects which are generally discovered on machining are referred to 
as seams, slag, porous metal, pits and sand splits. Seams in forged 
material generally follow the contour of the forging and the flow of 
the metal. This most detrimental effect is avoided if, during process- 
ing, the surface is machined to a sufficient depth to remove the seams. 
Type (d) defects are visible after deep etching and can generally be 
distinguished from each other by the degree of sponginess surround- 
ing the defect. Piped material usually shows considerably more 
sponginess than burst material. Pipes are internal cavities formed 
during ingot solidification and are invariably associated with segre- 
gated inapurities which are deeply attacked by the etching reagent. 
Cavities in the center not associated with deeply attacked impurities 
are often mistaken for pipe but such cavities are usually traced to 
bursts caused from improper handling of the steel during forging. 
Type (e) defects consist of composition variations over comparatively 
large distances in the ingot, such as from the sides to the center and 
from bottom to top. 

Determining the factors affecting defects in forging ingots is 
complicated by many attributable variables which occur during the 
steelmaking process. Review of the literature with respect to large 
steel forging ingots confirms this contention, for most investigators 
have concluded that such defects were the result of a combination of 
variables. Latta and his collaborators (1)* stressed the importance 
of the condition of the furnace, the charge, duration of melt, time of 
ore addition, time deoxidation additions are made prior to tap, dtira- 
tion of tap, and pouring practice on the quantity of nonmetallic in- 
clusions in large steel forging ingots. Their belief that the danger 
of unfavorable inclusion distribution increases with the size of the 
ingot was based on the fact that with increasing quantities of steel 
it becomes more and more difficult to pour within a definite restricted 


1The figures appearing in parentheses” pertain to the references appended to this paper. 
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range of temperature due to the longer time of pouring. In this 
respect pouring technique was deemed particularly important by 
these investigators; their contention being that too high a pouring 
temperature is as detrimental as a too low one, inasmuch as this can 
be remedied by changing the velocity of pouring to a limited extent 
only. Accordingly, the proper way to specify the rate of pouring is 
to state the rate of rise, taking into consideration the ingot cross 
section. If the pouring temperature is too high, one is inclined to 
correct this by reducing the rate of pouring. When reducing the 
velocity of pouring, a point is reached where an oxide film forms on 
the top surface of the steel already in the mold. This surface oxida- 
tion of steel may be a main source of sand inclusions. In the case of 
too low temperatures, these influences prove to be still more harmful 
and cannot be corrected by speeding up the pouring, without com- 
mitting other grave errors. 


After correlating his data on how to avoid defects in medium 
and large ingots of basic open-hearth steel, Wulffert (2) concluded 
that the three important factors which influence the condition of the 
steel along the ingot axis were the content of the total iron in the 
final slag, the rate of carbon elimination and the pouring temperature. 
Wulffert disproves the contention that increased pouring tempera- 
tures may exert a detrimental effect on the occurrence of segrega- 
tions and maintains that it does not apply to ingots of medium and 
large size. 

Kerpely (3) examined the defects in forged crankshafts due to 
sand inclusions (seams) and based their occurrence primarily on the 
quality of the open-hearth pig in the charge, the degree of fluidity of 
the steel, pouring temperature and the regulation of the pouring 
velocity. The reaction products from deoxidation also made their 
appearance in the samples taken from the pins of discarded crank- 
shafts and the author observed that the occurrence of a thin and high 
FeO slag was invariably accompanied by an increase in the number 
of sand seams in the steel. To avoid their occurrence, a rather fluid 
slag had to be maintained during the course of the heat. On study- 
ing the distribution of inclusions over the ingot cross section Kerpely 
found that they were by no means equally distributed and assumed 
that in such a case the crystallization of the ingot plays a role insofar 
as slags tend to appear in the neighborhood of the ingot center with 
conditions of pouring and cooling conducive to pronounced trans- 
crystallization; whereas with uniform crystallization, the inclusions 
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were found in regular distribution over the entire cross section of 
the ingot. 

An excellent survey of the literature on the subject of ingot 
solidification and some interesting experimental results on solidifi- 
cation kinetics from a study of small ingots and a few large ingots 
has been made recently by Spretnak (4). The importance of the 
primary ingot structure? in ingots which undergo severe combined 
stressing in processing or application is indicated. In another paper 
dealing with the ingot factors in the production of seamless gun tubes, 
Spretnak (5) commented that there was no doubt that the size, 
amount, and distribution of nonmetallics are closely related to the 
defects in gun tubes and pointed out the pertinent fact that the over- 
all problem (with respect to the entire ingot) is not only complicated 
by the difficulty of determining any measures of inclusive distribution, 
but also by the difficulty of determining to what extent defects are 
aggravated or minimized by unfavorable or favorable hot-working 
conditions. 

In order to confine the problem it was necessary to restrict most 
of this investigation to defects which occurred in the subsurface or 
outer portion of forging ingots since it was felt that the analysis of 
these defects would be of particular importance in the case of ingots 
which must undergo severe processing operations. The subsurface 
defects specifically considered were the types (a), (b), and (c) listed 
above in instances where these defects occurred in the subsurface or 
outer portion of the ingot. Thus, defects which occur in the central 
portion of an ingot such as, for example, center porosity or shrink- 
age (type b defects) are not specifically considered in this paper. 

To this end, transverse macroetch tests, sulphur printing, magna- 
flux and metallographic examination of several acid open-hearth 
ingots and forged sections were made. Data were obtained from a 
forging grade of the nominal composition: 0.38% carbon, 0.67% 
manganese, 0.041% phosphorus, 0.021% sulphur, 0.27% silicon. 
Producers of forging steels recognize the importance of chemical 
composition in relation to the hot-working properties. and the typical 
defects found in their product. Soler (6) has discussed the decided 
effect of chemical composition of killed steel on hot-working prop- 
erties and surface characteristics through its influence on the state of 





The term “primary ingot structure” is used to designate the solid structure resulting 
from the precipitation from the melt of dendritic crystals, which may occur either as 
equiaxed crystals of varying size, or columnar crystais which are elongated and possess 
preferred orientation in one direction (4).~* 
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deoxidation, gas content, freezing range and phase structure. Accord- 
ingly the scope of this investigation was necessarily limited to the 
evidence obtained by the aforementioned test procedures on one par- 
ticular acid open-hearth forging grade which was customarily tapped 
in the range 2900 to 3000 °F (1593 to 1649 °C), deoxidized with 
manganese-silicon, and poured at 2800 to 2850 °F (1538 to 1565 °C) 
into various big-end-up fluted molds producing 32 to 48-inch ingots. 
The steel was forged between 2100 and 2350 °F (1150 and 1290 °C), 
the macroetched sections shown throughout the paper representing 
in most instances a reduction S ~s, ingot to forging, of 4. 


SUBSURFACE CRACKS IN ForGING INGOTS 


Inasmuch as the objective of this investigation was that of deter- 
mining the cause of cracks created under the ingot skin, an under- 
standing of the cracking phenomenon in forging steels in general 
was highly desirable. As pointed out in the introduction, defects 
which have been designated as flakes or shatter cracks are not a part 
of this study since the outstanding characteristics of such defects 
usually occur in a zone which is intermediate between surface and 
core. The distance of the zone from the surface depends upon the 
size of the forging and its past treatment, and the defects produce a 
so-called “picture-frame” effect, especially in large forgings. Zapffe 
and Sims (7) maintain that hydrogen embrittlement, caused by 
accumulation of the gas at some discontinuity within the forging, is 
the seat for the defect, and some superimposed internal stress oper- 
ating across this brittle zone is the cause of the fissure. It is also 
known that cooling cracks occur in ingots and that they are found to 
be intercrystalline. However, such cracks are not found in the outer 
inch or two of the section through a forging. This is despite the 
fact that the outer layers of the forging cool most rapidly, although 
slow cooling is known to prevent the occurrence of cooling cracks. 
Nevertheless, it is within the slow cooling interior of the forging that 
cooling cracks actually occur. Foley (8) has associated coarse 
austenite grain size and thermal stresses as prerequisites for the 
development of such cracks in ingots and forgings. In view of these 
observations, it is quite evident that the type of cracking discussed 
herein can be classified as a separate cracking phenomenon. 

There are a number of ways in which cracks, whatever their 
origin, can be detected in the surface of a steel ingot. Macroetching, 
sulphur printing, magnetic-powder method and microscopic observa- 
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tion have all been used advantageously. The macroetch test reveals 
readily and quickly many of the characteristics of steel. The results 
obtained on properly etched samples are of great value if correctly 
interpreted. Surface seams, internal cracks and pipe are easily 
recognized. Crystallization pattern, unsound steel, nonmetallic in- 
clusions and metallic segregates are also quite evident. Numerous 
pinholes and nonmetallic inclusions visible as a result of the deep etch 
are usually indicative of both gases and oxides being distributed in 
the steel at the time of casting. However, in the ingot subsurface 
it is at times difficult to differentiate between them, for nonmetallic 
inclusions usually appear as pits also, and furthermore every pit 
developed does not even indicate the occurrence of an inclusion, since 
pitting may also occur as a result of acid attack around carbide par- 
ticles (etching out of metallic segregates). When nonmetallic inclu- 
sions are suspected in .alloy steels which may contain metallic 
segregates, a comparison can be made of an annealed specimen and 
a hardened specimen etched alike. If the etching pits are the result 
of nonmetallic inclusions, they will appear similarly in both the an- 
nealed and hardened specimens, whereas if they are the result of a 
metallic segregate they will differ, since carbides will go into solution 
during heating for hardening, provided the austenitizing temperature 
is high enough. Segregation as revealed by macroetching is not 
always an indication of defective material. Such segregation can 
be identified by examining a polished specimen under the micro- 
scope to determine if it is metallic segregation, crystalline arrange- 
ment, or a concentration of impurities. The microscopic identifi- 
cation of segregation may also be supplemented by chemical means ; 
such as analysis of ingot drillings for carbon, phosphorus and sulphur, 
or by analysis of inclusions after chemical extraction of same. 

[t is known that ingot cracks as revealed by deep etching usually 
follow an irregular path and may result from improper handling 
during heating, forging, rolling, or during cooling from the finishing 
temperature. With heat treated material, surface cracks may be 
caused by. improper treatment, by improper grinding after hardening, 
or by service stresses. The type of cracking with which this paper 
is concerned is shown in Figs. 1 to 4 which represent transverse macro- 
etch tests on various 36-inch forging ingots. The section depicted in 
Fig. 1, taken from the top third of the ingot, is a typical example of 
several samples which have been examined, and shows clearly the 
nature and location of the cracks in the outer portion of the cross 
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Fig. 1—Transverse Macroetch of 36-Inch Forging Ingot Taken From Top Third 
of Ingot. Note pclished sections for metallographic examination where fully developed 
cracks occurred on forging, and fine internal cracks in bottom portion which opened 
up on etching. Originally X 0.4, reduced 50% in reproduction. 


section. The fully developed cracks which extend to the surface 
and the fine subsurface cracks which opened up on etching are 
obvious. Observation of these cracks in several ingots indicated that 
they are not confined to any particular portion of the ingot but occur 
indiscriminately therein. The cracks are typical of those usually 
associated with the “corner ghost’. Those experienced with large 
forging ingots will recognize that such indications on macroetching, 
if they do not extend to the ingot surface similar to the two in the 
lower corners of the photograph, vary greatly in character. They 
sometimes are actual cracks, but such indications sometimes are 
caused by segregations of either a metallic or nonmetallic character. 


To ascertain the possible cause for this type of cracking, several 
? > 
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Fig. 2—Transverse Macroetch of 36-Inch Forging Ingot Taken From Top Third of 
Ingot. Note fine cracks at or near surface and pattern effect in central portion. Origi- 
nally 0.4, reduced 50% in reproduction. 


sections were cut out of ingots where fully developed cracks occurred 
on forging (as shown in Figs. 1 to4) and prepared for metallographic 
examination. Representative microstructures in areas where sub- 
surface cracks occurred in the transverse section of the forging ingot 
shown in Fig. 1 are presented in Fig. 5. In micrographs (a) and (b) 
the oxidized condition at the edge of a crack resulting in oxide pene- 
tration and the oxide layers at both edges of another crack and the 
dispersion of fine particles beneath are illustrated. Micrograph (c) 
of the unetched structure taken directly below an area where cracking 
occurred reveals fine precipitate particles and stringer inclusions. 
Micrograph (d), another view in the vicinity of a crack, shows 
streaks of fine inclusions below the surface where cracking occurred. 

The foregoing illustrations show that ingot cracks are rimmed 
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by ferrite containing dot-like inclusions of oxides. Furthermore, the 
concentration of other fine precipitate particles, nonmetallic inclu- 
sions and carbides, partly oriented in streaks in the vicinity of such 
cracks, is observed. Usually the cracks are not uncovered in the early 
processing of an ingot since they actually originate below the ingot 
surface and are detected only during forging, resulting in the forma- 
tion of an oxide layer at the surface of the crack and some internal 
oxidation and decarburization. Microscopic examination of the 
structures occurring in areas below the cracks which opened up on 
macroetching the transverse section of the forging ingot shown in 
Fig. 1 provides further evidence of the segregate of inclusions and 
carbides. Representative microstructures which have been observed 
in several samples are presented in Fig. 6. Photomicrograph (a) 
shows the segregation of fine particles and larger, angular inclusions, 
and photomicrograph (b) depicting the same field at higher magnifi- 
cation identifies the inclusions as complex sulphides and silicates and 
reveals the presence of both spheroidal and angular carbides mainly 
in the ferrite grain boundaries. Another view at the same magnifi- 
cation, micrograph (c) confirms the concentration of globular oxide- 
sulphides and oxide-silicates, spheroidal carbides and partially sphe- 
roidized pearlite. Dark field illumination of this same area, micro- 
graph (d) identifies some of the larger inclusions as silicates and 
the smaller cross-bearing ones as silica particles. 


The type of subsurface cracking in forging ingots which has been 
described can occur as the result of a combination of factors. How- 
ever, the observation that segregates of nonmetallic inclusions are 
found in areas where such cracking occurs is a significant one and 
bears on the importance of metallurgical structure in promoting po- 
tential areas of weakness for the propagation of subsurface cracks on 
forging the ingot. The primary ingot structure, the distribution of 
stress on forging, temperature, strain rate and inclusion segregates 
are all significant factors affecting rupture. In the case of subsurface 
cracking, inclusion segregates are an important cause. Admittedly, 
the effect of forging on inclusion segregates depends on the type of 
inclusion, its plasticity and melting point, the amount of the reduction, 
and the forging temperatures; nevertheless the end result insofar as 
initiation of cracking is concerned is the same. Inclusions which are 
plastic or liquid at the forging temperature form continuous layers 
which prevent the welding of adjoining grains during forging. The 
greater the amount of reduction the greater will be the tendency for 
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Fig. 3—Transverse Macroetch of 36-Inch Forging Ingot Taken From Top Third of 
Ingot. Note cracks, extent of pattern effect and evidence of subsurface porosity in 
lower left portion. Originally X 0.4, reduced 50% in reproduction. 


crack propagation since the liquid will have greater opportunity to 
spread entirely around grain boundaries, resulting in an area which 
is extremely brittle both hot and cold. The hot shortness of steels 
and many nonferrous alloys with common impurities is directly 
attributable to the presence of liquid that wets grain boundaries. On 
the other hand, inclusions with melting points above that of steel 
also lower the fracture stress during forging by forming little prisms 
at the grain edges instead of harmful continuous layers of liquid. 
The effect of such a segregate located in the ingot subsurface as a 
stress-raiser during forging is bad and the lack of forgeability in 
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Fig. 4—Transverse Macroetch of 36-Inch Forging Ingot Taken From Middle Sec- 
tion of Ingot. Note fine, subsurface cracks and compare pattern effect with sections 
shown in Figs. 1-3. Originally < 0.4, reduced 50% in reproduction. 


such an area is not surprising even though such inclusions may not 
interfere with the crystal-to-crystal cohesion to an appreciable extent. 

It is difficult to predict that inclusions can increase the resistance 
to flow; it seems more logical to assume that they reduce the resist- 
ance to rupture and thus decrease the amount of plastic deformation 
which can take place before cohesive failure occurs. Once localized 
fracture has occurred at the position of an inclusion segregate, a 
sharp notch (crack) is formed which produces stress conditions more 
favorable to cohesive failure than to plastic deformation. Even in 
some areas where the metal has not ruptured, the concentration of 
inclusions is still great enough that the transverse section etches like 
a crack and the steel is in effect “hot short”. 








340 








TRANSACTIONS OF THE A. S. M. 


. > 
Lee 
pre * o> ae . 
. , + im |: ’ 
: \ a. ge* a . fas 





Fig. 5—Structures in Areas Where Subsurface Cracks Occurred in 
Transverse Section of Forging Ingot Shown in Fig. 1. a—Oxidized 
condition at crack resulting in oxide penetration. b—Oxide layers at 
surfaces of crack and dispersion of fine particles. 
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Fig. 5—Structures in Areas Where Subsurface Cracks Occurred in 


Transverse Section of Forging Ingot Shown in Fig. 1. c—Unetched 
structure below crack shows precipitate particles and stringer inclusions. 


ne of inclusions below area where cracking occurred. Nital etch. 
xX 100. 
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Fig. 6—Structures in Areas Below Cracks Opened Up on Macro- 
etching Transverse Section of Forging Ingot Shown in Fig. 1. a— 
Segregate of fine particles and larger, angular inclusions at <X 100. b— 
Same field at X 500 shows sulphides and silicates. 
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Fig. 6—Structures in Areas Below Cracks Opened Up on Macro- 
etching Transverse Section of Forging Ingot Shown in Fig. 1, 
Another view at "xX 500 shows fine particles as globular oxide-sulphides 
and oxide-silicates. d—Dark field illumination identifies silicates and 
smaller silica inclusions at x 500. 
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SUBSURFACE Porosity IN ForcinGc INGoTs 


Subsurface porosity in forging ingots is a unique defect in that 
it affects certain grades of steel more than others and occurs only 
intermittently within a given melting practice. For instance, it may 
not show up in every heat, nor in every ingot from a given heat; 
neither does it show in all portions of an ingot nor on the complete 
circumference of the ingot. The defect usually appears just under 
the surface but occasionally the pits may be as deep as 2 inches. 
Also, subsurface porosity does not show on unetched macrosamples. 
When deeply etched with acid in the transverse section, the defect 
consists of pits; in the longitudinal section the defect shows up as 
seams, and if the final product requires a smooth finish with enough 
of the forging surface removed to reach the contaminated area, 
the metal must be scrapped. Furthermore, in steels poured in 
tapered-flute molds for better surface and metallurgical quality, it 
has been observed that subsurface porosity is found half way be- 
tween flutes and also that such porous areas usually occur between 
all the flutes and not just one pair. Two such areas are shown in 
the lower part of Fig. 10 depicting a transverse slice taken a third of 
the way from the top of a 48-inch ingot. No definite correlation with 
respect to the frequency of this defect with change in deoxidation and 
ingot height was found. 

Recently Altman (9) has discussed the many possible causes of 
subsurface porosity in certain forging grades of steel ingots and has 
shown that, regardless of the theoretical causes for the defect, it 
could be overcome by the proper application of an aluminum mold 
wash. Thus, insufficient deoxidation was deemed the most important 
factor, though the rate of fill, mold wash, and pouring temperature 
all had their effect on the amount of porosity encountered. Assuming 
deoxidation is complete, the consistent location of the defects indicates 
that it is a mold surface —ingot surface reaction taking place early 
in the freezing stages that is responsible for subsurface porosity. In 
killed ingots, where much oxide material rises to the surface early 
during the filling of the mold, this top scum may be stirred back into 
the liquid by the force of the stream (or “folded in” near the mold 
walls). Such oxide aggregates tend to rise out again rapidly, but 
where they reach zones near the mold wall they can be caught by 
the dendrites growing inward rapidly from the ingot surface. This 
effect may thus be responsible for part of the surface or subsurface 
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seams in such ingots. On the other hand, the subsurface of an ingot 
freezes early, thereby lacking certain degassing advantages which 
act to minimize gas in top sections; and the subsurface represents 
the early portion of the cast, which has first contact with the mold 
wash, an obvious source for considerable quantities of gas. The 
mold gas may enter the ingot when the skin is already partly solid- 
ified by passing through surface inclusions which are still liquid; 
upon coming in contact with the molten metal at the interior the gas 
expands to form porous areas. 

Indeed, the use of a strong deoxidizer such as aluminum in the 
mold wash is warranted. The important aspect of these mechanisms 
is that either inclusions or pinholes may exist in the ingot subsurface, 
depending upon the manner and extent of deoxidation. 

A very recent contribution on the distribution of oxygen and 
nitrogen in a large alloy steel ingot by Sawyer and collaborators (10) 
confirms the surprising degree of local heterogeneity existing in the 
distribution of oxygen in an ingot. The highest concentration of 
nonmetallic inclusions (oxides) was found to be in the bottom third 
of the ingot at the quarter cross section and the high oxygen 
values obtained in this position where rapid solidification occurs were 
termed by the authors to be the result of oxygen-bearing nonmetallic 
inclusions. The concentration of inclusions in the quarter section is 
also evident in several of the illustrations in this paper and its 
importance in initiating internal tears is discussed later. The fact 
that concentration of inclusions and carbides can occur near the 
ingot surface designates the necessity of exercising caution in inter- 
preting from a macroetch or sulphur print that subsurface porosity 
actually occurs in an ingot since, as previously stated, it is difficult to 
differentiate pinholes from pits which were formerly segregates of 
nonmetallics and carbides because the latter will also appear as pits 
as a result of acid attack. Actually, in a number of ingots the defect 
was caused by the presence of nonmetallic segregates instead of 
porosity from the entrapment of gases. 

In regard to center porosity, it has been observed that there 
may be a definite trend in the center position of decreasing density 
toward the top of the ingot. Of interest in this connection is the 
configuration of the central pattern of segregates in the various 
forgings shown throughout the paper and the observation that the 
pattern effect is generally more pronounced in transverse macroetch 
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tests taken from the top section as compared to the bottom section 
of the ingot where there may be little or no evidence of its occur- 
rence. Thus, the concentration of inclusion and metallic segregates 
in the central area as revealed by the extent of the pattern follows 
the same trend as the variation in density which may occur in these 
ingots. Pattern effect will be discussed further in the next section. 


STATE OF DEOXIDATION AND TYPE OF INCLUSIONS 


In steelmaking, the state of deoxidation is limited by the final 
chemical analysis desired in the finished product and is controlled 
primarily by carbon, manganese, silicon and aluminum, and to a 
lesser extent by other deoxidizing elements. The degree of deoxida- 
tion affects the density of the cast structure and broadly classifies 
the steel as killed, semi-killed, or rimming. This in turn manifests 
itself in surface and subsurface characteristics. The manner and 
extent of deoxidation also control the amount, type, and distribution 
of nonmetallic inclusions formed. The exposure of liquid steel to 
the oxygen of the air during tapping and pouring and the conse- 
quent reaction have been mentioned as a source of the formation of 
inclusions, and, further, the admixture of furnace slag during tapping 
or of refractory material from various sources has also been con- 
sidered. Silicate inclusions are often referred to as the natural and 
inevitable reaction product on adding silicon or silicon and manga- 
nese to the bath as deoxidizers. Under suitable conditions a certain 
amount of inclusions are removed from the bath by rising, particu- 
larly when the product is easily fusible, because it will then coagulate 
more readily. 

In the great majority of cases, macroscopic examination: of 
inclusions in the solidified ingot is of greater importance than micro- 
scopic methods because the interest is not in the small uniformly dis- 
tributed inclusions observed only microscopically, but in the larger 
inclusions and segregates which can also be detected macroscopically. 
These larger inclusions and segregates are not uniformly distributed 
but are scattered at random throughout the steel, so that examination 
of large areas by means of macroetch, step-down, sulphur prints 
and magnaflux tests is necessary. Such inclusions in forging ingots 
are detrimental to service life only when they occur in certain stra- 
tegic positions, notably at or near the surface. The presence of small 
seams on the machined surfaces of round forgings presents such a 
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Fig. 7—Magnaflux Pattern on Periphery of Forgings Showing Defects Exposed 
1% Inches Below Surface of Original Ingot. Actual size. 


problem. Figs. 7 and 8 show the type of defect which is exposed 
by magnafluxing the periphery of a forging after machining 1% 
inches below the surface of the original ingot. Because steel is very 
highly permeable to magnetic flux as compared to air or any non- 
metallic solid, the magnetic lines of force wiil spread out at any 
discontinuity in the steel, whether caused by a crack, a hole, or an 
inclusion. The magnetic powder being also highly permeable will 
be drawn-in in an attempt to bridge the gap and thus produces a 
concentration outlining the defect. This type of subsurface defect 
has been observed and studied from the standpoint of length, total 
number, general position and color of the material in the seam. To 
do this, longitudinal specimens were cut out of the affected areas, 
polished metallographically and examined under the microscope. 
Fig. 9 shows that the seams revealed by the magnaflux test 
really arise from stringer-type inclusions. An estimate of their 
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Fig. 8—Magnaflux Pattern on Periphery of Forgings Showing Defects Exposed 
1% Inches Below Surface of Original Ingot. Actual size. 


size varies from % to % inch in length and their appearance would 
classify them as oxide-silicates. When located and observed visually 
on the machined surface these seams appear as yellowish-white 
streaks but under the microscope they are dark brown in color and 
opaque. Their general location is-confined to the ingot subsurface, 
usually within 3 inches of the rim. All these factors contribute to 
the general conclusion that this type of seam is caused by the prob- 
able trapping of products of deoxidation occurring during the finish- 
ing of the heat, or products of oxidation from pouring. To date no 
connection whatsoever has been found between the frequency of 
these seams and mold life. 

Sulphides constitute well over 50% of all the natural or precipi- 
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Fig. 9—Types of Stringer Inclusions Affecting Defects on Periphery of Forgings 
Shown in Figs. 7 and 8. Nital etch. x 100. 


tated inclusions present in most steels. Inasmuch as practically all 
the sulphur forms sulphide inclusions, one of the most profitable 
means of reducing the inclusion count is to keep sulphur as low as 
possible. It has long been recognized that the amount and distribu- 
tion of sulphides in acid open-hearth forging steels are important 
causes of defects initiating rupture during the processing of ingots 
and that the analysis of steel for sulphur does not tell much about 











350 TRANSACTIONS OF THE A. S. M. Vol. 41 





Subsurface porosity 


Fig. 10—Sulphur Print of Transverse Section of 48-Inch Forging Ingot Taken 
From Top Third of Fluted Round Ingot. Observe areas of subsurface porosity halfway 
between flutes and location of sulphides in a concentric band in central portion of 
ingot. Originally X< 0.4, reduced 50% in reproduction. 


the distribution of the sulphide particles present. To study segre- 
gation, or distribution of sulphide particles, recourse is made to the 
process known as sulphur printing. By this method, a record of the 
position of sulphides and phosphides in the section examined is thus 
obtained, the points on the specimen which were high in sulphur being 
represented on the print by dark brown areas. 
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Fig. 10 represents part of a large sulphur print of the transverse 
section of a 48-inch forging ingot taken from the top third of a fluted 
round ingot. The area of subsurface porosity halfway between 
flutes has already been discussed but the concentration of sulphides 
grouped in a concentric pattern midway between the center and rim 
of the ingot is also of interest. Pattern effect in ingots is almost 
wholly the result of the crystallization of the ingot and generally 
results from that part of the ingot containing the columnar structure 
etching differently from that part which was the granular structure 
of the ingot. Should the steel contain considerable sulphide and 
silicate inclusions, then the area of contact between the columnar 
structure and the granular structure may be particularly noticeable. 
In the absence of large amounts of sulphides and silicates, the pat- 
tern effect probably is of no serious consequence. On forging, the 
internal pattern as revealed by the macroetch test is dependent on 
the amount of reduction incurred by the section; the center pattern 
usually acquires a more rounded appearance in heavily forged sec- 
tions as shown, for example, in Fig. 4. A relatively light amount 
of reduction leaves the inclusions in the same general area which 
they occupied in the raw ingot. The location of the concentric band 
of inclusion segregate (mainly sulphide) midway between center 
and rim of the section shown in Fig. 11 results from the insufficiency 
of the relatively light amount of reduction (Ss, ingot to forging, 
of 2.5) in breaking up the initial as-cast distribution of these inclu- 
sions. Usually such a pattern is moved inward with heavier reduc- 
tion but on occasion the same configuration has persisted in sections 
forged as high as 6 (reduction S -~s, ingot to forging) so that no 
conclusions pertaining to its definite location within a forged section 
can be made. 

Microscopic examination of the top, middle, and bottom trans- 
verse sections of several 36-inch forging ingots cast in big-end-up 
molds revealed that the inclusions were mainly complex silicates and 
duplexed sulphides. The silicates varied greatly in size, with some 
large enough to indicate that they were probably exogenous. General 
trends observed in the ingots as to the size, type and distribution of 
nonmetallics can be summarized : 

a. Top Section—Near the surface corresponding to the chill 
or that part of the ingot containing the columnar structure were 
found the finest dispersion of inclusions and the occasional segrega- 
tion of inclusions in stringer-like arrangement. At the junction 
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between rim and core corresponding to the junction of columnar and 
granular crystallization structure, the inclusions were chiefly sulphide 
and were larger and more numerous. In the core the inclusions were 
chiefly oxide-sulphide and sulphides with only occasional oxide- 
silicate reaction products. 

b. Middle Section—The size, number, type and distribution of 
the inclusions were very similar to those in the top section. At the 
junction between rim and core they became noticeably larger and 
more numerous. The segregates in the core were somewhat larger 
than in the top sections, as seen from sulphur prints. 

c. Bottom Section—The sulphide inclusions in the rim and core 
were similar in size, nature and distribution to those in the top and 
middle sections but were not so numerous. There was again an 
increase in sulphides in the intermediate zone between rim and core. 
The sulphide inclusions in the core were less abundant than in the 
other two sections, whereas the oxide-silicate inclusions were more 
numerous throughout the transverse section than in either the top 
or middle cuts.® 

Returning to the main thesis of the paper, attention is focused 
on the observation that inclusion stringers are located within the 
outer (chill) zone of forging ingots interspersed among an even 
distribution of minute sulphides. As a typical illustration, Fig. 12 
depicts a sulphur print of a transverse section of a 36-inch forging 
ingot, taken from the top third of the ingot. The segregation of sul- 
phides in the central portion of the ingot and the presence of inclu- 
sion stringers within the ingot subsurface (indicated by arrows) are 
evident. The appearance of deep internal tears in this localized 
region of the ingot can also be seen. In general, it has been observed 
that where such stringer inclusions occur within a zone of relatively 
minute inclusions, fissures or tears are most likely to occur on process- 
ing the ingot. This association of inclusion stringers and tears lo- 
cated in the ingot subsurface is further substantiated by the presence 
of bits of stringer particles in the newly formed edges produced by 
the tear. The difference in conformation of sulphides in the ingot 
subsurface is believed responsible for this type of defect in forging 
ingots, because the sulphide stringers are incapable of dispersion or 
diffusion within an otherwise minute, even distribution of globular 





8The inferior physical properties of transverse test specimens taken from the bottom 
third of a forging ingot may not be so much related to the amount of inclusions as to 
the distribution of that ifclusion material. It has been established (11) that distribution 
can be radically affected by the type of deoxidation practice employed, resulting in a 
marked decrease in the difference between longitudinal and transverse tensile properties. 
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Fig. 12—Sulphur Print of Transverse Section of 36-Inch Forging Ingot Taken From 
Top ird of Ingot. Observe segregation of sulphides in central portion of ingot and 
sulphide stringers in ingot subsurface. Originally x 0.4, reduced 50% in reproduction. 


sulphides and act as points for stress concentration during hot- 
working. Also these elongated stringers may act as effective barriers 
to heat flow, the interface being a likely site for the initiation of 
tensile stress and internal tearing due to the unequal expansion 
occurring between the internal and external zones of the ingot. 
Deoxidation practice can be a potent factor in promoting a 
difference in the character of the sulphides and thereby affecting 
forgeability. As an example, Fig. 13 shows the same type of forging 
ingot as Fig. 12, the sulphur print being taken from an identical posi- 
tion. This ingot was obtained from a heat deoxidized with silicon 
carbide. The very fine, even distribution of sulphides throughout 
the greater portion of the ingot and the decreased amount of segre- 


~~ 
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Fig. 13—Sulphur Print of Transverse Section of 36-Inch Forging Ingot Taken From 
Top Third of Ingot. Heat deoxidized with silicon carbide. Observe very fine, even 
distribution of sulphur and decreased amount of segregate in the central portion of 
ingot. Originally x 0.4, reduced 50% in reproduction. 


gate in the central area of the ingot are evident. Also, perhaps the 
formation of carbon monoxide as one of the reaction products arising 
from the addition of this deoxidizer and its bubbling through the 
liquid steel while it is in the ladle effectively eliminates any hydrogen 
which may be present, doing this at the most opportune time insofar 
as ease of removal is concerned. 


SUMMARY 


1. This paper reports the results of an investigation of the 
subsurface defects in several large steel forging ingots of SAE 1040 
acid open-hearth grade. The defects specifically considered were 
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subsurface cracks, subsurface porosity, and defects caused by the 
presence of nonmetallic inclusions. These were examined critically 
by means of transverse macroetch tests, sulphur prints, magnaflux, 
and metallography, in an effort to determine the factors effecting 
their formation. 

2. Subsurface cracks in forging ingots were initiated by segre- 
gates of nonmetallic inclusions. Inclusions which are liquid at the 
forging temperature form continuous layers which prevent the weld- 
ing of adjoining grains. The greater the amount of reduction the 
greater will be the tendency for crack propagation since the liquid 
will have greater opportunity to spread entirely around grain bound- 
aries, resulting in an area which is extremely brittle both hot and 
cold. Inclusions with melting points above that of steel lower the 
fracture stress during forging by forming little prisms at the grain 
edges instead of continuous layers of liquid. By acting as areas for 
stress concentration, such segregates lower the rupture strength of 
the steel and the magnitude of the lowering depends on the size and 
shape of the included particles. 

3. In the forging ingots studied, subsurface porosity was found 
halfway between the flutes and usually occurred between all the 
flutes and not just one pair. No definite correlation was found with 
respect to the frequency of this defect with change in deoxidation 
and ingot height. The cause of subsurface porosity appears to arise 
from two possibilities. Assuming deoxidation is complete, the defect 
may result from the “folding in” of oxide material near the mold 
walls after it had arisen to the surface and had been stirred back into 
the liquid steel by the force of the pouring stream. The other pos- 
sibility lies in the fact that the subsurface of an ingot freezes 
early, thereby lacking certain degassing advantages which act to 
minimize gas in the top sections. The subsurface represents the 
early portion of freezing which has first contact with the mold wash, 
an obvious source for considerable quantities of gas. The mold 
gas may enter the ingot when the skin is already partly solidified by 
passing through surface inclusions which are still liquid; upon com- 
ing in contact with the molten metal at the interior the gas expands 
to form porous areas. Actually, in a considerable number of trans- 
verse sections the defect observed in sulphur prints or macroetch 
tests was caused by the presence of nonmetallic segregates which 
were removed by acid attack instead of porosity from entrapped 
gases. 


wow? 
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4. Small seams on the machined surfaces of round forgings 
which were exposed by magnafluxing the forging periphery after 
machining 114 inches below the surface of the original ingot were 
examined microscopically and found to be stringer-type inclusions. 
Observations indicate that the defect is caused by the probable 
trapping of deoxidation products occurring during the finishing of 
the heat or products of oxidation from pouring. 

5. The pattern effect in transverse sections is predominant in 
the top portions of the ingots studied and appears to follow the 
same trend as density variations in the center positions of split ingots. 
On forging, the configuration of the internal pattern is dependent 
on the amount of reduction. Inclusion segregates in areas midway 
between center and rim of a section reflect the as-cast distribution 
and insufficient forging reduction. Usually such a segregate is 
moved inward with heavier reduction but no conclusion pertaining 
to its definite location within a forged section can be made. General 
trends of inclusion distribution observed in the microscopic exam- 
ination of the top, middle, and bottom transverse sections of the 
36-inch forging ingots cast in big-end-up molds are presented. 

6. Sulphur prints reveal the segregation of inclusion stringers 
within the outer (chill) zone of forging ingots interspersed among 
an even distribution of minute sulphides. In general, it has been 
observed that where such stringer inclusions occur within a zone of 
relatively minute inclusions, fissures or tears are most likely to occur 
on processing the ingot. The difference in conformation of sulphides 
in the ingot subsurface is believed responsible for this type of defect 
in forging ingots, because the sulphide stringers are incapable of 
dispersion or diffusion within an otherwise minute, even distribution 


of globular sulphides and act as points for stress concentration during 
hot-working. 
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DISCUSSION 


Written Discussion: By R. M. Allen, chief control metallurgist, Car- 
negie-Illinois Steel Corp., Homestead District Works, Homestead, Pa. 

We have read this paper with particular interest, since it so closely 
parallels some of our experiences in the production of large forgings from 
both basic open-hearth and electric furnace ingots. The authors’ illustra- 
tions of inclusions associated with forging cracks are noteworthy, and it is 
believed that there can be general agreement that inclusions may cause 
cracking either by the formation of liquid envelopes around grain bound- 
aries or by reducing the forgeability of the steel by acting as stress rais- 
ers. From this premise it would appear that the future problem lies in 
the more positive identification of the harmful inclusions and the means 
necessary for their elimination. 

We would like to point out that, in our opinion, a discussion of cracks 
in forging ingots is not complete without some reference to the control 
of pouring temperature, to control of teeming speed, and to the type of 
mold coating. Although the first of these three points is certainly inter- 
related with the occurrence of inclusions, the latter two can control the 
degree of cracking independently of steel cleanliness. 

The authors state that the use of aluminum as a mold coating was 
helpful in the elimination of pinhole type defects caused by nonmetallics 
on the surface of the forgings. This is in contradiction to experiences at 
our plant where it was recently developed that, other factors being held 
constant as is practicable, the use of aluminum as a mold coating in the 
production of forgings which require a high surface finish was detrimental. 
[t was found that the use of tar as a more active mold coating minimized 
the occurrence of these defects. Although it would be possible to theorize 
at some length on this apparent contradiction, it is probable that the real 
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difference lies in the degree of perfection of the finished surface. We 
can, however, report that results from the same study do confirm the 
authors’ experience with sulphur, in that our results show a direct corre- 
lation between the final sulphur content and the occurrence of pinhole 
type defects. 

The occurrence of nonmetallics in the outer portion of a forging ingot 
can be significant from a quality standpoint, not only in the occurrence of 
cracking or surface imperfections, but in the effect on transverse proper- 
ties. It is coincidental that during the past several months we have had 
occasion to make a fairly extensive investigation into this effect. Our 
investigation showed that the inability to develop satisfactory transverse 
ductility was in a large part due to the presence of nonmetallic material 
visible in the fractured face of the tensile specimen. We might point out 
that this same experience is reported on in a succeeding paper to be 
delivered this morning by the same authors.‘ The nonmetallic material 
in Our samples was identified as products of deoxidation occurring in the 
outer portion of the ingot as cast. There was no noteworthy history of 
forging cracks or surface imperfections in connection with the processing 
of these forgings. 

We feel that the authors should be commended on their presentation 
of a subject which will be of particular interest to everyone handling large 
forging ingots, and that its discussion will stimulate interest and further 
work along the lines suggested. 

Written Discussion: By A. R. Altman, open-hearth superintendent, 
Heppenstall Co., Pittsburgh. 

The authors are to be congratulated on their presentation of an excel- 
lent paper of compiled and original data. 

The improvement of large forging ingots to any degree is a very 
important achievement. Many times, the internal defects do not become 
apparent until considerable time and/or money has been expended. Quite 
often, the defect results in the scrapping of the product. As the rejection 
occurs late in the process, the expense is much greater than if it were 
merely an ingot. Naturally, anything we may do to improve the ingot, 
as cast, will benefit all the way to the finished product. 

Prior to 1945, we were in considerable difficulty with subsurface 
porosity. 

As stated in a paper presented in 1945 Open-Hearth Proceedings, 
decided improvement resulted from the use of aluminum mold wash. 
Since that time, and to the present, the benefits have continued. Although 
the wash is expensive, the rejections are extremely low. 

In the summary of Messrs. Loria and Shephard’s paper, they mention 
two possible causes of subsurface porosity. A third one may be added— 
excessive splash from a “ragged” pour. 

If enough mold wash is applied, that is, several coats, one on the 
other, the ill effects from an excessive splash from a “ragged” pour may 
be overcome by, we suggest, local or simultaneous deoxidation. 


4H. D. Shephard and E. A. Loria, “The Nature of Inclusions in Tensile Fractures 
of Forging Steels,” Transactions, American Society for Metals, Vol. 41, 1949, p. 375. 
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Prior to 1946, we were greatly concerned with cracks extending from 
the surface into the ingot. These cracks were discovered upon macro- 
etching transverse sections of large ingots. 

Silicon carbide (sold as Ferrocarbo-S) was proposed and tried. Con- 
siderable improvement was observed. So much so that we increased its 
use until, at the present time, we use it in all heats which are to be cast 
into large ingots. 

The occurrence of corner cracks in macroetched transverse sections 
of large ingots is practically eliminated. 

We were at a loss to understand the improvement. Possibly Messrs. 
Loria and Shephard, on page 355 of their paper, have the answer, as fol- 
lows, “Perhaps the formation of carbon monoxide as one of the reaction 
products resulting from the use of this deoxidizer may have a beneficial 
effect in helping to eliminate hydrogen”. Also, “performing this function 
at a most opportune time insofar as ease of removal is concerned”. 

I would like to ask the following questions: 

1. How could the “quality” of the open-hearth pig in the charge affect 
the “sand” inclusions in the forging? [Page 331, Kerpely (3)]. 

2. In description of Fig. 13, it states, “Heat deoxidized with Silicon 
Carbide”. Does this mean wholly, partially or finally deoxidized with 
silicon carbide? 

Written Discussion: By Philip Melara, supervisor, Inspection Labora- 
tories, Grumman Aircraft Engineering Corp., Bethpage, L. I., N. Y. 

The authors are to be congratulated for a very informative and ex- 
cellent paper. In our company, we have found inclusions to be trouble- 
some in forming, welding, and plating. It may be interesting to cite a few 
specific cases and problems. 

We have had failures in bending material that was completely of 
banded structure, and which contained a great number of inclusions as 
determined by the hot acid deep etch test. The solution to this problem 
was in the complete spheroidization of the microstructure of the steel. 

Oxide inclusions of great magnitude and quantity gave poor weld 
quality when the material was welded with acetylene gas. It was decided 
that the gas excited the oxide particles to spark considerably with result- 
ant porosity. The material was successfully welded without porosity and 
sparking with electric arc. welding. 

Forgings which contained large inclusion segregate areas have been 
found to fail in proof loading after hard chromium plating. The hard 
chromium plating was about 0.040 inch thick. The proof load was only 
two-thirds of the ultimate load as determined by the heat treatment of 
the forgings and its cross-sectional area. Our laboratory, after many 
microscopic tests of several failures, decided that the atomic hydrogen 
which evolved during plating was able to concentrate and produce stresses 
at the segregate inclusion areas; and this localized form of embrittlement 
then produced premature rupture. 

Examination of several fractures revealed flat areas (suggesting em- 
brittlement and perpendicular to the direction of loading) which appeared 
to contain inclusions. These brittle inclusion areas acted as stress raisers 


1949 DISCUSSION—DEFECTS IN STEEL INGOTS 361 


to cause premature failure in the forging which was designed to be a 
hook. Failure always occurred in the throat of the hook. 

We made sub-size tensile coupons of a ruptured hook, and they gave 
satisfactory physical properties. Therefore, we concluded that inclusion 
areas in the vicinity of severe fiber stress are detrimental; and any 
subsequent plating operation which evolved atomic hydrogen for long 
periods of time added to the brittle nature of the inclusion segregates. 


Authors’ Reply 


The authors wish to express their appreciation for the submitted dis- 
cussions. The 36-inch fluted round ingots were 120 inches long and 
weighed 50,000 pounds, whereas the 48-inch fluted round ingots were the 
same length but weighed about 100,000 pounds. The heats were made in 
a 125-ton furnace and were poured within the range 2800 to 2850°F 
(1538 to 1565°C). A 1%-inch nozzle was used for pouring the 36-inch 
ingots and a 134-inch nozzle for the 48-inch ingots. The pouring time to 
hot top required about 12 to 15 minutes and graphite was used as a mold 
coating. We agree with Mr. Allen’s opinion that a discussion of cracks 
in forging ingots is not complete without some reference to the control 
of pouring temperature, teeming speed, and mold coating. Whatever be 
the scientific explanation of cracking, it is found in practice to be related 
to teeming rate, ingot shape, composition and steel quality. 

The paper illustrates that inclusion segregates initiate subsurface 
cracking during forging operations. Such cracks have been associated 
with the corner ghost, corner weakness or corner segregation and a gen- 
eral hypothesis regarding their formation would be appropriate. When 
metal is poured into an ingot mold, generally made of cast iron or similar 
material of good thermal conductivity, a thin wall of solid metal is quickly 
formed by contact with the relatively cool mold. As a result of further 
heat conduction, a contraction of this solid skin takes place, accompanied 
by an expansion of the mold itself, resulting in a small air gap being 
formed between the ingot chill skin and the mold wall. This relatively 
thin metal wall has to withstand considerable hydrostatic pressure from 
the liquid metal enclosed, this pressure being especially great toward the 
bottom end of the ingot. While the ingot wall is in contact with the mold 
wall, there is no possibility of any rupture resulting from this procedure, 
but when the air gap is formed, there is a tendency for the liquid steel 
pressure to expand the envelope enclosing it. This results in the forma- 
tion of cracks in the solid metal at the corners of the ingot, as shown in 
Fig. 14. The crack is then filled with metal containing a relatively high 
proportion of nonmetallic matter rejected by the solidifying steel. An 
additional contraction of the entire ingot during further solidification re- 
sults in a partial closing of the crack formed and, finally, the formation of 
a discontinuous line of nonmetallics extending inward from the corners 
of the ingot. 

In addition to the stresses set up by the pressure of the liquid metal, 
there are other stresses acting in the same manner. When the gap is 
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formed by the contraction it is filled with air or, at least, with gases which 
are relatively nonconducting. This change in the wall of the ingot, from 
being in contact with a surface which is conducting heat away rapidly, 
to contact with gases which are relatively nonconducting, alters the tem- 
perature gradient between the center of the ingot and the outside so that 
reheating of the outside of the ingot takes place by conduction from the 
hotter molten metal in the center causing a further tendency to expan- 





Fig. 14— Development 
Mechanism for Subsurface 
Cracking in Forging Ingots. 
a-—Formation of air gap. 
b—Rupture at corner. 
c—Partial closing in and 
retention of nonmetallics. 


sion. This expansion may only take place by rupture of the solid wall 
at the corners from the inside, thus adding to the effect produced by the 
pressure of the liquid metal. In view of this mode of formation, the 
segregate area does not extend from the outside of the ingot and in many 
instances, does not appear as a crack until shaping operations and if not 
pronounced, may never appear as a definite crack. 

This explanation for the development of subsurface cracking is analo- 
gous to that set forth by Thomson and Campbell.’ Also, these investiga- 
tors mention ways of minimizing its 6ccurrence. One method is to heat 
the mold locally on the outside to a temperature of about 300°C. The 
effect of this is to expand the mold, prior to teeming, in the hope that 
when the ingot wall is formed, the air gap between it and the mold will be 
minimized. The question of mold design also arises, since by altering the 
angle of the mold corner it is possible to increase locally the thickness 
of the ingot wall and increase its resistance to the stresses set up. The 


5J. Thomson and G. Campbell, “Defects in Acid Open Hearth and Basic Electric Steel 
Ingots,” Journal, West of Scotland Iron and Steel Institute, Vol. 158, 1942, p. 79-87. 
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fluted or corrugated mold is an improvement in this respect. Another 
method consists of progressively filling the air gap with molten lead in 
order to give some support to the ingot chill skin and eliminate the non- 
conducting gaseous layer. Thomson and Campbell state that some degree 
of success has been obtained by the use of this method. 

In a very recent paper, Stephenson® has shown that the cause of 
cracking can be associated with the boundaries between the ingot’s col- 
umnar crystals, which are weakened either because of the precipitation 
of nonmetallics or the concentration of shrinkage stresses at that point. 
Any factors such as the formation of folds or variations in solidification 
pattern tending to extend the continuity of these boundaries provide an 
ingot condition conducive to cracking. 

Messrs. Allen and Altman have related the respective merits of tar 
and aluminum mold coatings. In this paper no preference was made be- 
tween the two of them although the deoxidizing action of aluminum was 
mentioned in connection with subsurface porosity. Actually a graphite 
mold coating was employed in the forging ingots studied. We agree with 
Mr. Altman that. excessive splash from a ragged pour may produce sub- 
surface porosity. The bottom end of an ingot is sometimes found to be 
considerably splashed due to the initial stream striking the bottom of the 
mold and deflecting on to the sides. This splash chills quickly and if it is 
very thick it may bend away from the mold wall toward the center of 
the mold and be trapped in this position by the rising of the metal. At 
times the ingot may even be forged without the defect becoming apparent. 

In most cases, porosity in large forgings is not evident until machining 
operations have been fairly well advanced and results from weakness along 
the secondary segregation, this weakness being caused usually by cold 
metal from the surface or by insufficient feeding from the head as a result 
of unsatisfactory mold design. During forging, small cavities or cracks 
are formed at this point in the ingot and appear when the center portion 
of the forging is bored or exposed in some manner. In many instances, 
this type of defect cannot be observed, either because this particular part 
of the ingot is not exposed, even after final machining, or because the V 
segregation is removed. When such ingots are split longitudinally the 
polished section does not, as a rule, show many cracks in the position of 
the V segregate. Macroetching, however, may reveal discontinuities at 
this position because of the removal of nonmetallic inclusions during the 
process and evidently these inclusions formed areas of weakness which 
on forging ruptured to form cavities. It, therefore, follows that the con- 
dition of the V segregate is the determining factor in their existence. In 
their discussion Thomson and Campbell maintain that these defects can 
be minimized by increasing the taper on the ingot body to allow better 
shrinkage conditions. Notwithstanding, the problem is complex for, along 
with porosity, the length of columnar crystals, quantity and size of equi- 
axed crystals, inverted V segregation, core of vertical solidification, width 


®R. L. Stephenson, ‘‘Problems Associated with the Production of Sound Ingots,” Elec- 
tric Furnace Steel Proceedings, American Institute of Mining and Metallurgical Engineers, 
Vol. 5, 1947, p. 32-42. 
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of vertical core, and axial V segregation are also subject to changes with 
changes in mold design as influencing relative transverse and vertical 
solidification rates. 

In reply to Mr. Altman’s first question, the Kerpely paper which was 
published in 1934 explained that due to the varied production schedule 
set up for the blast furnace the silicon and manganese contents of the pig 
varied from the limits: 3.5 to 4.0% carbon, 0.5 to 1.0% silicon, 2.5 to 3.5% 
manganese, 0.1 to 0.8% phosphorus, 0.045 to 0.050% sulphur. When the sil- 
icon and manganese were below the minimum the heat produced inclusion 
defects in the forged crankshafts, the unfavorable effect of too low a 
silicon on the course of the heat being particularly noticeable. The ef- 
fects of a low grade pig iron, by which he meant an iron with less than 
0.5% silicon and 2.5% manganese, were longer melt-down periods, poorer 
refining conditions, poorer slag quality, etc. Moreover, in agreement with 
the results by Daeves,* the lower fluidity of such steel was conducive to 
an increase in the number of sand inclusions. In his paper, Daeves pro- 
duces curves which show the relative decrease in rejected forgings with 
increasing per cent manganese or per cent silicon in the charge. In answer 
to the second question, the heat from which the forged section depicted 
in Fig. 13 was taken was finally deoxidized (in ladle) with 4 pounds 
silicon carbide per ton of steel. 


_ "K. Daeves, “Causes and Avoidance of Sand Seams in Large Forgings,”’ Stahi und 
Eisen, Vol. 52, 1932, p. 1162-1168. 


DENSITY VARIATIONS IN SOME KILLED STEEL INGOTS 


By C. F. SAwYER AND J. W. SPRETNAK 


Abstract 


A density survey of five killed alloy.steel ingots has 
been made. A considerable variation in density from 
position to position was found indicating differences in 
the degree of microshrinkage in the ingot. The lowest 
average density was found in the center of the top two- 
thirds of the ingots where the highest yield of heavy- 
walled seamless tubes free from bore defects and quench 
cracks was obtained. 


HIS paper is the last of a series of papers (1), (2), (3), (4), 

(5), (6)* dealing with a study of the influence of various fac- 
tors in ingot freezing and structural characteristics of killed alloy 
steel ingots on the resulting quality of heavy-walled seamless tubes 
processed from these ingots. These cylinders were subsequently 
converted into cannon tubes. The factors reported on in previous 
publications are the following: 


Kinetics of solidification 

Relationship between the solidification kinetics and primary 
ingot structure 

3. Relationship between primary ingot structure and the sub- 
sequent bore surface quality and mechanical properties 
Distribution of oxygen and nitrogen in the ingot 
Macrosegregation in the ingot 

6. Distribution of nonmetallic inclusions. 


adh i 


et 


The problem motivating this work was the rejection of these 
tubes for bore surface defects (1). A problem of quench cracking 


1The figures appearing in parentheses pertain to the references appended to this paper. 


_ Contribution from the Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh. The work presented is a rtion of the work carried on by NDRC Research 
Project NRC-39 under Contract No. OEMsr-755. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Both authors were formerly asso- 
ciated with the Metals Research Laboratory, Carnegie Institute of Technology, 
Pittsburgh. C. F. Sawyer is now plant metallurgist, Vanadium-Alloys Steel Co., 
Latrobe, Pa., and J. W. Spretnak is associate professor of metallurgy, Ohio 
State University, Columbus, Ohio. Manuscript received April 9, 1948. 
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was also encountered later in the practice. Significantly, over 75% 
of the rejections for these causes occurred in tubes processed from 
the bottom thirds of. ingots. This paper presents the results of a 
study of the variation of density in various positions of five fully- 
killed alloy steel ingots, representative of the practice, in order to 
evaluate the significance of an additional factor which may have 
contributed to the high frequency of rejections of these tubes proc- 
essed from the bottom thirds of ingots. 

Although the results obtained were negative in terms of explain- 
ing this bottom effect, it was thought that the data obtained might 
be of fundamental interest in contributing to a better understanding 
of the process of ingot solidification. Data on steel densities in the 
ingot stage are very limited in the literature. 


INGcots STUDIED 


Five ingots available as representative of those used in the pro- 
duction of gun tubes were used in the density survey. The molds 
used to produce these ingots were all standard cast iron, “big-end 


up,” top poured, hot-topped molds. Table I gives the pertinent data 
on these ingots. 


Table I 


' Taper Deoxida- 
Melting Weight % on tion 
Ingot Method Composition Ingot Dimensions Lb. L/W* Diameter Practice 
A BOH SAE 4340 = 21in,. flutedgx73% in. 6160 3.2 4.35 CaSi-Al 
B BE SAE 4340 20 in. fluted g x 50% in. 5000 2.1 5.80 CaSi-Al 
Cc BOH SAE 4340 22x 25 x71 in. 6600 2.7 2.08, 6.04 CaSi-Al 
D AOH 0.32 Mo- 22 in. fluted g x 77 in. 6500 3.0 4.40 Mn-Si 
0.12 V 
E BOH SAE 4340 22x 24x 60 in. 6500 2.5 5.70 CaSi-Al 


*Ratio of length to average cross sectional dimension. 


After slow cooling, the ingots were sectioned longitudinally 
along the midplane. Each half was then sawed into transverse slices 
about 3 inches thick. Samples of 20 to 40 grams each were taken 
from the edge, quarter, and center position in each slice. The 
samples were cut in the shape of right rectangular parallelepipeds 
and all the faces were carefully polished before the determinations. 
For the most part, densities were determined on duplicate samples. 
Samples from the center positions in the region of the secondary 
pipe with visible holes were discarded and new samples were cut 
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from the immediately adjacent material. Fig. 1 shows the positions 
of the samples in the center plane of the ingots. In all cases the 


slices are numbered starting with slice 1 at the bottom or butt of 
the ingot. 
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Fig. 1—Position of the Samples in the Ingots. 


MetuHop oF DENSITY DETERMINATION 


The density of the samples in grams per cubic centimeter was 
determined by the weight in air, weight in water technique, wherein 


Wa‘dw 


Density = —————— 
W.— Ww 


W, is the weight of the specimen in air, dy is the density of water at 
the temperature used (dy is taken from handbook tables), and Wy 
is the weight of the specimen in water. A detailed description of 
the experimental technique of density or specific volume determina- 
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tions has been published (7). In this study, relatively gross varia- 
tions in density were of interest ; therefore, the calculations have been 
rounded off in the second decimal place. The experimental technique 


used would yield an accuracy of at least 0.001 gram per cubic 
centimeter. 


RESULTS 


In Figs. 2 and 3, the results of the individual density determi- 
nations are plotted for each ingot. Table II lists the arithmetical 
average (X) for the center, quarter, and edge positions for each 
ingot as a whole as well as for the bottom third and for the top two- 
thirds, the standard deviation (o), and the average of the three 


standard deviations (o) for each ingot. o is calculated from the 
formula 





i=n 
=X", = 
c= i=} — X? 
N 
where N =the number of samples 
X, = the individual values 
X =the average of the individual values. 


The standard deviation is presented as a measure of the dispersion 
of the data; that is, the larger the value of o, the greater the range 
of density in the group for which o was calculated. 

Ingot E has the highest « because of the several low densities 
near the top in the region of the secondary pipe. Ingot A has the 
second highest o since there is no position with a low o value. It is 
interesting to note that the edge position, where the metal is generally 
considered quite sound in a killed steel ingot, has the lowest o (the 
least spread in individual density values) in Ingot B only, and Ingot 
A actually has a higher o in the edge position than in either the 
center or quarter. 

Considering the averages, in all five ingots the density is least 
in the center position. The quarter position has a lower average den- 
sity than the edge in Ingot D only. Thus, four times in five, the 
highest average density is found in the quarter position. The high- 
est average density for any position in the five ingots is the quarter 
position in Ingot B. 


The average of the bottom third in the center position for each 
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Fig. 2—-Individual Density Values for Ingots A, B and C. 


of the ingots shows a higher density than that of the center position 
In Ingots A, B, and E, the average density 


for the top two-thirds. 
of the bottom third in the quarter position is greater than that of the 


top two-thirds, 


DISCUSSION 


There is a considerable variation in individual density values 


in these five ingots. Killed steel ingots are generally considered to 


be of quite uniform*density except as the center may contain sec- 
Actually, there must be considerable microshrinkage 


ondary pipe. 
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Table Il 





Top 
Bottom Third Two-thirds 


Position x x x c 

Center 7.815 7.828 7.800 0.0245 

— 7.829 7.832 7.827 0.0200} . 
e 7.828 7.830 7.827 0.0265 
Center 7.812 7.828 7.803 0.0283 
juarter 7.835 7.838 7.833 0.0265 
dge 7.830 7.825 7.833 0.0100 
Center 7.822 7.828 7.819 0.0118 
— 7.828 7.822 7.831 0.0245 
ge 7.826 7.831 7.824 0.0200 
Center 7.809 7.826 7.802 0.0265 
Quarter 7.819 7.812 7.826 0.0100 
Edge 7.828 7.828 7.838 0.0140 
Center 7.750 7.828 7.711 0.1600 
= 7.833 7.836 7.831 0.0173 
e 7.829 7.824 7.832 0.0265 


Vol. 41 


0.0237 


0.0216 


0.0188 


0.0168 


0.0379 
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occurring during solidification. Segregation of the important ele- 
ments in the ingots (4) is not of sufficient magnitude to cause the 
noted density deviations. The configuration of the dendrite arms 
growing into the melt as the steel cools could, by restricting to 
different degrees the feeding of liquid metal to the interstices as 
solidification proceeds, cause the density of the individual samples to 
vary. The edge position seems to be as susceptible to density modi- 
fication from this source as any other region of the ingot with the 
exception of the very last metal to solidify around the center line. 

Gun tubes pierced from the bottom thirds of ingots showed a 
considerably higher frequency of bore defects and quench cracks 
than did gun tubes pierced from the top two-thirds (1). The den- 
sity of the longitudinal center of the ingot is of interest in this con- 
nection because this portion of the ingot becomes the bore or I.D. 
surface of the tube during the piercing operation. The average 
center density of all the ingots was highest in the bottom third. It 
might be expected that because the frequency of defects was highest 
in products produced from the bottom portion of the ingot, the den- 
sity in this position would be the lowest. However, the rejections for 
bore defects and bore surface quench cracks varied directly with 
the density, i.e., the higher the density, the higher the rejections. 
This behavior can be construed as further evidence of the importance 
of primary crystal structure in the bottom portion of the ingot dis- 
cussed in previous publications (1), (2), (3). 

In the five ingots studied, there appears to be no correlation 
between average density and variation in density with either the 
length-to-width ratio or the amount of taper in the ingot. 


SUMMARY 


A density survey of five killed alloy steel ingots has been made. 

A wide variation in density from sample to sample was found. 

The samples of lowest density were found along the center in 

the region of the secondary pipe in the top two-thirds of the 

ingots. 

4. Certain configurations of the dendrite arms growing into the 
melt could, by limiting to various degrees the feeding of liquid 
metal into the interstices, probably cause the noted deviations in 
density. 

5. The top two-thirds of the ingot where the density of the center 


= he 
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has the lowest average gave the highest yield of pierced seamless 
gun tubes free from bore defects or bore surface quench cracks. 
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DISCUSSION 


Written Discussion: By C. E. Sims, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors have given convincing evidence of a complete lack of 
correlation between the variations in density of an ingot and the prev- 
alence of bore defects in a pierced tube made from it. In the absence of 
blowholes or definite pipe, the lower density is a manifestation of the 
inability of liquid steel to feed through a maze of dendrites to compensate 
for all of the solidification shrinkage of freezing steel. Judging from 
results on cast steel forging blanks where the hot working was very 
slight, it requires a reduction of only about 5 to 10% to eliminate micro- 
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shrinkage and to realize the ultimate mechanical properties of a steel. 
It can be deduced, therefore, that by the time an ingot is rolled to a 
billet ready for piercing, all effects of microshrinkage have been erased, 
and no correlation with original density should be evident. 

Written Discussion: By S. F. Urban, director of research, Titanium 
Alloy Manufacturing Division, National Lead Co., Niagara Falls, N. Y. 

Though this paper depicts some general trends in density variations 
in killed ingots, it turned out, as stated in the paper, there is no cor- 
relation between these density variations and rejections of gun tubes. 
This task obviously needed doing and now that it has been done and 
unfortunately came up negative, it appears that density studies are not 
going to be particularly enlightening unless they are made with an 
extremely high degree of precision. This reasoning in this instance is 
that, with approximately 0.083% maximum inclusion content by weight, 
the effect of this amount of nonmetallic matter or 0.01% will be so small 
on calculated densities that it is doubtful whether determinations can be 
made in a sufficiently high degree of precision to allow valid interpretation. 

Written Discussion: By R. L. Wilson, director of metallurgy, and 
D. J. Girardi, research metallurgist, The Timken Roller Bearing Company, 
Canton, Ohio. 

The authors are to be complimented for contributing density data 
on steel in the ingot stage. As mentioned in this paper, such information 
is noted for its paucity. In examining Figs. 2 and 3 there appears to be 
some tendency for the center density values to be on the low side in the 
range of ingot slices 6 to 8 and I wonder if the authors place any 
significance on this point. It is interesting to note that the top two- 
thirds of the ingot with a lower average center density gave the highest 
vield of pierced seamless gun tubes free from bore defects or bore surface 
quench cracks. 

Written Discussion: By A. B. Wilder, chief metallurgist, National 
Tube Co., United States Steel Corp. Subsidiary, Pittsburgh. 

It is concluded by the authors that, “the top two-thirds of the ingot 
where the density of the center has the lowest average gave the highest 
yield of pierced seamless gun tubes free from bore defects or bore surface 
quench cracks.” Our understanding is that the upper part of ingots of this 
type of steel also contain fewer alumina inclusions. We would appreciate 
comments of the authors with reference to the influence of hydrogen in 
the presence of. alumina inclusions on the defects encountered in the 
bottom third of the ingot. 


Authors’ Reply 


The authors agree with Mr. Sims that the rolling of the ingot into 
billets ready for piercing should eliminate variations in the density found 
in the ingot. Whether this elimination of density variations also elim- 
inates all effects of microshrinkage is somewhat open to question since 
the most frequent occurrence of bore defects and quench cracking 
occurred in gun tubes processed from the bottom one-third of the ingots. 
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It may be that the common mechanical tests are not adequate to predict 
the behavior of steel during piercing and heat treating. 

Mr. Urban points out the difficulties encountered in attempting to 
determine the inclusion content of steel by use of density measurements. 
The inclusion content of these ingots was studied by other methods (6). 

In answer to Mr. Wilson and Mr. Girardi, there is probably some 
tendency for the ingots to bridge over during solidification, which could 
cause a lowering of the center density values in certain locations. 

The authors have no data with which to answer Dr. Wilder on the 
effect of hydrogen in the presence of alumina inclusions. 





THE NATURE OF INCLUSIONS IN TENSILE 
FRACTURES OF FORGING STEELS 


By H. D. SHEPHARD AND E. A. Lorta 
Abstract 


Procedures are described for studying the nature of 
flaws in steel by observing the appearance of tensile frac- 
tures under polarized light and providing an interpretation 
of the reflecting constituents contained therein, based on 
a careful metallographic examination of the tensile test 
specimen made at or in the vicinity of the fracture. Under 
consideration were test specimens of two acid open-hearth 
forging grades that produced somewhat angular, fibrous 
fractures, ductile cup-cone, silky fractures, and flat, crys- 
talline-appearing fractures. Making use of both reflected 
polarized light and bright field illumination, a study of the 
structure of the major inclusions in these fractures to- 
gether with their correlation with tensile ductility is pre- 
sented. Actually, most of the fractures shown are nol 
indicative of the normal tensile fractures obtained in these 
steels, but have been selected in order to denote the dis- 
tribution of tnclusions where fractures of intermediate or 
poor tensile ductility occur. In such cases, this method of 
examination reveals the importance of inclusions in initiat- 
ing rupture and the consequent necessity for revisions in 
melting practice or ingot design. 


INTRODUCTION 


DB their report on the fracture of metals, Gensamer and his col- 
laborators (1)? indicated the need for further research on the 
nature of flaws in steel and suggested the examination and classifica- 
tion of fractures as a logical starting point in such a study. A signifi- 
cant step in this direction had already been taken by Zapffe (2), who 
had improved the technique of examining the cleavage surfaces of 
metals and interpreted their relationship to the mechanism of frac- 
ture. The present paper considers another approach to the problem 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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ner, Marshall & Company; Pittsburgh; E. A. Loria is Fellow, Mellon Institute 
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by observing the appearance of tensile fractures under polarized light 
and provides an interpretation of the reflecting constituents contained 
therein, based on a careful metallographic examination of the tensile 
test piece made at or in the vicinity of the fracture. 

Perhaps the best theory on the mechanism of metal fracture yet 
formulated involves the concepts of resistance to flow and resistance 
to fracture (3). The theory postulates that, if the stress required for 
fracture is greater than that required for flow, plastic deformation will 
occur ; conversely, if the stress required for flow is greater than that 
required for fracture, rupture will take place. Flow may terminate 
in either shear or cleavage separation with the former characterized 
by high ductility, a fibrous or silky-appearing fracture generally at 45 
degrees to the direction of applied load, and high energy absorption ; 
and with the latter, by relatively low ductility, a granular or crystal- 
line-appearing fracture generally normal to the direction of applied 
load, and in most cases low energy absorption. Cleavage fracture may 
occur, and often does, after appreciable flow; the term refers to a 
mode of separation and is not intended to apply only to completely 
brittle fracture without measurable deformation, although this case 
is obviously included. The appearance of both granular and inter- 
granular fractures under plane polarized light will be given attention 
in this paper. 

There are few critical observations available on the structural 
aspects of the fracture of polycrystalline materials. Metals that break 
brittlely are believed by many to fail by the same cleavage type of 
fracture as do single crystals, while ductile polycrystalline aggregates 
are thought to fail by the shearing or slipping process. The broken 
surface of steel appears to consist of bright reflecting facets believed 
to be the cleavage planes of the ferrite; whereas a shear type of fail- 
ure is supposed to result where it breaks as a ductile material in simple 
tension. Photographs of the fractured edges of ductile and brittle 
steels have been shown in recent contributions by Hollomon (4) and 
Grossmann (5). 

It is a well-known fact that nonmetallic inclusions significantly 
affect the fracture stress of steel. Although no quantitative studies 
have been made, it is also known that the magnitude of the lowering 
of the fracture stress depends on the size, shape and distribution of 
the included particles (6). For example, the orientation of inclusions 
during deformation at high temperatures causes the fracture stress 
of steels of any structure to vary markedly in different directions. 
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Both tensile ductility and notched-bar impact toughness are decreased 
for specimens taken transverse to the direction of working and are 
increased for specimens taken parallel to the direction of principal 
rolling or forging elongation. Such transverse tests are not only 
affected by the degree of reduction but also by the original ingot 
heterogeneities. The variation between values obtained from longi- 
tudinal and transverse test specimens is generally not noticeable in the 
tensile strength but is evident in the ductility (as measured by elonga- 
tion and reduction of area in the tensile test). 

The use of reflected polarized light in the study of inclusions in 
polished sections of steel was demonstrated years ago by Hoyt and 
Scheil (7), but to the authors’ knowledge no previous work has ap- 
peared on the examination made directly upon the fracture surface 
employing reflected plane polarized light with crossed nicols as the 
explorative medium. Such surfaces are neither etched nor polished 
and thus are unaffected by chemical attack or physical distortion. 
Making use of both reflected polarized light and bright field illumina- 
tion in a study of the structure of some inclusions occurring in various 
types of fractures and attempting a correlation between these frac- 
tographs and the tensile ductility comprises the scope of the present 
paper. Actually, most of the tensile fractures shown herein are not 
indicative of the normal tensile fractures obtained in the steels under 
consideration but have been selected in order to demonstrate what one 
can look for in the way of inclusion distribution where fractures of 
intermediate or poor tensile ductility occur. By establishing an ana- 
lytical approach to the effects of such inclusions on the type of frac- 
ture and on ductility, the metallurgist may revise his melting practice 
or ingot design if observations comparable to those shown in this 
paper are obtained. In addition to proper steelmaking practice, the 
importance of primary ingot structure in ingots used for products 
that undergo severe combined stresses in processing or application has 
been emphasized, for molds should be designed to produce the desired 
primary ingot structure. 


MATERIALS AND TEST PROCEDURE 


The chemical composition range of the steels used in this investi- 
gation is given in the following tabulation : 


Steel C © Mn Si F S V 


A 0.35-0.45 040-080 0.15-035 0.05 0.05 0.08-0.12 
B 0.32-0.38  0.60-0.90  0.15-030 0.04 0.04 
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Both steels are forging grades made by the acid open-hearth steel. 
making process. Ferrosilicon but no aluminum was employed for 
ladle deoxidation, and vanadium was added for fine grain size specifi- 
cation in the case of steel A. In order to discern more readily the 
appearance of nonmetallic inclusions in the tensile fractures under 
polarized light, some of the test specimens for steel A and all of those 
for steel B were cut out of forgings processed from the top third 
of various ingots, which is ordinarily known to be the dirtiest portion 
of an ingot. The other tensile specimens for steel A were selected at 
random. In all instances, however, the specimens were taken parallel 
to the axis of compression so that the defects were oriented perpen- 
dicular to the axis of the transverse specimen by the prior compressive 
deformation (hot work). Thus, really under consideration in three 
separate categories were the test specimens of somewhat dirtier than 
normal steel producing somewhat angular, fibrous fractures, a second 
group consisting of more ductile cup-cone, silky fractures, and a third 
group of flat, crystalline-appearing fractures obtained from heavily 
forged steel. 

The test specimens were drilled out of different forgings where 
cooling slots were necessary. The steels were either normalized or 
quenched from 1550 to 1650 °F (845 to 900 °C) and then tempered 
at temperatures varying from 850 to 1200 °F (455 to 650 °C). Thus 
treated they were subjected to metallographic examination and ten- 
sile testing, standard 0.505-inch diameter by 2.0-inch gage length test 
bars being machined from each coupon. 

Just as soon as a tensile test specimen was broken it was mounted 
by means of plasticine in a 1l-inch diameter ring with the broken end 
projecting outward so that it could then be fitted into the annular 
opening in the stage of the inverted microscope. The specimen, thus 
supported from above by the temporary mount, has its fracture sur- 
face practically horizontal to the beam of plane polarized light pro- 
jected through the objective lens of the microscope. 

The polarizing microscope as used with reflected light has been 
sufficiently described in the literature (8) and need not be fully dis- 
cussed here. Aside from noting that the instrument was a Zeiss 
model, only a few of the more pertinent points will be covered. The 
polarizing microscope differs from an ordinary microscope chiefly in 
having a polarizing prism in the vertical illuminator for producing 
plane polarized light, and an analyzer above the objective for analyz- 
ing the light that is reflected from the surface of the specimen. A 
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specimen illuminated by plane polarized light appears the same as if 
ordinary light were employed, but with the analyzer any effect that 
the specimen may have upon the original plane of vibration of the 
light can be rendered strikingly evident. The analyzer is rotatable 
and, in the crossed position, the planes of vibration of the two prisms 
are perpendicular to each other, and the analyzer stops all the light 
that the polarizer normally transmits. Thus the metallic portion of 
the specimen appears dark, whereas an inclusion that alters the plane 
of vibration of the incident illumination appears illuminated because 
the analyzer permits that light to pass through. The fractographs 
were depicted at the minimum magnification permitted by the metal- 
lograph, and the exposure times for the photographic plates varied 
from 2 to 5 minutes, i.e., until a good image of the structure, such as 
shown in Figs. 1 and 2, was obtained. 

In order to avoid any oexidation of the surface of the tensile frac- 
ture, the fractographic examination under polarized light and the 
polished surface examination under bright field illumination were 
made in immediate sequence. Just as soon as a test specimen had 
been examined under the polarizing microscope and the structural 
aspects of the fracture noted, it was then dry ground until the polished 
microsection produced the exact configuration of the nonmetallic con- 
stituents in the fracture. The preparation of the polished microsec- 
tions required careful attention, and frequent observation of the 
microstructure at various stages of dry polishing was necessary in 
order to find and preserve a desirable area for illustration. Actually, 
two methods of examination were considered. The first procedure 
consisted in mounting a portion of the broken tensile test piece side- 
ways so that the surface perpendicular (transverse) to the fracture 
would be exposed to grinding. Thus a cross sectional view of the 
inclusions at the surface of the fracture would be obtained. Typical 
photomicrographs are presented in Figs. 3 to 6. The second proce- 
dure was to polish the face of the fracture slowly and carefully, with 
frequent observation of the polished section under the microscope in 
order to detect the presence of nonmetallic inclusions at or just below 
the fracture surface. Figs. 6 and 8 are representative of this procedure. 


RESULTS AND DISCUSSION 


The experimental observations are concerned mainly with the 
appearance and characteristics of tensile fractures under polarized 
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Fig. 1—Tensile Fractures.ef Steel A by Polarized Light Between 
Coenen _— Angular, fibrous types showing white elongated par- 
ticles. Xx 40. 
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Fig. 2—Tensile Fractures of Steel A by Polarized Light Between 


Crossed Nicols. Angular, fibrous types showing white elongated par- 
ticles. X 40. 
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light and the morphology of inclusions in polished sections taken at 
or near the surface of these fractures. For complete recording, the 
relationship between the translucent particles or areas in the tensile 
fractures and the inclusions observed in polished sections are illus- 
trated in appropriate photomicrographs. 

Figs. 1 and 2 portray the fractures of several transverse tensile 
test specimens of steel A taken from the top sections of various 
ingots. All these fractures were angular and fibrous in appearance. 
The type of fracture is specified according to a nomenclature which, 
in the absence of accepted standards, is intended merely to be de- 
scriptive to those familiar with the appearance of fractures and 
denotes no scientific analysis of the crystalline mechanism of fracture. 
Thus “fibrous” refers to all fractures occurring after extensive 
plastic deformation and generally associated with high ductility. 
Usually “angular” refers to fractures tending to occur as a shear 
on a single plane at about 45 degrees to the axis of the tensile speci- 
men and generally associated with intermediate ductility. The frac- 
tures shown in Figs. 1 and 2 are classified as both fibrous and angular 
in that there is a slight tendency for the fractures to occur at an 
angle to the tension axis though the angle nowhere near approaches 
the 45-degree shear mentioned above. The transverse ductility 
values for these fractures were in the range of 18 to 20% reduction 
of area. The reduction S --s, ingot to forging, was 4. 

Examination of the tensile fractures by reflected polarized light 
between crossed nicols discloses white elongated particles aligned 
parallel to the forging direction in each specimen. Observed under 
a low-power binocular these surfaces showed olive or white spots that 
would indicate the presence of silicates. In order to identify the 
elongated particles found on the surface of each fracture under polar- 
ized light, cross sectional views of these surfaces were prepared. 
A typical observation at a magnification of 125 diameters is set forth 
in Fig. 3. This specimen was dry polished carefully until the desired 
area portrayed was reached. Such a procedure was followed in 
order to avoid oxidation or corrosion of the fracture surface and 
tarnish of any inclusions therein by water attack during polishing. 
Also, no etching was resorted to in order to avoid staining or pro- 
ducing a void between the inclusion segregate and the “Lucite” 
mounting medium. Furthermore, it is not advisable to etch a speci- 
men before examination in polarized light. Such etching tends to 
attack and roughen the surfaces of the inclusions and sometimes 
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Fig. 3—-Nonmetallic Inclusions in Tensile Fracture of Steel A. 
transverse to the fracture surface. Unetched.  X 125. 


View shown is 


attacks the matrix surrounding the inclusion to produce a certain 
transparency to the inclusion and so make its identification less 
positive. The upper (dark) portion of Fig. 3 depicts the “Lucite” 
mounting medium whereas the lower (white) portion is the steel 
base. The elongated inclusion segregate at the fracture interface 
corresponds to one of the white elongated particles observed under 
polarized light on the face of the tensile fracture. Of particular 
interest is the complex nature of the inclusion segregate that appears 
to be broken up into irregularly shaped blocks with particles of a 
second constituent interspersed in a eutectic fashion therein. Fig. 4 
shows the polished section at the higher magnification of 500 diam- 
eters and under both bright field illumination and polarized light 
between crossed nicols. The eutectiform constituent is gray in color 
compared to the dark brown of the matrix and appears in a con- 
tinuous fashion, transcending from one fragment to another and 
indicating that the matrix may have been fragmented during the 
polishing process. Under polarized light the fragmented blocks 
appear bright or milky white, whereas the interspersed constituent 
is opaque or dark in color. The metallic surface of a specimen is 
always dark but the inclusions may be dark or light, depending upon 
their type but independent of their size. In one group, characterized 
broadly as opaque or dark inclusions, are iron oxide, manganese 
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Fig. 4—Nonmetallic Inclusions in Tensile Fracture of Steel A. 
Views shown are transverse to the fracture surface. (a) Bright field 
illumination; (b) Under polarized light. Unetched. Xx 500. 


oxide, iron sulphide, and manganese sulphide. In the second group 
of transparent or bright inclusions are the silicates that can be more 
closely distinguished by means of their coloring and optical effects. 
At times transparent silicates may be slightly contaminated with 
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Fig. 5—Inclusion Segregate in Cavity of Tensile Fracture of Steel A. View 
shown is transverse to the fracture surface. Unetched. X 125. 


metallic oxides that are miscible in the silicates, and this produces a 
coloration in polarized light with crossed nicols. Such contamination 
of silicate inclusions tends to reduce their clear transparency to a 
milkiness. Hoyt and Scheil (7) observed that siliceous inclusions 
in wrought steels usually are contaminated with oxides, which lower 
the melting point and make them more plastic at the rolling or forging 
temperature, so that usually they appear in elongated shapes. As the 
amounts of these contaminating oxides increase, iron and manganese 
silicates are encountered. Even now quantitative methods in use 
cannot distinguish between iron oxide and manganese oxide, which 
occur as separate phases or as duplex inclusions, nor between iron 
oxide and manganese oxide which are in combination as silicates, but 
this distinction can be readily made by examination with reflected 
polarized light. Fig. 4 shows that the opaque iron oxide or man- 
ganese oxide eutectic occurs as a separate phase but still as a con- 
stituent part of a duplex inclusion, notwithstanding the fact that the 
milkiness of the silicate would indicate further contamination of the 
matrix phase. Accordingly, it is believed that the duplex inclusions 
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found in the tensile fractures of test specimens of steel A taken from 
the top sections of ingots are complex oxide-silicates. 

Fig. 5 presents another view taken perpendicular to the surface 
of a tensile fracture and reveals an inclusion segregate in a cavity 
of the fracture. More evidence of the nature of the inclusions on 
the face of the tensile fracture is found in Fig. 6. These views were 
obtained by dry polishing the irregular surface to a flat plane. Again, 
it can be seen that the inclusion segregates are responsible for the 
appearance of the white elongated particles observed by reflected 
polarized light on the fracture face of the tensile test specimens. 

Examination of the more ductile, cup and cone type of fracture 
in tensile test specimens of steel A under polarized light did not 
reveal the same type of inclusion distribution as shown in Figs. | 
and 2 for the somewhat angular type of tensile fracture. As a 
general rule, much fewer white elongated particles were observed and 
these were usually found in the central area of the cross section. 
There was certainly no tendency whatsoever for the alignment of 
such particles in the manner disclosed in the first group of tensile 
fractures. In some fractures there were no white particles visible 
under the polarizing microscope. Fig. 7 is a typical example of a 
cup and cone fracture under polarized light with crossed nicols. 
The reduction of area for this particular test specimen was 45% 
(reduction of S -:s, ingot to forging, of 4). The view is the cup 
side of a silky fracture and it contains but a few white elongated 
particles at the very depression or center of the cup. Careful dry 
polishing of this face to an even flat surface produced the inclusion 
structures shown in Fig. 8. These inclusions were found in the 
same area where the white elongated particles were observed in the 
fracture and no doubt are responsible for such an observation under 
polarized light. These inclusions are complex in nature, possessing 
a darker interior, part of which is in the form of needles or spines. 
Under bright field illumination their color varies from the black of 
the needles to the brown of the matrix. These inclusions are be- 
lieved to be complex silicates, but their constituency is certainly 
different from those shown in Figs. 3 to 6 and associated with the 
somewhat angular fractures possessing intermediate ductility. 

The third group of tensile fractures examined was taken from 
test specimens of heavily forged steel B. The effects of considerable 
hot work on the configuration of inclusions are varied. They depend 
on the type of inclusions, the amount of the reduction, and the: tem- 


1949 FLAWS IN STEEL 387 





Fig. 6—Inclusion Segregate on Grinding Surface of Tensile Frac- 
ture of Steel A. Unetched. (a) X 125; (b) X 500. 


perature at which it is conducted. The extent to which an inclusion 
is elongated and spread will depend on its plasticity at the tempera- 
ture of reduction, and this in turn is related to the melting point or 
softening range of the inclusion. As inclusions approach their melt- 
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Fig. 7—Nonmetallic Inclusions in Tensile Fracture of Steel A 
Under Polarized Light. Cup side of a cup and cone, silky fracture 
containing white elongated particles in center of fracture. X 40. 


Fig. 8—Nonmetallic Inclusions in White Area of Fig. 7 on 
Grinding Surface of Tensile Fracture. Unetched. x 100. 
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Fig. 9—Tensile Fractures of Steel B Under Polarized Light Be- 


tween Crossed Nicols. Considerable hot work has flattened the white 
areas into irregular shapes. X 35. 
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Fig. 10—Duplex Inclusions in Tensile Fractures of Steel B. 
Views shown are transverse to tlie fracture surface. Unetched. x 200. 
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ing points their plasticity becomes greater; however, the extent of 
the softening range below the melting point varies with the type of 
inclusion. In general, the silicates have wider ranges of plasticity 
than do the other common inclusions. 

Fig. 9 presents two typical tensile fractures of steel B under 
polarized light between crossed nicols. The considerable amount of 
hot work performed on these steels (reduction S-s, ingot to forging, 
of 12) flattened or pancaked the white, usually elongated particles 
into irregular shapes. These areas run perpendicular or transverse 
to the axis of the tensile test specimen. Observed visually these 
fractures are crystalline in appearance and under a low-power binoc- 
ular the white areas still appear as minute white spots. Actually the 
fractures are flat breaks and their relative degree of flatness permits 
a greater area of the fracture face to be in focus (as can be seen by 
comparing Fig. 9 with Figs. 1 and 2). Both specimens broke at 
what might be termed their yield point and consequently possessed 
0% reduction of area. Fig. 10 provides two bright field illumination 
views taken transverse to the fracture surface and shows that duplex 
inclusions produce the milky white, irregularly shaped areas observed 
in the tensile fractures under polarized light. The upper photomicro- 
graph taken at a magnification of 200 diameters shows an elongated 
iron oxide or manganese oxide-silicate combination (brown color 
variations), whereas the lower photomicrograph is predominantly 
dark brown silicate with two light gray still somewhat rounded 
sulphide inclusions attached thereto. 


SUMMARY 


A procedure has been suggested that will enable the examination 
and classification of tensile fractures according to the nature and 
distribution of the predominant inclusions. Employing plane polar- 
ized light with crossed nicols as the explorative medium, a micro- 
scopic study of the reflecting constituents in fracture surfaces has 
been made and correlated with a careful metallographic examination 
of the polished surfaces at or in the vicinity of each fracture. Under 
consideration were transverse tensile test specimens of two particular 
acid open-hearth forging grades that produced fractures in three 
distinct categories. Notwithstanding this fact, the analytical method 
described can be made applicable to any particular grade of steel. 
Most of the depicted fractures are not indicative of the normal tensile 
fractures obtained in these steels, but have been selected in order to 
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show the nature of the inclusions in fractures of intermediate or 
poor tensile ductility. In such cases, the method of examination 
reveals the importance of inclusions in initiating rupture and the con- 
sequent necessity of revisions in melting practice or ingot design. 

In tensile fractures of steel A of intermediate ductility, which 
were classified as somewhat angular and fibrous in appearance, exam- 
ination by reflected polarized light between crossed nicols disclosed 
white elongated particles aligned parallel to the forging direction in 
each specimen (reduction Ss, ingot to forging, of 4). In order 
to identify these particles, both cross sectional and parallel views of 
the fracture surface were prepared and the polished surfaces were 
observed under bright field illumination and polarized light between 
crossed nicols. Inclusion segregates, believed to be complex oxide- 
silicates, were found at the fracture interface in areas corresponding 
to the white elongated particles observed under polarized light. 

Similar examination of the more ductile, cup and cone type of 
fracture in tensile test specimens of steel A displayed much fewer 
white elongated particles that were usually confined to the central 
area of the fracture. There was no tendency whatsoever for the 
alignment of such particles in the manner shown in the previous 
group of tensile fractures. In some of these fractures there were 
no white particles at all visible under the polarizing microscope. A 
study of polished surfaces where such particles did exist uncovered 
complex silicates, whose constituency was obviously different from 
those associated with the somewhat angular fractures possessing 
intermediate ductility. 

In the third category, tensile fractures of heavily forged steel B, 
which were actually flat, crystalline breaks possessing no measurable 
ductility index, were subjected to examination by polarized light be- 
tween crossed nicols and proved that the considerable amount of hot 
work (reduction Ss, ingot to forging, of 12) flattened the white, 
usually elongated, particles into irregular shapes. These areas, which 
run perpendicular or transverse to the axis of the tensile test speci- 
men, are responsible for its premature rupture. Bright field illumi- 
nation views of these areas showed them to be elongated oxide- 
silicates with occasional rounded sulphides attached thereto. 
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DISCUSSION 


Written Discussion: By Francis W. Boulger, supervising metallurgist, 
Battelle Memorial Institute, Columbus, Ohio. 

It is always interesting to learn about the application of new methods 
to the study of inclusions and their effects on the properties of steel. The 
authors are to be complimented on applying new techniques to the study 
of nonmetallics found on the fracture surface of certain tensile specimens. 
The term inclusions is a broad one, however, and care must be exercised 
in generalizing on their effects on mechanical properties. 

The inclusions found in steel have two origins. Some result from 
reactions occurring during cooling and solidification of the steel, others 
result from entrapment of material with which the liquid steel has been in 
contact. The former are naturally occurring, indigenous inclusions char- 
acteristic of the steel composition and the deoxidation practice employed. 
The latter are accidental or exogenous inclusions and do not necessarily 
bear any relationship to composition. 

Although indigenous inclusions vary in size with the steel section 
in which they form, they are ordinarily very much smaller than those 
found by the authors. Usually, large indigenous silicate inclusions are 
less than one-eighth as big as those shown in the photomicrographs, In 
most cases, sulphides comprise at least half of the inclusions occurring 
naturally in steel. In this paper, the authors refer to sulphides only 
as the minor portion of the mixed inclusion shown in Fig. 10. From the 
size and composition of the inclusions studied, it appears to the writer 
that they were probably accidental or exogenous inclusions, which are 
conceded to be harmful. If this be true, then their examination did not 
show “the necessity of revisions in melting practice or ingot design” as 
suggested by the authors. 

The authors cautioned the reader that the tensile fractures they stud- 
ied were abnormal. It may also be advisable to suggest that the inclu- 
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sions studied were not characteristic of steels in general, and the conclu- 
sions drawn about their embrittling effects may be of limited application. 

In closing, it might also be mentioned that the generalization that “the 
top third of an ingot is generally known to be the dirtiest portion” does 
not always hold. For example, Fetters, Helzel and Spretnak’® reported 
at this meeting that the inclusions were usually distributed uniformly in 
the nine ingots they examined. 








Authors’ Reply 















The inclusions depicted in this paper are not exogenous as Mr. 
Boulger would surmise. They are really endogenous inclusions which 
originate spontaneously in steel ingots weighing anywhere from 80,000 to 
250,000 pounds. Because of their large size and relatively slow solidifi- 
cation rate, the inclusions therein can grow to much larger sizes than those 
usually encountered in smaller ingots. 

The observation that the top third of the ingot is generally the 
dirtiest portion holds true when one is aware of the fact that these mas- 
sive ingots require anywhere from 4 to 24 hours to solidify. No real com- 
parison of inclusion distribution can be made between 36- to 84-inch 
diameter ingots and Spretnak’s 22-inch diameter ingots. Nevertheless, in 
the single acid open-hearth forging ingot which Spretnak examined (des- 
ignated as ingot D) he found the highest percentage of nonmetallics in 
the edge positions just under the hot top and the next highest content in 
the center of the top third of the ingot. 

The nature of some inclusions in the tensile fractures of transverse 
test specimens taken from large forgings has been shown and it is sig- 
nificant to note that even in the case of the more ductile, cup-cone frac- 
ture (Fig. 7) a careful metallographic examination will reveal an inclusion 
segregate at the center of the cup (Fig. 8) in at least 50% of such frac- 
tures. Fig. 11 presents the same field as Fig. 8 at the higher magnification 
of 300 diameters under both bright. field illumination and polarized light 
between crossed nicols. The needles or spines are quite in evidence and 
under polarized light the entire mass is more or less transparent though 
the needle outlines are still apparent. 

The occurrence of inclusions in the outer portion of forging ingots 
can be significant from a quality standpoint, not only in the occurrence 
of cracking or surface imperfections on machining,* but in the effect on 
transverse mechanical properties. The inability to develop satisfactory 
transverse ductility is, in large part, due to the presence of nonmetallic 
material visible on the fracture face of the tensile test specimen. On the 
influence of ingot size on transverse ductility, it can be said that the 
amount and size of inclusions and the tendency to form a mixture of large 
and small inclusions increases in large ingots thereby accentuating the 


: 9K, L. Fetters, M. M. Helzel and J. W. Spretnak, “‘Distribution of Nonmetallic Inclu- 
— in — Killed Steel Ingots,” Transactions, American Society for Metals, Vol. 41, 
» P- . 


SE. A. Loria and H. D. Shephard, ‘‘Some Factors Affecting Subsurface Defects in 
Lesge Forging Steel Ingots,’ Transactions, American Society for Metals, Vol. 41, 1949, 
p. ° 
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Fig. 
on Grinding Surface of Tensile Fracture. Same field as Fig. 8. 
Bright field illumination. b—Under polarized light. 


11—Nonmeiallic Inclusions in Tensile Fracture of Steel A 


a- - 
Unetched. X 300. 


possibility of producing an unfavorable distribution. The amount of de 
crease of transverse ductility with a given increase of forging reduction 
is frequently largely determined by those inclusions which are drawn out 


into stringers during forging and have a detrimental effect on transverse 
ductility. 
















FRACTOGRAPHIC EXAMINATION OF TUNGSTEN 
By C. A. ZAPFFE AND F, K. LANDGRAF 


Abstract 





The technique of fractography is applied to the cleav- 
age facets of cast carboniferous tungsten, cast aluminif- 
erous tungsten, and pure tungsten made by the methods 
of powder metallurgy. 

With carbon present, the cast material shows a dis- 
tinctive fracture, principally transgranular, with evidence 
of carbides. Carbon-free tungsten containing aluminum 
shows prominent intergranular cleavage with character- 
istic structures. Transgranular fractures reveal patterns 
typical of the metal, with marked evidence of distortion 
and lineage growth. Small gas holes within the grain 
show an interesting wall structure. 

Tungsten rod manufactured by the hot-swaging of 
reduced tungsten powder clearly discloses on tts cleavage 
facets the degree of attainment of fusion and homo- 
geneity, such that the technique can be recommended for 
control and evaluation of the processing. 





























INTRODUCTION 


UNGSTEN is an extremely refractory metal which has long 

served in the electrical field, but which is now coming under 
renewed examination through the present emphasis in engineering 
on metals for high-temperature service. 

Some interest, therefore, attaches to registrations of crystal 
growth and deformation mechanisms as disclosed by fractographic 
study of the cleavage facets of tungsten. Samples of tungsten both 
as cast and as formed by the process of powder metallurgy have been 
studied ; and typical fractographs are presented in this paper. The 
study is necessarily introductory only, serving principally to call 
attention to several informative and characteristic structures in tung- 


From research conducted in the laboratory of the senior author under contract with 
the Office of Naval Research. 





A paper presented before the Thirtieth Annual Convention of the Society, 
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sten, and to fractography as an efficient technique for disclosing 
these structures. 


GENERAL REMARKS ON TUNGSTEN 


Crystallographic and physical features of the metal pertinent to 
the present study are as follows: 


Property Remarks (1), (2), (3), (4)' 
Melting point 3370 °C (7000 °F ) 
Boiling point 5900 °C (10,620 °F) 
Specific gravity 19.3 
Atomic number 74 
Atomic weight 184 
Electron Orbitals ia, ae, 3; 4-} (3,)", (Se)". Gok. (.)* 
Crystal Structure ek 
[a]* {“Cubic”: Ewald-Hermann Type No. A15 
lao = 5.038 
8 {,BCC: (A2) 
lao = 3.1583 
Slip {112}, [111] 
Twinning {112}, [111] 
Planes developed 1103 
t f 


by etching 
*A form not well understood. 


Tungsten occurs as oxides (5): 


WO, 

W:0; 

WO. 
The metal is commonly prepared by reduction of the oxide with 
carbon, aluminum, or hydrogen. [Each of these elements was in- 
volved in the preparation of the present specimens. The carbides 
are believed to be (6), (7), (8), (9), (10): 


Carbide Temperature Range Crystal Form 
RR Peet olia hae eee a kote er 
*aW.C (WC?) 1900-2400 °C Hexagonal close-packed 
BW,C (W.C2?) > 2400 °C Hexagonal close-packed 
*WC (W:C.?) <1900°C Hexagonal di type 


*Principal forms 


No information is at hand on the W-AI system; and the W,O,- 
H, equilibrium is not important to discuss at this time. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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SPECIMENS 



















Specimen* Remarks Z 
No. 14 0.4% carbon added during melting 
No. 15 1.0% aluminum added during melting 
L-7523 99.9+% W with R.O;s < .02% 


*Designation of supplier 

































Through the courtesy of S. A. Herres and C. H. Lorig of 
Sattelle Memorial Institute there were supplied samples of tungsten 
cast by an electric-arc process similar to that described by Parke 
and Ham for molybdenum (11). 

In addition, a rod 0.187 inch in diameter of tungsten manufac- 
tured by the process of powder metallurgy was supplied through 
courtesy of F. H. Driggs, L. F. Yntema, and D. Heckinger of the 
fansteel Metallurgical Corporation. This material is a compress 
of reduced tungsten powder ; and some illumination will accordingly 
be thrown by the fractographs on the success of the method with 
regard to fusion and homogenization. 


OBSERVATIONS 


Carboniferous Tungsten 





Particular interest attaches to the carboniferous sample No. 14 
because of a possible analogy with carboniferous molybdenum (12), 
(13). 

Fracture promptly discloses a difficult traverse for cleavage, sug- 
gestive of carboniferous molybdenum. Facets are small and rough. 
A typical example in Fig. 1 discloses distortion and complex growth 
characteristics of the crystal. in Fig. 2, the pattern of multiple 
growth nuclei resembles a similar instance in the transgranular frac- 
ture of molybdenum (13). 

Intergranular fracture is not so distinct from the transgranular 
as in carbon-free specimens later to be discussed. Fig. 3 probably 
represents intergranular separation across the light-colored field, 
though this was not proved. The fractograph is particularly pre- 
sented because of the aligned tufted markings on the light field. 
These have some resemblance to the “carbide feathers” found in 
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Fig. 1—Transgranular Cleavage in Cast Carboniferous Tungsten Disclosing Dis- 
tortion and Complex Growth Characteristics of the Crystal. 725. 
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_. Fig. 2—Transgranular Cleavage in Cast Carboniferous Tungsten Revealing Mul- 
tiple Growth Nuclei Within the Crystal. X 450. 
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-Fractograph of Cast Carboniferous Tungsten Possibly Disclosing a Car- 


Fig. 
bide Seas “Similar to That Found in Molybdenum. xX 450. 


carboniferous molybdenum (11), (12); and they are rather com- 
monly observed here. 

Further evidence for some form of tungsten carbide may stand 
in the following two fractographs. In Fig. 4 one sees at high mag- 
nification the interesting detail of certain minute patterns not uncom- 
monly found. The long, smooth spines with lateral needles are a 
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.- 4—Fractograph at High Magnification Showing the Characteristic am 
of a Certain Fine Structure Found in Cast Carboniferous Tungsten. X 2000 


marked characteristic which is absent in the carbon-free tungstens. 
In Fig. 5 an isolated marking of this type more clearly reveals the 
structure, the angular displacements at 41 degrees being. particularly 
interesting. This is certainly suggestive of the “carbide feather”’ 
found in carboniferous molybdenum. There is a strong resemblance 
in type, but a marked difference in detail. The significant angularity 
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also indicates that this is a crystal plane that is exposed, whereas in 


molybdenum the precipitate is uniformly intergranular. 
On the other hand, the matter of carbide structures in tungsten 





Fig. 5—Fractograph at High 
Magnification Believed to Disclose a 
Pattern Relating to Tungsten Car- 
bide. The smooth spine with needle- 
like structure at 41 degrees resembles 
the “carbide feathers’ in cast car- 
boniferous molybdenum. xX 1900. 


and molybdenum, also chromium, has indicated sufficient complexity 
to warrant subsequent separate study; and conclusions here shall 
only be tentative. 
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Fig. 6—Fractograph of Typical Intergranular Facet in Aluminiferous Tungsten. 200. 


Aluminiferous Tungsten 


In marked contrast to the preceding specimen, the tungsten 
deoxidized with aluminum discloses a combination of intergranular 
and transgranular cleavages, each highly distinctive, and both readily 
distinguishable from the patterns of the tungsten deoxidized with 
carbon. 

First, the intergranular cleavage is apparent even to macroscopic 
observation as a separation of large columnar growths extending 
from rim toward center. Though heavily deoxidized with 1% of 
aluminum added during melting, the fracture is not unlike that of 
oxygenized cast molybdenum. 

At higher magnification, however, these surfaces are readily dis- 
tinguished from those of molybdenum. A typical example is shown 
in Fig. 6 at 200 diameters, the expansiveness of the field indicating 
the large size of the crystal. Unlike molybdenum, this metal is 
typically barren of precipitated. forms on the grain surface. Small 
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Fig. 7—Fractograph at High Magnification Showing Typical Pitted Structure on 
Intergranular Facet. X 3400. 


hummocks characteristically appear, however, which are similar to 
the appearance of grain-boundary inclusions in steel (14). 

At very high magnification, a second characteristic is every- 
where evident—a fine, pitted structure, as shown in Fig. 7. 

Occasionally, an angular structure appears on the pattern, as 
shown in Fig. 8. The nature of these markings is not known, but 
they suggest an association with the aluminum content because of 
their absence in other specimens. There also appear in Fig. 8 several 
parallel markings which traverse the entire field with such disregard 
for surface undulations that they probably simultaneously define 
themselves as deformation markings and the entire field as belonging 
to one crystal. 

In Fig. 9, transition from this intergranular separation to trans- 
granular cleavage is shown. The pitted structure is faintly visible on 
the intergranular facet toward the right. A similar instance of these 
two types of cleavage within a single field has been shown for molyb- 
denum (12). 

In Fig. 10, transgranular cleavage is displayed as the cross- 
fracture of one of the elongated grains. There is evidence here of 
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Fig. 8—Intergranular Facet Containing an Unknown Registration, Per- 
haps Associated With the Aluminum Content. Deformation markings are 
also visible, traversing the entire field as straight, parallel lines.‘ x 475. 


a pattern of grain growth nucleated in the lower right-hand corner 
and considerably distorted; and there is an approach to significant 
angularity disclosing the crystallography of the crystal. The pattern 
is readily distinguished from that of carboniferous tungsten, and 
also from that of molybdenum (13). | 

Gas holes are numerous in this material, which raises some 
question as to the nature of the gas evolving in the presence of so 
much aluminum. The interior of one of these gas holes is shown in 
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Fig. > eo en Transition From Intergranu 


lar to Transgranular Cleavage. 825. 


Fig. 11. This is a characteristic pattern for the porosities in the 
aluminiferous tungsten, and is distinct from the pattern for porosi- 
ties in the carboniferous tungsten. The latter resist successful photo- 
graphing and are not shown. They have a much finer design and 
lack the strict polygonal characteristics shown in Fig. 11. 

A third type of fracture pattern is presented in Figs. 12 and 13. 
Comparing these with Figs. 6 and 8, one will observe that the elon- 
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Fig. 10—Typical Transgranular Cleavage in Aluminiferous Tungsten, Disclosing 
Grain Nucleation in the Lower Right, Gas Holes, and Near-Crystallographic Markings. 
x< 375. 


gated grains of typical intergranular cleavage are indicated, but that 
the surfacial markings are absent ; and comparing them with Fig. 10, 
one also finds some lack of conformity with the transverse fracture 
of the columnar grain. This pattern type may therefore represent 
longitudinal transgranular fracture, in contradistinction to the trans- 
verse transgranular failure in Fig. 10; or it may possibly represent 
longitudinal intergranular fracture in a section of the metal where 
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Fig. 11—Interior of Gas Hole in Aluminiferous Tungsten Showing the 
Typical Polygonal Wall-Pattern. X 825. 


the intergranular surfaces are much more adhering. The first possi- 
bility implies the existence of a second cleavage family, providing 
primary and secondary cleavage patterns as found in antimony (15). 
The second possibility is reduced by the lack of typical surfacial resi- 
dues characterizing intergranular failures in general—with the one 
possible exception of the left facet in Fig. 13. Perhaps this is a 
subgranular or “lineage” separation, but the matter will not be 
pursued here. 

In closing the discussion of aluminiferous tungsten, Fig. 14 is 
included as an anomalous pattern infrequent and unidentified. 
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Fig. 12—Fractograph Showing Cleavage Apparently Along Longitudinal Axis 
of the Grain, but Lacking Either Intergranular or Transverse Transgranular 
Characteristics. > 875. 


Extruded Tungsten Powder 


Fracture of the tungsten rod produced by hot-swaging of 
reduced tungsten powder ingots clearly reveals the degree of success 
attained by this method with respect to fusion and homogenization. 
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Fig. 13—Cleavage Similar to That in Preceding Figure, But With Some In- 
dication of Surfacial Roughness on the Facet on the Left. X 875. 


In Figs. 15 and 16 one sees typically transgranular patterns, but 
generally surcharged with a smut undoubtedly representing incom- 
plete fusion of the powder. Some facets are homogeneous to a 
point of close resemblance with cast metal. Fig. 15 shows this con- 
dition both toward the top and toward the bottom. Fig. 16, however, 
discloses much less’ attainment in this respect. 


In Fig. 17 the lack of fusion displays itself as smalf islands of 











412 TRANSACTIONS OF THE A. S. M. Vol. 41 





Fig. 14—Anomalous Pattern in Aluminiferous Tungsten, Infrequent and 
Unidentified. xX 825. 


coalesced powder not yet joined to the major grain. While assign- 
ment of patterns in this material as intergranular or transgranular 
is difficult, it is believed that the surface in Fig. 17 simulates a 
grain surface and that the pattern, therefore, may be classed as 
intergranular. 

In view of the direct evidence of inhomogeneity exposed in 
these fractographs, one is led to suggest that the technique of frac- 
tography be applied to the fabrication of tungsten from powder much 
as it is to the casting and forging of molybdenum (11). Certainly 
the factors of temperature, particle size, purity of powder, pressure, 
atmosphere, and so forth, could be readily assessed by observing the 
variations in these patterns with the variation of the particular factor. 


CoNCLUSIONS 


From this preliminary examination of the cleavage patterns of 
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Fig. 15—Fractograph of Pure Tungsten Fabricated by the Hot-Swaging of 
Reduced Tungsten Powder Ingots. Toward the top and toward the bottom this grain 
evidences good fusion and the characteristics of cast metal. Incomplete fusion is 
evident in the center. X 1100. 


tungsten, the following conclusions can be tentatively drawn: 

1. Cast tungsten containing carbon fractures principally trans- 
granularly, and the pattern is distinctive; 

2. Carbides in carboniferous tungsten are probably identified 


by a spine-and-needle structure resembling the “carbide feathers” 
in carboniferous molybdenum ; 
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Fig. 16—Fractograph Similar to Preceding; Showing Marked Inhomogeneity. 
1100. 


3. Cast tungsten containing aluminum fractures both inter- 
granularly and transgranularly, and patterns of both are highly dis- 
tinctive ; 

4. Intergranular fracture of aluminiferous tungsten is charac- 


terized by an undulating, Set structureless surface 
covered with fine pits; 
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Fig. 17—Fractograph of Powder-Metallurgy Tungsten Disclosing Islands of 
Coalesced Powder Not Yet Homogenized Into the Major Grain. X 850. 


5. Transgranular fracture of aluminiferous tungsten reveals 
growth characterisitcs of the grain, a typical surfacial pattern, near- 
crystallographic markings, and often gas holes ; 

6. The interior of the gas holes shows a polygonal walli-pattern 
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characteristic of the metal and unlike the pattern found in gas holes 
in carboniferous tungsten ; 

7. An unidentified type of cleavage in aluminiferous tungsten 
may represent: a) transgranular cleavage on a second family of 
planes (parallel to the growth axis of the crystal), b) a modified 
intergranular cleavage, or c) interlineage cleavage ; 

8. Tungsten rod manufactured by hot-swaging of reduced 
tungsten powder ingots clearly discloses in fractographs the degree 
of attainment of fusion and homogeneity of the powder ; 

9. Fractography can, therefore, be applied to an evaluation of 
the factors controlling the process much as it is now applied in the 
casting and forging of molybdenum. 
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DISCUSSION 


Written Discussion: By J. Chelius, tungsten metallurgist, and R. W. 
Yancey, chief metallurgist, Fansteel Metallurgical Corp., North Chicago, 
Il. 

We wish to commend Dr. Zapffe and Mr. Landgraf for their inter- 
esting paper on the examination of tungsten by the fractographic 
technique. 

Although we have had very little experience with cast tungsten 
our work with pressed and sintered tungsten powder has never shown 
that islands of coalesced powder were present as shown on their fracto- 
graph, Fig. 17. It is difficult for us to understand just how this condition 
could exist in view of the previous hot working operations which are 
performed on a 0.187 inch diameter rod. We would like to suggest that 
the islands of coalesced powder as shown on the fractograph, Fig. 17, 
might possibly be a group of individual grains. We have found that in 
heating to the recrystallization temperature some grains exhibit a tend- 
ency toward excessive grain growth. Between some of the large grains 
we oftentimes find innumerable small grains. 

The authors’ description of the fractures as shown in Figs. 15 and 
16 does not mention the possibility of the- presence of various addition 
agents which are added intentionally for grain size control. Conventional 
metallographic preparation of sintered tungsten does not show an intra- 
granular material described by the authors as smut. We sometimes find 
an intergranular substance present. 

The fractographic technique opens up a new field in the study of the 
metallurgy of tungsten, especially when supplemented with conventional 
metallography and X-ray diffraction methods. 

Written Discussion: By E. H. Dix, Jr., assistant director of research, 
Aluminum Company of America, New Kensington, Pa. 

The study of the path of fracture is very important in diagnosing 
types of failure which occur in service. For example, a fatigue failure 
is quite characteristic and can be distinguished from a tension failure. 
Also, in developing alloys to have higher creep properties at elevated 
temperatures, the path of fracture is important. I would like to ask the 
authors if they can’ see anything in this new method of fractography 
which would be helpful in these problems. 
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Authors’ Reply 


Certainly the suggestions of Messrs. Chelius and Yancey regarding 
the identity of the blobs in the pattern of Fig. 17 are as good as any 
we can make. We believe that Figs. 15 and 16 represent transgranular 
cleavage, and the “smut” therefore intragranular imperfection; but the 
cleavage of Fig. 17 may be intergranular, and the small islands possibly 
small grains of either tungsten or addition agent, or an alloy of both. 

To answer Mr. Dix, we will point out that the fractographic tech- 
nique is based upon direct examinations of the microscopic path of 
cleavage, and that it therefore provides firsthand observations of those 
intragranular structures which are involved in deformation and cleavage, 
and upon which deformation and cleavage in turn depend. 





THE EFFECT OF ORIENTATION ON KNOOP HARDNESS 
OF SINGLE CRYSTALS OF ZINC AND 
SILICON FERRITE 


By F. W. DANIELS AND C. G. DUNN 


Abstract 


An investigation of the effect of crystal orientation on 
Knoop hardness of single crystals of silicon ferrite and 
zinc was undertaken. A single crystal of silicon ferrite 
with the (001), (110), and (111) planes exposed was 
tested with a Tukon hardness tester. The (0001) and 
(1450) planes of zinc were likewise tested. Hardness 
was found to vary periodically with direction of the long 
diagonal of the Knoop indenter with respect to the crystal. 
Over the range of orientations investigated the hardness 
variations were large. A method was determined for 
obtaining a significant Knoop hardness number of body- 
centered cubic crystals of unknown orientation. An 
attempt was made to explain hardness variations on the 
basis of resolved shear stress on the slip planes of the 
metal. Fair agreement of theory with experiment was 


obtained for all test planes except the (0001) plane of 
Zinc. 


INTRODUCTION 


T is well known that the capacity of a metal to deform plastically 

is a directional or anisotropic property. Since penetration hard- 
ness involves plastic deformation, it is readily understandable that 
such hardness may also be a function of the orientation of the crystal 
or crystals upon which an indenter is imposed. Early work with the 
Brinell penetrator did not reveal directional effects of any conse- 
quence. O’Neill (1),' for instance, found but a small difference in 
hardness of the {100}, {110}, and {111} planes of aluminum, and 
Pfeil (2) concluded that the Brinell hardness of a single crystal of 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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held in Philadelphia, October 23 to 29, 1948. The authors, F. W. Daniels 
and C. G. Dunn, are: Connected with the Metals Section of the Laboratory, 
General Electric Co., Pittsfield, Mass. Manuscript received March 17, 1948. 
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iron is the same for all crystallographic planes. With the Knoop 
indenter, however, directional hardness of minerals has been noted 
by Winchell (3) and by Thibault and Nyquist (4). 

Except for the unpublished work of Guy (5) the authors know 
of no data which show variation in Knoop hardness with orientation 
of metallic single crystals. Directional hardness of metals, however, 
is quite pronounced as was recently noticed in another investigation 
at the General Electric Company Laboratories. Several single crys- 
tals of silicon ferrite had been cold-rolled and subsequently annealed 
at high temperature. In certain instances the annealed samples 
would yield higher Knoop hardness numbers than samples in the 
cold-rolled condition if the crystal orientation of the test surfaces 
were not held constant. This example is cited to show that direc- 
tional hardness variations may be of such magnitude as to cause 
misinterpretation of hardness data. 

The purpose of the present investigation was to determine the 
Knoop hardness of single crystals of silicon ferrite and zinc for 
various orientations of the crystals. A further objective was to 
explain, if possible, the results in terms of shear stress on the slip 
systems of these metals. Silicon ferrite was chosen because large 
single crystals were readily available, and zinc, because its simple slip 
system would supposedly aid in the theoretical explanation of results. 


EXPERIMENTAL PROCEDURE 


Since it was impossible to perform hardness tests on all possible 
crystallographic planes of silicon ferrite or zinc, a few of the impor- 
tant planes of each metal were selected for experiment. With each 
plane Knoop hardness numbers (KHN) were found for various 
angular positions @ of the long diagonal of the indenter with respect 
to an arbitrary reference or index direction on the plane of the 
sample. 

More specifically, the procedure was as follows: There was 
available a large crystal of silicon ferrite (3.5% silicon) of known 
orientation. By suitable cuts this crystal was divided into three 
specimens, with known crystallographic planes exposed: namely, 
(001), (110), and (111). Each specimen was mounted in plastic 
and carefully polished metallographically, disturbed surface metal 
being eliminated by electropolishing. Orientations were rechecked 
by back-reflection X-ray methods. Hardness indentations were made 
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Table I 
Average Knoop Hardness Number for Silicon Ferrite and Zinc 


Average 
Metal Plane KHN 
Silicon Ferrite (001) 205.9 
(110) 207.9 
(111) 206.2 
Zinc (0001) 16.7 
(1450) 32.9 


with a Wilson Tukon tester equipped with a Knoop indenter. A 
load of 500 gms. was used throughout the experiments. The in- 
dentations were measured by means of a Bausch and Lomb filar 
microscope attached to the Tukon tester. A specimen jig calibrated 
in degrees permitted rotating the mounted sample about a vertical 
axis to any desired position; thus indentations could be placed on the 
specimen surface, the long diagonal of the indenter being positioned 
at any angle to an index line on the sample. For each of the exposed 
(001), (110), and (111) planes, measurements were made at 10- 
degree intervals about the vertical axis commencing with the long 
diagonal of the indenter parallel to a <110> direction, the only 
direction common to all three planes. 

With a few exceptions, the procedure outlined above was used 
for a pure (99.99%) zinc crystal.? Planes exposed were the (0001) 
and (1450).* Deep etching, rather than electropolishing, served to 
eliminate disturbed surface metal. In the case of the cleaved surface, 
(0001) plane, no polishing whatsoever was necessary, as: back- 
reflection X-ray photographs revealed little evidence of surface dis- 
tortion. The index lines for the (0001) and (1450) planes were 
the [1120] and [0001] directions respectively. 


EXPERIMENTAL RESULTS 


The measurements, converted to Knoop hardness numbers 
(KHN), were plotted against the angular displacement 6 of the 
indenter from the index line on the sample. Results for the (001), 
(110), and (111) planes of silicon ferrite are shown in Figs. 1, 2, 
and 3 respectively. Figs. 4 and 5 show the results for the (0001) 
and (1450) planes of zinc respectively. 





2Obtained through the kindness of E. A. Anderson of the New Jersey Zinc Co. 


8The (1450) plane is tilted 10°50’ to the (0 110) plane. The poles of both planes lie 
in the (0001) plane. 
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An average hardness for each plane was obtained by adding the 
values at 10-degree intervals over a range of degrees that included 
all possible crystallographic directions and dividing by the number 
of values. Results for silicon ferrite and zinc are given in Table I. 
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Fig. 1—Knoop Hardness Versus @ for the (001) 
Plane of Silicon Ferrite. 


‘THEORETICAL 


The Effective Resolved Shear Stress—A complete explanation 
of the experimental results would involve such factors as resolved 
sheag on slip planes, twinning, work hardening, and friction. Dis- 
regarding twinning, it would seem that resolved shear alone should 
play the major role in determining hardness variations, because work 
hardening and friction should be roughly constant for equal depths 
of penetration. An explanation, therefore, will be attempted on the 
basis of resolved shear with hardness treated as an inverse function 


of the ease of slip (i.e., a large indentation accompanies high resolved 
shear on the slip planes). 
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Consider first the deformation produced by a Knoop indenter 
(the indenter is a pyramid having four facets with an included lon- 
gitudinal angle of 172°30’ and an included transverse angle of 
130°00’). During load application the indenter acts as a wedge 
imposing on the metal forces which cause some of the metal to move 
to the surface around the indent. The force for a single facet which 
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Fig. 2—Knoop Hardness Versus @ for the (110) 
Plane of Silicon Ferrite. 


causes such displacement of metal is assumed to be parallel to the 
steepest slope of that facet, as illustrated in Fig. 6. Further, the 
metal tending to deform may be considered as a number of very 
small cylinders parallel to the deforming force F, each cylinder tend- 
ing to elongate towards the surface. The ease of deformation of each 
cylinder is dependent upon two factors: (a) the position of the slip 
plane and slip direction, and (b) the constraints exerted on each 
cylinder by neighboring cylinders.* Both these factors in turn are 
dependent on crystal,orientation. 





‘At the interface between the indenter and the metal, the indenter itself is a con- 
straining factor. 
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Omitting the constraining factor for the moment, the resolved 
shear tending to deform a cylinder is expressed by the well known 
formula: 


Resolved shear = F/A cos) cos Equation I 


where A is the cross sectional area of the cylinder, A is the angle 
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Fig. 3—Knoop Hardness Versus @ for the (111) 
Plane of Silicon Ferrite. 


between the slip direction and the force F, and ¢ is the angle be- 
tween the normal to the slip plane and the force F. 

Constraints modify the tendency to slip (as expressed in 
Equation I) according to the position of the axis of rotation of the 
slip plane. This may be seen to advantage by considering the 
changes that occur during plastic deformation. As each cylinder 
elongates by slip and lattice rotation, the cross sectional area must 
reduce and change from a circular to an elliptical shape. Because 
the extruded metal at the surface is continuous (i.e., cylinders must 
not be separated) the ellipse axis perpendicular to F and parallel to 


ooo 
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the indenter facet must remain unchanged in length while the ellipse 
axis perpendicular to F and perpendicular to the indenter facet must 
decrease. Such limitations on the change of shape, in actuality, may 
require simultaneous slip on more than one slip system; but our 
calculations are aimed towards an evaluation only of the tendency to 
slip on a single slip plane per facet for a small constant depth of 
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Fig. 4—Knoop Hardness Versus @ for the (0001) 
Plane of Zinc. 
penetration and for a fixed position of the indenter with respect to 
the crystal. 

From the above it is seen that a factor should be introduced 
into the resolved shear (Equation I) which evaluates the tendency 
of the lattice to rotate under constraint. A particular slip plane will 
tend to rotate about an axis AR in the slip plane SP and perpen- 
dicular to the slip direction SD as illustrated by Fig. 6. Due to 
constraints, the force F has a maximum rotational effect about an 
axis H perpendicular to F and parallel to the indenter facet. Call 
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the angle between these two axes ¥. When W is large the constraint 
is large; therefore, the resolved shear effective in promoting defor- 
mation must be small. At ¥ = 90 degrees the effective resolved shear 
should be zero so that rotation does not occur and change the cross 
sectional axis of the cylinder paralled to H. At ®—O degrees the 
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Fig. 5—Knoop Hardness Versus @ for the (1450) 
Plane of Zinc. 


rotational effect reaches a maximum. A modifying function which 
would decrease the resolved shear as W increases from 0 to 90 
degrees is cos ¥. Multiplying Equation I by cos ¥, an effective 
resolved shear (ERS) is obtained. 


ERS = F/A cos \ cos $ cos ¥ Equation II 


The value of cos A cos ¢ cos © changes if the orientation is changed. 
ERS, therefore, is a function of the angle 6 between the long diagonal 
of the indenter and the index line on the sample. F/A will be assumed 
constant for all crystal orientations; cos A cos ¢ cos © hereafter will 
be referred to as ERS. 
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The determination of the angles A, ¢, and ® may be expedited 
through use of a stereographic projection. First the plane of pro- 
jection is made coincident with the test plane of the sample. The 
normal (SP) to the slip plane, the slip direction (SD), and the axis 
of rotation (AR) are located with the aid of a Wulff net to give 
the plot shown schematically in Fig. 7. The indenter is likewise 
plotted from the known angles of the indenter: namely, 172°30’ and 





Fig. 6—Diagram of Knoop Indenter and Cylin- 
der of Deformation Showing Positions of Force, 
Slip Direction, Slip Plane, and Axes of Rotation. 


130°00’. These angles determine the four directions A, B, C, and D 
—the intersection lines of the indenter facets. The lines connecting 
A and B, B and C, etc. (arcs of great circles) locate the planes of 
facets. For example, AB represents facet 1. The extension of AB 
to the basic circle locates the direction, marked H, which is parallel 
to the line of intersection of facet 1 with the plane of the sample 
(Fig. 6). The normal to facet 1 is a direction (point N) 90 degrees 
from A and 90 degrees from B. The direction of steepest slope 
(also F) is diametrically opposite to N as shown. Facets 2, 3, and 4 
may be treated similarly. The index line and the direction of the 
long diagonal of the indenter lie in the basic circle. Having located 
all directions necessary to determine A, ¢, ¥, and @, actual values of 
the angles may be read with the aid of a Wulff net. 

Before values of effective resolved shear can be calculated it is 
necessary to consider the slip systems for silicon ferrite and zinc. 
Barrett, Ansel and Mehl (6) have shown that slip in _ body- 
centered cubic silicon ferrite (below 4% silicon) may occur on planes 
of the type {110}, {112} and {123} but only in <111> directions. 
For zinc, Schmidt and Boas (7) have reported that slip occurs on 
(0001) planes in the <1120> directions. 

There is a good possibility that no single slip system (for one 
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indenter facet) operates alone; rather several systems may operate 
simultaneously or in succession. Also it is possible that slip may 
change from one type slip system to another as @ varies. In the case 
of silicon ferrite with its 48 slip systems, analysis would be extremely 
complicated without some simplification. Therefore, the assumption. 
is made that the indenter will tend to cause slip on only one type 
slip system. The authors, however, know of no data that indicate 







Long Diagonal 
of 
indenter 


Fig. 7—Stereographic Projection Showing Sche- 
matically the Positions of the Indenter Facets and 
Their Intersections with the Surface of the Sample. 
Also shown are the directions of the force, slip direc- 
tion, slip plane, and axes of rotation. 


which type of system tends to operate during the indenting period; 
consequently, calculations for each of the three types were performed. 

Calculations—In discussing the mechanics of the calculations, the 
(O01) plane of silicon ferrite with slip on {112} planes is taken 
as exemplary, the same method being employed for all test planes 
and slip systems of both zinc and silicon ferrite. 

Calculated values of effective resolved shear for the four facets 
of a Knoop indenter are obtained by synthesis of the values for one 
facet. 

For a single facet, values of A, ¢, and W may be read from a 
stereographic projection (see Figs. 6 and 7) for various angles a*® 





®@ is analogous to @ for the indenter and differs from @ by 8 degrees. 


ww 
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between an index line® on the sample and the line H formed by the 
intersection of the facet with the surface of the sample. ERS or 
cos A cos ¢ cos W can then be computed. It is assumed that the slip 
system which tends to act has greater ERS values than all other slip 
systems of the same type. Therefore, in Fig. 8, which is a plot of 
ERS versus a for the (001) plane of silicon ferrite with slip on 
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Degrees Rotation From <lIO> Direction 
Fig. 8—Effective Resolved Shear Stress Versus a for Indentations 


on the (001) Plane of Silicon Ferrite with Slip on {112} Planes. The 
four curves are for one facet only. 


1112} planes, the slip system (112) [111] tends to operate from 
——37 to +37 degrees, the (121) [111] from 37 to 45 degrees, etc. 
Other slip systems of the {112} <111> type were quickly ruled 
out on the basis of high values of A, ¢, or ¥. The range of a never 
need exceed 180 degrees, and 90 degrees is usually sufficient because 
of crystal symmetry. 

Because facets of the indenter are inclined to one another, the 
calculated ERS values of one facet may be extended to include all 
four facets by simply shifting the abscissa plus or minus 8 degrees 
and reading ordinate values at the proper points. The values for each 


facet are added and the total divided by four because numerically 


®The index lines are <110> directions for all planes of silicon ferrite. For the 


(0001) and (1450) planes of zinc the indices are [1120] and [0001] directions re- 
spectively. 
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cos A cos ¢ cos ¥ must be in the range 0 to 4. In Fig. 9 averaged 
ERS values are plotted against @ for the (001) plane of silicon 
ferrite. 

Calculations, as described above, were made for all three types 
of slip planes of silicon ferrite and the one slip plane of zinc. Curves 
appear in Figs. 10, 11, and 12 for the (001), (110) and (111) 
planes of silicon ferrite respectively and in Figs. 13 and 14 for the 
(0001) and (1450) planes of zinc respectively. 
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Fig. 9—Effective Resolved Shear Stress Versus @ for Indentations 
on the (001) Plane of Silicon Ferrite with Slip on {112} Planes. 


2 


In order to compare calculated and experimental data it is con- 
venient to plot hardness in the reciprocal form: constant/KHN. 
Furthermore, another arbitrary constant is used implicitly to locate 
the position of the curve on the ordinate scale. It varies slightly 
from one crystallographic plane to another for silicon ferrite and 
quite appreciably for zinc. 

For silicon ferrite 7O00/KHN (KHN being obtained from the 
experimental curves) is plotted against 6 for comparison with ERS 
versus 6. See Figs. 10, 11, and 12. For zinc 850/KHN is plotted 
similarly for comparison purposes in Figs. 13 and 14. 

As a matter of interest it was desirable to know how cos A cos ¢ 
plotted against @ would agree with experimental data. Illustrative 
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curves of cos A cos ¢@ as given in Figs. 14 and 15 show that this 
double product is in poorer agreement with experimental facts than 
is the triple product cos A cos ¢@ cos W. The experimental results, 
therefore, justify the inclusion of the constraining factor cos W. 


Cosr Cos? Cos ¥ 
7000/ KHN 
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Degrees Rotation From <I10> Direction 


Fig. 10—Effective Resolved Shear Stress Versus 6 
for Indentations on the (001) Plane of Silicon Ferrite 
with Slip on {110}, {112}, and {123} Planes Respec- 
tively. Also curve of experimental data. 


DISCUSSION 


Experimental Results—The Knoop hardness of single crystals 
of silicon ferrite and zinc is highly dependent upon orientation as 
evidenced by the several curves KHN versus @ shown in Figs. | 
through 5. For example, the hardness of silicon ferrite in the range 
of orientations investigated shows a 29% variation from a minimum 
of 183 to a maximum of 237. In the case of zinc the difference from 
the minimum value of 15.5 to the maximum value of 44.0 is an 
increase of 184%. : 

In addition to the large changes in hardness depending on crystal 
orientation there is a regularity to the variation of hardness for each 
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plane consistent with crystal symmetry. In the (001) plane of 
silicon ferrite (4 fold symmetrical) hardness values repeat every 90 
degrees. For the (110) plane (2 fold) repetitions occur every 180 
degrees. Finally, for the (111) plane (3 fold, actually 6 fold with 
respect to the indenter) repetitions occur every 60 degrees. For zinc, 
hardness repeats every 60 degrees in the (0001) plane (6 fold), and 
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Fig. 11—Effective Resolved Shear Stress Versus 
6 for Indentations on the (110) Plane of Silicon 


Ferrite with Slip on {110}, {112}, and {123} Planes 
Respectively. Also curve of experimental data. 


every 180 degrees in the (1450) plane (2 fold with respect to the 
indenter). Furthermore, the magnitude of the variation from min- 
imum to maximum value for a single plane is different for different 
planes. Thus the variation in hardness in the (111) plane of silicon 
ferrite is much less than in the (001) and (110) planes. Likewise, 
the variation of hardness in the (0001) plane of zinc is small 
compared with the variation in the (1450) plane. Interesting too is 
the fact that maxima and minima hardness in each plane occur in 
the vicinity of simple crystallographic directions. 


1949 HARDNESS OF ZINC AND SILICON. FERRITE 433 


The over-all dependency of hardness upon crystal orientation as 
noted above indicates that in reporting the Knoop hardness of a 
single crystal it is essential to specify the crystallographic plane of 
test and the direction of the long diagonal of the indenter. Further, 
the effect of orientation should be carefully considered in any case 
where an unsymmetrical indenter is employed. In this connection 
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Fig. 12—Effective Resolved Shear Stress Versus 
6 for Tatenteiieas on the (111) Plane of Silicon 


Ferrite with Slip on {110}, {112}, and {123} Planes 
Respectively. Also curve of experimental data. 


a more symmetrical indenter than the Knoop would in general de- 
crease the magnitude of hardness variations. A square based pyram- 
idal indenter such as the Vickers, however, would not decrease the 
variations in the (001) plane of silicon ferrite since each facet would 
penetrate metal at equivalent orientations. 

In reporting hardnesses of silicon ferrite it may be possible to 
circumvent the necessity of specifying crystal plane and indenter 
direction by employing an averaging process suggested by the experi- 
mental results. A glance at Table I reveals that the average hard- 
ness of all three plaries of silicon ferrite is the same within experi- 
mental error. This indicates that for silicon ferrite the average hard- 
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ness is independent of crystal plane. If desirable, then, the hardness 
of two different crystals of unknown orientations may be compared 
by taking measurements at close angular intervals and averaging 
over 180 degrees.” 

It should be remembered that the average hardnesses reported 
herein are obtained from measurements at 10-degree intervals. Values 
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Fig. 13—Effective Resolved Shear Stress Versus @ for 
Indentations on the (0001) Plane of Zinc and Curve of 
Experimental Data. 


taken at smaller intervals from the curve would yield a more accurate 


T 
average ; and of course f KHN dé would represent the best average 
o 7 

for any plane. Results computed from this expression would be 
compatible with those obtained with a Brinell penetrator. In this 
connection the constancy of hardness for the three planes of silicon 
ferrite constitute good agreement with the work of Pfeil (2) pre- 
viously mentioned. In the case of zinc, however, the results given 





7180 degrees will always include all possible types of crystallographic directions, because 
the indenter has 2-fold symmetry. 


- 
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in Table I indicate that average hardness does depend upon crystal- 
lographic plane. In general, average hardness values for body- 
centered and face-centered cubic lattices in metals appear to be 
independent of the plane tested, whereas in other types of lattices this 
probably is not true. 
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Fig. 14—Effective Resolved Shear Stress, Experimen- 
tal Data, and Resolved Shear Stress for the (1450) Plane 
of Zinc. 


Theoretical Results—Effective resolved shear, like hardness, is 
dependent upon crystal orientation. The per cent variation in ERS 
estimated from Figs. 10, 11, and 12 for silicon ferrite and Figs. 13 
and 14 for zinc is even larger than the per cent variation in hardness 
previously mentioned; therefore, ERS values appear adequate to 
account for the magnitude of the experimentally determined hard- 
ness variations. 

In regard to the shape of the calculated curves, by proper 
selection of slip plaries good agreement can be found between theory 
and experiment for all cases except the (0001) plane of zinc. 
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For the (001) plane of silicon ferrite all three curves based on 
each type of slip system agree with experiment (see Fig. 10). For 
the (110) test plane, agreement is best for slip on {110} planes 
(Fig. 11). Finally for the (111) test plane, good agreement is 
obtained with slip on either the {112} or {123} planes (Fig. 12). 
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_ Fig. 15—Resolved Shear Stress Versus @ for Indenta- 
tions on the (110) Plane of Silicon Ferrite with Slip on 
{110}, {112}, and {123} Planes Respectively. Also curve 
of experimental data. 


For the (1450) plane of zinc, agreement of theory and experi- 
ment was reasonably good, but in the case of the (0001) plane theo- 
retical curves were 30 degrees out of phase with experimental curves. 

Experimentally, markings indicative of some twinning were 
observed adjacent to the indents on the zinc crystal. A consideration 
of a stereographic projection of the (0001) plane would show that 
twinning can move metal toward the surface in a direction parallel 
to F; so deformation by twinning may be quite favorable. Further, 
a phase shift as mentioned in the preceding paragraph could con- 
ceivably be expected if twinning rather than slip predominated in 
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tests on a (0001) plane. Zinc was chosen for experiment because 
of its simple slip system; actually the theoretical treatment is com- 
plicated by the presence of twinning. 

Although in some respects the theoretical treatment proves in- 
adequate, effective resolved shear does seem capable of explaining 
directional hardness effects in a qualitative manner. 

Furthermore, the expression for ERS could conceivably be mod- 
ified to eliminate anomalies between predicted and experimental re- 
sults by introducing some of the aspects of twinning and simultaneous 
slip on two or more slip systems. Also a determination of the active 
slip planes to compare with those predicted by the theory would be 
of interest and of value for further modification of the theory. 


CONCLUSIONS 


1. The Knoop hardness of single crystals of silicon ferrite and 
zinc varies with crystal orientation. 

2. The cyclic form of the variation in Knoop hardness for a 
particular plane of test depends on the crystallographic plane. On 
the (001) plane of silicon ferrite, hardness values repeat every 90 
degrees; on the (110) plane, every 180 degrees; and on the (111) 
plane, every 60 degrees. On the (0001) plane of zinc, hardnesses 
repeat every 60 degrees, while on the (1450) plane, every 180 
degrees. 

3. When Knoop hardness values, taken at equal small angular 
intervals on a given plane, are averaged, the average hardness is 
independent of plane for silicon ferrite and dependent on plane for 
zinc. 

4. In general the form of the experimental results can be ex- 


plained qualitatively by means of a modified resolved shear stress 
formula. 
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DISCUSSION 


Written Discussion: By H. C. Vacher, metallurgist, National Bureau 
of Standards, U. S. Department of Commerce, Washington, D. C. 

I have read the authors’ paper with considerable interest because 
we have a similar investigation in progress and have obtained similar 
results. Our work has been confined principally to copper. The results 
for copper showed 2, 4, and 6-fold symmetry for the (110), (100) and 
(111) planes respectively with the maxima and minima corresponding to 
the orientations shown in this paper for silicon ferrite. 

Copper is particularly interesting theoretically because slip lines 
near the indents are readily observable. I have applied the authors’ 
Equation II to results obtained on a surface approximately parallel to 
the (110) plane and with the long diagonal approximately parallel to 
a (110) direction. The four highest ERS values were obtained for slip- 
system-facet combinations whose slip planes were indicated by slip lines 
near the indent. We hope to be able to publish a report on our results 
in the near future. 

Written Discussion: By Horace Winchell, Mineralogical Laboratory, 
Yale University, New Haven, Conn. 

This exceedingly fine paper is the first in my experience that brings 
some degree of order to the theory of hardness testing with an asym- 
metrical point. The authors’ use of resolved shear stress in their calcu- 
lations sheds light upon the problem of continuous variation of hardness 
with changing azimuth of the long axis of the indenter, when we all know 
very well that the crystal structure of a plane surface is discontinuous 
with reference to a variable direction. It seems as if perhaps the time 
is at last ripe for an experiment where a large model of the indenter 
point is pushed against an atomic packing model of a crystal, to observe 
whether the slip systems brought into play actually do agree with those 
postulated. Even if the experimental conditions cannot duplicate those 
in the crystal very closely, the chances of interesting and worthwhile 
results seem good. 


as 
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As a footnote to the results quoted by these authors, I should add 
here that similar results have been obtained in preliminary experiments 
on brittle mineral crystals. We used a much lighter load, but otherwise 
nearly the same setup as described by the authors. 

Congratulations for a most enlightening bit of research! 

Written Discussion: By A. G. Guy, associate professor, Department 
of Mechanical Engineering, North Carolina State College of Agriculture 
and Engineering, University of North Carolina, Raleigh, N. C. 

The authors are to be complimented on their success in explaining 
such a complex phenomenon as a hardness test in terms of the funda- 
mental slip process. The anisotropy of hardness in single crystals was 
observed in 1942 at the Carnegie Institute of Technology in a series of 
Tukon tests on copper-beryllium alloys. Data were then obtained on suit- 
ably oriented single crystals of pure aluminum, but attempts at analysis of 
these data were unsuccessful. The procedure used in the study of the 
copper-beryllium alloys to avoid orientation effects was to maintain the 
orientation constant. 

The method of analysis used by the authors has been applied to the 
Tukon testing of aluminum single crystals with the result shown in the 
table. For tests on a given crystal plane there is very nearly the desired 
inverse proportion between the cosine factor and the hardness number. 
However, the correlation for hardness tests on the two different planes 
is not good. Since there is nothing in the method of analysis that 
suggests this correlation should not be expected, it appears that the 
analysis might be improved. 

One of the difficulties is undoubtedly that slip occurs on slip systems 
in addition to the one with the highest cosine factor. Photomicrographs 
of the Tukon indents in aluminum single crystals show that this is true 


at least in the instances of the last three of the four tests given in 
Table II. 














Table Il 
Crystal Plane Crystal Direction 
on Which the of the Long Axis KHN 0.277 
Test Was Made of the Indenter KHN 18.0 CosAcos@cos¥ cos\ cosdécosY¥ 
(001) [010] 17.8 0.989 0.277 1.000 
(001) 45° from [010] 12.1 0.672 0.353 0.785 
(101) [010] 18.0 1.000 0.310 0.894 





(101) 90° from [010] 14.3 0.795 0.368 0.753 


Written Discussion: By L. P. Tarasov, metallurgical engineer, Norton 
Company Research Laboratories, Worcester, Mass. 

The authors have shown that for a given crystallographic plane the 
Knoop hardness numbers of silicon ferrite and of zine vary significantly 
with the crystallographic direction of the long diagonal of the indentation 
lengths. It would be interesting to know to what extent the ratio of 
the long and short diagonals varied with crystallographic direction and 
whether the hardness numbers calculated from the indentation areas 
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differed appreciably from the ones calculated in the ordinary manner 
from the lengths alone. Such variations in the ratio of the diagonals 
are known to occur in very hard substances of a nonmetallic nature, and 
they are attributed to differences in the elastic recovery with crystal- 
lographic direction. 

A point worth mentioning is that the unrecovered hardness, which 
is the hardness number calculated before any elastic recovery of the 
indentation has taken place, should show the same sort of anisotropy 
as that found by the authors. This is because the unrecovered indenta- 
tions, such as exist before the load is removed, must have the theoretical 
ratio of long to short diagonal lengths derived from the geometry of 
the indenter, and this same ratio is used in the calculation of the meas- 


ured (or recovered) hardness numbers involving the indentation lengths 
alone. 


Written Discussion: By Russell W. Mebs, metallurgist, National 
Sureau of Standards, Washington, D. C. 

The authors present an interesting interpretation of the effect of 
crystal orientation on the resistance to deformation by indentation for 
metal single crystals. They re-emphasize the fact often ignored that 
individual crystals have directional characteristics, and therefore, when 
properties are measured in-terms of one or a small number of crystals, 
account should be taken of such anisotropic effects. 

A serious defect in the theoretical calculations lies in the assumption 
that each indenting facet produces a tensile stress in the adjacent metal 
parallel to the direction of the steepest slope of the facet. Basic mechan- 
ical principles dictate that each facet should produce a large compressive 
stress in the adjacent metal in a direction normal to the contact plane, 
plus a small frictional shear stress component parallel to the plane and 
in a downward direction. The compressive stress may be resolved as a 
hydrostatic compressive stress, which would produce no plastic flow, 
plus a shear stress along planes diagonal to the parallel and normal 
directions. The total resolved shear stress, which includes the frictional 
component, would also lie along diagonal planes, only slightly altered in 
directions from those indicated above. Hence flow would take place by 
multiple shear along certain crystal planes preferentially oriented with 
respect to the above planes of total shear stress, so as to produce flow 
in the direction of least constraint. Thus is produced the bulging adja- 
cent to each edge of the impression. I cannot conceive a mechanism 
whereby a compressive force normal to the surface of a metal would be 
translated to a lateral tensile stress a short distance beneath that surface. 
On the other hand, lateral flow can occur although the transverse com- 
ponent of principal stress be small or zero. 

Because of the anisotropy of a single crystal, the stress distribution 
under load is probably equally or more complex than that shown by 
Heyer® in the Brinell hardness testing of polycrystalline metals. Further- 
more, plastic flow might be expected to produce crystal fragmentation, 


_8Robert H. Heyer, “‘Analysis of the Brinell Hardness Test,” Proceedings, American 
Society for Testing Materials, Vol. 37, Part II, 1937, p. 119-141. 
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rotation, and possibly a new preferred orientation in the more severely 
deformed portions of the metal. 

Thus the analysis of the authors is believed to require considerable 
modification and amplification in order to explain the observed anisotropy 
in hardness measurements. 

It is hoped the authors will extend their careful measurements of 
the effect of crystal orientation on Knoop hardness numbers to single 
crystals of other metals. 

Written Discussion: By Robert I. Jaffee, Battelle Memorial Institute, 
Columbus, Ohio. 

The results given in this fine paper help to explain the wide variation 
in Knoop hardness readings obtained on testing polycrystalline material. 
Usually, the entire Knoop impression is located entirely within a single 
grain, and the average Knoop hardness of a polycrystalline material is 
taken as the average of many grains of different orientation. Thus, the 
scatter of results is wide in polycrystalline material, whereas the results 
given in the present paper appear to be remarkably consistent. 

The unidirectional nature of the Knoop indenter helps to accentuate 
orientation effects. From a practical point of view, this is disadvanta- 
geous when one is working with polycrystalline materials. The effect 
of orientation on hardness would diminish, but not be entirely eliminated, 
if a square impression such as is obtained with a Vickers diamond were 
used. Therefore, it appears that the micro-Vickers would be a more 
useful hardness test for polycrystalline materials than the Knoop. 


Authors’ Reply 


We wish to thank all those who have commented on the paper. 
It is encouraging to know that others are interested in the anisotropy 
of hardness and are appreciative of its importance in hardness testing. 

We share Mr. Vacher’s hope that he will soon publish his work on 
single crystals of copper. Copper, incidentally, provides a more simple 
case for theoretical treatment than silicon ferrite because it has but one 
type slip system. Also copper does not twin as easily as zinc, which also 
is an advantage in theoretical treatment. 

Dr. Winchell’s suggestion of a study of an atomic model under 
influence of a large-scale indenter presents interesting possibilities. 

Dr. Guy, who pioneered some of the early theory on the anisotropy 
of Knoop hardness, has made some well considered remarks. As he 
points out, rather poor correlation of theoretical and experimental data 
may exist because the slip planes actually in operation were not deter- 
mined. We recognized this (page 437), but our initial attempts to deter- 
mine the slip systems by microscopic examination were unsuccessful. 
For this reason all possible slip systems were dealt with in the case of 
silicon ferrite. 

With regard to Dr. Tarasov’s comments on recovery, we feel that 
directional variations in elastic recovery are very small in the relatively 
soft metals used in this investigation. In harder materials, however, 
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directional variation of the ratio of long to short diagonal is a factor 
to be considered. 

Mr. Mebs in his analysis of the forces producing motion of metal 
to the surface has, we believe, made an important contribution to the 
theoretical treatment. First we should state that the force F (see Fig. 6) 
was assumed solely on the basis that the metal is actually moved toward 
the surface. The origin of the force was considered as a reaction force 
of hydrostatic nature similar to the forces about a wedge being pushed 
into an amorphous solid. 

We realize that Equation II was not rigourously derived. Mr. Mebs 
has raised a legitimate objection concerning the detailed nature of the 
resolved forces. Perhaps the method of calculation could be altered so 
as to be more consistent with the forces involved. This might be 
accomplished by using a force parallel to N (Fig. 7) as the force causing 
deformation. Then if the same small cylinders of metal are assumed 
beneath the indenter, only the values of A will be altered. Whether such 
a change will yield correlative results can only be determined by mechan- 
ically carrying out the calculations. In some positions of the indenter 
the trends of variation would be similar to those already calculated. 
In general, however, different results would be expected. 


THE EFFECT OF SINGLE ADDITION METALS ON THE 
RECRYSTALLIZATION, ELECTRICAL CONDUCTIVITY 
AND RUPTURE STRENGTH OF PURE ALUMINUM 


By R. H. HarrIncton 


Abstract 


Of eleven addition metals, the individual alloying 
effects of iron, magnesium and zirconium proved most 
important. The electrical conductivity of “pure” aluminum 
ts about 64% of that of pure copper. In both annealed 
and cold-worked conditions, the addition of 0.35% szir- 
conium gave outstanding rupture strength but the elec- 
trical conductivity for the cold-worked condition was 
lowered to 53%. Zirconium also raised the recrystalliza- 
tion temperature to about 600°C (1110°F), just below 
the melting point. The addition of 1% iron, usually re- 
garded as an undesirable impurity, yielded outstanding 
rupture strength for the annealed condition while matn- 
taining a high electrical conductivity of 61% and raising 
the recrystallization temperature to about 450 °C (840 °F). 
Of the high conductivity materials (61.6%), the addition 
of only 0.2% magnesium gave the highest rupture strength 
for the cold-worked condition while raising the recrystal- 
lization temperature slightly from about 275°C (525 °F) 
to about 320°C (610°F). This program was basic to the 
development of more complex compositions having high 
electrical conductivity and creep strengths much superior 
to that of commercial E. C. Grade aluminum. 


INTRODUCTION 


ARGE high speed electric generators have in some cases suffered 
plastic deformation of the copper or aluminum rotor windings, 
caused by stresses produced by restrained expansion. Such defor- 
mation takes place gradually, and seems to be associated with re- 
peated cycles of service and shutdowns. The cumulative result, after 
years of service, may be short circuiting some of the turns, or 
grounding, of the winding. Many large 3600-rpm generators with 
very long rotors were built with field coils of aluminum, for its more 
A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The author, R. H. Harrington, 


is research metallurgist, General Electric Research Laboratories, Schenectady, 
Y. Manuscript réceived May 6, 1948. 
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favorable ratio of conductivity to weight, so as to reduce centrifugal 
stresses and permit the use of large diameter rotors. The best com- 
mercial aluminum (“electrical conductivity” or E.C. Grade) consists 
of a minimum of 99.45% aluminum, with the chief impurities being 
0.25 to 0.45% iron and about 0.10% silicon. Its electrical conduc- 
tivity may range from 61.5 to 62.5% (conductivity of pure copper 
= 100%). Improvement of the elastic and creep strengths of this 
aluminum is greatly desired. 

To develop a stronger aluminum, it was necessary to undertake 
a basic program of research to determine the effect of single addition 
metals on the recrystallization, electrical conductivity, and rupture 
strength of “pure” aluminum. A search of the literature showed 
that various “pure” aluminums have given electrical conductivities 
ranging from 63.5 to 65.4%. A few references cited the effects 
of one or two addition metals on the electrical conductivity of “pure” 
aluminum. Published reports on the effects of addition metals on 
the recrystallization and rupture strengths of aluminum appeared to 
be completely lacking. 


COMPOSITION AND PREPARATION OF THE ALLOY MATERIALS 


In some cases, the quantities of added metals were judged from 
standard equilibrium diagrams and, in a number of cases, were deter- 
mined by logical assumptions. In each case the goal was to add as 
much of the second metal as possible to contribute strength without 
unduly lowering the electrical conductivities. The chosen composi- 
tions, types of materials added, and the actual compositions by spec- 
trographic or chemical analysis are given in Table I. 


Table I 
Composition of Materials 

Alloy % by Material Spect phic Chemical 
No. Addition Added Analysis Analysis 

A 99.95% Al none* 
1 0.3 Ag fine silver ie 0.28-0.28 
2 0.3 Be 5 Be-95 Al BS tt oe a 
3 0.2 Cr 98 Cr-—2 Fe 0.20 ecnPeokes 
4 0.3 Cu tough pitch Cu ef: lie Keene 
5 1.0 Fe elec. Fe powder ives 1.09-1.09 
6 0.2 Mg pure Mg Be: Sen eae 
7 0.05 Mn elec. Mn 0.089 cies wake + 
8 0.5 Ni shot Ni oon 0.48-0.47 
9 1.0 Si 99.53 Si — 0.47 Fe 0.82 0.82-0.83 
10 0.05 Ti +-Al pressed powder 0.03 sin cat ailatal ig 
11 0.5 Zr +Al pressed powder a i 0.36—0.35 





“Alloy consists of 99.95% Al, impurities by spectrographic analysis consisting of traces 
of Cu and Si, with Fe, Mg, Cr, and Ti reported as nil. 


- 
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The base aluminum of 99.95% purity was furnished by the 
Aluminum Company of America. In each case the aluminum charge 
was first melted in a resistance heated graphite crucible, heated to 
about 800 °C (1470 °F), and the alloying material was then added. 
The melt was then cooled to about 700°C (1290°F) whereupon it 
was poured into preheated graphite molds giving cast rods of about 
450 mils diameter. The metal charged in each case was about 2.5 
pounds and the total time for melting and pouring was about 10 
minutes. Types of fractures and microstructures of the as-cast 
materials will be discussed later. 

For the series of “aluminums”, described in Table I, all mate- 
rials were treated practically identically according to the following 
schedule : 

1. Rods cast to 450 mils diameter. 

2. Cast rods cold-swaged about 25% reduction to 400 mils 
diameter. 

3. All rods then annealed for 4 hours at 400°C (750 °F) with 
the exception that Alloy 11 (0.35% zirconium) was annealed 10 
hours at 500°C (930 °F). 

4. All annealed 400-mil rods were then cold-swaged a uniform 
reduction of 60% to 250 mils diameter. 

5. For rupture tests in the annealed state, the cold-swaged 250- 
mil rods were annealed for % hour at 500°C (930°F) in pure dry 
nitrogen atmosphere. 

Recrystallization-hardness studies were made of the 60% cold- 
worked 250-mil diameter rods. Electrical conductivity tests were 
made on these rods as cold-swaged 60% and after 400 and 500 °C 
(750 and 930°F) anneals of the same stocks. Rupture tests were 
conducted on the 250-mil diameter rods as cold-swaged and after 
annealing at 500°C (conditions 4 and 5). Microstructures of the 
annealed 250-mil diameter rods (condition 5) were compared with 
the “as-cast” structures. 


QUALITATIVE “HAND-AND-EyYE” TESTS OF THE ALLOYS 


Although qualitative tests must be held suspect for future proof, 
they are nevertheless of real value in establishing predictions and in 
focussing attention on nonconformists in the group. Research, in 
its strictest sense, usually ignores purely qualitative tests with a 
result somewhat similar to the eating of perfectly cooked, but un- 
seasoned, food. 
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Table II lists the fracture structures and relative “ductility” 
of these fractures of the as-cast materials, from samples broken by 
impact, using the hand-hammer-and-vise method. 


Table Il 
Fracture Studies of This Aluminum Series (As-Cast) 
Alloy % -—————Impact Fracture Comments—————_, 
o. Comp. Fracture Structures Impact Ductility 
A “pure” radial dendrites very ductile 
1 0.3 Ag radial dendrites slightly ductile 
2 0.3 Be dend. rim, fine-grained core ductile, tough 
3 0.2 Cr radial dendrites brittle, bright 
4 0.3 Cu radial dendrites slightly ductile 
5 1.0 Fe radial dendrites ductile, dull 
6 0.2 Mg radial dendrites very ductile 
7 0.1 Mn cellular very ductile 
R 0.5 Ni radial dendrites slightly ductile 
W 0.8 Si radial dendrites brittle 
10 0.05 Ti radial dendrites very ductile 
11 0.35 Zr radial dendrites medium ductile 


The 60% cold reduction of the annealed 400-mil rods, finishing 
to 250 mils diameter, gave a good opportunity to rate this series 
as to cold workability. It was also found that if 24-inch lengths 
of the cold-worked 250-mil rods were grasped with the hands at 
the two ends, differences in stiffness could be judged qualitatively 
by hand flexing or bowing the rods. In this way flexibility (elastic 
bending) and stiffness for this series were rated on the basis of 10 
for the “‘stiffest” alloy and recorded in Table III. As is well known, 
there is no direct relationship between impact ductility and most 
methods of cold forming, or cold workability. This is further 
indicated by comparing “impact ductility” of Table II with “cold 
workability” of Table, IIT. 


Table Ill 
Cold Workability and Stiffness of Wrought Materials 
Alloy % Stiffness Cold 
No. Comp. Flexibility Factor Workability 
A “pure” bends very easily 4 very good 
1 0.3 Ag bends very easily 1 very good 
2 0.3 Be very stiff 10 very good 
3 0.2 Cr bends quite easily 2 fair 
4 0.3 Cu bends very easily 1 fair 
5 1.0 Fe very stiff 8 very good 
6 0.2 Mg bends quite easily 2 very good 
7 0.1 Mn bends very easily 1 very good 
8 0.5 Ni somewhat stiff 3 fair 
9 0.8 Si flexes quite easily 2 poor 
10 0.05 Ti bends very easily 1 very good 
11 0.35 Zr very stiff 10 good 
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The results of qualitative tests, as given in Tables II and III, 
call attention to Alloys 2, 5 and 11 (Be, Fe and Zr, respectively). 
Subsequent rupture tests prove some value to these qualitative leads. 
However, the beryllium alloy proves to be a disappointment in this 


property while the magnesium alloy proves to be a “sleeper” of 
surprising value. 


RECRYSTALLIZATION-HARDNESS STUDIES FOR THE BINARY SERIES 


Individual samples of each of the 12 members of the alloy series, 
cut from the 60% cold-worked rods, were heated for 4 hours at each 
of a series of temperatures ranging from 125 to 400°C (and to 
500 °C for the Fe, Be, and Zr alloys). Rockwell H hardness tests 
were made on the flat rectangular (axial) surfaces of the half 
cylinders (cut axially previous to the aging treatments). The 
samples had been cut from the 250-mil diameter rod stock with a 
very thin cut-off wheel while the cylinder-sample was continually 
drenched in cold water. The Rockwell H hardness values were then 
plotted against the aging temperature. Since the Rockwell scale is 
purely empirical, negative scale readings are as valid as positive ones. 

The results fall into three alloy groups: (a) The first group 
includes those addition metals which do not appreciably alter the 
recrystallization-hardness curve for “pure” aluminum; (b) the second 
group contains those addition metals which show more work harden- 
ing than does pure aluminum, which also show appreciable age hard- 
ening previous to recrystallization, and which have recrystallization 
temperatures somewhat higher than that for pure aluminum; and 
(c) the third group includes those addition metals which show marked 
work hardening for the same amount of cold work as was applied to 
the pure aluminum, which show marked thermal stability before re- 
crystallization, and which, with one exception, exhibit phenomenally 
high recrystallization temperatures. The results are plotted respec- 
tively in Figs. 1, 2 and 3. In each figure the recrystallization- 
hardness curve for pure aluminum is reproduced for purposes of 
comparison. It should be remembered that all alloy materials had 
received, as nearly as possible, identical treatment, finishing with 
60% cold reduction (in cross section area). 


Group 1. The Addition Metals Ag, Mn, and Ti. (Fig. 1) 


The curve for:the basic 99.95% pure aluminum shows a continu- 
ous downward trend at all temperatures above room temperature. This 
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Fig. 1—Recrystallization-Hardness Curves for Group 1. (Manganese, Titanium, Silver.) 


80 
70 


60 —S —————6 
g3----+------+ g----- 


50 | Pure Al : 


40}- ofan 























oe 





-20-6——;-—__1—__+ 

-30+ | | Samples Aged 4 Hours | 

| At Each Temperature 
iscetianinidinalbis 4 = 


Rockwell H Hardness 
oO 

















| 


As- Cold- 50 100 I50 200 250 300 350 400 450 500 
Cast Worked 

Temperature °C 
2—Recrystallization-Hardness Curves for Group 2. (Chromium, Magnesium, 


Fig. 
Nickel, Silver.) 


indicates that cold-worked pure aluminum possesses no true thermal 
stability and that, theoretically, it tends to recrystallize even at room 
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Fig. 3—Recrystallization-Hardness Curves for Group 3. (Copper, Iron, Beryllium, 
Zirconium. ) 


temperature. The curve for the 0.05% titanium alloy is nearly 
identical with that for pure aluminum. Both the 0.3% silver and 
the 0.1% manganese alloys show very slight age hardening previous 
to recrystallization and thus are more thermally stable than either 
the 0.05% titanium alloy or the pure aluminum. All four of these 
materials have nearly identical “‘recrystallization temperatures’. 


Group 2. The Addition Metals Cr, Mg, Ni, and Si. (Fig. 2) 


Whereas in Group 1 the hardness for the four alloys in the 
“as cast” condition was nearly identical, the four addition metals in 
Group 2 cause quite a spread in hardness, as cast. In contrast with 
the curve for pure aluminum, the recrystallization-hardness curves 
for these addition metals show definite age-hardening and real ther- 
mal stability at temperatures below those that result in normal re- 
crystallization-softening. The 0.5% nickel alloy has a slight tendency 
for a lower recrystallization temperature than for pure aluminum. 
The additions of 0.8% silicon, 0.2% magnesium and 0.2% chromium 
tend to give recrystallization temperatures in the range of 50 degrees 
above that for pure aluminum. The 0.2% magnesium and the 0.2% 
chromium alloys have the highest curve-knees and therefore are 
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probably outstanding in this group for thermal stability. It is also 
to be noted that, in the fully annealed condition, the four alloys of 
Group 2 have markedly higher hardness than does pure aluminum 
and are, therefore, inherently quite a bit stronger. 


Group 3. The Addition Metals Cu, Fe, Be, and Zr. (Fig. 3) 


These four addition metals result in the widest spread of hard- 
ness as cast, with the 0.3% beryllium contributing the greatest hard- 
ening, followed closely by 1.0% iron. In the cold-worked condition, 
all four alloys are considerably harder and stronger than pure alu- 
minum. Comparison of the “as cast” hardness with that of the 60% 
cold-worked condition indicates an extreme work hardening capacity 
for the alloy of 0.35% zirconium. The alloy of 0.3% copper gives 
a somewhat anomalous curve and appears to bridge the gap between 
Groups 2 and 3 (beyond that, it is of no particular interest). It is 
obvious that the addition metals iron, beryllium, and zirconium are 
practically phenomenal in extending the thermal stability and in 
raising the recrystallization temperature of pure aluminum (by 100 
to 300°C). The recrystallization-hardness curve for the 1.0% iron 
alloy is practically normal. It must be remembered that iron has 
generally been regarded as an undesirable impurity (as it really is 
in some aluminum alloys). The addition of 0.3% beryllium pro- 
duces a slight tendency for two age hardening maxima, and aging at 
500 °C does not quite completely anneal this material. The most 
startling effect is that of 0.35% zirconium, resulting in two very real 
age hardening maxima (at 275 and at 400°C). All the data of 
the three groups show that all of the other alloys, when fully an- 
nealed, have hardnesses appreciably below those for their “as cast” 
conditions. Consider then the case of the 0.35% zirconium alloy: 
it has only begun to soften at 500 °C (930°F)! Our earlier roughly 
qualitative tests pointed to the addition metals iron, beryllium, and 
zirconium as most interesting and it seems as though this prophecy 
would be proven. But wait! There will finaily be one disappoint- 
ment in the three and there still is the “sleeper’’. 


Tue EFFEctT OF THE ADDITION METALS ON ELECTRICAL 
CoNDUCTIVITY 


The electrical conductivities were measured for the 250-mil 
diameter (60% cold-worked) rods of the alloys in each of three 





a 
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Table IV 
Effect of Treatment on the Electrical Conductivities 
Alloy % 60% Annealed Annealed 
No. Comp. Cold-Worked 4 Hrs. 400 °C 10 Hrs. 500 °C 
A ‘‘pure”’ 64.1 64.4 64.2 
1 0.3 Ag 65.0 62.3 62.4 
2 0.3 Be 62.5 63.4 63.4 
3 0.2 Cr 50.1 49.8 50.1 
4 0.3 Cu 60.9 61.0 60.8 
5 1.0 Fe 60.8 61,2 61.7 
6 0.2 Mg 61.6 61.3 61.6 
7 0.i Mn 58.6 58.6 58.6 
8 0.5 Ni 62.9 63.2 63.1 
9 0.8 Si Surface and internal cracks prevented tests. 
10 0.05 Ti 62.2 62.4 62.4 
11 0.35 Zr 53.3 55.9 60.5 


| 


conditions: (a) as cold-worked, (b) after annealing 4 hours at 400 °C 
(750°F), and (c) after annealing 10 hours at 500°C (930 °F). 
The results are presented in Table IV. The variation of conductivity 
with treatment of the material seems in many cases to be anomalous. 
Still, in most cases, there are possible reasons. The electrical con- 
ductivity of “pure” aluminum is very high and checks well with the 
maximum of 0.05% of impurities. With annealing of cold-worked 
material, it is normal to expect the conductivity to increase due to 
reduction of lattice distortion from the cold working. However, for 
“pure” aluminum, the conductivity is lower after annealing at 500 °C 
(930 °F) than after annealing at 400°C (750°F) (and still higher 
than for the cold-worked condition). One explanation could be 
that the cold work lattice-distortion induced precipitation of some 
of the minute impurities during annealing at 400°C (750°F) and 
that re-solution took place at 500°C (930°F). The quantity of 
precipitation involved would be far too small to cause measurable 
strengthening and yet the hardness after aging at 400°C (750 °F) 
is further very slightly lowered by annealing at 500°C (930°F). 
In comparison with other pure metals (as for copper), it is sur- 
prising that 60% cold work should have so little effect on the con- 
ductivity of annealed pure aluminum. The marked maximum of 
conductivity for the 0.3% silver alloy in the 60% cold-worked con- 
dition remains a true anomaly at this time. The conductivity varia- 
tions for the 0.35% zirconium alloy have a possible explanation: 
(a) The conductivity after aging at 400°C (750 °F) is higher than 
forthe cold-worked condition although aging at 400°C (750 °F) 
develops the second hardness maximum for this alloy, higher hard- 
ness than for the cold-worked condition; (b) this combination of 
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effects suggests lattice-strain induced precipitation with lattice dis- 
tortion still pronounced; and (c) although further aging at 500 °C 
(930 °F) would tend to cause re-solution of the precipitated phase, 
the further relief from lattice distortion could result in further actual 
increase in conductivity as indicated by the data in Table IV. Thus 
some of the anomalies in the conductivity data are explainable while 
others remain as true anomalies. Consider the case of the alloy 
containing 0.10% manganese: that so small an amount of alloy 
metal should lower the conductivity so much and then to have the 
conductivity constant for all conditions, cold-worked or annealed! 
It is to be noted for the alloy of 0.35% zirconium that, while its 
cold-worked hardness and strength and its thermal stability are so 
promising, in the plain cold-worked condition its electrical conduc- 
tivity is too low to permit rating it as a truly high conductivity 
material: to achieve a high conductivity the cold-worked alloy must 
be aged at 500 °C (930 °F). 


STANDARD RUPTURE TESTS OF THE BINARY ALUMINUM SERIES 


The rupture test bars used for this program were 2 inches long 
with about 1 inch gage length, 250 mils in diameter at the threaded 
ends and 159 mils in diameter over the gage length. These bars were 
machined from the 60% cold-worked 250-mil diameter rod stock 
previously described. For rupture tests of the alloys in the annealed 
condition, the required test bars were annealed for % hour at 500 °C 
(930 °F) in an atmosphere of pure dry nitrogen. 

The temperature for rupture testing was chosen as 125°C 
(255 °F) to represent the effective operating temperature in the 
generator windings. The rupture test (as usual) consisted of load- 
ing the bars to various specified chosen stresses and heating the bars 
under those stresses continuously at 125°C (255°F) until the bar 
either fractures or bears the load without fracture for so long a time 
that the test is discontinued (usually more than 1000 hours). Thus 
rupture strength is the maximum stress borne without fracture for 
a specified time (such as 1000 hours) at a given temperature. 
Similarly, alloys may be compared on the basis of rupture life: the 
number of hours to fracture under the same stress at the same 
temperature. The chief value of the rupture test is to qualitatively 
sort materials into those alloys which would have low creep strength 
from those promising high creep strength. Since there is no direct 
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relation between rupture strength (or rupture life) and actual creep 
strength, the rupture test merely indicates those alloys that merit 
the time and cost involved in determining their creep strength. A 


summary of the rupture tests for the annealed binary aluminum series 
is given in Table V. 


Table V 
Rupture Test Results for the Annealed Binary Aluminum Series 





c————Life in Hours at 125 °C (Stresses Below) —————__ 


Alloy % 4500 5250 6000 6750 7500 8250 9000 10,500 
No. Comp. psi psi psi psi psi psi psi psi 
A “pure” 60 name 0.6 eer 0.03 
1 0.3 Ag 28 3.6 1.4 iow 0.03 it 
2 0.3 Be vee amen 729 256 5.2 kes 0.55 
3 0.2 Cr oun 0.05 ivan wid Tt via Jat 
a 0.3 Cu wate aii 70 se 3.8 che 0.05 
5 1.0 Fe oes Keae Gan’ Viv 1008* 108 3.7 
6 0.2 Mg ose ee 675 0.15 iat aaa 
7 0.1 Mn 17 aehas T Bis 
8 0.5 Ni oak ake 58 ios 0.55 
9 0.8 Si ohn ers. ies bas aan , ; 
10 0.05 Ti 117 bea 0.20 iss 0.03 eas wi 
11 0.35 Zr See no's eee sate see 1875* 74 


*Test stopped at time indicated without failure. 
tBroke loading. 


Inspection of Table V quickly indicates that the 0.35% zirconium 
alloy is outstanding in rupture strength. Among the high conduc- 
tivity materials, the 1% iron alloy is outstanding with the 0.3% 
beryllium alloy well behind in second place and the 0.2% magnesium 
alloy a close third among the annealed materials. 


Table VI 
Rupture Test Results for the Cold-Worked Binary Aluminum Series 


c———Life in Hours at 125 °C (Stresses Below) —————_, 


Alloy [%o 7500 8250 9000 10,500 10,875 11,250 12,000 13,500 
No. Comp. psi psi psi psi psi psi psi psi 
A “pure” 148 58 ( 89) > 0.05 : sos 
1 0.3 Ag 1078* 139 0.15 ste 
2 0.3 Be 1823* 749 94 8 Nes suiais 
3 0.2 Cr ‘haw bea 1364* 35 0.6 sae sews sans 
a 0.3 Cu ones ees 778 237 awe com 5 0.53 
5 1.0 Fe Coe ee egael 316 a 102 38 2 
6 0.2 Mg none nae 2954* 366 2 
7 0.1 Mn 0.04 bas 0.03 Mea een oie 
8 05 Ni ee es. X68 1 O55 we. we eee 
9 0.8 Si 3 ae saith ae ence 
10 0.05 Ti 1435 ee a. 45 ise ire 0.02 cua 
11 0.35 Zr é4ee wae cane et we 867 246 0.10 


*Test stopped at time indicated without failure. 





Inspection of Table VI yields the startling disclosure that the 
0.2% magnesium alloy (the “sleeper” ), in the cold-worked condition, 
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has the highest rupture strength of all the materials, with 0.35% zir- 
conium a close second, followed by the 1% iron and 0.2% chromium 
materials, in that order. The 0.2% chromium alloy, cold-worked, 
is also something of a surprise. It has been recent practice to add 
about 0.2% chromium to several aluminum alloys to improve their 
corrosion resistance and it is now evident that, under certain con- 
ditions, chromium may be otherwise beneficent. The effect of the 
addition of magnesium appeared to be so far out of line that it 
seemed probable that the test bars had been improperly identified. 
However, analysis of the actual tested bars proved them to be from 
the magnesium stock. 


MICROSTRUCTURES OF THE BINARY ALUMINUM SERIES 


The microstructures were studied for two conditions for each 
of the 12 aluminum materials: (a) as-cast and (b) after anneal- 
ing 10 hours at 500 °C (930°F) of the 60% cold-worked rod stock. 
The surfaces of the samples were prepared by electrolytic polishing 
in a bath of DeSy and Haemers solution and examined at a mag- 
nification of 250 diameters. All of the “as-cast” structures show 
either a mottling due to solute metal segregation in solid solution 
or else a clearly defined dendritic structure. The following is a 
summary of the microstructures : 


99.95% Aluminum. No second phase. A few etching pits. 

Aluminum Plus 0.3% Silver. Traces of second phase in boundaries. 

Aluminum Plus 0.3% Beryllium. A second phase in the grain boundaries and 
indications of precipitation. 

Aluminum Plus 0.2% Chromium. No second phase. A few etching pits. 

Aluminum Plus 0.3% Copper. Traces of a second phase. 

Aluminum Plus 1.0% Iron. False (?) appearance of two phases present in 
equal amounts. 

Aluminum Plus 0.2% Magnesium. No second phase. A few etching pits. 

Aluminum Plus 1.0% Manganese. No second phase. A few etching pits. 

Aluminum Plus 0.5% Nickel. A discrete second phase. 

Aluminum Plus 0.8% Silicon. Sharply angled second phase showing as voids 
in photomicrographs. Explains brittleness of this material. 

Aluminum Plus 0.05% Titanium. No second phase. Etching pits. 

Aluminum Plus 0.35% Zirconium. Traces of second phase, especially in grain 
boundaries of annealed material, discontinuous. Also etching pits. 


Figs. 4, 5, 6 and 7 are examples of the observed structures. 
EXAMPLES OF CoMPLEX DERIVED ALLOYS 


Of a number of more complex compositions, derived from the 
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Fig. 7—Aluminum 99.95% Plus 0.8% Silicon, Annealed. 
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ig. 5—Aluminum 99.95% Plus 1. 


ig. 4—Aluminum 99.95% Plus 0.3% Silver, Annealed. 
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basic information obtained for the binary series, the following three 


alloys, A, B, and C, were compared directly with E.C. Grade alumi- 
num (Alloy D): 


Alloy Composition 
A 1.05% iron-0.32% magnesium-balance aluminum 
B 0.53% iron-0.29% magnesium—balance aluminum 
c 0.43% iron-0.32% magnesium—0.10% silicon—balance aluminum 
D 0.41% iron-0.005% magnesium-—0.10% silicon—balance aluminum 


Alloy A contains twice as much iron as Alloy B. Alloys B and 
C have similar contents of iron and magnesium but Alloy C also 
contains about 0.10% silicon. Alloys C and D contain about equal 
amounts of iron and silicon but Alloy D contains only a spectro- 
graphic trace of magnesium. It is of particular interest to note that 
Alloy C was made simply by remelting E.C. Grade aluminum and 
adding the magnesium. Alloy D is plain remelted E.C. Grade alu- 
minum (the same stock as for Alloy C). All four alloys were fabri- 
cated as follows: 


1. Cast into 14-inch square ingots in graphite molds. 

2. Machined to 1% inch square to give clean, smooth surfaces. 

3. Hot-rolled at 400 °C (750 °F) down to 390 mils thick, about 
1% inches wide. 

4. Annealed 4 hours at 450°C (840° F). (Treatments 3 and 
4 completely replace the initial cast structure with a typical wrought 
structure. ) 

5. Finish cold-rolled 10% reduction to increase strength prop- 
erties for generator winding use. 

6. Aged 5 hours (1 hour is sufficient) at 200°C (390 °F) for 
standard strain relief and to stabilize the material for subsequent use 
at temperatures up to about 150°C (300 °F). 

Compression creep tests for all 4 alloys were made under an 


applied stress of 5130 psi at 140°C (285°F) with the following 
results : 








Alloys 
A B C D 
1.05% iron 0.53% iron E.C.+ Plain 
0.32% magnesium 0.29% magnesium 0.32% magnesium E.C. 
Creep rate:* 475 375 94 986 


By ratios of the respective creep rates it is clearly apparent that 
Alloy A gives half the creep rate of E.C. Grade aluminum, Alloy B 
is somewhat better than A while Alloy C has the very low creep rate 


*Micro-inches per inch per 1000 hours. 


neces so etncenesecistes 
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of less than +, that of the standard E.C. Grade aluminum. The first 
(or rapid) stage of creep for Alloy C also results in only about 7 
of the extension of the first stage for E.C. Grade aluminum. 

Proportional limits in compression at room temperature and at 
140 °C (285 °F) for Alloys C and D were measured with the follow- 
ing results: 





Agno 
G 
E.C.+ E.C. 
0.3% magnesium Grade 
Compression P.L. at 23 °C 12,500 psi 5,700 psi 
Compression P.L. at 140 °C 8,500 psi 2,500 psi 


Thus, at room temperature, Alloy C has the same “elastic strength” 
as does cold-rolled copper. At 140°C (285°F) Alloy C has more 
than 200% advantage over E.C. Grade aluminum. Alloy C also has 
greater thermal stability. 

Hardness tests gave the following results for Alloys C and D: 


Alloy C Alloy D 
E.C.+ Plain 
0.3% magnesium E.C. 
a 45 R.H* 23 R.H.* 
After annealing : 25 Brinell 20 Brinell 
2 2 R.H. 
After 10% cold rolling : - . ad 7 S os 
After strain-relief, 88 R.H. 57 R.H. 
5 hours at 200 °C: 42.4 Brinell 25 Brinell 


The above treatments are in correct sequence for producing finished 
stock for generator winding. These data show that the hardness 
and strength are lowered for strain-relief treated E.C. Grade alumi- 
num while Alloy C has its hardness and strength properties increased 
by “strain-relief”. The hardness effects further indicate that Alloy 
C has excellent thermal stability whereas E.C. Grade aluminum has 
relatively poor thermal stability. In still other words, Alloy C pos- 
sesses a considerably higher maximum service temperature than does 
E.C. Grade aluminum. This may be due to strain-induced precip- 
itation of Mg,Si in Alloy C. 

The electrical. conductivities for Alloys A, B, C and D were 
found to be as follows: 





*R.H. = Rockwell Hardness, H scale. 
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-——_— Alloys TE, 
A B . D 
1.05% iron 0.53% iron E.C.+ aC. 


0.32% magnesium 0.29% magnesium 0.3% magnesium Grad 
Electrical Conductivities:* 


Cold-rolled 60.7 61.0 58.6-60 61.0 
Annealed 61.2 61.5 60.5-61 61.5 


*Conductivities in %, relative to pure Cu = 100%. 


The range of conductivity given for Alloy C results from the ratio 
of silicon to magnesium as silicon may vary from 0.05 to 0.15%. 


SUMMARY 


The effects of binary additions of 0.3% silver, 0.3% beryllium, 
0.2% chromium, 0.3% copper, 1.0% iron, 0.2% magnesium, 0.1% 
manganese, 0.5% nickel, 0.8% silicon, 0.05% titanium, and 0.35% 
zirconium on the recrystallization, electrical conductivity and rupture 
strength of pure aluminum were determined and abstracted as 
follows: 


1. The results of the recrystallization-hardness study are best 
given in Table VII: 


Table VII 
Summary of Recrystallization-Hardness Data 
Alloy % Upper Inflection Lower 
No. Comp Knee, °C Point, °C Knee, °C 
A *‘pure” 200? 300 350 
1 0.3 Ag 250 300 350 
2 0.3 Be 350 450 550? 
3 G2 tr 300 325 350 
4 0.3 Cu 250 275 350 
5 1.0 Fe 325 375 450 
6 0.2 Mg 275 315 350 
7 0.1 Mn 275 315 350 
8 0.5 Ni 200 270 350 
9 0.8 Si 200 290 350 
10 0.05 Ti 250 315 350 
11 0.35 Zr 400 530 600? 


It must be remembered that Table VII is based on data from 4-hour 
heating periods. The upper knee is indicative of thermal stability 
and comparative maximum service temperatures. The lower knee 
is indicative of practically complete structural recrystallization. It 
is of interest to note that all the alloys, except for those of 0.3% 
beryllium, 1.0% iron and 0.35% zirconium, have about the same 
temperature for practically complete recrystallization. 
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2. Relative to electrical conductivity, the stated additions of 
silver, beryllium, copper, iron, magnesium, nickel and titanium 
yielded conductivities above 60% for the cold-worked condition 
while the binary alloys with chromium, manganese, and zirconium 
gave conductivities below 60%. The same two classifications hold 
for the annealed materials with the exception that the alloy of 0.35% 
zirconium, if annealed at 500°C (930°F), will reach a conduc- 
tivity rating of 60.5%. 

3. For rupture strength in the annealed condition, the alloys of 
0.35% zirconium and 1.0% iron are markedly outstanding. In the 
cold-worked condition, the binary alloy of 0.2% magnesium is 
superior to that of zirconium, with those of 1.0% iron, 0.2% chro- 
mium and 0.3% beryllium following zirconium in that order. 

Further superiority in creep life and creep strength is shown 
by certain more complex alloys, derived from results of tests of the 
binary series. Among the superior alloys covered by patent appli- 
cations filed with the U. S. Patent Office are those essentially 
of aluminum-magnesium, aluminum-zirconium, and of the class 
aluminum-iron-magnesium-silicon. Uses would be for “high strength”’ 


conductors, high conductivity structural materials, generator wind- 
ings, etc. 
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FORMING AND HEAT TREATMENT OF CORRUGATED 
DIAPHRAGMS 


By R. I. Jarrer, E. I. BEmLer anv R. H. RAMSEY 


Abstract 


The amount of cold deformation resulting from 
forming corrugated diaphragms of beryllium-copper, 
60:20:20 copper-nickel-manganese, titanium-Elinvar 
(Ni-Span C), and Grade A phosphor bronze was evalu- 
ated and found to consist of a small over-all elongation 
which was made up of larger localized elongations of 5 
to 10% maximum reduction at the tops of corrugations 
and smaller localized contractions at the bottoms of cor- 
rugations. 

The specific effect of cold work on the age hardening 
response was determined on sheet material. Tensile tests 
on material age-hardened in the as-received condition and 
with an additional cold reduction of the order of 10% 
reduction of thickness indicated that the effect of this 
amount of cold work was negligible insofar as the time 
dependence of the aging curves was concerned. 

The conclusion is drawn that as far as mechanical 
properties are concerned, a diaphragm can be heat treated 
according to the age hardening curve of the unformed 
sheet stock without danger of overaging the most de- 
formed sections of the diaphragm. 


RESSURE-RESPONSIVE devices, such as altimeters for aero- 

nautical work, are frequently made of two corrugated dia- 
phragms joined together into capsule form by soft soldering, silver 
soldering, or, less frequently, welding. As barometric or aneroid 
capsules, the inside is evacuated and the thickness of the capsule de- 
creases or increases with rise or fall of atmospheric pressure. Fig. 1 
shows a typical double aneroid capsule, such as is used in altimeters 
or radio sondes, and a cross section of a diaphragm from which such 
capsules are made. 





This investigation was sponsored by The Signal Corps Engineering Laboratories, 
Bradley Beach, New Jersey. 


A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The authors, R. I. Jaffee, E. I. 
Beidler and R. H. Ramsey, are associated with Battelle Memorial Institute, 
Columbus, Ohio. Manuscript received December 13, 1947. 


~ 460 





1949 CORRUGATED DIAPHRAGMS 461 





Fig. 1—Upper—An Example of a Double Aneroid Capsule, Each Section Com 
posed of Two Diaphragms Soft Soldered Together. Lower—A section of a dia- 
phragm mounted in lucite. Diameter of diaphragms approximately 24 inches. 


Diaphragms are most frequently made from age hardening al- 
loys, such as beryllium-copper or 60:20:20 copper-nickel-manganese, 
or cold-worked alloys like phosphor bronze. In the case of age 
hardening alloys, there is some uncertainty in the heat treatment of 
the diaphragms to maximum mechanical properties because they re- 
ceive a variable and indeterminate amount of cold working during 
the forming operation, which in turn affects the aging response. The 
general effect of cold work on the aging response is illustrated in 
Fig. 2, which shows the results of aging tests at three different tem- 
peratures on solution-annealed and on full-hard (37% reduction), 
0.006-inch, 2% beryllium-copper sheet (Berylco 40 alloy, nominally 
containing 2% beryllium, 0.3% cobalt, balance copper, obtained from 
the Beryllium Corporation, Reading, Pennsylvania). Besides pro- 
ducing higher tensile strengths, the full-hard sheet ages to peak 
strength in a shorter time than the soft, annealed sheet. Thus, an 
aging time corresponding to peak strength on annealed stock will 
overage full-hard stock, particularly where the aging peak is sharp, as 
it is at 675 and 725 °F (355 and 385 °C). 

It was the object of the work reported here to evaluate the 
actual amount of cold work put into the diaphragms during forming 
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Fig. 2—Aging Response of Annealed and Full-Hard 
Commercial 2% Beryllium-Copper Sheet at Various Tempera- 
tures. 


and to determine the effect of the amount of forming on the time 
dependence of the aging response so that the age hardening treatment 
might be adjusted to compensate for the forming operation. It was 
found experimentally that the amount of cold work induced by form- 
ing was actually quite small, equivalent to about 5 to 10% reduction 
in thickness, and that this amount of cold work does not change the 
time dependence of the aging response enough to make adjustment 
of the heat treating time, determined on the original stock, necessary. 


MetuHop oF EVALUATING CoLp WorK 


Concentric circles were scribed on the diaphragm blanks with a 
pair of dividers. The initial diameters of the circles were measured 
by means of an optical comparator. After forming the diaphragm, 
the diameters of the circles were again measured to give data from 
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Fig. 3—Scribed Diaphragm and Film Stripped from Diaphragm 
Mounted Between Glass Plates. 
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which the change in actual diameter could be computed. Then a 
film replica was made, which was stripped, mounted flat between 
glass plates, and the contour diameters were measured with a com- 
parator. A film shrinkage correction of approximately 0.5%, found 
by stripping and measuring the film from blanks having known diam- 
eters scribed on them, was applied to the readings. 

The film was formed by drying a dope consisting of about 1 
volume of lucite molding powder dissolved in 3 volumes of trichloro- 
ethylene. Before applying the film, the diaphragm was washed with 
trichloroethylene and swabbed with a small amount of “Aquadag”’ 
to improve the parting of the film and to make the markings clearer. 
The diaphragm was thoroughly dried at room temperature, and then 
diametral sections parallel to the grain and perpendicular to the grain 
were painted with the dope. Usually two coats were applied, the 
second after the first became tacky. The coating was allowed to dry 
slightly in moderately warm air and then at 210°F for 1 hour. 
Fig. 3 shows a scribed and formed diaphragm, together with a 
mounted film stripped from a partially drawn diaphragm. 

Actual measurements of actual and contour diameters and dis- 
placements of diameters were recorded to 0.0001-inch precision, al- 
though the absolute accuracy was probably not better than +0.0003 
inch. 

Calculation of the amount of cold work resulting from the form- 
ing operation was done using the initial diameters, the final actual 
diameters, and the contour diameters. Considering two adjacent 
rings, let: 


D: = original diameter of Ring 1. 
D. = original diameter of Ring 2. 
D.= contour diameter of Ring 1 after forming. 
D: = contour diameter of Ring 2 after forming. 
D.= actual diameter of Ring 1 after forming. 
D, = actual diameter of Ring 2 after forming. 


The deformation in a diametral direction may be calculated as: 


mb) +—D) 
% diametral change, Ep = —————--———— X* 100 
D: — D, 


(D: — Dz) — (D: — D:) 
Ep = ———————_ X 100_ Equation I 
D: — D, 


= 


ca DE LR TO I Nc 
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The deformation in a single ring in a circumferential direction may 
be calculated as: 


Da — Ds 
% circumferential change, E. = —————_—_—- X_ 100 
Tv n 
Da — Dz 
E, = —————- X 100_— Equation II 
Dn 
FoRMING 


A design for a diaphragm, which was developed by Wildhack 
and Goerke’ of the Bureau of Standards, for the NACA was used 
in this work. It is shown diagrammatically in Fig. 4. In the present 
case, D = 2.188 inches, and the flange width was 3%; inch. 














Fig. 4+—NACA Design of Diaphragm, After Wildhack and Goerke (1). 


The forming press and dies used’ in forming the diaphragms 
are shown in Figs. 5 and 6, respectively. The radius of the shoulder 
over which the blank was drawn is 3/5 inch. Wrinkling of the flange 
was avoided by use of hold-down pressure applied by a torque 
wrench. About 100 foot-pounds applied to the wrench served this 
purpose. A stop ring attached to the main thread controlled the 
amount of draw. The height of the formed diaphragm was 0.143 
inch, which corresponded to a punch movement of 0.137 inch and 


the 0.006-inch thickness of stock. 


1W. A. Wildhack and V. H. Goerke, ‘“‘The Limiting Useful Deflections of Corrugated 
Metal Diapkragms,”” NACA Technical Note No. 876. 
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Fig. 6—Punch and Die Set for Forming 
Diaphragms. (%4 normal size.) 
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STAGES OF FORMING 


Two stages of forming were investigated: (a) a shallow draw 
to the point just before the convolutions were formed, corresponding 
to a diaphragm height of 0.100 inch, and (b) a full draw to a 
diaphragm height of 0.143 inch, in which the complete convolutions 
were formed. 


AtLoys TESTED 


Four kinds of sheet, approximately 0.0065 inch thick, were 
investigated. 

1. 2% beryllium-copper, quarter-hard, 10% reduction after solu- 
tion anneal (Berylco 25, diaphragm stock); tensile strength, 
81,000 psi; elongation in 2 inches, 34%. 

2. 60:20:20 copper-nickel-manganese, quarter-hard, 10% reduc- 
tion after solution anneal (Chace 720) ; tensile strength, 99,000 
psi; elongation in 2 inches, 33%. 

3. Titanium-Elinvar, solution-annealed according to manufacturer 
(Ni-Span C alloy. Nominal analysis: 42% nickel, 5.5% chro- 
mium, 2.5% titanium, balance iron); tensile strength, 109,000 
psi; elongation in 2 inches, 15%. 

4. Grade A phosphor bronze, extra hard temper, 50% reduction 
(Elephant Brand No. 16 metal, 4% tin, trace phosphorus) ; 
tensile strength, 87,000 psi; elongation in 2 inches, 4%. 


RESULTS OF DEFORMATION STUDIES 


Figs. 7, 8, 9, and 10 show for diaphragms of beryllium-copper, 
Chace 720 alloy, Ni-Span C, and Grade A phosphor bronze, re- 
spectively, the results of the deformation measurements. In the 
upper part of each figure the changes in the actual diameters of the 
rings, D’’ — D, on forming a complete diaphragm are plotted. In 
the lower part of each figure the changes in the contour diameters, 
D’ — D, on partial and complete forming are plotted. Below 
both plots is a drawing of a diaphragm partially and completely 
formed, with arrows issuing from the completely formed diaphragm 
to the approximate location of the original diameters on the blank 
from which the diaphragm was drawn. 

Comparable results were obtained for all of the diaphragms. 
Therefore, a detailed discussion of Fig. 7, for beryllium-copper, will 
serve to illustrate the general deformation of all of the diaphragms. 
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Fig. 7—Deformation in Forming Diaphragms from 
Quarent “Hard Beryllium-Copper. 


Referring to the upper part of Fig. 7, the changes in actual diameter 
are greatest at the flange, where they are negative in sign. They 
decrease in magnitude rapidly from the flange to the top of the outer 
convolution, and then more slowly, crossing over to positive changes 
in actual diameter at about the middle convolution. Negative changes 
in actual diameter correspond to circumferential shrinkage or com- 
pression, and positive changes to circumferential stretching or expan- 
sion. The magnitude of the circumferential shrinkage at the flange 


D’’ —D 0.115 


amounts to a maximum of 100 Oe RS 100 335 7 49%; 


the circumferential shrinkage at the outer convolution is 100 
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Fig. 8—Deformation in Forming Diaphragms from 
Annealed Chace 720 Alloy. 


0.015 
20 = 0.75%; the neutral middle ring, where neither stretching 





nor shrinking takes place, has no circumferential deformation; and, 
finally, the circumferential stretching is a maximum at the edge of 
the central flat zone, amounting-to 1 to 3%. 
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Fig. 9—Deformation in Forming Diaphragms from 
Annealed Ni-Span C 


Diametral deformation was measured by means of the changes 
in contour diameter, D’ — D. It will be noted, first, that with the 
partially formed diaphragm practically all of the deformation takes 
place in the deep drawn section. The top of the cup is virtually 
unchanged. In the case of the completely formed diaphragm, the 
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Fig. 10—Deformation in Forming Diaphragms from 
Extra-Hard Grade A Phosphor Bronze. 


change in contour diameter is irregular, consisting of steep sections 
with positive slope and other sections with flat or negative slopes. 
The steep sections with positive slope correspond to the tops of cor- 
rugations, which were subjected partly to tensile bending during 
forming. The sections that are flat or have negative slope correspond 
to the bottoms of corrugations, which were subjected partly to com- 
pressive bending during forming. Since the curves of D’ — D pro- 


~ 
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ceed generally upward, away from the abscissa line, there is an 
over-all diametral tensile straining during forming. The over-all 
diametral stretching amounts to about 2% in the transverse direction 
and about 1.5% in the longitudinal direction. Superimposed on this 
are localized bending forces, tensile in nature at the tops of corru- 
gations, and compressive in nature at the bottoms of corrugations. 
The magnitude of the surface diametral deformation can be cal- 
culated by application of Equation I. Thus, the steepest part of the 
contour curves occurs at the top of the inner corrugation parallel to 
the rolling direction of the sheet. This amounts to a diametral 


0.0157 — 0.0067 


stretching of 0.9093 — 0.7640 * 100 = 6.2%. At this point there is 


7 
09 * 100 =0.8%. The total sur- 


face deformation, then, is close to the value for the diametral stretch. 
The diametral shrinking at the bottoms of corrugations is smaller 
in magnitude than the stretching at the tops. Thus, at the bottom 
between the outer and middle corrugation there is a diametral shrink- 


0.0319 — 0.0353 
age of 7 9178 — 1.5246 


It is significant to note that in partial forming there is no appre- 
ciable deformation of the section where the convolutions are to be 
formed. This means that the results found for the outside surface 
of the diaphragm apply in general to the inside surface, except that 
the tops of corrugations on the outside surface now become bottoms 
of corrugations with respect to the inside surface. 

The general picture of the deformation in forming a diaphragm 
of beryllium-copper is: (a) there is circumferential compression of 
about 5% at the flange, which decreases rapidly at the corrugations, 
where a small compression at the outer convolution changes to a 
small stretching at the inner convolution; (b) there is an over-all 
diametral stretching of about 2%, superimposed on which are local- 
ized surface stretchings at the tops of convolutions ranging up to 6%, 
and localized surface compressions up to 1 to 2% at the bottoms 
between corrugations; (c) the conditions on the inner surface of the 
diaphragm are probably similar to those on the outer surface, with 
the positions of the top and bottom corrugations reversed. 

The largest deformations, those of diametral stretching at the 
tops of corrugations, usually the inner one, and circumferential com- 
pression at the flange are given for the four diaphragms in Table I. 


a circumferential stretching of 


< 100 = 1.2%. 
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Table I 
Deformation in Forming Diaphragms 
Diametral Stretch, Circumferential 
Over-all Top of Inner Compression 
Stretch Convolution at Flange 
: ch (hk Fo 
Material Long. Trans. Long. Trans. Long. Trans. 
Beryllium-copper 2.0 2.7 6.0 5.9 4.9 4.9 
Chace 720 3.1 2.4 6.6 6.9 4.5 4.8 
Ni-Span C 2.7 2.3 6.5 6.4 4.4 5.2 
Phosphor bronze 2.0 1.3 10.2 6.5 8.2 8.7 


It can be seen from these results that the maximum localized 
deformation is in the order of 5 to 10% reduction in thickness, which 
is not a particularly large figure. Since finite circles were scribed, 
the results found probably are somewhat lower than the true maxi- 
mum localized deformation, but because the materials tested had not 
approached imminent fracture, it is felt that they are of the correct 
order of magnitude. The only material which could be cracked dur- 
ing the forming operation was the extra hard temper, Grade A phos- 
phor bronze sheet, which after full forming tended to crack in line 
with the top of the first corrugation in a direction parallel to the 
grain. Here, the values given may be considerably low. 


EFFEct OF DEFORMATION ON THE AGING CHARACTERISTICS 


Since it was found that the deformation in forming diaphragms 
consisted of both stretching and contraction, all within 10% reduc- 
tion of thickness, it was of interest to ascertain by how much the 
aging characteristics (particularly in regard to time) of the alloys 
were altered by a 10% deformation. If the characteristics were un- 
altered, one could age harden the diaphragms according to the aging 
curve of the original stock without any uncertainty as to its applica- 
bility to the formed diaphragm. 

The stocks of the age hardening alloys, from which the dia- 
phragms were formed, were cold-rolled an additional 10% reduction 
in thickness (also 20% reduction in the case of beryllium-copper), 
and the aging characteristic, tensile strength versus time at aging 
temperature, was run on the two conditions. Beryllium-copper and 
the copper-nickel-manganese alloy were heat treated in a salt bath 
of Houghton No. 430 salt (nitrate bath), and Ni-Span C and phos- 
phor bronze were heat treated-in an atmosphere of dry hydrogen. 
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Aging Temperature -650°F 


e—e Material As Received(!|GA.HD.) 
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Fig. 11—Effect of Cold Work on Aging Charac- 


pristics of Berylco 25 Sheet Material. 
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Fig. 12—Effect of Cold Rolling on the 


Aging Characteristics of 60:20:20 Cu-Ni-Mn 
Alloy. 
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Figs. 11, 12, and 13 give the results for beryllium-copper, 60:20: 20 
copper-nickel-manganese, and Ni-Span C, respectively. 

It is seen from the aging characteristics that, although the ten- 
sile strengths are somewhat higher for the material with 10% addi- 
tional cold work, the time dependence of the aging characteristic is 
scarcely modified at all. 








Tensile Strength, |OOO psi 





CO 8.2 © SS 2.4: 
Aging Time, hours 


Fig. 13—The Effect of Cold Rolling on the 
Aging Characteristics of Annealed Ni-Span C. 


The heat treatment usually given phosphor bronze diaphragms 
after forming is a strain-relief operation. Fig. 14 shows the effect 
of 30-minute reheats on the mechanical properties of this stock. 
From these data, 30 minutes at 390°F (200°C) would appear to 
be a suitable strain-relief treatment. It is probable that this figure 
would not be changed by the additional cold work in forming. 


o 
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Fig. 14—Strain Relief of Grade A Phosphor Bronze Cold-Rolled 
50% Reduction. Effect of 30-minute reheats on mechanical properties. 


CoNCLUSIONS 


The cold work involved in forming diaphragms according to the 
NACA model is very small on an over-all basis. Locally, there is 
stretching equivalent to 5 to 10% reduction in thickness at the tops 
of corrugations, with somewhat smaller contraction at the bottom of 
the corrugations. The effect of deformations of this order on the 
aging characteristics of age hardening alloys of three common types 
has been found to be negligible insofar as the time dependence is 
concerned. Diaphragms of these alloys may then be heat treated 
according to the age hardening curve of the original stock without 
danger of decreasing the mechanical properties as a result of over- 


aging. 
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DISCUSSION 


Written Discussion: By A. M. Talbot, metallurgist, The International 
Nickel Co., Inc., Bayonne, N. J. 

The fact that the forming operation does not endanger the mechani- 
cal properties to be expected in materials used for diaphragms is of con- 
siderable importance to the manufacturer of pressure-responsive instru- 
ments. Of further importance is the effect that these same forming 
operations may have on any physical properties that govern the behavior 
of these alloys under service conditions. This second consideration is 
particularly important in the case of Ni-Span C as this alloy differs from 
the other three alloys tested in that it is a constant or controlled modulus 
alloy. Ni-Span C has a temperature coefficient of the elastic modulus 
which is about zero while alloys such as phosphor bronze and beryllium 
copper will have coefficients of about —200 x 10° per °F. The constant 
modulus of Ni-Span C is used to give a diaphragm that is insensitive to 
the normal temperature variation expected in service. It is therefore of 
particular interest to know how the temperature coefficient of the elastic 
modulus is affected by small differences in the amount of cold work. 

In our work on Ni-Span C we have found that the so-called thermo- 
elastic coefficient is relatively insensitive to the effect of various amounts 
of cold work. Table II shows the results obtained on one heat of Ni-Span 
C wire. 











Table Il 
0.2% Offset Tensile Thermoelastic 
Yield Str. Strength Coefficient 
Hardening Treatment psi psi per °F 

4 hr. 1100 °F 68,000 142,000 —2 X 10-6 
34% cold drawn, 4 hr. 1100 °F 174,000 183,000 —7 xX 10-6 
? hr. 1300 °F 99,000 164,000 +7 X 10-6 
34% cold drawn, 1 hr. 1300 °F 207,000 +8 X 10-6 


190,000 











It will be observed that the change in the thermoelastic coefficient 
due to the presence of 34% cold work prior to aging is of a small order 
of magnitude. This indicates that the introduction of about 10% addi- 
tional cold work in certain areas during the formation of diaphragms will 
not materially affect the thermoelastic characteristics of Ni-Span C. 

A point of minor importance is the properties given in the paper for 
annealed Ni-Span C. In general, the alloy is furnished for diaphragms 
with about 10 to 15% cold work and the tensile properties listed for the 
annealed material seem to be more nearly those of material with about 
10% cold work. 


Authors’ Reply 


Mr. Talbot’s data on the effect of prior cold work on the thermo- 
elastic modulus of heat treated Ni-Span C alloy make a very welcome 
supplement to the data presented on the alloy in the paper. The problem 
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of heat treating Ni-Span.C diaphragms to peak mechanical properties 
and low thermoelastic coefficient appears to be very straightforward, 
indeed. We agree that an initial temper of 10% cold work appears to be 
more in line with the tensile properties of the Ni-Span C stock used. 

The information published in this paper is a part of a comprehensive 
research program on aneroid capsules sponsored at Battelle by the Signal 
Corps. A stress analysis of the aneroid capsule has been published.2 An 
investigation of drift and hysteresis of aneroid capsules at room tempera- 
ture has been in progress for a considerable time, and a paper on the 
findings to date will be published at a future time. Work is now in 
progress on the temperature dependence of aneroid capsules and capsule 


materials. This should provide data on some of the points Mr. Talbot 
brought up. 


*H. J. Grover and J. C. Bell, “Some Evaluations of Stresses in Aneroid Capsules,”’ 
Proceedings, Society for Experimental Stress Analysis, Vol. 5, No. 2, 1948. 
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MECHANICAL PROPERTIES, INCLUDING FATIGUE, OF 
AIRCRAFT ALLOYS AT VERY LOW TEMPERATURES 


By J. L. ZAmMBRow AND M. G. FonTANA 


Abstract 


Aluminum and aluminum alloys, a magnesium alloy, 
low alloy steels, 18-8S stainless steel, Stainless “W”, an 
814% nickel steel and aluminum bronze were subjected 
to mechanical tests in the temperature range—room tem- 
perature to —253 °C (—423 °F). Data on the following 
are reported: fatigue tests at 25, —78 and —196 °C; im- 
pact tests at 25, —78, —127, —192 and —253 °C; hard- 
ness tests at 25, —78 and —192°C; and tensile tests at 
25, —78 and —196°C. Equipment, techniques and pre- 
cautions used in performing these tests are described. 


INTRODUCTION 


HE interest in materials and equipment to operate at very low 

temperatures has increased tremendously in recent years. How- 
ever, relatively few data are available in the literature (3)* on the 
mechanical properties of metals and alloys at low temperatures, par- 
ticularly at temperatures below —78°C (—108°F). For example, 
there is very little information available on fatigue properties at tem- 
peratures below freezing and practically none at or below —78 °C 
(—108 °F). Very little data useful for engineering design are avail- 
able on low temperature mechanical properties. 

This paper covers an investigation of mechanical properties 
primarily in the temperature range —78 °C (—108 °F) to —196 °C 
(—320°F) but some tests were made at —253°C (—423 °F). 
Tests at room temperature were also made for comparison purposes. 

One purpose in presenting this paper is to make available in- 
formation that should have widespread interest at the present time. 
Another purpose is to describe the techniques used which may be of 
interest to other investigators in this field. Conventional test equip- 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, J. L. Zambrow 
is research engineer, Ohio State University Research Foundation, and M. G. 
Fontana is professor of metallurgical research, and chairman, Department of 
Metallurgy, The Ohio State University, Columbus, Ohio. Manuscript received 
April 30, 1948. 
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Table I 
Composition of the Nonferrous Metals and Alloys 
Specifi- §£.-———___——_—_—_______—_Per Cent ——————. 
Material cations Si Fe Cu Mn Al Mg Zn Cr Ni Other 
2S Aluminum QQ-A-4116 0.37 0.37'' 0.15 0.03* bal. 0.03* 0.03* .... 0.03* ¥*0.03 Ti 
24S-T Aluminum QQ-A-354 0.16 0.43 3.8- 0.6- bal. 1.2— 0.10*§.... 0.05* *0.05 Bi, Pb 
4.4 0.9 1.7 
61S-T Aluminum QQ-A-325 0.5- 0.41 0.19— 0.15* bal. 0.8—- 0.08 0.19—- .... 0.15 Ti 
0.7 0.27 1.0 0.28 
75 S-T Aluminum! AN-A-9a 0.20 0.45 ioe Gis bal. 2a0 S$. O30...» 0.05 Ti 
FS-1 Magnesium AN-M-27 0.01* 0.001* 0.01* 0.49 3.10 bal 1.05 0.001* .... 
Aluminum Bronze QOQ-B-666 0.02 0.66- bal. 0.03 9.0 .... .... .... 0.50 0.50 Sn 
1 





*Less than. 
1Procured from stock as ‘“‘commercial heat treated and aged (at 250°F)”’. 


Table Il 
Composition of the Steels 





Per Cent— --—----- > 
Steel Specification [ Mn P S Si Ni Cr Mo Al Ti 
SAE 2330! AN-QQ-S-689 0.28—- 0.60— 0.026* 0.30* en 3.25- ‘ 
0.33 0.80 3.75 
NE 8630? AN-S-14a 0.27— 0.70— 0.022* 0.033* 0.20—- 0.48- 0.49- 0.18 
0.33 0.90 0.35 0.67 0.56 


Type 304 Stainless 
CER ie owes 0.054 0.49 0.019 0.015 0.42 8.82 18.50 a al ll 
Type 322 Stainless 
OM Te cu Sires) a ne ee ale 0.07 0.43 0.013 0.003 0.53 6.5 17.0 run See, B37 
S349, IM =... Viewcetns 0.10 0.77 0.010 0.024 0.23 8.60 jays ses O85 ° O25 





*Less than. 


1Procured from stock as normalized material. Heat treated material quenched in oil from 1500°F and 
drawn at 925°F to Re 33-35. 


2Procured from stock as normalized material. Heat treated material quenched in oil from 1500°F and 
drawn at 850°F to Rc 33-35. 


8&Cold-rolled to 210,000 psi tensile strength, 
‘Air-cooled from 1900°F and aged at 1000°F for 40 minutes. Tensile strength 188,000 psi. 
5Heat treated as follows: 1 hr. at 1650°F—air cool; 1 hr. at 1450°F—air cool; 2 hr, at 1050°F—air cool. 


ment is generally used, but some modification, special techniques and 
precautions are required for testing at very low temperatures. Meth- 
ods of testing and also methods for attaining and maintaining these 
temperatures are described. The work reported in this paper was 
carried out at the Engineering Experiment Station under a contract 
between the Ohio State University Research Foundation and the 
Materials Laboratory, Engineering Division, Air Materiel Command, 
Wright-Patterson Air Force Base, Dayton, Ohio. 


MATERIALS 


The materials ‘studied are all commercially available and they 
included 2S-3%4H, 24S-T, 61S-T, and 75S-T aluminum alloys, 
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Dowmetal FS-1 (magnesium alloy), SAE 2330 steel, normalized 
and also heat treated to about 150,000 psi tensile strength, 
NE 8630 steel, normalized and also heat treated to 150,000 psi tensile 
strength, 18-8 stainless steel (Type 304), severely cold drawn to 
210,000 psi tensile strength, and also annealed at three temperatures, 
age-hardened Stainless “W” (Type 322), and aluminum bronze. Ta- 
bles I and II show the chemical compositions of the materials tested, 
the specification under which the materials were bought, and the heat 
treatment. All of the material was in the form of 34-inch rounds, and 
most of it was furnished by Wright Field. 


APPARATUS 


Fatigue Tests—Krouse reciprocating-cantilever-beam machines 
of the constant deflection type were redesigned for this work. This 
type of machine is often used for the fatigue testing of plate speci- 
mens. The principal modification for our work consisted of a 90- 
degree rotation of the supporting beam for the vise so that the speci- 
men was in a vertical position instead of horizontal. The speed of 
the machine was adjustable over the range of 750 to 2000 cycles per 
minute. For the low temperature tests the specimen was surrounded 
by a split metal Dewar filled with a liquid coolant. By Dewar, we 
mean a double-walled vessel with the space between the walls evac- 
uated for thermal insulation. Fig. 1 shows the fatigue unit being 
loaded and one-half of the Dewar in position. Fig. 2 shows the 
apparatus just prior to starting a run. Frosting on the outside of the 
Dewar is just beginning. 

The advantages of this type of- machine can be summarized as 
follows: 

(a) The specimen is vertical and the coolant can easily be con- 
tained in the Dewar surrounding the specimen. 

(b) All bearings are a considerable distance from the coolant. 

(c) Less heating of the specimen occurs because the maximum 
stress is applied only to a small portion of the specimen. 

(d) No stuffing boxes are required to seal the Dewar. The seal 
is stationary and rotating seals are not required. 

(e) A thermocouple can be attached to the neutral axis of the 
specimen for a direct measurement of the temperature of the speci- 
men. 

The desired stress was applied to the specimen by hanging the 
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Fig. 1—Reciprocating Beam Fatigue Machine. 


corresponding dead weight from the connecting rod bearing (Fig. 1), 
and an electronic indicator was used to indicate the point to which 
the beam deflected under the given load. The connecting rod was 
then attached to the beam and the eccentric was adjusted to produce 
the same deflection. The specimen was carefully aligned in the 
machine so that the reversed stress (compression) was of the same 
magnitude. The machine was occasionally stopped for a few minutes 
during a test to check the loading of the specimen. 

The dynamic loading of the specimen was checked with an elec- 
tric strain gage by the manufacturer of the machine. The results of 
these tests indicated that the dynamic stress was within 2% of the 
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Fig. 2—Apparatus for Low Temperature Fatigue Testing. 


static stress over the range of speeds available and within the limit of 
stress which could be checked with this gage (approximately 30,000 
psi). ; 
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Since most of the investigations on the fatigue of metals have 
been carried out with rotating-beam machines, it was decided to de- 
termine whether or not the reciprocating-beam machine would yield 
similar results. A few tests were made with a rotating-beam machine 
for comparison. 

The machine used was an R. R. Moore type which had been 
designed for high temperature work. Tests were made at room 
temperature and —78°C. For the tests at —78°C, the specimens 
were placed in the Dewar shown in Fig. 3 and immersed in a coolant 
consisting of methylcyclohexane and dry ice. The sealing of the 
Dewar was accomplished by pulleys which were fastened to the speci- 
men with set screws. It was necessary to add a small quantity of 
motor oil to the methylcyclohexane to reduce the surface tension be- 
fore the seal became effective. Obviously, this method of sealing 
was effective only while the specimen was rotating at high speed. 
It was too inefficient for use at lower temperatures. 

Impact Tests—Almost all of the impact tests were made on a 
Riehle impact testing machine using the 220 ft-lb initial position 
(18.1 feet per second). A few tests were made on an Amsler im- 
pact testing machine using the 35 ft-lb initial position (9.6 feet per 
second ). 

Hardness Tests—A Vickers machine was used for the hardness 
tests in this investigation. The specimen was contained in a metal 
dish with a bottom rigid enough to withstand the necessary loads. 
When liquid air or dry ice was used as a coolant, the considerable 
gas released agitated the liquid and the specimen was efficiently 
cooled. The simple metal-lined wooden dish shown in Fig. 4 was 
a satisfactory container for the coolant and specimen. 

Tensile Tests—A four-screw, 60,000-Ib capacity, Olsen Uni- 
versal testing machine was used for the tensile tests. It is a me- 
chanically-loaded type equipped with a pendulum-lever weighing sys- 
tem, an electric extensometer, and an autographic recorder. For 
low temperature tests, the specimen was surrounded by a metal 
Dewar as shown in Fig. 5. This figure shows a test in progress 
to determine ultimate strength at —253 °C (—423 °F) using liquid 
hydrogen as the cooling medium. The hood and exhaust blower sys- 
tem are provided for safety. 

Strain measurements were made with a Tuckerman gage fitted 


with extension arms. An open view of this apparatus is shown in 
Fig. 6. 
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Fig. 3—Dewar for Rotating Beam Machine. 


All temperature measurements were made with a copper-con- 
stantan thermocouple used in conjunction with a Leeds and Northrup 
potentiometer indicator. 

Fatigue Tests—A sketch of the finished fatigue specimens is 
shown in Fig. 7. The reduced sections were either 0.50 or 0.30 
inch in diameter, and the radii of the profiles of the reduced sections 
were 4 and 2% inches respectively. The bars as received were cut 
into sections 5 inches long. The center portions of these bars were 
then turned down, leaving about 0.004 inch on the diameter for pol- 
ishing. The reduced section was then highly polished with a polish- 
ing wheel, having the same radius as the specimen profile, using 
180-grit abrasive and keeping the plane of the wheel parallel to the 
longitudinal axis of the specimen. 

Fatigue tests were made at room temperature, —78°C (tem- 
perature of dry ice), and at —-¥96 °C (temperature of liquid nitro- 
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Fig. 4—Apparatus for Low Temperature Vickers Hardness Tests. 


gen). In the room temperature tests at high stress levels, the speci- 
mens (particularly the steels) became quite hot, but only for short 
periods of time because the machine was frequently stopped for cali- 
brating. In the low temperature tests, no temperature rise was ob- 
served in the specimens at any time. Apparently, all the heat gen- 
erated was readily absorbed by the bath. 

The initial plan of the fatigue portion of this work was to deter- 
mine the endurance limit of the materials over the low temperature 
range described above. However, emphasis was subsequently placed 
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Fig. 5—Apparatus for Low Temperature Tensile Tests. 


on tests in the high stress-low cycle region and, accordingly, a large 
portion of the data presented herein concerns the “left-hand” portion 
of the S-N curve. 

The nominal stress for the tests was based on the relation 


M=S 4; where M is the moment in inch-pounds, S is the stress in 


psi, and “ is the section modulus. Since many of the tests were per- 


formed above the yield point, the value of S thus obtained was not 
the true stress, but it did furnish a quantitative basis on which to 
evaluate the results. 

Although the machine was a constant-deflection type, it was de- 
sirable to maintain the stress as nearly constant as possible during the 
test. Some of the materials were very susceptible to work harden- 
ing, so it was necessary to adjust the eccentricity at intervals during 
the test. A series of tests indicated that only a few cycles were re- 
quired to accomplish the major portion of the work hardening, and 
that thereafter the deflection for a given moment was fairly constant. 
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Fig. 6—Tuckerman Gage and Extension Arms. 


The following procedure was, therefore, adopted for all high 
stress tests. After the initial deflection for a given load was deter- 
mined, the machine was turned about 10 cycles manually and another 
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calibration made. If there was an appreciable change in the deflec- 
tion, the procedure was repeated until the deflection approached a 
constant value. The motor was then used to drive the machine and 
checks were made at progressively longer intervals until the deflec- 
tion was constant or the specimen failed. 

The initial test for any alloy was usually made at a nominal 
stress of about the same magnitude as the ultimate strength of the 


Highly polished surface 
Polished iy, 


ig 


a Diam. 
0. on Diam. 
5" 
Fig. 7—Specimen for Low Temperature Fatigue Tests. 


alloy. The specimen was then run until a visible crack appeared. 
This was done because the specimen was not visible in the low 
temperature tests and a definite indication of failure was desirable. 
In many cases, the crack progressed so rapidly that the specimen 
failed completely before the machine came to a stop. 

The stress was raised progressively for the successive tests until 
failure occurred between 1000 and 2000 cycles. The stress was then 
lowered from that used for the initial test until the specimen with- 
stood at least 100,000 cycles. 

The rotating-beam machine was a constant-stress type so the 
desired moment was obtained and maintained simply by placing the 
corresponding dead weight on the weight pans. For the low temper- 
ature tests of the steel, the weights were placed on the pans after the 
machine was started. For the low temperature tests of the alumi- 
num alloy at stress above the yield point, however, the loads used to 
obtain the desired stresses resulted in a greater deflection than could 
be accommodated without adjusting the position of the Dewar. It 
was, therefore, necessary to load the specimens at room temperature. 
The loaded specimens were then chilled before starting the test. 


Cuarpy Impact TEstTs 


Standard Charpy bars with a keyhole notch were used for most 


OER 
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of the impact tests (ASTM Designation: E23-41T, Fig. 3B). Each 
specimen was cut from the center of the bar to assure uniformity of 
test conditions. After machining, the specimens were polished so all 
scratches were longitudinal. 

Test Conditions—The specimens were tested at room tempera- 
ture; at the temperature of an acetone-dry ice mixture (—78 °C); 


~— Paper Tab 


~«— String 


—— Paper Boat 


Fig. 8—Paper Boat Used to 
Transfer Low Temperature Speci- 
mens From Container to Impact 
Testing Machine. 


at the melting temperature of methylcyclohexane (—127 °C) ; at the 
temperature of liquid air (—192°C); and at the temperature of 
liquid hydrogen (—253°C). The steel specimens were tested at 
—10 and —30 °C, also, to trace the steep drop in impact strength 
which occurred between room temperature and —78°C. The speci- 
mens were immersed in the bath at the desired temperature for half 
an hour before testing. The bath for —10 and —30 °C was methyl- 
cyclohexane which had been chilled to, and was maintained at, the 
desired temperature with liquid air. 

Technique—The specimens that were tested at the temperature 
of liquid hydrogen were cemented into paper boats before being im- 
mersed. The boat served as a container for the liquid hydrogen while 
the specimen was transferred from the hydrogen container to the 
testing machine, thus preventing a rise in the temperature of the 
specimen during the transfer. The boats were constructed as shown 
in Fig. 8. A perforated paper cover was placed over the boat before 
immersing to keep the hydrogen from bubbling out during the trans- 
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fer. The strings and paper tab were used to facilitate the immersion 
and withdrawal of the specimens from the Dewar flask. 

After the specimen had soaked for % hour, the boat was with- 
drawn and placed on the anvil of the testing machine. As soon as 
the boat was positioned, the strings were cut and the pendulum was 
released. About 5 seconds were required for this operation. 

The use of the boat introduced a correction into the absorbed 
energy reading, so two boats filled with liquid hydrogen, but with no 
specimens in them, were tested to determine the correction factor. 
It was determined to be 0.2 ft-lb. 

A similar technique was used for the first impact tests at liquid 
air temperature. However, tests were made which indicated that 
there was no perceptible rise in the temperature of the specimens for 
about 7 seconds after their removal from the bath without the use of 
boats. Since less than 5 seconds were required to position the speci- 
men, all subsequent tests at liquid air, or higher, temperatures were 
made without the use of paper boats. 


ViIcKERS HARDNESS TESTS 


Cylinders about %4 inch long were cut from the 34-inch diameter 
bars for hardness test specimens. The ends were faced in a lathe 
and polished down to a 2/0 grit paper. 

Five impressions were made with a diamond pyramid at regular 
intervals along two radii of the specimen, at 90 degrees to each other. 
The average hardness number for these ten impressions was then 
taken as the hardness number for the specimen. 

Impressions were made at room temperature, —78 and —192 °C 
(—108 and —313 °F). In the low temperature tests, the specimen 
was placed in the metal-lined wooden dish shown in Fig. 4. The im- 
pressions were made while the specimens were immersed in a cool- 
ant (acetone and dry ice for —78°C (—108°F), and liquid air 
for —192 °C), and the impressions were measured after the speci- 
mens were brought back to room temperature, Tests were made in 
which the impressions were made and measured while the specimen 
was immersed in liquid air. These tests indicated that the increase 
in diagonal length caused by thermal expansion did not significantly 
change the hardness number. 


TENSILE TESTS 


The modulus of elasticity was determined by taking strain read- 


yee ween 
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ings with the Tuckerman gage at 500-pound increments of load until 
a total load of 5000 pounds or one-half the yield strength (whichever 
was the least) was reached. The machine was stopped for each 
reading. Modulus of elasticity determinations were made at room 
temperature and —78°C (—108°F). The same specimens were 
used for both temperatures because it was felt that the variation in 
modulus from one specimen to the next might mask the effect of the 
temperature. Previous hardness tests had indicated that no perma- 
nent structural changes occurred in these alloys as a result of the 
relatively short exposures to low temperatures which the specimens 
were subjected to during the tests. 

Standard 0.505-inch diameter specimens (ASTM designation 
E8-46) were used for most of the tensile tests in this investigation. 
Because of the limited capacity of the machine, the specimens for the 
tests of the high strength alloys were made 0.357 inch in diameter. 
The per cent elongation for the smaller specimens was based on a gage 
length of 1.4 inches. 

Tensile tests were made at room temperature, —78 °C (dry ice) 
and —196 °C (liquid nitrogen). At the low temperatures, the speci- 
mens were soaked in the bath for about 15 minutes before starting 
the test. 

Strain measurements for the determination of the yield strength 
were also made with the Tuckerman gage. Readings were taken 
at sufficiently small intervals to definitely establish the stress-strain 
curve. In each case the yield point was determined by a 0.2% offset. 

It was necessary to remove the extension arms from the speci- 
men after the yield strength had been determined to avoid breaking 
the pointed screws with which the arms were attached to the speci- 
men. In order to do this, the load had to be released, and the speci- 
men taken out of the bath. The specimen was immediately replaced 
in the machine and loaded to failure. 

All measurements for the determination of the elongation and. 
the reduction of area were made after the test specimens returned to 
room temperature. 


RESULTS AND DISCUSSION 


The results of the rotating-beam and reciprocating-beam fatigue 
tests of the normalized SAE 2330 steel at room temperature and 
—78 °C (—108 °F) are illustrated in Fig. 9. The tests were car- 
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ried only to 85,000 psi because that was the maximum capacity of 
the rotating-beam machine. The results of similar tests of the 
24S-T aluminum are illustrated in Fig. 10. 

The slope of the S-N curve for the room temperature recipro- 
cating-beam tests of the normalized SAE 2330 steel was steeper than 
that for the rotating-beam tests. The difference in the curves was 
probably caused by the difference in the stress patterns which were 
developed in the specimens in the ‘two tests. A greater portion of 
the section was stressed to the nominal value in the rotating-beam 
tests than in the reciprocating-beam tests, thus increasing the prob- 
ability of stressing a “defective” or “susceptible” area, and also caus- 
ing the generation of a greater amount of heat. No temperature 
measurements were made in the rotating-beam tests (at room tem- 
perature), but at the higher stress levels the specimens became hot, 
whereas in the reciprocating-beam tests at the same stress levels 
the specimens reached a temperature of only a few degrees above 
room temperature. At —78 °C there was considerable scatter in the 
results obtained with both machines, but the curves appeared to be 
approximately parallel to the room temperature curves. It was noted 
that at the lower stress levels above the endurance limit there was 
little difference in the values obtained with both machines, and also 
there was only a slight difference in the values obtained for the 
endurance limit. 

The curves for the room temperature tests of the 24S-T alumi- 
num obtained with the two machines were almost identical. Also, 
there appeared to be no difference between the curves obtained with 
the rotating-beam machine at room temperature and —78°C. The 
specimens were loaded at room temperature and then chilled to 
—78 °C before the test was started and this was believed to be the 
cause of the similarity of the curves. 

The results of the reciprocating-beam fatigue tests of the normal- 
ized and hardened SAE 2330 steel, normalized and hardened NE 8630 
steel, cold drawn 18-8S stainless (Type 304), hardened Stainless 
“W” (Type 322), and 8%% nickel steel at room temperature, 
—78°C (—108 °F), and —196°C (—321 °F) are illustrated in 
Figs. 11 to 17 respectively. In each case the fatigue strength at the 
high stress levels increased with decreasing temperature. It ap- 
peared that the curves for the SAE 2330 steel converged at the lower 
stress levels and that the endurance limit at —78 °C was only slightly 
greater than at room temperature. At —196 °C, however, the curve 
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Fig. 10—Fatigue Tests of 24S Aluminum at Various Temperatures. 


was much higher than at —78 °C and appeared to be substantially 
parallel to the room temperature curve. 

The hardened ‘SAE 2330 steel showed a definite increase in 
endurance limit (75,000 psi at room temperature to about 90,000 psi 
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Normalized SAE 2330 Steel 
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Fig. 11—Reciprocating Beam Fatigue Strength of Normalized SAE 2330 
Steel at Various Temperatures. 
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Fig 
SAE 2330 Steel at Various Temperatures. 
at —78°C), although the increase was not as great as anticipated 


from the results of the high stress tests. 
The curve for the NE 8630 steel at —78°C was higher than 
that for room temperature, but it did not have a sharp “knee” and 
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Fig. 13—Reciprocating Beam Fatigue Strength of Normalized NE 8630 Steel 
at Various Temperatures. 
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Fig. 14—Results of Reciprocating Beam Fatigue Tests of Hardened 
NE 8630 Steel at Various Temperatures. 


appeared to be converging on the room temperature curve. The curve 
for —196 °C was considerably higher than the curve for —78 °C and 
was parallel to it within the range of stresses tested. 

The curves for the hardened NE 8630 steel and the stainless 
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18-8 Stainless Steel 
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Fig. 15—Reciprocating Beam Fatigue Strength of 18-8 Stainless Steel at 
Various Temperatures. 
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Fig. 16—Results of Reciprocating Beam Fatigue Tests of Type 322 (“W’’) 
Stainless Steel at Various Temperatures. 
steels were similar to those for the hardened SAE 2330 steel. There 
appeared to be a definite increase in endurance limit with falling 
temperature, the increase between —196°C and —78°C being 
slightly greater than that between —78°C and room temperature. 
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8 %% Nickel Steel 
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Fig. 17—Results of Reciprocating Beam Fatigue Tests of Normalized 8.5% 
Nickel Steel at Various Temperatures. 


The results of the fatigue tests of aluminum and aluminum al- 
loys (24S-T, 2S, 61S-T and 75S-T) are illustrated in Figs. 10, 18, 
19 and 20 respectively. All of these alloys showed a similar be- 
havior in the tests. There was only a slight increase in the fatigue 
strength between room temperature and —78°C and then a com- 
paratively large increase between —78 and —196 °C. 

The results of the tests of the FS-1 magnesium alloy are shown 
in Fig. 21 and were just the opposite of those obtained for the alu- 
minum alloys. A large increase in fatigue strength was observed be- 
tween room temperature and —78 °C and a smail increase between 
—78 and —196 °C. 

The results of the tests of the aluminum bronze are shown in 
Fig. 22. At 100,000 psi and —78°C the initial deflection was 
greater than that which could be obtained with maximum cam eccen- 
tricity. After the specimen had been stressed for 10 cycles, the de- 
flection decreased to a value within the limits of the machine. Con- 
tinual stressing at the maximum cam eccentricity did not work 
harden the specimen sufficiently to withstand stresses greater than 
100,000 psi, so that was the maximum stress used. 


Impact TEstTs 


Fig. 23 summarizes the Charpy impact tests. The materials 


| | 
: 
t 
; 








500 TRANSACTIONS OF THE A. S. M. Vol. 41 
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Fig. 18—Reciprocating Beam Fatigue Strength of 2S Aluminum at Various 
Temperatures. 


61S-T Aluminum 











Fig. 19—Reciprocating Beam Fatigue Strength of 61S Aluminum at Vari- 
ous Temperatures. 


indicated in this chart are-arbitrarily placed from left to right in the 
order of decreasing impact strength at room temperature. 
The 18-8 stainless steel exhibited the highest impact values at 
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Fig. 21—Reciprocating Beam Fatigue Tests of FS-1 Magnesium at Various 
Temperatures. 


the low temperatures, with the quench-annealed 18-8S showing the 
highest values of all the materials tested. 

Impact values for the Type 304 stainless steel, cold drawn to a 
tensile strength of 210,000 psi, increased slightly at intermediate tem- 
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Fig. 22—Reciprocating Beam Fatigue Tests of Aluminum Bronze at Vari- 
ous Temperatures. 


peratures, but showed approximately the same value at 20 and 
—253 °C (about 25 ft-lb). As shown in Fig. 23, the impact strength 
was considerably increased by fully annealing this alloy (4 hours at 
2000 °F and water quenching). Such annealed material showed 
decreasing impact strength with decreasing temperature, but the 
value at —192 °C was still as high as 80 ft-lb—the highest impact 
values of all the materials tested. The severely cold-worked Type 
304 specimens were fractured completely in the impact tests. The 
fully-annealed specimens did not completely fracture at room tem- 
perature, but they all broke at the lower temperatures. 

Tests on age-hardened Stainless “W” gave an impact value at 
25 °C of about 14 ft-lb and this value dropped to 4 ft-lb at —78°C 
and 2 ft-lb at —192 °C. 

The 8%% nickel steel was developed especially for low tem- 
perature applications. It was found that the impact values for this 
material were between those of the Type 304 stainless and the low 
alloy steels as shown in Fig. 23. The results of the tests indicated 
that there was a slight increase in impact strength when the tem- 
perature was lowered to —40°C and then a decrease when the 
temperature was lowered to —78 °C. The drop was steeper between 
—78 and —127 °C, and finally a more gradual drop to 22 ft-lb at 
—196 °C. 
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Fig. 23—Results of Charpy Impact Tests of Aircraft Alloys at Room and Very 
Low Temperatures. 


The values for normalized and hardened NE 8630 steel, and also 
for normalized SAE 2330, dropped sharply as the temperature was 
lowered to —78°C, showing about 5 ft-lb or less at —78°C and 
about 3 ft-lb at —253°C. The rate of decrease was more gradual 
for the SAE 2330. 

The superiority of hardened SAE 2330 over hardened NE 8630, 
as far as loss in impact values with decreasing temperatures is con- 
cerned, is shown by the fact that the NE 8630 steel showed a prac- 
tically straight-line drop to about 5 ft-lb at —192°C and had this 
same value at —253°C. The SAE 2330 steel had the same notch 
toughness at —10 °C as at room temperature, a more gradual drop 
to —192 °C and the comparatively high value of about 16 ft-lb at 
—192 and —253 °C. 

The impact strength of the 2S-3/4H aluminum increased as 
the temperature was decreased to —192°C and decreased at 
—253 °C. These results, however, are not particularly quantitative 
and not reliable for comparative purposes, because all specimens bent 
with partial fracture in the impact tests. In fact, it is not strictly 
correct to report the. results for 2S as the “impact strength” of this 
material as we are doing in this paper. This point should be kept in 
mind when studying the data. Perhaps all that should be said is 
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that the 2S-3/4H aluminum possesses excellent impact resistance 
within the temperature range studied. 

The 24S-T, 61S-T, and 75S-T alloys all behaved alike in that 
they all failed in a comparatively brittle manner and each showed 
essentially the same impact strength within the temperature range 
studied. A slight increase in impact strength with decreasing tem- 
perature was indicated, with the 61S-T showing slightly higher val- 
ues than the other two alloys. 

FS-1 magnesium alloy showed low impact values over the entire 
temperature range studied, with all values lying in the range of 2 to 
4 ft-lb. The data for the aluminum bronze were a “shotgun” scat- 
tering. The blocks for Fig. 23 were merely made to the average of 
the values obtained at each temperature. Metallographic examina- 
tion showed a coarse plate-like structure; the material was in essen- 
tially the cast condition. Profile studies showed that the specimens 
exhibiting high impact values fractured largely through the plates 
of alpha bronze, whereas those showing low values fractured largely 
through the dark-etching matrix material. The impact value was 
also dependent on whether the fracture occurred parallel to or at 
right angles to the plates. Results would probably have been more 
consistent on completely wrought material. 


HARDNESS 


All of the materials investigated showed an increase in hard- 
ness with a decrease in temperature. The data are shown in Table 
III. Hardnesses were determined at only the three temperatures 
noted. Hardness tests were made on specimens before, during, and 
after exposure to the low temperatures and it was found that the 
hardness increased with decreasing temperature, and then reverted 
to its initial value when the specimen was returned to room temper- 
ature. The hardness appeared to be dependent upon the heat treat- 
ment which the specimen had undergone as well as upon the tem- 
perature over the entire range of test temperatures. For example, 
the hardened SAE 2330 was harder at +25 °C than the normalized 
material and continued to be harder as the temperature was lowered. 


TENSILE TESTS 


The results of the tensile tests are summarized in Figs. 24 to 26. 
The values shown for the yield strength at —78 °C and all the values 
for the tests at —196 °C are for single specimens. The remaining 
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values are averages of two tests. The moduli of elasticity at room 
temperature and —78 °C are listed in Table IV. Almost all of the 
materials showed a slight increase in the modulus of elasticity. 
There appeared to be a good correlation between the ultimate 
tensile strength and the fatigue strength at high stress levels. For 
example, the aluminum alloys showed only a slight increase in tensile 
strength between room temperature and —78 °C and there was like- 
wise only a small increase in the fatigue strength. Between —/78 
and —196 °C there was a comparatively large increase in tensile 
strength and a correspondingly large increase in the fatigue strength. 
The differences for the tensile strengths of the steels were less pro- 
nounced, and likewise the difference between the fatigue curves was 
less pronounced. The FS-1 magnesium was an exception to this 
rule. The tensile strength changed more between —78 and —196 °C 
than between room temperature and —78 °C, yet almost the entire 
increase in fatigue strength occurred between room temperature and 
—78 °C and only a small increase between —78 and —196°C. All 
the steels showed an increase in tensile strength with decreasing 
temperature. In general, the increase between room temperature and 
—78 °C was somewhat less than that between —78 and —196 °C, 
e.g., the ultimate tensile strength of the SAE 2330 increased from 


Table Ill 
Results of Vickers Hardness Tests at Various Temperatures 





r—— Vickers Pyramid Hardness——, 


Material +20 °C —78 °C —192 °C 
ne eee oun 44 50 60 
Ce eecavbesews 143 151 166 
a ns ene enndesnet 181 193 214 
Swe weimeesebedress 104 114 130 
on os, ooh we nieces pbk Oe Sed aeeee 56 62 69 
SAE 2330 Steel 
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NE 8630 Steel 
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1Oil-quenched from 1500 °F, drawn at 925 °F. 

2Oil-quenched from 1500 °F, drawn at 850 °F, 

Air-cooled from 1650 °F, air-cooled from 1450 °F, air-cooled from 1050 °F. 
*Air-cooled from 1900 °F, aged 40 minutes at 1000 °F. 

5Cold-rolled to 210,000 psi tensile strength. 

®Water-quenched after 4 hours at 1350 °F. 

TWater-quenched after 15 minutes at 2000 °F. 

SWater-quenched after 4 hours at 2000 °F. 
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Fig. 24—-Tensile and Yield Strengths of the Aircraft Alloys at Various Temperatures. 
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109,000 psi at room temperature to 123,000 psi at —78 °C and then 
to 165,000 psi at —196°C. With the exception of the Type “W” 
stainless and the normalized SAE 2330, all the steels showed an 
increase in elongation when the test temperature was lowered to 
—78°C. The steels also showed a decrease in the reduction of area 
with falling temperature with the exception of the 814% nickel steel 
which showed a slight increase. 

The behavior of the 18-8 stainless steel in the tensile test at the 




















Table IV 
Modulus of Elasticity of Aircraft Alloys at Room Temperature and —78 °C 





Modulus of 

; -—Elasticity, psi X 10--—, 
Material +25 °C —78 °C 
re oa c . woda bh oie dees dea de 10.05 11.25 
FES LE ROT SE NOES Faas 10.87 11.11 
tI ea ee hee nvebdan 10.08 10.62 
ire a, og oie ge es os 10.21 10.75 
eg ge Da woe & Winona 6.58 6.83 
SI i a se 19.21 19.77 
Normalized SAE 2330 Steel ................. 29.46 30.71 
A Rr er 32.30* 33.19* 
Normalized NE 8630 Steel ................... 28.38 30.10 
Bardened NE 8630 Steel ........-.ecccsccces 31.87* 31.75* 
Type 304 (18-8) Stainless Steel .............. 24.19* 26.53* 
Type 322 (“W”) Stainless Steel ............. 30.55 28.78 
ee acne. > G's 5 o's Me Amid e:o0, cae OM 28.55 30.15 





*Tentative. 
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At —78 °C the load dropped rapidly 


for a short period after the ultimate strength was reached, then lev- 
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At —196 °C, the load dropped very sharply after the ulti- 
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Fig. 25—Per Cent Elongation in 2 Inches of the Aircraft Alloys at Various Tem- 


peratures, 





Fig. 26—Per Cent Reduction of Area of the Aircraft Alloys at Various Temperatures. 
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mate was reached, and then rose gradually to a new ultimate. This 
second ultimate is the value shown in Fig. 24. This behavior was 
probably caused by austenite transforming to ferrite during plastic 
deformation. 

The aluminum and aluminum alloys showed only a small in- 
crease in tensile and yield strength between room temperature and 
—78 °C and a relatively large increase between —78 and —196 °C. 
There was little variation in the elongation and reduction of area, 
except for the elongation of the 2S aluminum at —196°C (39%) 
which was considerably greater than the values for room tempera- 
ture and —78 °C (24 and 26% respectively). 

The tensile and yield strengths of the FS-1 magnesium and 
the aluminum bronze also increased with falling temperature and the 
increase between —78 and —196 °C was greater than between room 
temperature and —78°C. The elongation of the magnesium was 
fairly good at +25 and —78 °C (16.5%), but it dropped to the very 
low value of 3.5% at —196°C. The elongation for the aluminum 
bronze was quite low at all the test temperatures (8% at room temper- 
ature to 4.5% at —196°C). Similarly the values obtained for the 
reduction of area were low (3.0% for the magnesium and 6.5% for 
the aluminum bronze). 


SUM MARY 


The fatigue, impact, hardness and tensile properties of 12 alloys 
were determined over the temperature range +25 to —196°C 
(+70 to —321 °F). The materials included 2S-3/4H aluminum; 
24S-T, 61S-T, and 75S-T aluminum alloys; SAE 2330 steel, nor- 
malized and hardened; NE 8630 steel, normalized and hardened; 
Type 304 (18-8) stainless steel, cold drawn to 210,000 psi tensile 
strength; Type 322 (W) stainless steel, precipitation-hardened ; 
814% nickel steel; FS-1 magnesium; and aluminum bronze. Nearly 
all of these alloys are often used in aircraft construction. 

The fatigue tests were made at room temperature, at the tem- 
perature of dry ice (—78°C), and at the temperature of liquid 
nitrogen (—196°C). Liquid nitrogen was used instead of liquid 
air or oxygen in many of the tests for safety reasons. Many of the 
tests were made at stress levels above the yield point of the metals 
tested. Without exception, the alloys showed an increase in fatigue 
strength with falling temperature. The fatigue strength appeared to 
be related to the tensile strength. 
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Charpy impact tests were made over the temperature range 
+25 °C to —253 °C (—423°F). These tests showed no general 
correlation between temperature and impact values. The ferritic 
steels showed a sharp decrease in impact values with falling tem- 
perature; the austenitic steels showed a gradual decrease; the 2S 
aluminum showed an increase; and the values for the remaining 
aluminum alloys and the FS-1 magnesium remained fairly constant 
over the range of test temperatures. The results for the aluminum 
bronze were widely scattered so a definite trend was not established. 

Vickers hardness tests were made at room temperature, —78 °C 
and —192 °C (liquid air). The hardness of all the materials in- 
creased with falling temperatures. Hardness tests were made before, 
during, and after exposure to the low temperatures, which indicated 
that the hardness was dependent on the prior heat treatment of the 
specimen as well as the test temperature. No evidences of phase 
changes were observed for these relatively short exposures to the 
low temperatures since, in every case, the hardness reverted to its 
initial value when the specimen was warmed to room temperature. 

Without exception, the tensile strength and yield strength in- 
creased with falling temperature. In general, the reduction of area 
decreased with falling temperature. The exceptions were the 18-8 
stainless and 8%% nickel steels which showed a slight increase 
at —78 °C over that obtained at room temperature. The elongation 
was inconsistent. Some materials showed an increase with falling 
temperature, and others showed a decrease. 
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DISCUSSION 


Written Discussion: By G. N. Krouse, Krouse Testing Machine Co., 
Columbus, Ohio. 

The authors are to be congratulated on this excellent piece of 
research which contributes a great deal of useful data for design purposes. 

The scope of this work covered practically the whole low tempera- 
ture range which engineers will probably encounter in mechanical designs 
and indicates the trend for the remaining small range of lower tempera- 
tures. 

In order to more nearly simulate service conditions this excellent 
work might very well be extended to cover the effects of notches on 
fatigue strengths and the effects of range of stress on these notched 
materials. 

There has been a tendency to assume that a given type notch pro- 
duces a fixed stress concentration value without due consideration being 
given the inherent notch susceptibility of materials or the effects of stress 
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range on the damaging stresses. These factors are extremely important 
when dealing with narrow design limits. 

Written Discussion: By Thomas J. Dolan, research professor, The- 
oretical and Applied Mechanics, University of L[llinois, Urbana, IIl. 

In recent years there has been propounded a great deal of speculation 
(including some erroneous concepts) regarding the mechanical properties 
of metals at low temperatures. The evolution of many new mechanisms 
which must operate at very low temperatures has made it a necessity 
that we obtain more exact knowledge regarding the resistance of struc- 
tural metals to the various types of loading conditions and environment 
that may be encountered in service. In addition, it is becoming increas- 
ingly evident that before fundamental laws of the mechanical behavior 
of a material can be formulated (such as a quantitative “mechanical equa- 
tion of state”) a great deal more must be known about the manner in 
which temperature enters as a parameter in contributing to the structural 
actions of commonly used metals. It is, therefore, gratifying that the 
authors have been able to overcome many of the difficulties of techniques 
of testing at low temperature, and have been fortunate enough to have 
had available the large quantities of liquefied gases necessary to produce 
the extremely low temperatures involved in the test program. 

Unless extreme precautions are taken, great fire and explosion 
hazards exist in the use of some of these coolants (such as liquid air and 
liquid hydrogen) employed by the authors. Minute quantities of oxidiz- 
able substances in contact with liquid air become very unstable powerful 
explosives. It might be of great benefit to some of the readers who may 
contemplate further research at low temperatures if the authors could 
outline briefly some of the safety precautions they found necessary in 
their tests. 

The popular fad in recent years among materials engineers has been 
the testing of a wide variety of specimens to determine the temperature 
of transition from brittle to ductile fracture or the energy-absorbing 
characteristics in the range from values just above room temperature 
to perhaps minus 100°F. The emphasis placed on this type of informa- 
tion has led to the popular impression that metals are inherently brittle 
and have practically no energy-absorbing characteristics at very low 
temperatures. The authors’ data in this regard are rather reassuring, 
since they indicate that without exception the tensile strength and yield 
strength increased with falling temperature. Moreover, though the per 
cent elongation and per cent reduction of area decreased to some extent 
at low temperatures, the plastic deformations still remained appreciably 
large (that is, the tensile specimens did not exhibit the brittle “glass-like” 
fracture without ductility, that has been falsely attributed to many of 
these metals at low temperature). In fact, for several of the metals, 
including the aluminum alloys and some of the steels, the per cent elonga- 
tion in the tensile test was greater at these extremely low temperatures 
than that observed at room temperature. 

As one result of' the emphasis that has been given to tests involving 
the position of the transition temperature for brittle fracture, it has been 
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postulated’ that perhaps fatigue fracture occurs when the transition tem- 
perature of a steel increases during the test and becomes equal to the 
testing temperature. In contrast with this concept it is particularly 
reassuring to find that in the authors’ tests the fatigue strengths of the 
steels tested all continued to increase even though the temperatures were 
depressed to values far below those normally considered to be below the 
transition temperature for brittle fracture in various static and impact 
tests. 

The fact that the fatigue strength, static tensile strength and hard- 
ness of the twelve alloys consistently increased as the temperature was 
decreased from plus 25°C to minus 196°C would lead one to suggest 
that some functional relationship may exist between these properties 
and the temperature. A further study of the data might yield valuable 
information regarding the fundamental structural actions involved; this 
information could be used to check the validity of present theories of 
the behavior of material, or to further modify. existing hypotheses of 
the elastic and inelastic behavior of metals. 

The data shown in the authors’ Figs. 9 and 10 indicate that slightly 
higher endurance limits were obtained from fatigue tests in a recipro- 
cating or vibratory bending machine as compared with test results from 
the rotating beam machine. This is in agreement with the data obtained 
in previous tests* in which consistently higher values of fatigue strength 
(and of finite fatigue life) were obtained in round specimens tested in a 
vibratory bending machine of the same type as that employed by the 
authors. This apparently, then, is an inherent quality of the type of test 
that might possibly be associated with the greater volume of material 
subjected to peak stress in the rotating beam test as suggested by the 
authors. A similar discussion of this point has been presented by 
Peterson.* 

The authors have pointed out that in generai the per cent reduction 
of area in the tensile test decreased with falling temperature, whereas 
some metals exhibited an increase and some a decrease in elongation 
as a result of lowering the temperature. This fact further emphasizes 
the differences in the character of these two commonly used measures of 
ductility. Furthermore, one might also question the adequacy of the 
ordinarily determined tensile strength as commonly obtained in standard 
acceptance tests. The tensile strength is not necessarily a unique funda- 
mental property of a metal but must in turn be determined by the load 
per unit of actual area at which localized necking of the specimen begins 
(the condition for which the total load applied to the specimen begins to 
decrease). Thus, the load per unit of original area may have no real 
significance; the specimens may begin local necking at different values 





*C. W. MacGregor and N. Grossman, “Some New Aspects of the Fatigue of Metals 
ge Out by Brittle Transition Temperature Tests,” elding Research Supplements, 
March 1948, p. 132, and discussions, Aug. 1948, p. 428-432. 


*Thomas J. Dolan’s discussion of “‘Fatigue Characteristics of Rotating Beam Versus 
Rectangular Cantilever Beam Specimens of Steel and Aluminum Alloys,” Proceedings, 
American Society for Testing Materials, Vol. 47, 1947, p. 673-676. 

4Same reference, p. 673. 
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of “true stress” which in turn are influenced by the temperature of test- 
ing. A somewhat more useful concept, and one regarding which it would 
be desirable to have further information, would be the so-called “true- 
stress at rupture” or fracture stress. While the method of measurement 
of strains employed by the authors does not permit the drawing of a 
complete true-stress, natural-strain curve, it would be desirable to know 
whether they recorded the loads at fracture from which a computation 
could be made to determine the fracture stress for each of the metals 
at each of the testing temperatures. Though the tensile strength 
increased as the temperature was depressed, the reduction of area also 
decreased, and hence the fracture stress may have remained fairly con- 
stant over a wide range of temperature. It would form a valuable addi- 
tion to the paper if in their closing discussion the authors could present 
values of true-stress at fracture for a range of temperatures if such data 
are available. 


Written Discussion: By Charles A. Nagler, associate professor, De- 
partment of Chemical and Metallurgical Engineering, Wayne University, 
Detroit. 

The authors are to be complimented on their paper concerned with 
physical properties of aircraft alloys at low temperatures. In the con- 
clusion of the paper the statement appears “the fatigue strength appeared 
to be related to the tensile strength.” From the stress-cycle curves and 
the tensile strength, data that appear in Table V were taken and the 


Table V 








—196°C———_~. ———— —78°C ee oh 28 9, 
Endur- Endur- Endur- 
Endur- ance  Endur- ance Endur- ance 

ance Tensile Limit, ance Tensile Limit, ance Tensile Limit, 
Alloy Limit Strength % Limit Strength % Limit Strength 0 
2S 24,000 55,000 68 13,000 25,000 §2 11,000 23,000 48 
24 S-T 50,000 88,000 57 22,000 75,000 29 21,000 70,000 30 
61 S-T 40,000 60,000 67 26,000 48,000 54 20,000 45,000 44 
75 S-T ee rey ing Beene wacker pea 31,000 hee at 
FS-1 30,000 60,000 50 22,000 46,000 48 18,000 40,000 45 
Al-Bronze 60,000 95,000 63 38,000 85,000 45 32,000 80,000 40 


SAE 2330 N 111,000 165,000 67 65,000 125,000 52 59,000 110,000 54 
SAE 2330 H 120,000 197,000 61 95,000 158,000 60 80,000 143,000 56 
NE 8630 N 94,000 148,000 63 57,000 103,000 55 45,000 90,000 50 


NE 8630 H 120,000 ...+... wo 80,000 145,000 55 65,000 140,000 46 
18-8 C.D. 155,000 300,000 52 125,000 240,000 52 110,000 220,000 50 
18-8 W 160,000 242,000 66 115,000 200,000 57 91,000 182,000 50 

92,000 168,000 55 81,000 132,000 61 73,000 118,000 62 


84% Ni Steel 


endurance limit determined as a per cent of the tensile strength of con- 
ditions of test at +25, —78, and —196 °C. 

The average endurance limit of the material tested at temperatures 
of +25, —78, and —196°C was found to be 47, 52, and 60%. The 
value of this calculation lies in the fact that we have an approximate 


increase of 138% in’ the endurance limit under conditions of test at 
—196 °C. 





514 TRANSACTIONS OF THE A. S. M. Vol. 41 


Written Discussion: By R. C. A. Thurston, metallurgical engineer, 
Bureau of Mines, Ottawa, Ontario, Canada. 

The authors are to be complimented on the notable addition they 
have made to the relatively small amount of data available on mechanical 
properties of metals at very low temperatures, particularly as regards 
resistance to alternating stresses. This field of research is becoming of 
increasing importance and the author’s description of the different tech- 
niques they have adopted will undoubtedly be of considerable value to 
other research investigators working in the same direction. 

In this connection, I would like to ask for further information on 
one or two points. How was the temperature measured in the R. R. 
Moore tests and what was the degree of control in general? No tempera- 
ture rise was observed in the low temperature fatigue tests at high 
stresses; did the authors make any measurement at the points of maxi- 
mum stress? What was the speed of testing adopted in the Krouse and 
R. R. Moore fatigue tests? 

The results obtained follow the general trend of those reported by 
previous investigators mentioned «in the list of references. With the 
exception of the 2S aluminum, the S/N curves are of similar form at 
the three temperatures of the tests. The 2S aluminum at —196 °C, 
however, has a steeper slope or longer endurance at the higher stresses 
than one might expect. This is of particular interest since it agrees 
with some earlier work described by W. Hofmann.’ The results of his 
fatigue tests under direct stresses on aluminum at +20, —55 and —160 °C 
bear a marked resemblance to those plotted in Fig. 18. Can the authors 
suggest any explanation for this behavior? 

In conclusion, it is to be hoped that the authors will continue their 
work by investigating the effect of notches in fatigue at low temperatures 
since reliable data on this subject are very difficult to find. 


Authors’ Reply 


The authors wish to thank Mr. Krouse, Professor Dolan, Professor 
Nagler, and Mr. Thurston for their discussions of the paper and sug- 
gestions for future work. 

In answer to Mr. Krouse, fatigue and tensile tests of notched speci- 
mens are on the program and we hope to start this work in the near 
future. 

Professor Dolan has pointed out the hazards of working with some 
liquefied gases. We used liquid nitrogen for the fatigue tests because 
it is relatively inert. Liquid air becomes dangerous if the tests are long, 
and the oxygen concentration builds up. The concentrated liquid in 
contact with a combustible material such as oil or grease can explode. 
We used liquid air for most of the tensile tests because they were rela- 
tively short. All of the specimens were carefully cleaned prior to cooling. 

In the tests where liquid hydrogen was used, the specimens were 


5W. Hofmann, “The Stress Resistance of Light Alloys at Low Temperatures,” 
Z. W. B. Report No. F.B.2024, 1944. 
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first chilled with liquid nitrogen. We tried to keep frozen air and water 
vapor from contacting the hydrogen but in tests of this nature, it was 
difficult. The laboratory is equipped with a blower system to immediately 
draw off the hydrogen which is liberated, and thus reduce the hazard. 

In regard to the true stress, the tests were not set up for such 
determinations. However, the breaking loads were recorded so some 
data are available. These are listed in Tables VI and VII as the true 
ultimate stress (breaking load divided by reduced area). These tables 
summarize the data which were obtained in the investigation and include 
many results which were obtained after the paper was submitted for 
publication. All the alloys showed an increase in the true ultimate stress 
with falling temperatures. The aluminum alloys were unusual in that 
they showed little change, or a slight decrease, between room temperature 
and —78 °C, and then a pronounced increase between —78 and —192 °C. 

In reply to Mr. Thurston, no measurements of the specimen tem- 
perature were made in the tests with the R. R. Moore machine. The 
bath temperature only was measured in these tests and it varied from 
—74 to —78°C, depending on the amount of dry ice present. In the 
tests with the Krouse machines, the temperature measurements were 
made at the neutral axis of the specimen. No attempts were made to 
measure the temperature at the point of maximum stress because of the 
danger of scratching or otherwise altering the specimen. The tests, with 
both machines, were made at a speed of 2000 rpm. 

The behavior of the 2S aluminum in the fatigue test appeared to be 
related to the true ultimate tensile strength. All the aluminum alloys 
showed a pronounced increase in the true ultimate tensile strength 
between —78 and —196°C, but in the case of the 2S aluminum, it was 
particularly large (44,700 to 80,000 psi). This may be a partial explana- 
tion for the unusual behavior of this material in the fatigue‘ tests. 





THE MICROSTRUCTURE AND MECHANICAL 
PROPERTIES OF CAST STEELS 


By M. F. HAwKEs AND B. F. Brown 


Abstract 


The microstructures of a large number of plain 
carbon, low alloy, and medium alloy, cast steels were 
studied after various annealing and normalizing treat- 
ments. The temperature at which austenite transforms 
on cooling is the fundamental variable controlling micro- 
structure ; it was found that as this temperature is lowered 
by virtue of increased cooling rate or hardenability, the 
structures observed are successively: 

1. Dendritic blocky ferrite plus pearlite 

2. Random blocky ferrite plus pearlite 

3. Widmanstatten ferrite plus pearlite 

4. Martensite 
Mixtures of these structures are usually observed because 
transformation on cooling extends over a range of tem- 
peratures. Another important factor causing mixed struc- 
tures 1s dendritic segregation of alloying elements. It ts 
shown that the relative severity of segregation cannot be 
inferred by comparing single conventional photomicro- 
graphs of specimens of two cast steels cooled in a similar 
manner. 

When comparing many cast steels having about the 
same strength, the wide variation observed in micro- 
structure does not show good correlation with mechanical 
properties; other factors such as porosity, inclusion type, 
steelmaking variables and, undoubtedly, gases are equally 
wmportant. In any one cast steel successively better 
ratios of ductility to strength are shown to be obtained 
by faster cooling, which leads to the succession of struc- 
tures listed in the preceding paragraph. Little or no loss 
in ductility and appreciable gain in strength are obtained 
by using moderately rapid cooling, which produces Wid- 
|| manstatten ferrite, instead of slow cooling, which produces 
blocky ferrite. 
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Part I: MicrostRUCTURE OF ANNEALED AND NORMALIZED 
Cast STEELS 


HE variety and complexity of microstructures exhibited by cast 

steels is well known to the metallographer doing routine work 
in that field. Unlike the case with wrought steels, however, little 
has been done to explain or classify these structures, and the text- 
books give little information about them. This paper presents a 
study of one important portion of that field and a few remarks on 
cast steel structures in general. 

To be specific, it was found early in this study that as-cast 
microstructures vary widely, depending upon production variables 
which are difficult to control and not completely understood. For- 
tunately, however, these structures bear little direct relation to 
structures found after reheating a steel casting, and, since nearly all 
castings are heat treated in some fashion, the importance of as-cast 
structure is much less than might be imagined. Reheated castings 
may be divided arbitrarily into two groups: those subsequently 
quenched rapidly enough to harden (i.e., transform to martensite) 
and those cooled more slowly so that other structures are obtained. 
From the structure standpoint, there is little to be said about the 
first group; martensite is a single constituent, it is always tempered 
to increase ductility, and this can result only in the formation of a 
fine dispersion of ferrite and carbide which becomes relatively 
coarser yielding higher ductility as the tempering temperature is 
increased. There is little to say about this structure or its effect 
upon mechanical properties that has not already been said. For this 
reason not much emphasis was placed on quenched and tempered 
steels. Instead major emphasis was centered on normalized or 
annealed cast steels which exhibit an amazing variety and complexity 
of structures in contrast with wrought steels. 

Part I of this paper deals with those types of cast steel pro- 
duced in the greatest tonnages today. These are low and medium 
carbon steels with or without moderate amounts of alloying elements 
and they do not possess high hardenability; therefore, on annealing 
or normalizing them, a structure consisting of ferrite and pearlite 
is formed. The case of higher alloy steels which transform to a 
variety of intermediate products will not be considered. Part II of 
this paper deals with relationship between the structures observed in 
annealed or normalized steel castings and the mechanical properties 
of such castings. 


- 
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The Microstructure of Annealed and Normalized Steel Castings 


In all low and medium carbon steels heated into the austenite 
range and allowed to transform on cooling, the ratio of pearlite to 
ferrite formed increases, and the pearlite becomes finer as the cooling 
rate increases. Furthermore, in all such steels, ferrite forms before 
pearlite as transformation of austenite occurs on cooling. Therefore, 
the ferrite pattern determines the type of microstructure finally 
observed at room temperature. The pearlite is formed last, and thus 
it is found merely in those places within the former austenite grains 
which had not already transformed to ferrite. Thus the succeeding 
discussion obviously must emphasize ferrite distribution. 

In cast steels, other factors compete with cooling rate to influ- 
ence markedly the type of ferrite-pearlite distribution. This leads to 
the greater variety of microstructures found in annealed or normal- 
ized cast steels than found in comparable wrought steels. Studies 
on approximately ninety commercial heats of varying composition 
and manufacture have led to the conclusion that the most important 
factor causing the multiplicity of structures in cast steels is dendritic 
segregation of alloying elements (including “residual” elements and 
phosphorus). The steps in this reasoning will be more apparent as 
the following analysis of these structure types unfolds. 

In cast steels, fast cooling velocities (up to the “critical cooling 
velocity” which is that at which only martensite forms) almost 
always promote a pronounced plate-like, geometrical array of ferrite 
grains which will be called Widmanstatten ferrite in subsequent dis- 
cussion. On the contrary, slowly cooled (annealed) cast steels 
exhibit a variety of microstructures which are all based upon larger, 
relatively equiaxed grains of ferrite to be called blocky ferrite here- 
inafter. This ferrite may be distributed in grain boundary, random, 
or dendritic fashion; this depends upon various factors and will be 
elaborated on in later paragraphs. 

The fundamental variable, through which all other factors 
operate to influence microstructure, will be shown to be the tem- 
perature at which the austenite (formed on heating) transforms to 
ferrite on cooling. This is illustrated in Fig. 1, which shows sche- 
matically the ferrite portion of a “cooling S-curve” over which are 
drawn cooling curves representing treatments varying from rapid 
water quenching to slow furnace cooling. These cooling curves are 
drawn starting at the A, temperature because no transformations 








Vol. 41 


TRANSACTIONS OF THE A. S. M. 











*yo}® [eyWU fuoljONpordss ul %OS peonpes ‘OO X Aljeursisio sydesZ0191WIOj0Y4d []y “]99}S ysBd UOqIeD YEO 
Aoye Moy jo sydeiZ0101mojoyd po}e1zsN{]T ‘aInjONIIG UO BBY Burjood jo ayy Suimoyg weiseiq sjeweqIg—][ “31q 






BP4D9g B Bji4s94 BY 4D9y B 9jisi9d4 9}1[409g 8 8} 1[4D9g B 9jiss94 
Ay20\9 dy 1spuseg Ayoojg wopuoy 3414494 AyDOIG B UdOJSUOWPIM UdJJOJSUDWIPIM 9} ISUBLIOW 


rT aete eee 











ee 


wopuDJ 4D Ajulow payDajony 
Ojl1J94 USJJOJSUDWIPIM 





paonpoid ainyonsjs wopudy 


sin 1 


paonpoid aanjonsjs dylapuag youandoHe 2 





ainjosadwaj 












salopunog ulnsb ayiuajsnd 40 payoajony — 
ayue84 *9018 








1949 CAST STEELS 523 


occur during cooling of the austenite above this temperature, regard- 
less of time of cooling. 

The curves are drawn to illustrate what has happened in an 
actual experiment where a typical alloy cast steel was cooled at 
various rates. The photomicrographs at the bottom show the final 
structure obtained as a result of each different cooling rate. The 
steel was from a commercial basic electric heat containing approxi- 
mately 0.30% carbon, 1.00% manganese, 0.50% chromium, and 
0.70% nickel; it had been deoxidized with Ca-Mn-Si. Half-inch 
sections of the as-cast steel were heated 1 hour at 1600 °F (870°C) 
and were cooled respectively in water, air, powdered asbestos, an 
open furnace, a closed furnace, and a furnace with power partially 
on. These treatments produced the structures illustrated from left 
to right. 

The water quench exceeded the critical cooling velocity of. the 
steel and thus caused the austenite to transform at a very low 
temperature to simple martensite which is outside the subject under 
discussion. Air cooling caused the transformation to occur at a 
fairly low temperature—in the neighborhood of 1100 °F (595 °C)— 
near the knee of the S-curve. This is the criterion for the formation 
of Widmanstatten ferrite which is illustrated in the second photo- 
micrograph. Examination at high magnification reveals a consider- 
able amount of fine pearlite in the small spaces left between the 
ferrite plates. Interrupted cooling studies show some tendency for 
the first few ferrite plates which form to be nucleated at austenite 
grain boundaries. However, the great majority of ferrite plates are 
nucleated at random, once transformation of austenite is underway. 

This is in sharp contrast with the formation of blocky ferrite 
in its various forms; this product is nucleated primarily at austenite 
grain boundaries. It should also be emphasized at this point that 
earlier views (1)*, which postulated that Widmanstatten ferrite was 
most likely to form at intermediate cooling rates, are in error and 
that actually the tendency for this pattern to occur (in cast steels, 
at least) becomes more and more pronounced as the cooling velocity 
approaches the critical cooling velocity. No exceptions to this rule 
have been found in hundreds of gradient-quenched specimens studied. 
The importance of knowing the conditions under which the Widman- 
statten distribution is produced will become evident in Part II of 
this paper which deals with the relation of structure to mechanical 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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properties. Furthermore, it is important to understand that this 
Widmanstatten pattern is a normal structure for cast steels, has 
good mechanical properties as will also be shown in Part II, and is 
not indicative of overheating or coarse austenite grain size as is often 
the case in wrought steels. 

It is also important to emphasize that the Widmanstatten ferrite 
referred to in this work must not be confused with so-called acicular 
ferrite or “X-constituent” found just below the hardened rim of 
some slack-quenched alloy steels. The microstructure of this con- 
stituent often resembles somewhat that of Widmanstatten ferrite, 
but actually it is a ferrite supersaturated with carbon? and one which 
forms only well below the knee of the S-curve. Widmanstatten 
ferrite can be produced slightly below the knee in some steels, but 
its usual temperature range of formation is above the knee. Steels 
in which intermediate products of the “X-constituent” type are 
found will not be discussed in this paper. 

Referring to Fig. 1, it is seen that when the cooling velocity is 
decreased, as, for instance, by furnace cooling, ferrite forms at a 
higher temperature and has a blocky appearance; the next to the last 
photomicrograph in the series is a good illustration of this type of 
ferrite randomly distributed. 

There is an obvious and sharp distinction between the appear- 
ance of Widmanstatten and blocky ferrite but not between the cool- 
ing rates at which they form. This, and the fact that three modifi- 
cations of blocky ferrite exist and may coexist, are results of the 
dendritic type of segregation already mentioned. The former fact 
is illustrated by the third and fourth photomicrographs of Fig. 1. 
They show that, over a wide range of cooling rates, both Widman- 
statten and blocky ferrite may be found in the same microspecimen, 
and that a large change in cooling rate is necessary to effect a change 
from one pure type to the other. This results from the fact that 
the “cooling S-curve’’ for a steel shifts to the right as one goes from 
the low alloy core of a former dendrite to the alloy-rich interden- 
dritic region. Thus the core regions transform first and at higher 
temperatures to blocky ferrite (nucleated at austenite grain bound- 
aries), and the interdendritic regions transform later at lower tem- 
peratures which produce Widmanstatten ferrite (nucleated at ran- 
dom within what is left of the remaining austenite grains). 

This behavior is well illustrated in Fig. 2 where photomicro- 





2Widmanstatten ferrite on the other hand is a normal low-carbon ferrite. 
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Fig. 2—Progress of Transformation of Typical Low Alloy Cast Steel on Cooling. 
Quenched at following temperatures and times: a—1120 °F, 1 minute; b—1070 °F, 3 


minutes; c—810 °F, 12 minutes; d—660 °F, 24 minutes. All photographs at X 500; 
nital etch. 


graphs show the progress of transformation at various stages during 
the air cooling of a typical low alloy cast steel. This was a com- 
mercial acid open-hearth steel containing approximately 0.20% 
carbon, 0.80% manganese, 0.60% chromium, 0.60% nickel, and 
0.15% molybdenum; it was deoxidized with Ca-Mn-Si. Small as- 
cast samples were heated 1 hour at 1550°F (845°C) (in order to 
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Fig. 3—Low Alloy Cast Steel Exhibiting Pronounced Tendency for Grain Bound- 
ary Ferrite Outlining. Both photographs at X 100; nital etch. 
a. Normalized b. Annealed 


minimize homogenization) and were brine-quenched at various stages 
during cooling in order to follow the progress of transformation. 
The nature of the ferrite (and eventually pearlite) formed at any 
stage is clearly shown against a background of martensite (repre- 
senting austenite untransformed at the time of quenching). The 
greater the degree of segregation in a cast steel, the greater is the 
range of cooling velocities over which both blocky and Widman- 
statten ferrite are found together. Thus this type of structure is 
found in some cast steels both in the normalized and annealed state. 

Blocky ferrite may exist in at least three modifications because 
of the effects of dendritic segregation. The first of these is probably 
found only when there is relatively little segregation of alloying 
elements. Hence it is common in wrought steels, fairly common in 
plain carbon cast steels, and rare in alloy cast steels. It is the grain 
boundary type illustrated in Fig. 3 which shows photomicrographs 
of a low alloy cast steel cooled at various rates. This was a com- 
mercial acid open-hearth heat containing 0.30% carbon, 1.5% man- 
ganese, and no additional elements other than “residuals”; it was 
silicon-killed and had a coarse austenite grain size. The latter 
property also has a slight effect in promoting the grain boundary 
type of ferrite. More important than this, however, is the freedom 
that exists from dendritic segregation of alloying elements; these 
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are slow to diffuse at any temperature and remain segregated long 
after the steel has been homogenized with respect to carbon. Hot 
working apparently gives appreciable improvement, however. In any 
event, when most wrought steels are normalized, the ferrite nucleates 
chiefly at austenite grain boundaries as transformation occurs during 
cooling. Austenite then continues to transform to ferrite more by 
the mechanism of growth of existing grain boundary ferrite nuclei 
than by new nucleation within austenite grains. This likewise 
occurred in the cast steel of Fig. 3. 

On the other hand, in most cast steels, as the cooling rate be- 
comes too slow to allow Widmanstatten ferrite to form, the blocky 
ferrite takes on a more or less random pattern. The third alternative, 
favored by a high degree of dendritic segregation and also by very 
slow cooling, is a very dendritic pattern formed by the blocky ferrite.* 

These modifications are explained in the following way: it is a 
general principle that transformations in single-phase solid alloys 
tend to be nucleated at the grain boundaries of the decomposing 
phase (austenite in the case of steels). Dendritic segregation in 
steels introduces an additional influence on nucleation, however, for 
low alloy dendrite cores have S-curves shifted to the left with re- 
spect to the S-curves of the high alloy regions between dendrite 
branches. Reheating produces many new austenite grains within 
the region of each original dendrite (2), so there are as many grain 
boundaries in the dendrite cores as elsewhere. Furthermore, the 
shift of the S-curve to the left means a tendency for ferrite to nucleate 
sooner. Thus a reasonable balance between the grain boundary and 
the segregation influences on nucleation can result in a structure 
which appears to have a more or less random distribution of ferrite; 
such a structure was shown in the next to the last photomicrograph 
of Fig. 1 

On the other hand, if the degree of segregation is very high, 
this will be the dominating factor, and the ferrite formed will delin- 
eate the dendritic pattern. Such a structure was shown in the last 
photomicrograph of Fig. 1. Furthermore, this pattern has been 
observed in all the cast steels (including plain carbon heats) studied 
when the cooling was sufficiently slow. This occurs because the 
higher the temperature of transformation, the greater is the ratio 
of rate of growth of ferrite to rate of nucleation of ferrite. In 





‘This is analogous to: ferrite patios & slowly cooled alloy wrought steels. Here 
dendritic segregation has been rolled into bands but not removed. 
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other words, once a few nuclei have formed, ferrite grains grow out 
rapidly from these sites, and carbon atoms diffuse rapidly away from 
the advancing interface because of the high temperature. This builds 
up a high carbon concentration in the remaining austenite which 
inhibits new nucleation of ferrite. Ferrite continues to grow, how- 
ever, until the carbon concentration of the remaining austenite 
reaches approximately the eutectoid composition. At this point 
pearlite nucleates and grows until all the austenite has transformed. 

The various stages in the formation of a dendritic-type blocky 
ferrite structure are shown in Fig. 4. This is a series of photo- 
micrographs similar to that of Fig. 2 except that furnace cooling 
instead of air cooling was used in order to have all ferrite in the 
blocky form. For this study, the steel was a commercial basic electric 
heat containing approximately 0.30% carbon, 0.80% manganese, 
0.70% chromium, 0.80% nickel, and 0.20% molybdenum; it was 
deoxidized with aluminum and ferrotitanium. As-cast specimens 
were austenitized 1 hour at 1600°F (870°C) before the furnace 
cooling was started. Again, the martensite in these photomicro- 
graphs represents austenite untransformed at that particular stage 
in cooling. Note in Fig. 4b that, as transformation proceeded, the 
martensite etched more unevenly; this is evidence that during trans- 
formation on slow cooling, carbon diffuses through the austenite 
away from the growing ferrite as explained in the previous para- 
graphs. 

In spite of the fact that, early in this section, temperature of 
transformation was stated to be the fundamental variable controlling 
microstructure, the discussion has centered around experiments in 
which cooling rate was the variable. To emphasize the fact that 
temperature is the fundamental variable, Fig. 5 is included. These 
photomicrographs illustrate a study in which the progress of iso- 
thermal transformation of the same steel used for Fig. 2 is followed 
by quenching thin specimens after holding them in a lead bath for 
various lengths of time at various constant temperatures (the usual 
isothermal S-curve technique). All specimens were heated 1 hour 
at 1600 °F (870°C) before transferring to the lead bath. 

At temperatures slightly below the critical range, only blocky 
ferrite forms, and, as can be seen from the top horizontal row of 
photomicrographs, nucleation occurs primarily at former austenite 
grain boundaries ; growth of ferrite then proceeds largely from those 
nuclei. As before, the background phase is martensite formed on 


- 
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Fig. 4—Progress of Transformation of Low Alloy Cast Steel to Dendritic sO or 
Ferrite on Slow Cooli in Quenched at following temperatures and times: a—138 

20 minutes; b—1280 ° 64 minutes; c—1180 °F, 80 minutes; d—1140 °F, 90 minutes. 
All photographs at < 250; nital etch. 


the quench from 1280 °F (695°C), and it represents austenite un- 
transformed up to the time indicated below the photomicrographs. 
Although the effect of dendritic segregation is less pronounced on 
isothermal transformation than it is on cooling, nevertheless that 
effect is enough to produce an apparently random structure. 

At 1200 °F (650°C), the structure is still random blocky fer- 
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Fig. 5—Effect of Temperature at Which Austenite Transforms Upon Microstruc- 
ture. Cast NE 8620 steel used for illustration. Original magnification 100, reduced 
25% in reproduction; nital etch. 


rite, but the particle size is finer because the rate of nucleation has 
increased more than the rate of growth. At 1125 °F (605 °C), even 
though the first nuclei form at austenite grain boundaries, subsequent 
transformation is chiefly to Widmanstatten ferrite nucleated at 
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random. At 1040°F (560°C), the structure is essentially all 
Widmanstatten ferrite. 

When one keeps in mind the slight effect of dendritic segregation 
and the ever-present tendency for the first few nuclei to form at 
grain boundaries, the chart illustrates that a uniform and character- 
istic microstructure is produced when transformation occurs at any 
one constant temperature; it also shows that a rather abrupt change 
from formation of blocky ferrite to formation of Widmanstatten 
ferrite occurs when the temperature of transformation becomes 
sufficiently low. 

Similar isothermal studies were made on several other cast steels 
with the same result. As always, high transformation temperatures 
promote the formation of blocky ferrite while, at low temperatures 
approaching the knee of the S-curve, Widmanstatten ferrite is 
formed. It was also observed that with steels of lower- carbon 
content, the temperature range over which Widmanstatten ferrite 
is produced extends to a slightly higher value. Mixed structures 
form in a narrow intermediate transformation temperature range 
which is wider the greater the degree of dendritic segregation. 

It should be emphasized at this point that the examination of a 
single microspecimen of annealed or normalized cast steel does not 
yield suitable evidence for determining degree of segregation. This 
is because transformation occurs on cooling, and thus more than one 
type of ferrite may form, and because dendritic segregation is 
evidenced in different ways in the different types of structure. This 
can best be shown by a comparison of two cast steels cooled at 
several different cooling rates as illustrated in Fig. 6. When both 
steels were air-cooled together at a fairly rapid rate, fine Widman- 
statten patterns were formed and steel 34 appears to show more 
segregation. This is an etching effect where segregation has pro- 
duced areas of finer ferrite plates and finer pearlite (due to lower 
transformation temperature); these areas have etched darker than 
the remainder of the structure. On the other hand, when both steels 
were air-cooled together at a slower rate, mixed structures of blocky 
and Widmanstatten ferrite resulted because of segregation, and steel 
31 appears to be more severely segregated because of the larger 
particle size and greater ratio of pearlite to ferrite in the blocky 
areas. Finally the effect is once again reversed when annealing was 
the treatment used. Here steel 34 appears more acutely segregated, 
probably because its lower hardenability caused transformation to 
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Steel No. 31 (NE9430) 





Steel No. 34 (NE 8630) 


Fig. 6—-Two Cast Steels Compared for Evidence of Dendritic Segregation. X 100. 
Nital etch. a—Rapid normalize. 


malize. 


b—Slow normalize. c—Annealed. d—Rapid nor- 


e—Slow normalize. f—Annealed. 
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occur at a higher temperature, or possibly because it may actually be 
segregated to a greater extent. 


Summary 


The type of structure found in normalized or annealed cast 
steels is determined by the temperature at which the steels transform 
on final cooling. This temperature is governed chiefly by the relation 
between cooling rate and hardenability of the steel. The latter factor 
is in turn influenced by dendritic segregation. Carbon content and 
possibly alloy content have a slight direct effect on the type of 
structure formed at a given temperature. They exert an important 
indirect effect, on the other hand, by being the principal factors 
governing hardenability. 


Part II: THe RELATIONSHIP BETWEEN MICROSTRUCTURE AND 
MECHANICAL PROPERTIES OF CAST STEELS 


One approach to a study of the effect of microstructures on 
mechanical properties is obviously to compare the structures and 
properties of a great number of steels made under unlike conditions. 
Such a study, even if superficially made, clearly demonstrates that 
other variables, difficult to control in a laboratory study of com- 
mercial heats of steels, overshadow the structure influence. Among 
these are design and section size of test coupons, melting, tapping, 
and pouring practice, deoxidation practice, inclusions, and porosity. 
(Variables such as composition, thermal history, and austenite grain 
size are obviously of major importance too, but they can be kept 
under control easily.) This situatiof is so pronounced that only 
very large-scale sampling and rigid statistical analysis will suffice 
if the influence of the structure variable alone is to be determined 
accurately. Such a treatment was not within the scope of this 
project, although semi-statistical studies were made on the heats 
available and later will be mentioned briefly. 

On the other hand, most of the common microstructures ob- 
served in commercial cast steels can be produced in a single heat of 
steel by suitable heat treatment; this eliminates all extraneous vari- 
ables except the inhomogeneities characteristic of cast steel and the 
small differences foufid among coupons taken from different test 
blocks of a given heat. Seven such heats of cast steel, and one heat 
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of wrought steel for comparison purposes, were studied intensively. 
The chemical analysis and deoxidation practice for each of these 
steels appears in Table I. 

In the study, samples from each individual heat were removed 
from equivalent positions in l-inch test coupons, flame-cut surfaces 
being avoided. The samples were approximately %4 by '% by 6 
inches in size, providing stock for a 0.252-inch tensile specimen, a 
metallographic section, and a standard keyhole Charpy notch impact 
specimen. The wrought steel was supplied in the form of a 34-inch 
round hot-rolled bar. All samples of a given steel received identical 
austenitizing treatments which are listed in Table I. They were 
cooled from this temperature at various rates (from water quenching 
to furnace cooling) to develop different structures. Cooling rates 
were estimated by noting the time required to cool from the aus- 
tenitizing temperature to half that figure and then converting these 
times to cooling rates in degrees F per minute. Regardless of cooling 
rate, a metallographic section showed an essentially uniform struc- 
ture over the cross section of these small samples. 

In most instances it appeared desirable, from the standpoint of 
machinability and testing, to temper certain specimens of a series. 
In such cases, the entire series was given the same tempering treat- 
ment, shown in Table I, after which the specimens were air-cooled. 
This was done for the sake of uniformity even though tempering 
of annealed steel is not common practice and does not appreciably 
affect mechanical properties. 

Tension tests showed that tensile strength increases regularly 
with cooling rate. As the tensile strengths of steels are varied, the 
other common mechanical properties also vary regardless of what 
factors cause the change in tensile strength. Therefore the results 
to be described are presented as graphs in which the various other 
properties are plotted as functions of tensile strength. 


Results of Mechamical Property Tests 


The data from the seven cast steels are presented graphically 
in Figs. 7 through 13. Each figure corresponds to a particular heat 
of steel and is divided into four graphs; the top one is a graph of 
tensile strength against reduction of area, the second against elonga- 
tion, the third against Charpy impact strength, the fourth against 
yield strength. The cooling rates used to get the various tensile 
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strengths are indicated along the top of the yield strength curves. 
The effect of microstructure upon reduction of area will be discussed 
first, using the graphs of tensile strength against reduction of area 
for all of the steels studied. The other properties will be treated 
later in the same manner. 

Reduction of Area—A typical example of the reduction of area 
curves is illustrated in Fig. 7, which represents an NE 8030 cast 
steel cooled to room temperature at various rates and then tempered 
at 1000°F (540°C). The two highest strengths were obtained by 
water quenching and the structure corresponding to the two points 
(essentially duplicate data) is tempered martensite. Oil quenching 
gave structures consisting of Widmanstatten ferrite plus fine pearlite 
and tempered martensite. This leads to lower tensile strength and 
higher reduction of area. With progressively less violent oil quench- 
ing and various types of air cooling, the Widmanstatten structures 
became progressively coarser and the martensite disappeared. As a 
result, the tensile strength decreases but the reduction of area levels 
off. 

Slower cooling rates produce random ferrite which, as will be 
shown better in other examples, is at first associated with a decrease 
in reduction of area, even though the tensile strength decreased. 
Further slow cooling once again increased the reduction of area as 
long as a random structure was produced. However, at a cooling 
rate of about 40 °F per minute, a dendritic blocky ferrite structure 
developed, and, as the cooling rate was further decreased, the den- 
dritic pattern grew progressively more pronounced. It is very inter- 
esting to note that at these slow cooling rates, as the tensile strength 
continued to decrease, the reduction of area also dropped off sharply. 
In order to check this drop in reduction of area with untempered 
specimens, the lower portion of the curve was repeated and was 
found to be almost superimposed upon the curve for the tempered 
specimens. 

A lower carbon NE 8620 cast steel was treated similarly to 
the NE 8030 cast steel, with cooling rates varied as before; the 
resulting data are plotted in Fig. 8. Again reduction of area drops 
off with the appearance of blocky ferrite but rises again over the 
range of cooling rates where only random blocky ferrite and pearlite 
are formed. Once again the reduction of area drops off with appear- 
ance of dendritic blocky ferrite. 

An NE 9430 cast steel was studied using specimens which were 
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Fig. 7—Effect of Structure on Mechanical Properties of an 
NE 8030 Cast Steel 17. 


untempered. It was observed that the specimens with ferrite of 
only the Widmanstatten type had martensite as well as fine pearlite 
in the matrix, which, in general, led to more scatter in ductility at 
high tensile strengths. The data for this series are presented in 
Fig. 9. Here it is seen that the ductility of Widmanstatten ferrite 
aggregates increased rapidly as the martensite in the matrix was 
replaced entirely by fine pearlite. There was observed the customary 
leveling off in reduction of area or perhaps a slight drop with the 
appearance of large quantities of random blocky ferrite. The rest 
of the curve follows the general pattern of those previously described, 
with scattering and drop in ductility as the dendritic pattern devel- 
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Fig. 8—Effect of Structure on Mechanical Properties of an 
NE 8620 Steel 16. (For key to symbols, refer to Fig. 7.) 


















oped. Since untempered high strength steels are rarely used, and 
since tempering of annealed steel, though equally rare, does not 
appreciably affect properties, the rest of the steels were all tempered 
at 1000 °F (540 °C). 

The NE 1330 cast steel was one in which the structure as-cast 
and after most heat treatments showed a pronounced tendency for 
the ferrite to form preferentially at the austenite grain boundaries. 
See Fig. 10. No pure Widmanstatten ferrite (free from grain 
boundary ferrite) was formed. The curve has the same general 
shape as those previously described, except that the drop in ductility 
seems to come before the dendritic pattern is well developed. 
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Fig. 9—Effect of Structure on Mechanical Properties of an 
NE 9430 Steel 31. (For key to symbols, refer to Fig. 7.) 


The next series studied was the plain carbon steel 426, data for 
which are illustrated in Fig. 11. Water quenching produced a mar- 
tensitic specimen represented by the highest tensile strength on the 
curve. Oil quenching produced Widmanstatten plus grain boundary 
blocky ferrite. Hence the graph does not show the drop in ductility 
between Widmanstatten ferrite and essentially blocky ferrite. The 
shape of the curve from there on down to the slowest cooling 
velocities follows the usual trend. The change in microstructure 
differs, however, in that a strong dendritic pattern comparable to 
those in the previously discussed low alloy cast steels never develops. 
A slight pattern is seen at the slowest cooling rates, but the structure 
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Fig. 10—Effect of Structure on Mechanical Properties of an NE 1330 
Cast Steel 5. (For key to symbols, refer to Fig. 7.) 





is best described as random and is so indicated on the chart. An 
additional factor which may contribute to the rapid decrease in 
reduction of area at the slowest cooling rates is a tendency for some 
of the ferrite in annealed samples of this steel to form a very coarse 
outline, possibly at sites of former as-cast austenite grain boundaries. 

Specimens of another plain carbon cast steel 783 were treated 
and tested in the usual way. See Fig. 12. The steel did not quench 
out, and hence no point for martensite appears. There is the cus- 
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Fig. 11—Effect of Structure on Mechanical Properties of Plain Carbon 
Steel 426. (For key to symbols, refer to Fig. 7.) 


tomary drop in reduction of area as quantities of blocky ferrite 
appear in conjunction with the Widmanstatten ferrite. In this 
steel, reduction of area continues to rise at the slowest cooling rates 
in spite of the fact that a pronounced dendritic pattern is formed. 
A possible reason for this may be the fact that, even at the slowest 
cooling rates, an appreciable quantity of Widmanstatten ferrite is 
found interspersed throughout the dendritic pattern. 

The one other exception to the trend for ductilities to drop as 
dendritic patterns develop is illustrated by an NE 8630 cast steel, 
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Fig. 12—Effect of Structure on Mechanical Properties of Plain Carbon 
Steel 783. (For key to symbols, refer to Fig. 7.) 












Fig. 13. The rest of the curve is normal. The fact that some 
anomalies, however, do exist at slowest cooling velocities, as has been 
shown, led to the attempt to discover new variables as discussed 
in Appendix I. 

A hot-rolled plain carbon steel was given a series of heat treat- 
ments similar to those given the preceding cast steels; specimens 
were similarly tested and the data are plotted in Fig. 14. Here it is 
seen that, for both the tempered and untempered series, the reduction 
of area decreased as the cooling rate and tensile strength were de- 
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Fig. 13—Effect of Structure on Mechanical Properties of an 
NE 8630 Cast Steel 25. (For key to symbols, refer to Fig. 7.) 


creased. The structure changed from Widmanstatten to random 
blocky ferrite to banded blocky ferrite as the cooling rates were 
decreased from a water quench to an oil quench to furnace cooling 
at various rates. The gradually decreasing reduction of area 
accompanying this change in microstructures is familiar to metal- 
lurgists experienced in heat treating plain carbon wrought steels. 
As mentioned before, the banded ferrite in wrought steels is analo- 
gous to the dendritic blocky ferrite in cast steels. 

Elongation—In. general, the per cent elongation obtained in a 
tensile test is much less sensitive to changes in microstructure than 
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Fig. 14—Effect of Structure on Mechanical Properties of a Hot-Rolled 
Plain Carbon Steel. 








is either reduction of area or Charpy impact strength. Graphs of 
elongation as a function of tensile strength appear in Figs. 7 through 
14, Figs. 7 and 8 being typical and complete. In these figures, it 
may be seen that the elongation follows the same general trend as 
reduction of area. Filongation increases as the tensile strength of 
Widmanstatten aggregates decreases, and it levels off or drops with 
the appearance, in quantity, of blocky ferrite. 

Once again it rises with decreasing strength as long as the struc- 
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ture is random, but when dendritic blocky ferrite appears, it falls off 
in the same manner as reduction of area. The anomalies which ap- 
peared in reduction of area are parallel to the behavior of the elonga- 
tion. The one exception to these generalizations is that of the 
wrought steel, in which the elongation continued to rise very slowly 
but uniformly throughout the range as tensile strength decreased. 

Charpy Notch Impact Strength—The curve of Charpy impact 
strength follows the same pattern in general as that of reduction of 
area. This is shown in Fig. 7 where it is seen that the Charpy values 
rose as the cooling rate was decreased through the range where a 
Widmanstatten ferrite plus pearlite structure was produced. As 
blocky ferrite appeared in large quantities, a drop in impact strength 
was noted as was the customary rise at slower cooling rates in the 
range where the structure remained random. Likewise, at still slower 
cooling rates which produced dendritic blocky ferrite, the Charpy 
values fell much as did the reduction of area values. This same 
behavior may be observed in Figs. 9 and 10. 

In Fig. 11 there is no drop in Charpy values, even though the 
reduction of area drops; it will be remembered in this steel that no 
strongly defined dendritic blocky ferrite structure developed. In 
Figs. 12 and 13, the Charpy values rise even with the appearance of 
a strong dendritic pattern at low cooling rates. This parallels the 
anomalies in the reduction of area values for the same steels. 

Yield Strength—Of all the properties studied, yield strength was 
the least sensitive to changes in structure. As is common knowledge 
(3), (4), the yield strength of a steel decreases continuously as the 
tensile strength is lowered, and the yield-tensile ratio also decreases. 
The general form of the tensile strength versus yield strength curves 
obtained in this study is well illustrated by Fig. 7. At higher strength 
levels the curve is virtually a straight line which continues down to 
some value in the range of 40,000 to 55,000 psi, where the yield 
strength levels off for a short space and then apparently turns down 
slightly. Presumably these shelves would be observed in all steels 
if the yield strength were reduced to this range. 

There is no particular correlation between changes in type of 
microstructure and this leveling off of yield strength. Rather, it 
appears that at some very low strength range, any steel will main- 
tain a nearly constant minimum yield strength as long as the micro- 
constituents are uniformly distributed. Dendritic segregation may 
be the cause for the final slight drop. Except for the position of 
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these shelves in the lower ranges, nearly all the tensile strength 
versus yield strength curves superimpose nicely on one another. 


Generalizations 


Some interesting general conclusions can be drawn from the 
studies which have just been described in detail. To illustrate these 
clearly, an idealized set of curves, typical of the foregoing experi- 
mentally determined ones, is shown in Fig. 15. Once again, changes 
in the four other mechanical properties are related to tensile strength 
to give a rational basis for comparison. 

Reduction of Area—The effect of microstructure on reduction 
of area is shown in the top curve of Fig. 15. The dotted line in this 
and the other graphs in the figure represent the trend for martensite 
tempered back to various strengths. These were drawn from data 
taken from a previous paper (3) and are in agreement with a smaller 
amount of data taken on tempered martensite in the current work. 
These dotted curves are included merely to emphasize once again that 
all the common mechanical properties of tempered martensite (re- 
sulting from liquid quenching) are superior to those of other struc- 
tures of the same tensile strength. 

This is illustrated by the slope of that portion of the solid line 
lying just below the dotted line in the reduction of area graph. Oil 
quenching and rapid air cooling were used to produce the Widman- 
statten ferrite which gives the reduction of area represented by this 
portion of the line. At the fastest cooling rates some martensite is 
included in this structure, and as the cooling velocity decreases, it 
is replaced by pearlite; also within this range the Widmanstatten 
ferrite plates become coarser. Thus, although the reduction of area 
continues to increase with decreasing tensile strength, the rate of in- 
crease is less in the lower strength range. 

On the other hand, at still slower cooling rates, the occurrence 
of blocky ferrite mixed with the Widmanstatten ferrite actually causes 
the reduction of area to decrease at the same time the tensile strength 
is dropping. Eventually, at still slower cooling velocities, random 
ferrite only is obtained, and the reduction of area again rises with 
decreasing tensile strength. This continues as long as the structure 
remains random, and eventually a value is reached which is as high 
or slightly higher than the best reduction of area for the Widman- 
statten pattern. 
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Fig. 15—Idealized Diagram Showing the Effect of Structure on Mechani- 
cal Properties of Cast Steel. 


Thus there is available a wide range of cooling rates and a cor- 
respondingly wide range of tensile strengths (e.g., 30,000 psi) in 
which satisfactory ductility can be obtained. Furthermore, fre- 
quently better ductility can be obtained with the higher strength 
Widmanstatten structure than with any other structure except tem- 
pered martensite. In any event, the appearance of some Widman- 
statten ferrite in a microstructure should not cause apprehension. 

Finally, the appearance of dendritic blocky ferrite at very slow 
cooling rates is concurrent with a drop in reduction of area (fre- 
quently from about 60% down to about 45%). At the same time, a 
grain boundary precipitate (discussed in Appendix I) appears. A 
third influence possibly contributing to this decrease in reduction of 
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area with decreasing tensile strength is the fact that, as pearlite itself 
becomes very coarse (and this is the case with these annealing treat- 
ments), its reduction of area decreases. This has been shown by 
Gensamer et al. (5). 

Elongation—The general trend of elongation as the tensile 
strength is decreased is shown in the second graph of Fig. 15. It is 
qualitatively the same as that of reduction of area, but elongation is 
much less sensitive to changes in microstructure (and other vari- 
ables) than is reduction of area. For instance, the final drop in 
elongation at the slowest cooling rates is likely to be only from 30% 
to 25%. The tensile strength at which this drop occurs is always 
about the same for both elongation and reduction of area. This 
would indicate that the effect of pearlite spacing alone is not the 
major one, for it was shown in the reference previously cited (5) 
that the spacing for optimum elongation is coarser than that for re- 
duction of area; i.e., the pearlite would be formed at higher tem- 
peratures and slower cooling velocities which lead to lower tensile 
strengths. 

Apparently it is not a hard and fast rule that elongation and 
reduction always parallel each other; they did for the cast steels 
studied in this project, but not for the wrought steel. In the latter 
case, reduction of area dropped gradually as the tensile strength 
decreased on slow cooling, but the elongation increased slightly. 
This situation need not be surprising when one remembers that 
elongation and reduction of area are measurements of similar but not 
identical types of plastic strain. 

Charpy Impact Strength—Impact strength also follows the same 
general trend as reduction of area and appears to be intermediate 
between elongation and reduction of area in sensitivity to micro- 
structure. For instance, the decrease at the slowest cooling rates for 
a typical steel might be from 35 to 25 ft-lb. The general shape of 
the curve is illustrated in Fig. 15. 

It is not inferred that Charpy impact strength always parallels 
reduction of area and elongation. In fact, in plain carbon cast steel 
426 it did not do so at the slowest cooling velocities. This may 
indicate that Charpy impact strength is more sensitive to changes in 
microstructure and less sensitive to possible grain boundary precipi- 
tates or other variables poorly understood than are reduction of area 
and elongation. 

What is certain, however, is that relatively fast cooling rates 
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can be used to obtain higher tensile strengths without necessarily 
sacrificing notch toughness. In other words, Widmanstatten ferrite 
structures (and, of course, tempered martensite) give good all- 
round ductility. 

Yield Strength—As illustrated at the bottom of Fig. 15, yield 
strength is relatively insensitive to microstructure. It decreases 
continuously with tensile strength, as is common knowledge, and so 
also does yield-tensile ratio. The yield-tensile curve is essentially a 
straight line except for the “shelf” at low tensile strengths and the 
final drop-off. These have already been discussed. 


Comparison of Various Heats of Cast Steel on the Basis of 
Microstructure 


It was stated earlier that nothing less than large-scale sampling 
and rigid statistical analysis would suffice to determine the effect of 
microstructure on mechanical properties by making comparisons 
among various heats of steel made under different conditions. Brief 
mention at least should be made here of the studies which led to 
this conclusion. 

A great volume of mechanical property data was available (3) 
for 32 heats of low alloy cast steels made commercially. The steels 
differed in such variables as composition, steelmaking process, and 
method of deoxidation. Mechanical properties had been determined 
for three different section sizes after several different programs of 
heat treatment. In the present investigation, microstructures of these 
steels were observed and correlation with mechanical properties was 
attempted in the following manner: 

For each combination of a particular section size, a particular 
heat treatment, and a particular mechanical property, that property 
was plotted as a function of tensile strength for all the steels.* Over 
every point on each chart was pasted a photomicrograph of the 
corresponding structure for the steel. 

Because of the variation in hardenability among the steels, a 
good spread in tensile strength and other properties was obtained. 
The general trend of yield strength increasing and ductility proper- 
ties decreasing with increase in tensile strength was observed. It 





‘The charts thus differed from those previously presented in this paper in that each 
point represents a different steel, with other variables as well as structure varying, instead 
of representing the same steel with “heat variables” constant and structure changing by 
virtue of varying cooling rate. 
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was also observed that, in general, the steels of higher strengths 
contained little or no blocky ferrite. 

For any given tensile strength, considerable scatter occurred in 
all charts for the property being plotted (with the exception of yield 
strength). This scatter could not be rationalized on the basis of 
microstructure ; thus, using statistical criteria it was just as probable 
to find blocky ferrite corresponding to high points on a reduction 
of area plot as it was to find Widmanstatten ferrite. Obviously 
other variables were masking the effect of microstructure and much 
larger-scale sampling would be necessary to identify any one of them. 
The same approach was tried with many different variables with but 
little success. In general, high phosphorus and Type II (inter- 
granular sulphide) inclusions were associated with lower ductility, 
but there were exceptions. 


Summary 


Microstructure is only one of several important variables gov- 
erning the mechanical properties of cast steels, and it is the only one 
which was studied intensively in this investigation. To isolate its 
effect from that of other variables it was necessary to compare the 
properties associated with different microstructures by producing 
these microstructures in individual heats of cast steel by varying the 
heat treatments given to the specimens. 

The results of such studies indicate the following: 

1. In any one cast steel successively better ratios of ductility to 
strength are obtained as faster and faster cooling rates are used. This 
leads to the formation of different types of microstructure in the 
following progression : 

a. Dendritic blocky ferrite plus pearlite 

b. Random blocky ferrite plus pearlite 

c. Widmanstatten ferrite plus pearlite 

d. Martensite (must be tempered, of course) 

2. The maximum ductility obtainable in a cast steel is gained 
by quenching the steel to martensite and then tempering it at a high 
temperature. 

3. Little or no loss in ductility and appreciable gain in strength 
are obtained by moderately rapid cooling (e.g., in air), which forms 
Widmanstatten ferrite, in place of slow cooling, which forms blocky 
ferrite. 


- 
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These are the criteria for obtaining the best mechanical proper- 
ties in any one heat of cast steel. 

On the other hand it should be stated emphatically that a selec- 
tion among various heats of cast steel cannot be made on the basis 
of microstructure alone. Thus one steel may have a better combi- 
nation of strength and ductility when heat treatment results in a 
blocky ferrite structure than does another heat of similar composi- 
tion heat treated to give a Widmanstatten structure. Indeed, even 
an apparently pronounced dendritic structure alone is not a valid 
cause for rejection, because the other important variables governing 
mechanical properties may all be favorable. Furthermore, a steel is 
found occasionally which shows better ductility with a dendritic 
blocky ferrite structure than it does with any other type of structure 
formed on annealing or normalizing. 


Appendix I 


RESULTS OF INVESTIGATION USING ZEPHIRAN CHLORIDE ETCHANT 


In the metallographic work on the specimens used for the de- 
termination of the effect of microstructure on mechanical properties, 
the standard etching reagents were supplemented by a special etchant 
consisting of an ether solution of picric acid and Zephiran chloride 
(an organic chloride). This etchant was developed® primarily to 
detect an unidentified precipitate in quenched and tempered steels 
susceptible to temper brittleness. It was used in the present study 
on the premise that the solubility phenomena which cause the pre- 
cipitation of a grain boundary constituent in the ferrite of tempered 
martensite might also occur in slowly cooled blocky ferrite. 

As brought out in the reference cited, the etchant discloses that 
a precipitate forms in temper-brittle alloy steels cooled slowly through 
the temperature range of 1100°F (595°C) and somewhat below. 
Presumably the precipitate may be present to some extent also in 
steels which are not temper brittle, but the common features of the 
structure which are also brought out by this etchant make a compari- 
son of the two cases difficult. A clear distinction is obtained, how- 
ever, by repolishing any unknown specimen after mounting it in 
bakelite with a “blank” specimen known to be free of embrittlement. 
Such treatment will remove the ordinary features of the microstruc- 


SJ. B. Cohen, A. Hutlich and M. Jacobson, “‘A Metallographic Etchant to Reveal 


Tumeet Brittleness in Steel,”” Transactions, American Society for Metals, Vol. 39, 1947, 
p. 109, 
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ture of a temper-brittle specimen but will leave the grain boundary 
precipitate readily apparent. On the other hand, neither ordinary 
structure nor precipitate will be apparent in the “blank” specimen. 

The same technique was tried in the present study to investigate 
the very slowly cooled specimens which suffered a decrease in duc- 
tility usually concurrent with the appearance of a dendritic blocky 
ferrite pattern. The “blank” was always a specimen of the same steel 
cooled. slightly faster to produce random ferrite with good ductility. 
Careful polishing and microscopy were necessary, but positive results 
were obtained on the four steels, 5, 16, 17 and 31, in which no 
anomalous mechanical property results had been observed. The 
slowest cooled specimens with low ductility all showed a precipitate 
which remained after repolishing; the corresponding “blank” speci- 
men (with random ferrite) repolished simultaneously in the same 
bakelite mount showed no precipitate. 

These slowly cooled steels owe their dendritic appearance to the 
fact that some areas have a greater ratio of pearlite to ferrite than 
others. It is in these pearlite-rich areas that the precipitate is more 
pronounced. Fig. 16 is a photomicrograph taken at high magnifica- 
tion in a pearlite-rich area of an annealed cast steel. It was taken 
before repolishing, however, and shows how the precipitate outlines 
pearlite colony boundaries and extends partially out into the ferrite 
before disappearing as a chain of dots. Note that in these slowly 
cooled steels the precipitate forms a finer grain boundary outline than 
it would if it were confined to austenite grain boundaries as appears 
to be the case in quenched and tempered steels. 

In addition, a very slowly cooled specimen of steel 16 contain- 
ing the precipitate was cut in three pieces; one piece was untreated, 
and the other two pieces were reheated 2 hours at 1175 °F (635 °C); 
one of these two pieces was then slowly cooled again, while the other 
was instead quenched. All three pieces were then mounted together 
in bakelite, etched with Zephiran chloride, and repolished. The orig- 
inal piece, and the piece which was reheated and slowly cooled, both 
showed the precipitate, but the rapidly cooled specimen did not. The 
precipitate in the reheated and slowly cooled specimen appeared iden- 
tical with that in the original piece. Thus this precipitation is a 
reversible phenomenon and is not associated with the transformation 
of austenite. 

The effect of this unidentified phase on mechanical properties 
has not been established, and it is not certain whether it or the 
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dendritic pattern is responsible for the decreases in ductility reported 
at very slow cooling rates. The precipitate was not observed in 
plain carbon cast steels. 

The precipitate may have some bearing on the aforementioned 
anomalous behavior of ductility of specimens of steel 25 cooled at the 
slowest rates. The results are inconclusive, however. In this steel, the 





a 16—Distribution of Intergranular Precipitate in Slowly Cooled 
Low Allo 


x. y Cast Steel. Zephiran chloride etchant, not polished after etching. 
xX 1500. 


precipitate found in a slowly cooled dendritic sample polished out in 
the same length of time as that found in a more rapidly cooled sample 
with a random structure. A rather heavy precipitate was observed 
with both cooling rates, however ; also it will be noted that*the duc- 
tility of this steel is somewhat low regardless of cooling rate, nor 
were there assignable causes for this, such as Type II inclusions. 
Thus, if the precipitate is a factor influencing ductility, it still is not 
clear for steel 25, whether it is in a form which is equally harmful 
at all cooling rates or in a form not harmful at all. 

In summary, a new precipitate in very slowly cooled alloy cast 
steels has been detected using the Zephiran chloride etching reagent. 
Its occurrence in such steels has paralleled the development of a 
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dendritic blocky ferrite microstructure. Both of these features oc- 
curred simultaneously with an unexpected decrease in ductility. 
Either, both, or neither may be the cause of this decrease, but, in 
any event, it is felt that the Zephiran chloride reagent should be given 
a trial by future investigators working on similar problems in cast 
steels. 


Appendix II 
Note on As-Cast STRUCTURE AND GRAIN SIZE 


The same general features of microstructure observed in normal- 
ized and annealed cast steels are found also in as-cast structures. 
However, classification and prediction of these structures is much 
more complex because of the influence of additional variables such 
as cooling rate and temperature gradients during freezing, tempera- 
ture at which castings are removed from their molds, and undoubt- 
edly other production variables not well understood. 

Although this leads to a bewildering variety of as-cast structures 
in apparently similar heats of steel, close examination shows them to 
consist of various forms and combinations of Widmanstatten, grain 
boundary, and random ferrite, together with pearlite. As always, 
faster cooling rates and greater hardenability favor the Widman- 
statten patterns. In addition, alloying elements have a pronounced 
tendency to cause these patterns to be very fine and exhibit a strik- 
ing geometric array of ferrite plates in contrast with the very coarse 
ill-defined Widmanstatten patterns common to plain carbon cast 
steels. 

Studies, made in the attempt to correlate as-cast microstructure 
with microstructure or mechanical properties after heat treatment, 
showed no significant relationships. There is much less variability 
in annealed and normalized microstructures, and the principles gov- 
erning their morphology, as outlined in Part I of this paper, remain 
unaffected over the wide range of initial as-cast structures. 

A frequently disturbing feature of the microstructure of as-cast 
steels is the huge austenite grain size which is sometimes well delin- 
eated by grain boundary ferrite. Furthermore, near the surface of a 
casting, these grains, which formed during freezing of the casting, 
usually have a pronounced columnar shape with the length of the 
grain being several times greater than the other two dimensions. That 
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this grain size is readily refined to ASTM ratings in the range of 5 to 
8 for both silicon- and aluminum-killed cast steels by customary sin- 
gle annealing or normalizing operations was demonstrated conclu- 
sively in a previous paper (2). Evidence was also presented indi- 
cating that there is no correlation between as-cast and subsequent 
grain size. In the present investigation, the latter study was repeated 
using improved technique to eliminate all possible disturbing variables 
such as columnar crystallization. New data are presented in Fig. 17 


A.S.T.M. Grain Size 
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Fig. 17—As-Cast Austenite Grain Size and Grain 
Size After Heat Treatment of Fourteen Cast Steels. 


which confirms the fact that the austenite grain size developed by a 
single reheating operation is not influenced by the previous as-cast 
austenite grain size. Measurements of both grain sizes were made 
on the same centerline plane (giving equiaxed grain contours) 
through test coupons of 14 silicon- and aluminum-killed cast steels. 
These represented all the available steels which showed a continuous 
grain boundary ferrite envelope in the as-cast microstructure; only 
in such steels can the as-cast austenite grain size be determined sat- 
isfactorily.® 

6M. F. Hawkes, discussion to pages by E. A. Loria, “Detection of As-Cast Austenite 


Grain Size in Heat Treated Cast Alloy Steels,” Transactions, American Society for 
Metals, Vol. 40, 1948, p. 693. 
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The circles in Fig. 17 refer to the grain size after austenitizing 
at 1550 °F (845 °C), and the X’s refer to the grain size after aus- 
tenitizing at 1700°F (925°C). There is obviously no correlation 
between the austenite grain size obtained on reheating to either of 
these temperatures and the previous as-cast austenite grain size. 
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DISCUSSION 


Written Discussion: By G. A. Lillieqvist, research director, American 
Steel Foundries, East Chicago, Ind. 

I have read with great interest the subject paper by Messrs. Hawkes 
and Brown. I wish to congratulate the authors on this excellent paper 
and feel that they have made a great contribution to the steel castings 
industry. In the past, we have also observed these various microstruc- 
tures, but have never been able to use the proper terminology. Out of 
the confusion the authors have brought some order in terminology for 
the microstructure and in outlining the basic factors contributory to their 
formation, 

I have noted that the deoxidation practice for the investigated steels 
varies to a considerable degree. Some of the steels were deoxidized with 
calcium-manganese-silicon only; while other steels were deoxidized with 
aluminum and ferrotitanium. It is a recognized fact that deoxidation 
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practice plays a very important part in regard to dendritic segregation 
as well as in regard to grain growth characteristics. It would be of great 
interest if the deoxidation practice would be known of steels 31 and 34. 
The microstructure of these steels appears on page 532. I would assume 
that the same deoxidation practice was not used for the steels. 

I was especially interested in Appendix 1, “Results of Investigation 
Using Zephiran Chloride Etchant”. I believe that an intensive study of 
this condition should be made as it may lead to different and important 
conclusions. 

Again, I wish to congratulate the authors for their splendid con- 
tribution. 

Written Discussion: By Edward A. Loria, Fellow, Mellon Institute of 
Industrial Research, Pittsburgh. 

The authors have competently evaluated the effect of microstructure 
on mechanical properties of cast steel, major emphasis being placed on 
the relative effects of grain boundary, random and Widmanstatten dis- 
tribution of ferrite on the tensile and impact properties of annealed and 
normalized carbon, low and medium alloy steels. The simple relationship 
to be expected between strength and ductility was found to be valid in 
cast steels only when the type of ferrite distribution remained the same. 
Changes in type produced several maxima and minima in the curves. 
The question now arises as to whether or not wrought steels cooled at 
various rates also show this behavior. 

Of interest are the earlier results of Piwowarsky and Evers™* on 
numerous tests of unalloyed and alloyed cast steel melted in acid and basic 
furnaces, which indicated the importance of microstructure on mechan- 
ical properties. The difference in structure between air cooling and fur- 
nace cooling of a number of cast steels showed that the impact, yield 
point and tensile strength were lower with furnace cooling, while elon- 
gation and reduction of area did not conclusively establish a superiority 
of the one or the other cooling practice. Their rapidly cooled structures 
were Widmanstatten and blocky ferrite plus pearlite, whereas the fur- 
nace-cooled specimens had the characteristic dendritic blocky ferrite and 
pearlite. The present authors have refined the effects of microstructure 
on mechanical properties to a far greater extent. 

The writer would like to know if the test specimens used in this 
study were cast into shapes where solidification was under close control. 
The solidification pattern and the degree of segregation of alloying ele- 
ments which are dependent upon the rate of solidification have been 
found to exert an important influence upon the ductility of cast steel at — 
a given hardness, chiefly through their effects upon hardenability and the 
distribution of microconstituents. Also, what effect would the direction 
of the columnar dendritic crystallization have on the results? The orien- 
tation of dendritic pattern probably produces angular fractures, but since 

7A. Evers and E. Piwowarsky, “The Annealing of Cast Steel,” Archiv fiir das Eisen- 
hiittenwesen, Vol. 17, 1943, p. 35-42. 


8E. Piwowarsky and A. Evers, “Notched Bar Impact Strength of Cast Steel,” Stahl 
und Eisen, Vol. 64, 1944, p. 142-144. 
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such orientations are determined by chance, the occurrence of angular 
fracture in cast steels may not always be generally associated with inter- 
mediate ductility. The columnar dendritic structure often found at the 
surfaces of steel castings, when sound, has been found to possess higher 
hardenability than the interior, equiaxed or granular structure of the 
same casting.® The distribution of the alloying elements is more uniform 
and the solidification pattern is finer. 

The authors correlate the loss of ductility with the appearance of 
dendritic blocky ferrite and the grain boundary precipitate in slowly 
cooled steels and mentioned that Charpy impact strength is more sen- 
sitive to changes in microstructure and less sensitive to possible grain 
boundary precipitation or other variables than are reduction of area and 
elongation. This is undoubtedly true, the change in type of ferrite dis- 
tribution having produced the maxima and minima in the curves. For 
example, the decrease in Charpy impact in a structure consisting of small 
amounts of Widmanstatten ferrite and martensite lies in the contribution 
of the ferrite in lowering the fracture strength. Considering the stress 
situation in this case, it is apparent that there are relatively large volumes 
of very hard martensite bonded together by thin layers of soft ferrite. 
The ferrite consequently has no opportunity to flow, since it is bonded, 
as a thin layer, between hard masses of martensite. Had the ferrite been 
able to flow, it would have absorbed energy in the flow process, and 
consequently would have contributed to greater toughness, rather than 
brittleness. The minima in Charpy impact in structures containing both 
Widmanstatten ferrite and blocky ferrite arise from the presence of fer- 
rite in the interdendritic boundaries. Probably the incipient fractures are 
seen to occur most frequently in or adjacent to patches of blocky ferrite. 
Perhaps several ruptures began in a single large patch of ferrite, the 
main-path of fracture as well as branch fractures being through these 
patches or islands of blocky ferrite. 

The authors have shown that there is no apparent relationship 
between as-cast and subsequent grain size in cast steels which developed 
ferrite outlining of the as-cast grains. Employing the basic ingredients 
of Austin’s reagent to detect burning in alloy steels, the writer” has 
developed an etchant consisting of 2 parts of water in 1 part of sulphuric 
acid and 2 parts of nitric acid which has been used successfully in illus- 
trating the as-cast grain pattern in alloy steels which do not show ferrite 
outlining. Figs. 18 and 19 depict the as-cast grains and dendritic struc- 
ture developed during metal solidification in a manganese-molybdenum 
steel and a nickel-chromium-molybdenum steel. It is apparent that the 
etchant provides grain contrast, use being made of the circumstance that 
each former austenite grain had a definite crystalline orientation differing 
from that of its neighbors, and that the orientation of the decomposition 
products is fixed by the orientation of the austenite grains from which 


they arise. The rate of chemical attack by the reagent varies greatly 
°G. A. Timmons, ‘Factors Affecting the Ductility of Cast Steel,’’ Transactions, Amer- 
ican Foundrymen’s Association, Vol. 51, 1943, p. 417-480. 
10E, A. Loria, Unpublished research. 
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Fig. 18—As-Cast Macrostructure of or Cast Steel Containing 0.31% Carbon, 
1.44% Manganese, 0.26% Molybdenum. Modified nitro-sulphuric etch.  X 5. 


with the orientation of the grains, thus producing a typical grain-contrast 
etch. Notwithstanding, it does not develop the as-cast grain structure in 
steels such as plain carbon (Grade B) and nickel steels whose grain size 
is well delineated by grain boundary ferrite. The etching procedure is 
tedious and several attempts may be necessary in order to produce the 
desired structure. The amounts specified above must be rigidly adhered 
to if satisfactory results are to be obtained. Specifically, the polished 
specimen is immersed in the solution for 5 to 20 seconds, depending on 
its freshness. Soon after immersion, there is a bubbling action around 
the periphery of the specimen and an evolution of brownish fumes. Upon 
removal, the pronounced smudge or precipitate formed on the polished 
face is removed quickly by wiping with cotton under water. Then, after 
rinsing in alcohol the specimen is dried under an air blast. The reagent 
becomes cloudy after it has been used a few times and loses its 
effectiveness. 

No doubt the authors are referring to annealed and normalized cast 
steels when they state that only in steels which show a continuous grain 
boundary ferrite envelope can the as-cast austenite grain size be deter- 
mined satisfactorily. The as-cast grain pattern can be shown in speci- 
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Fig. 19—As-Cast Macrostructure of Alloy Cast Steel Containing 0.29% Carbon, 
1.21% Manganese, 0.61% Nickel, 0.54% Chromium, 0.22% Molybdenum. Note dendritic 
pattern within the grains. Modified nitro-sulphuric etch. X 5 


mens possessing a martensitic structure by etching with the zephiran 
chloride — picric acid reagent, preferably after a low temperature tempering 
treatment. In cast armor plate, water-quenched at 1600°F (870°C) and 
tempered at various temperatures to produce the desired fibrous fracture 
for ballistic specifications, etching with ordinary nital-picral will yield 
over-all grain contrast and a clear delineation of the grains in a section 
with a martensitic or acicular structure tempered at 1000°F (540°C) 
and below. Recently Lorig and Elsea” have shown that hairline cracks 
developed by deep etching in a hot 38% hydrochloric, 12% sulphuric acid 
solution outlined the primary austenite grain boundaries in certain alloy 
steels. The modified nitro-sulphuric reagent described above will now 
provide additional means of detecting the austenite grain size in cast 
alloy steels. 

The use of the ether solution of picric acid and Zephiran chloride to 
delineate an unidentified precipitate in annealed low alloy cast steels 
possessing a dendritic blocky ferrite structure is very interesting and 
invites some thought as to its nature and mode of formation. It is a 


uC. H. Lorig and A. R. Elsea, “Occurrence of Intergranular Fracture in Cast 
Steels,” Transactions, American Foundrymen’s Association, Vol. 55, 1947, p. 160-174. 
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well-known fact that annealing is a manifestation of a trend toward 
equilibrium and away from some unstable condition set up by rapid 
cooling and that various constituents have an appreciable solubility in 
austenite, one that varies with temperature and is much decreased when 
the austenite transforms to ferrite on cooling. These phenomena illus- 
trate that the precipitate is really inherent in the rate of cooling through 
the solvus of the iron-carbon diagram or, more appropriately, on cooling 
through the solvus surface of the iron-carbon-manganese or perhaps the 
iron-carbon-nitrogen systems, since it was stated that the precipitate was 
not observed in plain carbon cast steels and suggests the possibility that 
elements such as manganese have an effect. Thus if one cools slowly 
through the solvus inclusion films, intermetallic compounds, carbon, 
nitrogen or other elements will precipitate at the boundaries of the large 
equiaxed grains whereas with fast cooling there is no opportunity for 
these constituents to form a continuous network because of the rapid 
cooling rate and the resultant mode of formation of the matrix structure. 
The formation of the precipitate is therefore intimately associated with 
the type of ferrite that is: produced and has its greatest opportunity of 
forming a fairly continuous network in dendritic blocky ferrite and 
pearlite formed on slow cooling. A Widmanstatten ferrite nucleated at 
relatively fast cooling velocities would present a plate-like, geometrical 
array of ferrite grains among which the precipitate particles (if formed) 
would be dispersed to such an extent that they would not be a factor in 
lowering ductility. 

The intergranular precipitate is not basically different from those 
already observed in temper-brittle chromium steels and in boron steels. 
It can be identified as consisting of any or possibly a combination of 
the constituents mentioned above. Carbon and nitrogen have been shown 
definitely to give rise to precipitation or aging effects when present in 
amounts ordinarily found in low carbon steel. The solubility of nitrogen 
in ferrite at room temperature is not more than 0.001% so precipitation 
effects caused by nitrogen may occur in steel containing more than this 
amount. Since carbon has a much higher solubility in austenite than in 
ferrite, the transformation of austenite to ferrite leads to a precipitation 
of carbide and to hardening. Have the authors observed the precipitate 
in low alloy cast steels in the as-cast state, perhaps in the ferrite net- 
work or in the precipitation of massive cementite in the primary grain 
boundaries, two phases in themselves to which the cause of brittle frac- 
ture may sometimes be ascribed? 

It would be of interest to determine the maximum temperature above 
which no precipitation occurs regardless of the initial composition of the 
ferrite and if the precipitate can form during tempering below the equi- 
librium temperature for precipitation. This maximum temperature would 
be the temperature at which the solubility of the constituents in ferrite 
would be equal to the initial concentration in ferrite and would be 
expected to vary appreciably with the composition of the steel, for the 
initial concentration of the constituents would be expected to vary. Also 
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such samples of one steel on being partially transformed to various small 
percentages of ferrite at various temperatures and then quenched to 
martensite and tempered would provide data on the effect of ferrite on 
the impact strength of hardened cast steel, the amount and type of 
ferrite formed (free from the associated fine pearlite obtained when con- 
tinuous cooling is employed) being correlated with the resulting Charpy 
impact strength. 

The writer is using 1% Zephiran chloride in 4% nital in a further 
study of the intergranular precipitate. In general, nital is a better grain 
boundary delineator than picral and the addition of the wetting reagent, 
Zephiran chloride, increases the sensitivity of the nital and the speed of 
etching. The nital is thus considerably improved by the addition of 
Zephiran chloride. 

Written Discussion: By Max Bolotsky, metallurgist, Aberdeen Prov- 
ing Ground, Aberdeen, Md. 

The writer wishes to submit a concept of temper brittleness for use 
in the evaluation of the data presented by Hawkes and Brown. This 
concept was evolved at the outset of the 1947 National Metal Congress 
in Chicago, but was not presented heretofore because of the hope (not 
realized at this date) that the writer could secure direct evidence that 
would confirm the concept, which is based upon what appears to the 
writer to be much indirect experimental data. 

Since the 1947 National Metal Congress the writer has not seen data 
in contradiction to his views. The concept, as written on November 2, 
1947, is as follows: 

Temper brittleness in steel is caused primarily by the precipitation of 
a carbide into the grain boundaries during cooling from the critical range. 
Additional embrittlement results by tempering in the “embrittlement 
range”, which depends upon the composition of the steel, or by slow 
cooling from or above the “embrittlement range”. 

In steels containing no elements but carbon, silicon, phosphorus, sul- 
phur, and aluminum, the precipitate is the small amount of iron carbide 
that is insoluble in alpha iron, as shown by the iron-carbon diagram (see 
ASM Metats HANpbsBOOK). 

The addition of manganese to the above elements either increases the 
tendency of the above described iron carbide to precipitate into the grain 
boundaries or causes greatly increased precipitation due to one or more 
carbides of manganese or to complex iron-manganese carbides. 

The addition of molybdenum to the above elements reduces the 
precipitation of carbides into the grain boundaries, either by affecting the 
solubility of the above described iron carbide or by the formation of 
carbide of molybdenum that resists precipitation into the grain bound- 
aries, 

When the manganese content is sufficiently high, the ability of 


molybdenum to retard grain boundary carbide precipitation is greatly 
reduced. 
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Apparently vanadium acts similarly to manganese, and columbium 
and titanium have an effect similar to that of molybdenum. 

The higher the carbon content, the more the embrittling constituent 
resulting from a specified heat treatment. 

For a steel of specified chemical content, the faster the cooling rate 
from the critical range, the less the amount of embrittling grain boundary 
carbide precipitate. The superiority in impact toughness of tempered 
martensite over tempered or untempered bainite, and the superiority in 
impact toughness of tempered or untempered bainite over tempered or 
untempered pearlite are due primarily to the difference in the amounts of 
embrittling precipitate caused by the differences in the cooling speeds 
rather than because of the microstructures themselves. For example, a 
medium carbon, plain carbon steel heat treated to produce tempered 
martensite has superior impact properties to the impact properties of 
the same steel in the as-rollec condition, not because’ of differences in 
microstructure (i.e., tempered martensite versus pearlite) but because of 
differences in amount of embrittling grain boundary carbide caused by 
the differences in cooling rate from the critical range. 

The larger the grain size the worse the effect of a specified amount 
of precipitate because the less is the grain boundary area and therefore 
the higher is the concentration of precipitate per unit of grain boundary 
area. 

Authors’ Reply 


Mr. Lillieqvist is correct in presuming that the two steels of Fig. 6 
did not have the same deoxidation treatment; steel number 34 was de- 
oxidized with 2 pounds per ton of aluminum and 5 pounds per ton of 
ferrotitanium, while steel number 31 was deoxidized with 2 pounds per 
ton of calcium-manganese-silicon in the furnace and the same amount in 
the ladle. 

Mr. Loria has added some information from two papers by Evers and 
Piwowarsky, of which only the first had been surveyed before writing 
this current paper. Inasmuch as Evers and Piwowarsky varied other 
(and more potent) factors than simple microstructure, no 
property correlations can be made from their publication. It is inter- 
esting to note that those authors apparently considered the appearance 
of Widmanstatten ferrite (in aluminum-killed steels austenitized at 880 
to 910°C) an indication of overheating. 

In reply to the question of control of solidification, it should be 
noted that all the specimens of a given series were cast in effectively 
identical sand molds. For one early study of directional properties in 
columnar cast steel, Mr. Loria is referred to the publication of Piwowar- 
sky, Bosic and Soenchen.” The present authors did not 
studies. 


structure- 


make such 


Mr. Loria’s adaptation of Austin’s reagent for delineating as-cast 
austenite grains is a welcome addition to the tools available for the 
metallography of cast, metals. His confirmation of the reported lack of 


12Piwowarsky, Bosic and Soenchen, Archiv fiir das Eisenhiittenwesen, Vol. 7, 1933. 
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correlation between as-cast and subsequent grain size is welcomed. It 1s 
becoming evident that the factors controlling heat treated grain size are 
not operating to control as-cast grain size, and if one is interested in 
controlling as-cast grain size, he will have to look to other influences 
than deoxidation practice. It has been suggested that degree of super- 
heat may be one such influence. 

It is gratifying to note the interest evidenced in the precipitate 
observed by using Zephiran chloride etching reagent. The limited number 
of observations on the behavior of this precipitate indicate that it acts 
like other phases which come out of solid solution during precipitation 
hardening, and hence the speculations of Messrs. Bolotsky and Loria are 
for the most part quite plausible. In considering this precipitation and 
the effects of alloy additions, we might profitably draw upon observations 
made on aluminum-copper precipitation hardening kinetics where it is 
noted that small-amounts of manganese and magnesium, while affecting 
solubility limits very little, strongly accelerate the precipitation. Further 
study of this precipitate is underway currently at Carnegie Institute of 
Technology. The authors prefer to await the results before making 
positive statements about the effect of the precipitate on mechanical 
properties. No metallographic studies using Zephiran chloride have been 
made on as-cast steel by the authors. 

Mr. Bolotsky’s statement discounting the effect of differences in 
microstructure upon impact strength does not seem reasonable to the 
present authors. If the curves of Figs. 7 to 11 in the paper are to be 
explained, a very odd relationship would have to exist between cooling 
velocity and the amount of postulated grain boundary carbide. 





is outside the scope of the present article. 





EFFECT OF VANADIUM ON THE PROPERTIES OF CAST 


CARBON AND CARBON-MOLYBDENUM STEELS 
By N. A. Zrecter, W. L. MEINHART AND J. R. GOLDSMITH 


Abstract 


An investigation was made of (a) carbon, (b) 0.5% 
molybdenum and (c) 1% molybdenum cast steels, im 
which vanadium ranged from 0 to 0.3% and carbon from 
0.05 to 0.3% in each group. Results obtained in the vari- 
ous tests on characteristics and properties are presented. 

Thermal sluggishness was increased by the combined 
effects of carbon, molybdenum and vanadium, but not by 
vanadium alone in the carbon steel group. Some residual 
delta ferrite (untransformed) was found in the structure 
of the low carbon, high molybdenum, high vanadium com- 
positions. Increasing vanadium contents reduced the 
pearlite grain size and produced some extremely fine 
spheroidal carbides. 

Vanadium moderately increases the tensile strength, 
yield point, proportional limit and hardness, slightly re- 
duces the ductility and to a considerable extent reduces 
the impact resistance. 

Metal arc welding of these steels presented no diffi- 
culties with regard to cracks and voids. Ductility of the 
resultant weld assemblies, however, was decreased by the 
combined effect of carbon, molybdenum and vanadium. 

Vanadium-bearing steels in the “as cast” condition 
appear more brittle than similar compositions without 
vanadium. When properly heat treated this brittleness is 
eliminated, nevertheless tmpact resistance is lower and 
greater care is required than for carbon and carbon- 
molybdenum steels. 


INTRODUCTION 





HE most popular application of vanadium as an alloying ele- 
ment is in various types of tool steels. That subject, however, 


In making low alloyed 
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steels, vanadium is used less frequently than such metals as chro- 
mium, nickel and molybdenum. Nevertheless, Knowlton (1)? over 
20 years ago wrote that vanadium acts as a cleaner and in addition 
it strengthens the ferrite and makes cementite more stable. He also 
pointed out that vanadium acts as a grain refiner. According to him 
carbon-vanadium steels are used in the manufacture of large forg- 
ings and castings, particularly those used in locomotive construction, 
and carbon-chromium-vanadium steels are used in automotive con- 
struction. 

In view of the fact that vanadium belongs to the class of less 
popular alloying elements (which is particularly true about low- 
alloyed steels), its various effects on the properties of steel are less 
well known than those of the more widely used metal additions. 
Nonetheless, the references indicate the amount of work done 
on this subject. Among other things, it is known (2) that up 
to about 30% vanadium (which itself has a body-centered cubic 
structure) and alpha iron are isomorphous and form a continuous 
series of solid solutions. 

Vanadium belongs to the class of “gamma-loop-forming” ele- 
ments, in which respect it acts in the same direction as chromium, 
molybdenum and silicon, and opposite to that of manganese, nickel, 
carbon and copper. According to the information available (2), it 
takes somewhere between 1.1 and 2.5% vanadium to eliminate the 
gamma state in “pure” iron. 

Within the last few years, small additions of vanadium to steel 
castings have been advocated for the purpose of improving their 
creep resistance, and making carbides more stable, thus reducing 
their susceptibility to graphitization in superheated steam service. 
While the first effect is fairly well established, the second one re- 
quires further confirmation. 

The authors thus undertook a broad survey of the effect of 
vanadium on various properties of cast carbon and carbon-molybde- 
num steels. The present. paper describes the results of this work 
and is another step in our attempts to determine the effect of one 
isolated variable at a time on thermal characteristics, physical prop- 
erties, hardenability and, to some extent, weldability of cast carbon 
and low alloyed steels. Our previous publications dealt with the 
effect of copper (3), chromium and molybdenum (4), nickel (5), 
manganese (6), and silicon (7). 


1The figures appearing in parentheSes pertain to the references appended to this paper. 
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EXPERIMENTAL PROCEDURE 


The experimental technique used in this work is quite similar 
to that described in our previous publications (3, 4, 5, 6 and 7). 

A series of experimental melts was made in a 200-pound high 
frequency induction furnace, using low carbon steel scrap as raw 
material and conventional melting and deoxidizing technique. Each 
heat was killed by the addition of about 2 pounds of aluminum per 
ton, tapped into a 250-pound capacity ladle, and cast into (a) keel 
coupon blocks and (b) welding plates, using green sand molds. 

These steels are divided into three groups: (a) plain carbon- 
vanadium, (b) carbon-vanadium containing 0.5% molybdenum, and 
(c) carbon-vanadium containing 1% molybdenum. Tables I, II and 
[II give the nominal compositions and chemical analyses of steels 
belonging to each one of these groups respectively. Each group is 
subdivided into three subgroups: (a) steels containing under 0.1% 
carbon, (b) steels containing about 0.15% carbon, and (c) steels con- 
taining about 0.3% carbon. Each subgroup consists of four or more 
steels with vanadium ranging from 0 to about 0.3%. 

Each keel coupon block was sectioned into test bar blanks and 
heat treated by normalizing from 1750°F (955 °C) and drawing at 
1250 °F (675°C). The welding plates were heat treated similarly. 

All of these compositions were subjected to tensile,? Vickers 
hardness and Charpy impact* testing. The latter was performed: (a) 
at room temperature, and (b) at —25 °F (—32 °C). 

Most of these compositions were also subjected to dilatometric 
thermal analysis. The final hardnesses of the dilatometer samples 
are incorporated in Tables I, II] and III. The data from physical 
testing were omitted to conserve space ; however, results are presented 
in graphical form. 

As shown in Tables I, II and III, the minor elements ( silicon, 
manganese, sulphur and phosphorus), as well as molybdenum in 
Tables IT and III, in all of these experimental steels are reasonably 
uniform. Carbon content within each subgroup may be considered 
‘as constant. Vanadium content within each subgroup (as previously 
pointed out) ranges between 0 and about 0.3%, thus permitting cer- 
tain conclusions to be drawn concerning its effect on properties. 


2Standard 0.505-inch diameter, 2-inch gage test bar. 
8Standard Charpy test bar with keyhole notch. 
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Table I 


Carbon-Vanadium Series 
Chemical Analysis and Dilatometer Data 
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Hardness of 





























Dilatometer 
Specimens 
Nominal V.P.N. 
Serial —Composition— —— Chemical Analysis 5-Hr. Air 
No. S V Si Mn P Cc Ni Cr Mo V Cool Cool 
1 0.1 max. 0 0.20 0.54 0.016 0.019 0.07 ee Sees Se te ait 
2 0.1 max. 0.05 0.23 0.62 0.017 0.019 0.06 Dats: 28. a8 
3 0.1 max. 0.15 0.21 0.60 0.018 0.020 0.08 Sue tices ee 126 141 
4 0.1 max. 0.30 0.20 0.64 0.015 0.019 0.09 a ia 333.. 353 
5 0.15 0 0.32 0.80 0.020 0.036 0.15 aaa . tas | 6a 
6 0.15 0.05 0.42 0.94 0.021 0.020 0.14 ie: - Saws 08 141 148 
7 0.15 0.15 0.34 0.57 0.024 0.016 0.17 0.03 0.16 141 155 
8 0.15 0.30 0.31 O.55 0.021 0.017 0.15 OOS: «cee GSO) :448: «995 
9 0.30 0 0.45 0.70 0.017 0.024 0.29 0.08 0.03 0 156 160 
10 0.30 0.05 0.47 0.71 0.018 0.022 0.30 .... 0.03 0.03 0.10 154 156 
11 0.30 0.15 0.39 0.66 0.024 0.026 0.25 0.10 0.05 0.05 0.17 160 199 
12 0.30 0.30 0.45 0.71 0.023 0.014 0.27 .... 0.05 ..... 0.25 188 238 
Table Il 
Carbon - 0.5% Molybdenum-Vanadium Steels 
Chemical Analysis and Dilatometer Data 
Hardness of 
Dilatometer 
Specimens 
Nominal -—V.P.N.— 
Serial —Composition— —Chemical Analysis 5-Hr. Aijir 
No. . te Si Mn Ss P Ni Cr Mo V Cool Cool 
1 0.1 
max. 0.5 0 0.25 0.52 0.011 0.020 0.08 0.03 0.61 0 115 125 
2 0.1 
max. 0.5 0.05 0.26 0.54 0.012 0.018 0.09 0.03 0.59 0.07 119 145 
3 0.1 
max. 0.5 0.15 0.33 0.60 0.009 0.018 0.08 0.03 0.55 0.15 128 131 
4 01 
max. 0.5 0.30 0.30 0.55 0.007 0.019 0.05 0.05 0.62 0.25 106 123 
5 0.15 0.5 0 0.33 0.68 0.016 0.022 0.14 0.03 0.57 0 140 153 
6 0.15 0.5 0.05 0.34 0.78 0.016 0.021 0.15 0.03 0.58 0.08 135 172 
7 0.15 0.5 0.15 0.30 0.69 0.025 0.024 0.13 0.05 0.56 0.15 141 173 
s 0.15 OS 0.30 0.40 0.81 0.023 0.013 0.17 0.10 0.56 0.25 182 276 
9 0.30 0.5 0 0.39 0.56 0.022 0.021 0.28 0.03 0.61 o..258 - 202 
10 0.30 0.5 0.05 0.43 0.69 0.023 0.024 0.25 0.28 0.61 0.06 181 198 
11 0.30 0.5 0.15 0.45 0.73 0.023 0.018 0.26 0.03 0.59 0.18 171 £264 
12 0.30 05 0.30 0.46 0.78 0.019 0.020 0.25 0.03 0.52 0.25 196 336 





THERMAL ANALYSIS AND MICROEXAMINATION 


Four steels with increasing vanadium content within each sub- 
group (Tables I, II and III) were subjected to thermal analysis. 


using a self-recording differential dilatometer. 


In each case a speci- 


men* was heated in vacuum to 1830°F (1000 °C) in 2 hours, and 
then cooled to room temperature (a) in 5 hours® and (b) in air.® 


*50 millimeters long and 4 millimeters in diameter. 
SAn average cooling rate of 3.2 °C per minute or 5.8 °F per minute. 
®An average cooling rate of 50 “Cher minute or 90 °F per minute. 
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Table Ill 


Carbon - 1.0% Molybdenum-Vanadium Steels 
Chemical Analysis and Dilatometer Data 













Hardness of 















Dilatometer 
Specimens 
Nominal —V.P.N.— 
Serial —Composition— ———————————_Chemical Analysis- 5-Hr. Air 
No. C Me Vv Si Mn S P ; Ni Cr Mo V Cool Cool 
1 0.1 
max. 1.0 0 0.44 0.46 0.032 0.019 0.05 .... 0.03 1.09 0 131 141 
2 0.1 
max. 1.0 0.05 0.41 0.39 0.029 0.019 0.06 .... 0.03 1.04 0.07 132 137 
3 0.1 
max. 1.0 0.15 0.50 0.40 0.026 0.021 0.06 .... 0.03 1.15 0.19 147 148 : 
4 0.1 j 
max. 1.0 0.30 0.45 0.38 0.025 0.019 0.06 ~~ Ges 227 O26 139 146 : 
5 0.15 1.0 ey ee Oe ee 0 160 185 : 
6 Gis if Gls Gee we: Boe COIs 6.35. .... «... 106 089 176 212 ; 
7 Gin. san *. See ee eee eee O08, «61S... we BD QT 177 219 
8 0.15 1.0 0.30 0.46 0.86 0.038 0.022 0.16 .... 0.05 1.16 0.27 184 279 
9 0.30 1.0 0 0.48 0.67 0.035 0.023 0.29 .... 0.03 1.17 0 219 299 
10 0.30 1.0 0.05 0.39 0.58 0.031 0.021 0.30 0.02 0.06 1.14 009 ... ... 
11 0.30 1.0 0.05 0.45 0.75 0.031 0.018 0.29 .... 0.03 1.10 0.12 243 285 
12 0.30 1.0 0.15 0.49 0.59 0.034 0.018 0.29 .... 0.03 1.04 0.18 228 302 
1.0 0.30 1.1 


13 0.30 0.54 0.65 0.035 0.019 0.25 .... 0.03 


























The results thus obtained are presented in Figs. 1 and 2 (for plain 
carbon-vanadium steels), Figs. 3 and 4 (for carbon—0.5% molyb- 
denum-vanadium steels) and Figs. 5 and 6 (for carbon-—1% molyb- 
denum-vanadium steels). Moreover, Figs. 1, 3 and 5 are compila- 
tions of the dilatometer curves obtained on slow cooling (5 hours) 
and Figs. 2, 4 and 6 are those obtained on more rapid cooling (in 
air). The chemical analysis and final Vickers hardness of the speci- 
men are given adjacent to each curve in each of the above figures. 
Vickers hardnesses are also graphically represented, as functions of 
vanadium content, in Figs. 16, 17 and 18. 
In Figs. 1, 2, 3, 4, 5 and 6, the curves are arranged into three 
subgroups: those representing (a) steels containing under 0.1% 
carbon, (b) steels containing about 0.15% carbon, and (c) steels 
containing about 0.3% carbon. Within each subgroup they represent 
four steels ranging in vanadium between O and about 0.3%. 
After the completion of the thermal cycle, each dilatometer 
specimen was subjected to microexamination. 
Plain Carbon-Vanadium Group—Vanadium, as already known, 
tends to raise the transformations on heating. This trend, however, 
is very slight within the vanadium contents investigated (Figs. 1 and 
2). There is a tendency for the hardness of the dilatometer speci- | 
mens to increase with increasing vanadium. This tendency becomes 
more pronounced with the increase in carbon and is particularly 
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Fig. 1—Thermal Curves of Carbon-Vanadium Steels. 
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Fig. 2—Thermal Curves of Carbon-Vanadium Steels. (Rapid cooling rate.) 
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_Fig. 4—Thermal Curves of Carbon-Vanadium — 0.5% Molybdenum Steels. (Rapid 
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Fig. 5—Thermal Curves of Carbon-Vanadium — 1.0% Molybdenum Steels. (Slow 
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apparent with more rapid cooling (Figs. 2 and 17C). None of the 
plain carbon-vanadium steels, however, developed any suppressed 
transformations on either slow (Fig. 1) or even more rapid cooling 
(Fig. 2). Hence, this increase in hardness should be attributed to 
the effect of vanadium on the ferrite matrix rather than to forma- 
tion of the martensite-like products of suppressed transformations. 

Microexamination of the dilatometer samples revealed that the 
effect of vanadium on structural characteristics is also quite small. 
In the low and intermediate carbon subgroups some extremely fine 
carbides (which can be seen only at higher magnifications), such as 
illustrated in Fig. 7, can be observed in steels with higher vanadium 
contents. In the high carbon subgroup, the pearlite structure, typical 
of cast and annealed steels, is made finer by vanadium, as illustrated 
by Figs. 8 and 9. This confirms the previously cited statement by 
Knowlton. 

Carbon—0.5% Molybdenum-Vanadium Group—The behavior 
of this group on slow cooling from 1830 °F (1000 °C) is quite simi- 
lar to that of the plain carbon-vanadium group. In fact, Fig. 3 
appears almost identical with Fig. 1. Slight differences between the 
corresponding curves and hardnesses no doubt are due to molybde- 
num and small variations in carbon. Most of the dilatometer sam- 
ples have microstructures closely resembling those of the correspond- 
ing steels in the plain carbon-vanadium group. However, there are 
more fine carbides scattered in the ferrite and less pearlite in the 
0.15 to 0.3% vanadium samples of this group (not shown). The 
chief structural differences were found in the low carbon samples 
where the combination of molybdenum and higher vanadium con- 
tents tends to close the gamma loop, resulting in untransformed 
(delta) ferrite, more fine carbides and elimination of pearlite. This 
is illustrated by Fig. 10 (showing the structure of Serial No. 4, Fig. 
3, containing 0.05% carbon, 0.62% molybdenum, and 0.25% vana- 
dium). The structure is apparently composed of coarse-grained 
delta ferrite, some alpha ferrite and finely divided carbides. 

More rapid cooling (Fig. 4), however, presents a picture quite 
different from that obtained with the plain carbon-vanadium group 
(Fig. 2) in that thermal sluggishness is much more pronounced, and 
the increase in hardness is greater (for the latter see also Fig. 18). 
Microexamination of Serial No. 2 (containing 0.09% carbon, 0.59% 
molybdenum and 0.07% vanadium) reveals small amounts of a 
suppressed transformation product with Widmanstatten structure 
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(Fig. 11) even though the corresponding dilation was hardly notice- 
able on the cooling branch of the corresponding dilatometer curve 
(Fig. 4, Serial No. 2). 

This increase in thermal sluggishness results from the com- 
bined effect of carbon and molybdenum plus some effect due to vana- 
dium. Thus in the intermediate carbon subgroup even Serial No. 5 
(0.14% carbon, 0.5% molybdenum and 0% vanadium) contains some 
pearlite and suppressed transformation product (structure not 
shown). In Serial No. 8, containing practically the same percentages 
of carbon and molybdenum, but also 0.25% vanadium, pearlite dis- 
appears and is replaced by bainite and carbides (Fig. 12). 

Likewise in Serial No. 12 (0.25% carbon, 0.52% molybdenum, 
0.25% vanadium), from the high carbon subgroup even the free fer- 
rite is present in small amounts, and the predominating constituents 
are upper and lower bainite (Fig. 13). 

Carbon —1% Molybdenum-V anadium Group—lIn this group the 
dilatometer curves obtained on slow cooling (Fig. 5) are quite differ- 
ent from those of the two preceding groups (Figs. 1 and 3) although 
the resultant hardnesses are comparable to those of the corresponding 
ones in the carbon —0.5% molybdenum-vanadium group. 

In the low carbon subgroup, the combined effect of molybdenum 
and vanadium raises transformations on heating to quite high tem- 
peratures. Moreover, the combined effect of these two elements 
promotes the previously mentioned spheroidization of carbides to 
such an extent that the pearlite constituent frequently is completely 
absent. Fig. 14 illustrates the structure of the slowly cooled speci- 
men, Serial No. 4 (0.06% carbon, 1.07% molybdenum, 0.26% vana- 
dium), composed of a mixture of alpha and residual delta ferrite, 
impregnated with fine spheroidal carbides. This structure is similar 
to that shown in Fig. 10 for the 0.05% carbon, 0.62% molybdenum, 
and 0.25% vanadium slowly cooled (Serial No. 4) sample. 

A slight suppressed transformation, associated with the appear- 
ance of Widmanstatten pattern in the resultant structure, can be 
observed in Serial No. 6 (0.15% carbon, 1.09% molybdenum, 0.09% 
vanadium) (structure not shown). In all subsequent steels slow 
cooling recorded in Fig. 5 produces a certain degree of thermal sup- 
pression, associated with corresponding amounts of bainite (struc- 
tures not shown). 

With more rapid. cooling (Fig. 6), the low carbon subgroup does 
not develop any well pronounced suppressed transformations. How- 
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ever, in the steel Serial No. 2 containing 0.07% vanadium, micro- 
examination (Fig. 14) reveals some constituent with martensite-like 
structure, which has a strong resemblance to some of the structures 
observed by the authors in high silicon-molybdenum steels (7). Ap- 
parently, this constituent is a product of the suppressed transforma- 
tion, but its amount is so small that the corresponding dilation on 
the cooling branch of the dilatometer curve (Fig. 6, Serial No. 2) is 
hardly noticeable. 

When vanadium content of the low carbon subgroup increases to 
0.26% (Fig. 6, Serial No. 4), a differently appearing constituent 
(Fig. 16) is formed by the rapid cooling. It apparently also is a 
product of a hardly noticeable (Fig. 6) suppressed transformation, 
closely related to lower bainite, and perhaps influenced in its forma- 
tion by the residual delta ferrite. Incidentally, it may be noted that 
Figs. 14 and 16 represent structures of the same steel, obtained by 
a slow and more rapid cooling respectively. 

The dilatometer curves of the intermediate and high carbon 
subgroups have more conventional shapes (Fig. 6): in the case of 
the former, transformations on cooling are split, and in the case of 
the latter are completely suppressed. Consequently, the structures 
consist of (a) pearlite, ferrite and bainite for the intermediate car- 
bon subgroup, and (b) bainite and martensite for the high carbon 
subgroup (structures not shown). Hardnesses of the more rapidly 
cooled dilatometer specimens of all this group, on the other hand, 
are not very different from the corresponding ones in the carbon — 
0.5% molybdenum-vanadium group (compare Fig. 6 with Fig. 4, 
and Fig. 18 with Fig. 19). 


PHYSICAL PROPERTIES 


Figs. 17, 18 and 19 are graphic representations of physical data 
averaged from two or more tests. Each figure consists of three 
separate graphs (A, B and C) for the low, intermediate and high 
carbon contents respectively. Within each graph, each physical 
property is plotted as a function of the vanadium content. 

The following general observations can be made: 

Vanadium increases the tensile strength, yield point and propor- 
tional limit. In the case of the plain carbon-vanadium steels (Fig. 
17A, B and C), as well as of the low carbon subgroups of the molyb- 


denum-bearing steels (Figs. 18A and 19A), this increase is not very 
great. 


a 
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Figs. 7, 8, 9—Plain Carbon-Vanadium Steels. 
Fig. 7—Serial No. 4. 0.09% carbon, 0.25% vanadium. 5-hour cool from 1830 °F 
(1000 °C). Etched in picral. X 500. ; 
Fig. 8—Serial No. 9. 0.29% carbon, 0% vanadium. 5-hour cool from 1830 °F 
(1000 °C). Etched in picral. X 150. 
Fig. 9—Serial No. 12. 0.27% carbon, 0.25% vanadium. 5-hour cool from 1830 °F 
(1000 °C). Etched in picral. X 150. 


In the case of the intermediate and high carbon subgroups of © 
molybdenum-bearing steels (Figs. 18B and C, and 19B and C) it is 
appreciable. Ductility, as represented by the elongation and the 
reduction of area, is affected in the reversed direction. Hardness, 
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Figs. 10, 11, 12, 13—Carbon—0.5% Molybdenum-Vanadium Steels. 

Fig. 10—Serial No. 4. 0.05% carbon, 0.62% molybdenum, 0.25% vanadium. 5- 
hour cool from 1830 °F (1000 °C). Etched in picral. Xx 500. 

Fig. 11—Serial No. 2. 0.09% carbon, 0.59% molybdenum, 0.07% vanadium. Air 
cool from 1830 °F (1000°C). Etched in picral. X 150. 

Fig. 12—Serial No. 8. 0.17% carbon, 0.56% molybdenum, 0.25% vanadium. Air 
cool from 1830 °F (1000 °C). Etched in picral. X 500. 

Fig. 13—Serial No. 12. 0.25% carbon, 0.52% molybdenum, 0.25% vanadium. Air 
cool from 1830 °F (1000 °C). Etchedin picral. x 500. 





1949 VANADIUM IN STEELS 581 





16° 


Figs. 14, 15, 16—Carbon — 1.00% Molybdenum-Vanadium Steels. 
Fig. 14—Serial No. 4. 0.06% carbon, 1.07% molybdenum, 0.26% vanadium. 5- 
hour cool from 1830 °F (1000 °C). Etched in picral. X 500. 
Fig. 15—Serial No. 2. 0.06% carbon, 1.04% molybdenum, 0.07% vanadium. Air 
cool from 1830 °F (1000 °C). Etched in picral. > 500. 
Fig. 16—Serial No. 4. 0.06% carbon, 1.07% molybdenum, 0.26% vanadium. Air 
cool from 1830 °F (1000 °C). Etched in picral. > 500. 


as previously pointed out, is increased in about the same proportion 
as the strength. 

The impact resistance, and particularly that at —25 °F 
(—32 °C), is affected more than any other property. When vana- 
dium content increases to about 0.3%, the impact resistance at 
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Fig. 17—Effect of Vanadium on Physical Properties of Carbon Steels. 


—25 °F (—32 °C) decreases to rather low values. This observa- 
tion is similar to that made by the authors in connection with the 
high silicon steels (7). While steels with high vanadium content 
still have good ductility as expressed by the elongation and the re- 
duction of area, their impact resistance, and particularly that at 
—25 °F (—32°C) is quite low. This embrittlement might have 
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Fig. 18—Effect of Vanadium on Physical Properties of Carbon — 0.5% Molybdenum Steels. 


resulted from the presence of residual delta ferrite in the structure 
and also from the tendency for vanadium to form stable carbides. 


AGING EXPERIMENTS 


Some selected compositions from the plain carbon-vanadium and 
carbon—0.5% molybdenum-vanadium groups were subjected to 
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Fig. 19—Effect of Vanadium on Physical Properties of Carbon — 1.0% Molybdenum 
Steels. 


aging at 1150 °F (620°C) for 2000 hours.?’ The aging temperature 
was selected arbitrarily. It is appreciated by the authors that it is 
not the best one to promote graphitization and other phenomena 
occurring in this type of steels in superheated steam service. After 


7The carbon — 1% molybdenum-vanafium group was not aged. 
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Fig. 20—Hardness Distribution Across the Weld and the Affected Zone in Carbon- 
Vanadium Steels. 


this aging treatment samples were tested for tensile properties* and 
Charpy impact resistance.® The latter was performed at room tem- 
perature and (a) at 750°F (400°C) for the plain carbon-vana- 


82-inch gage, 0.505-inch diameter. 
®*Keyhole notch. 
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Fig. 21—Hardness Distribution Across the Weld and the Affected Zone in Carbon — 
0.5% bvidcnum Venetian Steels. 


dium steels and (b) at 1000°F (540°C) for the carbon-—0.5% 
molybdenum-vanadium steels. 

From each subgroup only two steels were aged: (a) with no 
vanadium and (b) with the highest (about 0.3%) vanadium. By 
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comparing their physical properties (not given) with those from the 
corresponding original tests presented in Figs. 17 and 18, it was 
found that aging in most cases reduced the tensile strength, yield 
point, proportional limit and hardness, while raising the elongation 
and particularly reduction of area and impact resistance. 
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Microexamination of the fractured impact test bars revealed 
complete spheroidization of the constituent carbides in all of the sam- 
ples (structures not shown). No traces of graphitization could be 
observed in any of them. This might be due to too short a time, or 
too high aging temperature, or to a combination of the two. No differ- 
ence in the microstructure could be seen between the corresponding 
molybdenum-free and molybdenum-bearing compositions. The vana- 
dium-bearing compositions were slightly finer grained than the corre- 
sponding samples free of vanadium. And finally, as should be 
expected, spheroidized carbides were more abundant with the increas- 
ing carbon content. 


WELDING EXPERIMENTS 


As previously stated, each composition listed in Tables I, II and 
III was cast into %-inch thick pairs of welding plates,’® all of 
which were heat treated by normalizing from 1750 °F (955 °C) and 
drawing at 1250°F (675°C). They were prepared for welding by 
machining one edge of each to form a standard A.S.A. “U” bevel. 
Each pair of plates of the same composition was then welded together 
by metal arc process using steel electrodes of the following approxi- 
mate compositions : 


si Ma 5 Pp C.--Me V 


0.14 0.28 0.025 0.022 0.06 .... .... for plain carbon-vanadium steels* 
0.04 0.31 0.027 0.019 0.10 0.51 0.11 for carbon-0.5% molybdenum-va- 


nadium steels 
0.04 0.28 0.037 0.021 0.06 0.96 0.13 for carbon-—1% molybdenum-vana- 


dium steels 


*No carbon-vanadium steel electrodes were available, hence straight carbon steel was 
used. 


No preheating was employed in welding the plates from the plain 
carbon-vanadium group, while the two molybdenum-bearing groups 
were preheated with an oxy-acetylene flame to 400 to 500 °F (200 to 
260 °C). 

Radiographically sound welds were made in 7 to 8 passes on 
assemblies 7 inch thick with a 7-inch running length of welding. 
Standard tensile** and Charpy’? impact bars were machined from the 
welds which had not been given any stress-relieving treatment. In 


The description of these plates is given in a previous publication (6). 
412-inch gage, 0.505-inch diameter. 
2Keyhole notch. 


wl 
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the former, the weld and the affected zone were left between the 
gage marks. In the latter, the keyhole notch was cut through the 
weld metal to the fusion line in an attempt to force the break in the 
heat-affected zone adjacent to the weld, as illustrated in a previous 
publication (6). All of these test bars were subjected to physical 
testing, but resultant data were omitted to conserve space. 

From each weld, two strips (3 by % by 10 inches) were cut 
and used for side bend tests: one “‘as-welded” and the other stress- 
relieved at 1280°F (690°C). Each weld was also subjected to 
hardness distribution studies, across the weld and the affected zone: 
(a) “as-welded” and (b) stress-relieved at 1280 °F (690°C). 

Tensile and Impact Testing—In general the test data from the 
weld assemblies show that all of the tensile properties of the welds 
are inferior to those of the parent metals. For this reason, with the 
exception of the low carbon subgroups, most of the tensile test bars 
broke through the welds. 

Keeping in mind that the weld assemblies were not stress-re- 
lieved before testing, it might be stated that their physical properties 
compare favorably with those of the parent metals. 

Bend Tests—Bend tests were made on all assemblies, both in 
the 1280°F (690°C) stress-relieved and ‘as-welded” conditions. 
Longitudinal sections for the side bend tests were prepared in accord- 
ance with the American Standards Association procedure piping code 
requirements and bent at the weld zone around a 1-inch mandrel. 

All of the plain carbon-vanadium steel weld samples bent 180 
degrees without cracking. Some failures in the other two groups 
occurred in the weld metal and none in the parent metal affected 
zones. Results indicate that the combined increase in percentages 
of carbon, molybdenum and vanadium reduces the ductility of the 
weld assemblies. The stress-relieving heat treatment used helps 
the situation, but probably should be performed at a higher tempera- 
ture or for a longer period of time, particularly for the composition 
high in carbon and the alloying elements. 

Hardness Distribution Studies—A cross section from a weld 
of each composition was subjected to hardness distribution survey 
across the weld and the affected zone (using a Vickers pyramid 
hardness tester with a 30-kilogram load), (a) in the ‘“as-welded” 
condition and (b) stress-relieved at 1280 °F (690 °C). 

The three sets of test data are graphically represented in Figs. 
20, 21 and 22 for plain carbon-vanadium, carbon —0.5% molybde- 
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num-vanadium and carbon—1% molybdenum-vanadium groups re- 
spectively, both “as-welded” and stress-relieved. 

In studying these three figures, the following observations can 
be made. In general, over-all hardness distribution curves raise to 
higher levels, particularly in the heat-affected zones, with increase in 
carbon, vanadium and/or molybdenum. In the low carbon sub- 
groups, with low vanadium content, the welds are harder than the 
affected zones. However, when the vanadium content increases to 
about 0.15% or higher, the affected zones become harder than the 
weld. In the intermediate and high carbon subgroups, the affected 
zones are harder than the welds, regardless of the vanadium content. 
In the higher molybdenum and higher carbon steels, the effect of 
vanadium (increasing the hardness of the parent metal) is much 
stronger than in those with lower carbon and/or molybdenum. In all 
cases increasing vanadium raises the hardness of the heat-affected 
zone, except where it promotes the formation of delta ferrite (Fig. 
21, 1% molybdenum low carbon subgroup). Stress-relieving reduces 
the hardness somewhat, but its effect is small. This applies particu- 
larly to the higher molybdenum-vanadium carbon compositions. 

This checks and confirms our statement made above, that a 
stress-relieving treatment at 1280°F (690°C) may be insufficient 
to draw, stress-relieve and soften the higher vanadium compositions. 


EMBRITTLEMENT OF THE VANADIUM-BEARING STEELS 


During the course of this work it was noticed that some of the 
vanadium-bearing steels are quite brittle in the “as-cast” condition. 
The gates of some of the vanadium-bearing castings, when shaken 
out of the molds, could be broken off with a sledge hammer, which 
is not the case with respect to similar compositions, but not contain- 
ing vanadium. 

Four heats were thus made, all containing 0.15 to 0.20% carbon, 
about 0.5% molybdenum and 0.20 to 0.26% vanadium. This com- 
position was selected, because it was believed that it would be of 
greatest interest for industrial applications. Analyses of all of them 
were kept as constant as possible. Two of them were killed in the 
conventional manner with aluminum, while the other two were killed 
with silicon only. All of them were cast into keel coupon blocks. 

All four of these heats were tested: 


a. “As-cast’’. 


wt? 
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b. Normalized at 1750°F (955°C) and drawn at 1250°F 
(675 °C). 

c. Normalized at 1750°F (955°C) and drawn at 1375 to 
1400 °F (746 to 760 °C). 

d. Annealed at 1850°F (1010°C), normalized at 1750°F 
(955 °C) and drawn at 1325 °F (718°C). 


Steels “as-cast” were tested for Charpy impact resistance (room 
temperature) and Vickers hardness only, while those subjected to 
“bh”, “c” and “d” heat treatments were tested for tensile properties 
as well. Test data thus assembled are graphically represented in 
Fig. 23. 

The following observations can be made: In the “as-cast” con- 
dition, all four steels are quite brittle. The conventional heat treat- 
ment by normalizing and drawing (“b”’) improved the impact 
resistance. 

Normalizing at the same temperature (1750°F or 955°C), 
followed by a higher temperature draw (1375 to 1400 °F or 746 to 
700°C) (“ce”) reduced the tensile strength, yield point and hard- 
ness, but did not appreciably affect the ductility. At the same time 
there was a considerable increase in the impact resistance. 

On the other hand, annealing at 1850°F (1010°C) followed 
by normalizing at 1750°F (955°C) and drawing at 1325°F 
(718°C) (“d”) resulted in physical properties not very different 
from those produced by the heat treatment (“‘b’”). 

Moreover, the aluminum-killed steels appear to be a little 
stronger, while those silicon-killed have a slightly higher impact 
resistance. All four steels were subjected to dilatometric analysis. 
The resultant curves are alike and quite similar to those of Serial 
Nos. 7 and 8, Figs. 3 and 4. No suppressed transformations are 
developed in slow cooling, but the more rapid cooling rate results in 
split transformations. 

All four heats were subjected to microexamination, using broken 
impact bars, “as-cast” as well as heat treated in three different ways. 
Some variations in structure were observed in samples from the 
different heats of the “as-cast” steels. However, all four looked 
very much alike structurally when heat treated in the same way, but 
each heat treatment produced definite differences. 

In the “as-cast” conditions two of the steels revealed some prod- 
ucts of suppressed transformation (Fig. 24), while the others had 
primarily pearlite and ferrite structures. This observation, however, 
might not be very significant, because the former castings might have 
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Figs. 24, 25—0.15 to 0.20% Carbon, 0.5% Molybdenum, 0.20 


to 0.26% Vanadium Steel. 
Fig. 24—Serial No. 1. As cast. Etched in picral. X 500. 
Fig. 25—Serial No. 3. Normalized 1750 °F, Drawn 1250 °F. 


Etched in picral. XX 500. 


been shaken out of the molds hotter than the latter. A highly segre- 
gated condition particularly in the grain boundaries, as well as in the 
cleavage planes, might be the explanation of the low impact resistance 
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Figs. 26, 27—0.15 to 0.20% Carbon, 0.5% Molybdenum, 0.20 
to 0.26% Vanadium Steel. 

Fig. 26—Serial No. 3. Normalized 1750 °F, Drawn 1375 to 
1400 °F. Etched in picral. X 500. 

Fig. 27—Serial No. 4. Amnealed 1850°F, Normalized 
1750 °F, Drawn 1325 °F. Etched in picral. X 500. 


in the “as-cast’’ state. The strongly pronounced cleavage planes, 
Fig. 24, may be due to the segregation of vanadium carbides because 


- 
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Fig. 28—Serial No. 8. Carbon-—1.0% molybdenum-vanadium group, containing 
0.16% carbon, 1.16% molybdenum and 0.27% vanadium. Normalized from 1750 °F 
(955°C) and drawn at different temperatures. Etched in_picral. x 500. (a)— 


ae °F (675°C) Draw. (b)—1350 °F (730°C) Draw. (c) 1400°F (760 °C) 
raw. 


this “as-cast” structure and brittleness never have been observed in 
steels of similar composition but free from vanadium. Apparently 
this potential brittleness of vanadium steels has been recognized by 
other investigators. The tentative ASTM specification for Grade 
WC8 (0.20% carbon max., 0.95 to 1.25% molybdenum, 0.15 to 
0.25% vanadium) requires only 15% minimum elongation (36). 
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This composition is comparable to our Serial Nos. 7, 8, 12 and 13 
(Table III). Elongation of these steels (Fig. 19) ranges between 
15 and 24.5%. For all other grades of “alloy steel castings suitable 
for fusion welding for high temperature service”, the same specifi- 
cation requires a minimum elongation of at least 20% or higher. 

Conventional normalizing and drawing (1750 °F or 955 °C and 
1250 °F or 675 °C) resulted in the finer-grained structure shown in 
Fig. 25. Products of a suppressed transformation modified by draw- 
ing are in evidence. Their distribution and microhardness are much 
more uniform than in the “as-cast” structure, thus resulting in a 
considerable improvement in impact resistance. 

Normalizing at 1750°F (955°C) followed by drawing at 
1375 to 1400 °F (746 to 760°C) resulted in a structure shown in 
Fig. 26. The high draw temperature apparently reached the lower 
edge of the critical range, causing a partial transformation. This is 
indicated by the rounded pearlite-like grains instead of the usual 
modified Widmanstatten structure. At the same time the untrans- 
formed portion was softened by this drawing treatment, resulting 
in a considerable improvement in the impact resistance. 

Annealing followed by normalizing developed the same type of 
structure as normalizing alone (structure not shown). However, 
the higher draw temperature (1325°F or 718°C) resulted in 
spheroidization of carbides of the original Widmanstatten pattern 
(Fig. 25) as shown in Fig. 27. This may explain the slight im- 
provement in impact resistance. 

Another experiment was performed with the object of studying 
the effect of the drawing temperature on the impact resistance of a 
steel containing 0.16% carbon, 1.16% molybdenum and 0.27% va- 
nadium. After normalizing at 1750°F (955°C) individual sam- 
ples were drawn at progressively higher temperatures, between 
1250 and 1400 °F (675 and 760 °C) and tested for Charpy impact 
resistance (duplicate test bars). Drawing at 1250°F (675°C) re- 
sulted in 17.0 foot-pounds impact resistance. No improvement could 
be observed until the drawing temperature reached 1350 °F (730 °C) 
when the impact resistance increased to about 23 foot-pounds. 

Microexamination substantiates these observations. Fig. 28a 
is the structure of the sample drawn at 1250°F (675°C), which 
is composed of ferrite and products of a suppressed transformation, 
decomposed to some extent by the drawing treatment. 

Higher drawing treatments tend to spheroidize more and more 


- 
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the suppressed transformation product until at 1350°F (730°C) 
this spheroidization has progressed to a rather considerable degree, 
as can be seen in Fig. 28b. Still higher drawing temperature of 
1400 °F (760°C) brings the spheroidizing process to completion, 
as shown in Fig. 28c. Moreover, along with the latter structure, 
many fine grains at still higher magnifications display an internal 
bainite-like structure similar to those shown in Fig. 15. Apparently, 
the temperature of 1400°F (760°C) touches the beginning of the 
transformation on heating (see dilatometer curves, Serial No. 8 
(Figs. 5 and 6) so that small Iccalized regions in the steel become 
austenitic. 


SUMMARY 


1. The effect of increasing vanadium content between 0 and 0.30% 

on the properties of: (a) plain carbon, (b) carbon—0.5% mo- 

lybdenum, and (c) carbon-— 1% molybdenum cast steels has been 
investigated. Carbon contents within each of these groups 

ranged between about 0.05 and 0.30%. 

Dilatometric analysis and microexamination show that vanadium 

tends to raise transformation temperatures on heating, particu- 

larly for low carbon steels. 

3. None of the plain carbon-vanadium steels developed any sup- 
pressed transformations (thermal sluggishness) when cooled at 
the slow (3.2 °C or 5.8 °F per minute) or more rapid (50 °C or 
90° F per minute) rates. 

4. Rapid cooling of the 0.5% molybdenum steels revealed that they 
were more thermally sluggish than the plain carbon group. 
This increase in thermal sluggishness was accentuated by the 
combined effects of carbon, molybdenum and vanadium. 

5. In the group of steels containing 1% molybdenum, a split 
transformation can be observed in all the higher carbon steels, 
even on slow cooling, revealing that they are more thermally 
sluggish than the corresponding 0.5% molybdenum steels. In- 
creasing vanadium in the low carbon steels of this group tends 
to close the gamma loop, resulting in some delta ferrite in the 
structure and reduced thermal sluggishness. However, micro- 
examination indicates small amounts of bainite along with the 
delta ferrite. 

6. Vanadium in amounts of 0.15% and higher is responsible for 
the presence of extremely fine spheroidal carbides, the amount 
of which increases with increasing carbon content. 

7. Vanadium reduces the pearlite grain size in the “annealed” 
structures. 

8. Vanadium moderately increases the tensile strength, yield point, 
proportional limit and hardness. It slightly reduces elongation 
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10. 


11. 


14. 
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and reduction of area, and considerably decreases impact re- 
sistance. These effects are more pronounced with higher car- 
bon and molybdenum. 

Aging of some carbon-vanadium and carbon-—0.5% molybde- 
num-vanadium steels at 1150 °F (620°C) for 2000 hours com- 
pletely spheroidized their structures, but did not produce any 
graphitization. 

Welding all of these compositions by the metal arc process em- 
ploying heavy coated electrodes did not present any particular 
difficulties with respect to cracking or voids in the weld deposits. 
However, obtaining satisfactory ductility becomes more of a 
problem as the molybdenum, vanadium and carbon contents are 
increased in these steels. This is indicated by the higher per- 
centage of failures encountered in the limited number of side 
bend tests made. 

Hardness distribution studies across the weld and the affected 
zone show that in the low carbon, low vanadium compositions 
the welds are harder than the parent metal. With increasing 
carbon, molybdenum and vanadium the over-all hardness in- 
creases and in the affected zones reaches rather high values, in- 
dicating potential difficulties connected with welding. 
Stress-relieving treatment of vanadium-bearing steels is less 
effective than when applied to other steel compositions previ- 
ously investigated by the authors. This may be due to a high 
stability of vanadium carbides. 

Vanadium-bearing steels in the “as-cast” condition appear to be 
more brittle than similar compositions free from vanadium. A 
proper heat treatment (normalizing at 1750°F or 955°C) and 
draw at 1325 to 1350°F (720 to 730°C) eliminates this brit- 
tleness and brings the impact resistance to fairly high values. 

It is hoped, by the authors, that this paper establishes certain 
trends, thus giving some clues to future investigators in solving 
their problems connected with carbon-molybdenum-vanadium 
steels. No attempt is being made to recommend any definite 
composition for a specific application. 

Many of the compositions presented in this paper at present are 
being studied from the viewpoint of graphitization, and it is 
hoped that the resultant data will be available in due time. 
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DISCUSSION 


Written Discussion: By A. B. Wilder, chief metallurgist, National 
Tube Co., U. S. Steel Corp. Subsidiary, Pittsburgh. 

The authors have contributed very helpful information with reference 
to the properties of cast carbon-molybdenum-vanadium steels. The 
stability of these steels at elevated temperatures, particularly with regard 
to graphitization, is of importance. Results of this nature to be published 
in the future will be of interest. It would also be desirable to have 
information regarding creep properties. 

In our work” with the wrought carbon, 1.50% molybdenum, 0.16% 
vanadium steels, graphitization has been observed in the weld heat- 
affected zone after exposure at 1050°F (565°C) for 10,000 hours. The 
steels examined contained 0.45% silicon and were melted in a laboratory 
induction furnace. Graphitization was observed only in the heat-affected 
zone of the weld. 





8A. B. Wilder and J. D. Tyson, “Graphitization of Steel - see Temperatures”, 
TRANSACTIONS, American Society for "Metals, Vol. 40, 1948, p. 
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Recently, several commercial heats of wrought carbon, 1% molyb- 
denum, 0.25% vanadium steels and an induction furnace heat of a similar 
type of steel containing, in addition, 0.5% chromium were examined after 
4000 hours’ exposure at 900, 1050 and 1200°F (480, 565 and 650°C). 
Graphitization was not observed. 

Written Discussion: By Walter Crafts, chief metallurgist, Union 
Carbide and Carbon Research Laboratories, Inc., Niagara Falls, N. Y. 

This paper extends the series of valuable papers that the authors 
have contributed on the effects of alloys in steel castings. In this paper 
they have reported a tendency toward low impact strength in the 0.15 
to 0.30% vanadium steels that is rather surprising. Two causes of low 
impact strength in vanadium steels have long been recognized. The 
suppression of the austenite loop and resulting presence of delta ferrite 
in low-carbon steels, especially those containing molybdenum, was 
observed by the authors. Intergranular vanadium carbide is also some- 
times found in steels of higher vanadium content than those tested by 
the authors. Both of these structures lead to low impact strength, but 
do not explain the low values found in 0.15 to 0.30% carbon, 0.15 to 
0.30% vanadium steels. 

A clue to this unexpected low impact strength is observable in the 
microstructures. In steels that reject ferrite during cooling there is a 
tendency toward a stabilization of the residual austenite that is similar 
to that described for bainite by Klier and Lyman,“ but of much greater 
magnitude and serious character. The condition in an aggravated form 
produces the structure called “fibrous pearlite” by Crafts and Lamont” 
and which seems to be present in Fig. 12. It is presumed that this 
structure is of a bainitic character and of a nature comparable with that 
described by Klier and Lyman. It tends to form when there is an appre- 
ciable ferrite rejection and tends to contain fairly stable residual austenite. 
It is promoted by the presence of carbide-forming alloys, such as molyb- 
denum, chromium, manganese and vanadium, and results in low ductility 
and impact strength, as well as low yield strength, except in the steels 
containing vanadium, titanium, etc., that have limited carbide solubility. 

The residual austenite may be quite stable and the same quality that 
increases the high temperature strength of vanadium steels may be 
expected to retard decomposition of the austenite. If this austenite is 
sufficiently stable to resist transformation while the steel is at the tem- 
pering temperature, it may be expected to transform to martensite on 
cooling and cause embrittlement. A second tempering treatment would 
then be expected to increase the toughness materially. Similarly, a long 
tempering treatment or one at a higher temperature might also be 
expected to have the beneficial effect that was actually found by the 
authors. It is, therefore, considered probable that the reported low 
impact strength is a result of inadequate tempering rather than an 
inherent deficiency of vanadium steel. 

4E,. P. Klier and Taylor Lyman, “The Bainite Reaction in Hypoeutectoid Steels’’, 
“seo American Institute of Mining and Metallurgical Engineers, Vol. 158, 1944, 


Walter Crafts and John L. Lamont, ‘‘Hardenability of Low Chromium Steels’, 
HarRDENABIILTY OF ALLOY STEELS, published by American Society for Metals, 1939, p. 197. 
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As pointed out by the authors, the molybdenum-vanadium steel, 
WCS, is of practical interest for high temperature steam service, so that 
the results of their long-time tests would be quite helpful and it is hoped 
that they will include the data in their reply to discussion. In connection 
with their discussion of low ductility in WC8-type steels, it should be 
pointed out that steels Nos. 12 and 13 are well outside of the specification 
with respect to carbon, and that steels Nos. 7 and 8, which are within 
the specification, have high ductility. 

The authors are to be congratulated on their investigation of a 
well-planned series of vanadium steels and it is hoped that they will 
continue it with a more comprehensive study of the effects of heat 
treatment. 

Written Discussion: By Jerome Strauss, vice-president, Vanadium 
Corporation of America, New York. 

In view of present interest in and rapidly extending use of molyb- 
denum-vanadium steels in power plant equipment operating at moderately 
elevated temperatures, this paper is timely and of interest, in that it 
represents a very large amount of investigative work on a group of steels 
on which very little data have been published. This appears even more 
important than the fact that it constitutes one of a series of continuing 
investigations on the properties of certain low alloy cast steels. How- 
ever, examination of the steels employed and the conditions of testing 
raises some significant questions. 

Conditions of steelmaking must have been quite variable to have 
resulted in silicon contents ranging from 0.20 to 0.54% and manganese 
contents from 0.38 to 0.94%. The range of silicon in any one subgroup 
of four steels seems not overly large, but because of their influence on 
quality these steelmaking conditions must be reflected in the mechanical 
properties, and general comparisons of these properties can lead to erro- 
neous conclusions. 

On the other hand, the manganese range, no doubt also the result 
of variation in steelmaking from heat to heat, covers ranges in individual 
subgroups as great as 39 points. In addition to the meaning in respect 
to steel quality, this spread in manganese has tremendous effect on 
hardenability in view of the well-known fact that manganese influences 
this property to a greater extent per unit of weight than any common 
alloying metal. Observe, for example, the influence on hardness after 
cooling from 1830 °F (1000 °C) as shown in Table I. When slowly cooled 
the full vanadium content of 0.25% raises the hardness of the 0.06 to 
0.09% carbon, plain carbon steels, 32 units; in the 0.25 to 0.30% carbon 
steels there is likewise a hardness increase of 32 but in the 0.14 to 0.17% 
carbon steels only 16 points result from the full increase of vanadium— 
the effect being due to sharp lowering of manganese content. Air-cooled, 
the low carbon steels show a change of 40 points, the high carbon steels 
78, but the intermediate carbon steels only 34; again the manganese is 
suspect. In the second and third groups of the 0.5% molybdenum steels, 
one wonders whether the effects result from the vanadium alone or are 
colored by the difference in manganese. 
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In one other respect, steelmaking conditions may have exerted a 
pronounced influence, but no evidence is in the data presented to permit 
evaluation. It is observed that the sulphur content of these steels varies 
from 0.007 to 0.088% and that the third group with its 1% molybdenum 
content contains a higher sulphur content than any of the other heats 
used in the preparation of these data, with the single exception of one 
of the plain carbon heats. Yet in the making of all of the steels, regard- 
less of both carbon and sulphur, a uniform addition of 2 pounds of 
aluminum per ton was made. The distribution of inclusions and par- 
ticularly at the grain boundaries is not detectable from any of the photo- 
micrographs nor is it recorded, but should there be chain-type inclusions 
in these steels they would play particular havoc with the mechanical 
properties when normalized and tempered, especially under tempering 
conditions not producing spheroidization of the carbide. The detrimental 
effect on ductility and impact strength would increase as the basic hard- 
ness of the composition increased. 

The selection of heat treatment temperatures was no doubt dictated 
by definite reasons, but their omission from the presentation raises 
questions in the mind of the reader. It is assumed, perhaps erroneously, 
that these studies were intended solely to guide the development of steels 
for use at elevated temperatures. However, the effects of carbon, 
manganese, molybdenum, and vanadium on the normalizing temperature, 
especially with reference to solution of carbides in the presence of 
vanadium and the slow grain coarsening that results as the temperature 
rises, may have been neglected. For the best creep strength, it appears 
desirable to take some carbide into solution, but other investigators have 
preferred higher temperature in order to obtain a more significant effect 
upon this property. These are not, however, the conditions that result 
in good impact properties either at room temperature or below; this 
objective is attainable by the use of normalizing temperatures not too 
much above the end of the A; range, and preferably with the prior use 
of a homogenizing treatment in accordance with the suggestion by Krivo- 
bok when discussing a previous paper in this series. The fixed tempera- 
ture selected for this investigation is neither in the best interest of creep 
strength nor of low temperature impact strength. 

It appears, therefore, that the heat treatment conditions have not 
been selected with due regard to the metallurgy of this series of steels. 
This leads to the necessity of expressing conclusions, particularly with 
regard to the mechanical properties, with proper limitations, namely 
within the confines of the experimental procedure used. 

Some of the conclusions drawn may perhaps lead to misinterpretation 
due to insufficient comparisons. For example, the statement is made that 
vanadium increases the elastic limit, yield point, and tensile strength, 
but that the increase is not very great, and yet the data show that 
0.25% vanadium in all three groups increases these properties in every 
instance to a greater degree than that resulting from 0.50 to 0.60% 
molybdenum and to values not far below those for 1.00 to 1.20% molyb- 
denum, so that in this respect there is an equivalence of at least about 
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3:1 based upon weight percentage. Review of these data calls attention 
to the graphs displaying proportional limit higher than yield point in 
most instances, and to this the authors may desire to add comment. 
Mention has been made above of the influence of heat treatment on 
impact strength. On pages 581 and 582 the authors discuss this question 
of impact strength and make comparisons of the effects of vanadium and 
silicon. The influence of silicon on low alloy cast steels is well known, 
namely, that at amounts in the vicinity of 0.75% a decrease in impact 
strength occurs that is not too greatly dependent upon alloy composition 
or heat treatment procedure and which becomes more rapid as the silicon 
content rises above this level. In the case of vanadium, definite improve- 
ment in impact resistance may be obtained with the use of properly 
selected heat treatment conditions applied to many low alloy steels and 
this fact is responsible for the use of the numerous cast types containing 
this element. The writer sees no reason for these carbon-molybdenum 
steels being different in this respect from other types previously investi- 
gated in considerable detail, but of course has not had time to check the 
data presented. However, it is very definite that heat treatment con- 
ditions exert a tremendous influence upon impact strength at room and 
low temperatures and in any event statements with respect to change in 
ductility or impact strength must be made with due regard for, and a 
statement of, the change in tensile strength or hardness. It should, 
perhaps, be repeated that the heat treatment conditions for best strength 
properties at elevated temperatures are not those for best impact prop- 
erties when high temperature is not involved, while it may be added that, 
in general, high creep strength is opposed to high room temperature ductil- 
ity not only in highly alloyed steels but in many low alloy steels as well. 
Taking into consideration the available welding electrodes and the 
limited recorded data, it is not possible to comment in much detail on 
this phase of the investigation; however, the charts of the hardness 
surveys indicate that the last statement in this section on page 590 should 
have been more properly modified to indicate that higher temperature 
may be required for the higher molybdenum compositions and not the 
higher vanadium compositions, in view of the fact that the stress relief 
on the lower molybdenum steels, whether of low or high vanadium, 
appears to be adequate for all engineering purposes. It seems likely, 
based upon other statements in the paper and this same lack of details, 
which admittedly might have made the paper very long, that the comment 
on the side bend tests on page 589 and in Conclusion 10 may refer only 
to the one composition with the maximum of all the hardening elements. 
The molybdenum-vanadium steels of the higher alloy contents, at 
least the 1.00% molybdenum, 0.25% vanadium now in commercial use, 
do exhibit low impact strength in the as-cast state. Properties at elevated 
temperatures are, however, of such great value, that this minor difficulty 
has exerted no restraint on its use, and the problem is believed by those 
working with it to be amenable to solution. The authors leave the 
impression that the fault lies with the vanadium but, not having men- 
tioned that the carbon-vanadium ,steels are brittle (which would belie 
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forty years of extensive commercial use), the responsibility could equally 
be placed upon the molybdenum. Would it not be more strictly correct 
to refer specifically to the full composition of those steels to which 
the observations actually apply? 

It is noted that the authors, on pages 591, 593, 594, and 595, present 
very indecisive statements regarding the cause while admitting that the 
cooling rate may have been responsible; perhaps not only the cooling rate 
but also the metal condition and pouring temperature should be given 
consideration. On page 595 reference is made to the fact that in ASTM 
Tentative Specification A-217-47T the minimum elongation required for 
the molybdenum-vanadium steel is 15%, which is 5% less than for the 
other steels listed. It should be observed first that only one of the other 
steels is required to have the same minimum tensile strength. It should 
be observed, further, that of the four steels prepared initially by the 
authors, only one shows 15% elongation, the others all being 20% or more, 
and that the four subsequent heats made show in all three sets of heat 
treatments a minimum of 20% elongation. Consequently, the statement 
at the top of page 596 that “elongation....ranges between 15 and 24.5%” 
should be in more detail to avoid misunderstanding, to which it may be 
added that heat treatment properly designed for the one steel with the 
maximum of hardening elements would no doubt have brought it well 
within the 20% elongation minimum. 

In the Conclusions as in the text, the terms “potential” and “might” 
indicate that even in the authors’ own opinion they have not done 
enough with these steels to warrant thorough understanding of their 
behavior. As pointed out above, difficulties in the as-cast state have not 
been so great as to hamper extensive commercial use and in the heats 
recorded here were possibly exaggerated by the authors’ steelmaking, 
deoxidation and casting practices. As available hardness gets higher, all 
pearlitic steels, regardless of composition, may be expected to require 
somewhat closer control, which if not provided may result in some 
troubles of greater or lesser magnitude. Similarly, the statement of the 
possibility of welding troubles does not in any degree conform to actual 
experience with vanadium steels of even higher hardening capacity than 
those dealt with in this paper. It would appear, therefore, very much 
in the interest of both producer and user for the authors to continue in 
their study of these compositions but with steelmaking and thermal 
treatment adapted to the metallurgy of the compositions, rather than 
to employ uniformly an arbitrarily selected procedure. 

It seems pertinent to add some comments on the authors’ general 
remarks regarding vanadium. 

What they mean by the term “popular” is not certain, but at least 
the background of application for any of the alloying elements cannot 
be covered in a single word. Their use is always the result of a com- 
bination of metallurgical and economic factors. There are today very 
many low alloy constructional steels containing vanadium in amounts 
from about 0.02 to about 0.25% and even slightly higher, and quite a 
number of these are in the form of castings. 
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As to the “popularity” being confined to tool steels, it might be com- 
mented that while some of the tool steels (i.e., high speed steels) function 
not nearly so well if at all without their vanadium content, likewise a 
number of constructional steels (i.e., turbine motors, very high strength 
guns, heavy leaf springs) cannot be caused to function properly without 
their vanadium content. Additionally, during the last 30 or more years 
the distribution of vanadium between tool steels and constructional steels 
has varied back and forth between about 20:80 tocl: constructional to 
70:30, and the fluctuation continues. The sole factors mitigating against 
more widespread use of vanadium in low alloy constructional steels are 
availability and cost and these are in major part out of man’s control, 
namely, the location of the deposits and the chemistry of vanadium and 
of the elements with which it occurs. 

No issue can be taken with the quotation from Knowlton, but since 
facts of the kind quoted change continuously with time, it is regretted 
that the authors did not include examination of earlier and later texts. 
The statements in the present paper regarding vanadium uses go back 
in some cases to almost 20 years before Knowlton’s comments, while the 
uses have altered considerably since that time. There is most limited 
application today of vanadium as a “cleaner”, if by that term the authors 
refer to combination with oxygen and nitrogen, more particularly the 
former. There is no economy in using a $3.00 element as a deoxidant 
when 10 to 20-cent elements will carry oxygen contents even lower. 
In a very few instances, for example in the new vanadium rimming steels, 
ferrovanadium is most effectively used for oxygen and nitrogen control, 
but even in this case preliminary deoxidation depending upon steelmaking 
conditions is undertaken with silicon or aluminum. 


Authors’ Reply 


The authors wish to thank Messrs. Wilder, Crafts and Strauss for 
their constructive discussions. 

With regard to Dr. Wilder’s remarks on graphitization, our pre- 
liminary work on cast steels confirms the results he has obtained on 
wrought steels. Vanadium in the amounts used may retard, but does 
not prevent graphitization at 1025 and 1050°F (550 and 565°C). In 
aluminum-killed steels containing about 0.2% carbon and 0.15 to 0.25% 
vanadium, some samples started to graphitize in the heat-affected zones 
of welds after 7500 to 10,000 hours at 1025°F (550°C). Other similar 
samples treated in the same way resisted graphitization. Steels with 
0.25% vanadium resisted graphitization longer than those of lower 
vanadium contents, other factors being equal. 

The work on high temperature properties is being performed by 
another group in our laboratory. They find that these steels normalized 
at 1750°F (955°C) and drawn at 1250°F (675°C) show an appreciable 
increase in creep resistance over that of carbon-molybdenum steels tested 
in the 900 to 1100 °F (480 to 595°C) temperature range. However, room 
temperature impact resistance of the original samples was reduced during 
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the creep cycle, which appeared to have been caused by some pre- 
cipitation. This effect was most pronounced in the 0.25% carbon, 0.25% 
vanadium compositions. In lower carbon (about 0.15% carbon) steels 
this embrittlement is less pronounced. 

Mr. Craft’s remarks concerning the causes of brittleness in vanadium 
steels are very interesting. However, it seems somewhat doubtful that 
any austenite could be retained in these steels at room temperature, as 
has been found in higher carbon low alloy steels subjected to faster 
cooling rates from austenitizing temperatures. Detailed study of the 
original dilatometer curves and metallographic samples did not reveal 
the presence of any retained austenite. Increasing the vanadium content 
from 0.05 to 0.25% does not by itself have any marked effect on thermal 
sluggishness; however, hardness is raised and impact resistance lowered 
progressively in the heat treated steels. Evidently the stability and 
segregation of the vanadium carbides are mainly responsible for this 
situation. It can be corrected by a suitable heat treatment, as shown 
in the paper. 

In reply to Dr. Strauss’ discussion, it may be stated that conditions 
of steelmaking in our 200-pound induction furnace are more closely 
controlled than they are in an average production shop. On the other 
hand, our furnace is sufficiently large to insure a higher degree of homo- 
geneity than may be expected from a small laboratory furnace of a few 
pounds capacity. The melting stock is ingot iron for lower carbon steels 
and SAE grade steels for higher carbon compositions. 

When ingot iron is used, some ferrosilicon must be added to the 
furnace during the melting period, to reduce boiling caused by the 
reaction between iron oxide and carbon. This addition is not necessary 
with SAE scrap. To obtain the desired silicon content in the resultant 
steel, the major part of it is added to the tapping stream of the metal. 
The calculated amounts of manganese are added to the furnace. Most 
of the aluminum is added to the furnace, and a small part to the tapping 
stream. 

Some experiments performed by our engineers show that 2 pounds 
of aluminum per ton of steel give the desired results. This amount 
produces complete deoxidation associated with the absence of undesirable 
necklace type of inclusions which might be caused by overdosing with 
aluminum. 

All of these techniques are well established by foundry practice and 
are necessary in producing good sound steels. On the other hand, it is 
very difficult to adjust the metalloid additions so that their amounts in 
the resultant steels would be within closer tolerances than those found 
in Our experimental steels. It is true that some of these steels exceed 
the specified (WC8) maximum of 0.7% for manganese, but the differences 
noted, as is clearly shown in one of our previous papers (6), should not 
produce much effect on hardenability. Likewise, the variations in silicon 
content (none of which exceeds the specified 0.6% maximum) should not 
have any effect on any of the physical properties. This also was suffi- 
ciently well demonstrated in one of our previous publications (7). The 
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same should apply to the sulphur and phosphorus contents, which again 
never exceed the specified maximums of 0.06 and 0.05% respectively. 

We quite agree with Dr. Strauss that the effect of vanadium, no 
doubt, is an indirect one. The same applies equally well to any other 
alloying element. In our previous publications, as well as in the present 
one, it is sufficiently well demonstrated, it is hoped, that carbon asso- 
ciated with the alloying elements is the principal factor determining 
properties of steel. However, direct or indirect, in this particular case 
we are dealing with the effect of vanadium. 

Heat treatment, as shown in the section of the paper covering 
“embrittlement”, has a profound effect on physical properties. This 
applies equally well to any ferritic steel. Moreover, it is true that a 
different heat treatment should be used to develop some specific property. 
Our heat treatment was selected on the strength of previous experience 
to bring out with some compromise the most desirable room temperature 
properties. 

With regard to homogenization, Marcotte and Eddy” have shown 
that these heat treatments have a negligible effect on the hardenability 
and impact resistance of cast carbon and SAE 4330 types of steel. 

Occurrence of proportional limit higher than yield point is quite 
common for cast steels, particularly with low carbon. It is due to the 
peculiarities of the stress-strain diagram and has nothing to do with 
the vanadium. 

Regarding weldability of vanadium-bearing steels, all that can be 
said at present is that there is not enough information on this subject. 
There is no doubt that with sufficient skill almost any steel can be welded. 
Our limited experiments indicate rather definitely that vanadium-bearing 
steels are a little bit more difficult to weld than similar ones, but without 
vanadium. This, however, in no way means that it cannot be done. 

Any further discussion concerning the general remarks or terminology 
on the effect and use of vanadium, such as “moderate” increase in some 
of the physical properties or relative “popularity” of vanadium, does not 
appear warranted. 

In conclusion it may be stated that this paper never was intended 
to be a thesis on vanadium steels. It merely presents the results of some 
experiments related to the problems of the steel casting industry. The 
results obtained are obvious, but their interpretation is a matter of 
personal opinion. It is gratifying to know that such a lively interest 
was taken in them. 


%R. J. Marcotte and C. T. Eddy, “The Effect of Homogenization on Cast Steels”, 
Transactions, American Society for Metals, Vol. 40, 1948, p. 649. 





INFLUENCE OF LOW TEMPERATURES ON THE 
MECHANICAL PROPERTIES OF 18-8 
CHROMIUM-NICKEL STEEL 


By D. J. McApam, Jr., G. W. Gert AND FRANCES JANE CROMWELL 


Abstract 


By means of tension tests of notched and unnotched 
specimens an investigation has been made of the mechan- 
ical properties of various 18-8 chromium-nickel steels be- 
tween room temperature and —188 °C (—306°F). One 
of the steels was ferritic; the others were of the metastable 
austenitic type. Plastic deformation of the metastable 
austenitic alloys causes a phase change and thus hardens 
the alloy. The rapidity of this change increases with de- 
crease in temperature. At low temperatures the harden- 
ing due to the phase change 1s so rapid that the load- 
extension curve sometimes has two maxima. For this 
reason six important strength indices sometimes are re- 
quired to evaluate the mechanical properties. 


INTRODUCTION 


N a series of papers, the authors and their associates have pre- 

sented results of a general investigation of the influence of low 
temperatures on the mechanical properties of ferrous and non- 
ferrous metals (7-12).1_ However, the only steels studied were fer- 
ritic, and the only stainless steel was a 13-2 chromium-nickel steel 
(7,8). Of the chromium-nickel alloys generally classed as austenitic 
there are two groups; in one group, the austenite is stable at room 
temperature ; in the other group, the austenite is metastable. When 
alloys of the metastable or “marginal’’ group are cooled rapidly from 
about 1900 °F (1040°C), they are austenitic. The austenite, how- 
ever, tends to change partially to ferrite when the alloy is plastically 
deformed at room temperature. Because the ferrite thus formed 
contains carbon in supersaturated solution, it is sometimes called 


1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The authors are associated with 
the National Bureau of Standards, Washington, D. C. Manuscript received 
March 10, 1948, a 
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martensite (14). In future reference to this phase, however, it will 
be designated as ferrite. 

One of the most important of the marginal alloys contains about 
18% chromium and 8% nickel and is generally known as 18-8 chro- 
mium-nickel steel. Generally the chromium content ranges between 
17 and 19%, and the nickel content between 7 and 9%. Since the 
space lattice of chromium is body-centered and that of nickel is 
face-centered, an increase in the chromium content tends to make 
the alloy ferritic, and an increase in the nickel content tends to make 
it austenitic. For steels containing 18% chromium, about 13 to 15% 
of nickel generally is necessary to make the austenite stable at room 
temperature. An empirical formula was developed by Post and 
Eberly (16) to show the percentage of nickel necessary to make an 
alloy stable when cold-worked to 80% reduction in cross section. 
Since carbon, manganese and molybdenum have a marked effect on 
the stability of austenite, constants for these elements were also in- 
cluded in the formula. The formula was based entirely on results 
of experiments at room temperature. The boundary between the 
stable and marginal group, however, depends greatly on the tem- 
perature. 

The influence of low temperatures on the properties of ferrous 
and nonferrous metals has been investigated by Colbeck, MacGil- 
livray and Manning (4). An 18-8 chromium-nickel steel was in- 
cluded in their investigation. They report values for the yield stress, 
ultimate stress, and reduction of area at various temperatures be- 
tween room temperature and the temperature of liquid air, but they 
give no values for the breaking stress. DeHaas and Hadfield (5) 
reported values for the same properties at room temperature and at 
the temperature of liquid hydrogen, —252.8°C (—423°F). Their 
values for ultimate stress are shown in Fig. 15, which will be dis- 
cussed later. 

Rosenberg (17) studied the tensile and impact properties of air- 
craft metals, including various alloys of the 18-8 type, at tempera- 
tures down to —78° C (—108 °F). -In addition to plain 18-8 al- 
loys, there were alloys containing small percentages of elements that 
are customarily added to prevent local depletion of chromium by 
carbide precipitation at elevated temperatures. Specimens from some 
of these heats of steel have been included in the investigation to be 
described in this paper, and a few of the results obtained by Rosen- 
berg have been plotted in some of the figures. 


a 
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Much of the literature on the properties of the chromium-nickel 
stainless steels is confined mainly to the study of the properties of the 
alloys at room temperatures and at elevated temperatures (1, 2, 3, 6, 
14-16, 18-20). The present paper gives the results of an investiga- 
tion of the effect of temperature, ranging from room temperature to 
that of liquid air, on the mechanical properties of 18-8 chromium- 
nickel alloys. The results obtained in this study also reveal the in- 
fluence of plastic deformation and temperature on the transforma- 
tion from austenite to ferrite and give information applicable quali- 
tatively to the entire group of metastable alloys, including those that 
are much nearer than the 18-8 alloy to the boundary between the 
metastable and the stable austenitic group. A ferritic 18-8 steel of 
the precipitation hardening type also was included in this study 


(18, 20). 
MATERIALS, METHOD OF INVESTIGATION, AND SPECIMENS 


The alloys used in this investigation were all of the 18-8 type; 
the chemical compositions are given in Table I. The compositions 
of all but one of the alloys were such that the alloys were austenitic 
after quenching from 1900°F (1040 °C); the alloy designated EH 
in Table I becomes ferritic after quenching from 1900 °F (1040 °C), 
and can then be hardened by reheating to cause precipitation. The 
heat treatments given to these alloys are described in Table IT. 

The alloys were received in the form of round rods of the sizes 
indicated in Table II. The rods of one of the alloys, designated by 
EF in Table I, had been annealed by the manufacturer. The anneal- 
ing treatment doubtless was about the same as the austenitizing treat- 
ment given to alloys EA to EE (Table II). The rods of the other 
alloys were in cold drawn condition; the rods of two of the alloys 
(EB and EE) had been drawn two different amounts. 


Table I 
Description of Steels 


ee Chemical Composition, Per Cent 


Material Man- Chro- Molyb- Tita- Colum- Alumi- 
Designation Carbon ganese Silicon mium Nickel denum nium _ bium num 
EA 0.07 0.44 0.50 18.22 8.63 : 
EB 0.10 0.47 0.35 18.82 9.38 bk ata sae 
EC 0.05 0.39 0.62 19.04 9.15 aes 0.29 at, 
EE 0.075 0.64 0.61 18.61 10.16 cE ie ee 0.93 
EF 0.07 0.93 0.42 18.58 8.93 3.36 se 
EG 0.07 0.73 0.48 18.41 7.88 2.80 


EH — oe. ose 1706 ° 7.00 ..... a. 0.20 
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Table Il 
Heat Treatment of Steels 
Material Rod Diameter, Temperature, Time Held, 

Designation In. °F Hr. Cooled in 
EA to EE 0.625 1900 1 Water 
EF 0.625 i aes 

1900 ir 
EH 1.000 fi 000 4 Water 


*Annealed by manufacturer. 





For a description of the apparatus and the methods of testing at 
low temperatures, reference may be made to a previous paper (7). 
Most of the specimens used in this investigation were unnotched and 
of standard form. Deeply notched cylindrical specimens, however, 
were also used in obtaining the diagrams in Fig. 16. The notches 
were all about the same depth (k = about 0.16),? but the notch angle 
varied between 150 and 50 degrees. The notched specimens were 
about 5% inches long. The ends of the specimens were threaded to 
¥g inch diameter. Between the threaded ends, each specimen was 
machined to a uniform diameter of 5% inch, and a circumferential 
V-notch was machined at the midsection. The notch was carefully 
machined to the selected angle, with the conical sides tangent to the 
arc at the root of the notch. Care was also taken to minimize heat- 
ing, bending, or appreciable cold work during the machining. 


VARIATION OF THE NOMINAL STRESS WITH TENSILE EXTENSION 


Automatic load-extension diagrams obtained in the tension tests 
of the 18-8 chromium-nickel steels gave clear evidence of phase 
changes during the plastic deformation. Typical curves derived from 
automatic load-extension diagrams obtained with unnotched speci- 
mens are shown in Figs. 1, 2, and 3. These curves show the influ- 
ence of plastic extension on the nominal stress, that is, the stress 
value obtained by dividing the tensile load by the initial area of cross 
section. 

Fig. 1 shows results of tension tests of annealed austenitic plain 
18-8 alloy at three different temperatures. The curve obtained at 
room temperature is qualitatively similar to a curve obtained with- 
out phase change. The slope decreases continuously between the 
~~ #Notch depth is expressed in terms of the relative area (k = b?/B*) of the minimum 


cross section, where b and B represent the radii of the minimum and maximum cross 
section respectively. Thus, the greater the notch depth, the smaller is the value of k. 


ow? 
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18:8 CHROMIUM-NICKEL STEEL, PLAIN 
EB -19, ANNEALED 


UNNOTCHED SPECIMENS. 

U—-— FIRST ULTIMATE STRESS. 

U'— — SECOND ULTIMATE STRESS. 

RE-— REVERSAL OF CURVATURE. 
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STRESS VALUES OBTAINED BY DIVIDING TENSILE LOAD BY THE INITIAL 
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Fig. 1—Variation of Nominal Stress With Extension, Annealed 18-8 Chromium- 
Nickel Steel, Plain. 
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points representing yield and maximum load. Transformation from 
austenite to ferrite during plastic deformation at room temperature 
evidently was not sufficient to cause a qualitative change in the form 
of the curve. The curve obtained at —78°C (—108 °F), however, 
gives clear evidence of a rapid phase change during the tension test. 
The reversal of curvature and the rapid increase in slope beyond 
the point of reversal (RE) indicates that the strengthening during 
plastic extension was due not only to ordinary work hardening, but 
also to hardening caused by transformation of austenite to ferrite 
supersaturated with carbon. The hardening caused by this phase 
change possibly is not due merely to the difference in hardness be- 
tween the ferrite and austenite; it may be due partly to precipitation 
of fine particles of the ferrite within the austenite grains or to pre- 
cipitation of carbides. 

The curve obtained at —188°C (—306°F) reveals still more 
clearly the combined influences of work hardening and the hardening 
caused by phase change. This curve, like the curves obtained at room 
temperature and at —78 °C (—108 °F), shows no abrupt yield point ; 
from the region representing the beginning of plastic strain, the 
curve rises with continuously decreasing slope to the maximum des- 
ignated by U. The descent beyond U represents the effect of incipi- 
ent local contraction. In the absence of a phase change the local 
contraction would have continued, and the curve would have de- 
scended with increasing slope to a point representing fracture. How- 
ever, the local contraction and consequent descent of the curve evi- 
dently were stopped by a rapid phase change. The influence of the 
hardening due to the phase change then became dominant and caused 
the rise of the curve from the minimum to a second maximum desig- 
nated by U’. This point indicates the beginning of final local con- 
traction. 

The ordinates of points U and U’, therefore, represent first 
and second ultimate stresses. The final local contraction beginning 
at the second maximum of the tensile load is not necessarily in the 
same place as the incipient local contraction at the first maximum. 
Specimens examined after fracture at low temperatures often show 
evidence of slight local contraction at a distance from the region of 
final contraction. 

Fig. 2 shows results obtained with cold drawn rods of the same 
alloy that was used in obtaining Fig. 1. The metal designated EBM 
in Fig. 2 was cold drawn to approximately 49% reduction of area 
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18:8 CHROMIUM -NICKEL STEEL, PLAIN 
EBM, COLD DRAWN EBN, COLD DRAWN 
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2—Variation of Nominal Stress With Extension, Cold-Drawn 18-8 Chromium- 
eels, Plain. 
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and the metal designated EBN was cold drawn to approximately 
71% reduction of area. The curves obtained at room temperature 
are similar in form to the curve obtained at room temperature with 
the annealed alloy; there is no reversal in curvature or second 
maximum. As would be expected, however, the extension at the 
maximum load was much less for the moderately cold drawn metal 
EBM than for the annealed metal, and there was practically no 
extension at the maximum load for the severely cold drawn metal 
EBN. The curves obtained at room temperature, therefore, are 
qualitatively similar to curves obtained without phase change. 

Comparison of the curves obtained at —188°C (—306 °F) 
with the annealed metal and with the cold drawn metals (Figs. 1 and 
2) shows that the increase in the nominal stress between the first 
and second maximum is greatest for the annealed metal, EB-19, 
and least for the severely cold drawn metal, EBN. A part of these 
differences is due to corresponding differences in ordinary work 
hardening between the first and second maximum, but more is due 
to the differences in the hardening caused by phase changes. The 
greater the plastic deformation at room temperature, the less is the 
combined influence of ordinary work hardening and the hardening 
due to phase change during plastic deformation at —188°C 
(—306 °F). 

Fig. 3 shows results of tension tests of two cold drawn 18-8 
alloys, one containing columbium and the other containing titanium. 
Comparison of the curves obtained at room temperature shows that 
alloy ECM had been less severely cold drawn than alloy EEM. The 
ultimate stress was much lower, and the extension at the maximum 
load was much greater for alloy ECM than for alloy EEM. More- 
over, both these alloys evidently had been less severely cold drawn 
than the moderately cold drawn plain 18-8 alloy, EBM (Fig. 2). 

The curves obtained at —78°C (—108°F) with alloys ECM 
and EEM (Fig. 3) differ greatly. Although both curves reveal 
clearly the hardening effect of ferrite precipitation, the effect was 
more prominent with the alloy containing titanium. With the alloy 
containing columbium, the precipitation hardening was sufficient 
merely to stop the abrupt decrease of the nominal stress from the 
first maximum (U) and then to hold the stress nearly constant dur- 
ing the extension to the second maximum (U’). The second ulti- 
mate stress, therefore, was a little lower than the first. With the 
alloy containing titanium, however, the nominal stress increased 
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Fig. 3—Variation of Nominal Stress With Extension, Cold-Drawn 18-8 Chromium. 
Nickel Steels. 
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more than 50% between the first and second maximum. Precipita- 
tion of ferrite during the plastic deformation evidently was much 
more rapid for the alloy containing titanium than for the alloy con- 
taining columbium. Comparison of the curves obtained at —188 °C 
(—306 °F) (Fig. 3) shows again that the rise between the first and 
the second maximum is much greater for alloy ECM than for alloy 
EEM. 

The more rapid hardening of the alloy containing titanium, 
however, cannot be attributed to a difference between the effects of 
titanium and columbium. As previously shown, the alloy containing 
titanium had been less severely cold drawn than the othgr alloy, and 
hence the precipitation of ferrite during the cold drawing at room 
temperature had been less. Consequently, both work hardening and 
precipitation hardening at the low temperatures were greater for the 
alloy containing titanium than for the alloy containing columbium. 


VARIATION OF THE FLOW STRESS WITH THE TRUE STRAIN 


Curves of the type shown in Figs. 1, 2, and 3 are important 
because they show how the load varies during a tension test, but they 
do not show how the “true stress” varies with plastic strain, nor do 
they represent correctly the variation of the strain after the begin- 
ning of local contraction. Therefore, in diagrams of the type now to 
be considered, ordinates represent true stresses and abscissas repre- 
sent true strains. Figs. 4 to 8 show diagrams of this type. Each 
curve in these figures shows the influence of plastic strain on the 
“flow stress’, which is the true tensile stress at any instant during 
flow of the metal. Strain is represented in terms of A,/A,* in which 
A, and A represent the initial and current areas of cross section. 
Since values of A,/A are represented on a logarithmic scale, true 
strain (logeA,/A) would be measured linearly on this scale. 

The results of tension tests represented in Figs. 1, 2, and 3 are 
represented again in the diagrams of a different type in Figs. 4, 5, 
and 6, respectively. During the tension tests at room temperature 
the change in the diameter of the specimen was measured at fre- 
quent intervals, and measurement was continued almost to the begin- 
ning of fracture. The small open circles along the flow-stress curves 
represent the results of measurements during flow, and the end of 


®The ratio Ao/A is designated the effective length ratio and represents the ratio of 
current to original length, had the specimen contracted uniformly at the same rate as 
at its minimum cross section. 
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Fig. 5—Variation of True Stress With Strain, Cold-Drawn 18-8 Chromium-Nickel 
Steels, Plain. 


each curve obtained at room temperature represents the true fracture 
stress, the stress at the beginning of fracture. The fracture stresses 
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were also determined in the usual way, by dividing the load at the 
beginning of fracture by the area of cross section measured after 
fracture. The area so determined is generally less than the area 
measured at the beginning of fracture, because the metal at the rim 
of the cross section continues to extend after fracture begins at the 
axis (8, 11, 12). With these 18-8 chromium-nickel steels, however, 
the difference between the uncorrected fracture stress and the true 
fracture stress was slight, even at room temperature. The uncor- 
rected fracture stresses of the alloys tested at room temperature, 
therefore, are not indicated in the figures. 

During the tension tests at —78 °C (—108 °F) and at —188 °C 
(—306 °F), no transverse measurements of the specimen were made, 
and the fracture stresses were determined in the usual way, by divid- 
ing the tensile load at the beginning of fracture by the area of cross 
section measured after fracture. Since the difference between the 
uncorrected fracture stress and the true fracture stress was slight 
even at room temperature, it probably was negligible at low tem- 
peratures. The uncorrected fracture stresses indicated in Figs. 4, 5, 
and 6, therefore, probably are not far from the true fracture stresses. 

Since no transverse measurements of the specimens were made 
during the tests at —78 and —188°C (—108 and —306°F), the 
flow-stress curves for these temperatures (Figs. 4, 5, and 6) are 
derived from the corresponding curves representing the variation of 
the nominal stress with extension (Figs. 1, 2, and 3). The deriva- 
tion is based on the simplifying assumption that each specimen re- 
mains cylindrical during the extension to the beginning of final local 
contraction. This assumption implies that, during this extension, 
the per cent difference between the flow stress and the nominal stress 
at any instant is equal to the per cent extension. In this way, the 
flow-stress curves for —78 and —188 °C (—108 and —306°F) in 
Figs. 4, 5, and 6 have been constructed between the point represent- 
ing yield and the point representing the final maximum of the load. 
Because of the local contraction, the curve between the point repre- 
senting the final maximum and the point representing fracture can- 
not be determined from a load-extension diagram. Between these 
points, however, the curves have been drawn to represent the prob- 
able approximate variation of the flow stress at —78 and —188°C 
(—108 and —306 °F). . 

The flow-stress curve obtained with annealed plain 18-8 alloy 
at room temperature (Fig. 4) is similar in form to curves obtained 
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Fig. 6—Variation of True Stress With Strain, Cold-Drawn 18-8 Chromium-Nickel Steels. 


with metal that is free from phase change during plastic deformation. 
As shown in previous papers (11, 12), the flow-stress line obtained 


7 
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with some metals is nearly straight between the points representing 
maximum load and fracture, as in Fig. 6, but the line obtained with 
many metals rises with continuously decreasing slope, as in Fig. 4. 
The flow-stress lines obtained at room temperature with the cold 
drawn plain alloys (Fig. 5) rise with increasing slope, thus showing 
the effect of the precipitation hardening during the plastic deforma- 
tion. The flow-stress curves obtained at low temperatures, like the 
corresponding curves in Figs. 1, 2, and 3, give clear evidence of the 
influence of phase change. The reversal of curvature and the steep 
ascent to the point representing the beginning of local contraction 
can be attributed only to the hardening caused by rapid precipitation 
of ferrite throughout the austenite. 

Although the nominal-stress curve obtained with the annealed 
alloy at —188°C (—306°F) (Fig. 1) descends beyond the first 
maximum (U), the corresponding curve in Fig. 4 indicates that the 
flow stress rises continuously with plastic strain. The continuous 
rise of the flow stress is in accord with the previously expressed view 
that the descent of the nominal-stress curve beyond the first maxi- 
mum in Fig. 1 does not represent a yield point, but represents incipi- 
ent local contraction. Moreover, the curves obtained at —78 °C 
(—108°F) with the annealed alloy show no indication of a yield 
point. However, all the curves obtained with the previously cold- 
worked alloys at the low temperatures apparently indicate an abrupt 
drop in the stress beyond the first maximum. Although this drop 
of the curves resembles somewhat the drop between the upper and 
lower yield points of ferritic steels, there are two reasons why the 
drop in the curves does not represent a yield point. One reason 
is that considerable plastic strain occurs during the test before the 
load reaches the first maximum, for all the alloys except the severely 
cold drawn plain alloy EBN (Fig. 5). The other reason is that no 
suggestion of a yield was obtained with the annealed alloy (Fig. 4). 
It seems probable, therefore, that there is no drop in the true flow 
stress for either an annealed or a cold drawn 18-8 alloy. The strains 
plotted in Figs. 4, 5, and 6 are average true strains, calculated on the 
assumption that the specimens remained cylindrical during the exten- 
sion to the beginning of final local contraction. Actually, however, 
the true strain in the region of incipient local contraction may be 
considerably greater than is indicated by the average extension of 
the specimen. Moreover, inertia effects probably accentuate the 
abrupt drop of the load from the first maximum. The true flow 
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stress, therefore, probably rises continuously with the plastic de- 
formation of either annealed or cold drawn 18-8 alloys. 

In Fig. 7, a comparison is made between a cold drawn metastable 
austenitic alloy containing molybdenum and a precipitation-hardened 
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alloy. The composition of the precipitation-hardenable alloy (EH) 
and the details of the heat treatment are given in Tables I and II. 
As shown in Fig. 7, the flow-stress curves obtained with the alloy 
(EGM) containing molybdenum are generally similar to the curves 
shown in Figs. 4, 5, and 6. The ductility of the metastable austenitic 
alloys evidently is not seriously affected by the rapid hardening 
caused by the phase change during plastic deformation at low tem- 
peratures (Figs. 4, 5, and 6). However, the effect of low tempera- 
tures on the ductility of the annealed plain 18-8 alloy (Fig. 4) was 
greater than the effect on the cold drawn alloys (Fig. 5). The 
adverse effect of a low temperature on the ductility evidently is 
greater when all the plastic deformation is at the low temperature 
than when part of it is at room temperature. Precipitation of ferrite 
from the austenite, therefore, evidently has considerable effect on the 
_ ductility. The good ductility exhibited by these alloys at low tem- 
peratures may be due partly to retention of some of the austenite. 

At room temperature, the flow-stress curve for the ferritic alloy 
EH-A-10 (Fig. 7) was higher than that for the moderately cold 
drawn plain alloy EBM (Fig. 5) or the moderately cold drawn al- 
loys containing titanium, columbium and molybdenum (Figs. 6 and 
7), but was lower than that for the severely cold drawn plain alloy 
EBN (Fig. 5). The ductility of the ferritic alloy at room tempera- 
ture (Fig. 7) was a little less than that of any of the cold drawn 
metastable austenitic alloys (Figs. 5, 6, and 7). With decrease in 
temperature the ductility of the ferritic alloy decreased rapidly, and 
a specimen tested at —188°C (—306°F) showed no ductility. To 
make sure that the brittleness at that temperature was not due to 
some defect in the specimen, another specimen was tested; the result 
was the same. The effect of low temperatures on the ductility of 
this alloy, therefore, evidently is similar to the effect on the ductility 
of annealed low-carbon steels. For use at low temperatures, the 
ductility possibly would be improved if some austenite were retained 
along with the ferrite and the precipitated constituent. 

It has been shown that the influence of the total plastic deforma- 
tion on the flow stress at a low temperature depends on the relative 
amounts of the plastic deformation at room temperature and at the 
low temperature. For a study of the influence of both the prior 
plastic deformation at room temperature and the total plastic de- 
formation, results obtained with the same metal after various 
amounts of prior plastic deformation may be assembled in a single 
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diagram, in which abscissas represent values of the total plastic de- 
formation (13). A diagram of this type is shown in Fig. 8, which 
is derived by assembling flow-stress curves reproduced from Figs. 4 
and 5. Fig. 8 thus represents the influence of total plastic deforma- 
tion on the flow stress and fracture stress of a plain 18-8 chromium- 
nickel steel. Since the true strains represented by the prior plastic 
deformation and the subsequent deformation during a tension test 
are directly additive, and since the abscissa and ordinate scales in 
Fig. 8 are the same as in Figs. 4 and 5, the flow-stress curves have 
been transferred directly from the basic diagrams to Fig. 8. In 
such a transfer, however, it is necessary to place the origin of each 
curve at an abscissa representing the corresponding amount of prior 
plastic deformation. The two vertical dot-and-dash lines in Fig. 8 
represent the amounts of prior plastic deformation given to alloys 
EBM and EBN. Curve F, represents approximately the tensile 
flow-stress curve that would be obtained if the stress could be kept 
unidirectional. The local contraction of a tension test specimen 
induces transverse radial tensile stress, and the ratio of the transverse 
to the longitudinal stress (radial stress ratio) increases with the local 
contraction. Because of the increasing radial stress ratio, curve F 
for the annealed alloy rises above the derived curve F,. A method 
of deriving curve F, is described in a previous paper (13) in which 
the relation between curves F, and F is shown in diagrams. In Fig. 
8, curve F, has been drawn so as to be in approximately correct 
relation to curve F for the annealed alloy. It also has been drawn 
to pass through the first maximum points M on the flow-stress curves 
obtained with the cold drawn alloys EBM and EBN at room tem- 
perature. The diagram thus represents qualitatively the influence 
of prior and total plastic deformation and of low temperature on the 
flow stress and fracture stress. 

The curves representing flow during local contraction at room 
temperature rise above curve F, because of increasing transverse 
radial tensile stress induced by the local contraction. A curve simi- 
lar to curve F, could be drawn through points M on the flow-stress 
curves obtained at —188 °C (—306°F). Since points M represent 
flow stresses after various amounts of plastic deformation at room 
temperature and only slight plastic deformation at —188°C (—306 
°F), a curve drawn through points M would approximately repre- 
sent flow under unidirectional tensile stress entirely at —188 °C 
(—306 °F), but with the requirement that the precipitation harden- 
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ing was the same as at room temperature. A similar curve could be 
drawn to represent flow at —78°C (—108°F). The more rapid 
rise of the flow-stress curves obtained at —78 and —188°C 
(—108 and —306 °F) (Fig. 8) is due to the more rapid precipita- 
tion hardening during flow at these temperatures. The rapid rise 
of these curves cannot be attributed to an increase in the radial stress 
ratio; the stress remains nearly unidirectional until the beginning of 
the final local contraction, designated by M’. 

The rapid precipitation hardening during plastic deformation at 
low temperatures evidently increases the fracture stress nearly as 
rapidly as it increases the flow stress. If precipitation hardening 
were no more rapid at —188 °C (—306 °F) than at room tempera- 
ture, the point representing fracture in a test entirely at —188°C 
(—306 °F) would be on the previously discussed curve that could 
be drawn through the corresponding points M in Fig. 8. With 
sufficient increase in the prior plastic deformation at room tempera- 
ture, the fracture stress at a low temperature would begin to decrease 
because of the decrease in the relative amount of plastic deforma- 
tion at the low temperature and the accompanying decrease in the 
amount of precipitation hardening. 


CHANGES IN MAGNETISM OF 18-8 CHROMIUM-NICKEL STEEL 
WITH PLAsTIc DEFORMATION 


Several investigations have been made of the change in magnetic 
properties of 18-8 alloys with plastic deformation (1, 2, 14, 16). 
In some investigations, quantitative studies of the transformation 
from austenite to ferrite have been made by measurement of mag- 
netic permeability (2, 16). None of the specimens used in these 
previous investigations, however, had been plastically deformed at 
low temperature. Since the evidence in Figs. 1 to 8 shows that the 
hardening due to the phase change is more rapid at low temperatures 
than at room temperature, a brief qualitative investigation has been 
made to determine if these differences in precipitation hardening 
could be correlated with changes in magnetism. For this purpose, 
typical specimens that had been used in tension tests represented in 
Figs. 4 to 7 were explored by means of a small, strong, horseshoe 
magnet. These specimens included annealed, moderately cold drawn, 
and severely cold drawn metals. Some had been tested to fracture 
at room temperature, and some had been tested at low temperatures. 


Ww 
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The specimens that had been tested to fracture at room temper- 
ature were slightly magnetic at the surface of fracture and in the 
adjacent locally contracted region, but the magnetic attraction was 
hardly noticeable elsewhere along the specimen. Moreover, the 
magnetic attraction was not appreciably greater for moderately cold 
drawn than for annealed metal. The attraction was a little greater 
for specimens of severely cold drawn metal, especially at the surface 
of fracture. However, the attraction was not strong enough to lift 
the specimens. The increase in magnetism in the locally contracted 
region is a result of the relatively large amount of plastic deforma- 
tion occurring during the local contraction. 

The specimens that had been tested at —78 and —188°C 
(—108 and —306 °F) were only slightly magnetic at the threaded 
ends, which had not been plastically deformed at the low tempera- 
tures. Between the end fillet and the locally contracted region, how- 
ever, each specimen was strongly magnetic; the attraction was strong 
enough to lift some specimens attached to both poles of the magnet. 
At the surface of fracture, the attraction was so strong that each 
specimen could be vertically suspended from one pole of the magnet. 
The magnetic attraction along the plastically extended side of the 
specimen, however, evidently was not so strong for the severely 
cold drawn specimens as for the moderately cold drawn or annealed 
specimens. The weaker magnetic attraction for the severely cold 
drawn alloy may be correlated with the relatively smaller amount 
of plastic deformation at low temperature. The method of investi- 
gation was not sensitive enough to detect differences in magnetism 
between specimens of annealed metal and specimens of moderately 
cold drawn metal, or to, detect differences between specimens that 
had been plastically deformed at —78 °C (—108°F) and those that 
had been deformed at —188°C (—306 °F). 

The results of these qualitative magnetic tests confirm the previ- 
ously expressed view that the rapid rise of the flow stress with plastic 
deformation at low temperatures (Figs. 4 to 8) is due to a rapid 
transformation of austenite to ferrite. 


THE VARIATION OF THE STRENGTH oF 18-8 CHromiuM-NICKEL 
STEELS BETWEEN Room TEMPERATURE AND —188 °C 


Consideration will now be given to diagrams of a different type. 
In these diagrams, which are shown in Figs. 9 to 16, temperatures 
are plotted as abscisSas and indices of strength are plotted as ordi- 
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nates. In these figures, the temperature scale is the same that has 
been used in previous papers by the authors and their associates 
(7-11). Temperatures in degrees K are plotted on a logarithmic 
scale. Since abscissas are proportional to the logarithm of the de- 
grees K, the scale is the same in principle as Kelvin’s original 
thermodynamic scale. This scale has been used because, as has been 
shown (7-11), it gives a linear relationship between temperature and 
the strength indices for various metals, in the absence of phase 
changes. 

The strength of most metals can be evaluated by the use of only 
three indices, namely, the yield stress, ultimate stress, and fracture 
stress. For 18-8 chromium-nickel steels at low temperatures, how- 
ever, six strength indices are important, although sometimes less than 
six are sufficient. As illustrated in Figs. 1 to 7, these indices are: 
yield stress, first ultimate stress, stress at a minimum in the load- 
extension curve, stress at a reversal of the load-extension curve, 
second ultimate stress, and true fracture stress. All these indices 
and the true stress at the second maximum load have been used in 
Figs. 9 to 14. Nominal-stress values, such as those represented in 
Figs. 1 to 3, have been used for the first ultimate stress, the minimum 
in a load-extension curve, the reversal of a load-extension curve, and 
the second ultimate stress. 

Fig. 9 shows results obtained with a plain 18-8 alloy. This is 
not the same as the alloy used in obtaining Figs. 1, 2, 4, 5, and 8. 
Since most of the experiments represented in Fig. 9 were made sev- 
eral years ago, the importance of determining values for both the 
first and second ultimate stresses was not realized. Complete curves 
for the first ultimate stress, therefore, could not be obtained. As in- 
dicated by the symbols along the two ultimate-stress curves in Fig. 9, 
part of each curve shows the influence of a range of temperature 
on the first ultimate stress, and part shows the influence of a lower 
range of temperature on the second ultimate stress. However, the 
experiments have been made at enough different temperatures to 
establish definitely the form of the curves of variation of the ultimate 
stress and fracture stress. 

Figs. 9 to 14 show the effect of temperature on the important 
strength indices. The effect of temperature on a strength index 
comprises the direct effect on the strength of the metal, and the 
superimposed effects on the amount of plastic deformation and the 
rate of hardening in the test made to determine the strength index. 
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For the 18-8 alloys, the superimposed indirect effects vary greatly 
with the temperature, and with the amount of plastic deformation 
required for determining the strength index. In studying the varia- 
tion of the strength indices with temperature, therefore, considera- 
tion should be given to the relation between the direct and indirect 
effects of temperature on each index. The smaller the amount of 
plastic deformation required for determining the index, the less are 
the superimposed indirect effects, and the more nearly does the varia- 
tion of the index with temperature represent the direct effect of tem- 
perature on the strength of the metal. 

Since the yield stress represents the strength of the metal at 
approximately the beginning of plastic strain, the influence of tem- 
perature on this index generally represents approximately the direct 
influence of temperature on the strength of the metal. The yield 
stresses of the 18-8 alloys at room temperature were determined by 
means of transverse measurements during the tension tests. At low 
temperatures, the yield stresses were determined by means of the 
automatic load-extension diagrams. Because of the indefiniteness of 
the yield stress of the metastable austenitic alloys, the values obtained 
from the automatic diagrams are only approximate. 

As shown in Figs. 9, 10, 12, 13, and 14, the increase in the yield 
stress with decrease in temperature is less rapid than the increase of 
any other index except the first ultimate stress. As would be ex- 
pected, however, the greater the amount of prior plastic deformation, 
the less do the indices of resistance to plastic deformation diverge 
with decrease in temperature. After severe prior plastic deforma- 
tion, the curves for the first and second ultimate stresses nearly 
coincide, as shown in the diagram for alloy EBN in Fig. 11. 

The yield stress of the ferritic alloy (Fig. 11) rises much more 
rapidly with decrease in temperature than the yield stress of the 
metastable austenitic alloys (Figs. 9 to 14) ; the rise is about as rapid 
as for a carbon steel. As shown in a previous paper (9), a rapid 
increase of the yield stress with decrease in temperature is associated 
with a rapid decrease in ductility. 

Next to the yield stress the first ultimate stress is the most 
suitable index for revealing the direct influence of temperature on the 
strength of an 18-8 alloy. However, when the curve of nominal 
stress versus extensions merely reverses without traversing a maxi- 
mum, the nominal stress at the reversal may be used for the same 
purpose, and is nearly as satisfactory as the first ultimate stress. In 
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Fig. 12—Variation of the Strength of 18-8 Chromium-Nickel Steels With Temperature. 
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some of the diagrams, it was possible to establish complete curves 
for both the first and second ultimate stresses. The relation between 
these curves is illustrated in the diagram for the moderately cold 
drawn alloy ECM at the right of Fig. 12. This diagram should be 
compared with the nominal-stress curves obtained with the same 
alloy (Fig. 3). Only one ultimate-stress value was obtained at room 
temperature, but two ultimate stresses were obtained at —78 °C 
(—108 °F) and at —188°C (—306°F). Between room tempera- 
ture and —78°C (—108°F), therefore, the ultimate-stress curve 
branches as indicated in Fig. 12. Branching curves are shown also 
in the diagram at the right of Fig. 14 and in the diagram obtained 
with the moderately cold drawn plain alloy EBM (Fig. 10). 

A similar branching of curves designated U and U’ is shown 
in the diagram at the left of ‘Fig. 10. Curve U in this diagram, 
however, is based partly on the small triangle representing the nom- 
inal stress at the point of reversal of the load-strain curve obtained 
at —78°C (—108°F). As illustrated by the corresponding curve 
in Fig. 1, the nominal stress approached a maximum, but rapid pre- 
cipitation hardening caused a reversal of curvature before a maxi- 
mum was attained. The point of reversal of curvature (RE) evi- 
dently was very little higher than the maximum that would have been 
attained in the absence of the rapid phase change. Consequently, 
use has been made of the nominal stress represented by point RE 
in establishing curve U in Fig. 10 to represent as nearly as possible 
the direct influence of temperature on the strength of the annealed 
metal. A similar method has been used in deriving curve U in the 
diagram at the left of Fig. 13. A curve of similar form and signifi- 
cance could be based on the two small triangles in the diagram for 
the annealed alloy at the left of Fig. 12. 

Only the nearly straight part of curve U, however, represents 
approximately the direct effect of temperature on the strength of the 
metal. The upward bulge of the curve in a diagram for annealed 
metal or for moderately cold drawn metal (Figs. 10, 12, 13, and 14) 
is due to the superimposed effect of temperature on the strain neces- 
sary for the load to reach a maximum. As shown in the diagram 
for the annealed plain alloy EB-19 (Fig. 1), the strain necessary for 
the load to reach a maximum was much greater at room temperature 
than at low temperatures. This diagram should be compared with 
curve U in the diagram at the left of Fig. 10. A similar relationship 
is revealed by a comparison of the diagram at the right of Fig.°3 
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with curve U in the diagram at the right of Fig. 12, and by a com- 
parison of the diagram at the left of Fig. 7 with curve U in the 
diagram at the right of Fig. 14. The upward bulge in curve U in 
diagrams for annealed alloys or for moderately cold drawn alloys, 
therefore, is due to hardening of the metal during the relatively great 
plastic deformation necessary for the load to reach a maximum. 

When the prior cold work has been severe, the strain necessary 
for the load to reach a maximum is about as small at room tempera- 
ture as at low temperatures. [Illustrations of this relationship are 
shown in Fig. 2 and in the diagram at the left of Fig. 3.4 Since the 
plastic strain at the first nfaximum load was small at room tempera- 
ture and at low temperatures, the corresponding curves U in Figs. 
10, 11 and 13 are practically free from effects of variable plastic 
deformation. Unlike the curves obtained with the less severely cold- 
worked alloys or with the annealed alloys, these curves rise continu- 
ously with decrease in temperature. If yield-stress curves were 
drawn in these figures, their slopes would differ little from the slopes 
of curves U and from the slopes of the nearly straight parts of 
curves U obtained with the softer alloys. These slopes represent 
approximately the direct effect of temperature on the strength of the 
18-8 chromium-nickel steels. 

All the curves of the variation of the second ultimate stress with 
temperature are affected by the phase changes induced by plastic 
deformation. In the absence of the rapid phase changes at low tem- 
peratures there would be no second ultimate stress. The divergence 
of curves U and U’ is greatest for the annealed metals, and decreases 
with increase in the amount of prior cold work. The influence of the 
rapid phase change at low temperatures is revealed most prominently 
by the steep rise of the curves representing the influence of tempera- 
ture on the true stress at the second maximum and on the fracture 
stress. The course of each of these curves, however, indicates that 
with decrease in temperature below that of liquid air the influence 
of temperature on these strength indices gradually decreases. 


THE VARIATION OF THE STRENGTH OF 18-8 CHROMIUM-NICKEL 
STEEL AND OF SOME OTHER METALS BETWEEN RooM TEMPERATURE 
AND THE TEMPERATURE OF Liguip HyproGEN (—252.8 °C) 


The only extensive investigation of the mechanical properties of 
metals at the temperature of liquid hydrogen was by DeHaas and 


‘Comparison of ultimate stresses shows that the prior cold work was more severe 
for these three alloys and for alloy EEN (Fig. 13) than for any of the other alloys used 
in the investigation. 
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Hadfield (5). Steels of many different compositions and a few non- 
ferrous metals were included in their investigation. Only two 
chromium-nickel stainless steels were used. One was an 18-8 chro- 
mium-nickel steel; the other was a stable austenitic steel containing 
14.4% chromium and 59.3% nickel. Yield stresses, ultimate stresses, 
and ductility values were determined at room temperature and at the 
temperature of liquid hydrogen, but fracture stresses were not de- 
termined. 

In Fig. 15, results obtained by DeHaas and Hadfield at room 
temperature and at —252.8°C (—423°F) are compared with re- 
sults obtained at the National Bureau of Standards within the range 
between room temperature and —188 °C (—306°F). The diagram 
shows results obtained by DeHaas and Hadfield with monel metal, 
electrolytic copper, the 18-8 alloy, and the stable austenitic chromium- 
nickel steel. For comparison, curves obtained with monel metal and 
oxygen-free copper have been reproduced from a paper by McAdam 
and Mebs (7), and two curves obtained with the annealed plain 
18-8 alloy EA-19 have been reproduced from Fig. 9. With the 
exception of the fracture stresses derived from Fig. 9, only ultimate 
stresses are represented in Fig. 15. 

With the 18-8 chromium-nickel steel and the stable austenitic 
steel, DeHaas and Hadfield obtained almost identical results at room 
temperature. At —252.8°C (—423°F), however, the ultimate 
stress of the 18-8 alloy was about 50% greater than that of the stable 
austenitic alloy. The strength index reported for the 18-8 alloy 
at this temperature undoubtedly is the second ultimate stress. The 
ultimate-stress curve obtained with the 18-8 alloy EA-19 has been 
prolonged with little change of curvature, so as to pass through the 
point representing the result obtained by DeHaas and Hadfield with 
an alloy of the same type. Moreover, the fracture-stress curve ob- 
tained with alloy EA-19 has been prolonged with little change of 
curvature, so that an approximate estimate may be made of the 
probable breaking stress of this alloy at the temperature of liquid 
hydrogen. The value thus obtained is of the same order as the 
breaking stresses of some of the 18-8 alloys in liquid air (Figs. 10, 
11, 13 and 14). 

As shown in previous papers (7, 9, 10), and as illustrated in 
Fig. 15 by the curves for monel metal G-14 and copper N-8, the 
variation of the strength indices for many nonferrous metals on this 
temperature scale is nearly linear between room temperature and 
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—188°C (—306°F). The results reported by DeHaas and Had- 
field, however, indicate that the linear relationship does not continue 
between the temperatures of liquid air and liquid hydrogen. A\l- 
though some of the reported ultimate stresses at the temperature of 
liquid hydrogen may be too low, the evidence indicates that the curves 
for the nonferrous metals and the stable austenitic alloy differ greatly 
in slope from the curve obtained with the 18-8 alloy. The evidence 
also indicates that the great difference in strength of these chromium- 
nickel alloys at the temperature of liquid air is due to a difference in 
the stability of the austenite. The austenite in the alloy containing 
14.4% chromium and 59.3% nickel evidently retains its stability 
during plastic deformation at the temperature of liquid hydrogen. 

If curves to represent the variation of the first ultimate stress 
of the metastable austenitic alloys with temperature were included 
in Fig. 15, the slope between room temperature and —188° C 
(—306 °F) would differ little from the slopes of the curves obtained 
with monel metal and copper, and from the probable slope of a curve 
obtained with the stable austenitic steel. The slopes of these curves 
represent approximately the direct effect of temperature on the 
strength of the metals. The difference between these slopes and the 
slope of the curves for the 18-8 alloy is due to the superimposed 
effect of the variation in the amount of phase-change with tempera- 
ture. This variation becomes less with decrease in temperature, since 
the proportion of untransformed austenite remaining after deforma- 
tion of the specimen in the tensile test becomes less as the tempera- 
ture is lowered. As the temperature approaches that of liquid air, 
possibly all or nearly all of the austenite is transformed to ferrite 
by the plastic deformation. 


INFLUENCE OF NOTCHES ON THE MECHANICAL PROPERTIES OF 
18-8 CHROMIUM-NICKEL STEEL 


Fig. 16 shows the results of a brief investigation of the influence 
of notches on the strength indices of 18-8 alloys throughout a range 
between room temperature and —188°C (—306°F). The alloys 
used in obtaining these two diagrams are the same that were used in 
obtaining the diagram at the left of Fig. 11 and the diagram at the 
right of Fig. 12. The curves representing results obtained with un- 
notched specimens ‘dre the same in Fig. 16 as in the corresponding 
diagrams of Figs. 11 and 12. A slight distinction between the first 
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and second ultimate stresses could be observed in some specimens 
with 150-degree notch angle, but no distinction could be made when 
the angle was smaller. 


Even when the angle was 50 degrees, however, the plastic strain 
necessary for the load to reach a maximum at low temperatures was 
more than that for an unnotched specimen at the first maximum. 
Although the ductility decreased with decrease in the notch angle and 
with decrease in temperature, the combined influence of these two 
variables on the ductility was less for the 18-8 alloys than for pearl- 
itic steels. At —188°C (—306°F), the strain at fracture of a 
50-degree specimen was about 26% (A,/A—1.26). Moreover, the 
breaking stress of this specimen at —188°C (—306°F) was high, 
although the specimen fractured before the tensile load reached a 
maximum. These unusual properties suggest that the ultimate 
stresses of the notched specimens were appreciably increased by the 
phase change during plastic deformation. This phase change evi- 
dently contributes to the toughness of both notched and unnotched 
specimens. 


ACKNOWLEDGMENT 


Acknowledgment is due to Messrs. D. H. Woodard and W. 
D. Jenkins, to Mrs. Fannie Wilkinson and Miss Lavaria Weinrich 


for general assistance in the experiments and the preparation of the 
illustrations. 


References 


1. R. H. Aborn and E. C. Bain, “Nature of the Nickel-Chromium Rustless 
Steels,” TRANSACTIONS, American Society for Steel Treating, Vol. 18, 
1930, p. 837-873. 

2. J. B. Austin and O. S. Miller, “Magnetic Permeability of Some Austenitic 
Iron-Chromium-Nickel Alloys as Influenced by Heat Treatment and 
Cold Work,” Transactions, American Society for Metals, Vol. 28, 
1940, p. 743-755. 

3. F. K. Bloom, G. N. Goller and P. G. Mabus, “The Cold Work Hardening 
Properties of Stainless Steel in Compression,” TRaNsactions, Ameri- 
can Society for Metals, Vol. 39, 1947, p. 843-864. 

4. E. W. Colbeck, W. E. MacGillivray and W. R. D. Manning, “The Me- 
chanical Properties of Some Austenitic Stainless Steels at Low Tem- 
peratures,” Transactions, Institute of Chemical Engineers, Vol. 11, 
1933, p. 89-102. 

5. W. J. DeHaas and Sir Robert Hadfield, “The Effect of the Temperature 
of Liquid Hydrogen on the Tensile Properties of Forty-One Specimens 
of Metals,” Philosophical Transactions, Royal Society, A, Vol. 232, 
1933-34, p. 297-332. 

6. V. N. Krivobok and R. A. Lincoln, “Austenitic Stainless Alloys,” Trans- 
actions, American Society-for Metals, Vol. 25, 1937, p. 637-677. 











1949 DISCUSSION—CHROMIUM-NICKEL STEELS 645 


7. D. J. McAdam, Jr. and R. W. Mebs, “The Technical Cohesive Strength 
and Other Mechanical Properties of Metals at Low Temperatures,” 
gr American Society for Testing Materials, Vol. 43, 1944, 
p - 

8. D. J. McAdam, Jr., R. W. Mebs and G. W. Geil, “The Technical Cohe- 
sive Strength of Some Steels and Light Alloys at Low Temperatures,” 
ne American Society for Testing Materials, Vol. 44, 1944, 
p. -644. 

9. D. J. McAdam, Jr., G. W. Geil and R. W. Mebs, “The Effect of Com- 
bined Stresses on the Mechanical Properties of Steels Between Room 
Temperature and —188 °C,” Proceedings, American Society for Test- 
ing Materials, Vol. 45, 1945, p. 448-485. 

10. D. J. McAdam, Jr., G. W. Geil and R. W. Mebs, “Effects of Combined 
Stresses and Low Temperatures on the Mechanical Properties of Some 
Nonferrous Metals,” Transactions, American Society for Metals, 
Vol. 37, 1946, p. 497-537. 

. J. McAdam, Jr., G. W. Geil and R. W. Mebs, “Influence of Plastic 
Deformation, Combined Stresses, and Low Temperatures on the Break- 
ing Stress of Ferritic Steels,” American Institute of Mining and 
Metallurgical Engineers, T.P. 2220, Metals Technology, August 1947. 

12. D. J. McAdam, Jr., G. W. Geil and W. D. Jenkins, “Influence of Plastic 
Extension and Compression of the Fracture Stress of Metals,” Pro- 
—— American Society for Testing Materials, Vol. 47, 1947, p. 

54-572 


11. 


o 


13. D. J. McAdam, Jr., G. W. Geil and Frances Jane Cromwell, “Flow, Frac- 
ture and Ductility of Metals,” American Institute of Mining and Met- 
allurgical Engineers, T.P. 2296, Metals Technology, January 1948. 

14. N. B. Pilling, “Some Effects of Nickel Content on Austenitic Iron- 


Chromium-Nickel Alloys,” Proceedings, American Society for Testing 
Materials, Vol. 30, Pt. 2, 1930, p. 278-290. 

15. L. B. Pfeil and D. G. Jones, “A Contribution to the Study of the Proper- 
ties of Austenitic Steels,” Journal, Iron and Steel Institute, Vol. 127, 
No. 1, 1933, p. 337-378. 


16. C. B. Post and W. S. Eberly, “Stability of Austenite in Stainless Steels,” 
TRANSACTIONS, American Society for Metals, Vol. 39, 1947, p. 868-888. 

17. S. J. Rosenberg, “Effect of Low Temperatures on the Properties of Air- 
craft Metals,” National Bureau of Standards, Journal of Research, 
Vol. 25, 1940, p. 673-701. 

18. R. Smith, E. H. Wycke and W. W. Gorr, “A Precipitation-Hardening 


Stainless Steel of the 18 Per Cent Chromium, 8 Per Cent Nickel 
Type,” American Institute of Mining and Metallurgical Engineers, 
T.P. 2006, Metals Technology, June 1946; Transactions, American 
Institute of Mining and Metallurgical Engineers, Vol. 167, 1946, p. 
313-343. 

19. Tue Boox or STAINLEss STEELS, published by American Society for Metals, 
Cleveland, 1935. 

20. H. H. Uhlig, “The Role of Nitrogen in 18-8 Stainless Steel,” Transac- 
tions, American Society for Metals, Vol. 30, 1942, p. 947-980. 


DISCUSSION 


Written Discussion: By M. G. Fontana, professor and chairman, 
Department of Metallurgy, The Ohio State University, Columbus, Ohio. 
True stress curves are described by Dr. McAdam. Were the 
instantaneous diameters of the necked portions of the specimens meas- 
ured during the tensile tests at low temperatures? If so, I would like to 
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have a description of the apparatus used for measuring these diameters. 
I am sure other investigators in the field of mechanical testing at low 
temperatures would like to have information on this point since it is a 
difficult measurement to make at low temperatures. A description of the 
apparatus in the discussion would add a lot to this good paper. 


Authors’ Reply 


As stated in the paper, instantaneous diameters were measured during 
the tests at room temperature, but not at low temperatures. At that 
time, no apparatus had been developed at the National Bureau of Stand- 
ards for similar measurements at low temperatures. As stated in the 
paper, the flow-stress curves for low temperature tests were constructed 
on the assumption that the specimen remained cylindrical until the final 
local contraction began. Mr. Geil informs me that an apparatus has now 
been developed for making diameter measurements at low temperatures. 

Flow-stress curves obtained with this apparatus agree well with 
those constructed on the above-mentioned assumption. They show also 
that there is an actual drop in the true stress in cold drawn 18-8 alloy 
after the curve attains the first maximum. The results thus confirm the 
course of curves such as those in Fig. 5 of the paper. Consequently 
the suggestion on page 623 that the true stress probably does not drop 
beyond the first maximum must be abandoned. Sometimes there are 
repeated slight rises and descents of the flow stress as the curve 
approaches the second maximum. 








BASIC REASONS FOR GOOD MACHINABILITY OF 
“FREE MACHINING” STEELS 


By M. EuGENE MERCHANT AND NORMAN ZLATIN 


Abstract 


The following treatments are known to wmprove the 

machinability of steels: 

1. Addition of sulphur 

2. Addition of lead 

3. Addition of sodium sulphite 

4. Cold working 
A study has been made of the basic reasons for the 
improved machinability—reasons related to the mechanics 
of cutting. The effect of these four treatments on the 
three basic properties affecting the mechanics of cutting 
—(a) coefficient of friction between chip and tool, (b) 
mean shear strength of the metal in cutting, and (c) ma- 
chining constant of the metal—has been evaluated. The 
effect of other less basic mechanical properties has also 
been considered. The reasons for the improved machina- 
bility have become apparent in each case as a result of 
this study. 


INTRODUCTION 


T is well known that certain chemical and physical modifications 
of steels will impart improved machinability. The best known 
of these are: 
1. Addition of sulphur 
2. Addition of lead 
3. Addition of sodium sulphite 
4. Cold working 
Steels so modified may be termed “free machining” in the very 
broadest sense of the term. (It is recognized, of course, that cold- 
worked steels are not considered to be free machining steels in the 
usual sense of the term.) In most cases there has been no clear 
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understanding of the reasons for the improved machinability im- 
parted by such treatments as the above. Various mechanisms have 
been suggested but few have been proven by direct theory and 
experiment. It has been the purpose of the investigation described 
in this paper to study the basic reasons for the good machinability 
of free machining steels. Such information is needed if the knowl- 
edge of how to impart free machining properties is to advance. When 
we know the causes behind any action, we have a sound basis for 
improving that action. 

First, a matter of definition. What is meant by the fact that 
free machining steels have good machinability? Actually this term 
may cover a multitude of performance characteristics; however, 
there are three main characteristics of which one or more are notice- 
ably improved by free machining modifications. These are: 

1. Tool life obtainable under given machining conditions 
(or alternatively, the cutting speed required to give a 
constant tool life). 
Surface finish. 
Tool forces and power consumption. 


wi 


STEELS SELECTED FOR TEST 


Five pairs of steels, each consisting of one normal and one free 
machining material, were selected for test. The pairs selected were: 
1. Type 303 (sulphur) stainless and Type 304 stainless 
AISI C-1022 leaded and AISI C-1019 (plain) 
AISI B-1113 (sulphur) and AISI C-1019 (plain) 
AISI A-8640 (sodium sulphite added) and AISI A-8640 
(plain ) 
5. SAE 52100 cold drawn tubing and SAE 52100 cold 
drawn and annealed tubing. 
(Note that one steel, the C-1019, is common to two of the pairs.) 
The chemical analyses and mechanical properties of these steels are 
listed in Table I.. The microstructures in the unetched and etched 
states are shown in Figs. 1 to 5. The relative machinability, in 
practice, of the two members of each of the five pairs of steels may 
be judged from the data given in Table II. Tool life values given 
there are in some cases expressed in terms of the cutting speed 
required to give a constant tool life (known as “equivalent cutting 
speed”) and in other cases as the elapsed cutting time between tool 


A wh 
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Table Il 


Machinability Characteristics of Steels Used in Tests 
Relative 
Tool Life Relative 
or Surface Relative Relative Relative 
Equivalent _Finish Cutting Thrust Power 
utting Microinches Force Force Consumption 
Material Speed rms. ] Fe, lb.§ Fe, Ib.§ H.P. min./cu.in.§ 
Stainless 
Type 303 100-130 ft/min.* 20-30 167 98 0.94 
(Sulphur) 
Type 304 70— 90 ft/min.* 6-9 222 177 1.25 
C-1022 
. Leaded 160—190 ft/min.Tf 30—40 101 24 0.57 
-1113 
a Sulphur 210-235 ft/min.T 25-35 106 37 0.60 
>-1019 
Plain 120-140 ft/min.f 60-70 167 115 0.94 
A-8640 
Sulphite- 5 hr. per grind at 65-85 199 148 1.12 
Treated 111 ft/min.** 
Plain 2% hr. per grind 65-85 206 157 1.16 
at 88 ft/min.** 
SAE 52100 
Cold Drawn 90— 95 ft/min.t 6—7 197 129 1.11 
Annealed 85— 90 ft/min.t 6—7 210 149 1.18 


*From ‘‘Machining of Stainless Steels,’’ Rustless Iron and Steel Division of American 
Rolling Mill Co. 

**From ‘‘Metallurgical Aspects of Machinability,” by F. J. Robbins, Iron Age, Vol. 
157, No. 13, March 28, 1946, p. 47-51. 

tFrom “‘A Discussion of Leaded Steels,” by F. J. Robbins and G. R. Caskey, Trans- 
actions of the American Society for Metals, Vol. 27, 1939, p. 887-915. 

tFrom recommendations made by producer of steel. 

{From cutting tests on actual material using a high speed steel tool, cutting speed 
= 95-110 ft/min., feed = 0.003 in./rev. 

§From cutting tests on actual material using a sintered carbide tool. Same test 
conditions as for data in Table IV 


grinds. The tool life values are not comparable between the various 
pairs but only within each pair. However, the values given for 
surface finish, tool forces and power consumption are comparable 
between pairs as well as within them. (For the meaning of the 
terms “Cutting Force, F,”’ and “Thrust Force, F;” used in Table IT, 
see Fig. 8.) 

In the present study, each of the above steels was tested to 
determine the values of those basic properties which are known to 
influence its machinability. 


Basic Properties THAT INFLUENCE MACHINABILITY 


The authors do not wish to give the impression that all the 
basic properties which influence or control machinability are known 
or understood. This is probably far from true. However, certain 
basic properties are known which have considerable influence on 
machinability. Most of these can be expressed quantitatively. For 


wl 
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Fig. 1—Microstructures of Steels Used in Tests. a, b, c—Type 304 stainless. 
d, e, t—Type 303 (sulphur) stainless. a, d—Unetched, X 500. b, e—Etched, 
X 100. c, f—Etched, x 500. 


purposes of discussion these properties can be divided roughly into 
two classes: 1. Properties that control the geometry and mechanics 
of chip formation. 2. Other mechanical properties. 
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Fig. 2—Microstructures of Steels Used in Tests. a, b, c—AIST C-1022 H.R. 
(leaded). d, e, f—AISI C-1019 H.R. a, d—Unetched, X 500. b, e—Etched, x 100. 
c, f—-Etched, X 500. 


Properties That Control Chip Formation 


Recent research (1), (2), (3)? has demonstrated that three 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 3—Microstructures of Steels Used in Tests. AISI B-1113 C.R. 
a—Unetched, X 500. b—Etched, X 100. c—Etched, X 500. 


basic properties are the main variables controlling the geometry and 
mechanics of chip formation. These are: 
1. The coefficient of friction » acting between chip and 
cutting tool. 
2. The resistance of the material to plastic deformation 
during cutting as measured by its mean shear strength 
Se 
3. An angle C that, in theory, is related to the rate of 
change of the shear strength of the material with 
applied compressive stress. This angle is known as 
the “machining constant” and is essentially a property 
of the work material alone. (See Fig. 6.) 
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Fig. 4—Microstructures of Steels Used in Tests. a, 


ad, e, £—Sulphite-treated NE 8640. 
c, f—Etched, x 500. 


a, d—Unetched, x 500. 


b, c——Plain NE 8640. 
b, e—Etched, x 100. 
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Fig. 5—Microstructures of Steels Used in Tests. a, b, c—SAE 52100 annealed. 
d, e, f—SAE 52100 cold drawn. a, d—Unetched, x 500. b, e—Etched, x 100. 
c, f—Etched, x 500. 
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The relation of these three basic properties to the geometry and 
mechanics of chip formation is exact in the case of orthogonal cut- 
ting and the continuous type of chip with no built-up edge (Type 2) 
(4), illustrated schematically in Fig. 7. For a discussion of the 
nature of these three basic properties and of the geometry and 
mechanics of chip formation, the reader is referred to the four 
references cited above. 


100 





- Ss,!000Opsi 


Shear Strength 





0 20 40 60 80 
Compressive Stress -Sn, |OOOpsi 


Fig. 6—Typical Shear Strength Versus Compressive Stress Curve, 
as Observed by Bridgman. The machining constant C is theoretically 
equal to the complement of the slope angle of this curve. 


Relation of p, S,;, and C to Machinability 


The tool forces (and power consumption) are controlled almost 
entirely by these three properties. The force relationships for the 
case of the Type 2 chip and orthogonal cutting conditions are shown 
in Fig. 8. In this case the tool forces F, and F; are directly con- 
trolled by the values of the three basic properties », S,, and C as 
follows: 


he s.| tan (7-4) + cot (<3 *)] Equation I 


F. = A. Sz | tan (© 4=+) cot (—=*) —1 | Equation II 


where: 
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Work Piece 





Fig. 7—Geometry of Type 2 Chip (Orthogonal Cutting). 


Ao = cross sectional area of “chip” before removal 
(= t: X width of cut) 
a — true rake angle of tool (see Fig. 8) 
7 = friction angle (= arc tan uw) (see Fig. 8) 
Power consumption in cutting is also, in this case, directly con- 
trolled by », Ss, and C. The relationship is: 


Ss C — C— 
r= sata tn (j=")+ cot (<=*)| Equation III 


where: 


P. = horsepower consumed in cutting, per cubic inch of metal removed 
per minute, when S, is expressed in pounds per square inch. 

and the other quantities are as already defined. 
It is evident from Equations I, II, and III that the force system 
and power consumption (in the case of orthogonal cutting and a 
Type 2 chip) are completely determined by the basic properties p, 
S;, and C, when the size of cut and rake angle are fixed. 

Heat generation and tool temperatures are also controlled by 

p, Ss, and C. In cutting, heat is generated at two different sources 
—first on the shear plane during deformation of the metal, then at 
the chip-tool interface as a result of the friction between chip and 
tool. In the case of orthogonal cutting and a Type 2 chip, the 
mechanical work done at the shear plane and at the tool face (per 
unit volume of metal removed), which is dissipated as heat, is 
related to the three ‘basic quantities in the following manner: 
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Cis ial 
W,;-— S, | cot (—*)+ tan (<< —)| Equation IV 


c — C—r— 
W:=S., | tan (<+3—*)- tan (=) | Equation V 
where: 


W.; = work done in plastic deformation of metal per unit volume of 
metal removed. 


W: = work done in overcoming friction between chip and tool per unit 
volume of metal removed. 


Thus, all three of the above basic quantities influence heat generation 
and temperature rise in cutting. It is apparent then that these 
quantities have a direct bearing not only on the forces acting on 
the tool but also on tool life, since the latter is directly influenced 
by the tool temperature. In addition, the finish obtained on the 
workpiece is considerably influenced by the coefficient of friction up. 
In general, the higher the value of pw, the poorer is the finish. It is 
evident then that the basic quantities, », S,, and C, play an important 
part in determining the machinability of a given material. 


Evaluation of p, Ss, and C 


These quantities can be evaluated by calculation from experi- 
mental values, for the case of a Type 2 chip and orthogonal cutting 
conditions. The values which must be measured experimentally in 
order to make such calculations are the two force components F, 
and F,, and the shear angle ¢ (Fig. 8). The experimental methods 
used in obtaining such measurements have been described in detail 
in a previous publication (5). The equations for calculating values 
of the three basic quantities from these measured values are as 
follows: 


Fy + F. tan @ 


a(=0a7) = See Equation VI 


F, sin — F; sin’ 
Se resin eos 8 tse Equation VII 


C—=26+r—a Equation VIII 


By means of such measurements and calculations, values for p, Sz, 
and C have been determined for each member of the five pairs of 
steels under discussion in this paper, as will be described later. 


Other Mechanical Properties 


In addition to the three properties discussed in the foregoing 
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Fig. 8—Force System Acting on Type 2 Chip (Orthogonal Cutting). 


section, several other fairly basic mechanical properties appear to 
have a direct bearing on the machinability of a given material. 
These are: 

1. The strain hardenability of the material, as measured for 
instance by the Meyer strain hardenability exponent, n. 

2. The bulk hardness of the material, as measured for instance 
by the Brinell hardness number, H. 

3. The abrasiveness of the various constituents of the micro- 
structure, for which there is no quantitative measure at 
present. Qualitative estimates may be obtained by exami- 
nation of the microstructure. 

The Meyer strain hardenability exponent, mentioned as a suitable 
measure of the first of the above properties, offers a means of 
evaluating the amount of strain hardening produced in a metal by 
a given amount of plastic deformation (6). It is measured in the 
following manner : 

Hardness indentations are made on the given material with a 

ball indenter at several different loads. When the diameters of 

the resulting indentations are plotted against load on double log 


paper, a straight line results. The slope of this line is the 
Meyer exponent n. The measurements and technique must be 
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carried out very carefully in order to get reproducible results. 

The strain hardenability of a metal appears to have a direct 
influence upon (a) the surface finish and (b) the tool life obtained 
in machining that metal. As regards finish, the strain hardenability 
evidently influences the size and stability of the built-up edge. Thus, 
in general, the greater the strain hardenability, the poorer the surface 
finish. 

As regards tool life, this is directly influenced by the strain 
hardenability of the metal being machined in the following way. 
Metal removed in the form of a chip undergoes severe plastic 
deformation. This process of deformation hardens the chip to a 
degree depending upon (a) the strain hardenability of the metal and 
(b) the amount of deformation undergone by that metal (7). Thus, 
other things being equal, the higher the strain hardenability, the 
greater the amount of hardening of the chip and the greater should 
be its abrasive action on the tool. As regards amount of deformation, 
this is proportional to the shearing strain e undergone by the metal 
at the shear plane. This shearing strain is directly related (in the 
case of orthogonal cutting and a Type 2 chip) to the basic properties 
wand C. The equation is as follows: 


C— C—r— 
€= cot ( 5 = *) + tan (<=") Equation IX 








where: 
e = shearing strain undergone by chip during process of removal. 


The greater the shearing strain, the greater the amount of hardening 
of the chip and so the greater its abrasive action on the tool. Thus, 
the strain hardenability of the metal, when considered together with 
quantities » and C, directly influences the rate of abrasion of the 
cutting tool. 

The initial hardness of the metal being machined, as measured 
for instance by its Brinell hardness number H, also has a direct 
bearing on the rate of abrasion of the cutting tool. If two metals 
with equal strain hardenability undergo equal amounts of deforma- 
tion in the process of chip formation, then naturally the metal with 
the higher initial hardness will produce the harder chip and so abrade 
the cutting tool the more rapidly. Thus, the strain hardenability, 
the shearing strain, and the initial hardness, taken together, deter- 
mine the final hardness of the chip, which in turn influences directly 
the rate of abrasion of the cutting tool. 
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The rate of abrasion of the cutting tool is, however, influenced 
not only by the bulk hardness of the chip but also by the abrasive- 
ness of the individual components of the microstructure. Thus, the 
presence of hard abrasive inclusions such as aluminates and silicates 
will ordinarily accelerate the rate of abrasion of the cutting tool. 

It is evident from the above discussion that two types of abra- 
siveness of the material are involved in tool wear. These may be 
termed “inherent abrasiveness’’ and “induced abrasiveness”. The 
“inherent abrasiveness” is characterized by the bulk hardness of the 
material and the abrasiveness of the microconstituents. The “induced 
abrasiveness” is that arising from the further hardening produced 
by deformation of the metal, as characterized by the strain harden- 
ability of the metal and the amount of deformation. 


Summarizing Table 


Six different basic properties which are known to have a con- 
siderable influence on machinability have been introduced and dis- 
cussed in this section of the paper. Table III summarizes the effect 


of these properties on the practical machinability characteristics of 
a material. 


Test METHODS 


In order to study the basic reasons for the improved machin- 
ability of the free machining member of each of the five pairs of 
steels under study, measurements were made of the properties which 
have been discussed in the preceding section (with the exception of 
the abrasiveness of the microconstituents, which is not as yet subject 
to quantitative measurement). Cutting tests were run from which 


Table Ill 
Effect of Basic Properties on Machinability Characteristics 


A decrease in the given property has the following effect: 
Known Effect 


Probable Usual Effect on Tool Forces 
Effect on on Surface and Power 
Basic Properties Tool Life Finish Consumption 
1. Coefficient of friction, u Good Good Good 
2. Shear Strength, Ss Good None Good 
3. Machining constant, C Bad ? Bad 
4. Strain hardenability Good Good --—- 
5. Hardness Good None -—_* 
6. Abrasiveness of microconstituents Good None —__* 


*Forces and power cofisumption determined almost completely by values of w, Ss, and C. 
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values of coefficient of friction, shear strength and machining con- 
stant could be calculated. Hardness tests were also run to obtain 
values of Brinell hardness and Meyer strain hardenability exponent. 


Cutting Tests 


The cutting tests were run using an orthogonal cutting arrange- 
ment in order to satisfy the first of the conditions necessary to make 
Equations VI through VIII applicable. In an orthogonal cutting 
arrangement the tool has a single straight cutting edge which is set 
at right angles to the direction of motion of tool relative to work. 
Such an arrangement can be conveniently obtained by using a 
tubular work piece and removing a chip continuously from the end 
of the tube. This arrangement is illustrated schematically in Fig. 9. 





Fig. 9—A Convenient Orthogonal Cutting Arrangement. 


In addition to using the orthogonal cutting arrangement, a steel 
cutting grade of sintered carbide tool was employed, together with 
cutting speeds greater than 200 feet per minute, in order to give a 
Type 2 chip. The presence of a Type 2 chip is the second condition 
needed to make Equations VI through VIII applicable. 

Using the above arrangement, cutting tests were made on the 
five pairs of steels over a range of feeds and speeds. One series 
was made using a feed of 0.0018 inch per revolution and covering 
a range of speeds from approximately 300 to 900 feet per minute. 
A second series was made using a cutting speed of 350 to 450 feet 
per minute and covering a range of feeds from 0.001 to 0.007 inch 
per revolution. The rake angle (a) used on the carbide tool was 


oi? 
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+10 degrees and the relief angle was 3 degrees. The wall thickness 
of the tubing (which corresponds to the depth of cut in a normal 
turning operation) was 0.25 inch. Measurements of cutting force 
F., thrust force F;, and shear angle ¢, were made in each series of 
tests. From the resulting data, values for coefficient of friction p, 
shear strength S,, and machining constant C were calculated by use 
of Equations VI through VIII. 

Some of the more interesting of these sets of values are plotted 
in Figs. 10 to 16. These illustrations show the behavior of the 
coefficient of friction as influenced both by changes in speed and 
changes in feed for several of the pairs of steels under study. 
Values of shear strength as a function of compressive stress, as 
found from the data obtained in both the speed and feed runs, are 
also plotted for several of the pairs of steels. 

It has been found that p, S,, and C are much less influenced by 
changes in cutting speed than in feed. (See also Figs. 10 to 13.) 
Therefore, in order to obtain good average values of these three 
quantities for all the steels tested, the individual values of these 
quantities obtained in the speed runs over a range of cutting speed 
from 300 to 900 feet per minute were averaged. These average 
values, are given in Table IV. 





Table IV 
Average Values of Basic Properties Observed From Cutting Tests 

Tool: Sintered carbide, rake angle (a) — +10 degrees, relief angle = 3 degrees . 

Cutting Speed: Readings averaged from data taken over range from 300 to 900 ft/min. 


Feed: 0.0018 in./rev. 
Width (depth) of cut: 0.25 in. 


Average 
Coefficient Average Average 
of Friction Shear Machining 
Between Strength Constant 
: Chip and Tool s = 
Material ji lb/sq.in,. deg. 
Stainless Steels 
Type 303 0.87 107,000 92 
ew) 
Type 304 1.14 118,000 83 
C-1022 
Leaded 0.49 85,000 72 
B-1113 
Sulphur 0.54 79,000 74 
C-1019 
Plain 0.97 89,000 74 
A-8640 Steels 
Sulphite-Treated 1.05 106,000 78 
Plain 1.09 110,000 80 
SAE 52100 Steels 
Cold Drawn . 0.94 105,000 73 


Annealed 1.00 104,000 69 
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Measurement of Other Mechanical Properties 


The hardness and strain hardenability of each of the steels was 
determined by use of a standard Brinell apparatus. Standard Brinell 


Type 304 Stainless Steel 
Type 303 (Sulphur) 
Stainless Steel 


AL- Coefficient of Friction 





100 ©6200 300 500 TOO 1000 
Cutting Speed - Ft./ Min. 


Fig. 10—Chip Friction Versus Cutting Speed for Plain 
and Sulphurized Stainless Steels. 


jJU- Coefficient of Friction 





0 0.002 0.004 0.006 
Feed —-In./ Rev. 


Fig. 11—Chip Friction Versus Feed for Plain and 
Sulphurized Stainless Steels. 


hardness values were obtained using a load of 3000 kilograms. Hard- 
ness indentations were also made with loads of 1000 and 2000 kilo- 
grams in order to obtain the Meyer strain hardenability exponent 
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of the material in the manner described earlier in the paper. The 
observed values of hardness and strain hardenability are given in 
the last two columns of Table I. 


Coefficient of Friction 


Cutting Speed | 
o = AISI-C 1022 H.R.(Leaded)} 


A=AISI-CIOID H.R. | | 
O=AISI-BIII3 C.R ——;—+ 


ji— Coefficient of Friction 





100 200 300 400 600 800 1000 
Cutting Speed-Ft./ Min. 


Fig. 12—Chip Friction Versus Cutting Speed for Plain, Sulphur- 
ized and Leaded Low Carbon Steels. 


Coefficient of Friction | 
ae 

| Feed | 

| 0 = AISI -ClO22 H.R. 
—1—— A= AISI-CI0OI9 H.R. 
R. 





(Leaded) 


O=AISI-BIII3 C. 


{ 

—t —+- 
| 
} 


\—Coefficient of Friction 





0 0.002 0.004 0.006 0.008 
Feed -in./ Rev. 


Fig. 13—Chip Friction Versus Feed for Plain, Sulphurized and 
Leaded Low Carbon Steels. 


CONCLUSIONS 


As a result of the above series of tests and measurements, the 
basic reasons for the good machinability of each of the five free 
machining steels under study have become apparent. These may be 
recognized from a’study of Figs. 10 to 16 and the data presented 
in Table IV and in the last two columns of Table I. 
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In the case of the pairs of steels in which one member is high 
in sulphur and the other low (both the stainless steels and the plain 
carbon steels), the main reason for the improved machinability of 


Shear Strength 
a5 Vs 
Compressive Stress | 


125 _,| _ O= AISI -C 1022 H.R. (Leaded) 
| As AISI-CIOID H.R. 


100 





75 


50 


Shear Strength-Ss, lOOOpsi 








25 | 
0 25 50 76 SO 25 .180 t75 
Compressive Stress - Sn, |OOOpsi 


Fig. 14—Shear Strength Versus Compressive Stress for 
Plain and Leaded Low Carbon Steels. 


, | 
Coefficient of Friction 
“ake Vs 

| Cutting Speed 

O= Plain N.E. 8640 | 
— & = Sulphite- Treated N.E.8640 | 











M- Coefficient of Friction 





1oO0 §=6—200 300 400 500 600 800 1000 
Cutting Speed-Ft./Min. 


Fig. 15—Chip Friction Versus Cutting Speed for Plain and 
Sulphite- Treated A-8640 Steels. 


the high sulphur steels is found in their much lower coefficient of 
friction of chip on tool. (See Figs. 10 to 13 and Table IV.) It 
may be noted, however, that sulphur appears to be more effective in 
reducing friction in the case of the plain carbon steels than in the 
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case of the stainless steels. This fact seems to be borne out quite 
generally by tests on various other types of sulphurized and non- 
sulphurized stainless steels and plain carbon steels. 

The low values of coefficient of friction found for the high 
sulphur steels may be attributed to the behavior of the sulphide 
inclusions during the cutting process. These inclusions have a fairly 
low melting point compared to that of the steel; at the temperatures 





Shear Strength 
Vs i 
Compressive Stress 


_ = Plain N.E.8640 
A= Sulphite- Treated N.E.8640 
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Fig. 16—Shear Strength Versus Compressive Stress for 
Plain and Sulphite-Treated A-8640 Steels. 


found at the chip-tool interface during cutting they should be fairly 
soft and should tend to “smear” over the tool face. This action 
would provide a “sandwich-filling” of low shear strength material 
between chip and tool, thus helping to prevent metal-to-metal con- 
tact and allowing free sliding of the chip over the tool face. 

It appears that in the case of the pair of stainless steels tested, 
the addition of sulphur also produced an appreciable increase in the 
machining constant (92 degrees for the high sulphur steel as com- 
pared with 83 degrees for the plain). This is a beneficial effect. 
The reason for the increase in this value in this case is not known. 
It does not appear to be general, either for other types of stainless 
steels or for plain carbon steels. However, it was quite marked in 
this particular case and may possibly be associated with the difference 
in grain size noticeable in Fig. 1. 

It is particularly interesting to note that the addition of sulphur 
to the steels tested “has only a slight effect on their shear strengths. 
Only a small decrease in shear strength is noted due to addition of 
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sulphur. Further, it was found during the tests that the sulphurized 
steels produced just as continuous a chip as the plain steels. No 
tendency of these materials to form a discontinuous or segmental 
chip was noted. Thus the idea held by some that the better machin- 
ability of sulphurized steels is due to reduced resistance to shear or 
an increased tendency for the chip to become discontinuous is dis- 
proved. The reason that high sulphur steels give well-broken-up 
chips in practice can be found in the fact that lowering the coefficient 
of friction between chip and tool by any means causes the chip to 
curl more tightly. This tendency to curl more tightly makes the chip 
break more frequently, due to increased interference. 

The presence of sulphur apparently has little effect on strain 
hardenability, as may be seen from Table I. However, it seemingly 
does result in a somewhat higher hardness in the present case. This 
increase in hardness is apparently not great enough to offset the 
beneficial effects of the other differences. 

The lowered coefficient of friction (and higher machining con- 
stant, where found) of high sulphur steels is the main reason for 
the improved machinability of such steels, as characterized by the 
lower tool forces and power consumption, reduced tool wear and 
(in the case of the plain carbon steels) improved surface finish shown 
in Table II. 

The effect of lead in improving the machinability of a plain 
carbon steel is quite similar to that of sulphur. The main benefit 
again is a large reduction in coefficient of friction as may be seen 
from Figs. 12 to 14 and the data in Table IV. In fact, the lead 
seems to be a little more effective in reducing friction than does 
sulphur. The reason for the reduced friction again can be attributed 
to the smearing of the insoluble lead inclusions over the face of the 
tool, thus allowing free sliding of the chip. As in the case of 
sulphur, the lead produces little if any change in the machining con- 
stant and only a slight decrease in the average value of the shear 
strength. The chips obtained from the leaded steel (C-1022) were 
as continuous as those from the plain carbon steel (C-1019). The 
hardness and strain hardenability of the two steels are practically 
the same, as may be seen from Table I. As in the case of the 
sulphur, a reduced coefficient of friction brought about by the addi- 
tion of lead results in increased tool life, improved surface finish, 
and decreased tool forces and power consumption, as may be seen 
from Table II. However, as is well known, the main advantage of 
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using lead instead of sulphur to impart free machining properties 
is that lead has little or no adverse effects on the performance char- 
acteristics of the steel in service. 

Turning now to the pair of A-8640 steels, one of which has 
been modified by the addition of sodium sulphite, a quite different 
situation is found. Here we see no appreciable difference in any 
of the directly measurable basic properties found for these two 
steels. The values of coefficient of friction, shear strength and 
machining constant are practically the same for both, as may be 
seen from Table IV. (See also Figs. 15 and 16.) (Note particu- 
larly that the sulphite treatment does not reduce chip friction.) 
Further, the two members of the pair are alike as regards hardness 
and strain hardenability, as may be seen from the data in Table I. 
These facts are reflected in the machinability data given in Table II, 
where it may be seen that the surface finish, tool forces, and power 
consumption are the same for both members of this pair. However, 
the sulphite-treated sample is free machining in the sense that a 
considerably greater tool life is obtained with the sulphite-treated 
steel as compared with the untreated material. Since all other basic 
properties are the same for the two members of the pair, the con- 
clusion is that the long tool life found for the sulphite-treated steel 
is mainly due to the less abrasive character of its microconstituents. 
It is well known that the addition of sodium sulphite to a molten 
steel fluxes out abrasive silicate and aluminate inclusions; the good 
machinability of sulphite-modified steels has been attributed to that 
fact (8). The present findings are in agreement with this conclusion. 
It is of interest to note that the good tool life given by the sulphite- 
treated steel would not be evident from “machinability” tests based 
on measurements of forces or power consumption alone; it is plain 
that exact reliance on such tests for measuring machinability is not 
justified. 

The basic properties found for the two samples of SAE 52100 
steel show no striking differences. However, the cold drawing 
process has produced a fairly appreciable increase in the machining 
constant (and possibly a slight decrease in coefficient of friction), 
as may be seen from the data in Table IV. It is interesting to note 
that cold working has not increased the mean shear strength of the 
steel. But, as would be expected, the strain hardenability has been 
decreased and the hardness has been increased by cold drawing, as 
may be seen from the data in Table I. These are the usual effects 
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of cold drawing, as has been confirmed by tests on a number of 
pairs of other types of steels consisting of a cold drawn member and 
a hot-rolled or annealed member. 

All of these changes produced by cold drawing are beneficial, 
with the exception of the increased hardness which increases the 
abrasiveness of the steel. Therefore, small improvements in machin- 
ability are noted in the form of decreased tool forces and power 
consumption (and improved surface finish in the usual case, though 
that does not show up in the present tests), as seen from the data 
in Table II. Furthermore, small increases in tool life as a result 
of the cold drawing process are often noted in practice, as in the 
present case. However, this effect is not always found because the 
benefits derived from the small changes in machining constant and 
strain hardenability are sometimes offset by the accompanying in- 
crease in hardness. Again, as in the case of the high sulphur and 
the leaded steels, the chips obtained from the cold-worked and the 
annealed samples were equally continuous. The free machining 
obtained with cold drawn materials cannot be attributed to the pro- 
duction of a discontinuous chip. These results supply the answer to 
a question which has troubled many: Why should cold working, 
which hardens and strengthens the steel, improve its machining 
properties ? 


SUMMARY 


Summing up, it may be said that this study has established or 
confirmed the main basic mechanisms by which each of the four 
treatments discussed herein is able to improve the machinability of 
steels. The mechanisms are as follows: 

1. High sulphur—This treatment considerably reduces the co- 
efficient of friction between chip and tool and in some cases, appar- 
ently, increases the machining constant. The presence of sulphur 
does not reduce the shear strength nor produce a discontinuous chip. 
The reduced friction and increased machining constant are beneficial 
to all aspects of machinability. Sulphur is more effective in reducing 
friction when added to plain carbon steels than when added to 
stainless steels. 

2. Lead—This treatment also greatly reduces the coefficient of 
friction between chip and tool. As with sulphur, no difference in 
shear strength or in chip type is noted in comparing a leaded with 
a nonleaded steel. Again all aspects of machinability are benefited. 
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3. Sodium sulphite—This treatment does not appreciably change 
those basic mechanical properties which are at present susceptible to 
direct measurement. The free machining properties obtained by 
sulphite treatment must, therefore, be attributed to a less abrasive 
microstructure. This fact merely helps to confirm a conclusion pre- 
viously arrived at by others. Because only the abrasiveness of a 
steel is modified by the addition of sodium sulphite, the only aspect 
of machinability which is benefited is that of tool life. 

4. Cold working—This treatment produces a slight increase in 
the machining constant, a decrease in the strain hardenability and 
an increase in the hardness. These effects oppose each other to some 
extent as regards their influence on tool life, but are beneficial to 
surface finish, tool forces and power consumption. 
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DISCUSSION 


Written Discussion: By A. O. Schmidt and J. R. Roubik, Kearney & 
Trecker Corp., Milwaukee. 

This paper is a welcome addition to the literature on metal cutting 
and machinability. The reasons for improvement in machinability with 
various treatments have been clearly indicated and explained. 

Fig. 10 shows that with the stainless steels tested the coefficient of 
friction is independent of the cutting speed at least between the limits 
of 250 and 800 feet per minute. With some exception of the data for the 
leaded steel, substantially the same tendency can be observed in Fig. 12. 
This would indicate that the normal force and hence the relative cutting 
force and thrust force will not vary with cutting speed. 

At feeds above 0.002 inch per revolution, Figs. 11 and 13 illustrate 
that the coefficient of friction remains constant while an increase is pic- 
tured at finer feeds. It should be pointed out that data for these finer 
feeds is difficult to evaluate properly. It is generally realized that grind- 
ing a truly sharp edge is no easy task. The grinding marks near the 
cutting edge and the tendency of the edge to become slightly rounded, 
roughened, or irregular are responsible for the deviation of the actual 
shape of the cutting edge from the theoretical shape. The percentage of 
error introduced by this deviation or variation is increased or more 
noticeable at the finer feeds. It appears to be reasonable that the coeffi- 
cient of friction may increase under these circumstances. 

A point which the authors bring out well is that machinability in 
terms of power is unrelated to machinability in terms of surface finish. 
Table II confirms the lack of relationship between tool life, surface finish, 
and power consumption. A material requiring high power consumption 
which might sometimes indicate “poor” machinability may show good 
surface finish which might be considered “good” machinability. However, 
it can generally be stated that materials showing better tool life also re- 
quire lower cutting forces. 

With a given material we have found that surface finish is a func- 
tion of cutting speed and feed. For example, when milling SAE 1050 
(200 Bhn) at 500 feet per minute and a constant feed with cutters having 
various radial-rake angles, profilometer readings of surface finish were 
about 30 microinches, r.m.s. When the cutting speed was reduced to 
about 100 feet per minute, all other conditions remaining unchanged, the 
surface finish was much rougher, measuring between 100 and 200 micro- 
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inches, r.m.s. The finer feeds also improved the surface finish readings. 

Written Discussion: By Francis W. Boulger, supervising metallur- 
gist, Battelle Memorial Institute, Columbus, Ohio. 

The authors are to be congratulated on this interesting addition to 
the series of papers on metal cutting issued by their company. Their 
testing method gives quantitative values for several properties of a mate- 
rial, which influence its behavior in machining operations. Because of the 
complexity of cutting processes, it is not surprising that the method 
requires an interpretation of the relative importance of three properties 
determined in a machining operation as well as consideration of hardness 
and strain hardening characteristics. An expression by the authors on 
the relative importance of differences in shear strength, in friction coeffi- 
cients, and in the constant “C” would be welcomed. 

An estimate of the relative importance of the three properties seems 
necessary if one wants to use Table IV to compare the machinability of 
the nine samples. For instance, the lead-bearing C-1022 steel had a low 
shear strength and friction coefficient, which is desirable, but a compara- 
tively poor machinability constant “C”. The reverse was true for the 
sample of stainless steel Type 304. Should it be deduced from a compari- 
son of Tables II and IV that the value of constant “C” is less important 
in determining machinability than the other properties? The problem 
of weighting the importance of the three “basic properties” also arises if 
one wishes to compare the A-8640 and SAE 52100 steels from the data in 
Table IV. 

The conclusions regarding the mechanisms by which sulphur and 
lead improve the machinability of steel seern reasonable and well founded. 
The results obtained on the A-8640 steels, however, are a little disconcert- 
ing. Increasing the sulphur content of this steel from 0.015 to 0.046% 
should give an improvement in machinability, and this can be shown by 
other laboratory tests. Since sulphur combines with iron and manganese 
to form inclusions in the steel, it seems unlikely that the mode of addi- 
tion would influence its effect on the friction coefficient and machining 
constant. Perhaps the unintentional variations in microstructure and 
composition of the two samples masked the effect of the increased sul- 
phur content of the sulphite treated A-S640 steel. 

Written Discussion: By T. M. Garvey, research associate, Carnegie- 
Illinois Steel Corp., Pittsburgh. 

The authors of this paper are to be complimented for this valuable 
contribution concerned with establishing the relationships between the 
machinability of steels and their mechanical properties. This publication 
is a worthy supplement to that describing their earlier work on the me- 
chanical factors inherent in metal cutting processes. The experimental 
evidence leading to an explanation of the effects of cold working on 
machinability is of valuable practical significance, and it is hoped that 
this phase of the work will be expanded to include the low carbon free 
machining grades of steel. 

We would like to call particular attention to the comparison of the 
sulphite treated A-8640 steel with the untreated steel of the same grade. 
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Since no appreciable differences were found in any of the directly measured 
mechanical properties of these two steels, the authors concluded that the 
longer tool life in the case of the sulphite treated steel was primarily the 
result of less abrasive microconstituents. However, in order to prevent 
any misunderstanding of the role of the sulphite addition in enhancing 
machining properties, it might be advisable to point out that there is a 
significant difference in the sulphur content of these two steels. The 
data presented in the reference publication’ disclosed that when sulphur, 
equivalent in amount to that added in the sulphite, was added as stick 
sulphur, a 12% increase in production was obtained, accompanied by a 
50% increase in tool life. Although this improvement in tool life was 
appreciably less than that obtained with the sulphite treatment, it never- 
theless represents a substantial increase in machinability. 


\\4 Sulphur Treated Steel 
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Fig. 17—Effect of Sulphur on the 
Machinubility of AISI 4620 Steel. 


As additional evidence of the beneficial effects of small additions of 
sulphur to alloy steels, Fig. 17 is presented. The data were produced 
by Messrs. R. Swanson and C. Armstrong, of the Gary Steel Works, and 
were based on tool life tests conducted with high carbon tool bits on 
annealed AISI 4620 steel. It is evident that at surface speeds similar to 
those reported for the production machining of the A-8640 steels, consid- 
erable improvement in tool performance has been obtained by the addition 
of a relatively small amount of sulphur. Similar results have been noted 
for other alloy steels machined with high speed cutting tools. In view 
of these data, we would like to receive the authors’ comments relative to 
the benefits derived from sulphur additions apparently too small to influ- 
ence the mechanical properties studied in their experiments. The question 
arises as to whether the coefficients of friction of chip-on-tool for the 
0.046% sulphur steel and the 0.015% sulphur steel would be significantly 
different if plain carbon or high speed tools were used. 


*F. J. Robbins, ‘Metallurgical Aspects of Machinability,” Iron Age, Vol. 157, No. 13, 
March 28, 1946, p. 47-51. 
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Written Discussion: By William Wilson, Jr., research metallurgist, 
Armour Research Foundation of Illinois Institute of Technology, Chicago. 
We had occasion to apply the authors’ test to evaluating the machin- 
ing constant of a heat treated alloy steel. In these tests an effort was 
made to study the effect of microstructure on the machining constant 
“C”. Unfortunate circumstances interrupted the work at an early date; 


however, certain interesting observations were made. These are as 
follows: 


MACHINING CONSTANT AND ROCKWELL HARDNESS OF 
Structures In A Mopiriep “SAE 4350” 


Machining 
Rockwell “*C”’ Constant—‘**C’ 
Structure Hardness degrees 
Spheroidized martensite 18 66 
Fine lamellar pearlite 20 68 
Upper bainite 38 72 
Lower bainite 37 74 
Tempered martensite 45 80 


I wonder if the authors would care to comment on these results and 


if they know of any other similar results obtained with this testing pro- 
cedure. 


Authors’ Reply 


The authors appreciate the comments and suggestions made by the 
various discussers. These serve to contribute additional information as 
well as to indicate where further work is needed. 

Dr. Schmidt points out that in the case of many of the steels investi- 
gated, such as the stainless, the C-1019 and the NE 8640, the coefficient 
of friction of the chip on the cutting tool is essentially independent of 
cutting speed over the range investigated and thus the cutting force 
should also be independent of speed over that range. This was found 
to be essentially the case for these particular steels. However, in the 
case of those steels for which the friction coefficient varied with cutting 
speed, a corresponding variation in cutting forces was also observed, as 
might be expected. 

Dr. Schmidt also draws attention to the fact that the coefficient of 
friction of chip on tool-increases with decreasing feed and suggests that 
this may be due to the irregularity of the cutting edge. Whatever the 
cause, this behavior is practically universal in metal cutting, irrespective 
of the care with which the tools are sharpened. The coefficient of friction 
is always higher at low feeds than at high and it is this behavior which 
accounts for the well-known fact that more power is consumed in 
removing a unit volume of metal at low feeds than at high. 

Mr. Boulger’s discussion raises the question of how to predict ma- 
chinability ratings from the basic properties dealt with in the paper. This 
was not the purpose of the present study. The primary reason for con- 
ducting the research reported in this paper is stated in the introduction: 
“to study the basic:reasons for the good machinability of free machining 
steels”. The aim was to single out and evaluate, insofar as possible, 
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each of the known basic factors that influence the machinability of each 
steel studied in order to analyze its cutting characteristics. By thus deter- 
mining which basic characteristics of a given steel are poor from the 
point of view of machinability, one has a basis on which to work to 
improve its machinability. 

Rating the machinability of the nine test samples was not the object 
of this paper. As a matter of fact there is no known single index num- 
ber that adequately rates materials with respect to tool life, surface 
finish and power consumption. Most ratings are based solely on tool life 
tests. If a material has a high tool life rating but produces unsatisfactory 
surface finish it. surely does not rate a high machinability index number, 
for many applications. . 

Mr. Boulger also raises the question as to why the increase in sulphur 
content of the A-8640 steel from 0.015 to 0.046% does not decrease the 
friction between the chip and tool, even though sulphur content of that 
order does affect machinability. The authors have recognized the fact 
in the paper that the presence of 0.046% sulphur does very definitely 
improve machinability in terms of increased tool life (see Table Il) attrib- 
utable to reduced abrasiveness. However, this is a very small quantity 
of sulphur compared to that present in the Type 308 stainless and the 
B-1113 steels and therefore it is not surprising that it does not cause any 
appreciable decrease in the chip friction, tool forces or surface roughness. 
However, it is interesting to note from the data given in Table IV or in 
Fig. 15 of the paper that there is an indication of very slightly lower 
friction in the case of the 0.046% sulphur steel, compared to the 0.015% 
sulphur steel. 

The data which Mr. Garvey presents on the effect of low sulphur 
content added as stick sulphur is very interesting, and serves further 
to confirm the fact that small amounts of sulphur, even though not 
added in the form of sulphite, do serve to improve tool life to some 
extent. Since the authors’ tests were made with carbide tools, and Mr. 
Garvey’s tests with high speed steel tools, Mr. Garvey rightly inquires 
as to whether the presence of small amounts of sulphur might not show 
a significant decrease in chip friction if high speed steel tools were used. 
The authors do not have specific data on the A-8640 steels when cut with 
high speed steel tools. However, data obtained on the high sulphur 
B-1113 steel seemed to indicate that with high speed steel tools sulphur 
may be less effective in reducing friction than with carbide tools. These 
data are given in Table V of this closure. The effect may perhaps be 
attributed to the lower tool-face temperatures obtained with high speed 
tools, which should reduce the ability of the sulphide inclusions to smear 
over the tool face. In any event, the data suggest that it is not likely that 
lower friction coefficients would be found when cutting low sulphur steels 
with high speed steel tools than when cutting them with carbide tools. It 
appears rather that the benefits derived’ from small sulphur additions 
must be due mainly to a reduction of the abrasive action of otherwise 
harmful inclusions in the steel. 


The data presented by Mr. Wilson on the relation of machining con- 
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Table V 
Effect of Tool Material on Basic Properties of High Sulphur Steel 


Tool: Rake angle (a) = +15°, relief angle — 3° ; 
Cutting Speed: Readings averaged from data taken over range from 200 to 400 ft./min. 
Feed: 0.003 in.;rev. 

Width (depth) of cut: 0.25 in. 


Average 
Coefficient Average Average 
of Friction Shear Machining 
Between Strength Constant 
Chip and Tool Ss — 
a aa ——?Ps1I——__- ——degrees—, 
Carbide H.S.S. Carbide H.S.S. Carbide H.S.S. 
Material Tool Tool Tool Tool Tool Tool 
B-1113 
(Sulphur) 0.56 0.78 70,000 72,000 75 76 
C-1019 
) 75 


(Plain) 1.04 1.06 82,000 78,000 7s 


stant to structure in the case of the SAE 4350 steel are very interesting. 
The results appear to be in harmony with some preliminary tests made 
by the authors on similar types of steels. However, this work has not 
progressed far enough to allow any definite conclusions to be drawn. 
It is unfortunate that circumstances prevented Mr. Wilson from pur- 
suing this study. The authors hope that he and others may find it pos- 
sible to make further studies of this type in the future. 





AN END-QUENCHED BAR FOR DEEP 
HARDENING STEELS 


By Gerrit DeEVRIES 


Abstract 


A test to give the relative hardenabilities of deep 
hardening steels is described. A 1-inch diameter bar 6 
inches long was end-quenched from the austemtizing tem- 
perature in a fixture so constructed that the top of the bar 
was kept at approximately 1200 °F (650°C) during the 
quench. This made the temperature in the bar a function 
of the distance from the quenched end and allowed the 
steel in the bar to transform isothermally at the various 
temperatures. After the bar had been in the fixture for 
an hour, it was taken out and given an over-all quench. 
The austenitic areas in the bar then transformed to mar- 
tensite. The amount of transformatidn at each tempera- 
ture was determined by making hardness measurements 
along the side of the bar and comparing the hardness at 
each position with the maximum hardness. By comparing 
the loss in hardness at various points with the temperature 
at those points during the quench the relative amount of 
transformation at any temperature could be estimated and 
thus the relative hardenability of different steels could be 
determined. 


INTRODUCTION 


OST metallurgists are agreed that a structure of tempered 

martensite has the best physical properties. However, it is 
difficult to obtain a martensitic structure throughout a large size 
piece of steel because of the slow cooling rate of the piece. To over- 
come this difficulty steels which harden with slow cooling rates are 
used. 

The measurement of the hardenability of these deep hardening 
steels is difficult because of the slow cooling rate needed. The best 
way is to heat treat various size pieces and observe the depth of hard- 
ening. However, the cost and difficulty of handling and heat treating 
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a number of very large pieces of steel is apparent. The estimation of 
the hardenability from isothermal transformation curves (S-curves) 
has the objection that a large amount of cost and work is needed 
to make the curves, the relation between the transformation at con- 
stant temperature and varying temperature is not completely known, 
and small size pieces of steel may transform at a different rate than 
large size pieces due to different amounts of strain.1 Nevertheless, it 
is useful to know the differences in hardenability of two or more 
steels. Often steels of similar composition have great differences in 
hardenability and these differences may influence the physical prop- 
erties. Therefore, a simple test giving the relative hardenabilities 
of deep hardening steels would be desirable. The test should use a 
small size sample, be capable of testing steels of the greatest hard- 
enability, be easy to make and be reproducible in another laboratory. 

The hardenability measurement of steels of low and medium 
hardenability can be done conveniently with the Jominy test; how- 
ever, this test is not capable of distinguishing the difference in hard- 
enability between steels of great hardenability. When Jominy bars 
of steels of great hardenability are tested, the bar hardens all the way 
to the end. To overcome this and permit a comparison of the hard- 
enability of steels of great hardenability with relative ease, the Jominy 
test was modified by lengthening the bar 2 inches, making it 6 inches 
long and by keeping the top of the bar hot in a furnace while the end 
was being quenched. This allows the bar to be kept in the quenching 
fixture for any period of time. In the standard Jominy test the bar 
cools below the transformation temperature in less than 10 minutes. 


DESCRIPTION OF TEST 


The test piece was a round bar 1 inch in diameter and 6 inches 
long with a collar at the top to hold it in the quenching fixture. The 
quenching fixture consisted of a large galvanized can with a hole in 
the bottom to let the water drain and a pipe running up the center 
for the quenching jet. On top of the can in the center was a furnace 
which held the top 2 inches of the test piece. The furnace consisted 
of a 23-inch diameter steel core, 2 inches long, with a 1.02-inch 
diameter hole in the center. The core was covered with alundum 
cement; then a coil of nichrome wire wrapped around it; this was 





1G. K. Manning, ““End Quench Hardenability Versus Hardness of Quenched Rounds,” 
Merat Procress, Vol. 50, No. 4, October 1946, p. 647. 
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covered with more alundum cement; and the whole surrounded by 
insulating magnesia. The purpose of the core was to equalize the 
temperature in the furnace. A sketch of the furnace is shown in 
Fig. 1. The temperature of the furnace was controlled with a variac, 
but it would be better to have it automatically controlled because of 
the smaller temperature variation. 
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Fig. 
of the End-Quenched Bar Hot. 


During the test the steel core was kept at approximately 1200 °F 
(650 °C) to keep the top 2 inches of the test piece hot. Thermo- 
couples were placed in the steel core at the top and bottom and read- 
ings taken during the test. The bottom end of the test piece, which 
was ¥% inch away from the top of the quenching jet, was struck by 
a %-inch diameter, 24%4-inch high, jet of tap water at approximately 
70°F. The test piece was kept in the fixture for 1 hour, then taken 
out and given an over-all water quench. 
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EXPERIMENTAL 


Three test bars as described were made from each of three 


types of deep hardening steels. The steels were of the following 
composition : 


Steel C Mn P S Si Ni Cr Mo V 
A 0.64 0.93 0.022 0.029 0.28 1.64 1.01 0.24. .... 
B d0.65 0.26 0.016 0.010 020 3.20 225 .... 0.05 

e 0.64 0.38 0.018 0.018 043 3.38 222 008 .... 
C 0.35 0.69 0.012 0.010 0.24 3.25 1.32 048 0.27 


All the steels had greater hardenability than could be measured 
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Fig. 2—Isothermal Transformation Curve of a Steel 
Similar to Steel A. Austenitizing temperature 1600 °F. Com- 
position: 0.65% carbon, 0.79% manganese, 0.35% silicon, 
1.00% chromium, 1.27% nickel, 0.29% molybdenum. Ms 445 
+5 °F. Mf approximately 100 °F. 


with a Jominy bar. Isothermal transformation curves of steels simi- 
lar to steels A and B and the isothermal curve of steel C are given in 
Figs. 2, 3 and 4. The test specimens of each steel were numbered 
1, 2 and 3. Test specimen number 1 of steel B was made from 
heat d; specimens numbered 2 and 3 of steel B were made from 
heat e. 


Three tests of each steel were made to determine the influence 
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of small differences in the steel core’s temperature and other vari- 
ables on the reproducibility of the test. Steels A and B were aus- 
tenitized at 1600 °F (870°C). Steel C was austenitized at 1700 °F 
(925°C). To prevent decarburization, each bar was placed in a 
graphite cup and heated in a furnace with a carbon block. All the 
bars were held at the austenitizing temperature for 1 hour, then 


Temperature °F 
Temperature °C 





0.01 0.1 ! 10 24 
Time - Hours 
Fig. 3-—Isothermal Transformation Curve of a Steel 
Similar to Steel B. Austenitizing temperature 1600 °F. Com- 
position: 0.60% carbon, 0.37% manganese, 0.24% silicon, 


2.14% chromium, 3.22% nickel, 0.07% molybdenum. Ms 395 
+5 °F. M£ approximately 70 °F. 


placed in the quenching fixture, held there for 1 hour and then given 
an over-all quench in water. While the bars were in the fixture, tem- 
perature measurements were made in the bars at various positions. 
These measurements were made by inserting thermocouples into %- 
inch diameter holes, %4 inch deep, drilled in the bars and reading the 
voltages at various times during the test. 

The temperature of the steel core in the tests varied from 
1200 °F by +50°F. Also, the temperature of the top of the bars 
varied by nearly that amount. However, since the temperature of 
the quenched end in all the tests was nearly the same, the differences 
in temperature near the quenched end of the specimens were less. 
Assuming that the steel core was kept at 1200 °F (650°C), Fig. 5 
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Fig. 4—lIsothermal Transformation Curve of Steel 
Cc Austenitizing temperature 1650°F. Composition: 
0.35% carbon, 0.69% manganese, 0.24% silicon, 3.25% 
nickel, 1.32% chromium, 0.48% molybdenum, 0.27% va- 
nadium. Ms approximately 600°F. Mf approximately 
450 °F. 
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Fig. 5—Approximate Temperature Distribution in the Bar 3 Minutes, 10 Minutes 
and 1 Hour After the Start of the-Quench. 





684 TRANSACTIONS OF THE A. S. M. Vol. 41 














65 
60 
55 
oO 
a 
50 
i) 
" 
a 
5 45 
= 
Bar No. |. 
40 Bor No.2. ——--——— 
Bor No.3. ——-----—— 








Ol 
or 


+ 
| 








0 10 20 30 40 50 60 70 80 90 |100 
Distance From Quenched End _" 


Fig. 6—Hardness Versus Distance From Quenched End of Three 1 by 6-Inch 
Bars of Steel A. End-quenched from 1600 °F with the top 2 inches of bar kept hot 
by a furnace. Average temperature % inch from top of bar for the last 40 minutes 
of the quench. Bar 1, 1140 °F; Bar 2, 1160 °F; Bar 3, 1130 °F. 


shows the approximate temperature distribution along the length of 
the bar 3 minutes, 10 minutes and 1 hour after starting the quench. 
No difference in temperature distribution between the bars quenched 
from 1600 and 1700 °F (870 and 925°C) could be found 3 minutes 
after starting the test. After the bars had been in the fixture for 20 
minutes the temperature distribution was about the same as for 1 
hour and the temperature of any point in the bars was nearly pro- 
portional to its distance from the quenched end. 

After the over-all water quench, flats 0.015 inch deep were 
ground on both sides of the bars and Rockwell C hardness measure- 
ments made every 16th of an inch. The results of the hardness 
measurements along the flats of the bars are shown in Figs. 6, 7 and 
8. The hardness distribution of the specimens from the same steel 
differed little, even though the temperature of the steel core varied. 
The greatest differences in hardness distribution were at the top of 
the bar. There the temperature of the steel core had the greatest 
effect on the temperature and hardness of the bars. The average 
temperature %4 inch from the top of the bars for the last 40 minutes 
of the test are given with Figs. 6, 7 and 8. 
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Fig. 7—Hardness Versus Distance From Quenched End of Three 1 by 6-Inch Bars 
of Steel B. End-quenched from 1600 °F with the top 2 inches of the bars kept hot 
by a furnace. Average temperature % inch from top of bar for the last 40 minutes 
of the quench. Bar 1, 1150 °F; Bar 2, 1165 °F; Bar 3, 1200 °F. 

The effect of the temperature at the top of the bar can best be 
seen in Fig. 7 ; there the hardness at the top of the bar is proportional 
to the temperature. This shows the necessity for the top of the bar 
to be kept at a constant temperature. 

The differences in hardenability of steels A, B and C can be esti- 
mated from a study of the hardness distribution as shown in Figs. 
6, 7 and 8. These curves show that steel A has not as great a hard- 
enability as steel B and that steel C has the greatest hardenability of 
the three. The form of the curve of each steel was different. Steel 
A had a big drop in hardness about 3 inches from the quenched end, 
then an increase in hardness and then another decrease in hardness 
about 5 inches from the quenched end. Steel B had a small drop in 
hardness about 3 inches from the quenched end, then an increase in 
hardness, then another drop in hardness about 5 inches from the 
quenched end and then another increase in hardness. Steel C had 
only a small drop in hardness about 3 inches from the quenched end. 
The rest of the bar was hard. 

Using the curves in Fig. 5 showing the temperature distribution 
and Figs. 6, 7 and 8 showing the hardness distribution, the tempera- 
ture and the amount of bainite and pearlite formation can be esti- 
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Fig. 8—Hardness Versus Distance From Quenched End of Three 1 by 6-Inch Bars 
of Steel C. End-quenched from 1700 °F with the top 2 inches of the bars kept hot by 
a furnace. Average temperature % inch from top of bar for the last 40 minutes of 
the quench. Bar 1, 1140 °F; Bar 2, 1150 °F; Bar 3, 1190 °F. 


mated. The drop in hardness about 3 inches from the quenched end 
is at the temperature of bainite formation and the drop in hardness 
about 5 inches from the quenched end is at the temperature of pearl- 
ite formation. From the curve showing the temperature distribution 
after 1 hour and the curve showing the hardness distribution, steels 
A and C had the maximum rate of bainite formation at about 650 °F 
and steel B at about 600°F. Steel A had the maximum rate of 
pearlite formation at about 1150°F (620°C), steel B at about 
1100 °F (595 °C), and steel C had such great pearlite hardenability 
that no softening occurred in that range. This checks with the trans- 
formation characteristics as given in Figs. 2, 3 and 4. 


DISCUSSION 


This test as described has the following advantages : 

1. It is simple and inexpensive to make. 

2. The results are reproducible. 

3. A comparison of the hardenability of any two or more types 
of steels can be made. _ 
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4. A small size specimen is used. 

5. The approximate temperature of bainite and pearlite forma- 
tion is shown. 

6. The amount of transformation for any selected length of 
time can be determined. 

7. The maximum water-quenched hardness is given. 


This test is only a little more expensive than a standard Jominy 
test. All that is needed is a 6-inch long end quench specimen, a fur- 
nace with a temperature-controlled steel core mounted on a regular 
Jominy quenching fixture, and a few more hardness measurements 
than a standard Jominy test. 

It should be possible to duplicate the results in another labora- 
tory since the apparatus is simple. The most important thing to 
control is the temperature at the top of the bar and this is controlled 
by the temperature of the steel core. In the tests described in this 
report there was a difference of 40 to 60 °F between the temperature 
of the steel core and the top of the bar. If the cover of the furnace 
had been heated, the difference in temperature between the steel core 
and bar would have been less. In tests at another laboratory, with 
another set-up, the temperature difference between the steel core and 
top of the bar may not be the same as in this report but by regulating 
the temperature of the steel core the temperature of the top of the 
bar could be the same. However, to get exactly the same tempera- 
ture distribution in the bar the other furnace should be constructed 
like the furnace in this report. 

The hardenability of any steel can be estimated by regulating 
the temperature of the steel core and the length of time the bar is in 
the quenching fixture. By leaving the bar for a long period of time 
in the fixture any steel will transform. It may be necessary with 
some new steels to make two or more tests in order to get all the 
information desired. As an example, to find the temperature of the 
pearlite formation of steel C, another test would have to be run for a 
longer time. The side of the bar could be polished, etched and ex- 
amined with a microscope to determine the amount of transformation. 

The minimum as-quenched hardness at the center of any size 
piece of steel can be estimated if the cooling rate is known and sam- 
ples of the steel are tested by this test for the proper lengths of time. 
If a plate of steel C were quenched so that the temperature in the 
center remained in the transformation range for less than an hour, 
the hardness in the center would be greater than Rockwell C-43. 
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This test also gives the approximate temperature at which bain- 
ite and pearlite formation begins and ends and also the amount of 
transformation in a given period of time. By knowing the tempera- 
ture of bainite and pearlite formation, the best temperature to hold 
for annealing, austempering and martempering can be determined. 

Very little of the steel transforms until the temperature in the 
bar reaches a steady state. So the transformation of the steel is 
essentially at constant temperature. But, the steel in the bar reaches 
this constant temperature gradually, not abruptly as in isothermal 
transformation specimens. 
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DISCUSSION 


Written Discussion: By C. A. Liedholm, quality manager, Piasecki 
Helicopter Corp., Morton, Pa. 

Mr. DeVries has developed a new and important test of harden- 
ability and annealing response, and has offered it to the metallurgical 
profession. It is my hope that the usefulness of this test will not be 
underestimated, but that it will be promptly adopted, used, developed 
further, and refined. 

One cannot underestimate, for instance, the value to a metallurgical 
practitioner who is expected to find correct answers, and quickly, to 
complex metallurgical questions, of having access to a test which appears 
capable of locating the temperature of maximum reaction speed of the 
pearlite or the bainite transformation, or to compare the hardenabilities 
of two deep hardening steels in one run. 

From a practical standpoint, the fact that the test piece cools fairly 
slowly has the apparent advantage that the effect upon the bainite 
reaction of prior transformation in the pearlite region is not blotted out 
to the same extent as in strictly isothermal reactions. However, the fact 
that the major part of the reactions occur isothermally at various tem- 
peratures, of course, involves hazards to the interpretation of the test 
results in terms of strictly continuous cooling cycles. 

It is to be hoped that this aspect be subjected to an intense investi- 
gation to promote the correct interpretation of the test. 

As to the application of this test to determinations of “isothermal” 
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annealing temperatures, both the optimum and the permissible range, 
it is obvious that the possibilities are excellent, and the test fills a real 
need of long standing. If the test conditions are properly chosen and 
controlled, a few runs should be able to produce results which formerly 
required knowledge of the complete end-of-transformation curve of the 
isothermal diagram. 

The experimental technique can evidently be varied in an unlimited 
number of ways to suit the purpose of testing but, of course, much will 
be gained if the accuracy of the temperature readings is improved, which 
is no problem with the fast single and multiple-point recording poten- 
tiometers which are commercially available nowadays. Such refinements 
will greatly enhance the usefulness of the test. 

I repeat that I hope this test will be much used and I look forward 
to seeing reports in the future on typical applications. I congratulate 
Mr. DeVries on this excellent and timely development. 

Written Discussion: By F. C. Albers, staff metallurgist, Caterpillar 
Tractor Co., Peoria, Ill. 

The author has done a commendable job in developing an end quench 
test to determine some of the hardening characteristics of deep hardening 
alloy steels. However, it appears that he has overcomplicated the 
problem, to some extent, by superimposing constant temperature trans- 
formation conditions upon conditions of continuous cooling. By using 
a furnace to maintain one end of the test specimen at a temperature of 
1200°F (650°C), constant temperature transformation conditions are 
imposed upon one end of the bar while the other end is cooled con- 
tinuously in a water jet. This makes it extremely difficult to determine 
a relationship between position on the test bar and cooling rate or 
expected hardness in a quenched round of a given size. The cooling 
conditions imposed upon the specimen in this test are not similar to 
those experienced by a quenched piece, and therefore the test may be 
of questionable value in predicting quantitatively the depth of hardening 
that will result from a given quenching operation. 

In spite of the above objections, this test should be satisfactory for 
comparing the hardening properties of deep hardening alloy steels on a 
qualitative basis. It also has the advantage of supplying certain infor- 
mation about the time-temperature-transformation diagram for the steel 
being tested. In this connection it should be mentioned that the TTT 
curves, presented in the paper, in some cases do not support the end- 
quench hardness test results obtained. An example of this is exhibited 
by steel A. The end-quench hardness curves (Fig. 6) show a hardness 
peak at a distance of 60 sixteenths from the quenched end. Referring 
to the temperature distribution curves (Fig. 5) it is seen that at a dis- 
tance of 60 sixteenths, after a period of 1 hour, the bar was at a tem- 
perature of about 900 °F (480°C). The TTT curve for this steel (Fig. 2) 
shows that after holding a sample for 1 hour at 900°F (480°C) some 
transformation has taken place. If this were true, we would not expect 
to obtain maximuth hardness at this point. Of course, the reason for 
this discrepancy, as the author has pointed out, lies in the fact that the 
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steels used for the end quench tests and those used to determine the 
TTT curves were similar but not of the same composition. It is inter- 
esting to note, however, how the end quench test results do render 
information on the isothermal transformation characteristics of the 
material being tested. 

It would be of considerable interest to know how Mr. DeVries’ end 
quench hardenability results compare with those obtained by other 
methods of determining the hardenability of deep hardening steels. 
Would the steels tested appear in the same order of merit if their 
hardenability were determined by the direct quenching of different size 
rounds? Or, another test that might be used for comparative purposes 
is the air hardenability test* developed by workers at the Carpenter 
Steel Co. 

In closing I would like to ask Mr. DeVries how he explains the high 
hardness obtained on the upper end of the end quench samples from 
steel C. The hardness of that portion of the sample held at 1200°F 
(650°C) for 1 hour and then quenched is greater, by two or three points 
Rockwell “C”, than the end of the sample quenched directly in water. 
Could this be due to more retained austenite in the end of the bar 
receiving the rapid quench? 

Written Discussion: By William Wilson, Jr., research metallurgist, 
Armour Research Foundation of Illinois Institute of Technology, Chicago. 

The development of a hardenability test for deep hardening steels 
was undertaken about two years ago, as a part of the A. Finkl and Sons 
Company research program. Although the air hardenability test devel- 
oped by Post, Fetzer and Fenstermacher had been published at that 
time, the desirability of including the hardenability range of the Jominy 
test suggested the development of a new test similar in principle to the 
one developed by Mr. DeVries. 

It suffices to say that the standard Jominy quenching conditions were 
applied to one end of the bar, and a furnace hindered the cooling of the 
other end of the bar to a prescribed cycle. The cooling curves for 
various points of this bar came rapidly to the temperatures predicted 
by the equation for heat conduction in a fin—during this portion of the 
cooling cycle, the cooling curves could not be modified by changing the 
prescribed cycle of the furnace. Below this steady-state temperature 
distribution of the bar, the cooling rates can only be adversely influenced 
by the prescribed cooling rate of the furnace. 

If the furnace temperature is maintained constant, all points of the 
bar will cool rapidly to their respective steady-state temperature and 
remain at that temperature until the test. is interrupted. The steels 
selected by Mr. DeVries have ideal diameters well in excess of the 
Jominy test limit and undoubtedly transform isothermally. However, 
steels which just exceed the hardenability limit of the Jominy test might 
transform during the initial rapid cooling portion of the test. 

Complex deep hardening steels may be limited in hardenability either 





2C. B. Post, M. C. Fetzer and W. H. Fenstermacher, “Air Hardenability of Steels,” 


TRANSACTIONS, American Society for Metals, Vol. 35, 1945, p. 85-106. 
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by transformation in the pearlitic or bainitic temperature ranges or both. 
From the time-temperature-transformation diagrams and the author’s 
hardness surveys, I would conclude that the limiting hardenability of 
steel B would be found in the pearlitic temperature range and the 
limiting hardenabilities of steels A and C would be found in the bainitic 
temperature range. 

In view of the obvious limitations of predicting cooling transforma- 
tions from isothermal transformation data, it would appear essential that 
the cooling curves should at least approximate the simplified solutions 
of the heat conduction equations. When this condition is not met by 
any hardenability test, reliable test results cannot be expected from that 
test. Obviously the hardenability tests mentioned in this discussion do 
not conform to the simplified solutions of the heat conduction equations. 

The latest test developed for the A. Finkl and Sons Company uses a 
1%-inch diameter bar 11 inches long and this bar has its radial heat flow 
modified throughout almost its entire length. The details of this test 
will be published within the next year—a detailed description here would 
consume too much time. Measured cooling curves on this hardenability 
test bar approximately conform to the simplified solutions of the heat 
conduction equations. Hardenability can be studied successfully in steels 
with an ideal diameter less than 21. This is approximately three times 
the limit of the Jominy hardenability test. 


Author’s Reply 


The author would like to extend his thanks and appreciation for 
the interest exhibited by the discussers in the preparation of written 
contributions and the constructive comments which they have presented. 

As the discussers point out and as is mentioned in the introduction, 
the relation: between transformation at constant temperature and trans- 
formation or continuous cooling is not exactly known and therefore 
caution should be used when the results of this test are applied to 
continuous cooling cycles. 

Unfortunately, because of lack of material it was not possible to 
determine the hardenability of the steels by other tests as suggested by 
Mr. Albers. His last question, the high hardness of steel C at the upper 
end, may be explained by the difference in cooling rates of the bar. 
When the bar is removed from the fixture and given an over-all quench 
at the completion of the test, the cooling rate at 0.015 inch below the 
surface of the round is greater than the cooling rate obtained at ye inch 
from the quenched end of the bar in the test apparatus. Consequently, 
the austenite remaining in the bar at the completion of the test trans- 
forms to a harder product than that originally transformed at the 
quenched end of the specimen. 





RESIDUAL STRESSES AND MICROSTRUCTURE IN 
HOLLOW CYLINDERS 


By H. B. WisHart AND R. K. PoTTerR 


Abstract 


Compressive stresses can be produced on the surface 
of hollow cylinders by quenching in a suitable medium 
from austenitizing temperatures. Tensile or compressive 
stresses can be produced at the bore of the cylinder by 
quenching with plugged or open ends. The magnitude of 
the stresses is controlled within limits by the draw tem- 
perature. 

The formation of an appreciable amount of mar- 
tensite at the surface of the cylinders during water 
quenching materially lowered the surface compressive 
stresses when the cylinders were drawn, due to the volu- 
metric change which occurs when martensite is tempered. 


URING the past several years the use of residual stresses to 

obtain increased resistance to fatigue failure in various items 
has materially increased. In specific applications such as shafts and 
axles subjected to flexural stresses, residual compressive stresses in 
the outer fibers of the member have been known to increase the 
fatigue resistance of the member. Since the magnitude of the ten- 
sile stress in the outer fibers of a shaft subjected to complete reverse 
bending governs the ability of the shaft to resist fatigue damage 
when no detrimental factors exist such as imperfections in the sur- 
face, then any residual compressive stress in the outer fibers in gen- 
eral tends to reduce this magnitude. 

It is of course to be realized that for the residual stress to be 
beneficial in prolonging the life of any part, in the majority of cases 
the residual stress must be effective during the life of the part. 
While there is some question as to the lasting effect of residual 
stresses, particularly when occasional overloads or other adverse 
service conditions are encountered, the general indication is that if 
residual stresses are made use of in a conservative manner, beneficial 
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results can be obtained. Moore (1)* has shown in a limited number 
of tests that residual stress is reduced by overloads, the degree of 
reduction varied with the condition of loading. In any given appli- 
cation it is therefore best to make a careful investigation of the 
beneficial effects to be derived in any part where residual stresses 
are to be used to give increased service life. 

Zimmerli (2), Horger and Neifert (3), and Almen (4) have 
shown that a compressive stress can be produced in the outer fibers 
of steel members by shot peening and that improved fatigue resist- 
ance is obtained. Horger and others have shown that compressive 
stresses can also be developed by cold rolling and heat treatment. As 
the purpose of this investigation was to develop a satisfactory and 
relatively simple mill method of producing compressive stresses in 
the outer fibers of large diameter (7-inch) cylinders, the heat treating 
method was selected as being the most practical when all factors were 
carefully considered. 

The determination of residual stresses in cylinders is not an 
easy problem. While some excellent work has been done in the past 
in measuring residual stresses and in determining stresses in various 
grades of steel subjected to different heat treatments by Scott (5) 
and others, the amount of equipment necessary for the accurate 
determination of such stresses was materially reduced and the process 
simplified with the development of the electric strain gage. All 
residual stress determinations reported in this paper were obtained 
by the use of such gages. 


SPECIMENS USED IN INVESTIGATION 


The hollow cylinders used in this program were obtained from 
three different grades of steel, SAE 1045, 1035, and 1020. The 
analyses of the steels used are shown in Table I. The cylinders, 





Table I 
Chemical Compositions of Cylinders 


————Anal ysis, Per Cent———_____,, 


Grade of Steel ¢ Mn P S Si 
SAE 1045 0.46 0.68 0.016 0.028 0.23 
SAE 1035 0.33 0.72 0.017 0.024 0.17 


SAE 1020 0.20 0.49 0.016 0.025 0.25 





The figures appearing in parentheses pertain to the references appended to this paper. 
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18 inches in length and 7 inches in diameter, were machined from 
7%-inch diameter forged rounds. It was desired to use as long a 
cylinder as possible in order to eliminate end effects on stress deter- 
minations. Mechanical considerations were the limiting factor in 
using a longer cylinder. As Sachs (6) indicated that a length 2 to 
3 times the diameter is sufficient in a cylinder to obtain reliable stress 
results, the 18-inch cylinders were considered to be satisfactory. A 
4-inch diameter hole was bored longitudinally through the center of 
each cylinder before heat treating. 


HEAT TREATMENT OF CYLINDERS 


Compressive surface stresses can be produced by both subcritical 
quenching and by quenching under certain conditions from an aus- 
tenitizing temperature when the cylinders are entirely heated or 
locally heated. Also many combinations of quenching media and 
quenching with open and closed ends are possible. The data con- 
tained in this paper pertain to fully heated cylinders some of which 
were quenched in water and some in oil, from an austenitizing tem- 
perature of 1600°F (870°C). The cylinders were quenched with 
open and closed or plugged ends. The plug consisted of a machined 
disk which was bolted to each end of the cylinder before heating. 

In all cases the cylinders were heated to 1600 °F (870°C) and 
allowed to remain in the furnace approximately 3 hours prior to 
quenching. A controlled atmosphere, obtained by passing air through 
burning charcoal in a Lindberg Hydrizing Unit, was used in the 
heating furnace to minimize scaling and decarburization. Micro- 
scopic examination of the surface of cylinders after heat treatment 
showed little indication of decarburization. In quenching in either 
water or oil the cylinders were suspended vertically in the quenching 
medium by an eyebolt which was attached to ene end of the cylinder. 
By this method no tongs or cold material came in contact with the 
cylinders to give an uneven quench. 

The cylinders were given a circular motion during quenching 
and were held in the quenching medium until cold. When the cylin- 
der was quenched in oil, the oil at the beginning of the quench of 
each cylinder was 70 °F and the final temperature was 120 °F. When 
the cylinders were quenched in water, due to the limited amount of 
water in the quenching tank, crushed ice was used to prevent the 
water temperature from going above 90°F. After the quenching 
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operation the cylinders were drawn for 8 hours at the temperatures 
shown in Table II and then air-cooled. In several instances the 
residual stress was determined in cylinders which were not drawn. 


METHOD oF DETERMINING RESIDUAL STRESSES 


There are a number of methods which may be used to determine 
residual stresses such as the split ring method, disk method, and 
the triaxial method proposed by Sachs (6). A review of these meth- 
ods and others is given both by Sachs (7) and Barrett (8). Inas- 
much as the Sachs method considers all three principal stresses, this 
method was selected for evaluating the residual stresses in the 
cylinder. 

The Sachs method consists in boring the interior of the cylinder 
out in steps and measuring the changes in length and circumference 
after each boring operation. By the use of the data obtained during 
the boring operation, longitudinal, circumferential and radial stresses 
can be calculated for the cylinder. 

The following formulas were used for the calculation of the 
stresses by the boring-out method : 














E ‘ a 

| = - | (B, =F) SA a Formula I 

L—¥ dF 
E . de (F, — F) 
ig winnie F, — F)§ — — ————— ; 

t i_< i t ) aF OF ° | Formula II 
E (F,, ~~ F) 

r= i_w | OF e | Formula III 


Where: 


F, = Complete cross sectional area of cylinder, including bore = 7R,.. 

F = Variable cross sectional area to position of cutting tool (to surface of 
last boring operation) = 7R’. 

1, t, r = Respectively the longitudinal, tangential, and radial stresses in the cyl- 

inder after boring out a cross sectional area of F. 

E = Modulus of elasticity (30,000,000 was used in these calculations). 

v = Poisson’s ratio (0.25 was used in the calculations). 

A= e1 + Vec 

8 = Ce + vei 

e, = Cumulative strain measured by longitudinal strain gage on boring. 

e. = Cumulative strain measured by the circumferential strain gage on 
boring. 


After each layer is bored out the strain gages are read and 








Vol. 41 


TRANSACTIONS OF THE A. S. M. 


696 


ere 
97P 


svt 
cht 


£02 
£61 


OSz 
OSZ 
Osz 
6LT 
Iz 
80¢ 
8SZ 
soe 


soe 
cle 


aBVPAY 
eee N'H'SD SOS [CPC 


coco 


oo ooo 


0 


Net An 


Ne ENN 


N 


mn Nw 


MH AMM 


Tt 


~m Nw 


st 


$°Sf «Sf OF SZ 


mn mw 
Naan 


Ow «OM 
-_ 
MN DAN 


st ¢§ 


Ot ST 


oocooco 


oc ooo 


0 


$°zt 





8 - 9I- 
Lt? - St 
st - 6I- 
6% - Lz- 
81 - 8I- 
Ob- s&- 
e€- If 
19 - £9- 
08 - 19- 
Li - I- 
6¢ - Lf 
78 - Si- 
zt - gi- 
1g - oF 
tl - w- 
L€ - 8$- 
00I- 08- 
S°8f #Sf 


—————880.19§ [BI}UsZUe 
—__—————————————————_—_—————a0ula Jojuino) sj ‘uy “Dg g’g¢ ‘210g syueseiday ‘uy “DS $°ZT 
UMOYS JepUT[AD Jo s¥ary [BUOTIIES SS01D 38 ‘OOO! X Isd ‘sse13S 


Os- 


oe 








*‘JapulfAd jo Areydised uO Usaye} SsoupseyY [[eUlLIg JUSTBAINDS IBCIOAV egy 


le: SS Bee ee we 
in 3 ae: CU 
SANG NadO 
t= &@ tf oe 1Z - 
6- 6 Lé 62 se.- 
S or 8 9 > 
€- O2 OF Sz os - 
0 £~ 02 st be 
0 se os ev £9 - 
0 8c Is es 08 - 
¥ st e€t et '* 
Beets: Be: Te oy = 
o> Te. a Stitt 06 - 
8- sz 8st Lt “—:” 
8- OF 6 OF > 
Li- £0 we 6S oe + 
8I- se LP oF t¢€ - 
6- Sse O8 oor OTT- 
SANG Ga99N Td 
so @ st sect Ss’ 





8I- 
os- 


1z- 
97- 
€z- 
Or 
ze 
£9- 
99- 
61- 
ze 
$L- 
61- 
os- 
87- 
ss 
s8- 


«Sf 





T]O= ,,O,, $J972M= ,,MA,, UUINJOD S14) JOPU Kg 


*JOPUT[AD JO VUSIOJUINIITO JO VIEJANS WIOIJ YOU SOTO» 


L- 
ol 


9I- 
8I- 
ce 
LI- 
So 
Lz 
Le 
9I- 
sz- 
st- 
8z- 
8f- 


of 


SJOPUIAD UY Pedojeasgq sessens [eNpysey 
Tl 9148.1 


0Z 
9¢ 


ST 
ev 


or 
bz 


st 
Sz 


1Z 
09 
se 
61 
62 
Le 
8Z 
8h 


of 
os 
os 


0Z 


————8891}5 [PUIPNIZu07 


8I- 
ss- 


4 
te 


oT 
9¢ 


bz 
OF 
09 


st 
Ov 
LL 


8T 
8b 


of 
SP 
oor 


st 


0z- 
09- 


of 
ze 


6! 
se 


6t 
of 
£9 


st 
Te 
801 


Li 
oF 


8Z 
LZ 
stl 


$°aI 








008 M 
009 M 
008 O 
009 O 
008 O 
009 O 
008 oO 
009 oO 
aUu0ON O 
008 M 
009 M 
aUuON M 
008 M 
009 M 
008 M 
009 M 
aUuON M 





SPor 
Spor 


Ozot 
Ozor 


s¢or 
seor 


Svor 
Spor 
Svor 


ozol 
ozor 
ozor 
Sseor 
SEOT » 


SPor 
svort 
SPor 


——_— 


I 
or 


L9 

89 
ee 
ez 














te 2 AO CRRA Rae eR i 





697 


a — = pemens - = n vindines . 


*rapulfAd jo Araydised uo Usyze} SsoupseY [eUlIg JUITVAINDS IBEIWAV gs» 
"T]0= ,,O,, ‘497VM= ,,M,, UUINJOD SIY? JOPU) ee 
*JIPUTTAD JO QOUGIOJWINIITD IO BIVJLINS ULOIJ YOU SOTO» 


Ozor £9 

















YH aa 0 6 ee SE ee a. eee 7 ee fh Ci ti Bees Ss 2... 2. oe 008 O 
oe) 9st 0 £ Se ee Re eee fee 2 ae te en ee - eS oe 2 Se a ee eee 009 O OzOT z9 
o 902 0 c . a. oe ae a oe Ea at - en. O's} B-¢ 6% 9f 82- Sl- 008 O scot 88 
(x) 777 0 c oe 2 oe ot Seo ae oo if eer SS -:85 -. orm’ oe T€é 92 OF- O8- 009 O scot 
& OSZ c= oi ae 61 7. ae ee ee > Oe ee oo. &. .32°.. = 008 O SPor st 
i SbZ Get. Ge ae Oe oR ae ee Oe. ee 7. Ste. Se 009 O Svor tI 
Y 861 0 a ae ee. ee oe oe + - 70" te ee Ge oe 28 ee 6 ae eo 008 M OzOT 09 
»] ost 0 T Z T S 2-9 ae OH °° @ & £4”. 6-2 = ae 2S Sa eS ee ee 009 M OzOor 6s 
XQ OSZ 0 T 3 ee ae ee ue Ms oe cee ~o. @ Fee OB.> FE: eee a a a 008 M scot Ol 
~ Le 0 z 2 eS ae ee a - oe oe: 6 OF Oe a eee PE. Ce a ee ee 009 M sfot %6 
Q SANH NadoO 
OH eBeray s'8f «Sf OF SZ OF SI S ZI S’SE 2S€ OF SZ Of ST S'Z2t S’SE «SE OF SZ OF St SZ do #e9PUENG P25 “ON 
«x«'N’H'S $S913S [eIpey ——————-8891}5 [eIQuasue ———-8831]G [PUIPNzsu07 ‘duo,  adAy “aA’'v'S ‘TAD 
Q) J JUINIITZD ST “UT “DG G’QE ‘BIO S}UDSOIGOY “UT “DS S°ZT MBIG 
Re UMOYS JepUl]AD Jo svaly [BUOT}DEg SsOI> 38 ‘OOOT X Isd ‘ssamS 





SJOpUI|AD UT PodoyoA[g sossea.ns jenplsoy 
(ponuyuod) I] %qBL 





1949 


698 TRANSACTIONS OF THE A. S. M. Vol. 41 


averaged to give e; and e,, from which A and © are determined. 
Values of A and © then are separately plotted against F. By meas- 
de 

dF 
found. The stresses 1, t, and r are then calculated for the various 
values of F by Formulas I to III. 

In order to obtain the changes in length and circumference as 
required by the Sachs method, SR-4 electrical strain gages were 
cemented to the outer surface of the cylinders when the cylinders 
had cooled to room temperature after the last heat treating operation. 
These gages were mounted midway along the cylinder length so that 
there was a set of longitudinal and tangential gages mounted at 90- 
degree intervals on some cylinders and on each side of the cylinder, 
180 degrees apart on other cylinders. These gages were covered 
with wax to protect them from moisture and from cooling liquid 
used in the boring-out process. 

During the process of boring, the cutting tools were kept sharp. 
coolant was used, and metal removed on any one cut was kept to a 
minimum in order to reduce the heating and cold working. In the 
boring operation the cross sectional area of the material was divided 
into fifteen equal concentric rings. Fourteen of these rings were 
removed in successive boring operations, leaving the fifteenth remain- 
ing as a shell. 

After each boring-out step, the cylinder was removed from the 
lathe and allowed to cool in the laboratory overnight before the 
strain readings were made. This was to allow the cylinder to cool 
to room temperature so that changes in length due to temperature 
would not affect the strain readings. An SR-4 Baldwin strain indi- 
cator was used for obtaining the strain gage readings. Variations in 
laboratory temperature were compensated for by the use of dummy 
gages. The bore dimensions were obtained by a micrometer. 

The respective changes in longitudinal and circumferential read- 
ings were averaged for each boring step before calculating the residual 
stresses. Considerable variation was noted at times between the com- 
parative gage readings, possibly due to such items asa slight distortion 
occurring in the cylinder caused by uneven quenching and slight 
differences in wall thickness. Typical data for a water-quenched 
and an oil-quenched cylinder are shown in Table V. These aver- 
aged longitudinal and circumferential strain readings are further 
leveled out by plotting e:, e., A and © and drawing smooth curves 





' ; dA 
uring the slopes at various points on these curves—— and are 
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through the plotted points to obtain = and The stress calcu- 
lated by use of the Sachs equations were then plotted as shown in 
Figs. 1, 2, and 3. The stresses shown in the tables and Fig. 4 were 
obtained from such plots at the locations shown. The so-called 






= t20 
w 
a 80 
8 40 
- * 
wo -40 
Ww 
2 -80 
” -120; es Sow 
38.5| 20 | 12.6 | 30 
30 12.6 20 38.5 
Cross Sectional Area, Sq.in. 
Longitudinal Stresses 
a 29 
Ww 
g sob 
© 40 
= 0 
» -40 
Ww 
2 -80 
ore t | 2 ee ae oe ] | | 
38.5| 20| 126| 30| 385] 20) 12.6| 30 | 
30 12.6 20 38.5 30 12.6 20 38.5 
Cross Sectional Area, Sq.in. 
Tangential Stresses Radial Stresses 


Fig. 1—Residual Stresses in a Hollow SAE 1035 Cylinder 
With Open Ends, Oil-Quenched and Drawn at 600 °F. 


stresses at the circumference of the cylinders represent an extension 
of the curve from the last real value. 

In order to check the reproducibility of this method two cylin- 
ders were treated identically, cylinder No. 6 (Table II) and cylinder 
No. 55 (not contained in this report). The surface stresses com- 
puted as previously described were —67,000 psi and —65,000 psi 
respectively for the two cylinders, which is a better check than would 
normally be expected. 

The Sachs method of calculating stresses can be used by either 
mounting strain gages on the outside of the cylinder and boring out 
increments for determining the stresses in the cylinder or by mount- 
ing strain gages in the bore and turning the cylinder. Both methods 
were initially considered in this investigation. Due to the difficulty 
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involved in mounting the strain gages in the bore, the gages were 
mounted on the surface. 

It is to be emphasized that at best the determination of residual 
stresses is a slow, time-consuming job. Every care must be taken in 
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Fig. 2—Residual Stresses in a Hollow SAE 1035, seater 
With Open Ends, Water-Quenched and Drawn at 600 ° 


the procedure and laboratory technique to insure that the values ob- 
tained are accurate and correct. 


Test Data AND DISCUSSION 


Data showing the residual stresses contained in twenty-seven cyl- 
inders from the bore to the circumference in the longitudinal, tan- 
gential, and radial directions are shown in Table II. Information 
pertaining to the grade of steel, quenching media, whether the cyl- 
inders were quenched with open or plugged ends, draw temperatures, 
and average equivalent Brinell hardness is also shown in the same 
table. Due to the curved surface of the cylinder, which made it 
impracticable to obtain Brinell readings direct, Rockwell hardness 
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readings were obtained and converted to Brinell values. These values 
are shown in a compact form in Table III. 


Du 


e to the large number of curves involved if data from Table 


II were to be plotted, three cylinders, 7a, 9a, and 4a, were selected 
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Fig. 3—Residual Stresses in a Hollow SAE 1035 Cylinder 
With Plugged Ends, Water-Quenched and Drawn at 600 °F. 


as being representative of the group and the stress data plotted in 


graphi 


cal form as shown in Figs. 1, 2, and 3. In this group two 


cylinders were quenched with open ends, one in oil and the other in 


Table Ill 


Average Equivalent Brinell Hardness Taken on Periphery of Cylinder 
Draw c-SAE 1045 Steel, --SAE 1035 Steel --SAE 1020 Steel 

Type Temp., Open Plugged Open Plugged Open Plugged 
Quench °F Ends Ends Ends Ends Ends Ends 
Water None 

600 426 372 373 365 180 214 

800 313 305 250 258 198 179 
Oil None 250 

600 245 250 222 193 156 142 


800 250 250 206 203 142 145 
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water, while the third cylinder was water-quenched with the ends 
plugged. 

Inasmuch as the residual longitudinal stresses are most impor- 
tant in increasing fatigue life in axles and shafting subjected to flex- 
ure, the discussion from this point on will be mainly devoted to a 
consideration of the longitudinal stresses. In Fig. 1, it is to be 
noted that the residual longitudinal stresses in this cylinder quenched 
in oil with open ends are high in compression at the circumference. 
Negative values indicate compressive stress; positive values, tensile 
stress. This compressive stress diminishes to zero and changes into 
a tensile stress between the surface and the bore and then develops 
into a compressive stress at the bore. Compressive stresses both at 
the bore and circumference are produced by the quench action on 
the inner and outer surfaces. In some instances it may be desirable 
to have compressive stresses in the bore to minimize the possibility 
of fatigue cracks developing at localized points of stress concentra- 
tion. 

Fig. 2 shows the residual stresses of a cylinder treated in the 
same manner as shown in Fig. 1 with the exception that it was 
quenched in water instead of oil. The main difference in the longi- 
tudinal and tangential stress curves between the two cylinders is that 
the compressive stress dropped materially at the circumference in the 
latter case. In other words, a higher compressive stress was devel- 
oped in the area just under the surface than at the surface of the 
cylinder. This was an important finding in this investigation and 
will be discussed in greater detail later. 

Fig. 3 shows the effect of plugging the ends of a cylinder before 
quenching. This cylinder was water-quenched. Here again the 
compressive stress at the surface is lower than obtained at a point 
slightly under the surface. The main difference between this curve 
and the one shown in Fig. 2, magnitude of stresses not being 
considered, is that tensile stresses are obtained at the bore of the 
cylinder. 

By an inspection of the data shown in Table II, it is immediately 
apparent that the main general difference between the stress pattern 
of cylinders quenched with open ends and plugged ends is the com- 
pressive or tensile stresses developed at the bore. It is also to be 
noted that a comparative stress exists for a much greater distance 
from the surface toward the bore in the plugged-end-quenched 
cylinders than in the open-end-quenched cylinders. 
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EFFECT OF MICROSTRUCTURE ON RESIDUAL STRESSES 


Residual longitudinal stresses adjacent to the surface and at the 
surface of the cylinders shown in Table II have been compiled in 
Table IV. An additional column has been added to this table which 


Water -Quenched 
Plugged Ends Open Ends 
600°F Drow 4 
i ae 






600°F Draw 





Oil-Quenched 
Plugged Ends Open Ends 


60 





Compressive Longitudinal Stress, |OOO psi 


0 | 
0.20 0.30 040 050 0200.30 040 0.50 
Carbon % 





Key: 
—o— Stress at Circumference 
--& — Stress 0.165" in from Circumference 


Fig. 4—Residual Stress in Cylinders at Circumference 
and 0.165 Inch in From Circumference. 


shows the change in stress from an arbitrarily selected point 0.165 
inch in from the surface to the stress at the surface.. An inspection 
of this latter column shows that for the water-quenched and drawn 
SAE 1045 and 1035 cylinder the stress at the surface was always 
lower than the area adjacent to the surface. The lower the draw the 
higher the stresses and the greater the difference. In the oil-quenched 
cylinders of the same grades of steel the reverse was always true— 
that is, the stress was higher at the surface than adjacent to the sur- 
face. In both oil-quenched and water-quenched cylinders which were 
not drawn after quenching, the surface stresses were the highest. 
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Table V 


Average Residual Stresses in 7-Inch Rounds, 4-Inch Bore SAE 1035 Cylinders 
Open Ends—Drawn 600 °F 


Maximum Maximum 
i vor 2 a 
ej rom €c rom : . . 
Aren of Average Average Average Average Longitudi nal Tangential 
Bore of 4 Gage in4e; of 4Gage in 4ec Stress in Stress in 
Sq. In. Readings Gages Readings Gages psi psi 
Water-Quenched 
12.56 0 0 0 0 —81,000 —214,000 
14.80 —92 12 —150 40 — 14,000 —11,000 
16.63 —96 34 — 168 47 7,000 +14,000 
18.49 — 37 48 —140 65 28,000 25,000 
20.00 57 62 —89 46 46,000 34,000 
21.70 156 64 —7 43 50,000 36,000 
23.30 295 75 116 41 42,000 45,000 
25.10 484 °6 294 19 35,000 33,000 
26.90 667 68 453 43 27,000 21,000 
28.50 889 59 653 33 9,000 4,000 
30.20 1020 50 778 54 — 24,000 — 22,000 
31.90 1079 34 819 101 — 40,000 — 38,000 
33.70 1026 51 794 101 — 44,000 —42,000 
35.22 977 58 716 179 — 42,000 — 38,000 
36.84 976 89 636 259 — 38,000 — 33,000 
Oil-Quenched 
12.56 0 0 0 0 — 160,000 — 150,000 
14.80 —119 19 —210 35 — 19,000 — 30,000 
16.63 —145 25 —296 41 48,000 — 3,000 
18.49 —120 30 —312 42 21,000 21,000 
20.00 — 66 39 — 304 49 27,000 27,000 
21.70 —10 40 —262 68 31,000 32,000 
23.30 +95 40 —211 64 27,000 35,000 
25.10 178 48 —162 37 37,000 32,000 
26.90 393 63 —41 59 27,000 28,000 
28.50 534 69 50 50 23,000 22,000 
30.20 766 81 241 46 15,000 15,000 
31.90 1004 84 439 74 2,000 9,000 
33.70 1158 69 581 96 — 24,000 — 8,000 
35.22 1356 74 753 97 — 41,000 — 22,000 
36.84 1404 139 920 90 — 49,000 — 35,000 


*Microinches 


The water and oil-quenched SAE 1020 steel cylinders did not show 
any marked change in surface stress with regard to quenching me- 
diums used, such as was noted in the higher carbon steel cylinders. 

The data contained in Table IV for cylinders drawn at 600 and 
800 °F (315 and 425 °C) are plotted graphically in Fig. 4. In gen- 
eral the stresses at the surface of the oil-quenched cylinders decrease 
with decreasing carbon content of the steel. In the case of the 
water-quenched SAE 1045 and 1035 steel cylinders it is shown that 
the surface stresses in all cases are less than the stresses adjacent 
to the surface and in some instances are actually lower than the 
stresses developed on or near the surface of the SAE 1020 grade 
cylinders. With respect to the stresses near the surface, in general 
they have a tendency to decrease with carbon content. 

In an effort to find an explanation for the dropping off of the 
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Fig. 5—Rims of SAE 1045 Cylinders Quenched With Plugged Ends. Picral etch. 
< IQ. a—-Water-quenched and drawn at 800°F. b—Oil-quenched and drawn at 


surface stress in the water-quenched cylinders previously mentioned, 
a microscopic study was made of the oil-quenched and water- 
quenched cylinders at the circumference and adjacent to the circum- 
ference. Figs. 5, 6, and 7 contain photomicrographs of specimens 
cut from the circumference of oil and water-quenched cylinders of 
the three grades of steel. In all instances the cylinders from which 
the specimens were cut were drawn at 800 °F (425°C). 

The microexamination showed that a martensitic structure had 
been produced in the water-quenched cylinders’at and near the sur- 
face. In the case of the SAE 1045 steel cylinders, the amount of 
martensite formed was sufficient to form almost a solid ring. The 
amount of martensite formed materially decreased with carbon con- 
tent of the steels, so that only very small, infrequent patches were 
noted in the SAE 1020 cylinders. These patches are not apparent 
in Fig. 7. The martensite in the worst case, SAE 1045 steel, did 
not extend over one-eighth inch below the surface and except at the 


a 
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Fig. 6—Rims of SAE 1035 Cylinders Quenched With Plugged Ends. Picral etch. 


x oe a—Water-quenched and drawn at 800°F. b—Oil-quenched and drawn at 
800 °F. 


surface occurred mostly in a “spotty” condition. No martensite was 
formed in any of the oil-quenched cylinders. 

The fact that martensite was formed in the water-quenched 
cylinders does not necessarily mean that the compressive surface 
stress of the cylinders will be reduced. In Table IV the compressive 
stress at and near the surface of a water-quenched cylinder is shown 
which was not drawn. In this instance the surface stress was the 
maximum value. The explanation of the reduction of surface stresses 
in the water-quenched and drawn cylinders is the well-known fact 
that martensite when drawn undergoes a volume change. The 
amount of martensite existing in the SAE 1045 and 1035 cylinders 
was sufficient to cause, when drawn, an appreciable lowering of the 
surface stress, due to its volume change. This reduction of surface 
stresses was not apparent in the SAE 1020 steel cylinders, due to the 
insignificant amount of martensite formed. 

It is apparent that if maximum compressive stresses are desired 
at the surface of quenched and drawn cylinders, then the quench 
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Fig. 7—Rims of SAE 1020 Cylinders Quenched and Plugged Ends. Picral etch. 


sie a—Water-quenched and drawn at 800°F. b—Oil-quenched and drawn at 


must be so regulated as to prevent the formation of a layer of mar- 
tensite. Where it is possible to machine the layer of tempered mar- 
tensite from the quenched and drawn cylinder it has been found that 
control of the quench to prevent the martensite formation loses most 
of its importance. In stress analysis made on cylinders treated in 
this manner the compressive stress at the new surface was found to 
be slightly higher than the stress which existed at the same location 
before removing the layer containing tempered martensite. 


HARDNESS VERSUS STRESS 


From a study of the data presented in this paper it is apparent 

that hardness of the steel and stresses contained in the steel have no 
direct relationship with each other. A good example of this non- 
relationship is shown in Table III by referring to the hardness values 
shown for the oil-quenched SAE 1045 plugged-end cylinders. For 
all three cylinders, one not drawn, one drawn at 600 °F (315°C), 
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and the other drawn at 800°F (425°C), the surface hardness was 
the same. By noting the longitudinal compressive stresses for the 
same cylinders in Table IV, 80,000, 67,000, and 35,000 psi, it is 
apparent that the difference in draw temperature has appreciably 
affected the stress pattern without changing the hardness. 


CoNCLUSIONS 


From the data contained in this paper it is to be concluded that 
longitudinal and tangential compressive stresses can be produced at 
the surface of steel cylinders by quenching the cylinders from an 
austenitizing temperature, the magnitude of the stresses being con- 
trolled by the draw temperature. The following items were found 


to be important in controlling the residual stresses produced in 
cylinders: 


1. Cylinders quenched with plugged ends formed a tensile stress at 
the bore while a compressive stress was formed when the cylin- 
ders were quenched with open ends. 
Appreciable amounts of tempered martensite formed at or near 
the surface of cylinders by quenching in water; drawing mate- 
rially reduced the surface compressive stress due to the volumet- 
ric change which takes place when martensite is tempered. The 
surface stresses of the cylinders quenched in oil were not af- 
fected as the rate of quench was not sufficient to form 
martensite. ; 

3. The effect of the ring of tempered martensite on the residual 
stresses can be eliminated by machining the area containing this 
constituent from the cylinder. 

4. No direct relationship exists between changes in hardness and 
residual stresses. 

5. The compressive stresses at or near the surface of the cylinders 
were in general lowered with decreasing carbon content of the 
steel where not influenced by the tempered martensite factor. 


nN 
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DISCUSSION 


Written Discussion: By Charles B. Bryant, chief engineer, Technical 
Board of the Wrought Steel Wheel Industry, Chicago. 

The investigation described in this paper offers interesting and valu- 
able information in regard to the development and contro! of residual 
stress patterns in cylindrical objects. In the manufacture of wrought steel 
wheels for heavy duty services, such as under Diesel locomotives or rail- 
road passenger cars in high speed service, it has been the practice for 
some years to produce residual compressive stress in the tread and flange 
portions of the wheels. In fact, it would hardly be possible for wheels to 
give satisfactory and safe service for these purposes without such pre- 
stressing. 

Compressive stresses are produced by quenching the tread portion of 
the wheel; the usual method being to mount the wheel at quenching tem- 
perature on a revolving mandrel and to cool the tread by water spray or 
by a combination of spraying and dipping in a trough. The values of com- 
pression at the surface produced by this method are of the same order as 
those described in the paper. The stress pattern below the surface is not 
well known; since, because of the geometry of a wheel, the Sachs boring- 
out method cannot be used. 

The principal reason for such prestressing of wheels is to develop 
improved resistance to thermal cracking resulting from brake shoe heat- 
ing. When heavily loaded wheels are severely braked, as in an emergency 
stop, the rate of energy dissipation amounts to hundreds of horsepower 
per wheel, and the tread of the wheel is strongly heated. The thermal 
expansion of the heated surface layer is resisted by the relatively cool 
metal beneath, and the surface layer is thus upset during the heating cycle. 











1949 DISCUSSION—RESIDUAL STRESSES 711 


After the brake shoe application is released and the wheel cools, this upset 
surface layer tries to contract. Through repetitions of this cycle, pro- 
gressively increasing tension is set up in the tread of the wheel and when 
this reaches a sufficiently high value, thermal cracking occurs. By pro- 
ducing substantial residual compressive stresses in the wheel tread when 
it is new, the build-up of tension to the point where thermal cracking 
occurs is always greatly delayed and in most cases entirely prevented. 
Exact analysis of what goes on is complicated by metallurgical changes 
which occur when the heating is sufficient to exceed the critical trans- 
formation temperature and also by the fact that the surface is being con- 
tinuously worn away by abrasion of rail and brake shoe. There is also 
cold working of the wheel tread because of the high unit pressures devel- 
oped between tread and the rail. 

Experience has amply demonstrated the value of initial residual com- 
pression in wheel treads. 

Written Discussion: By E. L. Koehler, research metallurgist, Armour 
Research Foundation, Chicago. 

I wish to congratulate the authors on the presentation of their mate- 
rial. Due to the great amount of work required by: such testing, there is a 
scarcity of data of this sort. While the factors involved in the develop- 
ment of residual stresses are well known, as are qualitatively the stress 
distributions produced, the data presented give qualitatively the effects of 
a variety of heat treatments in large cylinders of plain carbon steels. Of 
special interest are the indications of effects of geometric shape on stress 
relief. 

Perhaps a good starting point in illustrating this effect is Fig. 2 of 
this paper. The authors have shown the effects of tempering martensite 
existing at the surface on reducing the longitudinal and tangential stresses 
at the outer surface. It is likely, however, that a little more than this is 
involved. Since severity of quench is known to be even greater on the 
inside than on the outside of a hollow cylinder,? it must be assumed that 
martensite also existed at the inner surface. Instead of showing an equiv- 
alent effect on reduction of compressive stresses by contraction of the 
martensite on tempering, the stresses at the bore show remarkable resist- 
ance to relaxation. Others of the data presented likewise tend to indicate 
the following relationships : 

1. Compressive stresses at the outer surface are readily relieved. 

2. Tensile stresses at the inner surface are even more readily relieved. 

3. Compressive stresses at the inner surface are not readily relieved. 

The reason for this behavior is not too difficult to visualize. Stress 
relief is accomplished by a relaxation of shear stresses on plastic move- 
ment. The fact that the longitudinal and tangential stresses are in the 
same direction and about the same magnitude makes relaxation dependent 
on plastic flow in the radial direction. This is subject to the geometric 
limitation that flow toward the axis of the cylinder causes a decrease in 
diameter and therefore displaces the tangential stress in the compressive 


2J. H. Hollomon and C. Zener, “Quenching and Hardenability of Hollow Cylinders,” 
Transactions, American Society for Metals, Vol. 33, 1944 p. 1. 
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direction. It is to be expected, therefore, that at the surface of the bore of 
the cylinder tensile stresses will be readily relieved while compressive 
stresses will be persistent. Likewise at the outer surface of the cylinder 
the compressive stresses are more readily relieved than tensile stresses 
would be. It can also be expected that the effect would be more notice- 
able at smaller diameters. 

Written Discussion: By Thomas J. Dolan, research professor, Theo- 
retical and Applied Mechanics, University of Illinois, Urbana, III. 

The authors are to be commended for this careful study of the 
quenching stresses developed in hollow cylinders. Their logical explana- 
tions for the differences observed in water-quenched versus oil-quenched 
steel cylinders of different carbon content is a distinct contribution to our 
knowledge of some of the factors that are of importance in determining 
the final state of inherent stresses in a machine part. 

The existence of a martensitic shell comprising the outer layers of 
the drastically quenched specimens of carbon steel, which resulted in sur- 
face residual stresses somewhat smaller than those below the surface, 
would lead one to predict that for large members of alloy steel this rim 
would be somewhat thicker due to the greater hardenability. This condi- 
tion probably would exist even for slow quenching but would be accen- 
tuated to greater depth by rapid quenching. Thus for solid bars which 
have sufficient mass effect to prevent “through-quenching” to martensite, 
a rather complex (unknown) distribution of residual stresses is induced 
by quenching. Furthermore, unless exceedingly high drawing tempera- 
tures are employed, these residual stresses are not entirely removed by 
tempering but remain in some modified pattern in the final part as placed 
in service. Undoubtedly the residual stresses play an important part in 
affecting the final strength characteristics of a machine member; they 
may in many cases be fully as important as the stresses imposed by 
externally applied-loads. The designer should therefore have at his dis- 
posal some means of estimating magnitude and distribution of the inher- 
ent stresses (whether they be beneficial or harmful) before he can pro- 
duce with any assurance a safe, economical design. 

In studying the data of Table II, it is of interest to note that after 
draw temperatures as high as 800°F (425°C) sustained for 8 hours, these 
metals still retained relatively high residual stresses (ranging from 19,000 
to 28,000 psi compression). While these values are lower than the residual 
stresses observed for the “as-quenched” condition, they are still of con- 
siderable magnitude, and emphasize the futility of employing an ordinary 
low-temperature stress-relief heat treatment for cases in which an attempt 
is made to remove all harmful residual stresses. It is evident that much 
higher temperatures must be employed before an approach can be made 
to complete removal of residual stresses. 

The authors have emphasized mainly the longitudinal stresses in con- 
nection with strengthening effects for shafts in fatigue. There are, of 
course, numerous other applications in which the circumferential or tan- 
gential stresses at the bore or at the outside diameter might be of par- 
ticular importance. For pressure cylinders subjected to internal or to 
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external pressure, or for applications such as piston pins for internal com- 
bustion engines, hollow steel rollers, flywheels, etc., the data they have 
compiled have a direct application in at least a qualitative manner. The 
process of “auto-frettage” or cold working of cannon is employed to de- 
velop favorable (compressive) circumferential residual stresses in the bore. 
From the authors’ data it appears probable that a carefully controlled 
process of heat treatment could develop a similar state of residual stress 
and make it unnecessary to resort to the use of the expensive equipment 
and tedious processing required to produce the desired residual stresses 
by “auto-frettage”. 

There is one other aspect of the problem that is not mentioned 
directly in the paper, but which is encountered in producing machine 
parts. In many manufacturing processes it is not possible to schedule the 
heat treatment to follow the machining to final dimensions; therefore, the 
usual sequence of operations requires stock to be removed from the sur- 
faces of a member after heat treatment. Since the maximum residual 
stresses are at or near the surface, the machining operations will remove 
the most highly stressed layers. As a result, a redistribution of stress 
at interior points must occur to maintain equilibrium in the remaining 
metal. From this viewpoint, boring out layers of material having com- 
pressive stresses is equivalent to the addition of tensile stresses at the new 
bore surface; for known initial conditions the remaining residual stresse~ 
might be computed approximately for any particular case if inelastic 
action does not occur. However, it seems probable that the stresses at 
interior points after removal of surface layers could be evaluated accu- 
rately by simple super-position of the stresses obtained from the data 
recorded by the authors. It would be of interest if the authors could 
present in their closing discussion some concepts of the relative amount 
of residual stress remaining in the bore after the first surface layers had 
been removed, or those remaining on the outside diameter after the 
removal of a surface cut. These values would serve as a basis for esti- 
mating the amount of inherent stress to be expected in a finished part on 
which machining operations were necessary after final heat treatment. 

Written Discussion: By H. J. Schrader, research professor, Theo- 
retical and Applied Mechanics, University of Illinois, Urbana, IIl. 

The authors have done a splendid job of determining the residual 
stresses in hollow cylinders and I feel that this paper is a fine contribu- 
tion to engineering literature. 

Abnormally high stresses, caused by accidental loads or localized 
heating, may eliminate some of the benefits of the residual compressive 
stresses on the surface. However, under normal operating conditions the 
stress situation may give an additional safety factor or, when the designer 
has reasonable assurance of no accidental high loads, a decrease in the 
size of a shaft may be possible. 

Even though the determination of residual stresses is a tedious time- 
consuming proposition, I hope the authors will find it feasible to continue 
with this study, using solid cylinders. Applications of this method of 
heat treating for high surface compressive stresses would be numerous 
in the railroad industry, especially if applied to solid cylinders. 
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Authors’ Reply 


The authors wish to thank Messrs. Bryant, Koehler, Dolan, and 
Schrader for their comments on residual stresses. The discussions by the 
first two gentlemen require no answer. 

It is quite possible as pointed out by Professor Dolan that the stress 
patterns in alloy steels may be quite complex. In some cases tension 
may be developed at the outer surface. A German paper*® which we have 
recently examined has data which indicate such a condition was produced 
in 27.3-millimeter alloy bars. 

Quench and draw treatments may be used for production of stress 
patterns for other applications than those mentioned originally by us. In 
any such application, it probably would be advisable to check the actual 
stress pattern by the Sachs method in order to be sure of the pattern 
actually produced. 

In connection with the question asked about stress redistribution 
when layers are removed from the surface or bored from the interior, a 
study was made on one cylinder to determine the redistribution of stress 
when a given layer was removed from the surface. It was found that the 
stress at the new circumference was slightly higher in compression than 
it was at the same location before the turning operation. It was pointed 
out in the paper that the effect of tempered martensite toward reduc- 
tion of the compressive stress on the surface of the cylinder could be 
practically eliminated if this area could be turned off. 

Professor Schrader’s comments regarding the possibility of removal 
of residual stresses by abnormally high stresses produced by external 
loading or heating are entirely valid. We have found that heat from a 
machining operation without the use of coolant may definitely affect 
stresses. 


8H. Buhler and H. Buchholtz: “Uder die Wirkung von Eigenspannungen aug die 
Schwingungskestigkeit,” Mitteilungen aus dem Forschungs-Institut der Verewmigte Stahl- 
werke Aktiengeselischaft Dortmund, Band 3, Lieferung 8, September 1933. 








TRANSVERSE MECHANICAL PROPERTIES IN HEAT 
TREATED WROUGHT STEEL PRODUCTS 


By Cyrit WELLS AND Rosert F. MEHL 


Abstract 


Average, variation, and degree of control of each of 
the properties—transverse reduction of area, transverse 
wmpact, and yield strength—have been determined for 
several units of heat treated wrought steel products. These 
units vary considerably in size: minimum, a part of a 
single tube or forging; maximum, several hundred tubes 
or forgings. Based on the quality and degree of control 
of quality observed per unit, specifications which operate 
more efficiently and economically for the acceptance of 
tubes for certain purposes have been developed. 

Studies have been made of the effect on transverse 
ductility of (a) size of ingot, (b) forging reduction, (c) 
yield strength, (d) reheat treatment, and (e) nonmetallic 
inclusions. Relations between transverse reduction of 
area and transverse impact and between transverse impact 
and yield strength have been determined as has also the 
relation of angle between longitudinal axis and flow line 
direction in specimens to mechanical properties. 

Significance of angular fracture and of porosity re- 
sulting from deep acid etching in relation to transverse 
reduction of area quality are discussed and evaluated. 


INTRODUCTION 


N a recent publication (1)* it was pointed out that as a result of 
research work done at the Carnegie Institute of Technology on 
gun tubes, three series of papers are to be written on the subjects of 
(a) Transverse Mechanical Properties in Heat Treated Wrought 


1The figures appearing in parentheses pertain to the references appended to this paper. 


This paper is based on work done for the Office of Scientific Research and Development 
under Contracts No. NDCre-120, OEMsr-143, and OEMsr-771 with the Carnegie Institute 
of Technology in Pittsburgh. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, Cyril Wells is 
associated with the Metals Research Laboratory, and Robert F. Mehl is director 
of the Metals Research Laboratory, Carnegie Institute of Technology, Pitts- 
burgh. Manuscript received April 15, 1948. 
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Steel Products, (b) Factors Affecting Steel Ingot Quality, and 
(c) Causes of and Remedies for Quench Cracking in Heat Treated 
Wrought Steel Products. So far, five papers in the second series, 
(1) to (5) inclusive, have been published. 

The present paper, which is the first on the subject of “Trans- 
verse Mechanical Properties in Heat Treated Wrought Steel Prod- 
ucts”, consists primarily of a summary of material which is later 
to be reported in greater detail in other papers of the series. This 
procedure, while unusual, appears to be desirable, since it quickly 
brings together into one publication many pieces of interrelated infor- 
mation which are believed to be of immediate interest and value to 
many producers and purchasers of wrought steel products. 

Studies of mechanical properties, especially yield strength, trans- 
verse reduction of area, and notched-bar transverse impact, were 
made primarily to secure such information as would be useful (a) in 
the development on sounder principles of specifications for the 
acceptance of wrought gun tubes, and (b) as a basis for improving 
metallurgical practices, especially with respect to heat treatment and 
inspection procedures. To reach this major objective, it was neces- 
sary to determine as quantitatively as possible many relationships 
of interest to design engineers and metallurgists generally. These 
determinations involved comprehensive statistical studies of thou- 
sands of suitable data. Actually about 250,000 tensile and impact 
data for specimens from heat treated wrought steel products of 
various sizes (minimum 2.5 to 5.5 inches O.D. and 85 inches long, 
and maximum 17 to 25 inches O.D., 8.5 inches I.D., and 340 inches 
long) were received from the armed services and industry; these, 
together with about 3000 laboratory data, were used in numerous 
investigations. The information obtained is presented and discussed 
in appropriate sections which follow: its usefulness (a) in the 
development of specifications for the acceptance of wrought gun 
tubes and (b) as a basis for improving metallurgical practices is 
indicated in sections on Specifications (page 794) and Modification 
of Heat Treatment Practice (page 798). A large number of data 
were used in statistical studies and considerable care was taken to 
avoid bias in sampling in order that confidence in conclusions sub- 
sequently drawn would be justified from a statistical point of view.’ 





_ 8A discussion of statistical methods used in investigations referred to in this publica- 

tion is given in a paper now being written by C. Wells and E. G. Olds on the subject, 

a se of Statistical Methods for the Evaluation of the Quality of Wrought Steel 
roducts”’. y 
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In the development of specifications for gun tubes, principles 
not previously used for this purpose were successfully applied; as a 
result, more efficient use has been made of available knowledge and 
better gun tube specifications have been written. Fortunately, the 
principles which guided the authors toward the solution of their 
problem are now being used with increasing frequency for solving 
other specification problems. The best solution depends on as com- 
plete a knowledge as possible of (a) the quality of material in- 
spected with respect to each property specified, and (b) the relation 
between each specified property and service performance. Some- 
times it is found that small units which form a larger unit are essen- 
tially alike with respect to a specified property; at other times it is 
found that the average quality among small units varies significantly, 
but the variation within one unit is essentially the same as that within 
any other. Such information as this is of considerable fundamental 
importance and if properly used by those responsible for the writing 
of specifications should result in the acceptance, with considerably 
greater certainty, of materials which should be accepted and the 
rejection of those which should be rejected. Specifications based 
on knowledge obtained in the present investigation should (and did) 
result in the saving of considerable effort consumed (a) in the 
making of unnecessary tests, unnecessary heat treatments and sched- 
ule changes, and (b) in the remanufacture of material to replace 
rejected tubes which should have been accepted. 

Since wrought gun tubes are samples of heat treated low alloy 
wrought steel products,* the knowledge gained from a comprehensive 
statistical study of yield strength, transverse reduction of area, and 
transverse impact quality of heat treated wrought tubes should be 
of value to producers and consumers of heat treated low alloy 
wrought steel products generally. Application to other alloy prod- 


ucts of many of the conclusions drawn as a result of this study is 
also justified. 


DETERMINATION OF MECHANICAL PROPERTIES 


Standard procedures were followed for the determination of 
mechanical properties. Tensile specimens of standard geometry were 
used for the determination of tensile strength, yield strength (0.01% 


*These were usually SAE steels with carbon generally above 0.30 and below 0.45% 
and total alloy content above 1.5 and below 4.5%. Steels of compositions lying between 


a $399 and SAE 4340 were among those most commonly used for gun tubes in World 
ar II. 
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or 0.1% offset), longitudinal elongation, transverse elongation, lon- 
gitudinal reduction of area, and transverse reduction of area. Most 
of the specimens were 0.505 inch in diameter ; some were 0.357 inch, 
and others 0.252 inch. Various rates of loading were used. The 
minimum was 2500 psi per minute and the maximum 100,000 psi per 
minute; usually the rate was about 90,000 psi per minute. 

Specimens used for the determination of Charpy longitudinal 
and transverse impact values were 0.394 inch square and 2.165 inches 
long, and each contained a standard “V” notch; in transverse test 
bars the base of the notch was generally parallel with the direction 
of fiber. Test pieces were practically all broken at either 21 °C 
(70°F) or —40°C (—40 °F). 

Unless stated to the contrary, it should_be assumed that (a) 
tensile specimens are each 0.505 inch in diameter, (b) yield strength 
is measured at 0.01% offset, (c) the rate of loading is about 90,000 
psi per minute, (d) impact specimens are broken at 70°F, and (e) 
the base of the “V” notch is parallel with the direction of the fiber. 


DEFINITION OF TRANSVERSE YIELD STRENGTH, TRANSVERSE 
REDUCTION OF AREA, AND TRANSVERSE IMPACT 
QUALITY FoR A UNIT oF PRropuctT 


The “true” quality of a unit of product with respect to a prop- 
erty such as transverse yield strength (measured at some selected 
“offset” value), transverse reduction of area, and transverse impact 
is arbitrarily defined as the distribution of values of the property for 
all transverse specimens of standard size which can be taken from 
the unit at specified positions. Thus, when a specification requires 
that the centers of transverse tensile specimens shall be always at 
midwall positions which are at least “A” inches from the ends of a 
gun tube, the quality of the unit, with respect to, say, transverse 
reduction of area, consists of the distribution of transverse reduction 
of area values (an infinite number) for specimens whose centers 
include all positions in the midwall of the tube which fall “A” inches 
or more from its ends. In this instance the quality of the unit and 
the tube of which the unit is a part are not identical, although for 
practical purposes the quality of both unit and gun tube is frequently 
sufficiently alike to be considered synonymous. However, the dis- 
tinction between the quality of the unit and the quality of the tube 
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should be noted, and the possibility of the unit and tube having 
significantly different properties should not be overlooked. 

The “determined” quality of a unit with respect to a property 
such as transverse yield strength, transverse reduction of area, and 
transverse impact is considered to be the distribution of values of 
the property for all specimens of a given size taken from the unit 
at specified positions. If only one transverse reduction of area value 
is available, then that value is the determined quality of the unit 
with respect to transverse reduction of area; if 60 values are avail- 
able, then the distribution of the 60 values is the determined quality 
of the unit. Obviously, as the number of values increases, the prob- 
ability that the “determined” quality will better represent the “true” 
quality increases also. 

A unit may be part of a wrought gun tube, a complete wrought 
gun tube, a part of each of several wrought gun tubes, or several 
complete wrought gun tubes; a unit is thought of as consisting 
entirely of specimens, each one of which is separated from all others. 
In general, the units whose qualities have been determined in the 
present investigations consist essentially of the midwall material of 
(a) each of several gun tubes, and (b) each of several groups of 
gun tubes. This is because practically all specimens have been taken 
from midwall positions and specimens taken from these positions 
are truly representative only of midwall material. 


SAMPLING 


While it is impossible to determine the exact quality of a unit 
of product with respect to properties such as yield strength, reduction 
of area, and impact, one can determine quality within the accuracy 
normally desired through the use of ‘a proper sampling plan. Such 
a plan requires that (a) the number of values per sample be large 
enough to insure the precision desired, and (b) the choice of speci- 
mens for which the values are obtained be as unbiased (random) as 
possible. 

The large number of values available per sample and the small 
degree of bias associated with these values have enabled the authors 
to describe yield strength, transverse reduction of area, and trans- 
verse impact quality of each of many units with much more precision 
than usual. Obviously, the transverse reduction of area quality of 
the midwall material of Forging No. 1 from Company 12 is much 
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Average Tensile Strength 164,000psi 
Standard Deviation(TS) 1!,500psi 
Average RAT 44.7% 7 
Standard Deviation (RAT) 4.3% 
Moximum 54.8 % 

Minimum 29.2% 


% of Values 





28 32 36 40 44 48 52 
32 36 40 44 48 52 56 
Transverse Reduction of Area, % 
Fig. 1—Shows the Distribution of 277 Transverse Reduction of Area 
(RAT) Values for Specimens From Forging 1, Company 12. RAT is abbre- 


viation for transverse reduction of area and TS is abbreviation for tensile 
strength. 


more precisely represented by the distribution of the 277 values for 
the 0.252-inch diameter transverse tensile specimens (Fig. 1) than 
would be the case if values were available for only four such 
specimens.* 

A brief discussion of the requirements for a representative 
sample and of measures of its reliability and significance is given by 
Arkin and Colton (6) as well as by many other authors of standard 
texts dealing with statistics. It is pointed out that standard error 


of the mean is given by the formula oz ——. where Ox is the 
N 


standard error of the mean, o is the standard deviation of the sample, 
and N is the number of values per sample. The standard deviation 
of the sample of 277 transverse reduction of area values referred to 
above is 4.3%, and the standard error of the mean is 0.26%. It is 
estimated that the determined average of 44.7% is correct to within 
+ 0.78% (three times the standard error of the mean) with a cer- 
tainty of 99.7%. 





‘In commercial practice usually no more than four transverse reduction of area values 
are available per forging. 


- 
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In investigations referred to here, transverse specimens were 
generally taken from midwall positions in heat treated tubes (Fig. 2) 
and from midradius positions in solid heat treated forgings (Fig. 3). 
With few exceptions, specimens were located at least two-thirds of 
a wall thickness from the ends of tubes and at least two-thirds of a 
diameter from the ends of solid forgings. Longitudinal test pieces 
also came from either midwall or midradius positions located at 
least two-thirds of the wall thickness (in tubes) or two-thirds of the 
diameter (in solid forgings) from the ends. 


12 O°CLOCK 12 O'CLOCK 





6 
Fig. 2—Shows Positions Fig. 3—Shows Positions 
of Transverse Tensile (or of Transverse Tensile (or 
Impact) Specimens With Re- Impact) Specimens With Re- 
lation to Cross Section of lation to Cross Section of 
Tubes. W—wall thickness. Solid Forgings. R—radius. 


The reason for taking specimens from midwall positions located 
at least two-thirds of a wall thickness from the ends of tubes is that 
the quality of material in such specimens is believed to be essentially 
the same as that existing in finished gun tubes and subjected to the 
most severe conditions in service. Mechanical properties of material 
in specimens taken from midwall positions, close to but at distances 
greater than two-thirds of a wall thickness from the ends of a tube, 
are usually considered to be about the same as the properties of 
material in’ specimens which may be taken from other midwall 
positions in the tube, provided they also are more than two-thirds 
of a wall thickness from the tube ends. 

Most commercial data referred to in this paper are for specimens 
taken from midwall positions lying between about two-thirds and 
four wall thicknesses from the ends of tubes, while most laboratory 
data are for specimens taken from midwall positions frequently lying 
considerably beyond four wall thicknesses from the ends. 
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Table I 
Effect of Rate of Loading on Tensile Properties 
Rate of Loading Rate of Loading 
2500 psi per Minute——-——-. 100,000 psi per Minute-—-——— 
Yield Yield 
Strength Strength 
Tensile at 0.01% Tensile at 0.01% 
Speci- No. Strength Offset Strength Offset 
men of (1 unit = (1 unit = RAT* (1 unit = (1 unit = RAT 
No. Pairs 1000 psi) 1000 psi) % 1000 psi) 1000 psi) % 
1 1 132 116 46.0 
1A 130 115 42.9 
2 2 129 113 44.8 
2A 130 115 45.1 
3 3 131 115 44.8 
3A 130 115 47.0 
4 4 130 113 47.7 
4A 129 113 
5 5 130 115 45.3 
5A 129 110 47.2 
6 6 129 113 43.6 
6A 128 113 46.6 
7 7 129 114 47.3 
7A 130 117 45.2 
s 8 129 113 47.7 
8A 127 111 49.9 
9 9 128 113 45.3 
9A 127 111 35.9 
10 10 128 111 46.1 
10A 126 111 46.6 
Average 129 113 45.2 129 114 45.9 


*RAT is the abbreviation for transverse reduction of area. 


EFFECT OF RATE oF LOADING ON YIELD STRENGTH 
AND TRANSVERSE REDUCTION OF AREA VALUES 


Information about the effect of rate of loading on yield strength 
and transverse reduction of area values was required for two reasons. 
Those responsible for the contents of Army specifications for gun 
tubes wished to know whether the maximum specified rate of loading 
requirement could be raised from 30,000 psi per minute to 100,000 
psi per minute without significantly changing yield strength and 
transverse reduction of area values. Also, since the yield strength 
and transverse reduction of area data received from producers of 
gun tubes were for specimens subjected to various rates of loading 
up to a maximum of 100,000 psi per minute, it seemed advisable to 
determine whether or not the influence of variation of loading rate 
could logically be discarded as having no appreciable effect on the 
results of statistical studies discussed in this paper. 

Results given in Table I show that an increase of rate of loading 
from 2500 to 100,000 psi per minute had no significant effect on 
either yield strength (measured at 0.01% offset) or on transverse 
reduction of area values for specimens taken from a heat treated 
gun tube. Ten pairs of specimens were taken from midwall positions 
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Table Il 
Effect of Specimen Size on Tensile Properties 
Vield Strength Yield Strength 
at 0.01% Offset at 0.1% Offset Tensile Strength 
Specimen (1 unit = (1 unit = (1 unit = 
Diam- ——RAT, %—— ——1000 psi)~ ———1000 psi) ——1000 psi) 
er* Standard Standard Standard Standard 
(Inches) Average Deviation Average Deviation Average Deviation Average Deviation 
0.505 39.6 2.65 143 2.39 150 0.76 164 0.63 
0.252 41.8 2.85 136 1.73 148 1.19 164 1.89 


*The geometry of the 56 specimens (28 of each size) was not changed. The 0.505-inch diam- 
eter specimens are standard; 0.252-inch diameter specimens are frequently used when it is not 
possible to obtain those of the larger size and are sometimes referred to as standard ‘‘sub-size”’ 
specimens, RAT is the abbreviation for transverse reduction of area. 





in the tube. The difference between the centers of any two speci- 
mens constituting a pair (when in the tube) was not more than 
about three-fourths of an inch apart. Each tensile specimen had a 
standard geometry and its midlength diameter was 0.357 inch. A 
Peters averaging extensometer at the high rate of loading and a 
Tuckermann extensometer at the low rate of loading were used to 
measure extensions of tensile specimens under load. Data obtained 
by the authors but not included in this paper show that when the 
rate of loading was low, both types of extensometer gave the same 
yield strength values within the limits of statistical significance. 


EFFECT OF SPECIMEN SIZE ON YIELD STRENGTH 
AND TRANSVERSE REDUCTION OF AREA VALUES 


It is usually assumed that standard subsize specimens (0.252 
inch in diameter) can be substituted for those of standard size (0.505 
inch in diameter) without changing yield strength and transverse 
reduction of area values enough to be significant from a practical 
point of view. The present authors believe this assumption is fre- 
quently valid but wish to point out that, from a statistical viewpoint, 
the results given in Table II show the average of 28 yield strength 
values for 0.252-inch diameter specimens to be significantly lower 
than the average of the same number of values for 0.505-inch diam- 
eter specimens.® This is true whether yield strength measurements 


5The difference between averages is considered ered statistically significant if 


ey Apc ae 
ny, 


where y 4 and Te are the two averages, ¢; and oe are the two standard deviations, and 
nm, and ng are the number of tests per averave. The difference between standard deviations 


is considered significant if (0; — oo [| + — > 3. Many statisticians consider 
2n; 2ne 

that when n; or ng is less than 30, the sample size is too small to justify the use of the 

tests of significance indicated above. The present authors have occasionally used these tests 

when n; or ng is as low as 16; however, this has only been done when either the “t’”’ test 

(23) or other information also. supports ‘the conclusions drawn. 
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Table Ill 


Effect of Specimen Size on AVerage Transverse Reduction of Area, Yield Strength, 
and Tensile Strength Values 


Average Yield Strength 


(at 0.01% Offset) Average Tensile Strength 
Average RAT for for 0,252-in. and 0.505-in. for 0.252-in. and 0.505-in. 
0.252-in. and 0.505-in. Specimens Specimens 
Forg- -——Specimens (%)———. ——(1 unit = 1000 psi)——. ——(1 unit =1000 psi) 
ing Disk 0.252-in. 0.505-in. 0.252-in. 0.505-in. 0.252-in. 0.505-in. 
No. No.* Diameter Diameter Diameter Diameter Diameter Diameter 
1 1 47.8 45.7 101 192 126 125 
2 47.4 43.9 98 101 125 125 
2 i 49.3 48.9 90 94 121 122 
2 47.8 42.9 95 97 127 127 
3 1 40.3 38.4 106 113 138 136 
2 44.0 39.2 101 108 134 132 
4 1 37.4 32.3 106 115 137 140 
2 43.2 38.0 105 108 134 134 
Average 44.6 41.2 100 105 130 130 


*From each hollow disk (about 1 inch thick) were taken eight specimens, four of which were 
0.252 inch and four 0.505 inch in diameter. All specimens came from close to midwall positions in 
the disks. Each forging from which the disks were cut was a heat treated gun tube supplied 
by Company 5. 


are made at either 0.01 or 0.1% offset. Decreasing specimen size 
had no significant effect on standard deviation values based on trans- 
verse reduction of area and yield strength results. It is suspected 
that the relatively large difference between the two standard deviation 
values of 630 and 1890 psi (Table II) is not due primarily to speci- 
men size effect. 

The 56 specimens referred to above were obtained in pairs, 
each pair consisting of one 0.252-inch diameter and one 0.505-inch 
diameter specimen; the difference between the centers of any two 
specimens constituting a pair (when in the tube) was not more than 
1 inch apart. All specimens came from midwall material of a heat 
treated gun tube. 

On a basis of the results presented in Tables II and III, it is 
concluded that an increase of specimen size tends to increase average 
yield strength and decrease average transverse reduction of area 
values without affecting average tensile strength significantly. 


Scope oF RESEARCH PROGRAM 


The major objective as previously indicated was to provide 
information which would lead to (a) the development on sounder 
principles of specifications for the acceptance of gun tubes, and (b) 
the consistent production of gun tubes of such quality, relative to 
specified properties, that they would practically always meet specifi- 
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cation requirements. It is believed that a complete quantitative 
knowledge of the quality of gun tubes produced with respect to each 
specified property, and a complete knowledge of the relationship 
between each specified mechanical property and performance in 
service, would provide a sound foundation on which to build a 
specification. Such a specification, based on adequate knowledge and 
properly designed, would accept only material which should be 
accepted, reject only material which should be rejected, and at the 
same time require only a minimum amount of testing to be done for 
the purpose of providing adequate evidence of acceptable or un- 
acceptable quality.* It was obvious that if such a specification were 
written, the expenditure of effort and expense required for the pro- 
duction, processing, testing, and inspection of gun tubes would be 
significantly reduced. 

The scope of the program planned to secure the required 
information involved the co-ordinated effort of a group of workers 
from (a) the Metals Research Laboratory at the Carnegie Institute 
of Technology, (b) companies involved in the production, processing, 
and heat treatment of gun tubes, (c) various NDRC committees, and 
(d) the armed services.’ In general, the gun tube research program 
as executed at the Carnegie Institute of Technology required that 
(a) determinations be made of the average, variation, and degree of 
control of quality with respect to each specified property: yield 
strength, transverse reduction of area, and transverse impact, and 
(b) every effort be made by the Carnegie Institute of Technology 
in co-operation with Army Ordnance and NDRC to utilize the 
results obtained to best advantage in the writing of Army Ordnance 
specifications for the acceptance of gun tubes. The program also 
required that an effort be made to ascertain causes for variation of 
steel quality and to suggest practice changes which, if made, would 
increase the probability of acceptance of all material presented for 
inspection. 

In addition, the research program included a limited study of 
the effect of transverse reduction of area (RAT) on the behavior 
of certain gun tubes; however, no exhaustive study was made on 

®Evidence is considered adequate if it provides the inspector with enough information 


to be practically certain that he accepts only material which should be accepted and con- 
versely. If it is 99.7% certain that the average quality of a forging with respect to a prop- 


erty lies between the limits of X + 3, then it is assumed that it is practically certain the 


average lies between X +3¢ and X—30¢. Here X is considered to be the average of a 
large number of values of the property, and o is the standard deviation of those values. 
7See Acknowledgments. 
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the relation between RAT quality and performance, and no plans 
at all were made to determine the effect of either of the two specified 
properties, yield strength and transverse impact, on the behavior of 
gun tubes in service. The relation between each of the specified 
properties and performance has been studied by Army Ordnance 
personnel and decisions as to what should be the minimum quality 


Frequency 


-3 0 6 - en 
Property 





Fig. 4—Normal Curve Showing the Distribution of Property Values in 
a Normal Universe. X—average; o—standard deviation. 


of acceptable material for gun tubes are based largely on their con- 
clusions. It is readily admitted by all that the relation between each 
specified property and performance in service is not well known and 
considerable time will elapse before such relations can be determined 
sufficiently quantitatively to satisfy all concerned. 


AVERAGE AND VARIATION OF TRANSVERSE REDUCTION OF AREA 


It is well known that if a property varies in a unit in such a 
way as to be precisely represented by a normal curve (Fig. 4), then 
the quality of that unit with respect to the property considered is 
quantitatively described by average (X) and standard deviation (c) 
values. Obviously, when the average and standard deviation of a 
large number of transverse reduction of area values for represent- 
ative samples are high, the average quality of the unit and the 
variation of quality within that unit are also high. 

Actually, for many purposes the transverse reduction of area 
quality of a number of wrought steel products can be described with 
sufficient precision by average and standard deviation values. From 
the determined average (X — 44.7% + 0.8) and standard deviation 
6 = 4.3% + 0.55) reported in Fig. 1, it is estimated that the mini- 
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Table IV 
Chemical Composition of Forgings* 


Com- Forg- Approximate Size of Forgings 





pany ing in Inches——————. 9=——————_————Per Cent -—-——_—_—_————. 
No. No. Length Max. O.D. I.D. C Mn Si Ni Cr Mo V 
12 1 180 7.5 a8 0.28 0.69 0.22 2.49 1.05 0.40 0.08 
15 1 85 5.5 0.26 0:65 0.20 3,90. 6:96 .@.27.... 
15 2 85 5.5 0.36 0.65 0.20 1.90 0.98 0.27 . 
15 3 85 5.5 0.38 0.64 0.22 1.87 0.97 0.24 . 
15 4 85 a. Solid 0.38 0.64 0.22 1.87 0.97 0.24 . 
15 5 85 5.5 Forg- 0.34 0.60 0.18 1.96 1.14 0.25 . 
i5 6 85 5.5 ings 0.3% @0.00. 0.18 1.96 1.14 06.25 .. 
15 7 85 5.3 0.35 0.68 0.22 1.91 0.93 0.26 . 
15 8 85 / 0.33: @308 0.22 2.95 0.98 0:34: .... 
12 2 115 6.5 2.5 0.34 0.65 0.28 2.39 0.92 0.41 0.08 
12 3 180 11.0 3.0 0.38 0.64 0.25 2.05 0.94 0.34 0.09 
15 9 85 3.3 S.F O35: Gite @.25 tise Cee @.8e «ses 
5 1 340 25.0 8.5 0.35 0.72 0.24 0.22 1.40 0.50 0.17 
5 2 340 25.0 8.5 0.38 0.80 0.21 0.41 1.51 0.44 0.15 
15 10 85 aoe Solid 0.24. 6.63. 0.20 1.91 @.95 0.27 .... 
15 11 85 5.5 Forg- 0.36 0.62 0.21 1.90 0.90 0.27 
16 1 85 5.5 ings O.20 -@.66.Giae 2.te.. 6.96 @.5F .... 
13 1 160 10.0 2.5 0.36 0.72 0.26 1.51 0.85 0.33 0.09 
13 2 100 10.0 3.5 0.36 0.74 0.31 1.93 0.85 0.38 0.08 
15 12 85 a 6.20. 6.68. B28 1.92 @.Se. Gist «cs 
5 3 340 25.0 8.5 0.34 0.84 0.21 0.47 1.22 0.49 0.16 
7 1 100 7.8 2.0 G.27 6.68 6,27 6.35. 0.0. 0.28... 


*A}ll steels were fine-grained; those to which vanadium was not added were aluminum-killed. 
Note: P and S each below 0.03%. 


mum and maximum among 277 transverse reduction of area values 
for 0.252-inch diameter specimens cut from Forging 1 of Company 
12 should be on the average about 32.4 and 57.0%, respectively ;* 
the observed minimum is 29.2% and the maximum 54.8%. Forging 
1 from Company 12 was made from a fine-grained basic electric 
steel ; its approximate dimensions and chemical composition are given 
in Table IV. The forging reduction was roughly 4 to 1.° 

If a more precise description of transverse reduction of area 
quality is desired than is given by an average and standard deviation 
value, then a frequency curve such as that of Fig. 1 will serve. Such 
a curve representing the distribution of transverse reduction of area 
values for a large number of specimens (all of one standard size) 
is rarely normal but tends to be skewed as shown. The frequency 
curve given in the figure is typical of those drawn to show the dis- 
tribution of transverse reduction of area values for specimens taken 
from high quality forgings which have been quenched essentially to 
martensite and subsequently tempered to a tensile strength of about 


SThese estimates are based on the assumption that samples are drawn from a normal 
population. According to Pearson, the mean range for a sample of 277 values is 5.70453 ¢. 
Better estimates based on factors not considered here are given in Table VI and discussed 
on page 731. 


®When the area of cross section of an ingot is reduced to one-quarter of its original 
value by forging, the forging reduction is said to be 4 to 1 
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| ! 
32 Average Tensile Strength 150,000 psi ——}——— 
Standard Deviation (TS) 800 psi 
Average RAT 37.5% 
$24 Standard Deviation (RAT) 7.8% 
S j j 
= 
> 
S16 
oe 











14 18 22 26 30 34 38 42 46 50 
18 22 26 30 34 38 42 46 50 54 


Transverse Reduction of Area, % 


Fig. 5—Shows the Distribution of 162 Transverse Reduction of Area Values for 
Specimens From Forging 1, Company 15. RAT is abbreviation for transverse reduc- 
tion of area and TS is abbreviation for tensile strength. 


165,000 psi. A plot of values for specimens taken from a forging 
of poorer transverse reduction of area quality is given in Fig. 5. 
The data are for 0.252-inch diameter specimens from Forging 1 
supplied by Company 15. This forging was quenched to martensite 
and tempered to a tensile strength of 150,000 psi. Chemical com- 
position and forging dimensions are listed in Table IV. Minimum 
and maximum forging reduction was about 15 to 1 and 70 to 1, 
respectively. 

Normally, one expects the variation of transverse reduction of 
area quality to be relatively low when the average is high, and con- 
versely; therefore, it is not surprising to find the variation to be 
lower in Forging 1 from Company 12 than in Forging 1 from 
Company 15, since the former forging has a higher average than 
the latter. Sometimes, however, it was observed that the variation 
was significantly lower in a forging of lower than in one of higher 
average quality. Determined average transverse reduction of area 
and standard deviation values for one forging tempered to 146,000 
psi are 19.8 and 4.9%, respectively, while corresponding values for 
another forging tempered to about the same tensile strength (151,000 
psi) are 37.5 and 7.8%. 

Results presented in Table V support the generally accepted 
belief that the average quality of forgings varies considerably. The 
determined average for one forging tempered to 146,000 psi is 19.8% 
while the average for another forging of the same size and compo- 
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Table V 
Shows Transverse Reduction of Area Average and Variation of Quality Within Each 
of a Number of Forgings 





Transverse Reduction 








Company Forging No. of -—Tensile Strength*—~  — of Area, % 
No. No. Values Average Sigma Average Sigma 
12 1 277 164 cca 44.7 4.3 
15 1 162 151 0.8 37.5 7.8 
15 2 29 154 0.4 36.9 6.0 
15 3 30 147 2 22.3 5.3 
15 4 28 146 2.6 19.8 4.9 
15 5 38 141 1,2 25.5 aoa 
15 6 26 139 0.9 24.6 4.5 
15 7 20 142 0.8 43.8 4.8 
15 8 20 140 1.8 39.6 6.1 
12 2 66 178 can 39.0 3.3 
12 3 53 150 0.9 38.0 7.1 
15 9 91 137 2m 40.4 6.2 

5 1 64 126 1.4 47.7 3.5 
5 2 63 125 2.8 48.4 2.8 
15 10 48 144 es 32.3 7.6 
15 il 47 146 3.4 33.6 8.1 
16 1 62 153 3.8 21.0 7.4 
13 1 59 115 2.0 46.0 3.6 
13 2 21 129 2.6 43.8 5.9 
15 12 50 147 2.8 40.3 3,2 
5 3 32 136 0.7 44.0 4.4 

Average 143 1.7 36.6 5.4 





*Each unit = 1000 psi. 





— X?, where =X? is the sum of the 


Sigma (o) = standard deviation. o = V 
n 
squares of individual values, n is the number, and X is the average of the values. 


Forgings were quenched in water and subsequently tempered. Tensile specimens 
were 0.252 inch in diameter. 





sition and tempered to about the same tensile strength (142,000 psi) 
is 43.8%. Results also show that the variation of transverse reduc- 
tion of area quality, especially in forgings of superior quality, is 
very much larger than is usually recognized. Determined standard 
deviation values reported in Table V lie between a minimum of 2.8% 
and a maximum of 8.1% (average 5.4%). 

The observed maximum difference (range) among values for 
specimens from each of 21 forgings is listed in Table VI. Values 
equal to six times the determined standard deviation (6c) are also 
given. These represent estimates of the magnitude of ranges which 
would be observed if values for 444 specimens were available per 
forging.*®° The lowest, average, and highest values of 60 given in 
the table are 16.8% (Forging 5-2), 32.2% and 50.4% (Forging 15- 
11), respectively. 

10Mean range values for samples of size “‘n” taken from a normal population are given 
in Pearson’s tables. See Tables for Statisticians and Biometricians, Third Edition, Table 


XXII, p. 165. Cambridge University Press, 1931. When “n’” = 444 (444 values per 
sample), the mean range is 6.00079 o. 
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Table VI 


Presents Actual and Estimated Values for (a) Maximum RAT, (b) Minimum RAT, 
and (c) the Difference Between (a) and (b) 


Company 

and Values 
Forging No.of ———Estimated RAT, %——~ -————-Observed RAT, % of 
Number Values Maximum Minimum Difference Maximum Minimum Difference 6¢,% 





12-1 277 54.9 30.4 24.5 54.8 29.2 25.6 25.8 
15-1 162 54.9 13.2 41.7 50.4 14.0 36.4 46.8 
15-2 29 47.1 22.7 24.4 46.7 22.8 23.9 36.0 
15-3 30 32.5 10.8 21.7 31.2 13.2 18.0 31.8 
15-4 28 28.0 8.3 19.7 28.0 10.8 17,2 29.4 
15-5 38 35.3 11.8 23.5 38.0 17.5 20.5 33.0 
15-6 26 32.0 14.2 17.8 32.3 16.0 16.3 27.0 
15-7 20 51.3 33.4 17.9 50.8 31.1 19.7 28.8 
15-8 20 49.1 26.3 22.8 49.0 24.4 24.6 36.6 
12-2 66 45.5 30.0 15.5 45.0 30.7 14.3 19.8 
12-3 53 51.4 19.2 32.2 i-oe One “> 42.6 
15-9 91 53.2 22.5 30.7 47.0 15.1 31.9 37.2 
5-1 64 54.5 38.1 16.4 53.3 38.0 15.3 21.0 
5-2 63 53.9 40.8 13.1 53.5 37.6 15.9 16.8 
15-10 48 46.5 12.5 34.0 45.5 18.2 27.3 45.6 
15-11 47 49.2 11.8 37.4 50.0 17.4 32.6 50.4 
16-1 62 35.4 0.9 34.5 30.1 2.3 27.8 44.4 
13-1 59 53.0 36.3 16.7 52.9 39.2 13.7 21.6 
13-2 21 53.1 30.9 22.2 54.5 32.5 22.0 35.4 
15-12 50 46.5 31.7 14.8 45.9 37.4 8.5 19.8 
5-3 32 $1.6 33.4 18.2 50.1 35.0 15.1 26.4 

Average 46.6 22.8 23.8 45.5 24.1 21.3 32.2 


RAT is abbreviation for transverse reduction of area. Sigma (¢) = standard deviation. 


If each forging had been cut up entirely into transverse tensile 
test specimens, and transverse reduction of area values had been 
determined for each specimen, then the observed difference between 
minimum and maximum among the values per forging would have 
been higher (in some instances much higher) than those reported. 
Larger sample size and more adequate sampling would both have 
tended to increase determined range values and would have allowed 
average and variation of forging quality to be described more quanti- 
tatively. Generally, in present investigations, only midwall material 
of tubes and midradius material of solid forgings were sampled; i 
addition, samples rarely included material located closer than two- 
thirds of a wall thickness from the ends of tubes or closer than two- 
thirds of a diameter from the ends of solid forgings. Considerable 
evidence is now available which shows that the average transverse 
reduction of area quality across a forging may be and frequently is 
quite large; for this reason it is believed that standard deviation fig- 
ures based on samples coming from only midwall or midradius posi- 
tions may be significantly lower than figures based on samples which 
are more representative of whole forgings and not of only midwall 
or midradius material. 
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Moderately good agreement exists between comparable esti- 
mated and observed values given in Table VI. Estimates of maxi- 
mum, minimum, and range (difference between maximum and mini- 
mum) are based on (a) an assumption that the mean range of 
samples of size “n” taken from a normal population is approximately 
‘equal to the range (in terms of standard deviation) of samples of 
size “n” taken from a forging, (b) an assumption that usually about 
0.416"* of the range is above and 0.584 is below the average, and 
(c) determined average (X) and standard deviation (0) values. 
According to Pearson (7), the mean value when “n” = 277 is 
5.070453 o; therefore, the estimated range for the 277 transverse 
reduction of area values for Forging 12-1 (Table VI) is 24.5%, 
since 6 = 4.3%, and the estimated maximum value is 0.416 K 24.5% 
+ 44.7% = 54.9%, since X = 44.7%. 

A. discussion of the causes of variation of transverse reduction 
of area quality and of the significance of that variation, especially 


in its relation to specifications, is given in appropriate sections which 
follow. 


CONTROL OF TRANSVERSE REDUCTION OF AREA QUALITY 


The extent to which the transverse reduction of area quality 
of a product is controlled largely determines the amount of data 
needed to describe the quality of each unit of that product adequately. 
Obviously, when all units are alike, then the distribution of “n’” data 
which adequately describes the transverse reduction of area quality 
of one unit also describes that of any other unit equally well. 

Units are considered to be essentially alike when all of a suff- 
ciently large number of “average” and “range” values for unbiased 
samples from these units fall between control limits.** Since all 
averages and ranges, except one for samples from midwall positions 
in disks cut from Forging 1 of Company 12, fall within control 
limits, it is concluded that the midwall material of each disk is 
essentially like that in any other. The evidence that Disk 53 


1uWhen the range (R) is 6¢, it is assumed that usually the maximum is about 2.5¢ 
2.5 


above and the minimum is 3.5 ¢ below the average, i.e., 





= 0.416 R is above and 





is below the average. 


“Tentatively any number of values above 60 (30 averages plus 30 ranges) are accepted 
as sufficient to indicate whether or not a number of units, properly sampled, are essentially 
alike. Each range is the différence between the maximum and minimum value in a sample, 


and each average is the sum of all the values in a sample divided by the number of values 
in it. 
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Average Tensile Strength 164,000 psi 


Average 
UpLa 
OPO 
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Sample Number 


Fig. 6—Shows the Transverse Reduction of Area Quality of the Midwall Material 
in Each of 67 Disks From Forging 1, Company 12, to be Essentially Alike. * Sample 
1 consists of four transverse reduction of area (RAT) values for 0.252-inch diameter 
tao from Disk 1. Sample 2 consists of four RAT values for specimens from 

isk 2, etc. 


(Fig. 6) is of poorer transverse reduction of area quality than the 
others is too weak to be conclusive. One of the four values for 
specimens from Disk 53 is lower than that observed for any speci- 
mens from other disks. Nonmetallic inclusions are believed re- 
sponsible for this unusually low value. 

All disks referred to above are from the large end of the tube. 
These were about 34 inch thick and were cut transverse to the 
longitudinal axis of the forging at positions of 17 inches (Disk 1), 
173% inches (Disk 2) and so on to 68 inches (Disk 67) from the 
large end. Four transverse tensile test specimens were taken from 
midwall positions of each disk. The maximum difference among 
the four transverse reduction of area values for the specimens is a 
“range” (plotted as a closed circle) ; the average of the four values 
is plotted as an open circle, Fig. 6. Range control limits given in 
the figure are 0 and 17.8%, and average control limits are 50.4 and 
39.1%."* The average of “ranges” is 7.8% and the average of 
“averages” is 44.7%. 

From results given in Fig. 6, it is concluded that the control 
of transverse reduction of area quality of midwall material in 
Forging 1 from Company 12 is such that a large enough sample 

8Calculated limits for “averages” are X + 0.729 R and limits for “ranges” are 0 and 


2.282 R. X = 44.7% and R= 7.8%. When each sample consists of only two values, the 
limits for averages are X + 1.88 R, and for ranges 0 and 3.268 R. 


a 
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Average Tensile Strength 140,000 psi 
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Fig. 7—Suggests From a Practical Point of View That Trans- 
verse Reduction of Area (RAT) Quality of All Tubes From Heat 
1, Company 14, Is Essentially Alike. Each of 102 samples (one 
per tube) consists of two RAT values for 0.357-inch diameter 
specimens from a midwall position close to the small end of a 
rolled and pierced tube. 


(number of values for specimens) taken from one midwall region 
between 17 and 68 inches from the heavy end is practically equal in 
quality to any other equally large sample taken from other positions 
between the limits mentioned. Probably, for most practical purposes, 
it is reasonable to assume that an adequate sample from the midwall 
material in one region of a forging is equivalent to a similar sample 
from the midwall material in any other region.* This assumption 
is generally (at least tacitly) accepted and is the basis for the con- 
clusion that results for samples from the ends of forgings are ade- 
quate to describe the quality of forgings. However, there is reason 


“This forging is believed to have been quenched essentially to martensite before being 
uniformly tempered and therefore there is no metallurgical reason to suspect that the 
transverse reduction of area quality of the ends is significantly different from that of other 
parts of the forging on account of heat treatment. 
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Average Tensile Strength 136,000 ps! 
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Fig. 8—Suggests That the RAT Quality of All Tubes From 
Heat 2, Company 14, and From One Ingot Position (Top, Middle, 
or Bottom) Is Alike. Each of 95 samples (one per tube) con- 
sists of two RAT values for 0.357-inch diameter specimens from 
a = position close to the small end of a rolled and pierced 
tube. 


to suspect that the transverse reduction of area quality of midwall 
material, such as that not sampled in Forging 1 and consisting of 
steel from bottom thirds of ingots, is lower on the average than the 
quality of material from the adequately sampled regions. This sus- 
picion is based on the fact that transverse reduction of area quality 
is frequently lower in material from bottom thirds of ingots. 

From results plotted 4n the coftrol charts of Figs. 7 and 8, it 
appears that all tubes from the same heat (Heats 1 and 2 from 
Company 14) and from a similar ingot position (top, middle, or 
bottom) are probably alike within the limits of practical significance. 
Out of about 100 averages and 100 ranges plotted in each of the 
above-mentioned figures, no averages (open circles) and two ranges 
(closed circles) are outside the control limits in Fig. 7, while one 


= 








1949 MECHANICAL PROPERTIES OF STEEL 735 


average and two ranges are outside the limits shown in Fig. 8. It 
seems quite reasonable from these results to expect that all tubes 
made from Heat 2 would have been essentially alike in transverse 
reduction of area quality if one instead of three tubes had been made 
from each ingot. In this instance it is assumed that all the steel from 
an ingot which normally went into three tubes would have gone into 
only one. 

Strong evidence supporting the belief that the transverse reduc- 
tion of area quality of tubes varies with the position in ingots from 
which they come is given in Fig. 8; other evidence somewhat weaker 
but supporting the same belief is given in Fig. 7. Calculated average 
(X) and standard deviation (o) figures based on transverse reduc- 
tion of area values for 0.357-inch diameter specimens from tubes 
from (a) tops, (b) middles, and (c) bottoms of ingots comprising 
Heat 2 are (a) 47.1 and 5.8%, (b) 43.2 and 8.1%, and (c) 39.6 
and 9.2% ; comparable figures based on values for specimens taken 
from tubes from (a) tops, (b) middles, and (c) bottoms of ingots 
comprising Heat 1 are (a) 44.5 and 4.3%, (b) 44.3 and 5.4%, and 
(c) 43.3 and 5.3%." 

Heats 1 and 2 from Company 14 consisted of fine-grained 
aluminum-killed basic open-hearth steel. This was cast into ingots 
(roughly 21 inches in diameter just below the hot top) and was 
subsequently rolled and pierced to give about 100 tubes per heat. 
Three tubes were made per ingot, one from each of top, middle, and 
bottom positions. Tubes were about 115 inches long and had an 
O.D. of about 7 inches for most of the length. The I.D. was 
approximately 2.5 inches. All tubes were quenched in water and 
tempered to a tensile strength of about 140,000 psi. Chemical com- 
position of the heats was as follows: 


Cc Mn P S Si Ni Cr Mo 


Heat No. 1 0.36 0.84 0.014 0.018 025 186 085 0.37 
Heat No. 2 0.36 080 0.015 0.017 024 189 0.76 0.38 


Studies of a large number of transverse reduction of area data 
for specimens from tubes in each of several hundred heats have led 
to the conclusion that within the limits of practical significance all 
tubes in a heat have usually the same transverse reduction of area 





These standard deviation values are calculated from the formula o = —— — X? 
a n 
R 
and not from the relation ¢ = —— 
1.128 
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quality. The variation of quality among tubes from each of most 
heats is believed to be much better represented by the results given 
in Fig. 7 than in Fig. 8. 

Average and standard deviation data based on samples taken 
from individual forgings and from groups of forgings constituting 
heats are given in Table VII. It may be observed from these data 
that the maximum difference between any determined transverse 
reduction of area average for a sample from a group of forgings 
comprising a heat and for a sample from a tube in that heat is 3.3% 
(43.8 to 40.5%). It may also be observed from data given in the 
table that each difference between two determined standard deviation 
values, one based on a sample from a heat and the other on a sample 
from a tube from that heat, lies between a minimum of 0% (4.3 to 
4.3%) and a maximum of 2.9% (7.4 to 4.5%); only one of these 
differences (2.9%) is so high as to indicate definitely a significant 
difference between the two standard deviations.*° Much of the 
difference observed between the two averages or two standard devia- 
tions making up each pair considered above is frequently due to the 
combined effect of sampling error and the use of more than one 
specimen size.‘’ If this effect were always absent, all the forgings 
in each of many heats investigated would appear to be much more 
nearly alike than they do now. 

The results given in the control chart of Fig. 7 and Table VII 
are typical of thousands of others which support the conclusion that, 
with few exceptions, all tubes in a heat are essentially alike in trans- 
verse reduction of area quality. While the thousands of data re- 
ferred to above are available and have been studied, they cannot be 
included here because of space restrictions. 

Not only does it appear extremely probable that all similarly 
heat treated forgings from any arbitrarily selected heat will, if 
thoroughly tested, be found to have essentially the same transverse 
reduction of area quality, but it also seems quite probable that all 
forgings from any arbitrarily selected group of ten or even more 


1*Tt is assumed that the populations sampled are in sufficiently good control (in the 
control chart sense) and the samples are large enough to justify the conclusion that two 
. . . . . o:” 2? 
standard deviations appear to be significantly different if (o1 — oo — + — > 3. 
2n; 2ne 
When o; = 7.4%, o2 = 4.5%, m, = 53 and ng = 26, the value of the expression is 3.05. 
17Sampling error is controlled largely by sample size and sample size is limited by eco- 
nomic factors. To increase sample size (number of values for specimens) when only a small 
amount of material was available, 0.252-inch diameter rather than 0.357-inch diameter or 


0.505-inch diameter specimens were frequently used. The 0.252-inch diameter specimens 
were considered standard for laboratory work. 
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Table VII 


Shows Degree to Which the Transverse Reduction of Area Quality Is the Same for an 
Individual Forging as for a Group of Forgings from the Same Heat 








Heat 
and Transverse Company Transverse 
Com- No. of Reduction and Reduction 
pany Forg- No.of Average —of Area, %— Forging No.of Average —of Area, %—-~ 
No. ings Values TS Average Sigma No. Values TS Average Sigma 
1-12 5 20 160 41.7 4.3 12-1 T 277 164 44.7 4.3 
1-15 32 32 148 34.7 8.5 15-1 M 162 151 37.5 7.8 
15-2 T 29 154 36.9 6.0 
2-15 38 38 147 22.8 5.8 15-3 M 30 147 22.3 5.3 
15-4 B 28 146 19.8 4.9 
3-15 44 53 142 25.4 7.4 15-5 T 38 141 Zo.0 Pe 
15-6 M 26 139 24.6 4.5 
4-15 44 44 145 40.5 6.9 15-7 M 20 142 43.8 4.8 
15-8 B 20 140 39.6 6.1 
2-12 9 18 184 36.7 3.6 12-2 T 66 178 39.0 3.3 
3-12 4 16 157 36.0 6.8 12-3 T 53 150 38.0 Toe 
5-15 42 42 138 41.5 5.8 15-9 M 91 137 40.4 6.2 
6-15 18 18 144 34.4 6.5 15-10B 48 144 32.3 7.6 
7-15 21 21 147 36.8 5.3 15-11B 47 146 33.6 8.1 
1-7 5 20 104 57.1 2.6 7-1 M 16 104 56.0 4.4 
Average 147 37.0 5.7 Average 146 35.6 5.7 


TS =Tensile strength; each unit is 1000 psi. 

T, M, or B (column 7) signifies specimens come from top, middle, or bottom third of the 
forged ingot. 

All specimens from groups of forgings (column 2) were 0.357 inch in diameter except those 
from Heats 1 to 3, Company 12, and Heat 1, Company 7. Specimens from other groups were 


0.505 inch in diameter. All specimens from individual forgings (column 7) were 0.252 inch in 
diameter. 





consecutively made heats will, if thoroughly tested, similarly be 
found to have essentially the same transverse reduction of area 
quality. Hundreds of control charts have been plotted which, con- 
sidered together, amply support this conclusion. One typical control 
chart, showing that all the forgings from seven consecutive heats 
made by Company 17 are probably alike within the limits of practical 
significance, is plotted in Fig. 9. These heats, numbered 1 to 7, 
were cast into ingots with a 24-inch round cross section just below 
the hot top. Ingots were subsequently made into forgings having 
a length of about 160 inches, a maximum O.D. of 10 inches, and an 
I.D. of 2.5 inches. These were quenched in water and tempered to 
a tensile strength of about 120,000 psi. All forgings are fine-grained 
and have chemical compositions lying between the following limits: 





Per Cent of rion 


C Mn P S Si Cr Mo V 
0.28 0.71 0.012 0.012 0.25 0.97 0.47 0.10 
0.30 0.80 0.019 0.014 0.31 1.02 0.51 0.13 


Averages (open circles) and ranges (closed circles) plotted in 
the control chart of Fig. 9 all fall either within or quite close to 
control limits. Each average plotted in the chart consists of an 
average of four transverse reduction of area values for 0.505-inch 
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Heat Number 
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Fig. 9—Gives Evidence Showing That the Transverse Reduction of Area 
(RAT) Quality of All Forgings From Heats 1 to 7 (Company 17) Is Prob- 
ably Identical Within Limits of Practical Significance. Values of four 0.505- 
inch diameter specimens (two from each end of a forging) constitute a sample. 
All specimens come from midwall positions located more than two-thirds of a 
wall thickness from the ends. Eight forgings constitute a heat. 


diameter specimens from the midwall material in a forging and 
each range consists of the maximum difference among the four 
values. The average of 32 transverse reduction of area values for 
specimens consisting of midwall material taken from each group of 
eight forgings comprising a heat is 46.2% minimum (Heat 7) and 
51.0% maximum (Heat 3) ; calculated standard deviation values are 
3.5% minimum (Heat 4) and 5.2% maximum (Heat 5). The 
average of all 224 values (32 for each of 7 heats) is 48.6% and the 
standard deviation is 4.5%. From a statistical point of view the 
maximum difference of 4.8% (51.0 to 46.2%) among the averages 
is significant, but the maximum difference of 1.7% (5.2 to 3.5%) 
among the standard deviations is insignificant;> from a practical 
viewpoint, both maximum differences are insignificant. 

In those instances where control chart evidence shows a variation 


- 
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of transverse reduction of area quality in a practice beyond that 
normally expected, it is frequently found that (a) all forgings within 
certain heats have lower transverse reduction of area quality than 
usual and (b) the variation of transverse reduction of area quality 
within tubes in such heats is normal, but the’ average transverse 
reduction of area quality is lower than normal. Typical data sup- 
porting this conclusion are given in the control chart of Fig. 10. 


Heat Number 
| 2 3 4 5 6 7 8 





| 5 9 I3 i a 25 29 


Forging Number 

Fig. 10—Suggests (a) the Variation of Transverse Reduction of 
Area (RAT) Quality Within Any One Forging Is Practically = 
Same as That Within Any Other in These Eight Heats and (b) the 
RAT Quality of Forgings From Some Heats Is Significantly Differ- 
ent From That of Forgings From Other Heats. Values of four 
0.505-inch diameter specimens (two from each end of a forging) 
constitute a sample. All specimens come from midwall positions 
located more tham two-thirds of a wall thickness from the ends. 
Four forgings constitute a heat. 


While all ranges (closed circles) fall within calculated control limits, 
averages (open circles) do not. Averages for samples from forgings 
from the first of the eight consecutive heats from Company 13 
referred to in the figure are usually low; however, the ranges for 
the same samples all fall well within control limits. 

Heats 1 to 8, inclusive, referred to in the above figure, were 
cast into ingots with a 34-inch square cross section just below the 
hot top. These ingots, consisting of basic electric fine-grained steel, 
were subsequently made into forgings having a length of about 210 
inches, a maximum O.D. of 18.5 inches, and an I.D. of 7.5 inches. 
Each forging was quenched in water and tempered to a tensile 
strength of about 130,000 psi. A typical composition is as follows: 


C Mn P S Si Cr Mo V 
0.34 0.74 0.012 0.010 0.31 0.85 0.38 0.08 
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From a practical point of view, the average transverse reduction 
of area quality of a product made by one company does not normally 
differ significantly from that of a similar product made by another 
company. Of six products consisting of forgings 160 inches long, 
7.5 inches maximum O.D., and 2.5 inches I.D. and coming from 
Companies 5, 6, 8, 10, 11, and 13, respectively, none had a deter- 
mined average lower than 30.9% (yield strength at 0.1% offset 
152,000 psi) or higher than 35.3% (yield strength 145,000 psi). 
This difference of 4.4% (35.3 to 30.9%) is approximately the maxi- 
mum normally expected to be observed among six determined aver- 
ages such as those referred to above. Occasionally a difference of 
more than 10% has been observed as is evident from results included 
in Table VIII; the determined average for Product 1 (Company 1) 
is 50.3% (yield strength 115,000 psi) while the average for Product 
15 (Company 15) is only 37.7% (yield strength 119,000 psi). 
Units of Product 1 were made from much smaller ingots and during 
forging were reduced in cross section much less beyond the optimum 
than were units of Product 15; this explains at least some of the 
large differences noted, since excessive forging reduction tends to 
lower average transverse reduction of area quality as is apparent 
from results included in the section entitled “Effect of Forging 
Reduction on Longitudinal and Transverse Reduction of Area 
Quality”, page 754. 

The conclusion that average transverse reduction of area quality 
of one product is usually about the same as that of any similar 
product is based on the assumption that each of the products con- 
sidered consists of forgings which are quenched in water and tem- 
pered at least approximately to the same yield strength. Obviously, 
Product 4 (Company 4—Table VIII), tempered to a yield strength 
of 75,000 psi, is expected to and does have a higher average trans- 
verse reduction of area quality than Product 9 (Company 9), tem- 
pered to a yield strength of 93,000 psi. If the forgings constituting 
Product 9 had been tempered to a yield strength of 75,000 psi, it is 
probable that the determined average transverse reduction of area 
value would have been about 51.4%, a value only 3.6% lower than 
the figure listed for Product 4.** 


Standard deviation data included in Table VIII (Column 9) 





18It is assumed that when yield strength is raised by 5000 psi, transverse reduction 
of area is lowered by about 1. 5%; evidence supporting the validity ‘of this assumption is 
iven under the subheading, “Relation between Transverse Reduction of Area and Yield 
»trengt page 


at 
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Table VIII 


Average and Standard Deviation Figures Based on Transverse Reduction of Area Data 
for a Large Number of Forgings from Each of Several Companies 


Approx. Forging Transverse Average YS 
Com- Ingot Cross Dimensions in Inches—.Approx. Approx. Reduction of at 0.01% 
pany Section Just Max. No.of No.of -—Area,%—~ Offset 
No Below Hot Top Length O.D. I.D. Heats Values Average Sigma (psi) 























1 10 in. square 85 §.5 S.F.* 72 600 50.3 3.3 115,000 
2 12 in. square 85 $.3 S.F. 20 700 47.2 5.4 111,000 
3 13 in. round 85 5.5 S.F. 10 200 43.1 4.1 109,000 
4 13 in. round 50 7.0 a9 102 4100 55.0 3.6 75,000 
5 16 in. round 160 7a a.5 3 100 33.7 4.0 143,000 
43 in. round 410 20.0 7.0 45 720 39.5 3.6 109,000 
46 in. round 340 25.0 8.5 40 320 37.4 4.9 114,000 
6 16 in. round 160 ei as 11 200 31.0 3.9 155,000 
7 17 in. round 100 7.5 2.0 51 1500 54.3 3.0 74,000 
8 18 in. round 160 7.5 2.5 5 36 30.9 4.3 152,000 
33 in. round 210 18.5 7.3 124 1500 41.9 4.3 109,000 
9 18 in. round 50 7.0 2:3 8 1200 46.0 3.7 93,000 
10 18 in. square 160 7.5 2.2 36 240 35.3 $.4 145,000 
11 18 in. square 160 t. 2.5 3 120 34.7 3.6 152,000 
12 19 in. round 160 10.0 ae 153 2450 46.1 3:3 108,000 
13 21 in. round 160 Pe aun 30 1170 33.2 5.0 158,000 
34 in. square 210 18.5 7s 75 1200 44.3 4.8 110,000 
14 21 in. round 115 8.5 2.5 190 3400 44.3 4.1 117,000 
15 20 in. x 23 in. 85 5.5 S.F. 30 1500 37.7 3:3 119,000 
16 20 in. x 23 in. 85 $.5 S.F. 55 4500 34.1 6.6 135,000 
17 24 in. round 160 10.0 ee 45 1500 48.1 4.8 100,000 
42 in. round 410 20.0 7.0 33 280 41.5 5.0 108,000 
48 in. round 340 25 0 8.5 40 300 41.1 5.1 101,000 
Average 41.3 4.4 118,000 
*S.F. = Solid forging. 
Standard deviation (¢) values of column 9 have been calculated from the formula 
R Zain 
o =—; A is a constant which depends on sample size, R is the average range, and ¢ 
A 


is the standard deviation. Unless stated to the contrary as in this instance, assume 









>x2 

standard deviation values have been calculated from the formula o = — — X?, 
n 

Chemical compositions of forgings referred to above usually lie between the follow- 


ing limits: 
Cc Mn P S Si Ni Cr Mo V 
0.25 0.50 0.20 0.20 0.50 0.20 0.00 
0.45 1.00 <0.03 <0.03 0.40 3.00 2.00 0.60 0.20 






All forgings were quenched in water and tempered. 














support the belief that at least from a practical point of view the 
variation of transverse reduction of area quality within the midwall 
material of a typical forging (or heat unit*®) produced in one prac- 
tice is usually about the same as that in the midwall material of a 
typical forging (or heat unit) produced in any other of the many 
practices considered. In general, the variation is such as to be well 
enough represented for most practical purposes by a standard devia- 
tion of 4.5%. 


Standard deviation (o) values listed in the table were calculated 






1A “heat unit’? consists of all the forgings of the same dimensions made from a heat 
and subjected to the same treatment. 
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from data obtained as a result of using two procedures. In one 
procedure a sample consisted of two transverse reduction of area 
values, one for a 0.357-inch diameter specimen from a midradius 
position close to the large end of one solid forging and the other for 
a specimen from a similar midradius position in another solid forging 
from the same heat. The difference between the two values con- 
stitutes a range, and from “n” transverse reduction of area values 
available (one per forging) 4 n range data were obtained. The 
average of the 4%4n range values is R (average range) and standard 
deviation values are calculated from the formula o (standard 


deviation) = 





=e In the second procedure a sample consisted 
of values for two 0.505-inch diameter specimens both taken from a 
midwall position close to one end of a forging. Of the data con- 
stituting samples, about 50% were for specimens from the large end 
and 50% were for specimens from the small end of forgings. As 
in Procedure 1, the difference between values in a sample constitutes 
a range, the average of all ranges is R, and standard deviation values 
R 
1.128 

values calculated from this formula are sufficiently accurate for most 
purposes, providing “n’’ is large and the range values practically all 
fall within control limits. Usually, in the present investigation, ‘“‘n” 
(the number of transverse reduction of area values used) was quite 
large (Table VIII) and more than 95% of all range values fell with- 
in control limits. Control limits used by the authors are 0 and 3.628 
R when two, 0 and 2.114 R when four, and 0 and 2.004 R when six 
values constitute a sample. 

The variation among standard deviation values and the average 
of these values based on data in Table VIII are lower than the 
variation and average based on data in Tables V and VII; this is 
to be expected since (a) many of the individual forgings referred 
to in Tables V and VII, for which a large number of transverse 
reduction of area data are available, were deliberately selected from 
“heat units’ each of which varies in transverse reduction of area 
quality much more than normally, and (b) no such selection was 
made in the choice of forgings referred to in Table VIII. Part of 
the greater variation among the standard deviation figures in Tables 
V and VII may be due to larger sampling errors caused by sample 
size effect, since with few exceptions each of these figures is based 


- 


are calculated from the formula o = Standard deviation 
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on only a small fraction of the data used in the determination of 
each of the standard deviation figures appearing in Table VIII. 

It is believed that every standard deviation (0) value listed in 
Table VIII (one per each of 23 practice units)*° indicates sufficiently 
precisely for most practical purposes the variation of transverse 
reduction of area quality within the midwall material of forgings 
obtained in a practice. However, the authors suspect that the 
standard deviation figures listed are too low to describe accurately 
the excessive variation existing within an occasional forging coming 
from the 23 practices considered in the table. Enough lack of con- 
trol of ranges was observed when suitable data were plotted on 
control charts to arouse this suspicion. 

It is apparent from material presented in this section and from 
an enormous amount of other data available to the authors that 
sufficient control of transverse reduction of area quality exists within 
forgings, heat units and practice units to enable one to predict quite 
frequently and with ample certainty for most purposes (a) the 
transverse reduction of area quality of forgings using data for 
specimens taken only from positions close to the ends of forgings 
and (b) the transverse reduction of area quality of each forging 
in a heat (or practice) unit from a knowledge of the transverse 
reduction of area quality of the heat (or practice) unit; this conclu- 
sion is valid in many instances where transverse reduction of area 
values are available only for tensile specimens from a small fraction 
of the total number of forgings in the unit. 

The importance of information, such as is presented in this 
section, to personnel responsible for the development of specifications 
which include a transverse reduction of area requirement and to 
metallurgists who have the responsibility of making a product which 
meets this requirement as frequently as possible will be considered 
in appropriate sections entitled “Specifications”, page 794, and 
“Modification of Heat Treatment Practice’’, page 798. 


RELATION BETWEEN TRANSVERSE REDUCTION OF AREA 
AND YIELD STRENGTH 







It is well known that in a wrought steel product quenched to 


%A “‘practice unit” consists of all the forgings made consecutively in a practice over 
an arbitrarily selected period of time; each Sorgen. has the same dimensions and is assumed 
to be treated like any other in the practice unit. ractice Unit 1 (Company 1, Table VIII) 
consists of 600 forgings from 72 heats; Practice Unit 2 (Company 2) consists of 700 


eamnge from 20 heats, and so on, to Practice Unit 23 which has in it 75 tubes from 40 
eats. 
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martensite and subsequently tempered the transverse reduction of 
area quality varies inversely with yield strength; however, quanti- 
tative information about this relationship has remained quite meager 
until results presented in this section became available. Evidence 
presented here shows that an increase of 5000 psi in yield strength 
is accompanied by a decrease of about 1.5% in transverse reduction 
of area. 

Materials used in the determination of the relation between 


_| Standard Error of Estimate (Sy)= 3.4% 
Correlation Coefficient (r) =-0.94 
Y = -0.30X + 80.3 
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Fig. 11—Shows Relation Between Transverse Reduction of Area and 
Yield Strength in a Quenched and Tempered Seamless Tube (Tube No. 
14-2). The Y coordinate of each of the four data points represents an 
average of 50 transverse reduction of area values for 50 specimens and 
the X coordinate represents an average of 50 yield strength values for 
the same 50 specimens. 


transverse reduction of area and yield strength are described in 
Table IX and results are given in Table X and Fig. 11. 

The three seamless tubes referred to in Table IX came from the 
top third of ingots while the forging consisted of an entire ingot 
except for top and bottom discard. Four sections, each between 1 
and 2 feet long, were cut from a tube. All sections consisted of steel 
from the top third of ingots. Pieces were quenched to martensite 
and subsequently tempered. The four pieces from each tube were 
tempered to different yield strengths; minimum and maximum yield 
strength level values are given in Column 2, Table X. Values of all 










MECHANICAL PROPERTIES OF STEEL 
















Table 1X 


Data Describing Material Used in the Determination of the Relation Between 
Transverse Reduction of Area and Yield Strength 











Com- 

pany Approx. Size of Approx. 
and Tube in Type Reduction 
Tube Inches——- of ————Per Cent—-——-— —.by Forging 
No. Lgth. O.D. I.D. Tube c Ma ? Ss Si Ni Cr Mo V _ or Rolling 
14-1 90 5 1.5 Seamless 0.36 0.78 0.02 0.02 0.17 1.89 0.81 0.41 .... 20tol 
14-2 90 5 1.5 Seamless 0.34 0.71 0.02 0.03 6.26 1.84 0.75 0.34 .... 20tol 
14-3 115 7 2.5 Seamless 0.38 0.78 0.01 0.03 0.31 1.96 0.85 0.36 .... iStol 
12-2 115 6.5 2.5 Forging 0.34 0.65 0.01 0.01 0.28 2.39 0.92 0.41 0.08 3.4tol 


Tubes 14-1, 14-2, and 14-3 were all made of basic open-hearth steel. Tube 12-2 was made of 
basic electric steel. 

Reduction by forging or rolling is described by the ratio of cross section of ingot before to 
cross section after forging or rolling. 

Each tube was quenched to martensite and drawn to various yield strength levels. 


























four levels to which sections from Tube 14-2 were tempered are 
indicated by X co-ordinates of center points of circles drawn in 
Fig. 11. From each of the four sections per tube were cut about 
fifty 0.252-inch diameter transverse tensile test specimens and a 
yield strength and transverse reduction of area value was obtained 
for each specimen. The 400 or so data per tube, together with 
appropriate formulas, were then used in calculations of a correlation 
coefficient (r), a regression line relating transverse reduction of area 
(Y) and yield strength (X), and a standard error of estimate (S,). 
The formulas referred to are as follows: 


Pee 

n 
re sa cadeunane ees 1. 
Ox Oy 










= correlation coefficient 

transverse reduction of area values 
yield strength values 

arithmetic mean of X values 
arithmetic mean of Y values 

total number of either X or Y values 
standard deviation of X values™ 
standard deviation of Y values™ 
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¥-—Y=—r (x—¥X) ee a 2. 


S. — oyV1 —r ttt eee eeeeeees 3. 
Sy = standard error of estimate. 
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21¢x is calculated from the expression ox = \ — X2 and cy from the expression 
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Table X 
Data Showing Relation Between Transverse Reduction of Area and Yield Strength 


Effect of 





Company YS Range No.of No. of r Equation (name of 
and Tube (1 unit = YS RAT (Correlation of Regression Sy mat” 
No 1000 psi) Values Values Coefficient) Line % on oR % 
14-1 102-177 199 199 —0.94 Y= -0.33X+79.1 3.7 1.6 
14-2 99-178 200 200 —0.94 Y=-0.30X+80.3 3.4 1.5 
14-3 106-186 199 199 -0.91 Y= -0.27X+74.7 3.7 1.4 
12-2 83-147 204 204 -0.89 Y= -0.28X +80.7 3.5 1.4 
YS = Yield strength. 
RAT = Transverse reduction of area. 
Sy = Standard error of estimate (see page 31). 
= Transverse reduction of area in per cent. 
X = Yield strength at 0.01% offset in special units (1 unit = 1000 psi). 


It is probable that the formulas given above are sufficiently self- 
explanatory to satisfy most readers; however, if more detailed infor- 
mation is needed, it can be found in Arkin and Colton’s book (6) or 
in other standard texts. 

A standard deviation has been calculated from transverse re- 
duction of area values for the 50 specimens taken from each of the 
sections cut from the four tubes referred to in Table X; on the 
average these standard deviations support the conclusion that over 
a wide range of yield strength the variation of transverse reduction 
of area quality within a quenched and tempered forging is practically 
independent of yield strength level. One calculated standard devia- 
tion based on 50 values for specimens taken from a section of 
Forging 12-2 tempered to 83,000 psi is 2.9% while another based 
on 50 values for specimens from a section of the same forging 
tempered to 147,000 psi is 3.3%. Results given in Table VIII also 
support the same conclusion; the determined standard deviation 
based on transverse reduction of area values for specimens from 
forgings in one “practice unit” having an average yield strength of 
about 75,000 psi is 3.6% and based on values for specimens from 
forgings in another “practice unit” having a yield strength of about 
155,000 psi, it is 3.9%. Since over a wide yield strength range the 
variation of transverse reduction of area appears to be as high in a 
forging drawn to one yield strength level as another, it appears 
reasonable to suppose that all three lines drawn in Fig. 11 should be 
parallel as shown. 

All 200 yield strength and 200 transverse reduction of area 
values for specimens taken from Tube 14-2 fell (as expected) within 
the space between the two dashed lines in Fig. 11. 

Information reported in this section made it possible to use 
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transverse reduction of area data for specimens from wrought steel 
products tempered to widely different yield strength levels much 
more effectively (a) in the development of certain specifications, (b) 
in the study of the effect of various factors on transverse reduction 
of area quality, (c) in the determination of the degree to which the 
transverse reduction of area quality of any Product A would differ 
from any other Product B if both had been tempered to the same 
yield strength instead of to different yield strength levels. Product 
A is here assumed to have actually a much higher (or lower) yield 
strength than Product B and each product is assumed to consist of 
any one of the following units: a forging, a heat unit, or a practice 
unit. Knowledge of the relation between transverse reduction of 
area and yield strength also resulted in a modification of heat treating 
practice which markedly increased the probability that each forging 
submitted for inspection would meet specification requirements. 
(See section entitled “Modification of Heat Treatment Practice’, 
page 798.) 


EFFeEcT OF REHEAT TREATMENT 
ON TRANSVERSE REDUCTION OF AREA QUALITY 


Many metallurgists believe that among forgings quenched and 

tempered to the same yield strength those which have been reheat 
- treated are likely to have a significantly higher transverse reduction 
of area quality than those which have not. While in some instances 
this belief appears reasonable, data offered to support it are fre- 
quently so biased and misinterpreted that the conclusions drawn are 
quite erroneous. Bias results from a failure to obtain samples which 
adequately represent the transverse reduction of area quality of the 
product being considered. Much more bias exists among data than 
is generally realized because of the commonly accepted viewpoint 
that the variation of transverse reduction of area quality within forg- 
ings is much less than it really is. A correct interpretation of a 
sufficiently large amount of representative data leads to the conclu- 
sion that a reheat treatment consisting of either (a) a retemper or 
(b) a requench and temper over and above a normal quench and 
temper treatment probably has a small but usually insignificant effect 
on the transverse reduction of area quality of forgings, providing the 
forgings are tempered*to the same yield strength before and after 
reheat treatment and during quenching the austenite is transformed 
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essentially to martensite. Results supporting this conclusion are 
given in Tables XII and XIII. 

The possibility that the quality of very large forgings which 
obviously cannot be quenched essentially to martensite before the 
temper may in general be improved by reheat treatments is readily 
conceded. Some data are available which show the transverse reduc- 
tion of area quality of very large reheat treated forgings to be much 
higher than the quality of the same forgings drawn to the same yield 
strength but not reheat treated. The authors believe that these data 
are not sufficient to justify the conclusion that the quality of large 
forgings is usually improved by reheat treatments, and for the pres- 
ent they have accepted the viewpoint that a drastic improvement of 
transverse reduction of area quality caused by reheat treatment is 
generally obtained only when the original treatment involving a 
quench and subsequent temper has been improperly executed. 

Materials used in the study of the effect of reheat treatment on 
transverse reduction of area quality are referred to in Tables XII 
and XIII. Sizes are given in Tables IV and XIII and compositions 
in Tables IV and VIII. Heat treatments are described in Table XI. 

Results given in Table XII show that neither retempering nor 
requenching and tempering significantly improved transverse reduc- 
tion of area quality except by lowering yield strength. Details of 
heat treatments which each forging received are given in Table XI. 
Two forgings (15-11 and 5-3—Table XII) were retempered and 
two (15-12 and 5-2) were requenched and tempered. It is estimated 
that if the four forgings had been drawn to 120,000 psi, the deter- 
mined averages per forging before and after reheat treatment would 
have been 37.2 and 39.0%, 39.2 and 39.8%, 40.9 and 41.9%, and 40.0 
and 40.2%, respectively. Determined standard deviations before and 
after reheat treatment are 8.1 and 7.0%, 4.9 and 3.6%, 3.3 and 4.0%, 
and 2.7 and 2.7% 

Additional data are given in Table XIII supporting the belief 
that (a) retempering and (b) requenching and tempering treatments 
which do not affect yield strength normally have little effect on aver- 
age transverse reduction of area quality. Among the tubes referred 
to in this table, those in Groups 1B, 4, and 6 were all retempered 
and those in Groups 2B, 8, 10, and 12 were requenched and tem- 
pered. Details of heat treatments are given in Table XI. It is esti- 
mated that if all tubes had been tempered to a yield strength of 
100,000 psi, determined group unit averages before and after reheat 


od 
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Table XI 
Description of Heat Treatments 


Heat Treatment—Approximate 
Prior Treatment 
1 2 3 -——Quench——. ——Temper— 
Time at Time at Time at Time at Time at 
Temp., Temp., Temp., Temp., Temp., Temp., Temp., Temp., Temp., Temp., 
°F Hrs. °F Hrs. °F Hrs. °F Hrs. °F H 


After forging, forging was cooled and heated for quench 1625 6 1080 
Treatment same as 1 plus additional temper 1080 

1640 21 1520 20 1200 14 1680 1200 
Treatment same as 3 plus additional temper 1100 
Same as 1 plus requench and temper 1625 1080 
Same as 3 plus requench and temper 1680 1200 

1640 14 1240 1600 1250 
Same as 7 plus additional temper 1250 


1700 5 1500 1175 
Same as 9 plus additional temper 1175 


1550 20 1600 1140 
Same as 11 plus additional temper 1140 
Same as 7 plus requench and temper 1600 1250 

1700 24 1650 10 1300 
Same as 14 plus requench and temper 1650 10 1300 
Same as 9 plus requench and temper 1500 5 1175 





After each prior treatment (1, 2, or 3), tubes were furnace-cooled or air-cooled to at least 
below their transformation range before being treated for the quench. 

After tempering, tubes were either air or furnace-cooled. 

Tempering temperatures listed are probably correct within + 50 °F (28°C). 

All tubes were nen in water. 


treatment would have been 41.3 and 42.4% (Groups 1A and 1B), 
41.8 and 44.4% (Groups 2A and 2B), 44.4 and 44.1% (Groups 3 
and 4), 40.7 and 40.1% (Groups 5 and 6), 40.5 and 38.6% (Groups 


7 and 8), 44.3 and 42.3% (Groups 9 and 10), and 32.4 and 33.5% 
(Groups 11 and 12). 


Following is constitution of the group units referred to above: 


The 58 tubes in Group 1A are the same as in Group 1B 
also and the 18 tubes in Group 2A are the same as in Group 2B. 
Group Unit 3 contains 2 tubes from each of 35 heats and 3 from 
each of 6 heats, 41 of these tubes from the same 41 heats con- 
stitute Group 4. Group 5 contains 6 tubes from each of 22 heats 
and 22 of these from the same 22 heats constitute Group 6. All 
tubes of Groups 7 and 8 come from the same heat. Group 9 
consists of 14 tubes from each of 39 heats and 13 from each of 22 
heats, 61 of these from the same 61 heats constitute Group 10. 
Group 11 consists of 4 tubes from each of 75 heats and 23 tubes 
from 23 of these heats constitute Group 12. 


It is believed that (a) tubes from the same heat and (b) tubes 
from the same well controlled practice?* are alike so frequently when 


Control charts based on the 1200 yield strength and 1200 transverse reduction of 
area values for specimens from tubes in Group 11 established the fact that Practice 17 
used by Company 17 was well controlled. Less than 1% of all range and average values 
fell outside of control limits, and these were not far outside. Each sample consisted of 
4 transverse reduction of area values for specimens from each of 300 tubes made consecu- 
tively in the practice; an average is an average of the 4 values per tube and a range is 
the maximum difference anmiong the 4 values. The standard deviation calculated from 


the formula ¢ = sas is 4.8% where R — the average of all range values and o = stand- 
ard deviation. . 
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Table XII 


Data Showing Effect of Reheat Treatments on the Transverse Reduction of Area Quality 
of Each of Four Forgings, Assuming the Forgings to be Tempered Always to the 
Same Yield Strength 


Estimated RAT 


Company Average 

and Treat- Number Number Average YS Average When Vs is Standard 
Forging ment of YS’ of RAT (1 unit = RAT Assumed to be Deviation 

No No. Values Values 1000 psi) % 120,000 psi, % 0 

15-11 1 47 47 132 33.6 37.2 8.1 

2 48 48 122 38.4 39.0 7.0 

5-3 3 16 16 107 43.1 39.2 4.9 

4 16 16 103 44.9 39.8 3.6 

15-12 1 50 50 122 40.3 40.9 3.3 

5 50 50 132 38.3 41.9 4.0 

5-2 3 31 31 89 49.3 40.0 But 

6 32 32 95 47.7 40.2 2.7 


Treatments 1 to 6 are described in Table XI. Treatments 1 and 3 are original treatments 
which include the first quench and temper; 2 and 4 are retemper treatments, while 5 and 6 are 
requench and temper treatments. 

Compositions and sizes of forgings are given in Table IV. 

YS =VYVield strength at 0.01% offset. 

RAT = Transverse reduction of area. 

Estimated RAT averages (column 7) are based on the assumption that an increase of 5000 
psi in yield strength causes a decrease of 1.5% in RAT and conversely. Evidence given in the 
sector entitled ‘‘Relation Between Transverse Reduction of Area and Yield Strength”, page 29, 
shows this assumption to be quite reasonable. 

Specimen size, 0.252 inch in diameter. 


similarly heat treated as to justify the use of the above group units 
in present studies. 

In Columns 8 and 9, Table XIII, are listed the number of yield 
strength and transverse reduction of area data available per group 
unit. In general, the same number of values per property comes 
from each tube in a group unit; occasionally a difference of one exists 
between the number of data from one tube and from another in the 
same group unit. When more values are available per tube than are 
to be used, those first determined are selected and all others are 
discarded. Among the data for each group unit there are about as 
many values for specimens from the top as from the bottom portion 
of ingots. 

Acceptance of the conclusion that the transverse reduction of 
area quality of quenched and tempered wrought steel. products of 
certain sizes.and compositions are rarely improved by reheat treat- 
ments has already resulted in a drastic reduction of such treatments 
and in a modification of the design of certain specifications. 


RELATION OF ANGLE BETWEEN LONGITUDINAL AXIS AND FLow 
LINE DIRECTION IN SPECIMENS TO REDUCTION OF AREA 


It is well known that longitudinal tensile specimens taken from 
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Table XIII 


Data Showing the Effect of Reheat Treatments on the Transverse Reduction of Area 
Quality of Tubes, Assuming All Tubes to be Tempered to the Same Yield Strength 





Estimated 
Approx. Size of No. of Average Aver- RAT Average 

Com- Tubesin Inches Tubes Group Treat- No.of No. of YS age When YSIs 
pany -—Maximum—. per Unit ment YS RAT (iunit= RAT Assumed to be 
No. Lgth. O.D. I.D. Group No. No. Values Values 1000 psi) % 100,000 psi, % 


5 240 14 4 58 1A 7 232 232 88 44.9 41.3 
58 1B 8 232 232 79 48.7 42.4 
18 2A 7 74 74 78 48.4 41.8 
18 2B 13 74 74 83 49.5 44.4 
8 £145 14 $.5 88 3¢@ 11 352 352 103 43.6 44.4 
41 4 12 164 164 101 43.8 44.1 
12 160 10 2.8 132 5 9 720 720 104 39.5 40.7 
22 6 10 88 88 102 39.5 40.1 
14 115 5.3. 22 Oe 7 9 214 214 119 34.8 40.5 
52 8 16 104 104 117 33.5 38.6 
15 85 5.5 S.F. 832 9 1 832 832 124 37.1 44.3 
61 10 5 61 61 124 35.1 42.3 
17 300 616 5 300 11 14 1200 1200 72 40.8 32.4 
23 12 iS 92 92 68 43.1 33.5 





Treatments 1 to 16 are described in Table XI. Treatments 1, 7, 9, 11, and 14 are original 
treatments which include the first quench and temper; 8, 10, and 12 are retemper treatments, 
while 5, 13, 15, and 16 are requench and temper treatments. 

Compositions of tubes referred to above fall between the limits noted in Table VIII. 

Specimens for all tubes except those supplied by Companies 14 and 15 were 0.505 inch in 
diameter; specimens from tubes supplied by Companies 14 and 15 were 0.357 inch in diameter. 

YS = Vield strength at 0.01% offset. 

RAT =Transverse reduction of area. 

S.F. =Solid forging. 





wrought steel products which have flow lines parallel with their lon- 
gitudinal axis give higher reduction of area values than do transverse 
specimens; therefore, one expects reduction of area values to be 
decreased as the angle between the direction of the longitudinal axis 
and the direction of flow lines in specimens is increased from 0 to 
90 degrees. Brearley (8) using a rolled slab of 0.23% carbon Besse- 
mer steel has observed that as the angle between the direction of the 
longitudinal axis and the direction of flow lines was increased from 
O (longitudinal) to 90 degrees (transverse), reduction of area values 
were decreased rapidly in the range 20 to 70 degrees but only insig- 
nificantly in the ranges of 0 to 20 degrees and 70 to 90 degrees. 
The present authors and their associates have now redetermined this 
relation much more quantitatively than hitherto, using materials listed 
in Table XIV. Results of this redetermination are given in the 
table and in Figs. 12 and 13. 

As the angle between longitudinal axis and flow line direction 
in specimens from Tube 14-4 and Forging 21-1 was increased from 
O to 90 degrees, determined reduction of area averages were de- 
creased and standard, deviations were increased as shown by the data 
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Table XIV 


Data Showing Relation Between Angle of Test and Reduction of Area in Tube 14-4 
and Forging 21-1 


Tube or Diameter of Number of Angle of Average Standard 
Forging Specimens Reduction of Test Reduction of Area Deviation 
No. in Inches Area Values’ in Degrees Values, % % 
14-4 0.252 15 0 60.4 0.7 
0.252 8 22 59.8 0.7 
0.252 16 36 58.4 ee 
0.252 48 54 Sass 5.0 
0.252 48 68 40.9 4.7 
0.252 46 90 39.1 3.7 
21-1 0.357 15 0 58.1 1.6 
0.357 15 18 59.3 0.8 
0.357 15 36 54.9 2.4 
0.357 60 45 42.7 11.3 
0.357 56 54 31.7 12.0 
0.357 55 72 25.1 8.2 
0.357 55 90 25.3 7.4 


Seamless Tube 14-4 was quenched to martensite and tempered to a tensile strength of 166,000 
psi (yield strength at 0.01% offset, 146,000 psi); this tube was about 115 inches long, 6 inches 
O.D., and 2.5 inches I.D. 

Specimens from Forging 21-1 were quenched to martensite and tempered to a tensile strength 
of 150,000 psi (yield strength of 0.01% offset, 130,000 psi); the forging was a 6-inch round. 

Reduction by hot working about 10 to 1 for forging and 20 to 1 for tube. 








Composition 
Per Cent of Element - — 
= Mn Ss Si Ni Cr Mo 
Tube 14-4 0.37 0.82 0.018 0.015 0.28 1.92 0.83 0.38 
Forging 21-1 0.48 0.90 * 0.025 * * * * 


*P, Si, Ni, Cr, and Mo below 0.03, 0.17, 0.1, 0.1, and 0.1%, respectively. 


| 
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Fig. 12—Shows Relation of Angle Between Longitudinal Axis and Flow 
Direction in Specimens to Reduction of Area. (0°—Longitudinal, 90°— 
Transverse.) Maximum and minimum among reduction of area values (at 
each of several angles) are indicated by open circles. Tensile specimens 
were 0.252 inch in diameter and came from Tube 4, Company 14. 
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included in Columns 4, 5, and 6 of Table XIV.2° Maximum and 
minimum among reduction of area values in each of six groups (one 
group per angle) are represented by open circles in Fig. 12; these 
maximum and minimum data show that the variation among reduc- 
tion of area values within each group is quite small when the angle 
is less than 22 degrees, much larger when it is 36 degrees, and very 
large when it is 54 degrees or higher. 

Obviously, the magnitude of the variation observed, especially 
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Fig. 13—-Shows Relation of Angle Between Longitudinal Axis and Flow 
Direction in Specimens to Average Reduction of Area. Data for Curve 1 
are for 0.252-inch diameter specimens from Tube 14-4, Company 14; data 
for Curve 2 are for 0.357-inch diameter specimens from Forging 21-1, Com- 
pany a. oe g 21-1 is an SAE 1045 steel and Tube 14-4 is an SAE 4334 
steel. 2 control limit. L.L.—Lower control limit. 


among reduction of area values for specimens in which the angle 
between longitudinal axis and flow line direction is 54 degrees or 
higher, makes it impossible to represent the relation between angle 
and reduction of area by a single curve; this relation is represented 
in Fig. 12 by a shaded area. The connection between angle and de- 
termined reduction of area averages based on data for specimens 
from Tube 14-4 is shown in Fig. 13; each open circle represents the 
relation between an angle and a determined average and the dashed 





Data for Forging 21-1 were taken from a report entitled Ca Tests for 
Plain Carbon Steel Gun Forgings and Other Ordnance Forgings’, by R. F. Mehl and A. 
H. Grobe, Serial No. M-466, May 3, 1945. This report may be inte on microfilm or 
as photostat copy through the Office of Technical Services, U. S. Department of Commerce, 
Washington 25, D. C. 
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curves represent the limits between which all true averages are ex- 
pected to fall.** 

Curves 1 and 2 of Fig. 13 considered together show the connec- 
tion between angle and average reduction of area in two materials 
which were quenched to martensite before being tempered, one an 
SAE 4335 seamless tube (14-4) and the other an SAE 1045 forging 
(Forging 21-1). Apparently the variation of average reduction of 
area quality with angle is much more pronounced in the forging than 
in the tube. Probably the higher carbon and lower alloy content in 
the plain carbon steel forging is largely responsible for much of 
the difference observed. Both curves show that average reduction 
of area is little affected by angle in the ranges of 0 to 30 degrees 
and 70 to 90 degrees, but in between these ranges the average falls 
very rapidly with increasing angle. 

A better knowledge of the relation between reduction of area 
values and angle between longitudinal axis and flow line direction 
has already resulted in (a) process changes which insure the accept- 
ance of certain products with greater certainty and (b) the conclu- 
sion that no changes need to be made in those specifications which 
require transverse reduction of area quality in accepted material to 
be above a certain minimum, providing the angle between the direction 
of the longitudinal axis of the product and the direction of flow lines 
is less than 20 degrees. If this angle is much more than 20 degrees, 
the position of test specimen normally specified should probably be 
modified. 


ErFect OF ForGING REDUCTION ON LONGITUDINAL AND 
TRANSVERSE REDUCTION OF AREA QUALITY 


Most metallurgists are well aware of the general beneficial effect 
of optimum hot working on ductility and toughness in wrought steel 
products. Results presented in this section generally confirm what 
is already known and in addition show more quantitatively than 
hitherto the effect pf forging reduction on longitudinal and transverse 
reduction of area quality in wrought steels which have been quenched 
at least partially to martensite and subsequently tempered to a given 
tensile strength. 





*These upper and lower limits, designated U. L. and L. L. respectively, are calculated 


from the expression X . + 3o% and X — 30x where X is the determifed average (arithmetical 


mean) and ox = ¢/ Vn; ox is the standard error of the average, o is the determined stand- 
ard deviation based on n, the number of individual reduction of area values. 
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Fig. 14—Effect of Forging Reduction on Longitudinal and Transverse Reduction 
of Area Quality in Forgings _ Renee Company 19. RAL, RAT, U.L., and L.L. are 
abbreviations for longitudinal reduction of area, transverse reduction of area, upper 
limit, and lower limit. (See footnote on page 754.) 

Fig. 15—Effect of Forging Reduction on Longitudinal and Transverse Reduction 
of Area Quality in Forgings From Company 17. 


















Curve 1 in Fig. 14 and Curve 2 in Figs. 14 and 15 show the 
effect of forging reduction on average longitudinal and average trans- 
verse ductility in forgings from Companies 17 and 19. Curves desig- 
nated U. L. and L. L. represent upper and lower limits between 
which true averages are expected to fall. These limits are calculated 
from the expressions referred to and interpreted in footnote 24. 
By increasing forging ratio—ratio of area of cross section of 
ingot before to that after forging—from 1 to 1 (no reduction) to 2 
to 1, longitudinal ductility in Product 19 was increased practically 
to a maximum; at 1 to 1 the determined average of longitudinal re- 
duction of area values for 0.252-inch diameter specimens taken from 
one of the unforged ingots in 59.5%, at 2 to 1 the average is 69.5% 
and at 4 to 1 it is 69.7%. At 1 to 1 the determined average of trans- 
verse reduction of atea values is 60.0%, at 2 to 1 it is 60.4%, and 
at 4 to 1 it is 52.3%; all tensile strength values are close to 92,000 


PEt ote 


ete ta aael 





756 TRANSACTIONS OF THE A. S. M. Vol. 41 


psi. Mehl and Grobe (9) have determined the effect of forging on 
longitudinal and transverse ductility in a plain carbon steel forging 
and have presented curves quite similar in appearance to Curves 1 
and 2 in Fig. 14. Their data indicate that each curve relating forging 
ratio and average transverse reduction of area passes through a 
maximum as does Curve 2. They observed the maximum to be 
sometimes at a forging ratio of 2 to 1 and sometimes at 4 to 1. 

Curve 2 of Fig. 15 shows the relation between forging ratio and 
average transverse ductility in Product 17 as the forging ratio is 
increased from 3 to 1 to 7 to 1; between these limits determined 
averages decreased with increasing forging ratio from 52.3 to 45.5%. 
Yield strength values are all close to 118,000 psi. 

It appears from results given in Figs. 14. and 15 and considered 
together that the optimum forging ratio for Products 17 and 19 is 
certainly below 3 to 1 and may be less than 2 to 1. Forgers in gen- 
eral accept 3 to 1 as being close to the optimum. Many metallurgists 
believe that the forging ratio value contributing most to better longi- 
tudinal and transverse properties increases with ingot size. 

There is reason to believe that beyond a forging ratio of 2 to 1 
or 3 to 1 the amount of decrease of transverse ductility with a given 
increase of forging reduction is frequently largely determined by 
those nonmetallic inclusions which are drawn out into stringers 
during forging and have a detrimental effect on transverse ductility. 
Possibly if steels contained no nonmetallic inclusions, transverse duc- 
tility, like longitudinal ductility, would increase with forging reduc- 
tion almost to a maximum (say at some low forging ratio like 2 to 1) 
and then stay practically constant or change only very slowly with 
additional forging reduction. 

Frequency curves showing the effect of forging reduction on the 
distribution of transverse reduction of area values are given in 
Fig. 16; each curve is based on 340 values for 0.505-inch diameter 
specimens having tensile strengths between 113,000 and 123,000 psi 
(average 118,000 psi). Increasing the forging ratio lowered the 
average from 52.3 to 45.5% and raised standard deviation from 4.0 
to 6.9%. The major portion of the increase of standard deviation 
is probably caused by inclusion stringers which are believed to be 
primarily responsible for specimens for forgings reduced 7 to 1 by 
hot work having transverse reduction of area values of less than 
36%. Stringers produced by a 3-to-1 reduction are on the average 
shorter and presumably not as damaging. 
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Source, composition, and size of ingots used in the present 
investigation are given in Table XV. Product 19 consisted of 8 
ingots poured from five induction furnace heats. Ingots were about 
5 inches square just below the top discard, 4% inches square just 
above the bottom discard, and 25 inches long. The cross section of 
each ingot was reduced by hammer forging to give two square sec- 
tions, one having a forging ratio of 2 to 1 and the other a ratio of 
4to1. Forging temperature was approximately 1204 °C (2200 °F). 
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Fig. 16—Frequency Curves Showing Effect of Forging 
Reduction on Transverse Reduction of Area Quality. Each 
frequency curve is based on 340 values. 


After forging, all pieces were air-cooled, reheated to 940°C 
(1725 °F), normalized, reheated to 871 °C (1600 °F), quenched in 
water, and finally tempered to a tensile strength of 92,000 psi. Four 
transverse and four longitudinal tensile test pieces were cut from each 
of six ingots, while two transverse and two longitudinal test pieces 
were cut from two other ingots; half the pieces were from sections 
having a forging ratio of 2 to 1 and half were from sections having 
a forging ratio of 4to 1. In addition, four specimens, two longitudi- 
al and two transverse, were cut from an unforged, heat treated sec- 
tion of an ingot; this section was a transverse slice about 24 inches 
thick located just below the hot top of Ingot 1. Each specimen blank 
was cut so that its center was located midway between the long axis 
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Table XV 


Results Showing Relation Between Forging Ratio and Reduction of Area Quality 
in Quenched and Tempered Forgings 


Ingot Cross Ingot Cross 


Source Section Just Section Just No. Average Average 
of Below Top Above Bottom of Forging RAT e«RAT RAL 
Material Discard Discard Values Ratio % % % o RAL 
Company19 Sin.square 4.5in. square 2 1tol 60.0 59.5 
28 2tol 60.4 2.6 69.5 7. 
28 4tol 52.3 9.0 69.7 1.6 
Company17 26in.round 18 in, round 340 3tol 52.3 4.0 
340 64tol 48.6 6.0 
340 5 tol 46.5 5.6 
340 7 tol 45.5 6.9 
2 7 tol 67.8 


The forging ratio is the ratio of the area of cross section of the ingot before to that after forg- 
ing; the forging ratio obviously approaches 1 to 1, no forging reduction, as a limit. 

RAT and RAL are abbreviations for transverse and longitudinal reduction of area. 

o Designates standard deviation. 

Average tensile strengths are 92,000 psi for forgings from Company 19 and 118,000 psi for 
those a 17. Yield strength average for forgings from Company 17 is 100,000 psi 
at 0.01% offset. 

Tensile specimens from Product 19 (Company 19) were 0.252 inch in diameter and those 
from Product 17 were 0.505 inch in diameter. 


Approximate Composition 





—_— Per Cent of Element 
Cc Mn P S Si Cr Mo V 
Product 19 0.30 0.50 0.008 0.025 0.25 0.90 0.40 


Product 17 0.30 0.76 0.013 0.012 0.26 1.01 0.49 0.10 








and side surfaces of the forged or unforged ingot and several inches 
from the two ends. 

Product 17 consisted of 170 ingots from 44 basic electric heats 
and had approximately a composition as given in Table XV. Ingots 
were forged into rounds; two forgings were made per ingot, one 
from the top and the other from the bottom half. The maximum 
forging temperature was about 1231 °C (2250 °F) and the minimum 
1036°C (1900°F). After forging, .the pieces were air-cooled, 
reheated to 953°C (1750°F), furnace-cooled, reheated to 912 °C 
(1675 °F), water-quenched, and finally tempered to a tensile strength 
of about 118,000 psi. The forging ratios at ingot positions located 
(before forging) 6, 40, 42, and 88 inches below the hot top were 
4to 1,7 to 1, 3 to 1, and 5 to 1, respectively. Eight 0.505-inch diam- 
eter transverse tensile test specimens were cut from each ingot, two 
from each position at which the forging ratio was 4 to 1, 7 to 1, 3 to 
1, and 5 to 1, respectively. Tensile test blanks were taken from 
midradius positions as indicated in Fig. 3, and each blank was located 
more than two-thirds of a diameter from the nearest end of the 


forging. 
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Table XVI 


Data Showing Relation Between (a) Estimated Average Transverse Reduction of Area 
Quality of Quenched and Tempered Forgings and (b) Original Cross Sectional Area of 
Ingots, Assuming the Forging Ratio to be 3:1 and the Forgings to be Tempered 
to a Yield Strength of 115,000 psi 





Average Estimated Average 
YS at Original Area of RAT Quality, 
No. 0.01% Cross Section of Assuming YS Is 
Com- of Forg- No.of Offset RAT Quality Ingot “X”’ Ins. 115,000 psi and 
pany Item  In- ing RAT (1 unit= ~——%——~ Below Hot Top Forging Ratio Is 3:1 
No. No. gots Ratio Values 1000 psi) Average o¢ in Square Ins. 0 
1 1 600 3.1:1 600 115 50.3 3.5 100 50.7 
2 2 700 4.7:1 700 111 47.2 5.4 144 51.1 
3 3 200 4.4:1 200 109 43.1 4.1 133 45.8 
4 4 38 3.0:1 76 122 43.3 2.6 133 45.4 
5 5a 50 3.5:1 100 143 aa.¢ 4.0 202 44.0 
5b* 80 4,2:1 161 124 37.3 3.1 1450 44.0 
5c* 79 =3.0:1 158 112 38.7 3.5 1660 37.8 
6 6 47 3.5:1 94 154 31.1 3.9 202 44.7 
7 7* 54 4.0:1 108 74 4:9 3.4 227 46.3 
8 8a 18 4.5:1 36 152 30.9 4.3 254 46.8 
8b* 60 3.0:1 120 109 43.5 4.5 855 41.7 
9 9 600 5.0:1 1200 93 46.0 3.7 254 45.2 
10 10 59 5.7:1 118 145 34.6 5.0 324 49.9 
il 11 28 «5S.7:1 56 152 35.4 3.6 324 52.8 
12 12* 77»«=—3.0:1 154 102 47.7 3.8 283 43.8 
13 l3a 289 6.1:1 578 156 32.8 4.6 345 51.6 
13b* 217 3.7:1 434 110 46.1 3.5 1156 47.2 
15 15 500 15:1 500 120 38.5 ee, 460 48.0 
16 16 1000 15:1 1000 134 34.6 6.0 460 48.3 
17 17a*® 170 4.0:1 340 100 48.5 4.2 452 47.7 
17b* 129 4,.0:1 258 123 37.8 5.8 1380 43.6 
17c* 80 3.4:1 160 99 o.3 539 1810 37.6 





*These items were assumed to be quenched essentially to bainite; all others were 
probably quenched to martensite before being tempered. 
Material “X” inches below hot top of ingot is that for which forging ratio and 
transverse reduction of area quality have been determined. 
RAT = Transverse reduction of area. 
YS = Yield strength. 
o = Standard deviation. 





INFLUENCE OF SIZE OF INGOT ON TRANSVERSE 
DvuCcTILITY IN FoRGINGS 


It is generally agreed among those who have had wide experi- 
ence in the making of forgings from ingots of extreme sizes that 
quenched and tempered forgings with the same forging ratio and 
yield strength are more likely to have higher transverse ductility if 
they come from small rather than large ingots. Results supporting 
this viewpoint are given in Table XVI and in Fig. 17. 

The average and transverse reduction of area values for speci- 
mens taken from midwall positions (Fig. 2) in forgings receiving 
the same forging reduction and subsequently quenched and tempered 
to the same yield strength is usually higher when the forgings come 
from smaller ingots; however, variation among values for specimens 
from forgings prodticed in a single practice appears to be, at least 
approximately, independent of whether the forgings come from large 
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Yield Strength at 0.01 % Offset 115,000 psi 
Forging Ratio 3:1 





Average Transverse Reduction of Area, % 


34} Standard Error of Estimate (Sy)=2.9% 
Correlation Coefficient (r) = -0O.62 
= -0.0052X + 48.9 
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Fig. 17—Shows Relation Between (a) Average Transverse Reduction of Area 
Quality of Quenched and Tempered Forgings and (b) Original Cross Sectional Area 
of Ingots, Assuming the Forging Ratio to be 3:1 and the Forgings to be Tempered 
to a Yield Strength (at 0.01% Offset) of 115,000 Psi. U.L. and L.L. are abbrevia- 
tions for upper and lower limit, respectively. 


or small ingots. Data available for Products 1 (Item 1, Table XVI) 
and 5c and for Products 17a and 17c substantiate these conclusions. 
Average and standard deviation figures based on 600 transverse 
reduction of area values for specimens from Product 1 are 50.3 and 
3.5%, respectively ; based on 158 values for specimens from Product 
5c, the figures are 38.7 and 3.5%.”*> Specimens from both products 
consisted of material which had been reduced about 3 to 1 by forging 
and later quenched and tempered to a yield strength of approximately 
115,000 psi. Product 1 was cast into ingots designated as 10-inch 
squares and Product 5c into ingots designated as 46-inch rounds. 
The average of transverse reduction of area values for 340 speci- 
mens from Product 17a (Item 17a, Table XVI) is 48.5% and the 
average for 160 specimens from Product 17c is 40.5% ; standard devi- 
ations are 4.2 and 5.9%, respectively. Both products were from the 
same company, received approximately the same forging reduction, 
*This and other standard deviation figures given in Table XVI are approximate; they 


are calculated from the formula ¢ = R/A where A is a constant which depends on sample 
size, R is the average range based on samples of either 2 or 4, and o is standard deviation. 
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and were quenched and tempered close to the same yield strength. 
Product 17a was cast into ingots designated as 24-inch rounds and 
Product 17c was cast into 48-rounds. Typical compositions are as 


follows: 


—————P er Cent of Element 
Cc Mn P S Si Cr Mo V 
Product 17a 0.30 0.75 0.016 0.013 0.25 098 049 0.12 
Product 17c 0.36 O81 0.011 0.012 026 1.13 0.54 0.10 

























Specimens from these products were taken at least two-thirds of 
a wall thickness from the nearest end of forgings and from midwall 
positions (Fig. 2). The 340 specimens from Product 17a consisted 
of material which had been reduced 4 to 1 by forging, quenched and 
tempered to a yield strength of about 100,000 psi and came from the 
smaller ingots; the 160 specimens from Product 17c consisted of 
material which had been reduced 3.4 to 1, quenched and tempered 
to a yield strength of about 99,000 psi and came from the very large 
ingots. 

All products referred to in Table XVI were made from fine- 
grained basic electric steels and had compositions lying between the 
limits given in Table VIII. Tensile specimens from Products 1, 2, 
3, 15, and 16 were 0.357 inch in diameter; all others were 0.505 
inch in diameter. 

In an effort to utilize the data given in Table XVI to a maxi- 
mum extent for the purpose of indicating, at least approximately, the 
effect of ingot size on transverse ductility in forgings, an estimate 
was made of the average transverse reduction of area quality to be 
expected in each product if the forging ratio were 3 to 1 and the 
yield strength after the quench and temper were 115,000 psi. Trans- 
verse reduction of area averages were estimated from data given in 
Columns 4, 6, and 7, using two assumptions which are: (a) an in- 
crease of 5000 psi in yield strength is accompanied by a decrease of 
1.5% in transverse reduction of area, and (b) transverse reduction 
of area is decreased with increase of forging ratio beyond 3 to 1 as 
indicated by data plotted in Fig. 15. Evidence given in Table X 
shows the assumed relation between yield strength and transverse 
reduction of area to be valid over a very large range of yield strength 
in forgings quenched to martensite and subsequently tempered ; how- 
ever, it is conceded that in forgings quenched to bainite before being 
tempered, the range of yield strength over which the assumed relation 
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is valid may be quite small. With one exception,”® determined aver- 
ages of yield strength values for specimens from quenched and tem- 
pered forgings quenched to something other than martensite before 
being tempered were not more than 16,000 psi above or below 115,000 
psi; therefore, as long as the assumed relation is approximately valid 
over this small yield strength range, estimated transverse reduction 
of area averages for such forgings tempered to 115,000 psi should 
be sufficiently accurate for use in present studies. 

Data from Columns 9 and 10 (Table XVI) plotted in Fig. 17 
show the relation between (a) original cross sectional area of ingots 
at “X” inches below the hot top?’ and (b) estimated average trans- 
verse reduction of area quality of quenched and tempered products 
reduced 3 to 1 by forging and tempered to a yield strength of 115,000 
psi. As cross sectional area (size of ingot) increases, average reduc- 
tion of area (transverse ductility) decreases as indicated by the re- 
gression line shown in the figure. Within a range of about 1700 
square inches (100 minimum, 1800 maximum), an increase of 100 
square inches in the cross sectional area of a round or square ingot 
may be expected to cause a decrease of about 0.5% in average trans- 
verse reduction of area in quenched and tempered forgings with a 
forging ratio of 3 to 1 and a yield strength of 115,000 psi. While 
this conclusion is probably only approximately correct, a tentative 
acceptance of it is believed justified, pending the availability of more 
precise information on the subject. 


It is believed that if all ingots referred to in Table XVI had 
been reduced 3 to 1 in cross section by forging, and subsequently 
quenched to martensite before being tempered, the transverse reduc- 
tion of area quality on the average would have been practically as 
high for midwall material in the large as in the small forgings. Also, 
it appears probable that if the ingots had been reduced 3 to 1 by 
forging, subjected to normal commercial quenching treatments and 
subsequently tempered to a low yield strength of 80,000 psi or so, 
both large and small forgings would have on the average about the 
same transverse reduction of area quality. 

The average of 20 transverse reduction of area values for speci- 





*One product (Item 7, Table XVI) with an SAE 4130 composition was quenched and 
tempered to a yield strength of about 74,000 psi; it is believed that the average transverse 
reduction of area of this product is practically the same as would have been obtained if it 
had been quenched to martensite before being subjected to the high temperature draw 
treatment necessary to give a yield strength of only 74,000 psi. 

"Material ““X” inches below hot top of ingot is that for which forging ratio and 
transverse reduction of area quality haye been determined. 








1949 MECHANICAL PROPERTIES OF STEEL 763 


mens from a large forging (Forging 5-3) about 340 inches long, 25 
inches maximum O.D. and 8.5 inches I.D., reduced 3 to 1 by forging 
and having a yield strength of 115,000 psi, is 39.0% and the average 
of 20 additional values for specimens from the same forging which 
were quenched to martensite and tempered to the same yield strength 
is 46.6%. Averages of transverse reduction of area values for speci- 
mens from small ingots reduced 3 to 1 by forging, quenched to mar- 
tensite and tempered to a yield strength of 115,000 psi are quite fre- 
quently no higher than 46.6%. An average of 20 other transverse 
reduction of area values (a) for specimens retempered to a yield 
strength of 80,000 psi and (b) for specimens quenched to martensite 
and retempered to a yield strength of 80,000 psi is 55.6 and 54.2%, 
respectively. All specimens from the large ingot referred to in this 
paragraph were 0.252 inch in diameter and came from Forging 
5-3. The original cross sectional area of the ingot at positions from 
which specimens were taken was 1660 square inches. 


RELATION BETWEEN TRANSVERSE AND LONGITUDINAL REDUCTION 
oF AREA AT VARIOUS YIELD STRENGTH LEVELS 


For many years metallurgists have known that both transverse 
and longitudinal reduction of area quality of quenched and tempered 
wrought steel products decreases with increasing yield strength; how- 
ever, not until recently when results discussed in this section were 
first obtained did precise information about the relation between 
transverse and longitudinal reduction of area at various yield strength 
levels become available. 

Regression lines (designated RAT and RAL in Fig. 18) and 
limit lines (designated U.L. and L.L.) when considered together 
show the relation (a) between yield strength and transverse reduc- 
tion of area (RAT), and (b) between yield strength and longitudinal 
reduction of area (RAL) for a quenched and tempered seamless 
tube (Tube 14-2) ; calculated correlation coefficients are —0.94 and 
—0.99, respectively. Apparently, transverse ductility in such a hot- 
worked product quenched to martensite and subsequently tempered 
decreases more rapidly with increasing yield strength than does longi- 
tudinal ductility, and the variation of ductility at each yield strength 
level is very much larger in the transverse than the longitudinal direc- 
tion. Within a considerable yield strength range, 180,000 psi maxi- 
mum and 95,000 psi minimum, an increase of 5000 psi was accom- 
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Fig. 18—Relation Between Transverse and Longitudinal Reduction of Area at 
Various Yield Strength Levels in a Quenched and Tempered Seamless Tube (Tube 
14-2, See Table IX). RAT and RAL are abbreviations for transverse and longitudinal 
reduction of area. 


panied by a decrease of about 1.5% in average transverse and 0.95% 
in average longitudinal reduction of area; thus, when at a yield 
strength of 95,000 psi, average transverse and longitudinal reduction 
of area values are known to be 51.8 and 67.8%, respectively 
(RAT/RAL ratio 0.76), then at 180,000 psi they are expected to be 
26.3 and 51.7% (RAT/RAL ratio 0.51). 

Calculated standard deviations based on reduction of area values 
for transverse and longitudinal specimens from quenched and tem- 
pered tubes drawn to different yield strength levels support the con- 
clusion that over a wide yield strength range the variation of reduc- 
tion of area quality—longitudina] or transverse—in a hot-worked 
product quenched to martensite and subsequently tempered is, at least 
approximately, independent of yield strength level. As previously 
pointed out, standard deviations calculated from transverse reduction 
of area values for specimens from sections of Forging 12-2 drawn 


Results given by Janitzky and Baeyertz (10) show that over a wide yield strength 
range and in wrought SAE structural steels as a group an increase of 5000 psi in yield 
strength is usually accompanied by a decrease of about 1% in longitudinal reduction of 
area, providing the steels are quenched to martensite before being tempered. 


-s* 
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to a yield strength of 83,000 psi and 147,000 psi are 2.9 and 3.3%. 
Standard deviations calculated (a) from 16 values for longitudinal 
specimens cut from Section A of Tube 14-2 drawn to a yield strength 
of about 180,000 psi and (b) from 16 values for specimens from 
Section B drawn to 100,000 psi are 1.2 and 1.0%, respectively. 
Equations for the regression lines drawn in Fig. 18 and also 
upper and lower limits were calculated from yield strength and 
reduction of area data for 200 transverse and 48 longitudinal speci- 
mens, each 0.252 inch in diameter and coming from Tube 14-2. 
Formulas used for making these calculations are given on page 31. 
Points representing yield strength and longitudinal reduction 
of area values for 48 longitudinal specimens from Tube 14-2 all 
fell as expected between the upper two of the four limit lines drawn 
in the figure; also points representing yield strength and transverse 
reduction of area values for 199 transverse specimens all fell between 
the lower two of the limit lines. One transverse reduction of area 
value for a specimen having a yield strength of 178,000 psi is 16.0% 
which is below the lower limit; occasional low values such as this 
have frequently been found to be caused by nonmetallic inclusions. 


CORRELATION OF TRANSVERSE REDUCTION OF AREA 
Witu TRANSVERSE IMPACT 


Since values for impact tests reveal various types of brittleness 
—cold brittleness,*® temper brittleness, and brittleness resulting from 
a quenching to something other than martensite before tempering— 
which are not evident from reduction of area values, it is obvious that 
a correlation between transverse reduction of area and transverse 
impact can be expected only for materials relatively free from such 
types of brittleness. In many practices the heat treatment is such as 
to insure that each unit of heat treated product is free from brittle- 
ness, at least at temperatures above —73 °C (—100°F) or so. It 
is in materials from such practices in which the variations of both 
properties result primarily from the same causes (such as variation 
of deoxidation practice and of nonmetallic inclusion content) that 
one may expect to find a correlation between transverse reduction of 
area and transverse impact quality. Such a correlation has been ob- 





Over a narrow range of low temperatures impact but not reduction of area values 
one sporineee from quenched and tempered wrought steels such as Product 14 fall very 
rapidly, frequently to less than 3 or 4 foot-pounds, as the temperature is lowered. At 
temperatures below this range, the steels are said to suffer from ‘“‘cold brittleness.” 
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served among values for specimens from Product 14 and from other 
products similarly heat treated, supporting the viewpoint expressed 
by McAdam and Clyne (11) that in the absence of cold brittleness 
reduction of area is a good index of the impact value obtainable. 
Results given in Fig. 19 show the relation between average trans- 
verse reduction of area and average transverse impact quality in 


Yield Strength at 0.01% Offset = 160,000 psi 
Standard Error of Estimate (Sy) = 2.23% 
Correlation Coefficient (r) = 0.88 

Y =0.81X + 19.1 


on 
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Average Transverse Impact, Ft-Lb 
Fig. 19—Relation Between Average Transverse Reduction of Area 

Seocleas Mebes Chyedens i, Conginy 10). tee 0 comainaes af enh 

circle represents an average "of 24 transverse impact values and the Y 

coordinate an average of 24 transverse reduction of area values. 
Product 14 consisting of seamless tubes quenched to martensite and 
tempered to a yield strength of about 160,000 psi; an increase of 1% 
in average transverse reduction of area is accompanied by an increase 
of about 1.2 foot-pounds in average transverse impact. Standard 
error of estimate and correlation coefficient values are 2.23 and 
0.88%, respectively, and the equation for the regression line is Y 
(average transverse reduction of area in per cent) —0.81 X (aver- 
age transverse impact in foot pounds) + 18.4. 

Calculations of standard error of estimate, correlation coefficient, 
and regression line equation were made using formulas described on 
page 745 and data plotted in Fig. 19. The X co-ordinate of the center 
point in each circle represents an average of 24 transverse reduction 
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of area values for specimens 0.357 inch in diameter taken from mid- 
wall positions (Fig. 2) in six tubes coming from the same heat, and 
the Y co-ordinate of the same point represents an average of 24 
transverse impact values for standard “V” notch Charpy specimens 
coming from similar positions in the same six tubes. The two aver- 
ages associated with one point are based on data from tubes in one 
heat ; averages associated with any other point are based on data from 
tubes in another heat. Charpy specimens were broken at 70 °F 
and tensile tests were made at room temperature. Tubes were each 
about 160 inches long, 7.5 inches O.D., and 2.5 inches I.D., and had 
a typical composition as follows: 





Per Cent of Element— 
C Mn Pp S Si Ni Cr Mo 
0.37 0.80 0.015 0.015 0.27 1.85 0.82 0.38 





Tubes all came from basic electric heats except for those of 
lowest transverse reduction of area and lowest transverse impact 
quality from three basic open-hearth heats. 

Studies of microstructure and hardness of pieces from the 
quenched product and of impact data for specimens from the 
quenched and tempered product convinced the authors that each tube 
considered in this investigation was consistently sufficiently well heat 
treated to insure maximum toughness. Rockwell hardness values 
measured across a section cut from a quenched tube varied by only 
one or two points and “V”’ notch Charpy impact values for transverse 
specimens from a large number of quenched and tempered tubes were 
rarely less at —40°C (—40°F) than at 21°C (70°F) by more 
than 2 or 3 foot-pounds. 

In a few instances the authors have used the relation given in 
Fig. 19 for estimating the maximum average impact quality expected 
to be developed in a unit of wrought steel product of known trans- 
verse reduction of area quality when it is properly heat treated. 
These estimates were made for materials having yield strengths 
between 140,000 and 165,000 psi. For example, determined trans- 
verse reduction of area averages are 44.7% for Forging 1, Company 
12 (tensile strength 164,000 psi, yield strength approximately 145,000 
psi), and 32.0% for Forging 14-2 (yield strength 156,000 psi), and 
estimated average transverse impact values are 32 and 17 foot- 
pounds; determined average transverse impact values are 30.2 and 
18.7 foot-pounds, respectively. 
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ANGULAR FRACTURE 


It is generally assumed that transverse tensile test specimens 
from highest quality quenched and tempered wrought steel products 
should exhibit a cone and cup fracture (Fig. 20a and b) when broken 
in the tensile test. Occasionally, specimens show an angular frac- 
ture (Fig. 20c) in which the relation of fracture surface to fiber is 
as indicated diagrammatically in Fig. 21. Such a fracture causes 


Rolling or 
Forging Direction 
a 





4° About 45° 
ak 





Fig. 21—Appearance of Macro- 

Fig. 20—Photogravh of Broken Specimen etched Broken Tensile Specimen 

With Cone and Cup Fracture (a and b) and With Angular Fracture—Shown Dia- 

of Part of Specimen With Angular Fracture grammatically. Relation of fracture 
(c). surface to fiber is indicated. 


some concern among those producers who associate an angular break 
with low ductility. Results presented in Fig. 22 show that on the 
average transverse reduction of area values for test pieces having 
an angular break are lower than those for pieces having a cup and 
cone break, and there is some justification for believing that if the 
cause responsible for a particular angular fracture had been removed 
so that the broken test piece considered would have had a cup and 
cone fracture, then the transverse reduction of area value for that 
piece would have been higher. However, it is quite apparent from 
the figure that many transverse reduction of area values for test 
pieces with an angular fracture actually are higher than those for 
many other test pieces with a cup and cone fracture. For this reason 
it is concluded that (a) an angular fracture in itself is no certain 
criterion for low ductility and (b) there is little justification for 
suspecting the quality of a product simply because a specimen has an 
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angular fracture, especially if the transverse reduction of area value 
for that specimen is relatively high. 

Data given in Table XVII show that the frequency of occur- 
rence of angular fracture among broken transverse tensile test speci- 
mens from Product 14 and the frequency of occurrence of unusually 
low transverse reduction of area values for specimens having such a 


Average of Transverse Reduction of Area Values 
(a) For specimens with a cup and cone fracture 57% 
(b) For specimens with an angulor fracture 52% 
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Fig. 22—Frequency Curves Showing the Distribution of 
Transverse Reduction of Area Values for Specimens 0.505 Inch 
in Diameter Which Broke to Give (a) a Cup and Cone Fracture 
—Curve A and (b) an Angular Fracture—Curve B. Number 
of values for specimens with a cup and cone fracture equals 
400; number of values for specimens with an angular fracture 
equals 96. Forgings from which test pieces were taken were 
quenched and tempered to a yield strength of about 75,000 psi. 
Composition of forgings is approximately SAE 4140. 


fracture is largely determined by the amount of nonmetallic inclu- 
sions present. As the steel becomes dirtier and the number of 
stringers consisting of small, hard, angular particles increases, the 
frequency of occurrence of specimens with angular fracture and low 
transverse ductility increases also. Out of 76 transverse tensile test 
specimens from seamless Tube 14-4 (Table XVII) containing an 
unusually large quantity of nonmetallic inclusions (SAE rating 
3v4-1 974A) 8° 12 have cup and cone and 64 have angular fractures; 


%An SAE rating of 3°4-154-A signifies that in a surface having an area of 0.5 square 
inches and selected to be parallel with the direction of rolling or forging, 52 disconnected 
inclusions were observed which had a length of between 0.005 and 0.0075 inch (written as 
1524). The longest inclusion was between 0.0125 and 0.0175 inch long and was very dis- 
connected in appearance (written as 3°47). ‘“‘A” signifies that relatively few inclusions 
shorter than 0.005 inch were present. For a detailed description of SAE rating procedure, 
see SAE Handbook (12). 
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Table XVII 
Data Showing Influence of Nonmetallic Inclusions on (a) Frequency of Occurrence of 
Angular Fracture and (b) Transverse Reduction of Area Values for Specimens Which 
Have an Angular Fracture 


Average Minimum _ Maximum 

Inclusion Number of RAT Values RAT Values RAT Values 

Company Rating --Fractures~. ——%— —Io-—— Samet enema 

and Tube (SAE Cup- Angu- Cup- Angu- Cup- Angu- Cup- Angu- 
Number Method) cone lar cone lar cone lar cone lar 
14-4 vd. 152d. A 12 64 48.4 30.0 47.3 15.4 52.4 49.0 


14-5 24.144. A 93 2 58.7 53.0 49.6 50.6 63.1 55.3 





RAT is abbreviation for transverse reduction of area. 

Tensile and yield strength values for the tubes are about 125,000 and 105,000 psi, 
respectively. Specimens were 0.252 inch in diameter. 

Both tubes, each 90 inches long, 5 inches O.D., and 1.5 inches I.D., were made from 
basic electric steel and had approximately the following typical composition: 


Element in Per Cent 


sy asiaesiscepesiptilieneleenepemctenstnsimetn, 
C Mn P S Si Ni Cr Mo 
0.33 0.71 0.015 0.020 0.26 1.84 0.75 0.36 


The method used for rating specimens for inclusions is that recommended by SAE and 
described in the SAE Handbook (12). 





out of 95 specimens from Tube 14-5 containing an unusually small 
quantity of inclusions (SAE rating 2*-1**-A), 93 have cup and cone 
and only 2 have angular fractures. The minimum among the 76 
transverse reduction of area values for test pieces from the dirty 
steel is 15.4% and the specimen having this value broke to give an 
angular fracture while the minimum among the 95 values for test 
pieces from the clean steel is 49.6% and the specimen with this 
value broke to give a cup and cone fracture. The average of the 
transverse reduction of area values for 64 dirty steel test pieces with 
an angular fracture is only 30.0%, whereas the average of the values 
for the 2 clean steel test pieces with an angular fracture is 53.0%. 

Not all specimens from steels which are normally considered as 
being unusually clean have a cup and cone fracture; some have an 
angular fracture. Out of 300 specimens, each 0.252 inch in ‘diameter, 
taken from an SAE 4140 forging quenched and drawn to a tensile 
strength of 105,000 psi, 258 have a cup and cone and 42 have an 
angular fracture. This forging which came from Company 7 is 
clean (SAE rating 1*-1**-A), and no transverse reduction of area 
value for any specimen is below 45.0%. 

A study made to determine why tensile test specimens from 
highest quality, exceptionally clean, and properly heat treated steels 
should sometimes break to give an angular fracture led the authors 
to the conclusion that the type of fracture obtained when a specimen 
from such steels is broken depends to a large extent on the orienta- 
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tion of the dendritic pattern and on the degree of interlocking of 
the dendritic arms. This conclusion is based on the fact that out of 
40 surfaces examined, one close to and parallel with the angular 
fracture surface in each of 40 specimens, 39 have Structure A (Fig. 
23) and 1 Structure B, while out of 50 surfaces comparable with the 
40 referred to above but associated with specimens wtih cup and cone 
fractures, only 19 have Structure A and 31 have Structure B. 

Since angular fracture in highest quality wrought steel products 
depends on orientation of dendritic pattern and therefore on segre- 
gation, a homogenizing treatment is expected to reduce the percent- 





Fig. 23a—Structural Appearance of a Surface Approximately Parallel With 
Surface S (Fig. 21), a Specimen With an Angular Fracture. X10. Fig. 23b—A 
cup and cone fracture. X10. To obtain contrast broken specimens were made 
austenitic, partially transformed to bainite at about 350°C, and subsequently 
quenched in water. 


age of specimens having an angular fracture. Actually all high tem- 
perature, long-time homogenizing treatments did reduce the per- 
centage of angular fractures quite significantly; in one instance the 
percentage was reduced from about 15.1 to 1.7%. In this case, 236 
broken tensile specimens were examined; all had a yield strength of 
about 115,000 psi and came from a high quality quenched and tem- 
pered seamless tube. In homogenizing treatments steels were heated 
to 1350 °C (2462 °F) for 65 hours. 

Insofar as angular fracture depends on the orientation of den- 
dritic pattern and since orientations of dendritic pattern are deter- 
mined by chance, the occurrence of some angular fractures even 
among specimens from high quality forgings is to be expected and 
should give little coricern. Rejection of such high quality material 
because of angular fracture is unwarranted. 
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Fig. 24—Appearance of Deeply Etched Surface of a Disk Cut From Forging 17-1. 
Etchant caused deep pits in specimen blanks 4U, 5U, 6U, and 7U, respectively. On 
the average transverse reduction of area values are as high for specimens from these 
blanks as for specimens from others which are relatively free from pitting. The ten- 
sile strength of each test piece is close to 100,000 psi. Figures appearing on bottom 
of photograph are transverse reduction of area values in per cent. X 1 


TRANSVERSE REDUCTION OF AREA QUALITY OF ForGED MATERIAL 
Wuicu Berore Bernc DEEPLY EtcHED APPEARS SOUND 
BUT AFTERWARDS APPEARS PoRrOUS 


It is assumed by many inspectors that, on the average, transverse 
reduction of area values for specimens taken from a forging are 
likely to be significantly lower if the specimens contain material which 
becomes porous when deeply etched. Results presented in Fig. 24 
and others available to the authors show quite definitely that this 
assumption is frequently invalid. The average of transverse reduc- 
tion of area values for specimens from Blanks 4U to 7U is 40.8% 
and for specimens from Blanks 8U to 11U, it is 40.3%. Blanks 4U 
to 7U showed large pits when deeply etched, while Blanks 8 to 11U 
did not.** After test pieces were broken, they were all subsequently 
etched ; only those from Blanks 4U to 7U contained large pits. All 
specimens were 0.252 inch in diameter and had a tensile strength 
close to 100,000 psi. 

The etched surface referred to in Fig. 24 is perpendicular to 
the longitudinal axis of the forging. The forging which was 
quenched and tempered consists of acid open-hearth steel, is about 
The etchant contained 38% HCl, 12% HsSQ,, and 50% water. It was heated to 


80 °C and pieces to be etched were kept in the hot solution for various times, depending 
on the severity of etching desired. 


ok® 
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Fig. 25a—Photomicrograph of Deeply Etched Surface A. Surface A was de- 
veloped by etching Surface B. xX 8. . Fig. 25b—Enlarged photograph of a sulphur 
print of Surface B. x 2. Fig. 25c—Photomicrograph of deeply etched Surface C 
which cuts Surface A in the severely pitted region and is perpendicular to it. Surface 
C is parallel with the longitudinal axis of the forging. xX 8 








210 inches long, 18.5 inches maximum O.D., and 7.5 inches [.D., 
and has the following composition : 






Per Cent of Element 
C Mn P S Si Mo V 


0.41 0.74 0.039 0.023 0.31 0.42 0.22 


















Deep holes, frequently % inch in diameter and % inch or more 
in depth, observed in etched disks from Forging 17-1 result from the 
preferential attack of hot etchant on sulphide-rich regions. In Sur- 
face B (Fig. 25) a sulphide-rich region was located.. This surface 
was subsequently acid etched and it was observed that the located 
sulphide-rich region was etched more quickly than other material, 
giving rise to the development of, first, a large number of small holes 
clustered together (Fig. 25a), and later, one large hole. Regions 
attacked most vigorously contained segregated alloying elements and 
carbon, as well as sulphides. The longitudinal axis of the holes in 
etched disks is usually roughly parallel with the longitudinal axis of 
the forging. Cross sections of holes have different shapes but quite 
frequently they are approximately round. 

Sulphides in Forging 17-1 are softer than the matrix—deter- 
mined by scratch test—are dove gray in color, have roughly a cylin- 
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drical shape, and generally appear to consist of a single phase. These 
inclusions have a much less detrimental effect on transverse reduction 
of area than have the hard, angular, stringer type of inclusions 
referred to previously. 

Frequently, when sulphides are segregated in the region of a 
tensile test specimen where rupture normally occurs, the specimen 
breaks at some distance away from that region. One specimen, with 
a cup and cone fracture and for which the transverse reduction of 
area value is 52.0%, broke three-eighths of an inch away from the 
position at which the fracture surface is usually expected. When 
etched, the large piece of the specimen showed a large hole about 
3s inch in diameter (Fig. 26), extending completely through the 
specimen and located 3% inch from the fracture. The average of 
the transverse reduction of area values for-11 such specimens is 








Fig. 26—Photograph of Part of a 0.252- 
Inch Diameter Transverse Tensile Test Specimen +— | Inch ——+ 
Deeply Etched After Being Broken. aterial 
containing segregated sulphides was etched out Fig. 27—Sketch of Specimen 
giving a hole gy inch in diameter extending Designed to Limit Positions of Rup- 
through the specimen and located 4% inch from ture to Sulphide-Rich Regions Lo- 
the fracture. Fracture type is cup and cone. cated Close to a Plane Passing 
The transverse reduction of area and tensile Through the Center and Perpendic- 
strength values for the specimen are 52% and ular to the Longitudinal Axis of 
99,000 psi, respectively. X 1. the Specimen. 


43.2% and the average of values for 11 other specimens which when 
broken and etched were relatively free from deep pits is 46.0%. 
All test pieces had a tensile strength close to 95,000 psi and came 
from positions close together in the forging. Subsequently, several 
transverse tensile specimens were specially shaped (Fig. 27) so as 
to be sure they would break through their center when tested, 
whether they contained segregated sulphides or not. Average tensile 
strength and transverse reduction of-area values are 98,000 psi and 
39% for specimens which did, and 98,000 psi and 45% for specimens 
which did not, show pits when fracture surfaces were deeply etched. 
Since each average is based on only two data, the results are in- 
conclusive, although they do suggest from a practical point of view 
that segregated sulphides in Forging 17-1 did not lower transverse 
reduction of area quality significantly. 


we 
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Average Yield Strength 107,000 psi 





23 25 27 29 3 33 35 37 39 4l 
Heat Number — Basic Electric Heats 





Transverse Reduction of Area,% 


3 5 7 iS) iI 13 15 \7 19 21 
Heat Number — Basic Open-Hearth Heats 


Fig. 28—Control Charts Showing the Difference Between the Transverse 
Reduction of Area Quality in Basic Electric and Basic Open-Hearth Heat Units 
to be Insignificant From a Practical Point of View. Each open circle repre- 
sents an average of four transverse reduction of area values constituting a 
sample and each closed circle represents the maximum difference among the 
same four values. 


TRANSVERSE REDUCTION OF AREA QUALITY oF Basic ELEcTRIC 
VERSUS TRANSVERSE REDUCTION OF AREA QUALITY OF BASIC 
OpEN-HEARTH WrouGHT STEEL PRODUCTS 


A general belief exists that, on the average, heat treated wrought 
steel products made of basic electric steel have better transverse 
ductility than comparable products made of basic open-hearth steel. 
Sometimes, however, as indicated by results presented in Fig. 28, 
the difference between the transverse reduction of area quality of 
a product made from basic electric and basic open-hearth steel is so 
small as to be practically insignificant.*? Calculated average and 
standard deviation figures based on 160 transverse reduction of area 
values for specimens from basic electric heat units are 51.9 and 3.5%, 

82A detailed account of (a) the basic open-hearth practice used for the making of the 
open-hearth steel referred torhere and (b) factors which influence the quality of basic 
open-hearth steels is given by Mravec, Welchner, and Hildorf (13). Steels from both basic 


open-hearth and basic electric heats were cast into 21-inch diameter molds _and were simi- 
larly processed and heat treated. 








776 TRANSACTIONS OF THE A. S. M. Vol. 41 


respectively ; based on the same number of values for specimens from 
basic open-hearth heat units, they are 48.8 and 3.5%. Average yield 
strength for the basic electric heat units is 107,000 psi and for the 
basic open-hearth heat units, it is 114,000 psi. The authors believe 
that if the average yield strength for basic open-hearth heat units 
had been 107,000 psi, the average of all transverse reduction of area 
values for specimens from basic open-hearth heat units would have 
been close to 50.9%. 

Each heat unit consists of quenched and tempered seamless 
tubes all made from the same heat. These tubes are about 90 inches 
long, 6 inches maximum O.D., and 1.5 inches I.D. A typical com- 
position is as follows: 





Per Cent of Element——————_—_——_—_——_—"- 
C Mn P S Si Ni Cr Mo 
0.35 0.82 0.015 0.013 0.25 1.80 0.75 0.36 


In the control charts of Fig. 28 each open circle represents an 
average of four transverse reduction of area values constituting a 
sample, and each closed circle represents the maximum difference 
among the same four values. There are two samples per heat unit, 
one consisting of four values for specimens from tubes made from 
the first ingot and the other consisting of four values for specimens 
from tubes made from the last ingot. Of the specimens from each 
ingot, two came from the top third and two from the bottom third. 
All specimens were 0.357 inch in diameter and came from midwall 
positions (Fig. 2) in sections of tubes 6 inches in outside diameter. 

Reducing slags which cannot be used in the making of basic 
open-hearth steel are normally considered largely responsible for the 
production of steels containing fewer nonmetallic inclusions and 
having higher transverse ductility. However, it is now possible 
through a careful control of the oxidizing condition of the basic 
open-hearth slag and through use of a proper deoxidizing practice 
(13) to produce basic open-hearth steels of such consistently high 
transverse reduction of area quality as to compare quite favorably 
with the best of basic electric steels. 


ErFrect oF NONMETALLIC INCLUSIONS ON TRANSVERSE DUCTILITY 


For a very long time it has been known that nonmetallic inclu- 
sions lower.transverse ductility in wrought steel products (14), (15) 


- 
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and (16), and that the magnitude of this effect depends on the 
quantity and type of inclusions present (13). Many believe that 
the difference between transverse and longitudinal ductility in forg- 
ings is primarily due to the effect of nonmetallic inclusions on trans- 
verse ductility (14) and (17). 

The most precise determinations of the relation between quan- 
tity of inclusions and transverse reduction of area quality and be- 
tween type and quality have been made by Mravec, Welchner, and 





Fig. 29a—Hard Angular Particles Responsible for Low Transverse Re- 
duction of Area Quality of Forging 4, Company 15. Unetched. X 1000. Fig. 
29b—Continuous stringers which had no significant effect on transverse reduc- 


tion of area values for specimens from Forging 2, Company 17. Unetched. 
\s 250 
XK oY. 


Hildorf (13). Four fundamentally different types were considered : 
A. Spherical silica glass type; B. Irregular particles, primarily 
isolated oxides; C. Discontinuous stringers, oxides, and brittle in- 
clusions fragmented and given directional properties during rolling; 
D. Continuous stringers, silicates and sulphides malleable at steel 
rolling temperatures. Randomly distributed nonmetallic inclusions, 
Types A and B, were observed to be much less detrimental than 
stringers, Types C and D. 

Discontinuous stringers, consisting of hard, angular particles 
such as those referred to in Fig. 29a, lower average and increase 
variation of transverse ‘ductility. They, no doubt, are responsible 
for much of the difference observed between transverse reduction of 
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Table XVIII 


Data Showing Influence of Nonmetallic Inclusions on Average and Variation of 
Transverse Ductility 


Tube (or Average Average 
Forg- No. Inclusion of RA Standard of T : 

Company ing) of Rating Values Deviation Values Reduction by 
o. No. Values (SAE Method) % % (psi) Hot Working 

14 4 76 3va. 182d. A 32.9 6.8 125,000 20 to 1 

14 5 95 24.144. A 58.6 2.4 125,000 20 to 1 

15 4 28 4v4.1484_C 19.8 4.9 146,000 15 tol 

15 7 20 14-124.A4 43.8 4.8 142,000 15 tol 

12 2 66 0-0-A 39.0 3.3 178,000 3.4 to 1 

7 2 21 14.134.A 59.1 2.6 103,000 4tol 


Tubes and forgings were made of basic electric fine-grained steel and were quenched and 
tempered. : / s 
Specimens were 0.252 inch in diameter. 


The method used for rating specimens is that recommended by SAE and described in the 
SAE Handbook (12). 


area averages for Tubes 4 and 5, Company 14 (Table XVIII), be- 
tween averages for Forgings 4 and 7, Company 15, and between 
standard deviations for Tubes 4 and 5, Company 14. Continuous 
stringers consisting of sulphides (Fig. 29b) are less detrimental and 
may sometimes be present in considerable amount without signifi- 
cantly lowering transverse ductility. Forging 2, Company 17, which 
contains many such inclusions, has practically as high a transverse 
reduction of area quality as Forging 2, Company 7, which is quite 
clean. SAE inclusion ratings for the two forgings are 3*-178-B and 
1*-1%*-A, respectively; averages of transverse reduction of area 
values are 54.8 and 59.1% and standard deviation figures are 2.0 
and 2.6%. The minimum among 40 values for Forging 2, Company 
17, is 51.1%, and among 21 values for Forging 2, Company 7, it is 
52.6%. 

Since nonmetallic inclusions lower average and increase variation 
of transverse ductility in a forging, it is expected and found that 
they lower the transverse reduction of area quality of some speci- 
mens more than others. Some dirt, especially if it consists of iso- 
lated randomly distributed particles free from sharp corners, appears 
to have an insignificant effect on quality (13). Occasionally dis- 
continuous stringers are so distributed as to lower the transverse 
reduction of area quality of each specimen drastically and by approxi- 
mately the same amount. This condition is believed to have caused 
the average for Forging 4, Company 15 (Table XVIII), to be so 
low and the standard deviation to be much less affected than ex- 
pected. Quite often dirt in a forging drastically lowers the quality 


- 
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of a few among a large number of specimens taken from it but has 
little effect on the rest. This situation, which is quite common, 
appears to be the one existing in Forging 13, Company 15. Curve A 
of Fig. 30 shows the distribution of transverse reduction of area 
values for 90 specimens taken from this forging. A few values, 
responsible for the “tail’’, were quite low because of discontinuous 


Tensile Strength 137,000psi eee “Seaanea : 
Average RAT 40.5% ; ps! | 


Re a Average RAT 39.0% 
Standard Deviation (RAT) 6.2% | Sinadned Deviation(RAT) 


3.3% 
Forging Ratio 4 tol 


Number of Values 90 
--@- 


Tensile Strength 136,00Opsi 
Average RAT 42.3% 








% of Values 











8 12 16 20 24 28 32 36 40 44 4 28 32 36 40 44 
2 16 20 24 28 32 36 40 44 48 52 32 36 40 44 48 


Reduction of Area, % 


Fig. 30—Frequency Curves Showing the Distribution of Transverse Re- 
duction of Area Values for 0.252-Inch Diameter Specimens From Forging 
13, Company 15. This forging is much dirtier than that referred to in Fig. 
31. RAT is the abbreviation for transverse reduction of area. 

Fig. 31—Frequency Curve Showing the Distribution of 66 Transverse 
Reduction of Area Values for 0.252-Inch Diameter Specimens From Forging 
2, Company 12. This forging is unusually clean. 


stringers. The dashed curve shown in the same figure represents, 
at least approximately, the expected distribution if such stringers 
had been absent. It is inferred from the two curves considered 
together that, if clean, the specimen having lowest transverse ductility 
(15.1%) would have had a value above 32%, most likely 42.3% 
(the average), and less than 52%. 

The 68 values used in the determination of Curve B (Fig. 30) 
are those which give averages and ranges falling within the control 
chart limits shown in,Fig. 32. Justification for this procedure de- 
pends on the validity of the assumption that the distribution of 
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Fig. 32—Chart Showing a Variation of Transverse Reduction of Area Quality 


Among Disks From Forging 13, Company 15. Disks were cut and numbered consecu- 


tively and two specimens consisting of midradius material (Fig. 3) were taken from 
each disk. 
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transverse reduction of area values for specimens from an extremely 
clean forging of a given tensile strength is essentially normal. 
Actually, this distribution is usually slightly skewed to the left but 
is so close to being normal that all averages and ranges fall within 
control chart limits. A typical distribution is shown in Fig. 31. 
The control chart limits given in Fig. 32 were determined as follows: 
All 90 values for specimens from Forging 13, Company 15, were 
grouped into 45 pairs. Ranges and averages were determined and 
plotted and control limits were calculated.** Ranges and averages 
outside of limits were discarded and new limits were calculated from 
remaining data. This procedure was followed until all ranges and 
averages based on data not previously discarded fell within control 
limits. When this occurred, 34 averages and 34 ranges based on 68 
transverse reduction of area values were within the limits. These 
68 values are the ones selected and used in plotting Curve B, Fig. 30. 

All specimens from Forging 13, Company 15, with values of less 





Incidentally, it is of metallurgical interest to observe that by use of a proper sampling 
procedure and by means of the control chart method of handling data it was possible to 
show that sections of Forging 13, Company 15, located 4 to 10 inches and 21 to 27 inches 
from one end were especially low in transverse reduction of area quality. 


- 
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than 32% were found to contain discontinuous stringers. In gen- 
eral, the number and size increased with decreasing transverse reduc- 
tion of area quality. Other randomly selected specimens with higher 
values were observed to contain either no discontinuous stringers 
or only a few short ones. However, the SAE inclusion rating for the 
specimen with highest transverse ductility is not so much lower than 
that for the specimen with lowest transverse ductility as was antici- 
pated ; the values are 2*-1°**-A and 2**-1°44-A, respectively. Surfaces 
examined are generally close to and parallel with fractured surfaces. 
Each rating is based on the results of a survey of one-half of a 
square inch of surface, which is the standard area required when 
using the SAE method for rating inclusions. To obtain this area 
many surfaces per specimen had to be examined. 

Belief that Curve B, Fig. 30, is a reasonably good estimate of 
the distribution of transverse reduction of area values to be expected 
if Forging 13, Company 15, were clean is supported by the following 
general information: 


1. Standard deviations for transverse reduction of area values 
for specimens from unusually clean forgings are generally 
about 3% (Fig. 31); this is not significantly higher than 


2.7%, the standard deviation for the 68 selected values re- 
ferred to in Fig. 30. 
42.3% is the estimated average for Forging 13, Company 15, 
if it were clean. The determined average of Forging 2, 
Company 12, known to be unusually clean, is 39.0%. After 
due allowance is made for differences of tensile strength and 
forging ratio, the averages for the two forgings are alike 
well within the rather wide limits of error expected. The 
relation between tensile strength and transverse reduction of 
area is considered to be such that an increase of 5000 psi in 
tensile strength is associated with a decrease of 1.5% in 
transverse reduction of area (18) and the relation between 
forging ratio and transverse reduction of area is assumed to 
be such that a decrease from 15 to 1 to 3.4 to 1 in forging 
ratio increases transverse reduction of area by about 6.5% 
(Fig. 15). Estimated averages are 51.6 and 48.8% for 
Forgings 2 and 13, respectively, assuming a forging ratio of 
3.4 to 1 and a tensile strength of 136,000 psi for both 
forgings. 
Information relating to tubes and forgings mentioned in this 
section is given in Tables XVIII and XIX. A typical composition 
for Tubes 4 and 5, Conipany 14, is listed in Table XVII and compo- 


sitions for Forgings 4 and 7 from Company 15 and Forging 2 from 
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Company 12 are included in Table IV. Those for Forging 2 from 
Company 7, Forging 13 from Company 15, and Forging 2 from 
Company 17 appear below. 


Table XIX 
Compositions of Forgings 2 and 13 From Companies 7, 15, and 17 
Forging ———Per Cent of Element——————_——____, 
Company No. Cc Mn P S Si Ni Cr Mo Vv 
7 2 0.36 0.58 0.010 0.012 0.25 0.30 0.90 0.24 
15 13 0.34 0.60 0.018 0.018 £90.25 1.86 0.89 0.25 abs 
17 2 0.37 0.77 0.038 0.023 0.35 rast ane ee ee 





Forging 2, Company 17, consists of an acid open-hearth steel reduced 4 to 1 by hot work 
and subsequently quenched and tempered to a tensile strength of 97,000 psi. 





EFrrect oF HOMOGENIZING TREATMENTS ON TRANSVERSE DUCTILITY 


Studies of the effect of homogenizing treatments on transverse 
ductility have been made (a) to determine whether or not a com- 
mercial homogenizing treatment might be used to advantage for im- 
proving transverse ductility in forgings and (b) in an effort to learn 
more about the factors responsible for ductility being lower in the 
transverse than the longitudinal direction. Results are given in 
Fig. 33. 

It is concluded that (a) the severity of homogenizing treatment 
required to significantly improve transverse ductility is so drastic as 
to be impractical commercially and (b) elongated nonmetallic inclu- 
sions and the heterogeneous distribution of elements in solution are 
together largely responsible for transverse ductility of forgings being 
lower than longitudinal ductility. Since the separate effect of each 
of these two factors on forging quality has not been evaluated, it is 
not yet possible to state quantitatively how much of the total effect 
is due to each cause. 

A very clean, high quality SAE 4140 forging quenched to mar- 
tensite and tempered to 100,000 psi is expected to have a transverse 
reduction of area average of about 55%, a standard deviation of 
approximately 3%, a longitudinal reduction of area average of about 
65% (19), and a standard deviation of 1% or so. Forging 2, Com- 
pany 7, used in the present investigation is of unusually good quality. 
Determined transverse reduction of area average and standard devia- 
tion figures, each based on 21 values, are 59.1 and 2.6%, and deter- 
mined longitudinal reduction of area average based on 12 values is 
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66.3%. Tensile strength is 103,000 psi. A homogenized section 
from this forging subsequently normalized, quenched, and tempered 
to a tensile strength of 96,000 psi has a transverse reduction of area 
average and standard deviation of 66.1 and 1.3% and a longitudinal 
reduction of area average based on only 4 values of 72.0%. After 
due allowance is made for a difference of tensile strength, it appears 
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Standard Deviation (RAT) 2.6% 
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Fig. 33—Curves A and B Each Show the Distribution of 21 
Transverse Reduction of Area Values for 0.252-Inch Diameter 
Specimens Taken From Forging 2, Company 7. Specimens A came 
from a heat treated unhomogenized section and Specimens B from 
a heat treated homogenized section of the forging. 


that the homogenizing treatment raised the transverse reduction of 
area average by 4.9% (66.1 — 61.2%) and lowered standard devia- 
tion by 1.3% (2.6 — 1.3%). 

The homogenizing treatment used, 1350°C (2462°F) for 65 
hours, caused elements in solution to be more uniformly distributed, 
eliminated banding (Fig. 34), probably spheroidized some nonme- 
tallic inclusions, and rounded the sharp corner of others. In addition, 
this treatment may have caused a small percentage of the inclusions 
to be dissolved and reprecipitated (20). 

Heating a wrought steel product to 1350°C (2462°F) for 65 


2 It is assumed that a decrease of 7000 ee in tensile strength (from 103,000 to 96,000 
psi) would be accompanied by an increase of 2.1% in average transverse reduction of area 
and 1.4% in average longitudinal reduction of area (18). 
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Fig. 34—Evidence of Banding in Unhomogenized and Absence of Banding in Ho- 
mogenized Sections From Forging 2, Company 7. Etched with nital X75. a—Un- 
homogenized. b—Homogenized. 


hours does not necessarily decrease the variation of transverse duc- 
tility as is evident from tensile test data obtained for specimens from 
Tube 6, Company 14. Two sections from this tube, one homogenized 
and the other unhomogenized, were normalized, quenched, and tem- 
pered to a tensile strength of about 125,000 psi. Minimum and 
maximum among 58 transverse reduction of area values for speci- 
mens from Section A, the unhomogenized piece, are 28.8 and 56.0%, 
while among a similar number of values for specimens from Section 
B, the minimum and maximum are 29.0 and 62.8%. Specimen A 
from unhomogenized Section A with a value of 28.8% and Specimen 
B from homogenized Section B with a value of 29.0% both contained 
discontinuous stringers and the particles in these stringers appeared 
to be as angular in Specimen B as in Specimen A. These data show 
that the probability of successfully decreasing the variation of trans- 
verse ductility in a wrought steel product by means of a homogeniz- 
ing treatment is higher if the product is clean than if it contains 
discontinuous stringers consisting of angular particles which are so 
refractory that they remain apparently unaffected when exposed to 
severe homogenizing treatments. 

Of the materials used in the present study, Forging 2 from 
Company 7 is a fine-grained basic electric steel cast into a 17-inch 
round ingot, reduced 4 to 1 by forging, and having the composition 
listed in Table XIX, while Seamless Tube 6 from Company 14 is a 
fine-grained basic open-hearth steel cast into a 21-inch round ingot, 


- 
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Average Tensile Strength 164,000psi 
oS Standard Deviation (TS) 1,500psi 


50} Average Transverse 
Impact 30.2 Ft-Lb 
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Fig. 35—Distribution of 172 Transverse Impact Values for 
Specimens From Forging 1, Company 12. TS is abbreviation for 
tensile strength, and TI is abbreviation for transverse impact. 


reduced about 15 to 1 by hot work, and having a composition very 
much like that given in Table XVII. 

Homogenizing treatments were made in a controlled atmosphere 
and decarburized material was discarded. Specimens were all 0.252 
inch in diameter. 


AVERAGE AND VARIATION OF TRANSVERSE IMPACT 


Determinations of average and variation of transverse impact 
quality for each of a large number of tubes have been made using 
material iff which maximum toughness at desired yield strength lev- 
els was practically always developed through the choice of proper 
compositions and by using appropriate heat treatments. Usual metal- 
lurgical precautions were taken to avoid temper brittleness and brit- 
tleness resulting from ineffectual quenching before the temper. 
Furthermore, all specimens were broken at 70°F, a temperature 
considerably above that at which they are likely to suffer from “cold 
brittleness”’.”° 

The frequency curve of Fig. 35 shows the distribution of 172 
transverse impact values for specimens from Forging 1, Company 12, 
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and is a typical distribution of values for a large number of specimens 
taken from each of many high quality forgings heat treated to have 
maximum toughness at a tensile strength of about 165,000 psi. 
Transverse impact frequency curves for highest quality forgings are 
usually only slightly skewed to the left, as is the curve in the figure, 
and therefore in such instances one is justified in assuming for most 
practical purposes that the distribution is normal. By using this 
assumption and the determined average and standard deviation values 
given in the figure, it is estimated that the maximum and minimum 
among 172 values for specimens from Forging 1, Company 12, should 
be 34.5 and 25.9 foot-pounds; actually determined values are 33.5 
and 26.5 foot-pounds. For practical purposes it is arbitrarily agreed 
that a range of six standard deviations (60) shall represent the total 
variation. Actually it is known that, on the average, about 3 per 
1000 values drawn from a perfectly normal population are outside 
of 606 limits. The determined 60 range for values for specimens 
from Forging 1, Company 12 (Fig. 35), is 9.6 foot- pounds (maxi- 
mum 35.0 and minimum 25.4). 

Standard deviations for transverse impact tend to decrease with 
increasing yield strength level. Values based on about 50 transverse 
impact data per yield strength level are 1.7, 2.1, 1.4, and 0.7 foot- 
pounds where the four levels are 99,000, 124,000, 156,000, and 
178,000 psi, respectively. The data used are for specimens from 
sections of Tube 14-2. Each section was quenched and subsequently 
tempered to a different one of the four yield strength levels referred 
to above. 

It is well known that the maximum transverse impact quality 
which can be developed in units of a wrought steel product varies 
considerably. Results given in Fig. 19 show averages for some 
tubes to be as low as 11 foot-pounds and averages for others to be 
as high as 29 foot-pounds. These tubes have roughly an SAE 4335 
composition and were quenched to martensite before being tempered 
to a yield strength of about 160,000 psi. All evidence supports the 
opinion that the highest transverse impact quality possible was de- 
veloped in each of the tubes. The relatively good correlation between 
average transverse reduction of area and transverse impact quality 
(Fig. 19) suggests that the primary cause of the variation of average 
transverse reduction of area quality among the tubes is also the 
primary cause of the average transverse impact quality variation. 
Discontinuous non-metallic inclusion stringers or conditions respon- 
sible for such stringers may be that primary cause. 
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CONTROL OF TRANSVERSE IMPACT QUALITY 


Normally, transverse impact quality is sufficiently well controlled 
to justify the assumption that transverse impact values for specirhens 
coming from midwall positions located two-thirds of a wall thickness 
from the ends of quenched and tempered tubes describe the quality 
of all midwall material as well on the average as do values for speci- 
mens from other midwall positions, located at distances greater than 


Average Tensile Strength 164,000psi | 
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Fig. 36—Shows the Transverse Impact Quality of the Midwall Material in Each 
of 43 Disks From Forging 1, Company 12, to be Essentially Alike. Sample 1 consists 
of four transverse impact values for specimens from Disk 1. Sample 2 consists of four 
transverse impact values for specimens from Disk 2, etc. 


two-thirds of a wall thickness from the ends. Considerable evidence 
which supports this conclusion is available but the greater part of it 
cannot be presented here because of space restrictions. Typical re- 
sults are given in Fig. 36; these indicate that the transverse impact 
quality of midwall material located in 43 transverse disks cut con- 
secutively from Forging 1, Company 12, does not vary significantly 
from disk to disk. It is probable that the distribution of transverse 
impact values (Fig. 35), which describes the quality of a unit con- 
sisting of all the midwall material in the 43 disks, also describes the 
quality of midwall material in each disk. The probability of a trans- 
verse impact value being less than 26.5 or above 33.5 foot-pounds 
for a specimen taken from the midwall material of a disk located 
two-thirds of a wall thickness from an end is quite low, but the 
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Fig. 37—Gives Evidence That All Forgings in Heats 8 to 16, Inclusive, Do Not 
Have the Same Transverse Impact Quality; However, All Forgings Within Each Heat 
Appear to be Essentially Alike. Forgings were supplied by Company 15. Each 


sample consists of values for two specimens from the small ends of two forgings from 
the same heat. 


probability of such a value being within 2 or 3 foot-pounds of 30.2 
is relatively high. Actually, values for four specimens consisting of 
midwall material, two located 3 inches from the large end and the 
other two 2% inches from the small end of the forging, are 29.5, 
30.5, 28.5, and 29.0 foot-pounds, respectively. 

Not only does the distribution of the 172 values shown in Fig. 
35 quantitatively describe the transverse impact quality of the mid- 
wall material in Forging 1, but it most likely also describes with 
about the same precision the quality of the midwall material in all 
other forgings which together comprise the “heat unit”.*° This con- 
clusion is based on results which indicate that the frequency with 
which all tubes in a heat unit have essentially the same transverse 
impact quality is quite high. Data plotted in the control chart of 
Fig. 37 are typical. They show that the heat units (Heats 8 to 16 
inclusive, Company 15) which make up the “practice unit’’*® do not 
all have the same transverse impact quality, but probably all tubes 
within each heat unit are essentially alike. 

Usually when the primary reason for plotting a control chart is 
to determine whether or not the tubes in a heat unit are alike with 
respect to some property, two or more values per tube constitute a 


192A “heat unit” consists of all the forgings of the same dimensions made from a heat 
and subjected to the same treatment. 


2A “practice unit’’ consists of all the forgings made consecutively in a practice over 
an arbitrarily selected period of time; each forging has the same dimensions and is assumed 
to be treated like any other in the practice unit. Practice Unit 1 (Company 1, Table VIII) 
consists of 600 forgings from 72 heats; Practice Unit 2 (Company 2) consists of 700 forg- 
ings from 20 heats, and so on, to Practice Unit 23 which has in it 75 tubes from 40 heats. 


a 
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sample. Since only one value per tube in each of the heat units re- 
ferred to in Fig. 37 is available, each sample consists of one value 
from each of two tubes. However, since the average range value 
(1.3 foot-pounds) is as low as expected when samples consisting of 
two values per tube are used and since both averages and ranges all 
fall within control limits when an individual control chart is plotted 
per heat, it appears reasonable to accept the conclusion that the tubes 
in each of the 9 consecutive heats are probably alike within the limits 
of practical significance. 

All forgings from Heats 8 to 16 inclusive (Fig. 37) consist of 
fine-grained basic electric steel and are about 115 inches long, 6.5 
inches maximum O.D. and 2.5 inches I.D. A typical composition is 
as follows: 


Per Cent of Element 





C Mn P S Si Ni Cr Mo 
0.35 0.65 0.012 0.013 0.20 1.95 1.05 0.35 


These tubes were all quenched to martensite and tempered to a 
tensile strength of about 178,000 psi. 

Information presented here has been used in the development of 
more efficient specifications for the acceptance of tubes for certain 
applications (see page 794). It has also proved of value to many 
who have the responsibility of making tubes of such quality that they 
practically always meet specified transverse impact requirements. 


RELATION BETWEEN TRANSVERSE IMPACT AND YIELD STRENGTH 


It is common knowledge that at 70 °F the maximum transverse 
impact quality which can be developed in a wrought steel product 
quenched to martensite and subsequently tempered increases with 
decreasing yield strength. As a result of the present investigation, 
the relation between transverse impact and yield strength is now 
known much more quantitatively than before. 

Over a yield strength range lying between the limits of 80,000 
and 180,000 psi, an increase of 5000 psi is believed on the average 
to be associated with a decrease of about 3 foot-pounds in transverse 
impact. This conclusion is based on results given in Table XX. A 
typical plot is given in Fig. 38. Tube 14-2 referred to in this figure 
and Tube 3 from Company 14 (also designated as 14-3) are de- 
scribed in Table IX*while Forgings 1 and 2 from Company 12 are 
described in Table IV. Tube 5 from Company 13 is about 180 
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Standord Error of Estimate (Sy)=1.72% 
Correlation Coefficient (r) =-0.99 
Y =-0.40X + 82.1 


Transverse Impact, Ft-Lb 





100 120 140 160 180 


Xx 
Yield Strength at 0.01% Offset, |\OOO psi 
Fig. 38—Shows Relation Between Transverse Impact 
and Yield Strength in a Quenched and Tempered Seam- 
less Tube (Tube No. 14-2). The Y coordinate of each 
of the four data points represents the average of about 


50 transverse impact values and the X coordinate an 
average of about 50 yield strength values. 


inches long, 7.5 inches O.D., and 2.5 inches I.D., and has a compo- 
sition quite similar to Forging 2 from the same company. 
Information reported in this section made it possible to use 
transverse impact data for specimens from wrought steel products 
quenched to martensite and tempered to widely different yield 





Table XX 
Data Showing Relation Between Transverse Impact and Yield Strength 
eG Effect of 
YS Range No. of Nov. of r Change of 
Com- Tube (1 unit= YS TI Equation of Sy Correlation 5000 psi on 


pany No. 1000 psi) Values Values Regression Line ft-lbs. Coefficient TI, ft-lbs. 


12 i 78-140 345 345 Y=-0.58X+112.1 4.4 -0.953 2.9 
2 83-147 204 204 Y=-0.61X+111.0 3.1 -0.979 3.1 

13 5 91-151 99 99 Y=-0.86X+162.4 4.2 —0.977 4.3 
14 2 99-178 191 191 Y=-0.40X+ 82.1 1.7 -0.990 2.0 
3 106-186 194 194 Y=-0,37X+ 77.5 1.2 0.995 1.9 
Average -0.979 2.8 


YS = Yield strength. 


TI = Transverse impact. 

Sy = Standard error of estimate. 

Y = Transverse impact in foot-pounds. 
X = Yield strength at 0.01% offset (1 unit = 1000 psi). 
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Tensile Strength 150,000 psi 
Yield Strength (0.01% offset) |22,000psi 





Average Impact, Ft-Lb 











0 ig 36 54 72 90 
Angie, Degrees 
Fig. 39—Shows Relation of Angle Between Longitudinal Axis and Flow 


Line Direction in Specimens to Average Impact. Data for Forging 4, 
Company 12. U.L.—Upper limit. L.L.—Lower limit. 


strength levels much more effectively (a) in the development of cer- 
tain specifications and (b) in the study of the effect of various 
factors on transverse impact quality. 


RELATION OF ANGLE BETWEEN LONGITUDINAL AXIS AND 
FLow Line DIRECTION IN SPECIMENS TO IMPACT 


Metallurgists and engineers have known for a long time that 
longitudinal impact specimens taken from wrought steel products 
which have flow lines parallel with their longitudinal axis give higher 
values than do transverse specimens. Brearley (8) using a rolled 
slab of 0.23% carbon Bessemer steel observed that as the angle be- 
tween the direction of the longitudinal axis of the specimens and the 
direction of flow lines was increased from 0 (longitudinal) to 90 
degrees (transverse), impact values were decreased rapidly in the 
range 15 to 75 degrees but only slightly in the ranges of 0 to 15 
degrees and 75 to 90 degrees. This relation has now been deter- 
mined more quantitatively. Results are plotted in Fig. 39; each cir- 
cle represents an average of 10 or more values. 

As the angle bétween longitudinal axis and flow line direction 
in specimens from Forging 4, Company 12, is increased from 0 to 90 
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degrees, determined impact averages are decreased as shown in the 
figure. 

Forging 4 from Company 12 is a fine-grained basic electric steel 
and has a composition about the same as that of Forging 1 from the 
same company (Table IV). The forging which is about 180 inches 
long, 11 inches maximum O.D., and 3 inches I.D. was quenched and 
subsequently tempered to a tensile strength of about 150,000 psi. 

A better knowledge of the relation between impact values and 
angle between longitudinal axis and flow line direction led to the 
conclusion that no changes need be made in those specifications which 
require transverse impact quality in accepted material to be above a 
certain minimum, providing the angle between the direction of the 
longitudinal axis of the product and the direction of flow lines is 
less than 20 degrees. If this angle is larger than 20 degrees, the 
specified position of specimens should probably be so modified as to 
insure that in any nominal transverse specimen the angle between 
its longitudinal axis and flow line direction shall be always higher 
than 70 degrees. 


AVERAGE AND VARIATION OF YIELD STRENGTH 


Obviously the average of yield strength values for specimens 
from any unit of a wrought steel product and the variation among 
those values depend on heat treatment. Heat treatments are usually 
so conducted that yield strength averages for quenched and tempered 
tubes such as those considered in the present investigation are within 
10,000 psi of the middle of the range specified, and standard devia- 
tions are less than 2500 psi. Typical results are given in Table X XI. 

It is believed that the maximum difference among yield strength 
values for a large number of specimens from a quenched and tem- 
pered tube is rarely less than 5000 psi, most frequently about 10,000 
psi, sometimes 15,000 psi, and occasionally as high as 30,000 psi. 
Maximum and minimum among data available per each of five forg- 
ings from Companies 12 and 13 are given in Table X XI; differences 
range from 7000 to 10,000 psi—-average 8000 psi. 

Compositions and sizes of Forgings 1 and 2 from Company 12 
are listed in Table IV. Forging 5 has a composition and size like 
that of Forging 3 from the same company and listed in the same 
table. Forgings 3 and 4 from Company 13 have a composition simi- 
lar to that of Forging 1 from Company 13; the former is 10 inches 


_ 
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Table XXI 


Average and Variation of Yield Strength (at 0.01% Offset) for Each of Five 
Typical Forgings 








Standard 


Specified Limits Average Deviation 
Com- Forging No.of —(1i unit =1000 psi)— Yield Strength (1 unit= Maxi- Mini- 
pany No. Values Minimum Maximum (1 unit =1000 psi) 1000 psi) mum mum 
12 1 22 140 170 150 1.7 154 147 
12 2 15 140 170 150 1.6 153 146 
12 5 12 110 140 127 1.8 131 124 
13 3 18 95 125 112 1.5 118 109 
13 4 59 90 120 98 2.4 105 95 





_ Each forging was cut transversely into several sections of equal length—Forging 1 into 11, 
2 into 8, 5 into 7, 3 into 9, and 4 into 17 pieces. Specimens 0.505 inch in diameter were taken 
from midwall positions (Fig. 2) in each section. 





maximum O.D., 3.5 inches I.D., and 95 inches long, while the latter 
is 10 inches maximum O.D., 2.5 inches I.D., and 160 inches long. 


CONTROL OF YIELD STRENGTH QUALITY 


From a statistical point of view, yield strength is usually much 
more poorly controlled than either transverse reduction of area or 
transverse impact. Frequently, however, yield strength variation 
within a practice is such that by using a suitable sampling procedure, 
one can obtain evidence to show that few values for specimens taken 
from the practice unit are likely to fall outside limits allowed by 
specification. Such evidence is given in Fig. 40. When each sample 
consists of two yield strength values for specimens from the small 
end of each tube made in Practice 14 by Company 14, ranges show 
some and averages show considerable lack of control (Fig. 40a) ; 
however, when each sample consists of values for specimens from 
two consecutive heat units, then all ranges and averages fall within 
the limits (Fig. 40b). These limits are of course much wider than 
those for Control Chart A but are still sufficiently narrow to indi- 
cate that the yield strength of tubes made in practices controlled 
within these limits is expected to fall practically always below the 
maximum of 125,000 psi and above the minimum of 110,000 psi 
specified. Actually, out of 2288 yield strength values for specimens 
taken from 1144 tubes made in Practice 14, not a single value is 
above 125,000 psi and only 28 are below 110,000 psi. Of these, 18 
are either 108,000 or 109,000 psi and no value is below 105,000 psi. 
Statistically, one expects on the average about 3 values per thousand 
to be above or below specification limits. 

Tubes produced in Practice .14 have essentially the same com- 
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Yield Strength, 1000 psi 
Average 


Range 
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Fig. 40—Shows the Major Portion of Yield Strength Variation Within a Unit 
Consisting of Small Ends of Tubes From Practice 14, Company 14, to Exist Among 
Rather Than Within Those Ends. Two yield strength values constitute a sample; these 
are for 0.357-inch diameter specimens from the small end of one tube (Control Chart A) 
or from the small end of two tubes from two heats (Chart B). 


position and size and received practically the same heat treatment as 
Heat Units 1 and 2 described on page 735. 


RELATION OF ANGLE BETWEEN LONGITUDINAL AxIs AND FLOW 
LINE DIRECTION IN SPECIMENS TO (A) TENSILE STRENGTH 
AND (B) YIELD STRENGTH 


Brearley (8), using a rolled slab of 0.23% carbon Bessemer 
steel, has shown that neither tensile strength nor yield strength is 
changed significantly as the angle between longitudinal axis and flow 
line direction in specimens is increased from 0 to 90 degrees. Re- 
sults presented in Fig. 41 show that Brearley’s conclusions relating 
to the rolled slab apply equally well to the material used by the pres- 
ent authors. This material, Forging 4 from Company 12, is described 
on page 78. Circles plotted in the figure represent averages of 15 
(O°), 14 (18°), 15 (36°), 55 (54°), 60 (72°), and 53 (90°) yield 
strength values. 


SPECIFICATIONS 


A detailed description of the development of specifications based 
on results presented in this paper is given in various reports which 
are published by the Department of Commerce (20), (21). These 
specifications are much more efficient and economical than those pre- 
viously used because they are based on a more precise knowledge 
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Tensile Strength 


° 


Average Tensile or Yield Strength 





Angle, Degrees 
Fig. 41—Shows Relation of Angle Between Longitudinal Axis and Flow Line 


Direction in Specimens to Average Tensile or Yield Strength. Data for Forging 4, 
Company 12, 


of the probable variation of yield strength, transverse impact, and 
transverse reduction of area within each unit presented for inspection 
and because they make provision for the acceptance of “heat units.’’?® 
Such a unit frequently consists of as many as 300 tubes and may 
sometimes be accepted when only 18 values for each specified prop- 
erty are available; this procedure is justified because of the fact that 
all tubes in a heat unit are in general essentially alike. Before these 
newer specifications were developed, not less than one value per 
specified property per tube was required. 


RELATION BETWEEN TRANSVERSE REDUCTION OF AREA QUALITY 
AND PERCENTAGE OF MATERIAL ACCEPTED 


The shape of an operating characteristic curve showing the rela- 
tion between the average transverse reduction of area quality of units 
presented for inspection and the percentage accepted depends on (a) 
specification requirements and (b) variation of transverse reduction 
of area quality within each unit. 

Specification A requires that one transverse reduction of area 
value be obtained per unit and if this is 40% or above, the unit be 
accepted ; otherwise, it must be rejected. If the variation of trans- 
verse ductility in each inspected unit were zero, then all material 
would be accepted when the average is 40% or higher and rejected 
when lower. (Vertical dashed line A—Fig. 42.) When the quality 
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Fig. 42—Relation Between Average Transverse Reduction 


of Area Quality of Units Inspected and Percentage Accepted. 
Accept if value 40% or higher; otherwise reject. 
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Fig. 43—Operating Characteristic Curves for Specification B. 


represented by a normal distribution of values with a standard devia- 
tion of 4%, then on the average the relation between average quality 
and percentage accepted is indicated by Curve B; in this instance 
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of each unit of a product, designated as Product B, is such as to be 
| 
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Fig. 44—Operating Characteristic Curves for Specification C. 


some rejected material has considerably higher quality than some 
accepted. 

Operating characteristic curves obtained when Product B is 
submitted under Specifications B and C are given in Fig. 43 and 44. 
Specification B requires that a unit of product be accepted if a trans- 
verse tensile specimen taken from it has a value of 40% or more. 
Suppose that each of a large number of units of the material pre- 
sented for inspection has an average of 40%, then 50% of the units 
is accepted if one value is available per unit, and 50% of the re- 
mainder is accepted when two values per unit are available (total 
accepted 75%), and so on. The total percentage accepted after eight 
values become available for those units rejected seven times is prac- 
tically 100% (Curve 8—Fig. 43). 

Specification C requires that a unit be accepted if the average of 


6¢. 99 


n” values available per unit is a8 or above. Suppose the 
n 


units of Product B previously inspected are now reinspected but that 
Specification C rather than B is used. If one value per unit is avail- 
able, 50% of the units are accepted as before; however, when two 
two values become available per each rejected unit, not 50% but 89% 
of the rejected units are accepted. (Total accepted 94.5%—Fig. 44, 
Curve 2.) 


From a comparison of the operating characteristic curves of 
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Forgings from 
°- 8 heats in 
each batch 


Forgings from 
@- only | heat in 
each batch 


Each batch contains 40 forgings 
Average vee Strength about 130,000psi 


| 20 Limit 








Total Yield Strength Range per Batch, |OOOpsi 





l 5 lO oS 20. 26 20 36. 40 
Batch Number 
45—Shows the Variation of Yield Strength Within 
a aan to be on the Average Significantly Less When All 


Forgings per Batch Are From Only One Heat. Forgings were 
all from Company 15. 


Fig. 43 with those of Fig. 44, it is apparent that Specification C is 
superior to Specification B. 


MopIFICATION OF HEAT TREATMENT PRACTICE 


As a result of information disclosed in this paper, some pro- 
ducers modified their heat treating practices. Tubes consisting of 
all or a large part of a “heat unit’”?® were segregated into a batch for 
heat treatment; efforts were made to temper each “batch unit’’®* to 
an average yield strength lying midway between the minimum and 
maximum values specified, and the frequency of making reheat treat- 
ments was significantly reduced. 

The decision to segregate tubes from heat units into batches is 
based on the observation that tubes from the same heat generally 
respond similarly to heat treatments while comparable tubes from 
different heats frequently do not. Typical results showing the effect 
of changing one procedure from that of using tubes from several 
heats in one batch to that of segregating tubes from only one heat 
into each batch are given in Fig. 45. Determined average range 


%A “batch unit” consists of all Scahins or tubes of the same dimensions quenched 
and subsequently tempered together as a unit. 


- 
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values are 21,700 psi (before) and 13,100 psi (after), respectively. 
All quenched and tempered forgings referred to in the figure were 
supplied by Company 15 and had a composition and size similar to 
Forging 1 from that company listed in Table IV. 

Before the relation between yield strength and transverse reduc- 
tion of area was determined, specifications for the acceptance of 
quenched and tempered tubes, such as discussed here, required that 
over a considerable yield strength range, the transverse reduction of 
area quality of accepted material be above a certain minimum inde- 
pendent of yield strength. As a result, many producers in making 
an effort to meet transverse reduction of area requirements fre- 
quently submitted tubes having too low a yield strength. Such tubes 
had obviously to be reheat treated. These specifications have now 
been modified so as to allow tubes with higher yield strength and 
lower transverse reduction of area quality to be accepted using the 
now known relation between yield strength and transverse reduction 
of area as a basis for such modification, and as a result the number of 
such reheat treatments as those referred to above has been reduced 
to practical insignificance. This is because producers now temper 
their product to a yield strength much closer to the average of the 
maximum and minimum required and thereby drastically decrease 
the probability of developing too low a yield strength in tubes. 

As a result of the acceptance of the conclusion that reheat treat- 
ments normally do not significantly increase the transverse reduction 
of area quality of tubes quenched to martensite and subsequently 
drawn to a given yield strength, the practice of making such reheat 
treatments has been significantly reduced. To what extent reheat 
treatments of tubes not quenched to martensite before being tem- 
pered should be discontinued has not yet been determined. 


SUMMARY 


1. Conclusions presented in this summary relate to units of 
quenched and tempered wrought steel products consisting either 
of tapered solid forgings or tubes and varying considerably in 
size (minimum 2.5 to 5.5 inches O.D. and 85 inches long, and 
maximum 17 to 25 inches O.D., 8.5 inches I.D., and 340 inches 
long). Carbon contents range from about 0.30 to 0.45% and 
alloying elements: from 1.5 to 4.5%. 

2. Variation of transverse reduction of area quality within solid 
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forgings or tubes is much higher than is generally recognized. 
A maximum difference among 250 transverse reduction of area 
values for specimens taken from a single forging is rarely less 
than 18%, say 30% minimum—48% maximum, is frequently 
about 30%, and sometimes 40% or more. Few determined 
standard deviations are below 3% or above 8%; the average is 
about 5%. 

Transverse reduction of area quality should be thought of as a 
distribution of transverse reduction of area values which may 
be represented (a) always by a frequency curve and (b) gen- 
erally with sufficient precision for most practical purposes by 
two statistics, an average (X) and a standard deviation (c). 
With few exceptions, comparable tubes or solid forgings coming 
from a single heat have the same transverse reduction of area 
quality within the limits of practical significance. 

Comparable tubes from a similar position in ingots cast from a 
single heat usually have about the same transverse reduction of 
area quality. The quality of tubes coming from bottom thirds 
of ingots is generally slightly lower and occasionally much lower 
than that of tubes coming from middle or top thirds of ingots. 
Quite often all the tubes or forgings from several heats made 
consecutively in a practice have essentially the same transverse 
reduction of area quality. | 

The relation between yield strength and transverse ductility is 
such that when yield strength values for tensile specimens taken 
from units of wrought steel products quenched to martensite 
and subsequently tempered are higher by 5000 psi in the range 
between 80,000 and 180,000 psi, transverse reduction of area 
values are usually lower by about 1.5%. 

Normally, a commercial heat treatment consisting of a normal- 
ize, a quench to martensite and a subsequent temper is sufficient 
to develop in units of fine-grained wrought steel products a 
transverse reduction of area quality which cannot be significantly 
improved by additional heat treatments involving (a) a retemper 
or (b) a requench and temper, providing the units are always 
tempered to essentially the same yield strength level. 

Increasing the angle between longitudinal axis and flow line 
direction in tensile specimens from 0 to 30 degrees and from 70 
to 90 degrees has little effect on the average of reduction of area 
values for a large number of specimens, but increasing the angle 
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from 30 to 70 degrees lowers the average quite drastically. 
Variation among reduction of area values is small when the 
angle is less than 22 degrees but increases rapidly and becomes 
quite large as the angle is increased to 54 degrees. Beyond 
54 degrees the variation remains large but tends to be decreased. 
The optimum forging ratio is, in general, probably less than 3 
to 1 and may be in some instances less than 2 to 1. It is believed 
that optimum forging ratio increases with ingot size. Both lon- 
gitudinal and transverse ductility are improved by optimum 
forging. An increase of ratio beyond the optimum normally 
increases the variation of transverse reduction of area quality 
within a forging and decreases the average. Whether or not 
excessive forging of perfectly clean steels would reduce trans- 
verse ductility has yet to be determined. 

The average transverse reduction of area quality of midwall 
material in quenched and tempered tubes having a forging ratio 
of 3 to 1 and a yield strength of 115,000 psi is significantly lower 
when the tubes are very large than when they are small; the 
variation of transverse ductility within the midwall material of 
these tubes appears to be at least approximately independent of 
tube size. More effective quenching is believed to be the primary 
cause of the higher transverse ductility in the smaller forgings. 
It is believed that if all quenched and tempered tubes had a 
forging reduction of 3 to 1 and were tempered to a yield 
strength of 75,000 psi, then the transverse reduction of area 
quality obtained would be roughly independent of tube size. 

A positive correlation exists between transverse reduction of 
area and transverse impact in wrought steel products, providing 
maximum impact quality is developed by heat treatment and 
cold brittleness is avoided. A regression line, based on trans- 
verse reduction of area and transverse impact data from one 
product quenched to martensite and tempered to a yield strength 
of 160,000 psi, shows that when the average of a large number 
of transverse reduction of area values for specimens from this 
product is increased by 1%, the average of a large number of 
transverse impact values for specimens broken at 70°F is in- 
creased by 1.2 foot-pounds. 

Angular fracture in itself is no certain criterion for low trans- 
verse ductility and there is little justification for suspecting the 
quality of a product simply because the specimen has an angular 
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fracture, especially if the transverse reduction of area value for 
that specimen is relatively high. Angular fracture has been 
observed to depend on the orientation of dendritic pattern and 
since such orientations are determined by chance, the occurrence 
of angular fracture should give little concern. 

Porosity resulting from deep etching should not in itself be con- 
sidered as a certain criterion for low transverse ductility. 

On the average, heat treated wrought steel products made of 
basic electric steel have better transverse ductility than com- 
parable products made of basic open-hearth steel. Sometimes, 
however, this difference is so small as to be practically insignifi- 
cant. 

Discontinuous stringers consisting of hard, angular particles 
lower average and increase variation of transverse ductility in 
wrought steel products. These stringers are primarily respon- 
sible for tails of frequency curves extending in the direction of 
lower transverse reduction of area values. 

The severity of homogenization treatment required to signifi- 
cantly improve transverse ductility is so drastic as to be imprac- 
ticable commercially. 

Elongated nonmetallic inclusions and the heterogeneous distri- 
bution of elements in solution are together largely responsible 
for transverse ductility of forgings being lower than longitudinal 
ductility. 

The variation among a Jarge number of impact values for speci- 
mens broken at 70 °F and taken from a unit quenched to mar- 
tensite and tempered to a given yield strength increases with 
decreasing yield strength level. When the unit is tempered to 
a yield strength level in the range between 95,000 and 145,000 
psi, the variation is usually rather well represented by a stand- 
ard deviation (o) of about 1.7 foot-pounds; at levels between 
145,000 and 170,000 psi and between 170,000 and 180,000 psi, 
standard deviations of 1.3 and 1.0 foot-pounds, respectively, are 
probably more appropriate. 

The transverse impact quality of all tubes quenched to mar- 
tensite, tempered to the same yield strength, and coming from 
the same heat is usually alike within the limits of practical sig- 
nificance. 

Transverse impact values for specimens broken at 70°F and 
taken from units of wrought steel products quenched to mar- 








1949 


22. 


23: 


28. 


29. 


MECHANICAL PROPERTIES OF STEEL 803 


tensite before tempering are increased on the average by about 
3 foot-pounds when yield strength is lowered by 5000 psi; this 
relation appears to be valid over a yield strength range extending 
from 80,000 to 180,000 psi. 

As the angle between the direction of the longitudinal axis and 
the direction of flow lines in specimens is increased from 0 to 
90 degrees, impact values are decreased. Average values at 
18-degree intervals for one product quenched and tempered to 
a yield strength of 122,000 psi are 55 (0 degrees), 53, 47, 37, 
35, and 34 foot-pounds (90 degrees), respectively. 

The maximum difference among a large number of yield 
strength values for tensile test specimens from a quenched and 
tempered tube is rarely less than 5000 psi, usually about 10,000 
psi, sometimes 15,000 psi, and occasionally as high as 30,000 psi. 
Neither tensile strength nor yield strength is changed signifi- 
cantly as the angle between longitudinal axis and flow line direc- 
tions in specimens is increased from 0 to 90 degrees. 
Specifications based on results presented in this paper have been 
developed. These are much more efficient and economical than 
those previously used. 

The relation between transverse reduction of area quality and 
percentage of material accepted by specification has been dis- 
cussed. 

As a result of information disclosed in the present investigation, 
some producers modified their heat treatment practices. These 
modifications have been described and their significance dis- 
cussed. 

Increasing the rate of loading from 2500 to 100,000 psi per 
minute has no significant effect on either yield strength meas- 
ured at 0.01% offset or on transverse reduction of area values 
for specimens taken from a unit of product quenched to mar- 
tensite and tempered to a tensile strength of 130,000 psi. 
Increasing tensile specimen size from 0.252 inch diameter to 
0.505 inch diameter tends to increase average yield strength 
and decrease average transverse reduction of area values without 
significantly affecting average tensile strength. 
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DISCUSSION 


Written Discussion: By R. J. Stoup, development metallurgist, 
Spang-Chalfant Division of the National Supply Co., Ambridge, Pa. 

Obviously, this paper represents a compilation of a tremendous 
amount of detail work and the conclusions, based as they are on thousands 
of determinations and carried through by careful statistical analysis, are 
not to be readily controverted. During the war, the writer was engaged 
in the heat treating and testing of gun tubes and it is undoubtedly the 
consensus of opinion of all those connected with that type of work: 
that as a result of this and other investigations of the Metals Research 
Laboratory, specifications have been adopted which permitted from the 
cannon heat treating plants an increase in both quality and quantity of 
materiel. It may be well to emphasize the fact, as pointed out by the 
authors, that their function was not to rationalize the minimum levels 
for acceptable material set up by the Ordnance Department, but rather 
to study the causes of variation from test to test and piece to piece. 

One of the criteria for acceptable gun tubes has always been the 
transverse reduction of area. At first glance, it might seem that this 
property which is measured on a fractured test bar would have little 
connection with the service life of a gun barrel in which the stresses 
rarely exceed the yield strength. However, the evidence as compiled by 
the authors is overwhelming that in properly quenched and tempered 
forgings, RAT is a measure of the quality of the steel. The reason why 
this should be so is conceived as follows: 

It seems to be well established that final fracture of a sound test bar 
commences at the center and progresses to the outside. In the course of 
its progress to the circumference, at some intermediate radius depending 
on the ductility of the material, the shear strength becomes a factor and 
the steel possessing high ductility parts along a plane 45° from the tensile 
stress, giving rise to the various forms of cup and cone fracture. The 
stress distribution at the neck if interrupted by discontinuities throws 
the metal into combined states of stress which lead to early failure and 
consequent low contraction. It has been noted also, on transverse test 
bars from inclusion-rich material, small X-shaped checks frequently 
appear on the surface near the fracture and occasionally the break itself 
can be connected with one of these stress raisers. Such a break is invari- 
ably sharp with little contraction and represents a different mode of 
failure than the more common type which starts in the center. 

Drs. Wells and Mehl have shown that strings of inclusions of an 
angular shape are one type of discontinuity which leads to low RAT 
values. Transverse reduction of area measurements thus serve a useful 
purpose in evaluating the cleanliness of the steel when low values are 
known to be due to the effect of inclusions alone, uncomplicated by 
extraneous effects due to other heat treatment variables. All other things 
being equal, it is assumed that the gun tube with the fewest inclusions 
is the most reliable for service. The reduction of area values represent 
a method for proof testing a limited area for its inclusion content. 
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However, in the larger size forgings, there is another effect which 
may mask the above—that is, the presence of untempered martensite. 
In water quenching steels of the analysis given in heavy sections, it is 
common practice to arrest the quench in the vicinity of 300 °F and temper 
immediately to avoid cracking. The amount of martensite formed is a 
function of the lowest temperature attained and if the transformation is 
not completed during the quench, fresh untempered martensite is formed 
on cooling from the temper. This martensite would act similar to the 
hard angular inclusions mentioned in this paper. 

A re-temper then would be expected to raise the reduction of area 
values, but it is interesting to note that the authors did not find this 
to be statistically true. I would like to ask the authors whether the test 
results on the sizes given in Tables IV and XIII represent only the tests 
made at the maximum O.D. section or whether the results given include 
RAT values on the muzzle end also and whether there is any significant 
difference between them. 

Written Discussion: By Edward A. Loria, Fellow, Mellon Institute 
of Industrial Research, Pittsburgh. 

In this outstanding paper, the writer is particularly interested in the 
sections pertaining to the effects of nonmetallic inclusions on transverse 
ductility and the heat treatment of gun tubes. The RAT values obtained 
from tensile test specimens taken from various sections in the ingots 
studied would serve to evaluate ingot cleanliness and thus provide an 
indication of ingot quality. The writer® has shown the nature of some 
inclusions in tensile fractures of acid open-hearth forging steel and it is 
significant to note that even in the case of the more ductile, cup-cone 
fracture a careful metallographic examination will reveal an inclusion 
segregate at the center of the cup in at least 50% of such fractures. 
The occurrence of inclusions in the outer portion of forging ingots can 
be significant from a quality standpoint, not only in the occurrence of 
cracking or surface imperfections on machining, but in the effect on 
transverse mechanical properties. Allen” confirms that the inability to 
develop satisfactory transverse ductility is in a large part due to the 
presence of nonmetallic material visible in the fractured face of the tensile 
test specimen. On the influence of ingot size on transverse ductility, it 
can be said that the amount and size of inclusions and the tendency to 
form a mixture of large and small inclusions increases in large ingots 
thereby accentuating the possibility of producing an unfavorable dis- 
tribution. The total nonmetallic content may affect the quality of gun 
tubes produced from large ingots to a greater extent notwithstanding 
the fact that the quality of gun tubes may not be so much related to 
the amount of inclusion material as to the distribution of that inclusion 
material. Perhaps the difficulty in determining any measure of inclusion 
distribution lies in the fact that their effect can be aggravated by 


*H. D. Shephard and E. A. Loria, “The Nature of Inclusions in Tensile Fractures of 
Forging Steels,” Transactions, American Society for Metals, Vol. 41, 1949, p. 375 


37R. M. Allen, discussidn of paper by E. A. Loria and H. D. Shephard, this volume 
TRANSACTIONS, p. 358. 
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unfavorable or can be minimized by favorable hot working conditions. 

In addition to discontinuous and continuous stringer-type inclusions, 
untempered martensite and slack-quenched structures may exert a detri- 
mental influence on the transverse ductility of quenched and tempered 
gun tubes. A fully martensitic structure is recognized as the desirable 
structure before tempering but if the cooling of the steel during quench- 
ing is not sufficiently rapid to retain all of the austenite untransformed 
down to the low temperature at which the desired martensite is formed, 
ferrite-pearlite or bainite will appear in the quenched structure. Such 
slack-quenched gun tubes have been found generally to have inferior 
mechanical properties, especially with respect to impact strength. In 
slack quenching where the transformations are occurring under con- 
tinually dropping temperature rather than isothermally, the bainite de- 
composition product is formed in two stages, and that austenite retained 
with it is persistent, i.e., resists decomposition on tempering after 
quenching; but on cooling from the tempering temperature it may trans- 
form to fresh, hard, brittle martensite. This brittle, untempered mar- 
tensite, as well as the recognized deleterious presence of ferrite or 
bainite, is partially responsible for much of the poor mechanical behavior 
of slack-quenched structures. A second tempering to temper this late- 
formed martensite should correct the situation. 

Written Discussion: By Ralph L. Wilson, director of metallurgy, and 
John Welchner, metallurgical engineer, The Timken Roller Bearing Com- 
pany, Steel & Tube Div., Canton, Ohio. 

The authors are to be complimented on the fine manner in which 
they analyzed and presented this great amount of important data. The 
technical literature contains relatively little specific information concern- 
ing transverse properties of steel. With the aid of the comprehensive 
data reported in this paper, more intelligent specifications can be devised 
and less unnecessary metallurgical testing will be done where transverse 
or partially transverse properties of wrought steel products are involved. 

Of particular interest to the writers is the authors’ observations per- 
taining to nonmetallic inclusions. While it is true that an increase in 
the continuous and discontinuous stringer type of inclusions definitely 
lowers the transverse reduction of area, we found that the total non- 
metallic content of samples (general cleanliness of the steel) did not 
affect the RAT of 40-mm gun tubes to the same degree as the 75-mm 
gun tubes. In fact, with the same relative amount of stringer type of 
inclusions present, the 40-mm tubes were not adversely affected once the 
steel became “dirtier” than a certain amount. The 75-mm guns gave 
progressively lower RAT values as the general cleanliness rating de- 
creased. At present we have no valid explanation for this. (We hope 
to publish the details of our studies at an early date.) 

In our experience as a steel supplier, we find that all too often 
insufficient samples are taken in an attempt to evaluate the general clean- 
liness of a heat of steel. From a practical standpoint, enough samples 
should be taken so that the “average” rating will be within the error of 
rating of individual samples. 
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Thus, it is recommended that at least 8 random nonmetallic samples 
be taken for each heat to be rated and additional samples taken if the 
heat is below average in cleanliness. 

Written Discussion: By J. V. Russell, director, Metallurgical Lab- 
oratory, Republic Steel Corp., Chicago. 

The authors are to be congratulated on the publication in such con- 
cise form of the large mass of data which they accumulated on various 
gun tubes and forgings. They have presented their conclusions in clear 
and simple form and they are generally substantiated by a very large 
amount of testing, the results of which it is gratifying to see handled 
according to statistical techniques. We do not feel that conclusions 
arrived at in this manner can be easily denied. We would like to add 


Variability in RAT (Sigma) 





Transverse Reduction in Area, % 


Fig. 46—A Plot of the Data in Table V to Show the Sigma Value for 
RAT Values as a Function of the Average RAT for the Forging. 


our confirmation of certain sections of this paper based on our own 
experience with relatively large forgings which were produced for this 
program. 

In regard to the authors’ statement that the variation of RAT values 
for good forgings was about the same as that on forgings showing low 
RAT values, we have: plotted in Fig. 46 the data of Table V with the 
sigma values as a function of the average RAT. This plot shows that 
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with the highest RAT guns the sigma tends to be low and reaches a 
maximum at intermediate RAT values and appears to decrease again as 
very low RAT values are approached. Undoubtedly the authors’ con- 
clusions are based on more data than is shown here although we feel 
that the relation suggested is interesting. 

The conclusion is advanced that for a given practice the RAT 
quality for successive heats falls within limits of statistical control and 
also, in this case, within specification limits. We would like to point out 
that in the control charts shown in Figs. 9 and 10 only seven or eight 
steel heats are reported. Since all forgings from a heat had been 
demonstrated to be about the same quality we feel that, in this case, 





Fig. 47—Photograph of the Fracture Surface of a Transverse Tensile Test from 
Large Forging Having an Average RAT Value of 36.8%. The small crystalline bands 
in the fracture and parallel to the forging axis are readily apparent. 

Fig. 48—Photograph of the Fracture Surface of a Transverse Tensile Test from a 
Large Forging Having an Average RAT of 54%. Note absence of crystalline bands 

r 


and that the fracture is a full cup-cone type. 

points should have been plotted as average RAT values for each heat 
instead of for individual forgings. On this account seven or eight heats 
seem hardly enough to judge control of a process in regard to RAT 
quality. Also, these are evidently heats submitted to the manufacturer, 
and certain heats which may have been rejected by the steel producers 
may not have been included. On this account we feel that the inference 
should not be drawn that all heats produced fall within these limits, 
although those submitted may very well do so. 

The relation between RAT and yield strength as derived by the 
authors is an interesting one and certainly is, as they have stated, a 
necessary consideration in any specifications involving reduction of area, 
particularly where close limits are imposed on both. In considering the 
material and the size of the forgings used in developing this information, 
it appears that sections used should be considered to be through harden- 
ing and consequently the relation is expected to hold only for such sizes. 
We feel that a similar relation for certain degrees of slack quenching, 
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i.e., only partially martensitic with varying amounts of bainite present, 
would be particularly valuable. Many forgings are made of such size 
and chemical composition that they may in many cases fail to harden 
completely by the formation of martensite and we wonder if in this case 
the relation would change. Much the same comment applies where 





Fig. 49—The Two Test Bars Whose Frac- 
tures Are Shown in Figs. 47 and 48. The 
test of low RAT quality is at the left. 
The arrows indicate gage length cracks in 
this specimen. Note that along the forging 
direction cracks appear and in the plane 
transverse to the forging direction pits 
appear. 


reheat treatments are described. Here it is shown improvements may 
be obtained after requenching or redrawing. However, the sections con- 
sidered here are again relatively small and we feel that for large tubes 
which might not harden completely on one quench the RAT values 
might be improved by a re-treatment since, in general, such treatment 
tends to give deeper hardening than a single quenching and tempering 
treatment. We feel that this consideration is implied in the authors’ 
discussion and are simply giving our confirmation. 

We were particularly impressed by the section devoted to a discussion 
of the cause of low RAT qualities. The section dealing with factors 
leading to the occurrence of angular fractures is in close agreement with 
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Fig. 50—Oxides Revealed by nee ings in the Plane of the Fracture of 
Fig. 47, Down to a Crystalline Band. xX 10 


Fig. 51—The Same Field as in Fig. 50 Rocke at Higher Magnification. x 500. 


Fig. 52—A Group of Oxide Inclusions at the Base of One of the Cracks in the 
Gage Length of the Specimen Shown in Fig. 49. 


our experience. We found that tests showing poor RAT quality gen- 
erally had such a fracture although it was not necessarily angular, being, 
in many cases, normal to the axis of the specimen. We found that 
fractures of this type were generally accompanied by clusters of oxide 
inclusions. The effect of these clusters on appearance of fractures is 
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shown in Figs. 47 and 48. The average of eight tests on the material 
of which Fig. 47 was typical was 36.8% RAT (sigma = 4.34) and average 
of seven tests on the material of which Fig. 48 was typical was 54% 
(sigma = 2.24). The small crystalline bands in Fig. 47 were character- 
istic of low ductility material and appear to be completely absent in 
Fig. 48 which is a cup-cone break. Another characteristic of material 
of low RAT was to crack in the gage length as in Fig. 49. Both the 
crystalline bands and the gage length breaks had associated with them 
angular oxides as illustrated in Figs. 50, 51 and 52. These inclusions 
were generally absent in material of high RAT. -As a matter of interest, 
Shephard and Loria” illustrate the same condition as suggested by 
the authors to be a principal factor in low RAT values. We might add 
also that the condition of heterogeneity referred to by the authors has 
been observed by us in much the same relation to RAT values. 

In connection with the sulphide-rich regions described it has been 
observed that these regions also may be positively segregated in respect 
to certain other elements such as carbon, silicon, manganese, chromium 
and molybdenum.* The authors have shown that the presence of these 
pits after deep etching is not accompanied by an adverse effect on RAT 
quality but they have demonstrated this at a relatively low strength. 
Do they have information on the effect of these regions at higher tensile 
strength? We feel that information on the influence of these areas on 
quality should be established over a wide range of strength. 

Written Discussion: Bj; A. O. Schaefer, executive engineer, The Mid- 
vale Co., Nicetown, Philadelphia. 

Rarely does the opportunity present itself to anyone to have avail- 
able for consideration and review the great amount of data contained 
in the paper and the others in the series being written at Carnegie 
Institute of Technology. It is indeed fortunate that we have men with 
the broad experience of the present authors to digest a great quantity 
of this information for us. The present paper is unique as we under- 
stand it in that it summarizes in advance a lot of the detail which will 
follow in subsequent papers. 

The writer of this comment served during the recent War as Chair- 
man of the Development Group on Gun Manufacture, so that he can 
speak from intimate contact with the research as it progressed. It will 
be recognized at once that this project started in a modest way, to 
attempt the explanation of angular fracture and the variations found in 
what Cyril Wells calls RAT or Reduction of Area Transverse. From this 
small beginning, the study branched out to cover practically all the vari- 
ables of steel manufacture and their relationship to transverse tensile 
and impact properties. 

Dr. Wells gave freely of his time during the War, and on several 
occasions lectured for a full day before the Development Group, keeping 
them fully informed on the progress of his study. The importance of 





88Convey and Rorery, “Microspectrographic Method for Quantitative Analysis of Steel 
Segregates,”” Advance Copy, 1946, Journal, Iron and Steel Institute. 





cS 
| 





814 TRANSACTIONS OF THE A. S. M. Vol. 41 


this work was recognized from the start by the manufacturing group. 

There are several points that, it seems to me, should be emphasized 
more definitely than they are in the present paper. 

In the first place, no one really knows what actual merit reduction 
of area transverse has as a criterion of the serviceability of steel forgings 
in general or of gun tubes in particular. The fact remains that this was 
made the criterion for gun tubes at a period when no one had the time 
to quibble about it. No one disputes the value of ductility, however, or 
that it is in fact indicative of quality. 

In the same way Charpy Impact Transverse was made a specification 
requirement for more highly stressed tubes, and the present study was 
enlarged to include this property. 

One of the dangers of a program as broad as this one is that it 
might be considered to apply to steel forgings in general. I think it 
should be pointed out that this study really covers a very special type 
of forging. In most-cases, the forging manufacturer is able to adjust his 
forging method to provide flow lines in an advantageous pattern. This 
he upsets, expands, draws, or bends, to make the most serviceable part. 
Optimum ductility as well as impact properties follow flow lines. 

However gun tubes, particularly small ones, do not permit the most 
favorable flow lines. They are forged by a “drawing” operation from the 
ingot, and can be forged in no other way until we come to sizes large 
enough to permit hollow forging. Larger hollow forged tubes are not 
included in the scope of this paper. The reduction of area and impact in 
transverse planes are obtained then by means which are different from 
those followed in making most forgings. That is why small ingots giving 
forging reductions of the order of 2 and 3 to 1 are so often noted. 

At the same time it should be realized that we are, in general, review- 
ing results obtained from steel of the very highest quality, made from 
selected raw materials, controlled throughout, and with larger discards 
taken from the ingots. These forgings were made in large quantities. 
In many cases this permitted the use of ingot molds designed specifically 
for the job, and in many other special practices. 

It is admittedly very difficult and very foolish to dispute statistical 
mathematics, but I cannot help but feel that the authors have slipped 
into some generalities which are too broad to apply in all cases. For 
instance, with regard to the relationship of ingot size to transverse 
ductility, it is stated that this would have no effect whatsoever provided 
the forging reduction remained the same, and the quench was as effective, 
etc. The practical forging manufacturer favors the use of smaller ingots 
because he knows they naturally tend to a less pronounced dendritic 
pattern, and because it is easier to obtain clean steel in smaller molds. 

We have also the statement that the difference between the trans- 
verse reduction of area quality in the product of the basic electric and 
the basic open-hearth furnace is practically insignificant. This was 
proven only on pierced tubes at a not very high strength level (Y.S. 
115,000 psi). The pierced tubes contained in the investigation represent 
a product in many ways different from the conventional forged barrel. 
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The piercing operation, the twist imparted to the stock, and other factors, 
result in a product which is quite different from the usual forged and 
bored tube. It is true that there was very little difference between basic 
open-hearth and electric furnace steel when made into pierced tubes. 
| do not think there was any comparison made otherwise. When it 
comes to high strength tubes required to have high transverse impact 
values, electric furnace steel showed a distinct superiority over open- 
hearth steel. 

The practice of reheat treatment operations has not been discontinued 
as a result of this research, but the reasons for it are perhaps better 
understood. It is difficult to establish that we have or have not accom- 
plished a quench completely in the martensite zone. There have been 
too many instances where a second quench accomplished what a first had 
not. Sometimes, frankly, a reheat treatment is given merely to permit 
resubmission under the terms of the specification. It is here that Drs. 
Wells and Mehl have helped by showing the range of values that may 
be expected in such properties as reduction of area transverse. Also 
repeated tempering heats are sometimes found effective for the removal 
of retained austenite, as well as for final stress removal. 

Aside from the great amount of information about forged steel to be 
gleaned from this work, the greatest practical benefits derived from the 
application to specifications of the principles revealed are that such 
values as reduction of area transverse and Charpy impact transverse 
should be required on a sliding scale based on the actual yield strength 
obtained and that average and range requirements should be used so 
that stray values do not necessitate retesting or retreatment. The 
authors are to be commended for making this great fund of information 
available to all. 

Written Discussion: By James Allison, metallurgist, The Star Drilling 
Machine Co., Akron, Ohio. 

The work described in this paper was probably the most important 
war-time contribution to gun tube manufacture from the standpoint of 
cost and time saving, smooth production and clear understanding of the 
physical test results. 

The gun tube specifications at the beginning of the war called for a 
minimum transverse reduction of area and a minimum and maximum 
limit of yield strength. For no explainable reason, it was the general 
experience of most gun tube manufacturers that only about one-half 
of the gun tubes tested from the majority of heats of steel would pass 
the transverse reduction of area requirements. Retests were permitted 
and usually about another one-half of the remaining tubes would pass. 
The customary practice was to anneal, requench, and draw the tubes 
which failed on retest. After this treatment about one-half of the 
retreated tubes, and one-half of the remainder upon still another retest, 
would pass. This procedure of retreating and retesting had sometimes 
to be repeated three times to get all guns from a good heat of steel 
accepted or to reduce the rejects to a negligible percentage. As an 
average, we had to make twice as many physical tests as were required 
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by the specification. We found that the tubes of only about one of ten 
heat lots would pass on the first set of tests. Such erratic results caused 
large inventories of tubes in process and uncertain delivery schedules. 

In April 1943, we began to operate under Specification WVXS 88, 
one of the specifications which resulted from the work described in this 
paper. Transverse reduction of area results were subjected to statistical 
analysis. A _ sliding scale of minimum reduction of area values -for 
different levels of yield strength was substituted for the single minimum. 
Immediately the number of tests decreased to one-quarter to one-eighth 
of those formerly required. The test results from the first heat treating 
load of a heat of steel gave almost certain proof whether all of the tubes 
from that heat would pass. Also, it was no longer necessary to draw 
the tubes to the low limit of yield strength to favor higher reduction of 
area. As a result, the number of heat treating batches which had to be 
retreated to bring them within the yield strength limits was reduced to 
a negligible percentage. 

When the trend to higher strength tubes made it necessary to require 
transverse impact tests, there was some feeling among the manufacturers 
that this test was subject to too many variables to be practical. As the 
authors have shown, statistical treatment of the impact test results 
established a correlation with transverse reduction of area results in 
tubes quenched to martensite. The impact tests gave protection against 
slack-quenched tubes being made into guns, and contrary to expectations 
caused no confusion to production. 

The authors are indeed to be congratulated upon this exhaustive 
study which has clarified both the meaning of transverse reduction of 
area and impact tests, and the effect of many of the variables of gun 
tube practice on these physical properties. Also, they are to be con- 
gratulated for their timely application of the results of their studies to 
expedite quality gun tube production during the war. 


Authors’ Reply 


The authors wish to express their appreciation to those who have 
contributed to the discussion of this paper. 

For reasons given by Mr. Stoup and Mr. Loria, one might anticipate 
that a retemper of certain large quenched and tempered forgings would 
increase average transverse reduction of area quality. Actually trans- 
verse reduction of area quality is sometimes raised quite markedly by a 
retemper, even though the yield strength is little affected by the retem- 
pering treatment. In one instance the average of transverse reduction 
of area values for 16 specimens from a quenched and tempered forging 
25-inch O.D., 8.5-inch I.D., and about 350 inches long is 38.9%; after 
retempering the average of values for 16 specimens from the same forging 
is 44.4%, an increase of 5.5%. The yield strength average after temper- 
ing is 108,000 psi and 105,000 psi after retempering. 

Average and sigma (standard deviation) listed in Columns 8 and 9 
of Table VIII are based on (a) data from four 0.357-inch diameter trans- 
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verse tensile test specimens taken from maximum O.D. ends of forgings 
supplied by Companies 1, 2, 3, 15, and 16, (b) data from 0.357-inch 
diameter specimens from minimum O.D. ends of tubes supplied by 
Company 14, and (c) an equal number of data from 0.505-inch diameter 
specimens from each end of tubes supplied by other companies, not above 
mentioned, but referred to in the table. The difference of transverse 
reduction of area quality between the two ends of any forging randomly 
selected from those referred to in Table VIII is likely to be insignificant 
from a practical point of view. Occasionally the smaller diameter end 
of a quenched and tempered forging is much lower in transverse reduction 
of area quality than the larger end because of nonmetallic inclusions; 
sometimes the larger end of the forging is much lower in transverse 
reduction of area quality than the smaller end because of the smaller 
end being more drastically cooled during quenching. 

The experience of Mr. Wilson and Mr. Welchner shows that both 
continuous and discontinuous stringer types of inclusions definitely lower 
transverse reduction of area quality. All seamless tubes referred to here 
by these two discussers were reduced 15 to 1 or more by hot work, 
subsequently quenched, and drawn to a yield strength of between 95,000 
and 125,000 psi. The authors’ experience shows that at least sometimes 
continuous inclusions of the type, size, and distribution contained in 
Forging 2 from Company 17 have little effect on average transverse 
reduction of area quality as determined by standard tensile tests. 

Results presented by Mr. Russell are quite valuable and the authors 
are pleased to note that his conclusions based on these results confirm 
many of the conclusions drawn by the authors. 

In the paper (page 736) the following is stated: “It seems quite 
probable that all forgings from any arbitrarily selected group of ten or 
even more consecutively made heats will, if thoroughly tested, be found 
to have essentially the same transverse reduction of area quality. 
Hundreds of control charts have been plotted which, considered together, 
amply support this conclusion. One typical control chart, showing that 
all the forgings from seven consecutive heats made by Company 17 are 
probably alike within the limits of practical significance, is plotted in 
Fig. 9.” Of course, the authors agree with Mr. Russell that the results 
of Fig. 9 do not of themselves form a sufficiently sound foundation on 
which to base the conclusion that the process is essentially in control 
with respect to transverse reduction of area quality. These results are 
typical, however, and the data considered are for forgings from seven 
consecutively made heats. There are many instances where 6, 8, 10, or 
even more heats made consecutively in a well-controlled practice appear 
to have essentially the same transverse reduction of area quality. If space 
had been unlimited, many more data would have been included in the 
paper to further support the conclusions drawn. 

The authors agree with Mr. Russell that study should be made of 
the effect of soft, continuous, sulphide stringers, such as were observed 
in Forging 1 from Company 17, on the transverse reduction of area 
quality of forgings quenched and tempered to various widely different 
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tensile strength levels. So far the authors have made this study using 
forgings drawn to only one tensile strength level of about 100,000 psi. 

Thanks are offered to Mr. Schaefer for his discussion. He apparently 
feels “that the authors have slipped into some generalities which are too 
broad to apply in all cases.” The authors, after a further study of their 
paper, do not share this feeling. Considerable effort has been expended 
in attempts to state conditions under which the conclusions drawn are 
correct and it is hoped that this effort has not been made in vain. Indeed 
it would be both disappointing and unfortunate if the impression should 
be given that the conclusions are correct under conditions where actually 
they are not. 

The authors are pleased to have Mr. Allison’s comments emphasizing 
the fact that application of information disclosed as a result of this 
research has been and still is of interest and value to practical metal- 
lurgists. 








THE ABRASION RESISTANCE OF METALS 


By R. D. Haworts, Jr. 


Abstract 


A new abrasion testing machine has been devised 
with which it is possible to determine quantitatively the 
resistance of metals to either dry or wet abrasion. Weight 
loss values obtained under several abrasive conditions are 
presented for a variety of metallic materials. The results 
show that, in the absence of tmpact, carbon content 1s the 
most effective alloying element in producing resistance to 
abrasion. Wauth the same abrading material, dry abrasion 
usually is more severe than wet abrasion. The degree of 
angularity of the abrading material has a marked effect on 
the extent of abrasive wear produced. 

Ordinary methods of hardness determination show 
no reliable correlation with abrasion resistance. Hardness 
of the microconstituents relative to the abrading material 
together with the size, distribution, and quantity of the 
hard phases in the. structure appear to be determining fac- 
tors in abrasion resistance. Additionally, under dry abra- 
sive conditions, hot hardness of the aggregate may be an 
additional important factor. 


INTRODUCTION 


BRASIVE wear of metals long has been an important problem, 

the seriousness of which has been increased in recent years by 
the development of new higher speed mechanisms and by the steadily 
rising cost of replacing worn parts in terms of maintenance labor 
and lost production time. In turn, increased attention has been given 
to the development of better abrasion-resistant materials. Evidence 
of the gravity of this problem is found in the recent application 
of special tungsten carbide inserts in mining and earth-moving 
equipment. 

The term abrasion is used with specific reference to the fre- 
quently rapid removal of metals by the cutting or scrubbing action 


A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The author, R. D. Haworth, Jr., 
is supervisor, Abrasion Research, Armour Research Foundation, Chicago. 
Manuscript received April 15, 1948. 
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of extraneous abrasive materials. The latter may be materials such 
as coke, earth, gravel, iron shot, mill scale, ores, or sand. The sub- 
ject matter of this paper is confined to the abrasive type of wear and 
more particularly to sliding abrasion in the presence of minor or 
infrequent heavy impact which would not be sufficient to work harden 
the surface of the metal. 

Studies of abrasion and abrasion resistance are very complex 
because of the many inherent variables encountered in service. Some 
of the complexities that must be considered are discussed briefly in 
the following paragraphs. 

Natural materials encountered in various applications range in 
hardness from talc to corundum (natural aluminum oxide). Silicon 
carbide, a synthetic material sometimes encountered, has even greater 
hardness than aluminum oxide. In general, materials with higher 
hardnesses are more abrasive than softer materials. The reported 
abrasiveness of materials softer than steel, such as coal, for example, 
may actually be due to the presence of relatively small amounts of 
harder materials, such as iron pyrites, shale, or sand. 

The type of metal which can be used for a given application is 
dependent on the degree of impact or pressure involved. Under 
heavy impact or pressure, austenitic manganese steel work hardens 
on the surface and resists wear excellently, whereas low shock-resist- 
ant materials, such as white iron, are unsuitable for this type of 
service. On the other hand, for abrasive service accompanied by 
minor or moderate shock, white iron will outwear austenitic manga- 
nese steel by a wide margin (1).? 

Another important factor in abrasive applications that requires 
consideration is whether the service is dry or wet. Blake (2) found 
that dry and wet service were very different, and also that different 
abrasives would alter and even reverse the order of excellence of 
the metals tested. Corrosion is often an important factor in the 
selection of materials for wet abrasion. A material which is inferior 
to another in a noncorrosive application may be far superior to the 
other in a corrosive medium. Likewise, a superior metal in wet 
abrasion may be decidedly inferior in dry abrasion where elevated 
temperatures, due either to the nature of the application or to fric- 
tional heat generated by high speed movement of the metal parts or 
the abrading material, prevail. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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LABORATORY ABRASION TESTING DEVICES 


The literature abounds with descriptions of devices which have 
been used for simulating and testing resistance to both metal-to-metal 
wear and abrasive wear. An extensive bibliography is appended to 
the paper by H. W. Gillett (3) in the 1937 ASTM Symposium on 
Wear of Metals. This bibliography refers to both abrasion and ordi- 
nary wear testing devices. For the purpose of this paper, only the 
abrasion testing devices are of interest. 

Abrasion testing devices which have been used may be classified 
into five major categories as follows: 

1. Fixed abrasive 


2. Sand-blast 

3. Ball mill 

4. Abrasive lap 
5. Rotating wheel 


1. Typical of the first class are endless belt grinders and grind- 
ing wheels. The principal disadvantages of the fixed abrasive testers 
are that (a) grinding takes place at a uniform rate with no recogni- 
tion of heterogeneity of the structure which, in loose abrasive appli- 
cations, may result in undercutting of hard constituents in relatively 
soft matrices, and (b) the methods lack versatility since abrasive 
types and grits are limited to those available in bonded form. 

2. The sand-blast test, according to Rosenberg (4), does not 
differentiate between many materials which are known to have widely 
different “wear-resisting”’ characteristics. The air pressure in this 
type of test was found to be very critical. Therefore, variations in 
line pressure and wear of the blast nozzle exercise a notable effect 
on the results obtained. With a 30-pound air-blast pressure no dif- 
ference was noted between a chromium-molybdenum steel, 12% 
manganese steel, and white iron. Similar tests made with a 60-pound 
air-blast pressure again showed no difference between the steels but 
the white iron showed a decidedly higher loss of weight. 

3. The laboratory ball mill test has been utilized by numerous 
investigators. Ellis (5) tested balls of various alloy and carbon con- 
tents with several abrasive materials including talc, marble, feldspar, 
granite, sand, silica, and silicon carbide. The results showed, with 
the exception of the sand tests, that the abrasion resistance of iron 
alloys decreased as ithe carbon content was increased, i.e., plain white 
iron and 2.5, 7.5, and 15% chromium iron balls all showed a greater 
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weight loss than steel balls of the same base alloy composition. The 
superiority of forged steel balls over cast white iron has been con- 
firmed by Norman and Loeb (6) in full-size ball mill tests. 

4. The abrasive lap type of tester has been used by Blake (2) 
and Weiss (7). Their devices are similar and consist essentially of 
specimens loaded against a circular track rotating in’ an abrasive 
slurry. In the device used by Blake the test specimens revolve 
around a copper lap at a speed of about 119 feet per minute for a 
total distance of 1.35 miles. 

In his monograph on abrasion, Avery (8) lists a large number 
of values obtained with the device described by Blake. The princi- 
pal comment on the data is the relatively small difference among some 
of the materials tested. For example, white iron and SAE 1020 steel 
are reported to have approximately the same degree of abrasion re- 
sistance. 

In the device used by Weiss, a rotating gray iron ring carries 
the abrasive under two stationary, lightly loaded specimens. Weiss 
used Crystolon (silicon carbide) for his abrasive. The use of silicon 
carbide produces a vastly accelerated test but the results cannot 
always be used with complete assurance for applications involving 
less abrasive materials. 

5. The fifth classification of abrasion testing device (rotating 
wheel) is represented by the Brinell abrasion testing machine (9) 
which consists of a specimen clamped in a holder against which a 
disk of open-hearth iron approximately 4 inches in diameter by 7; 
inch thick is rotated. Sand from a hopper above the device is fed 
continuously between the specimen and the disk. The disk is rotated 
at a speed of 45 revolutions per minute (approximately 45 feet per 
minute) for a predetermined distance, after which the motor is 
stopped automatically. 

Tests made to evaluate the effect of increasing distances of disk 
travel showed a smaller increase in loss of weight due to the decreas- 
ing average pressure per unit of area as the tests progressed. The 
relative values between good and poor abrasion-resistant materials 
were, therefore, somewhat affected by the nonuniform decreasing 
unit pressure between the specimen and disk as the specimens wore. 
All test runs were made at a pressure of approximately 22 pounds 
and 200 feet travel of the surface of the disk. Results were reported 
in terms of depth of the worn groove and by weight loss. 

The weight loss of carbon steels was found to decrease propor- 


a 
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Fig. 1—Abrasion Testing Machine Used in the Investigation. 


tionally with increasing hardness; i.e., fully-hardened steels were 
found to be more abrasion-resistant than the same steels in the 
annealed condition. A series of plain carbon steels quenched to 
maximum hardness showed no appreciable change in wear resistance 
between 0.40 and 1.30% carbon. 


DEVELOPMENT OF A NEw ABRASION TESTING DEVICE 


The occasion for developing a laboratory abrasion tester arose 
during work on liners for the reciprocating pumps used in pumping 
mud in oil well drilling operations. No apparatus felt to be entirely 
satisfactory for the purpose had been described in the literature, 
although the Brinell abrasion machine appeared to approach the 
required type of abrading action and to have merit both as to sim- 
plicity of design and operation. 

After several design changes, a considerably modified version 
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of the Brinell machine was evolved. A photograph of this device 
is shown in Fig. 1, accompanied by a schematic diagram in Fig. 2. 
Because the pistons in slush pumps are made of rubber to maintain 
pressure as the liner wears, the wheel in the machine was made of 
rubber. The wheel was made thicker and larger in diameter (approx- 
imately % by 9 inches) than in the Brinell machine. The wheel is 
notched to help in carrying the abrasive uniformly against the speci- 





Fig. 2—Schematic Diagram of Abrasion Testing Machine Shown in Fig. 1. Tray 
1, specimen—2, abrasive carrying wheel—3, abrasive material—4. 
men. The abrasive is placed in a tray beneath the wheel where it 
is picked up by the wheel. The specimen is held against the pe- 
riphery of the wheel by means of a weight on the opposite end of the 
pivoted arm which holds the specimen. The standard specimen size 
is 3 inches long by 1 inch wide by ™% inch thick. 

A high speed photograph of the machine in action with an abra- 
sive slurry and with the retaining cover of the tray removed is 
shown in Fig. 3. After results obtained with the machine were 
found to correlate with service data, the machine was applied to 
other problems involving abrasion. It was found that dry abrasive 
particles could also be carried by the wheel as illustrated in the high 
speed photograph in Fig. 4. Correlation with several types of essen- 
tially dry abrasive applications, which will be discussed in a later 
section, was found to be excellent when the tests were properly con- 
ducted to simulate the field conditions as nearly as possible. 

The device must be used with the abrasive either dry or in 


4 
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Fig. 3—High Speed Photograph (1/10,000 Sec.) of Abrasion Machine With Re- 
taining Cover Removed Showing Action With a Wet Abrasive Slurry. 


slurry form. The wheel will not pick up and carry an intermediate 
moisture content. However, for almost all types of abrasive service, 
data from slurry or dry tests or both will probably suffice. The 
test further does not provide for the effect of impact; but for appli- 
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Fig. 4—High Speed Photograph (1/10,000 Sec.) of Abrasion Machine Running 
With Dry Crushed Quartz. 


cations involving only light or sporadic impact, the abrasion tests 
coupled with independent repeated impact tests may be used to 
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Fig. 5—Typical Abrasive Wear Patterns on Hardened SAE 1045 Steel Obtained 
in Dry Tests With 28/35 Mesh Crushed Quartz, Crushed Feldspar, and Crude Ottawa 
Sand From Left to Right. The dark appearance around the grooves is due to temper 
colors produced in testing. 


specify the material with the optimum combination of resistance to 
both abrasion and impact. 


WHEEL MATERIAL, PRESSURE, AND SPEED 
> 


The use of a rubber wheel was found to have a number of 
advantages over the steel wheel used by Brinell. During the progress 
of a test made with a steel wheel, the area of contact between wheel 
and specimen gradually increases and the unit pressure correspond- 
ingly decreases. With a rubber wheel, on the other hand, due to the 
resiliency of the rubber, the initial length of the contact area between 
the specimen and wheel is approximately 2 inches and increases only 
slightly as a groove is worn in the specimen during the test. The 
unit pressure on the specimen, therefore, is relatively constant 
throughout the test, whether the wear pattern is shallow or deep. 
Typical abrasive wear patterns obtained on hardened SAE 1045 steel 
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with dry crushed quartz, crushed feldspar, and crude Ottawa sand 
are shown in Fig. 5. 

Perhaps the greatest benefit of the rubber wheel is the lack of 
high pressure on the individual abrasive particles, again due to the 
resiliency of the rubber, which permits the particles to imbed in the 
wheel. When a steel wheel is used with sand, the latter is pulverized 
as it is carried between the wheel and the specimen. Thus, with a 
steel wheel the test conditions would change constantly throughout 
a test, whereas in rubber wheel tests no noticeable breakdown of 
the sand particles occurs. 

The lack of concentrated high pressure on the abrasive particles 
in the laboratory device produces accurate correlation with many 
types of abrasive applications where only mild pressure or impact 
is involved. The simplest illustration of this type of application 
would be that of sand sliding down a chute. 

In order to determine the effect of several variable factors, a 
series of tests was made using various pressures, wheel speeds, and 
distances of wheel travel. Fully hardened (water-quenched, untem- 
pered) SAE 1045 steel specimens, all from the same heat, were used 


for these tests. The hardness of the specimens ranged from Rock- 
well C-59 to C-62. 


Table I 
Effect of Pressure, Speed, and Test Duration 
on Abrasive Wear of Hardened SAE 1045 Steel 











Hardness 59/62 Rockwell “C’’; Abrasive: Dry Crushed Quartz—28/35 Mesh 


Load on Distance of 
Wheel Speed Lever Arm Wheel Travel Weight Loss 
No. rpm pounds feet (grams X 10) 
1 250 40 2000 67 
2 250 40 4000 130 
3 250 20 4000 53 
4 1035 20 4000 120 





The weight loss values shown in Table I are the actual weight 
losses in grams multiplied by ten. The results are reported in this 
manner in order to obtain whole numbers for the more abrasion- 
resistant materials. 

The surface speed of the wheel at the lower speed was approxi- 
mately 600 feet per minute; that at the higher speed, 2450 feet per 
minute. The approximate load on the test specimen projected over 
the average wear pattern is approximately 40 psi with the 20-pound 
load on the lever arm and approximately 60 psi with the 40-pound 
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load. The area of contact between wheel and specimen is less at 
the lighter load than at the heavier load. Tests were not made using 
the 40-pound load on the lever arm at the higher speed (1035 rpm) 
because of rapid deterioration of the rubber wheel. 

The first two values in Table I show almost exact proportional- 
ity between weight loss and distance of wheel travel (i.e., duration of 
test). The third and fourth values, determined at constant load and 
test duration but at two different speeds, show somewhat more than 
twice as much weight loss at the higher speed as at the lower speed. 
The ratio of the speeds is approximately four to one. 

Comparison of the second and third values shows a weight loss 
with the heavier load which is approximately 214 times the weight 
loss where the lighter load is used. The disproportionately greater 
weight loss at the heavier load may be due to the greater area of 
contact or to the higher temperature developed, or both. 

A wheel speed of 250 rpm, a load of 40 pounds, and a distance 
of 4000 feet were selected as standard test conditions. Under these 
conditions, the test requires approximately 7 minutes. It is found 
necessary to vary these test conditions from time to time to obtain 
more accurate correlation with known field data or to obtain more 


sensitive distinction among better materials by running longer test 
distances. 


Dry Versus Wet ABRASION 


A pronounced aberration in the expected behavior of hardened 
carbon steels has been observed consistently in dry quartz and sand 
abrasion tests. Greater weight losses are obtained than in similar 
steels in the annealed or hot-rolled conditions. In wet abrasion tests, 
the expected superiority of hardened steels over the softer steels is 


obtained. Typical comparative values under dry and wet test condi- 
tions are shown in Table II. 


Table Il 
Comparison of Dry and Wet Abrasion Tests 





28/35 mesh; 250 rpm; 40-Ib. load; 4000 feet 
———Weight Loss (Grams X 10) 


Water-Quenched Hot-Rolled 
Condition SAE 1045 Steel SAE 1020 Steel 
Abrasive of Test (Rockwell C 59/62) (Brinell Hardness 131) 
Quartz Dry 131 69 
Quartz Wet 41 60 
Ottawa Sand Dry 21 17 


Ottawa Sand Wet 7 11 
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A tentative explanation for the dry abrasion superiority of the 
hot-rolled SAE 1020 steel over that of the water-quenched SAE 1045 
steel is that the surface hardness of the hardened steel at the tem- 
perature developed during testing may be actually less than that of 
the hot-rolled material. 

This marked indicated inferiority of hardened steels under dry 
abrasion conditions has not been completely demonstrated in actual 
service. However, hardened carbon steel Sandslinger liners in actual 
service showed approximately equivalent life to hot-rolled liners. 
The reason for the difference between the laboratory and service 
results may be because the sand used in the foundry contains some 
moisture which, together with the larger surface area of the liner, 
probably prevents the liners from reaching the temperature attained 
by the specimens in the completely dry laboratory abrasion tests. 


TEMPERATURE DEVELOPED IN Dry ABRASION TESTS 


Sufficient heat is generated during the dry sand abrasion tests 
to produce blue-black temper colors on carbon steel specimens. At- 
tempts were made to measure the temperatures developed by means 
of a thermocouple spot-welded to the bottom of a groove machined 
on the back of the specimen. The grooves extended approximately 
halfway through 44-inch thick test specimens. 3 

Tests were made at speeds of 250 and 985 rpm using crushed 
28/35 mesh Wausau quartzite. Tests were made at 250 rpm with 
loads of 20 and 40 pounds. A single test was made at 985 rpm with 
a 20-pound load. 

The tests were continued until the specimens were either worn 
through to the thermocouples or for an excessive period without 
wearing through to the groove. The test at 250 rpm with a 40-pound 
load developed a maximum temperature of 620°F compared to a 
maximum temperature of 863 °F in the higher speed test. Actual 
surface temperatures are probably considerably higher than those 
which were registered by the thermocouples. 

Comparative temperature curves are shown in Fig. 6. The data 
for each condition are not strictly comparable, since all of the speci- 
mens were slotted to the same depth. Therefore, the distance from 
the wearing surface to the thermocouple diminished faster in the 
high speed test than in the lower speed tests, and faster at the heavier 
load than at the lighter load in the lower speed tests. However, the 
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Temperature °F 





0 500 i000 )=6—1500 2000 2500 3000 3500 4000 
Test Distance, Ft. 


Fig. 6—Temperatures Developed in Dry Crushed Quartz Abrasion Tests. 


data show that a considerable temperature is reached, particularly 


in the higher speed test, which is an aid in explaining some of the 
observed abrasion results. 


EFFECT OF PARTICLE SIZE 


The maximum size of particles which can be used in the device 
is limited to about % inch. Early tests showed considerable varia- 
tion in weight loss of duplicate specimens. This was traced to 
variable particle size distribution in the abrasive material. Finer 
particle sizes, particularly of crushed quartz, present a greater multi- 
plicity of cutting edges for an equal volume of abrasive and, there- 
fore, cause more rapid wear than larger particles. Subsequent tests 
were made with close control over the abrasive particle size. A 
range of 28/35 mesh was selected as standard. 


ABRASION TEst DATA 


Abrasion tests have been run with the test apparatus on a large 
number of samples of various materials ranging from carbon and 
alloy steels through highly alloyed cast irons and tungsten carbide 
inserts. The tests normally are run in duplicate unless the weight loss 
values do not check within 10%, in which case additional tests are 
run. This degree of reproducibility has been found to be satisfactory 
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for practical purposes in correlating laboratory and service data. A 
greater variation than 10% usually has been found attributable to 
nonuniformity of the sample, or possibly to variations in the nature 
of the abrasive. Selected data on various materials are listed and 
described in the following sections. 


EFFECT OF CARBON AND CHROMIUM CONTENT AND TYPE 
oF ABRADING MATERIAL 


Since carbon and chromium are the most prevalent hardening 
elements in commercial cast and wrought alloys intended to combat 
abrasive wear, their respective roles were investigated thoroughly. 
Series of steels and irons containing approximately 2, 6, 14, and 30% 
chromium, with carbon contents of approximately 1, 2, 3, and 4%, 
were cast into standard abrasion test specimens. The four chromium 
series have been designated, respectively, AA, BB, CC, and DD. 
Sufficient specimens were cast and tested to investigate the effect of 
the following variables. 


1. Comparison of dry and wet quartz abrasion. 


2. Effect of heat treatment (specimens were compared 
as cast and hardened). 

3. Effect of angularity of grain (crushed quartz vs. sand). 

4. Effect of type of abrasive (feldspar vs. quartz vs. 


alumina ). 

The test data are shown in Table III including chemical analyses 
and average weight loss values of two or more tests. The weight 
loss values again are the actual weight losses in grams multiplied by 
ten. The results under 100 are reported to the first decimal point. 
The results obtained under any particular test condition can be 
expressed as a ratio to a standard or known material by dividing the 
weight loss of the standard by the weight loss of the sample. 

The material referred to as quartz in Table III is a high grade 
crushed quartzite from Wausau, Wisconsin. In the interests of 
brevity, however, it will be referred to simply as quartz in subsequent 
discussion. The feldspar used in the tests was glassmaker’s grade 
of potash (orthoclase) feldspar from North Carolina. The alumina 
used was a synthetic product produced by the Carborundum Com- 
pany and marketed under the trade name “Blastite”. The sand used 
was crude Ottawa sand from Ottawa, Illinois. 

Under the conditions of the tests, the carbon content of the 





833 


LETALS 


\ 


OF | 


- 
EF 
» 


{NC 


ABRASION RESIST. 


1949 


2 9'T C9/¢9 
I'8¢ 6'0 cl L's ae 6'1 09/95 
oo ab fh 0'9 Pr 6l £9/ 19 
vel 6°? 6's COT 8°6 6°SZ O9/9S 
ai fay we Q'Z1 9°bZ 09/96 
£°26 6°9 cvs 9°SZ £°0Z £°99 Sbt/ tr 
i ay ; CSP [SZ 62/97 
Srl L6l 2 9°SZ 6 bb 0°99 €7/8I 
¢ LP cl cl 8'¢ 8'T . 69/S9 
L38P Le 6'°C 9°S cll b'6 SS/PsS 
8°98 9'T 0°? o'r v'~ a 02/99 
L£°2ZS Ze 8'¢ 9°01 O'ST Z°3I Z£O/¢S 
8°26 ¢°9 8°9 c’Zs C9 6°99 Z9/¢9 
2°68 c Ol £°Z bt bt 6'0¢ b'69 LYv/<? 
Sa v'LZ 9'’cT c 16 9°L cri c9O/LS 
£°Ss C82 8'el C'$SZ ¢°s$9 90I £/8Z 
, Ie ; ¢°s b 6 L9/19 
018 a oe I'l 9°9 0°6 65/5 
Pics is I's ent "> eT] 69/69 
0°18 ‘é o*¢ prt vl OST Ss/es 
an ao Stl ray 4 %¢é for b9/6S 
fOr cst O71 cts cvs Z0l CS/LP 
Se rot £1? “oe 6°29 Ost £9/8S 
rel b'6e 9°97 cll £°vs Os8T B8S/EFs 
ves 0°S IZ 8°8 6'P 0°6 LO/ZS 
£28 re bc +6 O'P 0°6 Z£S/¢S 
0°29 r'9 ce 9ST 8°9 Zl 8o/ES 
c'68 6'¢ 9°¢ 61 19 rst IS/Lp 
0°98 £9 Stl ces oSZ 1°06 CO/LS 
0°96 It a £29 l'Or 8's Lo/tr 
Pash, 8°ce ee 90I 0'Or OLT 09/9¢ 
eee cre 16 0°08 ler LLL cr/SE 
0°06 O'8P 6°9T £°cs r'°09 vZ9 Ifl NH@ 
# 0r—0S7 FH Ob—OS7 FOP—OSZ FOZ—SEOI HOv/0ST HOr/0SZ =D» 
euIWIn[ Vy iedspla yy pues zyIeng ZjIRENOG zj1eNnd [[> M390 
Aig A1q BMEVO Aq PM Aig ssoup.ie py 
A1( 
U—__—_——peo’7] pure (uid1) bende [2294 MA—PAIseiqy 


OI X 


suei3 


oz'Is 
o9o'l¢e 
$2°s2 
OL'o¢ 
ore 
OS tl 
Oc'rl 
Olt! 
65°9 
612 
629 
6S ‘9 
2011 
ort 
eo 
vet 
49 





‘MeIp = q—L ‘youanb [10 00—.« 


os 


1t. S62 


89°0 ¢6'0 96T 


8¢s°0 9r'0 cc'l 
88'0 cs‘¢ 

oo 8 8=66tt 

99°0 tr'O lot 
9¢°0 I'l 
sco elt 

¥9°0 £0°¢ 

ce'0. Of 08" 
e380 , 8Z'0 
oq) 0 OBE 
en 3 
86:0 9909 
68°0 
rae 02°0 

CW 1S a 


——-s1sA[euy [eorwey7j——“ 


d 
d 
d 


d 


d 
qd 
d 
d 


d 
d 
d 
d 
d 


d 
d 


©00€—OO 0081 
ysBO-SY 

o00£— 0O o008T 
sbI-SYV 
o00€—OO 0081 
}sB0-sY 
o00€—OO 0081 
3seo-SY 
200¢—OO .0081 
- SBO-SY 

o00f£- OO o008T 
ysBO-SVY 
o00E—OO 0081 
}SBO-SY 
o00£—OO 0081 
}SBO-SY 
©00€—OO 0081 
jsvo-sy 
o00€—OO 0081 
yseo-SY 
000¢—OO .0081 
}seO-SY 
e00€¢—OO 0081 
jseo-sV 
000€—OO 00ST 
}sbO-SY 
000¢—OO .0051 
seO-SY 
e00€—OO .00S1 
ysb0-SY 


4d .00€¢—.60 .00S1 


SIN[VA SSO] ZYSI9A £399} OOOP—2OuRISIP say fysow Co¢/gz—ezIS a[d11eg 


SAOI[Y UINWIOIYD-UOJ, SBD JO SSO"] BUZIOA BBBIDAY 


It P1421 


ysBo-SY 


rad 
rad 
fad 
£dqd 
cad 
cqdd 
tdd 
tdd 


vOO 
¢99 
£99 
£99 
ZOO 
2 
L)9 
LOO 
rad 
rad 
fda 
fad 
cada 
cada 
ladda 
da 


tVV 
+VV 
[VV 
tVV 
CVV 
CVV 
IVV 
IVV 


P9119230H =OZ0l AVS 


yuawt}eo1 7 


joqui4g 


834 TRANSACTIONS OF THE A. S. M. Vol. 41 


ven Quartz 


bedi Quartz- 

XT 1020 Steel 

yy] Wet Quartz- 
aw Steel 


£ 
on 


Ww 
Oo 


Abrasion Weight Loss (Grams x IO ) 


15 





1.0 2.0 3.0 4.0 
Carbon Content % 
Fig. 7—Effect of Carbon Content on Dry and Wet Abrasion 


Weight Loss Values of Heat Treated Cast Specimens. AA series 
contains 1 to 2% Cr; CC series, 14 to 15% Cr. 


materials tested is by far the most important factor. For similar 
carbon content materials, the presence of chromium by itself in the 
as-cast specimens is of no apparent benefit. In the hardened condi- 
tion, the lower carbon content materials (up to 2%) showed im- 
provement only in the wet quartz abrasion results; in the dry tests, 
the hardened specimens showed no appreciable improvement or were 
even inferior to the same specimens in the softer, as-cast condition. 
The 3 and 4% carbon test specimens of the 14% chromium alloy 
showed a decided improvement in the heat treated condition over the 
corresponding as-cast specimens under both dry and wet abrasive 
conditions. Both the lower and higher chromium content alloys 
showed less pronounced improvement in this carbon range as a result 
of heat treatment. 

The effect of carbon content on the abrasion resistance of the 
AA and CC series in the heat treated condition under both dry and 
wet quartz abrasion is shown graphically in Fig. 7. For comparison, 
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the weight loss of hot-rolled SAE 1020 steel is shown by a horizon- 
tal line. Under wet quartz abrasion, all of the specimens of the AA 
and CC series showed less weight loss and hence superior abrasion 
resistance to the SAE 1020 steel. In the dry quartz abrasion tests, 
the weight loss line for the 1020 steel intersects the AA and CC lines 
at approximately 2% carbon. This indicates that carbon contents of 
more than 2% are required in cast straight chromium alloys to pro- 
duce dry crushed quartz abrasion resistance superior to that of hot- 
rolled SAE 1020 steel. It should be borne in mind that these are 
cast materials; somewhat different properties might be obtained in 
wrought materials because of greater homogeneity of structure. 

Angularity of grain is a potent factor in the abrasiveness of the 
abrading material. Within limits, angularity appears to be more 
important than the hardness of the abrading material. For example, 
the weight loss factors obtained with feldspar, which is softer than 
quartz, were greater than the respective values obtained with Ottawa 
sand, which is essentially quartz in rounded granular form. The 
alumina used was not only angular but also considerably harder than 
quartz. The alumina values, therefore, showed much less spread 
between good and poor materials than the results of the other abrad- 
ing materials. None of the alloys tested were particularly resistant 
to alumina abrasion. Photographs of grains of feldspar, quartz, and 
Ottawa sand used in the investigation taken at a magnification of 
< 25 are shown in Figs. 8a, 8b, and 8c, respectively. In earth 
moving, mining operations, and the handling of certain types of 
sands, quartz grains with angularity approaching that of the crushed 
quartz in Fig. 8b are frequently encountered. The crushed quartz 
abrasion results, therefore, are of considerable interest. 

The influence of angularity becomes much less pronounced as 
the abrasion resistance of the metal increases. The higher carbon 
content alloys, for example, show much less spread between the 
crushed quartz and crude Ottawa sand values than did the lower 
carbon content materials. 

Some of the preceding statements on the effect of various abra- 
sive materials in dry tests are shown graphically for the AA series 
in the as-cast condition in Fig. 9. As partially illustrated in Fig. 7, 
the results on this series for similar carbon contents do not differ 
markedly from those of the other series. For comparison, the weight 
loss values for similar dry abrasion tests conducted on hot-rolled 
SAE 1020 steel are shown by horizontal lines. The best alumina 
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Fig. 8—Enlarged 28/35 Mesh Grains of Crushed Feldspar, Crushed Quartzite and 
Crude Ottawa Sand. X 25. a—Feldspar. b—Crushed quartzite. c—Crude Ottawa 


sand. 


abrasion results are scarcely better than that of the SAE 1020 steel. 

The feldspar and Ottawa sand values of the AA alloys are all su- 

perior to the respective values obtained on the SAE 1020 steel, 

whereas the crushed quartz line of 1020 crosses the AA series line 
at approximately 2% carbon. 

The weight loss difference between the dry quartz tests at the 
two speeds investigated (250 and 1035 rpm) was more pronounced 
in the lower carbon alloys than in the 3 and 4% carbon alloys. The 
higher speed values generally showed less weight loss because of the 
lighter test load used. At the higher chromium contents the dis- 
parity between the results at the two speeds increased. Some differ- 
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Alumina 


Alumina- 
1020 Steel 


75 - Quoartz- 
1020 Steel 


Feldspar- 
1020 Steel 











Abrasion Weight Loss (Grams x IO) 
o® 
Oo 


Crude Ottawa Sand- 
1020 Steel 





1.0 2.0 3.0 4.0 
Carbon Gontent % 
Fig. 9—Effect of Several Abrasive Materials on Dry Abrasion 


Weight Loss Values of As-Cast AA Series (1 to 2% Cr). Particle 
size 28/35 mesh. 


ence in the order of results was also obtained. For example, alloy 
CC3 in the as-cast condition was inferior to BB3 at the lower speed 
but superior at the higher speed. 

It is interesting to note that the dry quartz weight loss values 
of alloys CC4 and DD4 in the as-cast condition are less than those 
of the corresponding wet quartz values. The reason for these rever- 
sals is not clear. 


MICROSTRUCTURE AND MICROHARDNESS 


Representative microstructures of the alloys listed in Table III 
are shown in Figs. 10 to 13. The photomicrographs together with 
the accompanying Knoop microhardness values partly aid in explain- 
ing the observed abrasion results. Only the hardness values of the 
microconstituents of sufficient size to be tested with a 100-gram load 
on the indenter are reported. This procedure is in conformity with 
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s See? a* ; 
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Fig. 10a—BB2 As-Cast. X 500. Etchant—Vilella’s Reagent. Structure—cored aus- 
tenite dendrites partially decomposed to martensite. Microhardness of dark etching cores 
—Kio9—569; light envelopes—Kigp—516. Fig. 10b—BB2—1800 °F Oil Quench, 300 °F 


Temper. X 500. Etchant—Vilella’s Reagent. Structure—principally fine martensite. 
Microhardness—K j99— 575. 


the findings of Thibault and Nyquist (10) that loads of less than 
100 grams produce values inconsistent with those obtained at 100- 
gram or heavier loads. The microhardness values and the corre- 
sponding dry and wet quartz abrasion factors are shown in Table IV. 











Table IV 


Selected Knoop Microhardness Values—100-Gram Load 
Average Quartz 
--K100 Hardness—, Rockwell Weight Loss Values 
Fig. Other Car- Pi --(Grams X 10) 
No. Symbol Treatment Structure ~ bide Hardness Dry Wet 
569 (dark) 
10a BB2 As-cast 516 (light) ... 47/52 107 54.2 
10b BB2 1800° OQ 575 Ss 58/64 103 23.7 
lla cca As-cast 390 iste 43/47 69.4 30.9 
11b CC2 1800° OQ 588 sas 62/66 66.9 16.5 
12a BB3 As-cast 510 810 52/57 15.0 7.4 
12b BB3 1800° OQ 770 980 65/68 11.8 4.1 
13a CC3 As-cast 520 900 53/56 18.7 15.6 
13b CC3 1800° OQ 760 1060 66/70 4.7 2.4 


ae 
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Fig. lla—CC2 As-Cast. <x 500. Etchant—Vilella’s Reagent. Structure—aus- 
tenite dendrites, eutectic regions of carbide and pearlite. Microhardness: Austenite— 
Kioo—390. Fig. 11b—CC2—1800 °F Oil Quench, 300 °F Temper. Xx 500. Etchant— 
Vilella’s Reagent. Microhardness of dendrite cores—Kig9—588. 


The approximate average Knoop hardness value (100-gram 
load) of quartz, according to Thibault and Nyquist, is 820; that of 
aluminum oxide, 2000. A value of 560 for orthoclase feldspar was 
reported by Lysaght (11). Metals consisting predominately of 
microconstituents with hardness values less than that of the abrading 
material will wear rapidly; materials with predominating microcon- 
stituents harder than the abrasive will resist abrasion more effectively. 
Since aluminum oxide is considerably harder than any of the micro- 
constituents shown in Table IV, rapid wear with this abrading 
material results on all of the alloys shown in Table III including 
those which have excellent resistance to quartz abrasion. 

The microstructure of the 1.80% carbon, 6.29% chromium alloy 
(BB2) is shown in Figs. 10a and 10b in the as-cast and heat treated 
conditions, respectively. For comparison, the similar carbon (1.91%) 
alloy containing 14.20% chromium (CC2) is shown in Figs. lla and 
1lb, respectively. The quartz abrasion resistance of the higher chro- 
mium alloy is somewhat better than that of the lower chromium alloy, 
but neither is outstanding compared to the higher carbon alloys 
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Fig. 12a—BB3 As-Cast. xX 500. Etchant—Vilella’s Reagent. Structure—primary 
carbides, eutectic, and pearlite. Microhardness: Carbide—Kig—810; Pearlite—510. 
Fig. 12b—BB3—1800 °F Oil Quench, 300 °F Temper. <x 500. Etchant—vVilella’s 
Reagent. Structure—primary carbides, eutectic and austenite-martensite. Microhardness: 
Carbide—Kjo—980; Austenite-martensite—770. 


shown in Table III. Heat treatment produces no improvement in 
the dry abrasion tests but a pronounced improvement in the wet 
quartz tests of both alloys. The Knoop hardness values of the pre- 
dominating constituents in both alloys are considerably less than that 
of quartz. 

The microstructures of the 3.03% carbon, 7.19% chromium iron 
(BB3) in the as-cast and heat treated conditions are shown, respec- 
tively, in Figs. 12a and 12b. The corresponding microstructures of 
the 3.19% carbon, 14.50% chromium iron (CC3) are shown in Figs. 
13a and 13b, respectively. In the heat treated specimens, the back- 
ground structures were identified by higher power examination than 
that used in taking the photomicrographs. In the as-cast condition 
the quartz abrasion resistance of the higher chromium alloy is less 
than that of the lower chromium alloy. Heat treatment produces pro- 
nounced improvement and a superior material in the higher chro- 
mium alloy but somewhat less improvement in the lower chromium 
alloy. The heat treated counterparts of the pearlitic regions (which 


- 


a = ~ 
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Fig. 13a—CC3 As-Cast. xX 500. Etchant—Vilella’s Reagent. Structure—primary 
carbides and fine pearlite. Microhardness: Carbide—Kigy—900; Pearlite—Kjo9—520. 
Fig. 13b—CC3—1800 °F Oil Quench, 300°F Temper. <x 500. Etchant—Vilella’s 
Reagent. Structure—primary carbides and austenite-martensite. Microhardness: Carbide 
—Koo>—1060; Austenite-martensite—K j99—760 


are referred to as matrix for simplicity) and the carbides show an 
increase in hardness as a result of the heat treatment. However, 
since the respective carbide and matrix hardness values of the two 
alloys are nearly identical in the heat treated condition, the relatively 
greater improvement of the higher chromium alloy as a result of 
heat treatment cannot be explained on the basis of the microhardness 
values. 

In the heat treated condition, the matrix hardness values of both 
alloy BB3 and CC3 are slightly less than that of quartz, whereas 
the carbide hardness is appreciably higher. Since the alloys contain 
a large proportion of primary carbides and have a high matrix hard- 
ness, the resistance to quartz abrasion is good. 

The increase in carbide hardness of alloys BB3 and CC3 as a 
result of heat treatment is probably due to attainment of a state of 
equilibrium between the alloying elements in the carbide and matrix 
phases. J. B. Austin in his 1946 Campbell Memorial Lecture (12) 
reported that the alloy contents of the carbides in cast alloys con- 
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taining chromium and molybdenum increase sharply as the materials 
are reheated to progressively higher temperatures. Saturation of 
the carbide with alloy as a result of reheating produces a harder 
carbide and may even change the carbide form; i.e., in high chromium 
alloys the carbides may change from orthorhombic cementite, 
(Fe,Cr),C, to a trigonal carbide structure, (Cr,Fe);C,. The 
increase in carbide hardness in alloy CC3 as well as a possible change 
in the carbide structure may account for the superior abrasion resist- 
ance of this alloy in the heat treated condition. 

In summation, it appears that the problem of abrasion resistance 
may be resolvable into three parts: (a) the properties contributed 
by the harder phases; (b) the properties contributed by the softer 
phases; and (c) the properties dependent upon the physical consti- 
tution of the aggregate; that is, the form, size, and distribution of 
the harder regions in the matrix and their relative volumes. For 
wet abrasion an important requirement of the harder constituent and 
the matrix, if possible, is a hardness level equal to or greater than 
that of the abrading material. For dry abrasion resistance, the hot 
hardness of the aggregate may be as much or more of a governing 
factor than the room temperature hardness, and the latter, therefore, 
may be of limited usefulness in predicting the behavior of materials 
in this type of service. 


Harp SURFACING 


Hard surfacing is a useful and economical operation when prop- 
erly and logically applied for repair work or on original equipment 
to obtain longer life. The prime consideration in determining whether 
a part should be repaired or replaced hinges on whether the cost of 
the resurfaced part spread over the extended service life is greater 
or less than the cost of the replacement part installed and its corre- 
sponding service life. 

The cost of the welding rod used may be of only secondary 
importance, since the prime costs are frequently the labor cost of 
application and the loss of production time during replacement of the 
parts. Therefore, expensive surfacing materials, basically intended 
for service where resistance to heat or corrosion also is required, 
are often used in straight abrasive applications where a cheaper rod 
would serve as wel! or better. The reason for this misuse is that, in 
the absence of specific data, the erroneous conclusion is reached that 
higher cost materials will be more effective in service. 


a 
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The results of abrasion tests made with dry crushed quartz on 
various commercial hard surfacing compositions are shown in Table 
V. Specimens for testing were prepared by both arc and gas (oxy- 
acetylene) deposition. The arc specimens were deposited at normal 
recommended amperages. 

The most interesting observation from the data of Table V 
is the superiority of gas over arc-deposited hard-surfaced specimens 
in thicknesses of % inch or less. This difference has been substan- 
tiated in field tests on Sandslinger tips and Speedmullor plows. The 
effect is believed to be due to dilution with the base metal because of 


Table V 
Dry Quartz Abrasion Tests on Hard Surfaced Specimens 


Wheel speed—250 rpm; load—40 ‘bs.;. particle size—28/35 mesh; distance—4000 feet 





Weld Abrasion 

ing Approxi- Weight 

Pro- mate Hardness Loss 
———~—-Nominal Chemical Analysis ced- Deposit Rockwell (Grams 

No. & Si Mn Ce Mo Ni W ure Thickness ‘ «Kx 10) 

SAE hot- 
1020 Re oe be Ga eben ee kee. dhe te rolled hee BHN 131 72.0 
1 1.0 1.2 2.0 6.0 Come tah ow are 0.090 58/62 114 

2 €1.79 aoe 6.70 0.07 0.15 iee-ae arc 0.090 27/38 88.3 

3 €1.35 Se a aie Red. itn arth arc 0.090 51/57 63.1 

4 CE fs-c* a Se is Beet dbe to ccc en arc 0.110 66/68 56.9 

5 4.00 0.70 0.55 4.75 4.0 eke ths arc 0.150 58/60 55.5 

6 CE OF Feat alta ie hc ee OOS wk arc 0.090 42/50 55.0 

7 ©3.09 0.90 0.20 8.0 2.5 15.00 arc 0.110 56/60 42.0 

8 $75. O28 5.45 ee Bree cts whe oe arc 0.150 48/60 32.3 

Y ¢5.38 1.9 4.0 Pe Cue poke eae « arc 0.090 59/63 26.2 

10 Rae We. owes a ee 1.75 ‘dial oes gas 0.125 60/62 9.8 

11 ¢3.31 0.90 0.20 8.0 2.5 <acona ene gas 0.090 57/60 5.7 

12 ¢5.38 1.9 4.0 32.0 a eat alg ee nae aa arc 0.180 57/59 5.8 

13 e4.98 1.9 4.0 32.0 a RIP iden Th i os gas 0.170 59/63 3.6 





c = actual carbon analysis on built-up bead. 


the higher temperatures attained in arc welding compared to gas 
welding. Arc-deposited specimens prepared with heavier deposits 
showed abrasion resistance comparable to gas-welded deposits. 
Comparative abrasion results for a high chromium alloy arc-deposited 
in two thicknesses and gas-deposited may be seen by comparing Nos. 
9, 12, and 13, respectively, in Table V. The conclusion from these 
data is that deposit thicknesses of % inch or more are required by 
arc deposition in these compositions in order to achieve full abrasion 
resistance. Even then the abrasion resistance progressively decreases 
as the deposit is worn away. Light gas deposits, on the other hand, 
show equal abrasion resistance to heavy are and gas deposits. 
Because almost all of the deposits of the hard surfacing mate- 
rials shown in Table V were less than % inch thick and, therefore, 
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variably affected by the factor of dilution, no reliable conclusions 
can be drawn from the data regarding the effect of composition on 
the abrasion results. In general, however, a trend toward increasing 
abrasion resistance is noted with higher carbon and alloy contents. 
The results on specimens deposited in sufficient thickness by are or 
by gas should be somewhat comparable to similar alloy and carbon 
content cast materials. It should be emphasized that the abrasion 
results in Table V were obtained with dry crushed quartz; wet abra- 
sion results and tests made under milder abrasive conditions might 
show results in a different order. 


SPECIAL SURFACE TREATMENTS 


Abrasion tests were made with dry and wet crushed quartz on 
a number of specimens that were given special surface treatments 
including chromium plating, carburizing, nitriding, and pre-peening 
(of 12% manganese steel). The results are shown in Table VI in 
comparison with hot-rolled SAE 1020 steel. 

The abrasion values reveal that the rate of metal removal was 
not notably impeded by any of the surface treatments except chro- 
mium plating. In all instances, except the latter, the case was worn 
through and the greater part of the reported wear took place in the 
base material. 

Pre-peening of austenitic manganese steel to work harden the 
surface does not appear to be of any value in a strictly abrasive 
application. The greater wear rate of manganese steel than that 


Table VI 
Dry and Wet Quartz Abrasion Tests on Special Surface Treatments 





28/35 mesh; 250 rpm; 40-lb. load; 4000 ft. 


Weight Loss Values 


r-(Grams X 10)- 
Case Dry Wet 


Material Treatment Hardness Depth Quartz Quartz 
SAE 1020 Hot-rolled BHN 131 § aiiluacn 67.4 60.4 
SAE 1020 Carburized Re 65/69 0.100 in. 110 48.5 
Nitralloy G Nitrided 72 hrs. *Re 65/69 0.018 in. 69.7 51.0 
SAE 1045 Siliconized *BHN 217 0.018 in. 72.3 54.3 
3% chromium, 

12% manganese steel Quenched Re 17/20 caeww 94.8 54.4 
3% chromium, 

12% manganese steel Pre-peened Re 45/53 tates 96.0 68.6 
Heavy hard 

chromium plate None Re 62/65 0.030% 12.0 


*Converted from Rockwell ‘“A’’. 


© 
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of mild steel has been confirmed in certain industrial applications 
where impact or heavy pressures are not involved. Manganese steel 
has its primary field of application where toughness rather than 
straight abrasion resistance is the important requirement. 

The results indicate that these surface treatments, except chro- 
mium plating, are not effective in increasing abrasion resistance 


Rockwell Hardness Ry 












Volume Loss (CC) 


% Cobalt by Weight 


Fie. 14—Volume Loss of Several Cobalt Content Grades 


of Sintered Tungsten Carbide Under Wet Alumina and Quartz 
Abrasion. 


under the severely abrasive conditions of the tests. Under less 
severely abrasive conditions, some improvement might be obtained 
with these treatments, but other means of increasing abrasion re- 
sistance appear more promising. 


SINTERED TUNGSTEN CARBIDE COMPACTS 


The use of tungsten carbide inserts for increasing the abrasion 
resistance of mining*and road building equipment has received wide- 
spread attention recently. The carbides which are most satisfactory 
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for such applications are not the usual cutting tool carbides, since 
the latter are not sufficiently shock-resistant for the degree of impact 
frequently encountered. Higher cobalt binder contents are used than 
in cutting tools, resulting in increased toughness but at some sacrifice 
of abrasion resistance. 

The effect on abrasion resistance of increasing the cobalt binder 
content from 11 to 40% by weight is shown in Fig. 14. Because 
of the great difference in density between tungsten carbide and cobalt, 
weight loss values were converted to volume loss values in order to 
make the results directly comparable on the basis of the amount of 
material removed. Abrasion tests were run both with wet alumiua 
and quartz. The quartz tests were run for twice the standard test 
distance of 4000 feet because extremely low weight losses were 
obtained in the standard distance. 

The volume losses increased directly with increasing cobalt con- 
tent in both the alumina and quartz tests. The rate of increase of 
volume loss with increasing cobalt content was greater with alumina 
than with quartz. Alumina tests, therefore, provide greater sen- 
sitivity in accelerated testing of carbide materials. 

Hardness of the carbides was reported both as Rockwell “A”’ 
and Knoop (K,o,) microhardness values. The latter were average 
values taken at random without respect tothe microstructure. The 
rapidly increasing microhardness differential between alumina and 
the carbide materials as the cobalt content was increased explains 
the sharp decrease in alumina abrasion resistance much more clearly 
than the relatively minor change in Rockwell “A” hardness. 

On the basis of the wet quartz tests, the abrasion resistance of 
the 11% cobalt carbide is approximately 110 times as great as that 
of hot-rolled SAE 1020 steel. The 20% cobalt grade is approxi- 
mately 60 times as abrasion-resistant as the hot-rolled steel. 

In order to employ carbide inserts successfully in abrasive 
applications, the matter of design in incorporating the carbides must 
be carefully engineered to provide adequate support and cushion 
against shock and breakage. 


FieLtp Test RESULTS 


Reliable field test data on abrasive applications are rather diffi- 
cult to obtain. Reports of service life, even in tests of the same 
material, are apt to be erratic and colored by the operator’s judgment 
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of when the part is no longer serviceable. Then too, the conditions 
of service often vary greatly from time to time or at different 
locations. 

For accurate comparisons among materials, the greatest reliability 
is achieved, when possible, by weight loss measurements over a 
known, and preferably constant, period of time. This presumes that 
the test conditions are essentially constant. Where a number of 
similar parts are used concurrently, variations in field conditions can 


be largely discounted by simultaneous comparison of standard with 
experimental materials. 


SANDSLINGER LINERS 


Accurate field tests on Sandslinger liners were obtained in a 
commercial steel foundry by means of an automatic timer incor- 
porated in a Sandslinger which recorded only when the unit was 
in operation. The tests were continued until the liners, which wear 
locally (see Fig. 15), were worn through. The sand, which contains 
a high proportion of crude Ottawa sand and is a typical steel foundry 
mixture, is reasonably consistent in abrasive characteristics. 

Service life comparisons of several materials are shown in 
Table VII. Wrought liners are usually made of %-inch stock 
whereas cast liners are 3% inch thick. The results on the cast liners, 


therefore, are shown corrected to the corresponding thickness of the 
rolled liners. 








Table VII 
Sandslinger Liner Field Data Vs. Laboratory Abrasion Tests 
Laboratory 
-——Abrasion Tests—, 
Service (Dry Ottawa Sand— 
-——Life Tests—, 28/35 Mesh—20-Lb. 
(Steel Foundry Load—1035 rpm— 
Sands in Commer- Rubber Wheel— 
cial Sandslinger) 8000-Ft. Wheel Travel) 
Ratio Ratio 
(Life Weight (Wt. Loss 
Service Sample) Loss No. 1) 
——Chemical Analysis———_—_, Hardness Life? (Life (Grams (Wt. Loss 
Cc Mn Cr Ni Mo V Treatment Re . (Min.) No. 1) x 10) Sample) 
0.40 BGS. 66 SE ae ee eee 22/28 31 1.0 26.3 1.0 
@.40 1.55. .a.6 sss aac seca. : renee 52/55 29 0.9 31.0 0.85 
Carburized-nitrided SAE 1020 water-quenched 50/582 32 1.0 24.3 1.1 
ae «es Se (white iron) as-cast 44/48 100 3.2 6.3 4.2 
O22 172. 370° CO" sxek. ssks : See 58/62 200 6.5 4.2 6.3 
2.25 .... 11.50 ... 0.77 0.20 1825 air-cooled 62/67 360 11.6 2.6 10.0 


1Time to wear through %-inch- thickness. 
2Converted from Rockweil “A”’, 
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Laboratory abrasion test results, obtained with crude Ottawa 
sand, also are shown in Table VII. The tests were run at 1035 rpm 
with a 20-pound load on the lever arm. Laboratory results obtained 
under these testing conditions showed better correlation with pre- 
liminary field data than did the results of lower speed tests. 

The laboratory test results are essentially in the same order and 
are nearly of the same relative magnitude as the field test results. 
The 0.40% carbon, 1.55% manganese steel which showed the lowest 
liner life in this particular series was selected as the base material 
for comparison purposes in obtaining the ratios. 

While the developments are still in the experimental stages, cast 
liner materials have been produced as a result of the accelerated 
laboratory tests which have resulted in service life ratios many times 
that of the medium carbon steel rolled liner used as a reference 
material in Table VII. 


BLADES FOR CENTRIFUGAL ABRADING. MACHINES 


Another service application where abrasive wear is a serious 
problem is in the throwing blades of centrifugal-type machines used 
for cleaning or peening with metallic grit or shot. Typical worn 
blades may be seen in Fig. 16. The lineal speed of the grit or shot 
at the discharge end of the blades is approximately 10,000 feet per 
minute. 

Eight blades are used in a wheel in this type of machine. As 
many as four different materials can be tested simultaneously and 
thereby directly compared. In order to insure reasonably constant 
balance, the same materials must be used in diametrically opposed 
blades. 

Representative field test data showing the weight losses on 
blades which were carefully weighed before and after testing are 
shown in Table VIII compared with the laboratory abrasion data 
on the same materials. In making the laboratory tests, grit was used 
as the abradant because the angularity of the particles produces 
greater weight loss in a given test period than the rounded globules 
of shot. It was found necessary to use a steel wheel in the abrasion 
device in order to obtain satisfactory correlation with service. The 
reason for this is not clear, since in sand abrasion, correlation with 
actual service using a steel wheel in the abrasion machine was poor. 
The tests were run through a distance of 8000 feet at 250 rpm with 
a 40-pound load on the weight arm. 
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The metallic grit and shot usually is made of chilled high carbon 
iron although tempered steel shot has recently been advertised. 
Considerable variation (as great as two to one) has been noted in 
the abrasiveness of the grit used in the laboratory tests even within 
single shipments from the same supplier. For this reason, it was 
found necessary to run a standard test on each 100-pound bag of 
grit. A large stock of hardened SAE 1045 steel was set aside as a 
standard material for this purpose. 

The blades in Table VIII were all in the as-cast condition. 
Laboratory grit test results have shown little or no advantage 
accruing to the heat treatment of any of these materials. 

The correlation between the weight loss ratios in the actual 
machine and in the laboratory device appears satisfactory. Although 
not normally used in this application, white iron was chosen as the 
base material for comparison in these tests. 

The data show that the material No. 5, which has been used 
as a standard material for a number of years, is approximately 70% 
better than sand cast nickel-chromium white iron. A war-born 
material, No. 3, designed to save molybdenum, is only one-half as 
effective as the higher molybdenum alloy. Actually the high chro- 


Table VIII 
Centrifugal Abrading Machine Blade Tests Vs. Laboratory Tests 


Laboratory 
-—Abrasion Tests—, 


Service (Chilled Iron Grit— 
-—Life Tests—, 28/35 Mesh—40-Lb. 
S-460 Chilled Iron Load—250 rpm— 
Shot in Commer- Steel Wheel— 
cial Machine 8000-Ft. Wheel Travel) 
Ratio Ratio 
Service (Wt. Loss (Wt. Loss 
Hard- Wear No.1) Wt. Loss? No. 1) 
-—Chemical Analysis—, Condi- ness (Grams (Wt. Loss (Grams (Wt. Loss 
No. C Ce. .Me. Ni tion Re /Hr.) Sample) xX 10) Sample) 
1 2.77 0.25 (whiteiron) as-cast 44/48 19.0 1.0 24.0 1.0 
rae Se ere as-cast 51/54 7.4 2.6 7.5 3.2 
fer ee Ss: See eee as-cast 40/46 So 5.1 4.4 5.5 
eS. oe ee as-cast 49/53 2.8 6.8 4.0 6.0 
>. ae eee a Skee as-cast 62/64 1.9 10.0 2.3 10.4 
6 3.14 12.14 1.84 .... as-cast 52/56 1.7 11.2 1.9 12.6 


1Corrected for variations in abrasiveness of grit from bag to bag through use of hard 
ened SAE 1045 steel as standard on each bag. 





mium, low molybdenum alloy, No. 6, showed the best results of 
these particular materials. 

The grit and shot results in Table VIII, both in service and in 
laboratory tests, are obviously of a different order than the crude 
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Ottawa sand results in Table VII. For instance, the nickel- 
chromium white iron was six times more effective than plain white 
iron in the service employing cast iron grit or shot, whereas with 
sand the superiority of the alloy iron was only about twice that of 
the plain white iron. 


CONCLUSIONS 


The following conclusions have been derived from data obtained 
with a newly developed laboratory abrasion testing machine. These 
results have been confirmed at least partially by field tests. 

1. Weight loss of carbon and low alloy steels due to dry 
abrasion increases as both speed and pressure are increased in con- 
stant test distances. 

2. Under certain dry abrasive conditions, due to the tempera- 
tures developed, hardened plain carbon or low alloy steels are no 
better or are actually inferior to the same steels in the annealed or 
hot-rolled conditions. In wet abrasive applications, the hardened 
steels are superior. 

3. Angular particles of crushed quartz were found to be con- 
siderably more abrasive than rounded particles of quartz sand. 
Angular particles of crushed feldspar, a naturally softer material 
than quartz, were found to be more abrasive than the rounded grains 
of crude Ottawa sand. 

4. With similarly shaped particles, abrasiveness increases with 
the hardness of the abrading material from feldspar to quartz to 
alumina. Materials with good resistance to quartz abrasion are not 
necessarily satisfactory in resisting alumina abrasion although the 
reverse is true. 

5. Carbon content is the most important alloying element in 
providing irons and steels with resistance to feldspar, quartz, or sand 
abrasion. By comparison, other elements are of secondary importance. 

6. Ordinary methods of hardness determination show no cor- 
relation with abrasion resistance. However, if the microhardness of 
one constituent of an alloy is harder and the accompanying structures 
are roughly equal to that of the abrading material, the abrasion re- 
sistance will increase as the hardness and the amount of the hardest 
constituent are increased. 

7. Arc deposition of certain hard surfacing materials in thick- 
nesses of less than % inch results in sufficient dilution with the base 
material to cause a sharp reduction in abrasion resistance compared 





~~ 
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to heavier arc deposits. The factor of dilution is less pronounced 
in gas (oxyacetylene) welding and, hence, satisfactory abrasion re- 
sistance is obtained in thin deposits. 

8. Special surface treatments, i.e., carburizing, nitriding, silicon- 
izing, and cold working, are of little or no apparent value in in- 
creasing resistance to dry or wet quartz abrasion. Hard chromium 
plating has some merit and in some applications may be of consider- 
able value. 

9. Certain grades of sintered tungsten carbide have excellent 
resistance to alumina and quartz abrasion. With increasing cobalt 
binder content, the abrasion resistance decreases but other properties, 
notably toughness, improve. 
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DISCUSSION 


Written Discussion: By Howard S. Avery, research metallurgist, 
American Brake Shoe Co., Mahwah, N. J. 

This is a welcome contribution to the literature of wear and Messrs. 
Haworth and Graft are to be complimented on having standardized and 
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Fig. 17A—Schematic Diagram of American Brake Shoe Company 
High Microstress Abrasion Testing Device (2), (8).* The usual tests 
employ No. 50 quartz sand and a 54-psi stress on the specimen. The 
abrasive is progressively ground finer during the test. 


validated a new abrasion testing apparatus. It is easy to make laboratory 
devices that produce wear, but it is difficult and frequently tedious to 
refine them to the point of giving reproducible results and to validate 
such data against field service. 

Since the mechanical conditions of a wear test influence the results, 
it is important to describe these as precisely as possible. Consider the 
rubber wheel arrangement: Though the superficial unit pressure (60 psi 





*The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 17B—Schematic Diagram of American Brake 
Shoe Company High Microstress Abrasion Testing De- 
vice (2), (8).* The usual tests employ No. 50 quartz 
sand and a 54-psi stress on the specimen. The abrasive 
is progressively ground finer during the test. 
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Fig. 18—Relative Abrasion Resistance of Several Common Materials 
out Structures to the High Microstress Abrasion of the Apparatus in 
ig. 17. 
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Grinding Balls (6). 


with 40-pound load) is approximately the same as for the apparatus first 
described by Blake and subsequently standardized in the American Brake 
Shoe Company laboratory (Fig. 17A and B), the actual stress on the abra- 
sive particle, as emphasized by Mr. Haworth, is too low to crush it and thus 
a correlation with low microstress field conditions, like sand chutes, is 
expected. In contrast, the abrasive particle stresses are enough to crush 
the mineral when applied through a metal lap rather than a rubber wheel. 
This test set-up is expected to measure abrasion under high microstress 
conditions (Fig. 18), and thus is distinctly different from the rubber 
wheel test. 

One consequence is to reverse the relative performance of white cast 
iron (Table III) and austenitic manganese steel (Table VI). With the 
rubber wheel the abrasion factors are about 0.10 and 0.91 respectively, 


 s 
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while with the high stress test they are 0.95 and 0.80. The latter relation 
has been validated by ball mill tests with which the apparatus has a good 
correlation. (Fig. 19.) 

Despite the distinctive differences in these tests, similar conclusions 
can be drawn in certain areas. Confining our comments to wet abrasion, 
where the water cooling action minimizes or eliminates temperature as 
a variable, we confirm that an increase of abrasive hardness increases 
the severity of wear on pearlitic white cast iron. In addition to the 
minerals above 6 on Mohs’ hardness scale, we have extended the series 








5 
Z 
z 
° 
« be ° 
e Pa 8 
° o 
< a 
i ~ t 
°o tad ~ 
2 Zo |2 
F 3 3 e 
< go 8 . 
e GE |®& 
= = = - 
: 
8 = 
5 ! 
Ww 
’ : 
Hardened Mortensitic  Pearlitic As Cast Ferritic 
ALLOY Cr-Mo Manganese SAE 1020 
Steel White Cast iron Steel Steel 
BHN 387 555 477 228 103 


Fig. -20—Comparison of Abrasion by Wet Dolomite (Solid Block 
Bars) With Abrasion by Wet Quartz Sand (White Bars). 


downward to dolomite, which is about Mohs’ 3 to 3%. Some results 
appear in Fig. 20, with direct comparisons against No. 50 quartz sand. 
Note that the four alloys are relatively much more resistant to dolomite 
than to quartz in comparison with the soft steel standard. This is 
attributed to dolomite being softer than all except the SAE 1020 steel. 
At the other extreme, silicon carbide with a hardness exceeding any of 
the alloys or their constituents will abrade them, and even tungsten 
carbide, at a rate comparable to the wear of soft steel. 

The relative abrasiveness against four materials is shown for the 
high stress test in Fig. 21. Against some alloys, cleavage, angularity, 
size and toughness of the abrasive appear to overshadow the effect of 
hardness, as a harder abrasive does not always increase the wear rate. 

We wish to emphasize that the importance (Mr. Haworth’s con- 
clusion No. 5) attached to carbon in irons and steels is justified only with 
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low stress on the abrasive. The conclusion is invalid for ball mill service 
and similar conditions where the abrasive is fractured. 

It would be better to narrow the conclusion about hardness and 
abrasion resistance since it is contrary to the author’s report on Brinell’s 
wear test and because it lacks confirmation under a variety of conditions. 
We have observed cases where hardness can be correlated usefully even 
when dealing with heterogeneous metal structures. However, we concur 
heartily with the implication that hardness cannot be accepted as a 
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Fig. 21—Relative Abrasiveness of Common Mineral Abrasives Used 
in the Apparatus of Fig. 17A and B. 


criterion of abrasion resistance any more than data from other unval- 
idated wear tests. The relation should be proven, not assumed. There 
are circumstances where other qualities, such as toughness, dominate 
behavior and permit softer constituents or composite structures to out- 
wear harder but brittle materials. In high microstress abrasion the soft 
austenite of manganese steel will outlast the pearlite-cementite com- 
bination of white cast iron, though both constituents are harder. More- 
over, neither impact nor work hardening is necessary to demonstrate this. 

The better abrasion resistance of gas welds compared with arc welds 
has been repeatedly confirmed for a variety of hard surfacing alloys. 
Fig. 22 shows an example for a martensitic iron, together with com- 
parison against other hard facing deposits. Moreover, the effect usually 
appears when testing the top of a multilayer deposit where dilution with 
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base metal is negligible. The situation is more complex than the simple 
mechanism of dilution, though this undoubtedly contributes. Distinctive 
cooling rates are important and residual stresses perhaps play a part. 


How far these factors apply to both low and high stress abrasion is an 
interesting field for future research. 
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Fig. 22—Relative Abrasion Resistance of Structures Encountered in 
Hard Facing Deposits. (The chromium-cobalt-tungsten welds differ chiefly 
in nominal carbon content (8), No. 1 carrying 2.5% carbon, 30% chromium, 
14% tungsten and 46% cobalt; and No. 6 about 1.0% carbon, 28% chromium, 
4% tungsten, and 55% cobalt.) 


Our high stress abrasion experience also confirms that of Mr. 
Haworth for thin protective layers. These are very useful for mild metal- 
to-metal wear conditions, but with vigorous abrasion they wear through 
too soon to be economical. 

We should like to ask two questions: In the tests of sintered tung- 
sten carbide, did the softer quartz actually wear the carbide or was the 
wear confined to the softer matrix? Our observations of composite 
structures containing hard carbides usually reveal them standing high 
in relief. The finalyweight loss data reflect mechanical loss of these as 
well as abrasive wear because of this complication, 
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Also, in the centrifugal abrading machine blade tests, where the 
carbide volume conclusion (No. 5) is obviously not valid, is abrasion 
believed to be caused primarily by metal-to-metal wear or is it related 
to sand contamination of the metal grit? The variation among lots 
suggests the latter. 

Finally, we should like to plead for a uniform system of reporting 
the reproducibility of wear tests. Statistical theory provides mathe- 
matical terms for designating test reliability, which might well be em- 
ployed if enough data are presented. Our suggestion is a plot of the 
correlation between duplicate tests, similar to Fig. 23. Unfortunately, 
most wear tests in the literature leave the reader in doubt about the 
statistical limitations of the data. 

Written Discussion: By H. Czyzewski, assistant professor of metal- 
lurgical engineering, University of Illinois, Urbana, Ill. 

The author has presented.a great deal of data on abrasion testing 
and an examination of his paper shows that this substantial amount of 
material was extracted from an even larger mass of data. The data 
presented instead of satisfying the appetite temporarily, actually whet 
it for additional data. It is hoped that more data will be available to the 
public in the near future. 
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This writer would like to discuss a number of general conclusions 
made by the author and also some specific result interpretations. 

It is stated in conclusion 6 that “Ordinary methods of hardness 
determination show no correlation with abrasion resistance. However, 
if the microhardness of one constituent of an alloy is harder and the 
accompanying structures are roughly equal to that of the abrading mate- 
rial, the abrasion resistance will increase as the hardness and the amount 
of the hardest constituent are increased.” This writer has two objections 
to that conclusion. The first is a general objection to the assumption 
that a hardness penetration test to be sensitive to wear resistance would 
have to be made on a scale adjusted for that particular purpose. In one 
respect the author has contributed to the science of analysis of abrasion 
resistance by demanding that the micro properties of the constituents 
and the properties of their aggregates be considered, but he has made 
the less plausible assumption that the penetration hardness is the micro 
property of greatest importance. The second objection to this conclusion 
is that it is inaccurate with respect to the results obtained by the author. 
That is, the SAE 1020 hot-rolled steel would ordinarily be considered 
to consist of a microstructure having a large percentage of ferrite and 
a certain amount of cementite, a carbide. Essentially the same constitu- 
ents but in differing amounts may be expected in the sample AA1 (0.89% 
carbon, 1.98% chromium) and in BB1 (0.78% carbon, 0.82% manganese, 
6.59% chromium). The aggregate hardness given indicated that the 
amount of the hardest constituent is increasing if the steels are rated 
in the above order. However, according to the results for the dry quartz 
and for most of the other conditions given in Table III the abrasion 
resistance actually decreases markedly rather than increases. 

Table I of the paper gives the effect of pressure, speed and test 
duration on abrasive wear; however, the material used is a hardened 
SAE 1045 steel. This work and the study of the temperature developed 
in dry abrasion testing leads the author to the conclusion that “Under 
certain dry abrasion temperature conditions, due to temperatures devel- 
oped, hardened plain carbon or low alloy steels are no better or are 
actually inferior to the same steels in the annealed or hot-rolled con- 
ditions. In wet abrasive application the hardened steels are superior.” 
It is not clear that heating of hardened steels will produce a structure 
inferior to the structure obtained at the same temperature with annealed 
or hot-rolled conditions in steel, on the basis of hardness test. Is it not 
a further index that a property other than hardness is a principal com- 
ponent to be taken into account in these abrasive tests? 

Conclusion 3 states that angular particles of crushed quartz are found 
to be considerably more abrasive than rounded particles of quartz sand. 
Is there not a corollary conclusion to be made that certain conditions 
make for a very high degree of sensitivity whereas others tend to make 
the effect of angularity negligible; for example, see test DD4? The 
angularity ratios (Dry Ottawa Sand: Dry Quartz) vary in Table II from 
1 to 1 to a maximum of 1 to 12. It is further interesting to note that 
when the sensitivity to angularity is low as in DD4, then the angular 
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particles of crushed feldspar are not more abrasive than the rounded 
grains of the crude Ottawa sand, and wet quartz test weight loss exceeds 
that in the dry quartz test. 

This writer has made some arithmetical calculations from Mr. 
Haworth’s test results as follows: 

The approximate depth of the abrasion can be determined from 
density figures (0.28 pound per cubic inch for steels) where the abrasion 
area is 0.5 inch wide by 2 inches long and the weight loss is 10.0 grams 
(the index used by Mr. Haworth is grams X 10 and would be 100 in this 
case). (The weight losses given in Table III range from 1 to 180 “grams 
x 10”.) 


10 < 0.00220 (Ib. per gram) 


ea—nrincanntenm it GSB 
2(in.) X U“U(in.) Xt 

t= 0:075 inch. (The depths could be ascertained directly from 
Mr. Haworth’s samples.) 


If we assume a constant wear rate, it can be computed with respect 
to time or in the following case with respect to length of abrasion (2 
inches, the length of abraded area and also the approximate length of 
the circumferential divisions of the rubber wheel). 

The wear rate per circumferential division is then 


0.075 in. (t) 
2. $$  ____—_— = 83 X 10° inches 
4000 it. (length of test) xX 6 (no. of circumf. div. per ft.) 


/circumf. div. which equals approx. 7.6 x 10° cm./circumf. div. 


In the case of a weight loss of 1 (gram X10), the wear rate is 
7.6 X 10° cm./circumf. div. 

The iron (B.C.C.) lattice parameter a=2.86 Angstrom units 
(10° cm.); the complex carbide lattice parameters are greater. 

Some further calculations give more interesting results. The par- 
ticles in the 28-35 mesh range have an average diameter of about 0.02 
inch. If the circumferential division of the rubber wheel (2 inches by 
0.5 inch) is considered to be coated by a close packed single-particle-depth 
layer there would be a row 25 grains across the 0.5-inch width and 100 
rows of grains over the 2-inch length. 

If the wear rate is computed on a per grain row basis then 
tg — 7.6 x 10° cm./grain row at the high wear rates of about 100 (grams 
xX 10), and 7.6 x 10° cm./grain row at the low wear rates of 1 (grams 
xX 10). 

Such calculations prompt several questions two of which are given 
here: 

1. Does any “abrasion test” involve predominantly mechanical factors 
in metal removal? And the more fundamental question, 

2. What is the mechanism of abrasive wear? 

It should be noted that the results of the calculations are common to 
most abrasion tests and are not unique with this series. 

This writer does not pretend to have all the answers, but even his 
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small contribution must be delayed pending thesis completion and 
approval. It is hoped, however, that these questions will promote an 
intensive analysis of the wear phenomena. 

These observations do not detract from the value of simulated service 
tests now or previously performed, but they do emphasize that nothing 
more than that can be accomplished without a detailed understanding 
of wear processes. 

Written Discussion: By M. C. Fetzer, research metallurgist, Latrobe 
Electric Steel Co., Latrobe, Pa. 

In dealing with abrasion in which the abrasive particles are consider- 
ably harder than martensite, the quantity, distribution and hardness of 
the carbides control the wear. The relative importance of each of these 


Table IX 
Effect of Chromium Carbides on Wear 
——Wear, Grams X10——- 
Dry Dry Rock- 


Alloy Dry Wet Alu- Felds-_ well 
No. %C F%Cr ZCi BWC2 BWC: Total Quartz Quartz mina par Cc 
AA4 3.9 1.0 50 0 0 50 9 5 53 5 59 
BB4 4.1 6.6 50 0 0 50 9 5 65 
CC4 3.9 13.4 25 20 0 45 3 2 47 1 67 
DD4 3.8 31.2 0 40 0 40 2 2 64 
DD3 2.8 31.6 0 35 0 30 19 6 62 
AA3 2.8 2 30 0 0 30 15 7 62 6 55 
BB3 3.0 a. 30 0 0 30 12 4 67 
CC3 3:2 14.5 5 20 0 25 5 2 87 2 68 
DD2 2.0 25.3 0 25 0 25 74 13 58 
CC2 1.9 14.2 0 26 0 20 67 16 98 6 65 
AA2 1.7 19.2 15 0 0 15 90 25 86 16 60 
DDi1 t.0 30.1 0 0 15 15 78 48 27 
BB2 1.8 6.3 5 5 0 10 103 24 61 
CCi 1.2 14.1 0 10 0 10 145 47 27 60 
BB1 0.8 6.6 0 3 0 3 180 68 60 
AAI 0.9 2.0 0 0 0 0 110 40 33 58 


Ci=(Fe, Cr): C or cementite with up to 15% Cr. 
C2 =(Cr, Fe)? Ca or trigonal chromium carbide with up to 55% Fe: 
Cs =(Cr, Fe)«4 C or cubic chromium carbide containing up to 25% Fe. 


three variables depends upon the nature of the test; that is, whether the 
abrasive particles are fixed or free, and on the hardness of these particles. 
This may be illustrated by comparing the high carbon, high chromium 
die steel (2.2% carbon, 13% chromium) with the tungsten (1.4% carbon, 
3.7% tungsten) die steel. Of these two, the chromium steel has about 
30% exposed chromium carbide whereas the exposed tungsten carbide 
in the other steel is probably less than 5%. On the other hand, 
tungsten carbide, WC, is considerably harder than the chromium carbide, 
(Cr, Fe); Cs. Tests on the Brinell abrasion tester (free abrasive particles) 
show the high carbon chromium steel to be superior to the tungsten steel 
but with fixed abrasives (as on 120-grit alundum paper) the tungsten steel 
is better. The difference is due either to the softer abrasive in the Brinell 
test or to the looseness of the abrasive which could possibly dig out the 
carbides more readily when the percentage of carbides is small. It there- 
fore appears advisable to compare Mr. Haworth’s abrasion results with 
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the quantity and type of carbide present. Information on the quantity 
and type, of carbide may be approximately determined from the 850°C 
level ternary iron-carbon-chromium diagram.” The wear results taken 
are the “Oil-Quenched Steel” in Table III of the paper under discussion. 
The results are shown in Table IX in order of decreasing total carbide 
content. Within the scope of the alloys in Table III there are three 
carbides, Ci, cementite; Cs trigonal chromium carbide; and Cs, cubic 
chromium carbide. Only one alloy, DD1, appears to have the cubic 
chromium carbide present which is insufficient to evaluate it as to wear 
resistance because of the low percentage present. Otherwise the cement- 
ite and trigonal chromium carbide appear to have about the same effect 
on decreasing wear in proportion as the percentage of each increase. 
There are, however, indications that the trigonal chromium carbide is 
more resistant to wear than cementite. This is shown by the quartz 
results on alloys AA4 and BB4 versus CC4 and DD4 and also by the feldspar 
results of AA4 versus CC4 and AA8 versus CC3. 

It is realized that the comparison is not exact as regards to quantity 
of carbides and no consideration is given to either distribution but it 
does throw some light on the factors controlling abrasion. 

Written Discussion: By T. E. Norman, metallurgical engineer, Climax 
Molybdenum Company, Denver, Colo. 

The author of this paper is to be congratulated on the development 
of a testing machine which shows good correlation between laboratory 
and field results on materials for sandslinger liners and blades for cen- 
trifugal abrading machines. Generally the wear testing of metal parts by 
laboratory methods has presented a problem because of the difficulty in 
duplicating conditions encountered in actual service. 

One of the major contributions of this paper is, I believe, the intro- 
duction of the idea that elevated temperature hardness is an important 
factor in determining the abrasion resistance of materials under con- 
ditions involving rapid abrasion by dry or almost dry materials. This 
offers at least a partial explanation for the fact that white irons contain- 
ing molybdenum carbides or complex carbides of chromium and molyb- 
denum have given outstanding service in centrifugal abrading machines 
and in wearing parts for sandslingers. 

In applying the results from Mr. Haworth’s tests to the choice of 
materials to withstand other types of abrasion, I feel that considerable 
caution should be observed at this time. I believe that this is particularly 
true for applications where actual crushing or grinding of mineral par- 
ticles is involved. The results and some of the conclusions from Mr. 
Haworth’s tests on alloys containing primary carbides do not agree with 
those obtained from our wear tests on grinding balls (6)* or the American 
Brake Shoe Company’s tests on their abrasion testing machine (8). These 
latter two methods of testing both involve the actual grinding of mineral 
particles rather than abrasion without grinding, such as occurs on Mr. 
Haworth’s machine. 


2Metats Hanpsoox, published by American Society for Metals, 1948, p. 1249. 
8The figures appearing in parentheses™’pertain to the author’s references. 
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Where grinding of mineral. particles occurs in wet abrasive service, 
an indenting effect is produced by the mineral particles as they are 
pinched between two metallic surfaces. Consequently, high localized 
maximum pressures are involved on the metallic wearing faces which 
crush these minerals. As a result of the high unit pressures, most 
massive carbides in a white iron part fail, I believe, by crumbling, so 
that they offer little if any protection to the matrix of the iron. This 
hypothesis at least applies to the unalloyed or low alloy grades of white 
iron which we have studied in our wear tests on grinding balls. It also 
apparently applies to many of the higher alloy white irons which Avery 
studied in his wet quartz sand abrasion test (8). This relatively poor 
performance of ferrous compositions containing massive carbides, when 
exposed to service involving the grinding of minerals, is quite contra- 
dictory to the results obtained by Mr. Haworth on his machine where 
abrasion without appreciable grinding is involved. 

Written Discussion: By Gorham W. Woods, metallurgical engineer, 
The Lincoln Electric Co., Cleveland. 

This is considered a real contribution to the baffling phenomenon 
of the wear of metals. It is of interest to note that rate of wear on 
the test samples checks very closely with the rate of wear in actual 
service. We look forward to reading more publications of this work, 
especially when procedures are worked out to test samples for resistance 
to impact with varying degrees of abrasive wear. 

We wish to add a word to possibly clarify the discussion of hard 
surfacing with the electric arc versus the oxyacetylene torch. See pages 839 
and 840 (Hard Surfacing Section) and conclusion No. 7. 

If a given hard surfacing rod is applied with oxyacetylene and also 
with the electric arc using normal procedures, the arc deposit will be 
diluted more by the parent metal than will the gas torch deposit. How- 
ever, the amount of the dilution may be increased or decreased depending 
upon the welding procedure that is used. 

The carbon content of the deposited metal may be increased if a 
carburizing oxyacetylene flame is used and it will be decreased with an 
oxidizing flame. It is possible to put on a thinner deposit with the torch 
than with the arc. 

We wish to emphasize the fact that hard surfacing materials are 
designed for either arc deposition or gas application, but not for both. 
Gas rods are usually bare and the best arc electrodes are coated. 

There are some nonferrous hard surfacing materials that lose a 
large amount of their abrasion resistant properties when diluted with 
iron. Hence these alloys should be deposited by the gas process. 

There are many makes of hard surfacing rods that are designed for 
deposition by the electric arc process. These electrodes are coated to 
increase ease of deposition and also in some cases to add carbon, etc., 
to the deposit. 

The alloy content of the electrodes is such that after dilution with 
iron from the base metal, a hard surfacing alloy will be obtained that 
has the desired resistance to abrasion, and to impact. 
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If one of the above electrodes were deposited by oxyacetylene, the 
resulting alloy would no doubt be more resistant to abrasion, but it 
probably would not have the required resistance to cracking and chipping. 

It seems that with any type of surfacing material, the product of 
the resistance to impact and the resistance to abrasion is a constant. 
When one property is improved the other one suffers. 

When two deposits are compared, both the resistance to abrasion 
and the resistance to impact should be checked, for invariably a change 
to increase the toughness will give a deposit that will not stand as much 
abrasion. 

We conclude with the statement that there is a field for gas surfacing 
and one for are surfacing, and that there is a complete series of mate- 
rials for each process from the most ductile to those most resistant to 
abrasion. 


Author’s Reply 


The author wishes to thank the numerous individuals who have 
expressed opinions regarding this paper, both verbal and written, for 
their kind comments, encouragement, and criticism. 

We believe, in response to the queries concerning the mechanism of 
abrasion and wear, that we are merely on the threshold and not the 
culmination of our research in these interesting and important fields. 
Our theories, therefore, are somewhat conjectural and are expected to be 
subjected to modification (and perhaps complete revision) as additional 
evidence and data are accumulated. 

Mr. Avery’s discussion and data are highly valued contributions to 
the paper. Of particular interest is his correlation with Mr. Norman’s 
ball mill data. The instances of disagreement are of as much interest 
and value, if not more, than those of confirmation. 

The action of harder abrasives in generally causing more severe 
abrasion than softer ones is a logical expectation. However, in both Mr. 
Avery’s and our studies, the effect of abrasive hardness may be over- 
shadowed within limits by the angularity of the abrasive. 

Our conclusions regarding hardness and carbon content refer specifi- 
cally to the results obtained with our rubber wheel tester. Although 
similar in principle, the use of a metal wheel in the Brinell test probably 
produces results more nearly comparable to those in ball mill than in 
sliding abrasive service. Under wet or low speed dry abrasion, indenta- 
tion hardness may be correlated to some extent with abrasion resistance 
but only for a given material. For materials of widely differing carbon 
content, no correlation of abrasion resistance and hardness (except 
microhardness) is evident in either Mr. Avery’s or our results. 

We can confirm Mr. Avery’s statement that arc-deposited hard sur- 
facing, when present in sufficient depth to make the factor of dilution 
negligible, is still inferior to gas-deposited material. This difference is 
not nearly as severe as the dilution effect in thinner arc-deposited layers 
and for practical purposes may not be important. The difference, when 
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dilution is negligible, possibly may be attributed to coarser structures 
and poorer carbide distribution caused by the more intense heat of arc 
deposition. At any rate, it is agreed that further investigation of the 
nature of hard surfacing deposits is warranted. 

In reply to Mr. Avery’s two questions, we feel that the wear of the 
sintered tungsten carbide specimens undoubtedly occurred chiefly in the 
soft cobalt matrix. This statement is based on the data which show 
increasing wear with increased binder content and the fact that deposits 
of tungsten carbide made with tube-type rods show severe erosion of 
the matrix around the particles with but little wear of the particles. 
In service, particles standing in relief might be broken off before their 
intrinsic abrasion resistance was realized. 

In the centrifugal abrading machine blade tests, the wear apparently 
was caused primarily by the shot and not by sand contamination. Lab- 
oratory tests made with crushed shot (grit) correlated well with the 
field results whereas laboratory sand and quartz data showed no cor- 
relation with centrifugal abrading machine blade service. The poor per- 
formance of ordinary white iron in this unit is not understood clearly. 
No plain carbon steel blades were run in the field but laboratory results 
on ordinary white iron were actually poorer than those on hardened 
SAE 1045 steel. On the other hand, the performance of nickel-chromium 
white iron was far superior to that of the hardened steel. 

Regarding reproducibility of results, our data normally check within 
10% which is considered sufficiently accurate when reporting differences 
of many times this order. Additional tests are run when reproducibility 
of the initial tests is poor. The results are averaged or obviously faulty 
values are disregarded. 

Mr. Czyzewski has mentioned a seeming discrepancy in the data with 
the conclusion that “if the microhardness of one constituent of an alloy 
is harder than that of the abrading material, the abrasion resistance will 
increase as the hardness and the amount of the hardest constituent are 
increased.” In the instances of alloys AAl and BB1 which were con- 
siderably higher in carbon content than SAE 1020 steel, constituents 
harder than ferrite, namely, martensite or other higher temperature 
transformation products, together with a minor amount of excess cement- 
ite admittedly were present. These, however, with the exception of the 
minor amount of cementite (which, therefore, exerts a negligible influ- 
ence) are softer than quartz. In the presence of the severely abrasive 
crushed quartz, factors other than the difference in the hardness between 
ferrite and martensite appear to be more important. 

Under the milder abrasive conditions obtained with crushed feldspar, 
which is intermediate in hardness between ferrite and martensite, the 
weight loss values on alloys AA1l and BB1 were lower than that on SAE 
1020 steel. These latter results confirm the validity of the questioned 
conclusion; the quartz results do not invalidate it because only the small 


amount of poorly distributed cementite was actually harder than the 
abrasive. 
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Hot hardness values (shown in the table below) obtained on annealed 
and on hardened specimens of SAE 1045 steel at several temperatures 
offer a partial explanation for the observation that “under certain dry 
abrasive conditions, due to the temperatures developed, hardened plain 
carbon or low alloy steels are no better or are actually inferior to the 
same steels in the annealed or hot-rolled conditions.” 


D1aAMOND Pyramip Hot Harpness Numsers on SAE 1045 Street—10 Ke. Loap* 


Condition Room Temperature 800° F 1000 °F 1300 °F 
Annealed 191 147 92 58 
Hardened 592 265 146 63 


*Courtesy Climax Molybdenum Corp. 


These hardness values were obtained under equilibrium temperature 
conditions, and therefore might be different from the instantaneous values 
at the wearing surface. Under severely abrasive dry conditions the 
extreme surface, perhaps only to a depth of a few molecules, actually 
may be above the critical temperature. Because of the very short 
duration of any surface increment at the extreme temperature before 
it is removed by the abrasive, the solution of carbides in the matrix 
probably would be much less than in conventional hot hardness tests. 
The latter, therefore, probably would be of little value in explaining the 
abrasion results. Instantaneous surface hardness values above the crit- 
ical temperature may be higher in annealed than in initially hardened 
plain carbon steels. No method of determining instantaneous hot hard- 
ness values is apparent at this time. 

Mr. Czyzewski has pointed out that the angularity of silica is a 
negligible abrasive factor in some of the more abrasion resistant alloys 
in Table III. The reason for this is that in contact with essentially 
harder materials, such as the large amounts of primary carbides in 
specimen DD4, the sharp edges of the crushed quartz are rapidly rounded 
and, therefore, have relatively less cutting efficiency than against less 
abrasion resistant materials. The rounding of sharp abrasive grains has 
been demonstrated clearly by running dry crushed quartz against sintered 
tungsten carbide for 1 hour at 250 rpm. The grains which were originally 
jagged, as shown in Fig. 8b, were rounded considerably and were more 
nearly comparable to the Ottawa sand grains in Fig. 8c. This would indi- 
cate that the more abrasion resistant materials wear the abrasive rather 
than vice versa. 

Mr. Czyzewski’s calculations are of interest and will be kept in mind 
during subsequent investigations of the fundamentals of abrasion and 
wear. 

Mr. Fetzer’s analysis of our data in regard to the effect of carbide 
type is interesting and confirms our unpublished findings that alloys 
containing high percentages of trigonal carbides show superior abrasion 
resistance. However, the matrix properties of such alloys are equally 
important. For example, if alloys CC4 and DD4 were annealed, their 
abrasion resistance would be much poorer than that shown for the 
respective as-cast or quenched specimens. 
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As Mr. Norman has pointed out clearly, the principal difference 
between our machine and almost all other prior abrasion testing devices 
is the lack of concentrated high localized pressure on the individual 
abrasive grains. Such high pressure causes crushing of minerals and 
undoubtedly crumbling of massive carbides. 

In our tests, the resiliency of the normally used rubber wheel protects 
mineral particles from crushing. Breakdown of the abrasive particles is 
generally negligible im sliding abrasion applications to which the machine 
has been applied almost exclusively. These applications are more numer- 
ous and diversified although perhaps not as important as those involving 
grinding of mineral particles in respect to tonnage of materials consumed. 

In reply to Mr. Woods, the question of combining abrasion and 
impact tests has been discussed previously and the conclusion reached 
that such a combined test is impractical. For applications involving 
severe shock, separate impact tests have been employed. A _ typical 
illustration of this approach was in the selection of materials for special 
wheel excavator teeth. The impact test consisted of a repeated 400 
foot-pound blow on the points of actual teeth. Materials without the 
requisite shock resistance were eliminated quickly in this manner. The 
more abrasion resistant materials which withstood the impact were 
recommended for field tests. An additional advantage of the impact 
tests was that the effects of tooth design modifications also could be 
evaluated. 

A more complete dissertation on the subject of hard facing appeared 
in a recent issue of Jron Age.‘ Included are laboratory and field test 
data together with chemical analyses which illustrate clearly the effect 
of dilution produced in arc welding. These results illustrate that 
other hard surfacing materials in addition to nonferrous compositions 
lose a large degree of their abrasion resistance when diluted with iron. 
In these tests both coated arc and uncoated gas welding rods were 
obtained from the manufacturers. Abrasion tests on specimens gas 
deposited with both rod materials (the arc rod coating was broken off 
prior to welding) showed almost identical results. 

The conclusion was reached that many manufacturers use the same 
analysis for arc and gas deposition. Actually, in order to obtain results 
comparable to gas welding, electrodes intended for deposition in thin 
layers should contain additional carbon and alloy content in the coating 
or base metal to compensate for the greater dilution obtained. For 
heavier deposits (s% inch or thicker) such compensation is less important. 
However, in order to obtain consistent results, a fairly uniform deposit 
thickness should be established. Likewise, to obtain uniform results by 
gas welding, precautions must be taken to maintain consistent flame 
characteristics. 


*R. D. Haworth, Jr.) “Effect of Welding Practice on Abrasion Resistance of Hard 
Facings,”’ Iron Age, Vol. 162, October 7, 1948, p. 82. 





A VERSATILE VACUUM-FUSION APPARATUS 
By Maney W. MALLETT 


Abstract 


The vacuum-fusion method is a valuable metallur- 
gical tool for the estimation of gases in metals. Details 
of the construction and operation of a vacuum-fusion 
apparatus are given. One unusual feature is that the gas 
sample is removed from the extraction apparatus by a 
fully automatic Toepler pump and analyzed in a modified 
Orsat apparatus. This versatile apparatus is used for gas 
analysis of plain carbon and certain alloy steels, non- 
ferrous metals, alloys, and powders by vacuum fusion in 
graphite. In addition, analytical vacuum fusions in oxide 
(1.e., BeO) crucibles are made and small experimental al- 
loy ingots are prepared. 

Analytical difficulties arising from the presence of 
large inclusions of Al,O;, glassy SiO,, and refractory 
nitrides are discussed. Vapors of chromium and titanium 
tend to cause low mitrogen (and perhaps oxygen) analyses. 


INTRODUCTION 


HE development of the modern vacuum-fusion method for the 

determination of oxygen, hydrogen, and nitrogen is usually as- 
scribed to Oberhoffer and his co-workers whose work was reported 
in Stahl und Eisen at various times from 1922 to 1929, and to Jordan 
and Eckman (1)* of the National Bureau of Standards. The im- 
proved version (2) of the Bureau’s apparatus still is copied exten- 
sively by other investigators. Although early workers used resist- 
ance heaters, high frequency induction heating, first used by Jordan 
and Eckman, is now quite universally employed. Many modifica- 
tions have been made in the design of crucibles, thermal insulation, 
and sample storage chambers. Several widely different methods of 
analyzing the extracted gases are now-in use. Most of these varia- 
tions are summarized in Gmelin’s Handbuch (3). Thompson, 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Vacher, and Bright (4), in their report on the cooperative study of 
methods for the determination of oxygen in steel, record the essen- 
tial features of a number of vacuum-fusion apparatus and compare 
the results obtained by various laboratories on samples of eight rep- 
resentative steels. Results obtained by chemical methods are also 
given. 

Reeve (5) developed a fractional vacuum-fusion method by 
which the distribution of the oxygen of a steel among the various 
oxides, FeO, MnO, SiO,, and Al,O,, could be determined. Hoyt 
and Scheil (6) applied this modification to the eight Cooperative 
Steels mentioned above and showed that, when the fractional oxide 
analysis is used in conjunction with polarized light, a rather com- 
plete understanding of the oxide inclusions is obtained. 

Sloman (7) has written a very adequate description of the 
vacuum-fusion method including details of several apparatus now in 
use in Great Britain. Therefore there is little need, in this paper, 
for extensive commentary on the method in general. 

The vacuum-fusion method was developed primarily for the 
determination of oxygen in plain carbon steels and was later found 
to give a rather reliable estimate of the nitrogen (8) and hydrogen 
content. The method, as applied to ordinary steels of quite low alloy 
content, gives accurate and reproducible results. However, the 
method has in many cases been used for analysis of high alloy steels 
and nonferrous metals and powders (9). Unqualified accounts of 
the analyses of high alloy materials have appeared from time to time 
with claims of accuracy of the order of <+0.001% for both oxygen 
and nitrogen. It appears that in some cases reproducibility and pre- 
cision have been mistaken for accuracy. Reasons why these results 
should be viewed with suspicion will be given in the present paper. 
At the same time, it will be shown that values obtained for many 
materials of unusual composition are highly significant and extremely 
useful. 

In 1940, a cooperative project, sponsored by the Crucible Steel 
Company of America and Battelle Memorial Institute, was set up 
for the development of a versatile vacuum-fusion apparatus for the 
analysis of high alloy tool and heat resistant steels and a wide variety 
of other metals. 

Because the apparatus was to be used for the fractional vacuum- 
fusion method of analysis as well as the total method, several of the 
features of the fractional apparatus developed at the A. O. Smith 
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Corporation were included in the design. Reeve’s (5) method of 
analyzing the extracted gas in a separate Orsat apparatus was 
adopted, as well as an improved modification of the automatic 
Toepler pump designed at the A. O. Smith Corporation. 

The resulting apparatus will be described, and results obtained 
on a heterogeneous array of materials discussed. The desirability 
of a versatile and rugged apparatus to produce useful figures will 
be stressed. 


THE APPARATUS 


A photograph of the vacuum-fusion apparatus is shown in Fig. 
1 and a schematic diagram in Fig. 2. The essential details of the 
apparatus may be described as follows. The melting crucible is 
heated by an induction coil 4-inch I.D. by 4 inches in length con- 
taining 4 turns of flattened 44-inch copper tubing per inch. The coil 
is energized by a 7% kw., 300 kc. Lepel High Frequency Labora- 
tories, quenched gap-type converter. The fused-silica furnace tube 
(2;-inch I1.D. by 242-inch O.D. by 18 inches) is connected by 
picein wax to a brass head containing a revolving sample magazine 
(see Fig. 3) which can hold seven samples (54 by 2 inches). It is 
interesting to note that, although this head has been in continuous 
use for 7 years, there is no evidence of embrittlement by mercury 
vapor. This is in marked contrast to the observation of one inves- 
tigator (10) who reports serious embrittlement in less than 9 
months. The head is water-cooled and additional protection of the 
wax seal is obtained by playing a 10-inch fan on the furnace tube 
on a level with the induction coil. The coil may be raised or low- 
ered over an 8-inch distance by means of a crank-actuated screw. 

A unique feature of the storage head is a pyrex glass baffle disk 
which turns with the magazine and catches spatter and vaporized 
metal which ordinarily would deposit on the sight glass in the cover. 
Thus, a clean window comes into position with each sample. The 
magazine is keyed to a greased, tapered plug that is indexed and 
provided with a pointer to indicate which chamber is in line with 
the sight hole. 

The furnace head is connected to a steel manifold (1%4-inch 
I.D.) by a tongue-and-groove joint, sealed with a rubber gasket, 
and is readily disconnected for changing furnace tubes. The mani- 
fold, fabricated from seamless tube turns by welding, is only 12 
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Fig. 1—The Vacuum-Fusion Apparatus. 


inches in length. Since it is the same diameter as the inlet end of 
the vacuum pump, the manifold diminishes the pumping speed very 
little. p 

The crucible assembly is placed on a bed of alumina sand (carbon 
analysis grade), about 1-inch thick, in the bottom of the silica fur- 
nace tube. This assembly, shown in Fig. 3, consists of a graphite 
heater crucible (1l-inch I.D. by 1;%-inch O.D. by 4 inches) packed 
in 60-mesh graphite powder contained in a beryllia thimble. Alumina 
thimbles have been used, but they are less satisfactory because they 
tend to react with the hot carbon. A smaller melting crucible (34- 
inch I.D. by 48-inch 'O.D. by 3% inches) is placed inside the heater 
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Fig. 2—Schematic Diagram of the Vacuum-Fusion Apparatus. 


crucible. After an analysis, the melting crucible is discarded and a 
new crucible put in place without disturbing the rest of the assembly. 
A graphite guide tube rests on top of the melting crucible. This is 
split on one side to prevent induction heating. The graphite guide 
tube is connected to a silica guide tube 6 to 8 inches in length lead- 
ing to the furnace head. 

A Gaede, all-metal, 3-stage, mercury diffusion puimp, type E, 
is used to evacuate the furnace. This pump has a pumping speed 
of 15 to 20 liters per second at 10-*-mm. pressure with a back pres- 
sure of 20 mm. Hg. The ultimate vacuum obtainable is 10° mm. Hg. 
The metal pump coupled with the metal manifold and furnace head 
comprises a very sturdy and trouble-free assembly. A Pirani gage 
is connected to the manifold to give a continuous indication of the 
pressure in the furnace. 

A satisfactory substitute for the Gaede pump, which is not gen- 
erally available, has been assembled by combining a Cenco Supervac 
all-metal, mercury diffusion pump and a glass one-stage injector- 
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type mercury pump similar to that described by Kraus (11). The 
Supervac supplied the high speed diffusion stage needed for rapid 
pumping, while the injector stage worked well against a back pres- 
sure as high as 20 mm. Hg. 

Oil diffusion pumps, so widely used for other purposes, were 
considered as a substitute for mercury pumps, but were rejected for 
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Fig. 3—Diagram of the Vacuum-Fusion Furnace Assembly. 


a number of reasons. Because the extracted gases build up a pres- 
sure in the collection system, the furnace pump must be capable of 
working against a back pressure of 15 to 20 mm. Hg. Most oil 
diffusion pumps are stopped by back pressures of 100 microns or 
less. In addition, there is the possibility of gaseous products being 
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produced by the decomposition of the oil in the pump. The oil 
may also diffuse back into the furnace, reacting with the hot crucible 
and molten metal, thus vitiating the analytical results. 

The collection train consists essentially of a line of 10-mm. 
pyrex tubing leading to an automatic Toepler pump. Connected to 
the train is a large range McLeod gage (0.0002-9.0 mm.). This 
gage may also be connected to the furnace side of the Gaede pump, 
if desired. The pumps for evacuation of the entire system are also 
connected to the train. They consist of a Cenco Hyvac mechanical 
pump and an all-metal Cenco Supervac, one-stage-mercury diffusion 
pump. A Cenco Pressovac pump is used to actuate the McLeod gage. 

During gas extraction, the Toepler pump (Fig. 2) is in con- 
tinuous operation. The pump bulb (750 cc.) comprises about 75% 
of the volume of the collection train and consequently is capable of 
keeping pace with the furnace pump. The Toepler pump is oper- 
ated by compressed air (maximum pressure 28 psi) controlled by 
two solenoid valves. The pump works at all pressures in the sys- 
tem and is fully automatic except for the return of the small amount 
of mercury spilled into the collection well with each stroke. This is 
returned to the operation reservoir once an hour by opening a stain- 
less steel valve and allowing the spilled mercury to flow back by 
gravity. The mercury level in the reservoir is indicated by means 
of an insulated feeler placed in the reservoir cap. When the mer- 
cury rises to the feeler, a neon bulb lights. The return valve is then 
closed and excess mercury is dippered out of the mercury well. The 
action of the pump is controlled by a double-pole, double-throw, 
normally open, midget relay. In addition, a time-delay relay is used 
to delay the pumping stroke for 25 seconds after the mercury emp- 
ties from the Toepler bulb. This delay is essential in order to allow 
time for the low pressure gas in the collection train to flow into the 
pump bulb. The gas from the Toepler pump is collected by dis- 
placement of mercury in an inverted test tube. 

The tube of gas resting in a small lacquered iron dipper is then 
stored until analyzed in a modified Bureau of Mines type (Buirrell 
Build-Up Model) Orsat apparatus. This is equipped with a mercury 
well and a long capillary J-tube for introduction of the sample to 
the gas burette. About 15 cc. of inert gas is retained in the Orsat 
apparatus at all times to provide sufficient volume to carry small 
gas samples through the absorbent solutions. All volumes, of course, 
are determined by difference. The absorbent solutions used are KOH 
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(33%) for CO,, alkaline pyrogallol for O,, and Cosorbent (Burrell 
proprietary solution) for CO. The decrease in volume caused by 
the oxidation of H, as the gas passes over CuO (300°C) is the 
measure of the H, content of the sample. The difference between 
the residual unabsorbed gas and the original volume of inert gas is 
the volume of N, present. The gas burette has 0.10-ml. graduations 
and 0.05 ml. can be estimated. 


OPERATION 


When analyzing plain carbon steels, five or six samples are 
loaded in the storage magazine, and the crucible assembly is de- 
gassed at 2300 °C (4170 °F) for 4 hours. The temperature is then 
lowered to the operating temperature of 1650°C (3000°F), and a 
blank is collected. The volume of this gas is generally about 0.60 
ml. per hour of which 0.20 ml. is CO and 0.40 ml. is H,. The sam- 
ples are then dropped and degassed one at a time with the Toepler 
pump running. 

In many cases the evolution of gas from the sample is over 90% 
complete in 3 to 5 minutes. However, extraction is continued for 
15 to 20 minutes until the Toepler pump has removed all of the 
extracted gas to a test tube over mercury. At this time the rate of 
evolution approaches that of the blank gases. Without delay, another 
sample tube filled with mercury is placed over the outlet of the 
Toepler pump, and the next sample is dropped. This procedure 
decreases interference from volatilized metals by minimizing the 
time for their vaporization from the melt. In systems where the 
melt must be held for longer periods of time while analysis of the 
gas is carried on in the collection train, considerable vaporization 
may take place building up reactive metal films, which tend to getter 
gases evolved from subsequent samples. This is particularly notice- 
able in high-manganese and high-chromium steels. If necessary, 
the extracted gas may be stored over mercury for: several days before 
analyzing. In the meantime, the apparatus is free for further gas 
extraction or other work. 


ANALYTICAL RESULTS OF PLAIN CARBON STEELS 


When the apparatus was first completed, its performance was 
checked by analyzing samples of the Cooperative Steels (4). As 
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shown in Table I, the analyses for all eight steels checked, or were 
satisfactorily close to, the “best” values chosen from the results ob- 
tained by a number of laboratories. It appears that for rapidity and 
accuracy in determining the total oxygen content of plain carbon 








Table | 
Oxygen Analyses of the Co-operative Steels by the Total Vacuum-Fusion Method 


-—— Values from Co-operative Study———._ Battelle Memorial 














Acceptable Range, **Best”’ Value, Institute, 
Steel No. % % % 
1 0.016-0 .020 0.018 0.018 
2 0.012-0.018 0.017 0.015 
3 0.014-0.020 0.017 0.017 
4 0.001-0.004 0.002 0.003 
5 0.007-0.011 0.009 0.011 
6 0 .005-—0 .008 0.007 0.007 
7 0.100-0.110 0.106 0.100 
8 0.015-0.019 0.017 0.017 
Table Il 


A Comparison of Fractional Oxide Analyses Obtained by Battelle Memorial Institute 
and Hoyt and Scheil 


Co-operative —————Weight, % Oxygen 








Steel No. Investigators FeO MnO SiOz AlzOs3 Total 
1 Battelle 0.004 0.011 0.001 0.002 0.018 
Hoyt and Scheil 0.002 0.013 0.001 0.004 0.020 
2 Battelle 0.001 0.005 0.005 0.003 0.014 
Hoyt and Scheil 0.001 0.006 0.006 0.001 0.014 
3 Battelle 0.002 0.007 0.006 0.003 0.018 
Hoyt and Scheil 0.002 0.011 0.004 0.004 0.021 
4 Battelle 0.000 0.000 0.001 0.002 0.003 
Hoyt and Scheil 0.000 0.000 0.001 0.004 0.005 
5 Battelle 0.001 0.004 0.003 0.001 0.009 
Hoyt and Scheil 0.000 0.004 0.007 0.001 0.012 
6 Battelle 0.001 0.003 0.003 0.002 0.009 
Hoyt and Scheil 0.000 0.003 0.002 0.001 0.006 
7 Battelle 0.093 0.005 0.000 0.000 0.098 
Hoyt and Scheil i See, 3 eae s 0.003 0.000 0.103 
8 Battelle 0.001 0.002 0.005 0.009 0.017 
Hoyt and Scheil 0.000 0.002 0.009 0.005 0.016 


*FeO and MnO fractions combined. 








steels the vacuum-fusion method is superior to other methods. 
The Cooperative Steels were also analyzed by the fractional oxide 
method. In Table II the values obtained are compared with those 
reported by Hoyt and Scheil (6). Despite the personal factor in- 
volved in the sometimes difficult task of deciding when a fraction is 
complete, a generally good agreement is shown. 

In order to compare the vacuum-fusion nitrogen analyses with 
the chemical method, analyses were made on a number of plain 
carbon steels which were also analyzed by the wet-digestion method 


7 
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Table Ill 
Chemical Analysis of Steels Used in the Comparative Study of Nitrogen Analyses 


Sample C Mn Ss Si Ni Cr Mo 


P 
B 0.12 0.85 0.104 0.39 0.02 0.02 0.01 0.01 
O 0.15 1.13 0.116 0.146 0.02 0.02 0.01 0.01 
OI 0.52 0.82 0.014 0.028 0.17 0.02 0.04 0.04 
ROH 0.24 0.47 0.010 0.027 0.04 0.06 0.05 0.01 
RB 0.09 0.38 0.091 6.030 0.17 0.03 0.01 0.01 
DB 0.16 0.48 0.010 0.030 0.06 0.01 0.01 0.01 





by laboratories at the American Rolling Mill Company, the National 
Bureau of Standards, and the Duquesne Steel Works of the Car- 
negie-Illinois Steel Corporation. The compositions of these steels 
are given in Table III, and the nitrogen analyses in Table IV. It 
will be noted that there is as good an agreement between the vacuum- 
fusion and the chemical method as between the various wet methods 
themselves. On all samples, the agreement may be considered quite 
satisfactory. Similar agreement between the two methods is almost 
invariably obtained whenever plain carbon or low alloy steels are 
analyzed (12). 

Hydrogen is extracted along with the oxygen and nitrogen 
of the steel sample. The hydrogen values obtained by the vacuum- 
fusion method are comparable to those obtained by the warm-extrac- 
tion (13) method. Although hydrogen may be completely extracted 
by either method, the analysis of the usual sample is often of no 
significance. Because of the fugitive nature of hydrogen, which 
can diffuse from steel at room temperature, the hydrogen which 
damaged a steel may no longer be present at the time of analysis. 
Recently, the importance of sampling during pouring has been em- 
phasized. Such samples tend to contain much greater quantities of 
hydrogen, which show better correlation with defects in steel than 
do the residual amounts present after storage. 


Table IV 
A Comparative Study of Nitrogen Analyses 





—_———————_Nitrogen, Weight, % 
B O ol ROH RB DB 
Battelle Memorial Institute* 0.010 0.010 0.003 0.003 0.011 0.010 
0.011 0.008  dasgee Sow: eats 
American Rolling Mill Company** _...... Ree. 65Fs 0.003 0.011 0.013 
National Bureau of Standards** S.0aee @.0482........ 0.004 0.0128 0.0125 
Duquesne Steel Works, CIL** 0.0116 0.0098 0.003 0.0039 0.0135 0.0107 





*Vacuum fusion. 
**Wet digestion. 
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Table V 
Vacuum-Fusion Analysis of Various Materials 





Weight, % 
He 


Material Os Ne 
I Ts a.s svn thane d 0 Sade Vis wesdndbiccdehus 0.002 0.00007 0.001 
I Bhs od jp adh 4 oe ene abe st aURseecksiae SoA oD 0.22 0.01 Trace 
Ce I i's aes) bcd y SED ok coo 4 RRA Bele eee 0.034 0.003 <0.001 
ee se bce eect ae 0.16 0.015 Trace 
Chromium, 98-99%, carbide free.....................2-, 0.05 0.0003 0.02 
On a a yes 0.67 0.047 Trace 
ee ea oa cul. 4 ot opti’ .sibeae 0.05 0.0014 <0.01 
a pee ee eae 0.53 0.013 Trace 
Chromium alloy, 18 Cr-8Ni+Cb..................ccceeee 0.013 0.0003 0.24 
Chromium nitride—oxide mixture....................000- 3.3 0.32 2.8 
Chromium nitride—oxide mixture....................000- 1.4 0.002 18.9 
ns str ahs And > dw ne's odie ad pkoae we eiine os 0.0007 0.00013 Trace 
eg oo ak ee en a LG oie WEBEL RTE OH 0.0015 0.00017 Trace 
MONE ws 4 hak Enekas dk raataids s+ 60:0 5 wks eaves 0.003 0.0002 0.001 
Se SE WN a, oat oe g bub nie calcd akinn pun 0.014 0.0005 0.002 
RN Me a ns. Su Gis e ue wack, ow ewe ee bas ote) Des 0.005 0.0003 0.001 
I WE Me ae clk. Saw sg kav eoeenbaeeraeue 0.024 0.003 0.003 
SOG I. oft ES 6 o Finc bcd dab was 66880 bs eo 4S R geerre st. ee ss Trace 
Iron, powder, from ferric chloride......................5- 4.3 0.017 Trace 
Iron, powder, Swedish sponge....................ccceeees 4.5 0.007 Trace 
Iron, powder, malleableized white iron.................... 0.54 0.005 Trace 
ee Ne a re ay ee ee 13.4 0.34 0.7 
ee aa ueddeeescwncs EES Sons ae 
SEF OE ER PO, So id Fs ae i Se, a i 
SS, 8 o's. Ch ves nod CeUbe 6 behead wee bs Des. ate rs Ih Te 
Nickel, electrolytic........ 3 4 bid #0 4a ses ce wa es 0.40 0.019 Trace 
i a re ee 0.042 0.013 0.02 
Titanium oxide, after treatment to remove oxygen......... ss wee tS beets 
kn cuchan ches cdkbe cee bark when hs 0.20 0.003 Trace 
Te rs NS ei eS ee. Sw ws bho oie 0.051 0.0001 0.005 











ANALYSIS OF HicgH ALLoy STEELS AND NONFERROUS MATERIALS 


The accuracy obtained on plain carbon steels is about +0.001% 
for both oxygen and nitrogen. Table V contains typical analyses 
of a very wide variety of nonferrous and high alloy materials. The 
analyses of some of these materials, such as bronze, copper, duriron, 
ferrosilicon, molybdenum (lump), and weld metal, have an accuracy 
and precision similar to the plain carbon steels. With higher gas 
contents, the precision becomes less because the sample size must be 
diminished to keep the volume of extracted gas under control. In 
most vacuum-fusion apparatus, a total volume of evolved gas of less 
than 10 cc. is desirable. The three samples of molybdenum (Table 
V) illustrate nicely how the significant figure shifts from 0.001% 
to 0.01% to 0.1% oxygen. From a practical standpoint, a precision 
of +0.1% for the molybdenum sample analyzing 0.65% oxygen is 
entirely adequate, for, after all, the producer of this sample was 
trying to make a material of about 0.003% oxygen and not one of 
0.650% +0.001% oxygen. 

The researcher who submitted the sample of TiO,, analyzing 
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38% oxygen, hoping he had produced titanium metal of perhaps 
0.04% oxygen content, gladly changed his technique on the next run 
without insisting that the full stoichiometric amount of oxygen 
should have been obtained. Of course, the operator of the vacuum- 
fusion apparatus was somewhat disconcerted when the evolved gas 
exceeded that anticipated by 1000 fold. This is not pleading the 
case for sloppy techniques, but rather is pointing out that insistence 
on extreme precision should be confined to cases where it is justified. 
Both the nature of the sample and use to be made of the results must 
be considered. With this in mind, it is seen that many of the 
analyses reported in Table V are very useful figures, although in 
many cases they are the product of extemporaneous modifications 
of the vacuum-fusion method. For instance, the analyses of chro- 
mium nitride — chromium oxide mixtures are of samples from a series 
of attempts to produce material of a high chromium nitride content. 
The first attempt showed only 2.81% nitrogen while, after a num- 
ber of modifications, one of the final runs produced 18.9% nitrogen. 
The vacuum-fusion apparatus proved to be a valuable analytical tool 
in that investigation. 

A correlation was found between vacuum-fusion oxygen results 
and the properties of magnet materials (iron-iron oxide). A number 
of other materials listed will be recognized as addition materials for 
alloys. Their analyses enable one, to some extent, to anticipate their 
behavior in the bath and their effect upon the final analysis of the 
melt. For example, the analysis of the sample of electrolytic cobalt 
that contains 0.16% oxygen and 0.015% hydrogen shows that con- 
siderable oxygen must be removed during the melt, while the high 
hydrogen content predicts considerable boil from this source unless 
precautions are taken to remove it before melting. 

It is evident that very accurate analytical results are obtainable 
on the class of materials for which the vacuum-fusion method was 
devised, and, in addition, many valuable approximate analyses are 
obtainable on a wide variety of other materials for which no other 
method of gas analysis presently exists. 


TECHNIQUES FOR POWDERS AND NONFERROUS METALS AND ALLOYS 
Samples for vacuum-fusion analysis should, preferably, be in 


massive form with the smallest possible surface area. Interference 
caused by large surface areas was found by Thompson and Holm 
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(14), and substantiated by Sloman and Rooney (15). More recently, 
Alexander, Murray and Ashley (10) have discussed this point. 
However, in certain cases, such as when finely divided material is to 
be used in charging a melt, an analysis which includes surface oxide 
and adsorbed gases will give a truer value of the gases that will be 
carried into the melt than would an analysis of “clean” material. 
With the growth of powder metallurgy, finely divided metals have 
become quite common. 

Loose powders of high gas content tend to blow from the 
analysis crucible. In analyzing such samples, it was found con- 
venient to compress the powders into metal wafers, % inch in di- 
ameter by any desired thickness, at 50,000 psi. This converts the 
powder into a convenient massive piece and eliminates the necessity 
of adding a foreign material to the sample as is done when the pow- 
der is wrapped in foil or enclosed in a metal capsule. 

The results shown in Table V give some idea of the typical gas 
content of a variety of materials, and demonstrate the versatility 
of the vacuum-fusion method. The only modification required to 
handle most nonferrous materials is the use of a bath of degassed 
iron in which to drop the sample. In the case of metals such as W, 
Mo, Ta, or Ti, the iron fluxes the sample and forms alloys with 
melting points similar to steel. Any good compilation (16) of 
binary-alloy data is a convenient guide to the proper ratios of sam- 
ple to iron in the bath. 

The iron bath not only fluxes high melting point materials, but 
it also carries carbon into metals, such as copper, which have low 
carbon solubility. The bath also serves to reduce the partial pres- 
sure of volatile metals, such as Cr, Ti, etc., and thus decreases inter- 
ference from their vapors. When melting volatile metals, it is some- 
times helpful to vaporize a few grams of tin between samples so as 
to cover the freshly deposited reactive metal with the rather inert 
tin and so prevent gettering of evolved gases. 

Techniques for handling nickel, cobalt, copper, chromium, man- 
ganese, silicon, tungsten, and variousalloys have been discussed by 
Sloman (7). Our experience with these materials has been similar, 
with the exception of nickel and cobalt which we found to dissolve 
sufficient carbon (2 to 3%) quite readily. 

In addition to analysis in a graphite crucible, the apparatus is 
useful for work in BeO crucibles. For example, the carbon content 
of copper was determined by adding CuO to the copper melt, oxidiz- 
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ing the carbon content to CO, and CO. Results of 0.0005 to 0.0010% 
were obtained. These values fall within the limits of solubility 
found by Bever and Floe (17). Semi-vitreous BeO crucibles are 
only very slowly reduced by contact with hot carbon and have been 
used inside graphite-heater crucibles at temperatures up to 2000 °C 
(3630 °F). By use of such a crucible assembly, the vacuum-fusion 
apparatus becomes an excellent set-up for making small experimental 
melts. It is superior to most vacuum-furnace set-ups in that the 
entire charge can be stored in the sample magazine while the cru- 
cible is brought to temperature and degassed. Metals, such as chro- 
mium, which tend to be oxidized (even in a vacuum) by gases given 
off upon first heating a crucible assembly, are readily melted when 
dropped into the hot crucible. Additions of volatile metals are made 
with a minimum loss because of rapid melting. 


INACCURACIES IN VACUUM-FUSION ANALYSES 


The highly satisfactory results obtained in the vacuum-fusion 
analysis of plain carbon and low alloy steels have been discussed. 
Ziegler (18) found that all of the usual oxide compounds found in 
steels are readily reduced by the carbon of the melt if the particle 
size was small enough and if the particles were separated by the 
addition of graphite powder to prevent agglomeration. Unfortu- 
nately, the nonmetallic inclusions of an occasional steel sample will 
be too massive to be reduced in any reasonable extraction time. 
Thompson and Holm (19) report difficulty with certain samples 
containing Al,O, particles of greater than normal size, particularly 
when the melt contained volatile metals. 

We have found it impossible to reduce the large particles of 
Al,O, produced in bomb test samples killed with a large excess of 
aluminum. The particles floated to the top of the vacuum-fusion 
melt where their reduction took place too slowly to be completed. 
Tenenbaum and Brown (20) give a comparison of results obtained 
by gravimetric and vacuum-fusion methods on this type of sample. 
While samples containing 0.010% oxygen tend to give but slightly 
low results, one yielding 0.106% oxygen by the gravimetric method 
gave only 0.061% by vacuum fusion. 

Similar difficulty is also encountered when rather large, clear, 
globular SiO, inclusions are present. On the other hand, mixed 
sulphide-silicate inclusions of the same size are readily reduced. 
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Certain steels fall into a borderline class in respect to inclusion 
size. These steels give accurate results by the total vacuum-fusion 
method, but give low results by the fractional vacuum-fusion method 
where the melt is held a rather long time at 1060 to 1320°C (1940 
to 2410 °F) during which time the more refractory oxides float to 
the top of the melt and agglomerate, forming masses difficult to 
reduce. 

Interference of vaporized manganese with oxygen analyses has 
been widely discussed, and it is customary to provide a high speed 
pump to remove gases from the furnace as rapidly as they are 
evolved in order to minimize this effect. Similar trouble with alu- 
minum vapor (16) has been found. Interference from such metals 
as chromium, titanium, etc., in oxygen analyses apparently has not 
been investigated to the same extent, chiefly because chemical meth- 
ods of checking are laborious, time-consuming, and of doubtful ac- 
curacy themselves. However, such interference may exist as is 
evidenced by the effect of these metals on nitrogen analyses. 

Sloman (7) has discussed some of the difficulties encountered 
in analyzing high silicon steels which tend to form kish in the cru- 
cible, giving a mushy semi-solid mass in which bubbles of gas are 
trapped. This condition can be avoided by dropping the sample 
into an empty crucible or by analyzing samples in such an order that 
the per cent of silicon in the melt is never increased, because an 
increase in silicon causes graphite to precipitate. In addition, silicon 
seems to soak into the graphite, causing it to swell and crack, prob- 
ably through the formation of silicon carbide. When the concen- 
tration of silicon is kept low, this does not occur. 

Phragmen and Treje (21) have shown that the agreement in 
nitrogen analyses by the chemical and vacuum-fusion methods on 
low alloy steels does not generally hold for high chromium steels 
or when titanium is present. Although we have been able to extract 
a greater portion of the nitrogen from ferrotitanium materials than 
they indicate, titanium- and zirconium-bearing steels give erratic and 
low nitrogen results. Finely divided nitride particles seem to be 
decomposed easily, but the larger nitride inclusions are not entirely 
decomposed. It appears that the refractory nitrides that remain after 
completion of the initial boil (CO and H,) are never completely 
decomposed. Phragmen and Treje obtained about 4.25% nitrogen 
from titanium carbide by both vacuum-fusion and chemical methods. 
This suggests an analogy between the cyano nitrides and the sulphur- 
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Table VI 
Nitrogen Analysis of 25-20, Chromium-Nickel Steels 





0.044 0.054 


-_-_— Weight, % Nitrogen—_.. 
Sample Vacuum Fusion Chemical 
A 0.046 0.052 
B 0.037 0.046 
Cc 0.038 0.057 
D 0.036 0.045 
E 0.043 0.053 
a 0.037 0.046 


silicate inclusions and substantiates the belief that mixed-type inclu- 
sions are more readily decomposed than the single-phase type. 

To illustrate the effects of titanium further, a sample of 18-8 
Ti steel was analyzed by vacuum fusion both at Battelle and at the 
Crescent Laboratory of the Crucible Steel Company of America. 
The vacuum-fusion results of both laboratories were in agreement 
(0.012% nitrogen), but this result was definitely low compared to 
chemical analysis (CSC) which yielded 0.024% nitrogen. 

Vaporized chromium tends to absorb nitrogen evolved from the 
melt, causing low results. Table VI contains typical results obtained 
on 25-20 Cr-Ni alloys. The vacuum-fusion nitrogen results rather 
consistently run about 0.010% lower than those obtained by the 
chemical method, and less nitrogen is recovered as successive sam- 
ples are analyzed. Consequently, no more than three samples of 
high chromium alloys are melted in one run. 

The difficulties described above are encountered in but a minor 
percentage of samples. The vacuum-fusion method is applicable to 
many metals and alloys with little modification and has proved itself 
to be a valuable metallurgical tool for estimating the gas content 
of metals. 


SUMMARY 


The work presented in this paper may be summarized as fol- 
lows: 

1. A vacuum-fusion apparatus of simple design and rugged 
construction is described. 

2. Vacuum-fusion analyses of plain carbon steels have an ac- 
curacy of +0.001% for both oxygen and nitrogen. 

3. The significance of results obtained in the analysis of non- 
ferrous materials of high gas content is discussed. 
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4. Techniques are given for the analysis of powders, non- 
ferrous metals and alloys. 


5. Inaccuracies in vacuum-fusion analyses are discussed, par- 


ticularly the problems of massive nonmetallic inclusions and metallic 
vapors. 
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DISCUSSION 


Written Discussion: By Harold E. Cleaves, chief, Chemical Metallur- 
gical Section, Division of Metallurgy, National Bureau of Standards, 
Washington, D. C. 

Mr. Mallett has incorporated many desirable features in his version 
of the vacuum-fusion apparatus. That satisfactory accuracy is achieved 
in its operation, is shown by his results on the cooperative steels. 

It is interesting to the writer that satisfactorily low furnace pressures 
and blanks are obtained in Mr. Mallett’s furnace despite the use of a 
beryllia container for the graphite crucible and insulation. A slit graphite 
shell, resting by edge contact on a beryllia disk, serves in the Bureau 
apparatus to hold the graphite crucible and graphite powder. Normally 
the blank is about the same as that reported by Mr. Mallett, but if 
graphite powder sifts through the slit onto the beryllia disk, as has hap- 
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pened in a few instances, an increase in the blank and the furnace pressure 
to 4 or 5 times normal results. Apparently, it is reaction of the carbon 
with some material other than beryllia, possibly with the silica of the 
furnace tube, that is responsible for the increased gas evolution. 

The interference that Mr. Mallett reports in the determination of 
nitrogen by vacuum fusion in steels containing titanium has not been 
observed at the Bureau. Table VII shows the nitrogen values we obtained 
on some 18 chromium — 10 nickel steels treated with titanium. 


Table VII 
Nitrogen Values Obtained on 18 Chromium - 10 Nickel Steels Titanium-Treated 


(ae Ni trove 


ee ee ee 
Titanium Vacuum Fusion Chemical Analysis 
Steel No. % % % 
S-34 0.26 0.031 0.038 
S-21 0.32 0.027 0.031 
C-6 0.35 0.012 0.011 
S-39 0.36 0.023 0.023 
S-25 0.37 0.017 0.021 
S-35 0.44 0.012 0.015 
C-2 0.50 0.010 0.010 
C-5 0.50 0.008 0.008 
S-36 0.54 0.022 0.017 
C-7 0.57 0.007 0.006 
C-8 0.59 0.007 0.007 
S$-32 0.61 0. 


S 
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The greatest difference between the two methods was observed on 
steel S-34, the vacuum-fusion result, 0.081%, being lower than the chemi- 
cal value, 0.088%. However, the next greatest spread in values, on steel 
S-36, was in the opposite direction, the vacuum-fusion value, 0.022%, 
being higher than the chemical value, 0.017%. 

No interference by titanium was reported by Sloman (Report No. 
1504 of the National Physical Laboratory) in determining nitrogen in 
titanium metal by vacuum fusion. However, he reported that an operat- 
ing temperature of 1800°C (3270°F) is necessary for complete decompo- 
sition of the nitride, whereas no increase in nitrogen recovery was 
observed at the Bureau to result from increase in operating temperature 
above 1625°C (2960°F). We did find that a temperature of 1700°C 
(3090 °F) or higher was required for satisfactory recovery of nitrogen 
from columbium-treated stainless steels, as will be seen from the follow- 
ing results: 


Vacuum Fusion 
at at Chemical 
Columbium 1625 °C 1700 °C Analysis 
Steel No, % % % % 
C-3 0.35 0.024 0.032 0.035 
Cc-9 0.52 0.033 0.049 0.052 


Written Discussion: By William F. Murphy, metallurgist, Crucible 
Steel Company of America, Pittsburgh. 

The author is to be commended for his work in extending the scope 
of materials capable of being analyzed by vacuum-fusion gas analysis. 
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His paper serves to focus attention on the fact that interfering elements 
require modifications in procedure just as they do in routine chemical 
analysis. 

In 1941, Mr. Mallett constructed a vacuum-fusion apparatus at our 
Crescent Laboratory. This apparatus was very similar in design to that 
previously constructed by him at Battelle Memorial Institute. During the 
past 7 years this apparatus has been operated without any serious diffi- 
culty. In agreement with the author’s findings we too have had no trouble 
with mercury causing embrittlement of the furnace head although some 
amalgamation does seem to have occurred. Our apparatus has been modi- 
fied in some minor aspects from its original form. For example, we have 
completely removed the expansion bulb which appears in Fig. 1 on the 
right side of the table top and which proved to be unnecessary to the 
successful operation of the apparatus. 

Because of the nature of the steels and alloys manufactured by the 
Crucible Steel Company, our equipment has been used to determine the 
gaseous elements in a wide variety of materials, both our manufactured 
products and materials going into these products. As discussed by Mr. 
Mallett, the results of analyses on such materials must be considered from 
the viewpoint of the elements in the material. 

As an illustration to indicate further the versatility of this type of 
equipment, the following results are presented. At one time it was neces- 
sary to try to determine the difference between two samples of calcium 
metal which were behaving very differently in use. The samples identified 
as No. 1 and No. 2 were analyzed by a modification of the regular vacuum- 
fusion procedure. The temperature of operation was held as well as 
possible at about 1600°F (870°C), but fogging of the sight glass which 
hindered temperature observation and the necessary intermittent opera- 
tion of the converter made this difficult. 

The behavior of the two calcium materials was very different under 
approximately similar conditions of temperature and pressure. The No. 1 
calcium generally melted rather quietly and distilled into the guide tube 
where it condensed. The No. 2 calcium erupted rather violently before 
melting or simultaneously thereto. In this case, too, the metal solidified 
in the guide tube. The No. 2 calcium gave off a small amount of a mate- 
rial which collected on the sight glass as a reddish brown powder. This 
might possibly have been calcium nitride which is identified as a brown 
crystalline material with a melting point of 1650°F (900°C). Both mate- 
rials partially sublimed before melting. The results obtained are given 
in Table VIII. 

Samples No. 6 for both materials were attempts at hot extraction 
without melting. In both cases the calcium metal sublimed into the guide 
tube. Considerably higher hydrogen contents were obtained from the 
hot-extraction analyses. 

The fact that calcium distilled from the crucible and solidified in rela- 
tively cold parts of the furnace makes it doubtful that all of the gases, 
hydrogen and nitrogen, were removed from the metal. It is more prob- 
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able considering that calcium vapors were present that some of the gases 
recombined with the metal condensing in the guide tube. 

Under the conditions of operation it was not expected that any 
oxygen would be found. But in a few cases small amounts of oxygen 
were determined. In general, the nitrogen content of the No. 2 material 
was higher than that of the No. 1 material. The hydrogen content was 
higher in the latter material. 


Table VIII 
Results of Vacuum-Fusion Analysis of Two Calcium Metal Samples 





= — Weight, ———-_., 
Material Sample Oz ii. No 
Calcium No. 1 1 0.003 0.01835 0.007 
2 none 0.00788 0.014 
3 none 0.02172 0.010 
4 none 0.02077 0.005 
5 none 0.01794 0.004 
6* 0.002 0.02632 0.007 
Calcium No. 2 ] none 0.00956 0.008 
2 0.002 0.01854 0.019 
3 none 0.01354 0.059 
4 none 0.01593 0.043 
5 none 0.01735 0.085 
6* 0.002 0.02388 0.010 


*Attempted hot extraction without melting. 


Some experiments which were made at Crescent Laboratory of the 
Crucible Steel Company on small newly cast ingots and aged ingots have 
led to the same general conclusion with respect to hydrogen analyses as 
presented by the author. 

Mr. Mallet has presented an excellent paper which indicates some of 
the possibilities for research on the determination of gases in metals and 
has given us a more thorough understanding of the limiting factors in 
this kind of analysis. 

Written Discussion: By J. C. Lewis, Jr., research metallurgist, 
Driver-Harris Co., Harrison, N. J. 

In consideration of a vacuum-fusion apparatus that handles a wide 
variety of material, having widely different melting temperatures, a state- 
ment might well be made regarding the basis for selection of the tempera- 
ture used for analysis of a given material. 

In the operation described by Hoyt and Scheil, cited as reference (6) 
in this paper, a temperature schedule was followed which was designed to 
provide information about the quantities of certain oxides present and 
was selected on the basis of their respective reduction temperatures. 

In my own experience I have found it satisfactory to use a tempera- 
ture below the melting point by less than about 45°C (80°F) for half the 
degassing time, and above the melting point by about the same amount 
for the remainder of the time, when running copper-nickel alloys, pure Ni, 
and nickel-chromium alloys. This selection of temperatures is on the 
basis that there is often more hydrogen available from the metal just 
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before it melts, there is greater reaction of oxides and nitrides with the 
carbon crucible at higher temperatures, and the evaporation of nickel and 
copper makes it inconvenient to go much higher, 

So I should like to know if any more specific statements may be made 
than that sometimes physical facts dictate the temperature (as in the 
fractional oxide determination) but otherwise good judgment, justified 
and modified by experiment, as to what will satisfy the needs in a particu- 
lar case decides the selection of temperature. Also I should like to know 
what temperatures were used for the analysis of copper and the higher 
melting materials, tungsten and molybdenum. 

I heartily agree with the author’s remarks in his statements about 
the relationship of precision, absolute accuracy and utility of results. 

The apparatus is shown as having a graphite guide tube touching a 
quartz tube above. I should like to know at what general temperature 
level this silica-carbon junction begins to be unsatisfactory in this appli- 
cation, 

The paper states that “no more than three samples of high chromium 
alloys are melted in one run”. This is of interest and confirms belief that 
an essential feature of a gas-analysis apparatus is that after one run it 
may readily be rearranged for another run. 


Author’s Reply 


I wish to thank Mr. Cleaves for his interest in this paper and for the 
additional data on the effects of titanium and columbium upon vacuum- 
fusion analysis. . 

In regard to Mr. Cleaves’ observation on the reaction of BeO con- 
tainers with the graphite-powder insulation, 1 would like to point out why 
we use a BeO container rather than the thin-walled slit graphite shell 
used at the Bureau of Standards. The Lepel converter used on the Battelle 
apparatus operates at a frequency of about 300 kc. Even extremely thin- 
walled split cylinders of graphite or molybdenum tend to heat at this fre- 
quency. This heating is usually confined to spots or irregular areas where 
concentrations of eddy currents cause extremely high temperatures which 
vaporize the graphite shell or melt holes in molybdenum. There is much 
less of this skin effect at the lower frequencies (30 kc.) used at the Bureau. 

About 8 to 10 hours at degassing temperatures is required to break 
in a new BeO container. A thin layer of BeeC forms during this period, 
minimizing further reactions between the BeO and graphite. 

Apparently, the question of Ti interference with nitrogen analyses is 
far from settled. We are very much interested in the analysis of titanium 
metal for nitrogen and oxygen by vacuum fusion, or, indeed, by any 
method. To date, our attempts to duplicate Sloman’s results have been 
unsuccessful. In the past, it has been difficult to evaluate methods 
because standard samples were lacking. For our work, samples of 
titanium containing known additions of nitrogen and others containing 
similar additions of oxygen were prepared in a modified Sieverts apparatus. 
Very satisfactory chemical analyses of the nitrogen standards were 
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obtained, but the vacuum-fusion values for nitrogen were quite low. 
Attempts to analyze the oxygen standards by both chemical and vacuum- 
fusion methods have been very unpromising. 

It is of particular interest to me to receive Mr. Murphy’s comments 
after several years’ use of an apparatus very similar to that used at 
Battelle. It is gratifying that no major changes in design were found 
necessary during this period. 

Knowing the great variety of materials used in producing the vari- 
ous alloys of the Crucible Steel Company, I am certain versatility was 
required of both Mr. Murphy and the equipment in order to analyze these 
materials. 

The data on the gas analysis of calcium add to our store of informa- 
tion on the vacuum-fusion method. Although the results are evidently 
only semi-quantitative, they indicate a marked difference in nitrogen 
content which probably accounts for their different behavior in use. 

We had a similar experience with calcium silicide which was particu- 
larly gassy. By the vacuum-fusion method it analyzed: nil oxygen, 
0.016% hydrogen, and 0.07% nitrogen. Chemical analysis later showed 
the true nitrogen value to be 0.12%. However, the difficulty had already 
been corrected upon the basis of vacuum-fusion results. 

In reply to the discussion by Mr. Lewis, the temperature is chosen 
so that the gas extraction is made from a molten bath. The method used 
for materials with high melting points is described in the paper. The 
temperature also must equal or exceed that required for rapid reduction 
of the type of oxides or nitrides likely to be present in the sample. In the 
case of copper, which contains oxides that are easily reduced, an operating 
temperature of 1300°C (2370°F) is quite satisfactory. Higher tempera- 
tures result in excessive vaporization of the copper. 

In regard to extraction of hydrogen from the solid sample, we have 
obtained comparable results on steels by “warm” extraction at either 650 
or 1000°C (1200 or 1830°F) for several hours and by vacuum fusion at 
1650 °C (3000 °F) for 20 minutes. It also appears that FeO may be removed 
from a solid sample in a tin bath at 1060°C (1940°F). This temperature 
is customarily used for reducing FeO in the fractional vacuum-fusion 
method and often does not result in melting of the sample. In spite of 
this, a satisfactory separation of FeO from the more refractory oxides 
seems to be obtained. 

The junction of the graphite guide tube with the silica tube is always 
at least 3 inches above the top of the crucible and does not reach a red 
heat even at outgassing temperatures. No evidence of a reaction between 
the graphite tube and the silica tube has been observed. 








NATURE AND DETECTION OF GRINDING 
BURN IN STEEL 


By L. P. Tarasov ANp C. O. LUNDBERG 
Abstract 


Unsatisfactory grinding conditions may generate 
sufficient heat in the work surface to discolor tt and to 
affect the physical condition of a surface layer several 
thousandths of an inch deep. This paper is concerned 
with the microstructural and hardness changes that may 
occur in hardened steel parts when they are burned in 
grinding, and with their response to macroetching. Most 
of the results were obtained on high speed and oil-hard- 
ening tool steels, but enough work was done with some 
other steels to show that the same conclusions can be 
expected to apply to hardened steels in general. 

When there is sufficient temperature rise for rehard- 
ening to occur, some novel microstructures may be ob- 
served. One of these is grain boundary austenitization 
in a transition region between rehardened and overtem- 
pered zones. 

Hardness data are presented showing that, even under 
conditions of rapid stock removal, hardened steel can be 
ground without appreciable surface softening by adhering 
to good grinding practice, and that burn can be completely 
eliminated if necessary. It is also shown that grinding 
can work harden the surface of hard steel. 

Sensitive, nondestructive macroetching techniques 
are described for detecting hardness changes (and some- 
times high stresses) in ground surfaces, which should be 
useful for inspection and trouble-shooting purposes. 


INTRODUCTION 


XCESSIVE heat can be generated in a workpiece when grind- 

ing conditions are not right. The grinding may be at fault, 

as when a wheel is too hard or too dull or when the machine is in 
A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The authors, L. P. Tarasov and 


C. O. Lundberg, are associated with the Research Laboratories, Norton Com- 
pany, Worcester, Mass. Manuscript received May 17, 1948. 
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poor condition; or the workpiece may be at fault, as when too much 
stock is left in spots with the result that deeper cuts are taken at 
those spots than are allowable. This can happen if the prior ma- 
chining has not been done with sufficient accuracy or if the distortion 
in heat treatment has been greater than expected. 

Whatever the cause of the excessive heat, both visible and 
invisible changes may take place in the ground surface. The visible 





Fig. 1—Burn Marks in Hardened Steel Ground Too Severely: X 1. 


manifestation is commonly referred to as burn. This is simply a 
discoloration of the surface resulting from its oxidation during mo- 
mentary exposure to high temperatures. The color of the oxide 
film depends on its thickness, which is of the order of the wave 
length of light, just as is the case with temper colors. In fact, the 
only difference between the two is that temper colors result from 
fairly long exposure, such as 1 hour, to ordinary tempering tem- 
peratures, while burn marks of exactly the same colors result from 
momentary exposure to considerably higher temperatures, although 
these are still far below the melting point of steel. A typical exam- 
ple of a pronounced burn pattern is shown in Fig. 1. 

Whether the surface appears to be burned or not, there may 
be invisible but significant changes in the surface layers immediately 
underneath the ground surface. The microstructure and hardness 
can be materially affected by flashes of heat, as witness the surface 
softening or even rehardening often observed in hardened steel in 
cases of severe burn. 

These changes can occur even though no burn color is visible 
after grinding, since any discoloration developed during severe grind- 
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ing is often cleaned off in finish grinding. Even when the surface 
is not cleaned up in this fashion, it sometimes happens that the tem- 
perature reached momentarily is high enough to cause a little tem- 
pering but is still too low to discolor the surface. 

Another type of invisible change can occur in the grinding of 
any metal, not just steel. This is the generation of surface stresses, 
again the result of momentary heat. The stresses, which are tensile 
in character and in the plane of the surface, can lead to distortion 
if the part is sufficiently thin, and they can also be the forerunners 
of surface cracks, provided the material is hard and fairly brittle. 
Surface stresses and cracks, and methods of detecting and prevent- 
ing them, have been discussed elsewhere (1), (2). 

Grinding burn, it should be noted, has nothing to do with the 
type of burning sometimes experienced when steel is heated so close 
to the melting point in preparation for forging as to cause melting 
of the more fusible constituents, subsurface oxidation, or segregation 
of some of the elements present in the steel. That there are two 
different meanings attached to burn in connection with steel is unfor- 
tunate as this is occasionally confusing; however, one meaning has 
long been accepted in the field of grinding while the other has been 
accepted just as long in the manufacture of steel, and all that 
can be done now is to recognize the existence of the distinct mean- 
ings of the same word. 

From a practical standpoint, grinding burn is injurious only 
when it affects unfavorably the usefulness of the part in subsequent 
processing or under service conditions. Thus soft skin on the cut- 
ting edges of tools, resulting from overtempering in grinding, is 
likely to cause a marked decrease in tool life. Bar ends inadvert- 
ently hardened by improper use of abrasive cut-off wheels may lead 
to tool breakage when the bars are machined afterwards. Burn 
marks in the roots of hardened gear teeth used under extremely 
high loads, as in aircraft engines, may result in premature failure 
of the gears. On the other hand, no harm is done when a relatively 
thick piece of a soft steel like SAE 1020 is burned moderately in 
grinding. Surface stresses are undoubtedly introduced in this in- 
stance but they do not matter, provided they do not distort the piece. 

Many instances of burn, however, are not so simple from the 
standpoint of determining whether or not they injure the ground 
part. In order to be able to make an intelligent decision in the 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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absence of experience with similar parts, it is necessary to perform 
tests simulating service conditions; otherwise, perfectly satisfactory 
parts may be rejected on account of burn, or else badly injured parts 
may pass inspection and lead to trouble in service. 

At present, detailed information is lacking on some of the im- 
portant characteristics of grinding burn in hardened steel and on 
how it can best be detected. The purpose of this paper is to furnish 
as much of this information as is now available so that those engaged 
in grinding hardened steel may be able to correlate more effectively 
the degree of burn in a given part with its effect on the service life 
of the part. In this way, it should be possible to determine in each 
case just how much burn, if any, is permissible. This information 
should also be helpful in studies of how various physical properties 
of hardened steel may be affected by grinding, the severity of which 
can logically be measured in terms of burn depth. 

Practically all of the experimental studies described in this 
paper were performed on high speed steel and on oil hardening 
tool steel, but the results are general enough that they can be safely 
extended to other hardened steels. .Three methods of detecting burn 
are discussed: metallographic examination of microstructural 
changes; microhardness measurements, also in metallographically 
prepared surfaces; and visible changes brought out in ground sur- 
faces by suitable macroetching techniques. No ‘attempt is made to 
include the practical aspects of avoiding burn and of trouble shooting 
as these have been recently covered in another publication (2). 


MICROSTRUCTURAL AND HARDNESS CHANGES IN H1iGH SPEED STEEL 


Heat Treatment—The first type of steel to be discussed will be 
high speed steel because this was subjected to the most complete 
metallographic study to determine the cause of certain macroetching 
peculiarities connected with portions of the surface overtempered 
in grinding. The steel was standard 18-4-1 bar stock, % by % 
inch, containing 0.75% carbon. Specimens % inch thick were 
cut off and surface ground so that the square sides were flat and 
parallel. No attention was paid to the slight surface decarburization 
of the bar, since the edges of the 7% by %-inch surfaces were ignored 
in the various studies conducted on the specimens. 

The pieces were oil-quenched from 2350°F (1290°C) and 
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were then double tempered for 2 hours plus 2 hours at 1050°F 
(565 °C), the resultant hardness being Rockwell C-63. 

Grinding—Ordinarily, microstructural and hardness changes in 
hardened steel associated with grinding burn are extremely shallow, 
extending at most only a few thousandths of an inch or so in depth. 
In order to clarify the exact nature of these changes, the burn effects 
were made to extend to a considerably greater depth than would 
normally be encountered in ordinary grinding practice. This was 
done by intentionally grinding one of the 7% by %-inch surfaces of 
a specimen as abusively as possible. Subsequent comparison with 
specimens burned much less severely showed that the same changes 
occurred under the less drastic conditions, but in a much thinner 
surface layer. 

The grinding was done dry with the periphery of an 8 by %- 
inch 38A180-O11VBE wheel? on a Norton 6 by 18-inch surface 
grinder. The wheel was purposely much too hard and fine according 
to the usual wheel recommendations for grinding hardened steel. 
The wheel speed was 6000 surface feet per minute; the table speed 
was 65 feet per minute; the crossfeed was 50 mils (0.050 inch) ; 
the downfeed was 5 mils per completed crossfeed for a total down- 
feed of 15 mils. The wheel was dressed smooth as for finish grind- 
ing and then it was loaded by grinding some soft steel with it. Ina 
loaded grinding wheel, metal particles fill some of the pores and are 
smeared over some of the abrasive grains, with the result that during 
grinding contact the frictional heat becomes much greater. 

Under these abusive grinding conditions, the specimens of hard- 
ened high speed steel were certain to be deeply burned. Austenitiz- 
ing temperatures were attained to depths of 2 mils over large areas, 
while temperatures that resulted in softening penetrated several 
times as deeply. 


Taper Sectioning—Metallographic taper sections very nearly 
parallel to the severely burned surface were then prepared. Thus 
a ¥-inch length along the taper section might correspond to a 
depth of 5 mils, a hundred-fold mechanical magnification. Tapering 
was done by shimming up, with the appropriate leaves of a dis- 
mantled feeler gage, one end of the specimen on the magnetic chuck 
of the surface grinder. A very soft and free-cutting wheel, like 
32A46-G12VBEP, was used successfully for tapering, the downfeed 

2This is a Norton 38 Alundum wheel (white aluminum oxide), 180-grit size, O grade 


letter, No. 11 structure, vitrified bond of the BE type. The wheel grade or hardness, which 
is a measure of bond strength, increases in alphabetical sequence. 
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being kept small, especially toward the end of the operation. Sensi- 
tive etching techniques to be described later disclosed no evidence 
at all of any tempering during the taper grinding. 

The taper sectioning was discontinued when about a %-inch 
length of the original ground surface remained. The taper sec- 
tion surface was then mechanically polished in the usual manner 
to a metallographic finish. The intersection between the two nearly 
parallel surfaces served as the reference line of zero depth from 
which the depth below the original ground surface of any point in 
the taper section itself could be accurately determined. Thus if the 
mechanical magnification resulting from the taper sectioning was 
100, the distance along the taper section from a given point to the 
reference line, divided by 100, was the depth of that point below the 
original ground surface. 

It should be noted that other experimenters have plated the 
surface to be taper sectioned in order to protect the very edge of 
the taper section from rounding and thus preserve the accuracy of 
the mechanical magnification at the surface. This was done by 
Nelson (3), who was the first to use taper sectioning as an accurate 
experimental technique in his study of the actual contours of various 
surface finishes; and also by Sakmann (4), in his recent study of 
geometrical and metallurgical changes occurring in steel surfaces as 
a result of frictional contact. In the present work, it was possible 
to dispense with plating, since subsurface changes were the object 
of the investigation, while the rounding, if any, was limited to the 
taper section of the grinding scratches. The polished portion of 
the taper section, starting at or near the lower ends of the tapered 
scratches, was very flat, as shown by focussing at & 1500. 

Etching—Various etchants were tried to bring out the burn 
microstructures clearly and reproducibly. The most satisfactory one 
turned out to be acid ferric chloride in alcohol. The following is 
the solution that was used as the standard etchant in this work: 

2 ml cone. HCl 
4 g FeCls-6H2O 
Methyl! alcohol to make 100 ml of reagent. 

For convenience this has been termed 2:4 hyfercal (accent on 
the first syllable), the name being coined by analogy with nital and 
picral. (The first two letters are for hydrochloric acid, the next 
three for ferric, the next one for chloride and the last two for 
alcohol.) The concentrations of the two solutes, given by the two 
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Fig. 2—Microstructure of Severely Burned Area in High Speed Steel. Hyfercal 
etch. X 100. 


numbers, can be varied when necessary. Ethyl alcohol can be sub- 
stituted for methyl. 

In etching, with nital, areas that had been overtempered in grind- 
ing, it was found that the correct etching time to reveal slight traces 
of burn varied a great deal. For a constant etching time, the depth 
to which overtempering appeared to extend, in a severely ground 
piece of hardened steel, depended on the way in which it happened to 
etch that particular time. With hyfercal, on the other hand, the 
results were very reproducible and it was possible to make reliable 
comparisons of burn depth in specimens ground under various 
conditions. 

Both high speed and other steels in the hardened and tempered 
condition etch rapidly in hyfercal, 10 seconds being satisfactory in 
many instances. This is a marked convenience in connection with 
high speed steel, since it has to be etched for several minutes in 
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nital. For etching pearlitic and ferritic structures, hyfercal is gen- 
erally inferior to nital and other etchants. 

As will be shown later, the burn microstructures brought out 
by etching in hyfercal are the same as can be revealed, usually ‘less 
satisfactorily or conveniently, with the etchants commonly used for 
tool steels. 

Typical Burn Microstructures—A taper section of a portion of 
a typical burn streak is shown at 100 in Fig. 2. The top of the 
picture is slightly closer to the original ground surface than is the 
bottom, the vertical magnification resulting from the tapering opera- 
tion alone being about 100. 

The central portion of the burned area was austenitized by 
excessive grinding heat and then transformed, in large part, to white 
martensite. Surrounding this is a region in which the highest tem- 
perature reached momentarily could only soften the steel. This 
dark, overtempered structure gradually changes into the lighter 
colored pre-existing tempered structure of the steel, where the grind- 
ing heat did not penetrate. The difference between the overtempered 
and the original structures is much clearer when the etched surface 
is viewed directly than when magnified. 

To explain the mottled appearance of much of both the rehard- 
ened area and its overtempered rim, it is necessary to go to a con- 
siderably higher magnification. Micrographs of the structures found 
in and near a burn spot are shown in Fig. 3 at 1500 diameters. Fig. 
3a is the normal microstructure of the hardened and tempered steel 
where it was not affected at all by grinding heat. The next micro- 
graph, Fig. 3b, is of an overtempered area in the burn spot. A few 
grains are outlined in white, primarily in the upper portion, and some 
very fine white grain boundaries can also be seen toward the right. 
This is the very edge of the transition structure, which is shown 
much more clearly in Fig. 3c. The white grain boundaries become 
wider as one moves in the direction of higher and higher tempera- 
tures, i.e., to the center of the burn spot. This is evident at the other 
edge of the transition structure, Fig. 3d, where the white bands on 
both sides of the dark grain boundaries gradually lose their band- 
like character and merge into grains of white martensite* containing 
residual dark specks of overtempered martensite. 

This sequence of micrographs establishes the nature of the 
transition microstructure. When a certain maximum temperature 





8For the sake of brevity, the white structure is generally referred to in this paper as 


martensite although it undoubtedly containg-appreciable amounts of retained austenite. 
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Fig. 3—Burn Microstructures in High Speed Steel. Hyfercal etch. X 1500. (a) 
Unaffected by grinding heat. (b) Overtempered structure merging into transition struc- 
ture. (c) Center of transition region. (d) Transition structure merging into almost 
completely rehardened structure. 
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is reached momentarily during grinding contact, the grain boundaries 
begin to austenitize, being more reactive, while the rest of the grain 
remains in the highly overtempered condition. The nucleation and 
growth of the austenite at the grain boundaries is evident, especially 
in Fig. 3c, from the irregular, nodular nature of the white martensite 
boundaries that formed on rapid cooling. Nearer to the center of 
the burn spot, austenitization can progress further from the grain 
boundary, and the less reactive interior of the grain begins to aus- 
tenitize independently, leaving discontinuous patches of the over- 
tempered structure. As the center of the burn spot is approached 
even closer, more and more of the dark-etching, overtempered mar- 
tensite austenitizes, leaving only a relatively few dark specks inside 
the white grains of untempered martensite formed on cooling. If 
the temperature reached has been high enough; there will be com- 
plete austenitization and no dark specks will be found. The burn 
spot, shown in Figs. 2 and 3, did not reach a sufficiently high tem- 
perature for this to happen, but complete austenitization will be 
shown later in connection with a burn spot in another specimen, 

That the white grain boundary bands in the transition region are 
martensite can also be established by tempering experiments. Two 
other specimens of the same steel and burned to the same extent were 
tempered for 1 hour at 800°F (425°C) and 1050°F (565 °C), 
respectively. The microstructures after etching for 10 seconds in 
hyfercal are shown in Fig. 4. The formerly white grain boundary 
bands have been darkened appreciably by the 800 °F tempering, but 
they can still be recognized easily. After the 1050°F treatment, 
however, it requires some effort to locate the rehardened grain 
boundaries, since they have been tempered to almost the same shade 
(upon etching) as the overtempered portions of the grains. 

The completely rehardened portion of a burn spot, when one 
exists, reacts in exactly the same manner to tempering. It is for 
this reason that tempering severely burned high speed steel at 
1050 °F or slightly below helps to overcome at least part of the 
harm caused by excessive grinding heat. Undesirable surface 
stresses accompanying burn are undoubtedly relieved by the tem- 
pering operation, but the principal effect of tempering after grind- 
ing that is severe enough to reharden the surface must be to temper 
the brittle, freshly formed martensite. Overtempered regions, of 
course, cannot be restored to their original hardness in this manner. 

Before leaving the transition structure, it may be well to discuss 
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Fig. 4—Transition Structures in High Speed o After Tempering for 1 Hour. 


Hyfercal etch. X 1500. (a) 800°F. (b) 1050 


briefly its appearance under some other etching conditions that are 
likely to be used. First of all, prolonging the etching time to 15 
seconds in 2:4 hyfercal brings out, as can be seen in Fig. 5a, a 
slightly darkened spotty structure in the white grain boundary bands, 
in keeping with their martensitic nature; the portions remaining 
white, other than the carbide particles, are probably retained aus- 
tenite, but further work would be needed to establish this point, since 
the microstructure is so indistinct and on such a fine scale. The 
softened interiors of the grains have been overetched and do not 
show the details present after the 10-second etch used to obtain 
Fig. 3c. 

Another quick way of clearly revealing the transition structure 
is to use Villela’s etchant for austenitic grain size, which contains 
1 gram picric acid and 5 milliliters hydrochloric acid in 100 milliliters 
alcohol. Fig. 5b illustrates the structure after a 15-second etch. 
This gave excellent contrast although the softened grain interiors 
were overetched in this particular instance. The authors’ preference 
for hyfercal is that it does not stain the fingers as does picric acid. 
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Fig. 5c depicts the structure after 5 minutes in the reagent 
originated by Snyder and Graff for revealing grain size in high speed 
steel, and which consists of 10 milliliters hydrochloric acid and 3 mil- 
liliters nitric acid in 100 milliliters alcohol. The only advantage of 
using hyfercal is that etching with it requires much less time. 

Nital gives unsatisfactory results, as shown in Fig. 5d. It was 
necessary to etch for 15 minutes in 5% nital to bring out the transi- 
tion structure and even then it could be easily overlooked. Much of 
the detail made evident by the other etchants is missing. 

Acicular Microstructures in Rehardened Areas—Another type 
of structure is sometimes found in the rehardened zone of a burn 
spot. This dark-etching acicular martensitic structure, such as is 
shown in Fig. 6a, appears only under extremely severe grinding 
conditions, and then not always. When it does appear, it often 
shades off into lighter and lighter acicular structures, illustrated in 
Figs. 6b and 6c, until it disappears completely on that side of the 
burn spot which was away from the leading edge of the grinding 
wheel. 

In a number of instances, it was found that the rehardened 
areas of alternate burn streaks contained the acicular constituent, 
while the remaining ones did not. The former went about 10% 
deeper below the severely ground surface than did the latter. A 
slight variation of this was observed in one of the specimens ex- 
amined. Here the acicular structure was present in every burn 
streak, but it was dark in alternate ones, and very light in the others ; 
moreover, the dark structure was always in the deeper streaks. In 
still another specimen, the dark and light acicular structures were 
superimposed. 

These acicular structures were attributed at first to a straight- 
forward tempering effect. The leading edge of the wheel, slightly 
rounded by normal wear during grinding, removed most of the stock 
and obviously caused the observed rehardening ; the remaining width 
of the wheel cleaned up the surface in the succeeding passes as the 
work was advanced across the wheel and, it was thought, generated 
enough heat to temper at least some portions of the already rehard- 
ened areas. 

If only a rise in temperature was needed for the formation 
of the acicular structure, then it should have been possible to repro- 
duce it by tempering in a furnace at some appropriate temperature 
a piece known to have been rehardened in grinding. However, at- 
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5 minutes in Snyder and Graff’s etchant. (d) 15 minutes in 5% nital. 
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5—Transition Structures in High Speed Steel, Using Various Etchants. 


(a) 15 seconds in 2:4 hyfercal. (b) 15 seconds in Villela’s etchant. 


(c) 








906 TRANSACTIONS OF THE A. S. M. Vol. 41 





Fig. 6—Acicular Structures Sometimes Found in Close Proximity in Rehardened 
Aseee of High Speed Steel. Hyfercal etch. XX 1500. (a) Dark. (b) Light. (c) Barely 
visible. 


tempts to obtain this acicular structure by such tempering failed 
completely regardless of whether portions of the rehardened areas 
did or did not contain the acicular structure. All that happened 
when such specimens were tempered at various temperatures was 
that the white, rehardened areas became uniformly darkened upon 
etching, the extent of darkening depending on the tempering condi- 
tions. 

Similar results were obtained when some new specimens from the 
same bar of high speed steel were hardened but left in the quenched 
condition, with a Rockwell hardness of C-65. These were then badly 
burned, using the abusive grinding technique previously described. 
Metallographic taper sections again showed the acicular structure in 
the rehardened areas, but no trace of it could be found further below 
the ground surface, where the grinding heat was sufficient only 
to temper the original untempered white martensite formed in the 
oil quench. With increasing distance below the level of the transi- 
tion region, the overtempered and uniformly darkened microstruc- 
ture became progressively lighter etching until the original white 
martensite structure was reached. 

It was thus evident that tempering alone was insufficient to 
produce the observed acicular structure. The possibility was then 
examined that the acicular structure appeared on tempering only in 
those portions of the rehardened zone that had been properly con- 
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ditioned by exposure to a sufficiently high austenitizing temperature 
during grinding contact. Wooding (5) recently showed that the 
higher the austenitizing temperature was for high speed steel, the 
more acicular was its microstructure after tempering. It was certain 
from the closely similar depths of the burn streaks in a taper section, 
some containing the acicular structure and others not, that the aus- 
tenitizing temperatures must have overlapped considerably in these 
streaks. In spite of this, it was not possible to create the acicular 
structure by tempering where it did not already exist. 

Thus the occurrence of the acicular structure could not be ex- 
plained in terms of the austenitizing temperature alone. Since severe 
grinding is known to create high stresses in the surface layers, it 
is quite possible that simultaneous generation of high austenitizing 
temperature and stress are required to condition the rehardened areas 
so that the acicular structure can form on subsequent tempering. 
Another possibility is that the surface must be stressed in a particu- 
lar manner while it is being tempered. Additional experirnents 
would have to be performed to clarify the conditions under which 
the acicular structure is formed in severely burned specimens. 

Hardness Studies—The taper section of one of the severely 
burned specimens of tempered high speed steel was repolished care- 
fully after the center line of a burn streak had been staked out with 
a few 1000-gram indentations on the Tukon Hardness Tester, which 
were deep enough to remain visible after polishing. A row of 100- 
gram Knoop indentations was then made in the polished taper sec- 
tion along the center line of the burn streak, starting near the inter- 
section of the taper section with the ground surface and continuing 
to the opposite edge of the specimen. The indentations were spaced 
0.010 inch apart, corresponding to a depth change of 0.0001 inch or 
100 microinches. 

The depth of an indentation was of the order of 50 microinches 
so that the measured hardness number was actually an average value 
for a layer of somewhat greater thickness. This was of no practical 
importance, since the normal hardness variations even in the un- 
burned portion of the specimen were considerably greater than the 
average change in hardness between two successive indentations in 
the region of the steepest hardness gradient. A large number of 
closely spaced indentations in the taper section were necessary for 
determining the correct location of the average hardness curve. 

Since the burn streak extended the complete length of the speci- 
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men, the taper section gave undistorted mechanical magnification of 
very close to 100. Had the burn pattern consisted of relatively short, 
disconnected, trough-like burn spots, such as are usually found in 
a burned surface, the taper section would most likely not have passed 
through the deepest point of a burn spot and thus the maximum 


Knoop Hardness, 100g Load 
Rockwell C 








Distance Below Ground Surface, Mils 


Fig. 7—Hardness Gradient Down Center of Burn Streak in High Speed Steel 
Resulting From Abusive Grinding. 


depth of rehardening or of softening would have been recorded as 
less than it actually was. 

The hardness curve obtained for one of the severely burned 
specimens of high speed steel is shown in Fig. 7, together with the 
experimental hardness values to indicate the spread that can nor- 
mally be expected. The Rockwell C values corresponding to the 
100-gram Knoop hardness numbers are indicated at the right. These 
were obtained from test blocks of the same steel hardened and tem- 
pered to various hardness levels. The details of the hardness con- 
version studies will be published at a later date. 

The hardness is seen to drop from the original C-62% in the 
interior to a minimum of C-54 and then to rise to C-64 in the re- 
hardened surface layer. Average rather than extreme values are 
listed. As the grinding conditions are made progressively less severe, 
the whole curve may be expected to shift bodily to the left, causing 
first the disappearance of the completely rehardened structure, then 
of the transition structure, until the lowest point of the curve is at 
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Fig. 8—Representative Microstructures of High Speed Steel for Selected Points 
on Hardness Curve of Fig. 7. Hyfercal etch. 500. Depth below ground surface in 
mils (0.001 inch) and Knoop hardness at 100-gram load are listed in that order for 
each micro = (a) Completely rehardened; 0.6; 1030. (b) Rehardened, but with 

y ov 


traces of ba ertempered martensite; 2.2; 970. (c) Transition; 2.5; 910. (d) 
Badly overtempered, but with traces of grain boundary rehardening; 3.3; 7.70. (e) 
Badly overtempered, minimum hardness; 4.1; 690. (f£) Overtempered, but not as 


7 wh - (e); 5.1; 810. (g) Slightly overtempered; 5.7; 890. (h) Unaffected by burn; 


the surface. The maximum drop in hardness from the original 
value would be about the same. A further reduction in grinding 
severity would cause the maximum hardness drop to become less. 
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A variety of burned high speed steel specimens examined by the 
authors have not shown any greater drop in hardness in the soft 
skin than that indicated by Fig. 7. 

After the hardness measurements were completed, the specimen 
was etched in hyfercal and a series of micrographs at 500 was 
made of representative structures along the line of indentations. 
These are shown in Fig. 8. The depth below the ground surface 
given in the caption makes it easy to correlate the microstructures 
with the various portions of the hardness curve of Fig. 7. 

The microstructure of Fig. 8a is of particular interest in that 
it is typical of the rehardened areas found in the most abusively 
ground specimens of high speed steel. The authors have never been 
able to find any traces of eutectic structure, indicative of partial 
melting, in the white martensite. This means that even under far 
more adverse grinding conditions than are normally encountered 
in the grinding of hardened tool steels, the work surface does not 
melt, at least in a layer thick enough to be visible when highly 
magnified. 

Just below the fully austenitized zone, the hardness begins to 
drop off as the austenitization becomes less complete. Microstruc- 
tures similar to those of Figs. 8b and 8c were shown previously at 
a higher magnification in Fig. 3. Fig. 8d shows that the hardness 
does not drop to its minimum value when the structure is badly over- 
tempered, but still contains barely detectable traces of grain bound- 
ary rehardening. 

The remaining micrographs are of the softest region (Fig. 8e) 
followed by progressively less overtempered regions (Figs. 8f and 
8g), and ending with the unaffected steel (Fig. 8h). There is no 
real difference between the microstructures, and even the degree of 
darkening does not change a great deal unless the taper surface is 
viewed directly without magnification. 

As for the dark-etching acicular structure, represented by Fig. 
6a, its average Knoop hardness at a 100-gram load was found to 
be 940. The average hardness of white martensite alone was 1030 


on the same scale. The corresponding Rockwell C values are 62 and 
o4. 


MICROSTRUCTURAL AND HARDNESS CHANGES IN O1L HARDENING 
Toot STEEL 


Abusive Grinding Condttions—Parallel studies were made of 
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severely burned oil-hardening tool steel. Its type analysis was: 
0.90% carbon, 1.25% manganese, 0.50% tungsten, 0.50% chromium. 
Blocks %4 inch thick were cut from 1% by 5%-inch bar stock. They 
were hardened by oil quenching from 1450°F (790°C), and were 
then tempered 1 hour at 350°F (175°C). All specimens of this 
steel, used in the present study, were processed the same way. 


1000 


800 


Knoop Hardness, |00g Load 
Rockwell C 





Distance Below Ground Surface, Mils 


_ Fig. 9—Hardness Gradient Down Center of Burn Streak in 
Oil Hardening Tool Steel Resulting From Abusive Grinding. 


One of these was ground lengthwise on a 1%4 by 5@-inch face 
in the same abusive manner as the high speed steel specimens and 
was then taper sectioned. For convenience in subsequent handling, 
the piece was cut in half so that it was only 34 inch long. The taper 
angle was such that the normal structure of the steel, unaffected by 
burn, was represented in the taper section used in the hardness and 
microstructure studies. The tapering had to be done with a much 
thicker shim than for the high speed steel because the burn effects 
extended to 20 mils below the ground surface. The difference in 
burn depth between the two steels was probably caused by uncon- 
trollable variations in the condition of the wheel face. 

After the taper section was mounted in Bakelite and metallo- 
graphically polished, Knoop hardness indentations at 100-gram load 
were made along the center line of a pronounced burn spot, which 
had been located by: preliminary etching. The hardness data shown 
in Fig. 9 were obtained, then the specimen was etched for 10 seconds 
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Fig. 10—Representative Microstructures of Oil Hardening Tool Steel for Selected 
Points on Hardness Curve of Fig. 9. Hyfercal etch. > 500. Depth below ground 
surface in mils (0.001 inch) and Knoop hardness at 100-gram load are listed in that 
order for each micrograph. (a) Completely rehardened; 3.4; 890. (b) Rehardened, 
but with appreciable amounts of badly overtempered martensite and merging into transi- 
tion structure; 4.3; 800. (c) a overtempered, minimum hardness; 5.3; 520. (d) 
Overtempered; 12.3; 660. (e) Unaffected by burn; 20.4; 770. 


in 2:4 hyfercal and the micrographs of Fig. 10 were prepared. 

The progression of microstructures with increasing depth below 
the ground surface follows in a general way that already shown for 
high speed steel. However, the overtempered structures gradually 
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Fig. 11—Severely Burned Area in Oil Hardening Tool Steel. Nital etch. X 500. 
(a) Transition structure. (b) Acicular structure. 


became lighter with increasing distance from the ground surface, 
while the overtempered high speed steel structures did not differ 
very much from the original tempered structure. The transition 
structure, poorly represented in this series by the lower portion of 
Fig. 10b, is shown far more clearly in Fig. lla. This happened to 
be a different specimen of the same steel, etched for 2 minutes in 
1% nital. This same specimen also contained in the rehardened 
areas a considerable amount of acicular structure, varying from dark 
to light, as can be seen in Fig. 11b. 

To return briefly to the hardness gradient for the burn spot, the 
Knoop hardness dropped from the original 770 to a minimum of 520, 
while rehardening of the surface increased the hardness there to 890. 
The corresponding Rockwell C figures are 60 for the original hard- 
ness, 46 for the minimum, and 64 for the rehardened surface. 

A tentative conversion from Knoop to Rockwell hardness has 
to be used for this steel since the conversion for oil-hardening tool 
steel has been found by preliminary experiments to be somewhat 
different from the conversion for high speed steel. The maximum 
drop in hardness caused by overtempering is seen to be greater for 
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Figs. 12 to 15—Surface Hardness Changes in Oil Hardening Tool Steel Ground 
Correctly With Various Downfeeds. Fig. 12—Moderate softening with 3-mil downfeed. 
Fig. 13—Barely detectable softening with 2-mil downfeed. Fig. 14—No change in 
average hardness with 1-mil downfeed. Fig. 15—-Work hardening with 2-mil downfeed. 


oil-hardening tool steel than for high speed steel, but even so this 
drop is not as large as frequently assumed. 

Normal Grinding Conditions—Other blocks of the same steel 
were ground in accordance with normal commercial practice, rather 
than in the extremely abusive fashion purposely followed up to this 
point so as to obtain the complete range of possible burn microstruc- 
tures. The 180-grit wheel previously used, which was much too 
fine and hard, was replaced by one frequently used in toolrooms for 
surface grinding hardened steels, the complete specifications being 
38A46-I8VBE. It was properly dressed with a sharp diamond so 
that the wheel face was sharp and free-cutting. Downfeeds of 1, 
2 and 3 mils for a total of two successive downfeeds were used in 
various experiments. The other conditions were the same as before: 
dry grinding; crossfeed—50 mils per pass; full table speed—65 feet 
per minute; and wheel speed—6000 surface feet per minute. 

Metallographic taper sections with a mechanical magnification 
of 125 were prepared in the manner already described for the abu- 
sively ground block of the same steel. Knoop hardness indentations 
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were made at 100-gram load along the center lines of burn streaks, 
provided they were present, their location being determined by 
etching. 

With a 3-mil downfeed, which is considered severe for hardened 
steels, a surface layer 0.4 mil thick was softened, as shown by the 
curve in Fig. 12. Proceeding from the unaffected interior toward 
the surface, the Knoop hardness dropped from 780 to 680, corre- 
sponding to a drop from Rockwell C-60 to 56. This was the most 
pronounced softening that could be found in this specimen. 

The corresponding drop in hardness in a burn spot of the speci- 
men ground with a 2-mil downfeed was just barely detectable, as 
shown in Fig. 13. It amounted to a change of only a single point 
on the Rockwell C scale, yet the burn marks could be clearly brought 
out by etching in hyfercal or nital. This shows how sensitive are 
the etching techniques for detecting burn. 

As for the 1-mil downfeed, no burn whatsoever could be de- 
tected by etching, nor was there any drop in the average hardness in 
the immediate vicinity of the ground surface (Fig. 14). 

To return to the piece ground with a 2-mil downfeed, additional 
hardness measurements were made between adjacent burn spots. 
Unexpectedly enough, there was a sharp mecrease in hardness in the 
vicinity of the ground surface, the results being plotted in Fig. 15. 
The taper section was then etched in hyfercal and it was found that 
the Knoop indentations corresponding to the rising portion of the 
hardness curve were not in a thermally rehardened, white martensite 
area, as first suspected, but in an area having the tempered martensite: 
microstructure characteristic of the steel a considerable distance 
below the ground surface. Two such indentations can be seen in 
the micrograph of Fig. 16. All the indentations of Fig. 15 were 
located in exactly the same microstructure. 

The absence of any subsurface softening that would normally be 
associated with surface rehardening is corroboratory evidence that 
something else than thermal hardening is involved. The logical ex- 
planation of the observed hardening is that it is caused by cold work 
arising from the grinding operation. Other instances of this work- 
hardening effect have been observed in hardened and ground high 
speed steel, where this phenomenon was responsible for some initial 
difficulty in the preparation of a conversion table for Knoop hardness 
(at 100-gram load) to the Rockwell C scale. 

Certain peculiarities observed in the hardness curves of Figs. 
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13 and 14 can be explained in terms of this work hardening effect. 
With a 2-mil downfeed, the hardness in a burn spot was slightly 
greater at the surface than just below it although there was no trace 
of thermal rehardening. Evidently the softening, which should in- 
crease as the ground surface is approached, was compensated by the 
work hardening of a very shallow layer, which did not extend deep 
enough to take care of all the softening. When the downfeed was 
only 1 mil, the individual hardness values showed appreciably more 





Fig. 16—Appeardnce of Work-Hardened Tempered Martensite 
in Oil Hardening Tool Steel. Hyfercal etch. x 500. The 
Knoop indentations, from left to right, correspond to the points 
in Fig. 15 for which the hardness numbers are 900 and 955, 
respectively. 


scatter in the vicinity of the surface than at some distance below it, 
although the average hardness was the same. It is probable that 
cold work by grinding was responsible for the increased scatter. 

From a practical standpoint, these curves prove that when proper 
grinding conditions are chosen, even severe grinding, such as a 3-mil 
downfeed, results in relatively little softening; furthermore, this 
softening can be eliminated by going to a somewhat smaller down- 
feed, but one which is still commercially feasible. 

The curves shown earlier in Figs. 7 and 9, where rehardening 
extended to considerable depths, are characteristic of poor grinding 
practice. Although those curves and microstructures were obtained 
by the use of a wheel that was far too hard and fine, and purposely 
loaded in addition, similar undesirable results are sometimes obtained 
with wheels correctly selected for the job but used improperly. As 
soon as the wheel face is permitted to become dull or loaded, any 
rough grinding operation is likely to cause considerable burning of 





Pa 
€ s 








1949 GRINDING BURN IN STEEL 917 





Fig. 17—Severely Burned Area in SAE 1040 Steel. Nital etch. «x 500. (a) 
Residual overtempered structure in rehardened matrix... (b) Transition structure. 





Fig. 18—Residual Overtempered Structure in Rehardened Matrix of 
Burn Spot in High Carbon, High Chromium Steel. Hyfercal etch. X 1500, 
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the surface with the accompanying rehardening and overtempering. 
Important factors in avoiding burn are discussed elsewhere (2) and 
need not be repeated here. 


MICROSTRUCTURAL CHANGES IN OTHER STEELS AND IN CAST [RON 


The various burn microstructures found in hardened 18-4-1 high 
speed steel and oil hardening tool steel are also encountered in other 
types of hardened steels. SAE 1040, 1095, 52100, oil hardening 
high carbon and high chromium, and molybdenum-tungsten high 
speed steels were investigated briefly. Similar microstructural 
changes can be observed in carburized and hardened steels, although 
the changes associated with varying carbon content may mask some 
of the grinding effects and render them more difficult to interpret 
properly. Some typical microstructures are shown in Figs. 17 and 18. 

When the steel is in the soft condition, it is generally impossible 
to harden it even by abusive grinding. Of course, such grinding 
will introduce high tensile stresses in the surface which are likely to 
distort the piece if it is sufficiently thin. However, hardenable steels 
in the soft condition can be hardened when cut improperly with an 
abrasive cutting-off wheel. Enough heat can be developed by such 
an operation, even when it is done wet, to bring the cut surface 
above the transformation range. A section through the cut surface 
will etch white for a distance depending on the severity of the cut, 
while beyond a certain point, it will change to the original, soft 
microstructure. The white martensite layer may contain darkened 
streaks resulting from flashes of tempering heat following hardening. 

Gray iron can be hardened by excessive grinding heat. This 
can happen in surface grinding and not just in an abrasive cut-off 
operation. The light-etching hardened structure can be readily dif- 
ferentiated.in Fig. 19 from the neighboring dark-etching pearlite. 
Knoop hardness measurements proved the light-etching structure to 
be martensite. The greater ease of hardening pearlite in gray iron 
by abusive griding can be ascribed tentatively to the presence of 
graphite flakes, which effectively block the immediate transmission 
of momentary flashes of grinding heat to the more distant portions 
of the metal. This would permit the heat to build up, with the 
result that the temperature reached becomes much higher for the 
same heat input than it would be in steel. 

Attempts to surface harden white cast iron by grinding it in the 
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Fig. 19—Edge of Hardened Area in Burn Spot in Gray Iron. Nital 
etch. 500. 





Fig. 20—Samples of Hardened Steel Burned Slightly When Ground Lengthwise 
as Indicated in the Left-Hand Piece. Burned surface was removed from upper half 
of middle piece by gentle cross grinding. The piece on the right was cross ground 
the same way and was then etched in 10% nital to bring out dark burn marks caused 
by overtempering.  X 1 


same way as the gray iron was ground failed completely. This dif- 
ference in the response to grinding heat is in agreement with the 
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Fig. 21—Similar to Fig. 20 Except That the Pieces Were Burned Much 
More Severely in Grinding So That the Surface Rehardened in Spots, as Shown 
by the White Areas. 


hypothesis that the graphite flakes in gray iron are an important 
factor in the observed hardening of the badly burned areas. 


DETECTION OF BURN BY MACROETCHING 


Overtempering and Rehardening—In heat treated steels, burn 
effects can be readily detected in the absence of any burn color by 
etching the ground surface itself, without any need for metallo- 
graphic examination. The methods to be described first are appli- 
cable to steels other than the high speed variety, which require a 
modified technique to attain satisfactory results. The etching of 
high speed steels will be dealt with separately. 

A 5 or 10% nital etch will often serve to show up burn in a 
ground surface. The pieces of oil hardening tool steel in Fig. 20, 
which had been hardened and tempered, were burned moderately 
when ground lengthwise. The upper half of the piece on the right 
shows that etching for half a minute in 10% nital clearly delineated 
the spots that had become overtempered even though a layer 2 mils 
deep was first removed from the burned surface by gentle cross 
grinding. 


Another set of bars that were ground abusively with a loaded 
wheel to cause serious visible burn and chatter, and were then 
processed as before, are shown in Fig. 21. Rehardened spots, which 
appear white after etching, are present in a dark-etching, over- 
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tempered background ; only the left edge of the bar was not burned, 
and it etched a light gray, a little darker than the rehardened areas. 

When macroetching for burn, nitric acid in water can usually 
be substituted for nital without any ill effects. Only when the 
ground surface happens to wet with difficulty is there any advantage 
in using nital, 

30th the sensitivity and contrast of the macroetch can be im- 
proved considerably by following with an etch in a weak solution of 
hydrochloric acid. A procedure that has been widely used involves 
etching in 5% nital, rinsing, and etching in a 10% solution of hydro- 
chloric acid in alcohol. The best etching time depends on the steel 
but is generally one to several minutes in each of the acids. 

Further improvement in contrast results from changing the 
solvent for hydrochloric acid from alcohol to acetone. The authors 
have found that the best results are obtained with 4% nitric acid 
in water, and 2% hydrochloric acid in acetone. The piece is etched 
for 15 seconds in the first reagent, washed off with hot water, then 
with acetone, and finally etched for 15 seconds in the second reagent. 
This cycle can be repeated once for greater contrast when necessary. 
Sometimes rubbing the surface vigorously after etching in the nitric 
acid and rinsing helps to bring out the burn pattern. 

Whatever etching procedure is followed, once the etching has 
been completed, the piece, if it is to be preserved, is washed and 
then neutralized in some alkaline solution like weak ammonium hy- 
droxide to remove the last traces of acid. It is usually desirable to 
coat the piece with some rust preventive, since the acids are likely to 
make the surface more susceptible to rusting. 

An example of the extreme contrast obtainable with the last 
etching procedure is presented in Fig. 22. The two bars of hard- 
ened and tempered oil hardening tool steel were badly burned on a 
surface grinder by plunging the wheel into the work while the table 
was stationary. The piece on the right was then traverse ground 
to a level slightly below the bottom of the gouged-out portion, leaving 
an apparently undamaged surface. However, the burned structure 
was clearly brought out by etching. Grinding heat had rehardened 
to a considerable depth the whole area in contact with the wheel, 
and had overtempered a narrow rim around this area. 

The moderately dark spots in the white area resulted from a 
slight tempering of the freshly formed white martensite during the 
traverse grinding which removed the visible traces of burn. Since 
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these spots darkened about the same as the unburned portion of 
the block, it can be deduced that the tempering of the white mar- 
tensite that took place was roughly the same as occurred when the 
oil-quenched steel was originally tempered for 1 hour at 350 °F. 
Of course, the traverse grinding operation must have momentarily 
raised the surface temperature in the darkened spots considerably 





Fig. 22—-Samples of Hard Steel Burned Severely by 
Plunging Grinding Wheel While They Were Stationary. 
All traces of burn were carefully ground off the piece 
on the right, which was then etched, as described in 
the text, to bring out metallurgical changes.  X 1. 


higher than this to compensate for the great difference in tempering 
time. 

Another example of the advantage of using hydrochloric acid 
in acetone to sharpen the contrast is furnished by Fig. 23. This is 
a taper section of a block of the same steel that was severely burned 
in a traverse grinding operation. The left end of the specimen is at 
the original, severely ground surface, while the opposite end is 15 
mils below it. The depth of rehardening is readily seen to be close 
to 5 mils, while the softening extends’as deep as 14 mils. 

The concentrations of the etchants used to develop burn marks 
in ground surfaces are sufficiently high to take care of hardened 
steels other than high speed steel. Sometimes, if the surface is un- 
duly rough, it may help to smooth it with fine abrasive cloth. 

Macroetching of High Speed Steel—In order to etch success- 
fully the ground surface of high speed steel burned in grinding, it 
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is necessary to increase the concentration of nitric acid in water to 
10% and to prolong the duration of the etches. Two minutes in 
the nitric acid and 3 minutes in the hydrochloric acid are generally 
sufficient to darken any overtempered areas that may be present; 
rehardened areas show up white in a much shorter time. 

Scratch Burn—When any hardened steel is etched to see if it 
has been burned, it is sometimes found that white scratches or 





Fig. 23—-Taper Section of Severely Burned 
Hard Steel Specimen, Etched, as Described in 
Text, to Show Depths of Rehardening and of 
Softening. X 1. 


groups of them can just be distinguished in the dark, overtempered 
background. There may also be some white, rehardened spots of 
appreciable extent, but this is not necessary for the occurrence of 
the white scratches. 

If a metallographic taper section is prepared through one of 
these scratches, as in Fig. 24, it becomes clear that the bottom of the 
scratch was heated high enough to reharden when it was being cut 
out, presumably by a dull abrasive grain. The heat was concen- 
trated over the width of the scratch and it dissipated almost imme- 
diately into the underlying steel, with the result that only a narrow 
and extremely thin band of material was rehardened. ‘The scratch 
proper appears in greatly exaggerated taper section as a dark, slender, 
out-of-focus groove, ending in and partly surrounded by the white- 
etching constituent. The depth of rehardening can be estimated as 
about 20 microinches. 

Since the ground surface had been previously found to have a 
Profilometer roughness of 30 microinches rms, the actual peak-to- 
valley depth of a scratch like that shown in Fig. 24 was likely to be 
five times as much (6), or 150 microinches. Thus the depth of re- 
hardening of the scratch valley was only a little over 10% of the 
actual scratch depth. The total burn depth, including both reharden- 
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ing and overtempering, was about twice this. Since scratch burn is 
so shallow, even by comparison with scratch depth, it appears most 
unlikely that it has any practical significance from the standpoint of 
injury. 

Nondestructive Nature of Etching Procedure—The detection of 
burn by any of the macroetching procedures that have been described 





Fig. 24—Taper Section Showing Burn in Bottom 
of Grinding Scratch. Nital etch. Vertical magnifi- 
cation (mechanical times optical)— x 31,250; _hori- 
zontal magnification (optical only)—-x 250. 


is, with some exceptions, a nondestructive process. Although etching 
discolors the surface, there is no change in dimensions that can be 
detected with a micrometer caliper. The discoloration can be re- 
moved, if necessary, by any method that leaves a good finish but 
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does not remove any appreciable amount of metal, such as Liquid 
Honing, which consists of blasting with fine abrasive particles sus- 
pended in drops of liquid. 

It has been found that parts inspected for burn by etching are 
frequently more likely to rust at a later date, even though the acid 
has been properly neutralized. This prevents the use of such etching 
as a routine inspection tool in those instances where the parts might 
rust slightly in service and be damaged thereby, an example being 
antifriction bearings. Aside from such special cases, it has been 
found by experience that etching for burn does not affect the useful 
life of the part under service conditions. 

No trouble has been encountered from etch-cracking (1) follow- 
ing the use of 2% hydrochloric acid in acetone, such as can occur 
when a surface severely stressed by grinding is etched in hot 1:1 
hydrochloric acid. Evidently there is insufficient hydrogen embrittle- 
ment, if any, to crack hardened steel when a weak solution of hydro- 
chloric acid in acetone is used for the recommended periods of time. 

Effect of Stress on Etching Results—A piece of soft steel can 
be discolored by severe grinding just as readily as a hard piece. 
When an annealed specimen of SAE 1020 steel was severely burned 
in an attempt to harden it by grinding, a metallographic taper section 
failed to reveal any change whatsoever in the normal annealed 
microstructure. However, direct visual observation of the same 
taper surface showed what appeared to be rows of burn spots which 
gradually disappeared with increasing depth below the burned 
surface. Although a few of the most distinct spots were outlined 
in ink, additional microscopic examination at various magnifications, 
ranging from X 50 to 1500, failed to reveal any difference be- 
tween the microstructures inside and outside the ink marks. 

It was concluded that the spots which could be seen with the 
unaided eye after the surface was etched were regions of high stress. 
This was the logical conclusion, since it was known, from their dis- 
tortion, that high tensile stresses were present in thin strips of the 
same soft steel when they were similarly burned in grinding; fur- 
thermore, it could be expected that highly stressed areas would be 
more reactive than relatively unstressed areas, with the result that 
the former would etch more rapidly and appear relatively dark to 
the eye. 

These stress effects are of negligible importance in most hard- 
ened steels, since the darkening attributable to overtempering is so 
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much more pronounced. In hardened and tempered high speed steels, 
however, the darkening caused by overtempering is much less pro- 
nounced, since it occurs against a background of material that has 
already been tempered at a high temperature. The spots that have 
been burned have also been stressed, and when the surface is etched, 
the darkening resulting from the presence of stresses may be about 
as great as that caused by overtempering. This may lead to a variety 
of shadings in an etched surface of burned high speed steel, which 
are quite confusing and difficult to evaluate properly. 


CONCLUSIONS 


When excessive heat is generated in grinding because of un- 
satisfactory grinding practice or for any other reasons, the momen- 
tary temperature rise in hardened steel may be enough to cause re- 
hardening of a surface layer accompanied by softening of the imme- 
diately adjacent material. Softening can also occur in the absence 
of rehardening. 

Metallographic examination of such a burned surface, especially 
in a taper section, may reveal a progression of microstructures, some 
of which are novel in appearance. A transition structure is often 
found in which grain boundary austenitization has occurred so that 
the dark-etching, highly overtempered grains are delineated by light- 
etching rehardened bands. As the region of complete austenitization 
is approached, the dark-etching grain centers gradually shrink and 
then change to discontinuous dark patches and specks in a white 
matrix. 

The maximum hardness drop observed in the most highly over- 
tempered regions in badly burned high speed steel was from Rockwell 
C-63 to C-54, while the corresponding figures for oil-hardening tool 
steel were C-60 to C-46. 

When grinding is properly conducted, with the wheel face kept 
sharp, there is no rehardening, and softening can be decreased to a 
negligible amount under conditions of fairly rapid stock removal; if 
necessary, all traces of softening can be completely eliminated by 
decreasing the rate of stock removal. Under good grinding con- 
ditions, the hardness of a surface layer a few ten-thousandths of an 
inch thick can be increased appreciably, even in hardened steel, by 
work hardening resulting from the action of the erinting wheel, and 
this may be an advantageous effect. 
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Soft steel can be hardened by an improperly conducted abrasive 
cutting-off operation but generally it cannot be hardened by abusive 
grinding. Gray iron can be hardened much more easily than soft 
steel by abusive grinding. 

Macroetching techniques, nondestructive in character, are avail- 
able for detecting even faint traces of burn in ground surfaces. 
Under some circumstances, grinding stresses can also be detected by 
macroetching. 

From a practical standpoint, only that degree of burn can be 
considered as injurious which affects unfavorably the life of the 
part under service conditions. To eliminate any burn that does not 


affect the service life is likely to increase grinding costs without any 
corresponding benefit. 
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DISCUSSION 


Written Discussion: By Howard E. Boyer, chief metallurgist, Ameri- 
can Bosch Corp., Springfield, Mass. 

Messrs. Tarasov and Lundberg are to be congratulated on their work 
and presentation of the results relative to the injurious effects which may 
be imparted to the surfaces of steel by grinding. 

The authors have proven beyond any doubt that hardened steel, in 
particular, can be seriously injured by unsatisfactory grinding conditions. 
The methods described in this paper for the detection of grinding injury 
are not only of academic interest, but may be used to advantage in man- 
ufacturing operations. No doubt others besides myself have, during the 
past few years, resorted to etching techniques similar to those described 
by the authors for detection of burn on high-precision parts. We have 
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long known that hardness testing machines other than microhardness 
testers are relatively insensitive and are usually of little value for the 
detection of surface characteristics. 

In my opinion the authors have not placed sufficient emphasis upon 
the importance of producing hardened steel parts which are free from 
grinding injury. While it may be true that such injuries can be tolerated 
in. many service requirements it must be remembered that the quality of 
any parts is seriously impaired by grinding injury. 

It has become an accepted fact that most grinding operations tend 
to impart tension stresses to the surfaces irrespective of whether the 
material being ground is hard or soft. Considering this condition as one 
phase and burn as another we have divided burn into two classes which 
we have termed as primary and secondary. We define primary burn as 
that which has heated the surface layers just high enough to result in 
the overtempered condition described by the authors. The term second- 
ary burn we have applied to the condition where.the material has been 
heated to the austenitizing range so that rehardening is affected. 

Either condition is likely to cause serious difficulty in certain types of 
service. Parts which have suffered primary burn possess a soft skin 
which is extremely susceptible to failure from scuffing or galling. Condi- 
tions of this sort usually take place early in the operating life of the part, 
probably due to the fact that if the part does survive the run-in period 
that the soft skin will work harden. Parts which possess surface levers 
of reaustenitized material as affected by secondary burn are readily sus- 
ceptible to spalling under conditions of heavy-duty service, thus decreasing 
the service life and frequently leading investigators astray. Therefore it 
seems obvious that we cannot overemphasize the necessity for adherence 
to good grinding practice in order that we may comply with present day 
engineering requirements. 

Written Discussion: By T. L. Counihan, chief metallurgist, Hyatt 
Bearings Division, General Motors Corp., Harrison, N. J. 

The authors are performing a valuable service to industry in present- 
ing their paper on the “Nature and Detection of Grinding Burn in Steel” 
Dr. Tarasov’s past papers have been most helpful to many of us and we 
trust his work will continue, for there are still many unexplored fields in 
the grinding of metals. 

A “grindability” yardstick would be most welcome. We have the 
end quench test as a measure of hardenability for steels of diverse analy- 
ses. No similar measuring rod is available for evaluating the ease or 
difficulty which may be encountered im grinding steels of different analy- 
ses or heat treatments. 


We know that differences in grinding characteristics exist between 
different steel chemistries and heat treatments. It appears that the addi- 
tion of chromium to steel increases its susceptibility to grinding difficul- 
ties. The only difference between AISI 4620 and AISI 4320 steels, for 
example, is that the latter has 0.40 to 0.60% additional chromium. There 
is experience, however, that 4320 steel carburized and hardened requires 
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more careful grinding than 4620 steel carburized and hardened. AISI 52100 
steel hardened to the same hardness as the carburized 4320 and 4620 steels 
offers the greatest difficulty in grinding of all three analyses. I know of 
no confirmed explanation for these differences in grinding characteristics. 
It is probable that one will try to explain such differences in grinding 
characteristics between carburized and hardened 4320 and 52100 steels as 
due to the dissimilarity in stresses. It is possible that the grinding dif- 
ferences which we try to associate with differences in chemistry, fracture 
grain size, austenite content, microstructure, and heat conductivity are all 
directly connected to variations in stress patterns. 

The main objective in commenting upon today's paper in this manner 
is to emphasize the rather scant knowledge we have on matters that per- 
tain to the relationship between metallurgy and grinding characteristics. 
We are indebted to the authors for furthering knowledge in this direction. 





_ Fig. 25—Carbon Tool Steel Thread Ground in Annealed Con 
dition. Etchant, 2% nital. Microhardness equivalent Rockwell 
C-68 to C-29. x 125. 


Written Discussion: By W. R. Frazer, chief metallurgist, Union 
Twist Drill Co., Athol, Mass. 

We are all aware, through grave experience, that improper selection 
or use of a grinding wheel, whereby it becomes loaded and dull or removes 
too much stock per pass, will disastrously affect the temper of tool steels. 
The authors of this important paper have clearly demonstrated the 
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Fig. 26—Hardened and Tempered 18-4-1 High Speed Steel (Rockwell C-64.5). 
Unetched. Effect of hard glazed wheel vs. soft wheel on microhardness. X 125. 


metallurgical and physical changes that can take place under improper 
grinding conditions. 

The authors show that the extremely rapid heating and cooling of 
the surface immediately in contact with the grinding wheel can develop 
a temperature within the austenitizing range of the steel. The speed of 
reaction is so fast that a zone of transition may be present between the 
rehardened (austenitized) layer and the overtempered area, wherein the 
transformation to austenite starts at the grain boundary and progressively 
transforms the entire grain, thereby showing the kinetics of austenite 
formation. 

The structures shown in this paper confirm our observations regard- 
ing the complex origin of the severe grinding stresses that often result in 
cracks which can cause failure of a cutting tool either during its produc- 
tion or during its subsequent use. We would be interested in learning 
if the authors have observed any relationship between the type of burned 
structure and grinding cracks, either actually produced by the wheel or 
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Fig. 27—Same Specimen as Fig. 26. Etched, 2% nital, 1 minute. X 125. 


by deep etching after burning. In other words, is a rehardening with its 
complex stress conditions more likely to develop cracks than a less 
severely burned but overtempered and softer surface? This question is 
purely academic since either defect is cause for rejection of a cutting tool. 

We would judge from the structure of Fig. 8a that the surface has 
reached a temperature of approximately 2250 °F (1230°C). To strengthen 
the argument that wheel burning is detrimental to the work, it would be 
interesting if the authors would determine the temperature by checking 
the grain size and comparing the structures from pieces of the same bar 
heated to known temperatures by conventional methods. 

In our studies to determine the effect of improper grinding on both 
carbon tool steel and high speed steel, we confirm the authors’ observa- 
tions. In Fig. 25 is shown the hardening produced at the crest of an 
annealed carbon tool steel tap when improperly ground from the solid, 
using thread grinding oil as a coolant but allowing the wheel to become 
dull. The microhardness indentations (Eberbach) show a range from 
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Fig. 28—-Same Specimen as Fig. 27. Etched, 2% nital, 1 
minute. xX 500. 

Fig. 29—-Enlargement of Fig. 28. “Note rehardened surface 
layer and distortion of graims indicating plastic flow during 
grinding. Etched, 2% nital, 1 minute. X 1500. 
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Rockwell C-68 to C-29. In Fig. 26 we show the result of microhardness 
exploration on a plane through a hardened and tempered piece of 18-4-1 
high speed steel (Rockwell C-64.5) that has been ground with different 
wheels on either side of a 60-degree point. From 0.0006 to 0.0045 inch 
below the left-hand surface, the microhardness varied from Rockwell C-61.1 
to C-63.8 and at 0.0067 inch depth, full hardness was attained. The micro- 
hardness impressions on the right-hand side, which was carefully ground, 
reveal no softening up to 0.0005 inch from the surface. 

Fig. 27 shows the etched structure of Fig. 26 at the same magnifica- 
tion. Fig. 28 is a portion of Fig. 27 at a higher magnification, and Fig. 
29 is a part of Fig. 28 at still higher magnification. This shows plastic 
deformation of the grains in the rehardened surface area, which gives 
some indication of the tremendous pressure developed in the grinding 
operation. These structures are similar to those observed by the authors. 

Written Discussion: By E. S. Rowland, research metallurgical engi- 
neer, The Timken Roller Bearing Company, Canton, Ohio, 

The metallurgical literature contains practically no information on 
the effects of grinding on the surface of hardened steel except that con- 
tributed by Dr. Tarasov and his associates. More work 
may lead to a better understanding of the mechanism 
process. 


of this nature 
of the grinding 


We were much interested in the evidence of cold work on the surface 
of the hardened steel when lightly ground. In some experiments with 
hardened SAE 52100, we found that cold-worked areas resisted tempering 
to a considerably greater degree than the unaffected metal. <A_ short 
tempering time in the range of 500 to 600 °F (260 to 315°C) would leave 
the cold-worked areas considerably lighter after a normal etch than the 
unaffected material. The authors might try this 
of cold work. 

Written Discussion: By Charles Nagler, professor of physical metal- 
lurgy, Wayne University, Detroit. 


as additional evidence 


The authors are to be complimented on their fine paper concerned 
with burning in high speed steel and oil hardening tool steel. The fine 
quality of the work is evident in the set of photomicrographs in Fig. 8 
which correlate very well with the hardness gradient curve of Fig. 7. 

In the various burn tests carried out by the investigations on the 
high speed and oil hardening steels, was there any evidence of surface 
cracks to help substantiate the statement (page 907, paragraph 2), “it is 
quite possible that simultaneous generation of high austenitizing tempera- 
ture and stress are required to condition the rehardened areas so that 
acicular structure can form on subsequent tempering” ? 

On finished tools, fabricated from oil hardening and water hardening 
tool steels, finish ground poorly and hot-etched with 50% muriatic acid 
in water at 165 °F, the ground surface has been found to show the pres- 
ence of minute cracks that are not visible to the unaided eye. 

Written Discussion: By R. G. Kennedy, Jr., research metallurgist, 
The Cleveland Twist .Drill Co., Cleveland. 


The authors have contributed several important items to the present 
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meager stock of knowledge pertaining to the subject of grinding burn. 

In our studies of methods of revealing grinding burn, we were inter- 
ested in developing not only an etchant to reveal microstructural changes 
in burned areas but also a macroetchant suitable for use in the grinding 
room. Of the dozen etchants used to reveal grinding burn on tools made 
of the Mo-W type of high speed steel, the three most successful were: 


No.1 5% HNOsin H:O....... 3-min. etch 
: PS Gees és a casas 3-sec. dip 
 } Bee ORE 2 to3 min. 


No.3 Saturated Bromine water—1% to 3 min. 


We supplemented the macroetch test with a careful file test made by 
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Fig. 30—Hardness Tests of a Specimen Burned in Grinding. 


drawing the file in a flat position across the ground surface and compar- 
ing the file hardness obtained in this manner with the file hardness made 
on a cross section of the ground tool where no grinding had been done. 
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This test, when correctly done, is capable of detecting grinding burn 
quite well. 

We have used the Tukon hardness test to good advantage in detect- 
ing grinding burn in cases where it was possible to cut off a cross 
sectional specimen. In such cases we usually plated the specimens with 
a heavy chromium plate and mounted them in bakelite containing fine 





Fig. 31—Transition Structure of Specimen Shown in Fig. 30. Etched, 6% nital. x 2000. 


metallic shot to prevent rounding of the edges in polishing. With such 
a technique we could then make a series of Tukon impressions at 100- 
gram load, starting in the unburned interior and extending within several 
microns of the edge. With a cross sectional specimen there is no danger 
of influencing the Tukon impressions because of hardness variations 
within the depth of penetration of the Tukon indenter. Our hardness 
surveys of cross sectional specimens burned in grinding have not shown 
results in exact agreement with those shown in Fig. 7. Even where 
grinding burn is severe enough to cause austenitizing to an appreciable 
depth, we have not obtained Tukon hardness readings in the rehardened 
area higher than those obtained in the unburned interior. Indeed they 
have been considerably softer in the rehardened area as Fig. 30 illustrates. 

This lower hardness in the rehardened area agrees with Rockwell 
hardness data on the molybdenum-tungsten high speed steel which we 
have assembled. It indicates that the rehardened areas (which we find 
softer) attained a temperature possibly under 2000°F (1095 °C), or if the 
temperature reached as high as 2200°F (1205°C), the very short dura- 
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tion of time in this temperature range did not result in enough solution 
of carbides to attain full hardness. 

On the other hand the authors’ Fig. 7 shows a Rockwell hardness of 
C-64 in the rehardened zone and only C-62.5 in the undisturbed interior. 
The fact that the authors observed an increase in hardness while we have 
observed a decrease in the rehardened areas indicates that the conditions 
under which grinding burn was produced were quite different. Another 
important difference is that we have recorded grinding burn to a depth 
of over 0.025 inch as compared to about 0.007 inch shown in Fig. 7. The 
grinding burn shown in the accompanying figure was observed when 
grinding a slot in a cylindrical specimen, # inch in diameter. In our case 
there was not as much solid metal to carry the heat away from the burned 
area as there was when the authors produced burn in block specimens, 


size % by % by % inch. 

The transition structures showing grain boundary austenitization are 
a most important portion of the authors’ new data. Here is definite 
evidence that the transition starts at the grain boundaries rather than 
in the interior of the grains. The zone in which the transition structures 
are observed is very narrow. It is not difficult to observe in taper- 
ground specimens, but can easily be overlooked in specimens cut and 
polished perpendicular to the burned surface. Fig. 31 shows the transition 

> 


zone of the structure in our Fig. 30, where burning was observed 
to a depth of 0.028 inch. 


Authors’ Reply 


We are glad to have Mr. Boyer emphasize the practical aspects of 
grinding burn, since we purposely mentioned this phase of the subject 
only briefly to avoid repeating material published elsewhere. Our position 
with respect to grinding burn is this: it is harmful only when it affects 
adversely the usefulness of the ground part in service. The purpose of 
this paper is to describe some techniques of studying burn so that a 
metallurgist can proceed to determine for himself just what degree of 
burn may be considered harmful in any given application. 

The proposed use of “primary” and “secondary” to describe burn 
may lead to misunderstanding since these words are likely to be thought 
of as analogous to “major” and “minor”. Actually, “secondary” burn, 
involving rehardening, is likely to be more injurious than “primary” burn, 
involving only softening. We prefer to describe the two degrees of burn 
as overtempering (or softening) burn and rehardening (or sometimes 
hardening) burn. For convenience, we also sometimes refer to them as 
dark and white burn, in accordance with their etching characteristics. 

Mr. Counihan brings up the subjects of grindability and grinding 
sensitivity, which at first glance might appear to be unrelated to burn. 
However, any worthwhile study of these subjects wculd certainly require 
a knowledge of how to detect and measure burn inasmuch as this is a 
measure of actual grinding severity, which is of importance in inter- 
preting grindability and sensitivity from a practical standpoint. 
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It might be well to point out that the term “grindability”’, which 
is now beginning to be used, refers to a particular form of machinability 
and can be considered to be the measure of the ease with which stock 
can be removed by grinding. 

To avoid possible misunderstanding, it is best to exclude the concept 
of grinding sensitivity (or susceptibility to cracking) from that of grind- 
ability. Two steels can have the same resistance to grinding and yet 
differ greatly in their susceptibility to cracking under the same grinding 
conditions. Thus, it is more convenient to have separate terms for two 
distinct grinding characteristics of a steel. 

Studies of grindability and of sensitivity are in progress and it. is 
expected that differences in these characteristics, such as those described 
by Mr. Counihan, will eventually be related to variations in the micro- 
structural condition of the steels. Although no proof exists as yet, 
indirect evidence points to retained austenite as being one of the most 
important factors involved in the sensitivity of steels like 52100. 

Dr. Frazer’s discussion confirms and extends very nicely our findings 
with respect to grinding burn. In particular, he has shown that annealed 
steel can be hardened when threads are ground improperly. This is in 
contrast to our surface grinding experiments, in which we were unable 
to harden annealed steel, even by extremely abusive grinding. The 
geometry of the ground part is responsible for this difference in results. 
In thread grinding, it is more difficult for the heat to escape from the 
vicinity of the ground surface into the interior of the steel than in plain 
surface grinding; hence, a higher temperature can be developed in the 
surface region of a thread. In a recent experiment, in which the surface 
grinding conditions were made even more abusive than previously, we 
succeeded in hardening small areas of annealed 1020 steel. The Knoop 
hardness at 100-gram load was raised to 350 from the normal value of 
about 200. Metallographic examination of the surface indicated that the 
increase in hardness was due not to cold work but rather to the formation 
of a martensitic structure. 

In regard to the relation between the type of microstructure in the 
burned areas and the formation of cracks, it can generally be expected 
that cracking will occur more readily when the surface has been rehard- 
ened than when it has been only overtempered. The reason is that cracking 
is more likely to take places when the momentary surface temperature 
is raised to a higher value. 

This is borne out by experiments on oil-hardened tool steel in which 
the severity of grinding was gradually increased so that more and more 
etch cracks were found after etching the test pieces in cold sulphuric 
acid, indicating a corresponding increase in the magnitude of the surface 
stress introduced by the grinding operation. At the same time, the 
surface overtempering became more pronounced until the momentary 
temperature rise became pronounced enough to cause austenitization and 
consequent rehardening. When the steel happened to be more sensitive 
than that used in the’ foregoing experiment, then increased severity of 
grinding resulted in a corresponding increase in the amount of actual 
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surface cracking observable immediately after grinding. Here again 
there was a correspondence between the amount of cracking and the 
severity of the burn. It should be kept in mind, however, that when 
hardened steel is not sensitive to cracking it can be ground severely 
enough to become rehardened and yet it will not crack at all during 
grinding nor will the surface stresses be high enough to cause etch 
cracks to form. 

The grain size obtained in the rehardened areas of high speed steel 
does not seem to depend on the maximum temperature reached momen- 
tarily. Although no grain size measurements have been made, we have 
never seen any significant difference between the grain size at the center 
of a completely rehardened burn spot, where the highest temperature 
was obviously reached, and the grain size in the transition region, where 
the temperature was just barely high enough to austenitize the grain 
boundaries but not the interior portions of the grains. This point is well 
illustrated by Figs. 8a, b and c. We have also observed that the grain 
size of a rehardened area is essentially the same as that present in the 
regions unaffected by grinding heat. 

All this leads to the conclusion that when austenitization takes place, 
there is no time for any grain growth to occur in the extremely short 
interval that the surface is at a suitably high temperature. The newly 
formed austenite grains have much the same boundaries as were left 
in the martensite when it formed from the austenite existing in the 
hardening furnace. Thus it is net possible to deduce the maximum 
temperature reached in grinding from the grain size of a rehardened area. 

It is worth noting that grinding offers a convenient and rapid method 
of determining the austenitic grain size of hardened and tempered high 
speed steel. All that is necessary is to surface grind the specimen 
abusively enough to cause rehardening and the grain boundaries can be 
brought out without any difficulty by etching for 10 seconds in hyfercal. 

Dr. Rowland’s observations on the response of cold-worked areas in 
hardened steel to subsequent tempering should be kept in mind when 
interpreting the pattern that may be found upon macroetching to detect 
burn in a part that was stress-relieved after grinding. 

Professor Nagler’s question has already been answered in a general 
way in connection with the reply to Dr. Frazer. More specifically, the 
formation of the acicular structure in the rehardened areas may or may 
not be accompanied by surface cracking, depending on the sensitivity of 
the steel. As for the cracks found after etching severely ground tool 
steels in hot 1:1 hydrochloric acid, these may be either actual cracks 
in the surface that have been widened somewhat by the action of the 
acid, or they may be etch cracks which formed only after etching because 
of the presence of high stresses in the ground surface. To distinguish 
between the two possibilities, it is best not to etch in this manner but 
to subject the ground surface to magnetic particle inspection, which will 
reveal only cracks that are already present. 

The results obtained by Mr. Kennedy with burned molybdenum- 
tungsten high speed steel corroborate ours except that his rehardened 
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areas were appreciably softer than the unaffected interior of the steel. 
Insofar as the method of making Knoop indentations is concerned, a 
taper section is just as reliable as a cross section taken perpendicular 
to the ground surface. As was mentioned in the paper, the depth of the 
indentations was extremely small compared to the variation of hardness 
with distance below the ground surface. If there were any effect of the 
underlying material in the taper section of a burned area, the over- 
tempered zone beneath the rehardened portion would tend to bring the 
measured hardness of the rehardened area below its correct value rather 
than to raise it. Thus, the difference between the hardness level of 
the rehardened region in the molybdenum-tungsten high speed steel and 
in our steels cannot be ascribed to differences in the type of section 
used for the Knoop hardness measurements. The difference must then 
be attributed to the way the steels respond to momentary grinding heat 
in the rehardening range. 








SOLDER FLOW TESTER FOR TINPLATE 


By J. J. SpERotTTo 
Abstract 


This paper presents a simple and rapid method for 
comparing the flow of soft solders on sheet metals and is 
particularly adapted to thin sheets such as tinplate. The 
method consists essentially of placing a constant volume 
pellet of solder on a tinplate disk together with an excess 
of flux and heating the disk above the melting point of the 
solder. The extent to which the molten solder spreads out 
on the plate is measured with a planimeter and used for 
comparison. Incorporated in this method is a means for 
preventing distortion or buckling of the sample plate dur- 
ing the heating cycle and, also, provision is made for the 
introduction of an inert gas to reduce oxidation of the 
plate or solder. 


STUDY of the literature yields little information on solder flow 

which can be applied to tinplate used in the can manufacturing 
industry. Most of the experiments were made on metals other than 
tinplate. This dearth of solder flow data on tinplate with different 
grades of solder and fluxes, particularly at the beginning of World 
War II, brought about the need for a rapid method of obtaining this 
information. The methods reported in the literature were not con- 
sidered adaptable to tinplate or were too cumbersome and slow. 


HIsToRY 


Methods previously reported have been based on the measure- 
ment of (a) capillary rise of solder in a hole (1)* and between rods 
or strips (2), (b) the rise of solder on a single strip of plate im- 
mersed in the solder, (c) the contact angle of the solder with the 
plate surface (3), and (d) the spread of solder on a flat surface 
(1), (2), (4), (5), (6). This latter method was considered more 





*The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The author, J. J. Sperotto, is 
associated with the General Research Laboratories, American Can Company, 
Maywood, Illinois. Manuscript received April 21, 1948. 
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Fig. 1—Solder Flow Tester Showing Bell Jar Base Plate, Hot Plate and Specimen 
Lowering Device. 


versatile and capable of rapid and simple operation and was therefore 
selected for refinement and adaptation to our specific needs. 

In the initial experiments it was found that a disk of tinplate 
when heated by a hot plate or other means became warped or dis- 
torted by the heat. Solder flow under such conditions was erratic on 
account of the unequal heating of the plate and the fact that the plate 
surface was not level. This problem led to the development of a hot 
plate which incorporated a vacuum hold-down feature to prevent the 
test plates from buckling and warping while being heated. It was 
also thought desirable to incorporate, in the tester, provision for con- 
trolling atmosphere. 


DESCRIPTION OF THE TESTER 
With the above specifications in mind, the solder flow tester 


shown in Fig. 1 was, constructed consisting of the base plate of a 
large bell jar, hot plate, mechanical lowering device with tinplate 
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Fig. 2—Solder Flow Tester Showing Auxiliary Equipment for Controlling and 
Indicating Temperature of the Hot Plate, Gage, Piping and Bell Jar for Gas Control. 


sample and solder in position to be lowered, and the thermocouple 
lead wires. The electrically heated hot plate has a series of small 
holes in the top. These holes are connected to a source of vacuum 
which can be applied as desired. The holes are located within the 
area covered by the sample tinplate disk, which in this case is 2% 
inches in diameter. In operation, vacuum is applied slightly before 
the tinplate disk with the solder and flux in place is lowered onto the 
hot plate. The force pushing down on the sample plate caused by the 
vacuum underneath prevents the plate from buckling or warping 
while being heated. The disks remain flat after vacuum is released. 
Fig. 2 presents another view of the set-up showing an ammeter and 
variable resistance in series with the heating element of the hot plate 
to control the temperature. A direct-reading temperature indicator 
gives the temperature of the hot plate. The piping sysem, with a com- 
pound gage, permits evacuating the bell jar and introducing an atmos- 
phere of inert gas. 

The solder pellets are prepared by punching out circular disks 
zs inch in diameter and 0.026 inch in thickness from sheet solder by 
means of a two-operation die. This procedure maintains a more con- 
stant volume of solder in the pellets. Variation in the thickness of 
the solder pellet is held within +0.0002 inch by measuring each pellet 
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with a micrometer and discarding those which are not within the 
above limits. 


OPERATION OF THE TESTER 


The operation of the tester consists of placing a sample disk of 
tinplate, with the solder and flux applied onto the lowering device. 
The bell jar is placed on its base and evacuated. Then an atmosphere 
of nitrogen is introduced into the jar and the sample plate is lowered 
onto the heater whose temperature is maintained at 100 °F above the 
liquidus point of the solder being used in the flow test. The solder 
quickly melts and is allowed to flow out to its maximum area before 
the vacuum holding the plate down is released and the tinplate disk is 
raised up from the hot plate. After a series of solder flow samples 
has been run, the flow area of each sample is measured with a 
planimeter, and these measurements are then used as a basis for com- 
paring relative solder flow. 

Although the method does not yield an absolute value of the 
extent of solder flow for a given tinplate, solder and flux, it does serve 
as a convenient means of comparing solder flow for such variables 
as type of plate, solder composition, temperature, and to a limited 
extent, type of flux. In addition, the tester has been found helpful 
in determining whether soldering difficulties encountered on auto- 
matic can-making equipment are the result of tinplates exhibiting 
poor soldering characteristics or of faulty equipment operation. 


DISCUSSION OF RESULTS 


The results obtained in a series of measurements on solder flow 
for a 4% tin, 96% lead solder on several types of plate used in can 
making are given in Table I. Table II lists the results of a similar 





Table I 


Comparative Flow of 4% Tin, 96% Lead Solder on Commercial 
Tinplates and Black Plate 





older Flow Values eneattil in Square Inches 
700 °F (370 SON Renta. Alcohol Flux (1 Ib. Rosin per Gallon Alcohol) 


Black 

Sample 1.25% Hot- 7 43 50 25 Iron 
No. Dipped Plate Elect. Plate Elect. Plate Elect. Plate Plate 
1 0.43 0.42 0.39 0.32 0.13 

2 0.48 0.51 0.50 0.26 0.11 

3 0.54 0.47 0.53 0.29 0.11 

4 0.46 0.41 0.47 0.36 0.13 
Avg. 0.48 0.45 0.47 0.31 0.12 
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Table Il 


Comparative Flow of 40% Tin, 60% Lead Solder on Commercial 
Tinplates and Black Plate 


Solder Flow Values Expressed in Square Inches 
560 °F (290 °C)—Rosin-Alcohol Flux (1 Ib. Rosin per Gallon Alcohol) 


Black 

Sample 1.25# Hot- 75# 50 25 Iron 
No. Dipped Plate Elect. Plate Elect. Plate Elect. Plate Plate 

1 0.79 0.42 0.59 0.24 0.11 

2 0.53 0.38 0.45 0.25 0.14 

3 0.65 0.38 0.44 0.23 0.14 

4 0.75 0.43 0.46 0.31 0.13 
Avg. 0.66 0.13 


0.40 0.49 0.26 


| 


series of measurements using a 40% tin, 60% lead solder. The cor- 
relation between the data given in Tables I and II and commercial 
experience in soldering cans, fabricated from the same tinplates and 
solders, has been found to be sufficiently close to warrant the use 
of this test procedure to determine the probable performance of vari- 
ous solders and plates under factory operating conditions. 

This test procedure has also been used with some success as a 
means of evaluating the relative efficacy of fluxes. The wide varia- 
tions in physical properties of fluxes when heated to soldering tem- 
peratures make this method less reliable in predicting flux perform- 
ance on high speed can-making equipment than is the case when solder 
variables alone are under study. The usefulness of results on fluxes 
is limited by the tendency of certain fluxes to produce irregular solder 
flow pattern due to uneven action of the flux on the heated plate. 
Rosin-alcohol flux gave the most stable flux action of the fluxes tested 
and was therefore chosen as the standard flux for use in evaluating 
the solderability of tinplate. 


CONCLUSIONS 


A method is briefly described for comparing the relative solder 
flow characteristics of various types of tinplate, grades of solder, 
and different fluxes. It is adaptable for use on tinplate and other 
light gage metals. The correlation between the results obtained on 
this tester and the commercial experience in soldering cans is suffi- 
ciently close to allow the use of this test procedure to determine the 


probable performance of tinplate and solder in high speed can manu- 
facturing operations. 
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DISCUSSION 


Written Discussion: By Carl A. Zapffe, consultant, Baltimore. 

In view of the multitude of soldering operations possible with stain- 
less steels, and the great sensitivity of solder on these steels to factors 
causing poor flowability, a natural question is to ask Mr. Sperotto 
whether he intends to extend this promising method to that field. 

Written Discussion: By H. B. Osborn, Jr., technical director, TOCCO 
Division, The Ohio Crankshaft Co., Cleveland. 

I should like to ask the author whether he would care to make any 
comments on the following points: 

1. How does the condition of the surface of the material affect the 
soldering rate? I rather imagine that the stock as received from the mill 
is not too smooth and that there will be wide variation in the type of 
finish. 

2. How does the rate of heating affect the flow of solder? 

3. What is the effect of temperature on the results with various 
fluxes and solders? 

4. Would the same results apply on tin plate which has been proc- 


essed by reflowing with induction heating as with the material referred 
to in this paper? 


Author’s Reply 


Replying to Dr. Zapffe’s question, no solder flow tests have been 
made on stainless steels and none are anticipated. 

Replying to Dr. Osborn’s questions: 

1. Normal temper ‘mill finish variations in commercial deliveries have 
no significant effect on solder flow. There are, however, more subtle 
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characteristics of the steel surface which may be important enough to 
make large differences in solder flow and performance in can making 
operations, irrespective of tin coating weight. The reasons for this 
behavior and the exact nature of the factors responsible are not yet 
adequately understood. 

2. This solder flow tester was designed for constant temperature 
work; therefore, the rate of heating is also constant except for slight 
variations in sample plate thicknesses. However, when the temperature 
is less than 75 to 80°F above the liquidus point of the solder being used, 
the fluidity or mobility of solder is lowered, which in turn reduces the 
spread or flow of solder. Temperatures greater than 100°F above the 
liquidus point do not make any appreciable difference in solder flow. 

3. The effect of temperature on fluxes appears to depend entirely 
upon the physical properties of the fluxes. Those which are extremely 
volatile or whose cleaning and fluxing properties are spent quite rapidly 
produce erratic flow results. This is due to the fact that these fluxes 
have volatilized off or lost their fluxing properties by the time the solder 
pellet melts or starts to flow. 

4. Electrolytically deposited tin which has been melted by induction 
heating, resistance heating, and hot air or radiant heating has been used 
indiscriminately in container manufacture and in our solder flow tests 
without exhibiting significant differences in solderability or solder flow. 
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THE INDIUM-BISMUTH PHASE DIAGRAM 
By E. A. PERETTI AND S. C. CARAPELLA, JR. 


Abstract 


The system, indium-bismuth, has been investigated 
using 65 alloys for thermal, X-ray, and metallographic 
methods of analysis. Thermal data are in substantial 
agreement with those obtained in a recent investigation 
by Henry and Badwick. The presence of a eutectic at 
66.3 weight per cent indium and 72.1°C has been con- 
firmed. A peritectic reaction, gamma -+- liquid s beta, at 
89.0 °C has been detected, which is not in agreement with 
the eutectic proposed by Henry and Badwick in this re- 
gion. Between the gamma phase and pure bismuth, a 
eutectic was established at 33.0 weight per cent indium, 
which is in agreement with the revised diagram of these 
investigators. Four phases were found to exist at room 
temperature. For the first time, the complete course of 
the solidus and the limits of solid solubility of the indium- 
rich phase have been determined (20.5 weight per cent 
bismuth at 72.1°C and 7.1 weight per cent bismuth at 
room temperature). The solid solubility regions of the 
other phases are small. 


T the inception of this work, no knowledge of the system, indium- 
bismuth, was on record. Just recently, Henry and Badwick(1)? 
have reported the findings of their investigation in which they pro- 
pose two eutectic reactions, one occurring at 66 weight per cent 
indium and 72.5 °C and the other at 50 weight per cent and 90 °C, 
and a peritectic reaction Bi-+ liquids y at 110°C. The peritectic 
reaction was later revised (2) to a eutectic reaction. The course 
of the solvus of the alpha (indium-rich) phase was not established. 
Two intermetallic compounds were observed in the vicinity of the 
composition InBi and In,Bi. 
For the present investigation, there were employed thermal 
analysis, X-ray diffraction techniques, and microscopic examinations. 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, E. A. Peretti is 
an associate professor of metallurgy, and S. C. Carapella, Jr., is a teaching 
fellow at the University of Notre Dame. Manuscript received March 26, 1948. 
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Out of the experimental findings, a diagram has been developed, 
Fig. 1, which differs in part from the diagram of Henry and 
Badwick. 


EXPERIMENTAL PROCEDURE 


High purity indium? obtained from the Indium Corporation of 
America and C. P. bismuth? obtained from the J. T. Baker Chemical 
Company were used to prepare. the alloys. Each alloy used for 
thermal analysis weighed 75 grams; twenty-one of them were pre- 
pared by accurately weighing the pure constituents on an analytical 
balance. The remaining alloys were made by diluting with either 
indium or bismuth. With careful technique, melting losses could be 
kept to as low as 2 parts in 300,000. No one alloy was used more 
than three times to make subsequent alloys. Therefore, it is felt 
that the intended composition could be used without chemical analysis. 
The alloying constituents, placed in a pyrex tube and covered with 
mineral oil to minimize oxidation, were melted at 280°C. Stirring 
was carried out by means of a glass rod to insure dissolution of the 
metals. 

Thermal data were obtained using an adaptation of a furnace 
designed to employ the principle described by Smith (3) and the 
improvement of Edmunds (4) for controlling the rate of heat input 
or heat extraction. In this investigation, two concentric iron cylin- 
ders with constantan wires were used for the thermal regulator in- 
stead of the nichrome cylinders and alumel wire as proposed by 
Edmunds. This was found practical since low temperatures were 
involved and iron cylinders are available in a variety of sizes. 
With this apparatus, the heating rate could be controlled to 
almost a constant value, thus making small heat effects discernible. 
To detect phase changes, inverse rate curves were plotted. It was 
advantageous to plot direct rate curves to determine the temperature 
of these reactions. In cases where pronounced supercooling was 
noted, extrapolation of the direct rate curve yielded questionable 
values. For this reason the liquidus temperatures are probably not 
more accurate than + 1°C. Considering the consistency of the tem- 
perature values and the amount of metal involved in the eutectic and 
peritectic reactions, it is believed that these values are accurate to 





2The indium had a guaranteed purity of 99.97% with the following analysis: Cu— 
0.002, Pb—0.006, Sn—0.01, Zn—0.01. The bismuth had the following label analysis: 
S—0.01, Pb 0.005, Cu—0. 005, Ag—0. 01, Fe—0.01, Zn—0.005. 
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Fig. 1—Phase Diagram of the System Indium-Bismuth. 


+0.5°C. The values obtained from thermal investigation with the 
respective alloy compositions are given in Table I and plotted in 
Fig. 1. 

The solidus was located in part by heating curves from alloys 
worked and homogenized for a week at 68°C. It was later found 
satisfactory to record the temperature at which intercrystalline frac- 
ture® occurred for a given alloy, the solidus temperature. This sup- 
plemental test was used since it required small amounts of alloy and 
a shorter annealing period. A 10-gram specimen was used to form a 
strip of the approximate dimensions, 0.025 by 2.50 by 0.75 inches. 
The strip was placed in a Precision Scientific Company furnace, 
which maintains a circulating air atmosphere, under a tensile load of 
approximately 30 grams. Next to the specimen was placed a certified 





8This principle has beén successfully employed by C. E. Homer and H. Plummer (5) 
and F. N. Rhines and W. Pellini (6). 
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Table I 
Thermal Data of the System Indium-Bismuth 
Composition Liquidus Solidus 
Weight % Indium — — 
100.00 156.6 156.6 
98.19 153.0 148.5 
98.00 152.5 147.4 
95.28 147.5 134.4 x 
90.71 139.5 111.5 x 
87.50 131.6 96.7 x 
Ss! RAPES are 94.0 y 
Se oe be ee 93.1 x 
ee lela YY ies 84.5 y 
SR ene Ce 73.8 y 
80.00 110.6 71.8 
72.51 8 72.1 
70.01 82.2 72.1 
67.51 76.0 72.1 
67.00 73.0 72.0 
65.81 73.6 72.0 
63.90 74.0 72.1 
59.98 83.9 72.1 
56.32 87.0 72.1 
53.75 89.6 72.1 
52.35 89.5 89.5 
50.00 93.0 89.0 
47.51 94.6 88.9 
45.17 99.7 88.9 
42.50 103.8 88.5 
39.91 106.2 88.4 
37.50 109.1 88.6 
DE os - Re 110.0 
ee ae Oe ee 109.7 
29.93 127.5 109.0 
25.00 154.3 109.7 
Do oS 5 a ee 109.2 
9.99 225.3 108.9 
4.95 248.6 108.9 
2.00 262.3 107 .6 
0.99 266.9 105.1 
100.0 Bi 271.0 271.0 


x = Heating curves. 
y = Tension-fracture temperature. 





thermometer which recorded the temperature of fracture. The tem- 
perature of the furnace in the vicinity of the fracture was changed 
1 °C every five minutes, thus obtaining an effective heating rate of 
0.2 °C per minute. Values obtained by this method, compared with 
temperatures obtained for the solidus in heating and the value ob- 
tained for a eutectic alloy on cooling, checked within + 1.0°C. 
These values are incorporated in Table I and Fig. 1. 

X-ray diffraction analyses were used to establish the limits of 
the alpha, beta and gamma phases. 

To determine the solid solubility range of the alpha (indium- 
rich) phase in the vicinity of the eutectic temperature, X-ray slivers 
of a series of alloys were homogenized at 68 °C and water-quenched. 
Debye photograms were taken since the symmetrical back-reflection 
focusing camera patterns yielded broad and weak reflections, which 
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can probably be attributed to the thermal factor in low melting point 
metals and the camera geometry. Photograms were taken using 
cobalt K~alpha radiation (7). Cohen’s method (8) was used for 
lattice constant calculations. The error in lattice constant computa- 
tions was one part in 4500. Values obtained for lattice constant 


evaluations are given in Table II, and the axial ratios are plotted 
in Fig. 2. 


110 


Cy, 1.08 


LO7 


O06 


1iOoO0 99 ; 98 97 96 95 94 
Atomic Per Cent Indium 
Fig. 2—The Change in Axial Ratio as a Function of the Bismuth Content. 


In view of the value obtained from the thermal data for the 
solubility of bismuth in indium, see Fig. 1, and the fact that a 
quenched alloy did not show any further change in lattice constant 
after three months at room temperature, the value obtained, Fig. 2, 
of the 7.1 weight per cent bismuth alloy does not depict the upper 
temperature solubility. It is believed that the alloys in this region 





Table Il 
Lattice Constants for the Indium-Rich Alloys 

Atomic % Weight % 

Indium Indium Co ao Co/ao 
100.00 100.00 4.938 4.590 1.076 
98.88 97.99 4.956 4.589 1.080 
97.21 95.00 4.985 4.588 1.086 
95.95 92.94 5.006 4.588 1.091 


94.21 89.88 5.007 4.589 1.091 
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transform at a rapid rate, and the value obtained represents room 
temperature equilibrium, instead of that at 68°C. The same situa- 
tion has been encountered in the indium-tin system (9). 

Since the crystal structure of the beta and gamma phases were 
not identified, the solubilities of these entities were established, 
though not very accurately, by observing the change in interplanar 
spacing as a function of composition. Alloys were prepared in inter- 
vals of one per cent in the vicinity of the respective compounds. 
Filings made of these alloys were placed in a vial, evacuated, sealed 
and annealed for three days. After furnace cooling the specimens, 
X-ray patterns were taken using a symmetrical, back-reflection focus- 
ing camera and cobalt radiation. In this manner the solubility range 
for beta was placed between 52.5 and 53.5+0.5 weight per cent 
indium. The gamma phase exhibits no measurable change in inter- 
planar spacing. 

A satisfactory procedure for preparing alloys for metallographic 
examination consisted of filing a flat surface, rough grinding on 220, 
400 and 600 abrasive papers using a solution of kerosene and par- 
affin, rough polishing on a canvas cloth using aloxite and liquid soap, 
then on a kitten’s-ear cloth using a paste of Linde powder and liquid 
soap. Final polishing was done on a Gamal cloth using Gamal abra- 
sive and free application of the liquid soap. Etching was generally 
done with Vilella’s reagent. For identification of the alpha and 
gamma phases, a chromate solution was used which was found by 
Rhines (10) to work well with the indium-zine alloys. Character- 
istic photomicrographs are presented in Figs. 3 to 15. 


DISCUSSION OF RESULTS 


In general, the thermal data obtained for the liquidus are in 
good agreement with those of Henry and Badwick. A more complete 
investigation was undertaken in the critical regions. For the first 
time, the solvus and the entire solidus of the indium-rich phase have 
been located, and a peritectic reaction has been established. 

By means of thermal analysis the maximum solubility of bismuth 
in indium has been fixed at 20.5 weight per cent bismuth. X-ray 
diffraction analysis established the room temperature solubility at 
7.1 weight per cent. 

Photomicrographs of the alloys in the pure indium to beta region 
are shown in Figs. 3 to 8. In Fig. 5, large amounts of the beta phase 
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u Fig. 3—Pure Indium. Etched electrolytically. %< 100. (2 parts methyl alcohol, 1 
part concentrated HNOs.) 


Fig. 4—85.0% Indium. Alpha plus beta. Vilella’s reagent. > 125. 
Fig. 5—67.0% Indium. Alpha and eutectic. Chromate reagent. X 100. 
Fig. 6—66.3% Indium. Eutectic. Vilella’s reagent. > 250. 
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Fig. 7—60.0% Indium. Beta plus eutectic. Chromate reagent. X 75. 
Fig. 8—52.35% Indium. Beta plus gamma. Vilella’s reagent. XX 75. 
Fig. 9—42.5% Indium. 


Fig. 10—42.5% Indium. Beta plus gamma (homogenized at 88 °C for 2 weeks). 


Vilella’s reagent. 


Te 


Beta plus gamma (slowly cooled). Vilella’s reagent. X 75. 
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Fig. 11—35.45% Indium. Gamma plus bismuth precipitate. 
Fig. 12—34.2% Indium. Gamma plus eutectic. 
Fig. 13—33.0% Indium. Eutectic (gamma plus bismuth). 
Fig. 14—12.8% Indium. Bismuth plus eutectic. 


Vilella’s reagent. 


Vilella’s reagent. 


Vilella’s reagent. 


Vilella’s reagent. 


xX 75. 


x 125. 


X< 175. 
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Fig. 15—Pure Bismuth. Cast against smooth surface. XX 75. 


have precipitated in the primary alpha dendrites, resulting from the 
decrease in solubility as a function of temperature. The eutectic 
composition in this region has been accurately established by metal- 
lographic and thermal means at 66.3 + 0.1 weight per cent indium. 
This value is in good agreement with that observed by the previous 
investigators (66%). 

A peritectic reaction has been established in the region between 
53.5 weight per cent indium and the gamma phase at 89°C on the 
basis of metallographic and thermal data. Badwick and Henry have 
proposed a eutectic at the fifty weight per cent composition. Careful 
investigations in this region do not substantiate the presence of a 
eutectic. Metallographic examination of the In,Bi composition, 
Fig. 8, exhibits the presence of gamma dendrites which precludes the 
existence of the proposed eutectic. The photomicrograph of the 42.5 
weight per cent indium alloy, Fig. 9, shows a definite peritectic rim. 
After maintaining this alloy at a temperature of 88 °C for two weeks, 
the reaction went to completion. This is illustrated in Fig. 10. 

Although the limits of the gamma phase could not be established 
by means of X-ray measurements, they have been indicated in Fig. 1 
on the basis of metallographic examination. Alloys containing pri- 

















1949 INDIUM-BISMUTH PHASE DIAGRAM 957 


mary gamma and eutectic exhibit a bismuth-rich precipitate along the 
crystallographic planes, Figs. 11 and 12. On the other hand, alloys 
in this area whose indium content exceed 35.45 weight per cent 
indium did not show any precipitate. In the gamma to bismuth 
region, the eutectic composition has been established at 33.0 weight 
per cent indium and 109.5 °C, which is in corroboration with the 
revised diagram of Henry and Badwick. 


SUMMARY 


The present investigation has accurately established two eutec- 
tics, one at 66.3 weight per cent indium and 72.1 °C and the other 
at 33.0 weight per cent indium and 109.5°C. A peritectic reaction 
has been established : 


gamma plus liquid < beta, at 89 °C. 
The liquid and solid solubility of the alpha phase have been 
completely determined for the first time. 
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DISCUSSION 


Written Discussion: By O. H. Henry, professor of metallurgical engi- 
neering, and E. L. Badwick, graduate student, Polytechnic Institute of 
Brooklyn, Brooklyn, N. Y. 

It is gratifying to have one’s results of an investigation checked by 
those of others, especially when the latter have been very thorough in 
their work as evidenced by the work of Dr. Peretti and Mr. Carapella. 
The only point in difference is the existence of a eutectic or a peritectic 
in the region between the beta and gamma phases at 89°C. During the 
presentation of our paper on bismuth-indium, we stated that the eutectic 
should rightly be a peritectic, and we quote from the discussion by Dr. 
Rhines, “I am inclined to think also that the proposal that the reaction 
at the composition of Bilnz should be a peritectic is right on the basis of 
micrographs, for the photographs appear rather characteristic of a peri- 
tectic structure.” However, the diagram was drawn with a eutectic 
instead, based upon the experimental cooling curves obtained. Three 
different melts of the alloy, 50% bismuth —- 50% indium, were prepared, and 
each time the results were the same, namely: melting and freezing of 
the alloys at 90.2°C. Why there should be a discrepancy, we honestly 
do not know. 

We should like to know if the authors actually determined the melting 
point of indium as 156.6 °C, since there is a slight disagreement.® 

It is felt that the table and the photomicrographs should have been 
recorded. in weight per cent bismuth to conform with that of the diagram. 
This would facilitate comparing the points on the diagram with that of the 
table and the photomicrographs. 

Written Discussion: By M. Hansen, associate professor of physical 
metallurgy, Department of Metallurgical Engineering, Illinois Institute 
of Technology, Chicago. 

I would like to offer some comments concerning the microstructure 
given in Figs. 11 to 13 of the paper. Thermal analysis has shown that 
the maximum melting point of the composition Biln is only very slightly 


‘F. N. Rhines, discussion of ‘‘The Constitution of the Bismuth-Indium System,” by 
O. H. Henry and E. L. Badwick, Metals Technology, Vol. 14, No. 5, T.P. 2222, 1947, p. 23. 


_ SF. N. Rhines, W. M. Urquhart and H. R. Hoge, “Constitution of the System Indium- 
Tin,” discussion, Transactions, American Society for Metals, Vol. 39, 1947, p. 711. 
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above the temperature of the eutectic between Biln or gamma and bis- 
muth and that the concentration of this eutectic lies close to the compo- 
sition Biln. As a consequence, we might expect that there will be no well- 
defined eutectic but a more or less degenerated eutectic structure, as is 
the case in many other binary systems of a similar constitution. In other 
words, the gamma crystals solidifying during the eutectic crystallization 
join the primary gamma crystals, leaving behind the bismuth melt which 
solidifies simultaneously but separately. And this is what is observed, as 
shown by Fig. 13 as well as Figs. 12 and 11. Otherwise, the microstruc- 
ture of the alloy with 34.2% indium (Fig. 12) would show nearly equal 
amounts of primary gamma and eutectic areas because 34.2% indium lies 
nearly halfway between the compound and the eutectic. According to 
the lever rule, the alloy with 34.2% indium consists of 96.5% gamma and 
3.5% bismuth, which seems to be in accordance with the structure given in 
Fig. 12. 

I do not agree with the authors that the minute bismuth crystals 
shown in Fig. 11 are due to a decomposition in the solid state. These tiny 
bismuth crystals have been separated from the melt in such a way that 
after the dendritic crystallization of gamma, the remaining melt enriched 
in bismuth and solidified is a degenerated eutectic at practically the same 
temperature as the primary gamma crystals. The fact that the bismuth 
crystals are located within the gamma grains does not contradict this 
interpretation. Similar structures are known from other systems and 
also from single crystals of zinc-cadmium and zinc-tin alloys which con- 
sist of alternate layers of these metals or solid solutions, respectively. 

The composition of the alloy of Fig. 11 is given as that of the com- 
pound Biln. This cannot be true because the structure then should be 
homogeneous as shown in the diagram. It must be concluded, therefore, 
that the indium content of the alloy of Fig. 11 is slightly smaller. In such 
an alloy, with say 0.1 or 0.2% indium less than that of the compound, we 
have to expect a structure as shown by Fig. 11 which consists of alter- 
nate layers of gamma and bismuth. (If the composition of the alloy 
given in Fig. 11 would be, for instance, 35.27% indium, the amount of bis- 
muth crystals would be about 0.5%.) As the authors state, the alloys 
have not been analyzed. 

If these bismuth particles would be formed by precipitation in the 
solid state, they should also be present in the alloy of eutectit composition 
which is, however, not the case, as shown by Fig. 13. I hereby assume 
that the treatment of these samples has been the same. 

The microstructure of the alloy with 12.8% indium given in Fig. 14 is 
rather unusual. Here we have primary crystals of bismuth surrounded 
by gamma crystals and also areas of a eutectic arrangement of the con- 
stituents. This structure is also due to the fact that the composition of the 
eutectic lies close to that of the compound and due chiefly to a higher 
tendency of the compound to crystallize as compared with that of bis- 
muth. The magnification of this photomicrograph seems to be too high 
in order to be able to*draw conclusions as to the relative amounts of both 
phases which should be about 36% gamma and 64% bismuth. 
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I would like to add 2 suggestions: (1) The composition of the alloys 
investigated is given in Table I as well as in the text by weight per cent 
indium. In the diagram, however, it is given as weight per cent bismuth. 
It would be more convenient to use the same designation throughout the 
whole paper. And (2) I would like to suggest for greater convenience to 
give the composition also in atomic per cent in the table as well as the 
diagram so that the reader is able to draw the diagram in atomic per cent 
without any trouble. 


Authors’ Reply 


The authors wish to express their appreciation to those who have 
contributed discussion to this paper. We can appreciate the fact that 
Professor Henry and Mr. Badwick failed to obtain two arrest points in 
the thermal curves for the 50% alloy. We also were unable to observe 
the upper arrest point for this composition until we started using the 
Smith apparatus. We did determine the melting point of indium by means 
of a calibrated thermocouple and a certified Bureau of Standards ther- 
mometer and were unable to check exactly the value given by Messrs. 
Henry and Badwick. 

Professor Hansen’s point regarding the bismuth-gamma eutectic is 
well taken, and it may well be that the freezing takes place as he suggests. 
However, the relative proportion of the two phases in Fig. 12 would also 
be observed with our interpretation, particularly if the gamma region is 
wide at the eutectic temperature. 
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DILATOMETRIC EFFECTS OF HARDENING AND 
RECRYSTALLIZATION IN THE 60 COPPER - 
20 NICKEL - 20 MANGANESE ALLOY 


By C. H. Samans, C. C. Brayton, H. L. DRAKE 
AND L. LITCHFIELD 


Abstract 


Using the Chevenard differential method, dilato- 
metric studies were made up to 800°C (1475°F) on 
specimens of the 60 copper—20 mnickel=20 manganese 
alloy after various thermal and mechanical treatments. 
The nature of discontinuities found in instantaneous co- 
efficient of thermal expansion versus temperature curves 
was investigated further by electrical resistance measure- 
ments up to 620°C (1150 °F), and by Rockwell C hard- 
ness measurements after heating for constant short times 
over the entire range of temperatures or for varying times 
at several constant temperatures. Metallographic evi- 
dence also is presented. 

These discontinuities are explained satisfactorily on 
the assumption of the successive formation in the stable 
solid solution, with increasing temperature, of (a) a low 
temperature, ordered face-centered tetragonal structure, 
the most compact; (b) an orthorhombic structure, some- 
what less compact; and (c) a high temperature, disor- 
dered solid solution, all of copper in MnNi. The hard- 
ening is attributed to the effect of the face-centered 
tetragonal structure, and the minimum conductivity to a 
balance between the orthorhombic structure and the con- 
centration change in the solid solution. The effect of 
cold work is to decrease the tendency toward ordering 
and so to cause the hardening to take place at a higher 
temperature than in the unworked alloy, after recovery 
| has removed some of the effects of the deformation. The 
: temperature of most rapid recrystallization is shown to be 
about 525°C (980°F) and to follow, at least approxi- 
. mately, the temperature of disordering or re-solution. 





P A paper presented before the Thirtieth Annual Convention of the Society, 

. held in Philadelphia, October 23 to 29, 1948. Of the authors, C. H. Samans 

is chief, and C. C. Brayton, L. Litchfield and H. L. Drake are technical assist- 

ants, Metallurgical Section, Research Laboratory, American Optical Company, 
Southbridge, Mass. Manuscript received April 17, 1948. 
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INTRODUCTION 


HE hardening characteristics of the 60 copper — 20 nickel — 20 

manganese alloy were described first by Dean and his co-workers 
(1), (2), (3), (4).2. Since that time the alloy has become available 
commercially. The present paper correlates the results of dilato- 
metric, electrical resistance, and hardness tests made upon the com- 
mercial alloy, and offers an explanation for the effects noted. 


SPECIMEN TREATMENT AND TEST PROCEDURE 


The material used was secured from Driver-Harris Company in 
the form of 0.250-inch diameter soft wire which analyzed 59.4% 
copper, 19.8% nickel, 20.8% manganese. This wire was subjected 
to the following treatments to secure specimens for study: 

(a) roll through grooved rolls to 0.159 inch square (reduction 

in area of 59.5%) ; and 

(b) anneal 30 minutes at 595 °C (1100 °F), water quench, and 

flat roll to 0.0625 inch (reduction in thickness of 61%) ; or 

(c) anneal 30 minutes at 595°C (1100°F), water quench, 

draw to 0.1305 inch diameter, anneal 30 minutes at 595 °C 
(1100 °F), water quench, and draw to 0.115, 0.101, or 
0.090 inch diameter (reductions in area of 22.5, 40, or 
52.5%). 

Dilatometric studies were made on a Chevenard differential 
dilatometer using a Pyros standard, the head of normal sensitivity 
(magnification: >< 278), and a heating rate of about 8.7 °C 
(15.7°F) per minute. The tangents to the photographically re- 
corded curves were measured at suitable intervals (usually 25 °C or 
less) and. the instantaneous coefficients of thermal e¢xpansion com- 
puted from the known constants of the instrument. The results of 
these computations for all tangent angles already had been tabulated 
by E. D. Tillyer, A. E. Glancy and J. K. Davis for the constants of 
the dilatometer used, so this usually laborious portion of the work 
was simplified greatly. 

Electrical resistance measurements were made by heating a coil 
of wire in a nichrome-wound furnace and measuring resistance with 
a Wheatstone bridge circuit. No atmosphere control was used. 

Rockwell hardness measurements were made on both the C and 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Temperature °F Temperature °F 
O 400 800 1200 _ 1600 0 400 800 1200 


Differential Expansion 
Instantaneous Coefficient of 
Thermal Expansion per °C x 10® 





O 200 400 600 - 800 O 200 400 600 800 
Temperature °C Temperature °C 


Fig. la (Left)—Differential Expansion Curves After Quenching From 
Various Pretreating Temperatures. The zero points have been separated for 
clarity. 

Fig. 1b (Right)—Instantaneous Coefficient of Thermal Expansion Vs. Tem- 
perature Curves After Quenching From Various Pretreating Temperatures. 
Heating rate 8.7 °C (15.7 °F) per minute. 


B scales. Both are shown on one of the graphs by adjusting the 
scale suitably for the B readings, but usually only the C readings are 
given. 


DILATOMETRIC RESULTS 


Differential expansion curves for a series of specimens obtained 
by water quenching the 0.159-inch square rod after a 1-hour anneal 
at 595, 635, 675, 730 or 900 °C (1100, 1175, 1250, 1350 or 1650 °F) 
are shown in Fig. la. The derived instantaneous coefficients of ther- 
mal expansion are plotted against temperature in Fig. 1b. 

It will be seen at once that, although these curves are similar, 
there are certain differences between them as far as the development 
of the “hills” at about 150, 350 and 470 °C (300, 660 and 880 °F), 
and the “valleys” at about 225 and 575°C (440 and 1070°F) are 
concerned. The possible significance of some of these differences, 
particularly at higher temperatures, was not investigated thoroughly, 
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since it was found that specimens cooled from any temperature above 
595 °C (1100 °F) seemed to respond to subsequent heat treatment 
in a similar manner, and this was the principal point being investi- 
gated. . 

The cooling curves of all these specimens were nearly the same, 
so the plot of instantaneous coefficient of thermal expansion (taken 
during cooling) versus temperature in Fig. 2 is typical. A hypo- 


Temperature °F 
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Temperature °C 


Coefficient of Thermal Expansion per °Cxlo® 
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Fig. 2—Instantaneous Coefficient of 
Thermal Expansion Vs. Temperature Curve 
Typical of the Cooling Curves in Fig. la. 
The differences between the actual and the 
hypothetical (dotted) expansion coefficient 
curve have been plotted below to show the 
nature of the curve for the reaction alone. 


thetical “true’’ curve also is shown (dotted) and the differences 
between it and the actual curve have been plotted below to illustrate 
the effect of the reaction alone. It will be noted also that the “hills” 
found in the heating curve apparently do not occur in the cooling 
curve, although the “valleys” do. 

After all the other curves had been obtained, a rebuilding of the 
dilatometer furnace controls permitted runs to be made with a heating 
rate of only 0.8°C (1.4°F) per minute, less than one-tenth of that 
used previously. Curves taken under both conditions are compared 
in Fig. 3 for specimens either water-quenched or furnace-cooled from 
900 °C (1650 °F). In addition to making the various discontinuities 
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Fig. 3—Comparison of Instantaneous Coefficient of Thermal Expan 


sion Vs. Temperature Curves for Previously Quenched (Left) and 
Furnace-Cooled (Right) Specimens Taken With Heating Rates of 8.7 °C 
(15.7 °F) Per Minute and 0.8 °C (1.4 °F) Per Minute. 


noted before more pronounced, the slower rate has brought out a 
new and very pronounced peak at 510°C (950°F). The furnace- 
cooled specimen, furthermore, no longer has the hill found in the 
water-quenched specimen at about 150 °C (300 °F), and has its first 
peak at about 440°C (825°F) just as in both the slowly heated 
runs but about 50°C (90°F) lower than for the normally heated 
water-quenched specimen. Because of this, it would seem probable 
that, in the normally heated water-quenched specimen, the 490 °C 
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Temperature ° F Temperature ° F 
O 400 800 _ 1200 Oo 400 800 1200 





Differential Expansion 
instantaneous Coefficient of 


Thermal Expansion per °C x10® 





O 200 400 600 800 0; 200 400 600 800 
Temperature °C Temperature °C 


Fig. 4a (Left)—Differential Expansion Curves After Cold Working to Re- 
ductions of 0, 22.5, 40, 52.5, or 59.5%. The 59.5% reduction was obtained by 
square rolling to size, the rest by cold drawing. The zero points have been 
separated for clarity. 5, 

Fig. 4b (Right)—Instantaneous Coefficient of Thermal Expansion Vs. Tem- 
perature Curves After Cold Working. Heating rate 8.7°C (15.7 °F) per 
minute. 


(915 °F) peak is the result of some combination of the two observed 
in the slowly heated run, whereas in the normally heated furnace- 
cooled specimen only the first of them appears. This same factor 
probably is responsible for the single peak found in the cooling curve, 
Fig. 2. 

In order to determine what changes were introduced into the 
curves by cold working, the series of cold drawn wire specimens was 
run, again at the 8.7 °C (15.7 °F )-per-minute heating rate. The 
resulting differential expansion and expansion coefficient versus 
temperature curves are shown in Fig. 4. The major effects of the 
cold working are either to introduce or to accentuate (a) the peak 
at about 175°C (350°F), (b) a peak at 300°C (570°F), (c) a 
valley at 375 °C (705 °F), (d) a valley at 550 to 600°C (1020 to 
1110 °F), and (e) a peak at 600 to 650°C (1110 to 1200°F). In 
addition, it will be noted that the principal peak, which occurred at 
about 475 °C (885 °F) in the quenched specimens, now occurs about 
50 °C (90 °F) higher at 525 °C (975 °F) in the cold-worked speci- 
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mens. This is approximately 100°C (180°F) higher than it 
occurred in the furnace-cooled specimen, Fig. 3. 

The dilatometric results, as judged by discontinuities in instan- 
taneous coefficient of thermal expansion versus temperature curves, 
may be summarized in Table I. 








Table I 
Pretreatment Heating Rate —————— Peaks (°C) ———_—_., 

Quenched from 
595 °C (1100 °F) 
or higher 8.7 °C/min 100-175 350-500 475-500 700 
900 °C (1650 °F) 0.8 °C/min 125 350-400 430 510 
Furnace-cooled 
from 
900 °C (1650 °F) 8.7 °C/min 450 

0.8 °C/min 250-275 440 510 740 
Cold-worked 
22.5-59.5% 8.7 °C/min 175 300-320 525 600-650 
Cooling curve 430 





SOFTENING AND HARDENING CHARACTERISTICS DURING 
HEAT TREATMENT 


From a practical viewpoint, two characteristics are of greatest 
importance as far as the reactions of this alloy to heat treatment are 
concerned : 

(a) its softening characteristics, for purposes of annealing pre- 

paratory to further working; and 

(b) its hardening characteristics during aging treatments at 

constant temperature. 

The first of these was investigated by taking the 0.0625-inch 
thick material, both after cold rolling 61% to a hardness of Rockwell 
C-22 and after hardening this material to the maximum hardness of 
Rockwell C-42 at 400°C (750°F), as suggested by the work of 
Dean and his co-workers (4), and heating it for 15 or 30 minutes at 
55 °C (100 °F) intervals from 370 to 540 °C (700 to 1000 °F) and 
thereafter at 28 °C (50°F) intervals up to 760°C (1400°F). The 
results of Rockwell hardness readings after these heat treatments are 
shown in Fig. 5. Clearly, the significant softening occurs at about 
565 °C (1050 °F), although even at higher temperatures the hard- 
ness readings seem to be somewhat higher than would be expected. 
This latter peculiarity, however, may be only a grain size effect simi- 
lar to that reported by Cook and Miller (13) for brasses containing 
small amounts of iron. These results were largely responsible for 
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the selection of 595 °C (1100 °F) for the pretreatment temperature. 
It seemed to be the lowest that could be used consistently in plant 
processing, and therefore was of the greatest interest. 

The results of constant temperature treatments on the various 
types of specimens are given in Figs. 6 to 9. 

In securing the data plotted in Fig. 6, the 0.159-inch square 
material was used after a furnace cool from 30 minutes at 595 °C 
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Fig. 5—Change in Rockwell Hardness Vs. Temperature in Specimens Reheated 


for Constant Times After Initially Hardening to C-22 by Cold Rolling or to C-42 
by Cold Rolling and Aging at 400 °C (750 °F). 


(1100°F). The initial hardness ranged from Rockwell C-5 to C-10, 
and the maximum ‘hardening (Rockwell C-44) occurred at 400 °C 
(750 °F), although comparable hardening was secured, but in some- 
what longer times, at both higher and lower temperatures. At 290 °C 
(550 °F) Rockwell C-27 was the maximum hardness that could be 
secured and no definite increase in hardness was noted after 8 hours 
at 480°C (900°F) or after 81 hours at 215°C (430°F). At 
510°C (950 °F) and higher, the alloy softened appreciably during 
the first 15 minutes and thereafter remained substantially constant. 
When the material was fully hardened (Rockwell C-44) at 400°C 
(750 °F), no softening occurred in 168 hours at 205 °C (400 °F) or 
in 126 hours at 260 °C (500 °F). 

The data in Fig. 7 were taken with the same type specimen but 
after a water quench from 595 °C (1100 °F). The times at this tem- 
perature before quenching were varied from 15 to 120 minutes with- 
out any noticeable change in the hardness following the subsequent 
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Fig. 6—Change in Rockwell Hardness With Time in Specimens Re- 


heated at Various Constant Temperatures After Furnace Cooling Initially 


From 30 Minutes at 595 °C (1100 °F) to a Hardness of C-5 to C-10 


Fig. 7—Change in Rockwell Hardness With Time in Specimens Re- 
heated at Various Constant Temperatures After Water Quenching Initially 


rn °C (1100 °F) to a Hardness of Minus C-10 to Minus C-17. 


hange in Rockwell Hardness With Time in Specimens Re- 
heated at Various Constant Temperatures After Square Rolling (59% Reduc- 


tion in Area) Initially to a Hardness of C-24. 


Fig. 9—Change in Rockwell Hardness With Time in Specimens Re- 
heated at Various Constant Temperatures After a Rolling (61% Reduc- 


tion in Thickness) Initially to a Hardness of C-2 
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constant-temperature treatments. Although the initial hardness of 
the quenched material (Rockwell C minus 10 to minus 17) was con- 
siderably lower than that of the furnace-cooled material, the maxi- 
mum hardness (Rockwell C-44) was the same, and could be obtained 
by treatment for the proper time at any temperature in the range 
315 to 480 °C (600 to 900°F). However, once hardening started, 
the increase was somewhat more rapid near the high side than near 
the low side of this range of temperature. The most rapid hardening 
occurred at 370°C (700°F). Aging at 290°C (550°F) gave a 
lower maximum hardness, and aging at 220 or 540°C (430 or 
1000 °F) produced substantially no change in hardness in times up 
to 100 hours. 

Similar data are plotted in Fig. 8 for the 0.159-inch square stock 
(as-quenched and cold-rolled 59.5%), and in Fig. 9 for the 0.0625- 
inch thick stock (as-quenched and cold-rolled 61%). The initial 
hardness of both of these was about Rockwell C-24 and the maximum 
hardness found was Rockwell C-42 with the former or Rockwell C-47 
with the latter material. These maximum hardnesses were obtained 
by aging at 290 to 480 °C (550 to 900 °F ), with an appreciably lower 
value at 510°C (950 °F) and marked softening within the first 15 
minutes at 540 °C (1000 °F) or higher. 

In order to correlate the hardening rates somewhat better, the 
logarithms of the times for the furnace-cooled or quenched specimens 
to attain hardnesses of Rockwell C-14 or C-25, or for the cold-worked 
specimens to attain hardnesses of Rockwell C-33 or C-35, were 
plotted against the reciprocal of the absolute temperature of heat 
treatment in degrees Kelvin, Fig. 10. The maximum rate of harden- 
ing for this material after water quenching (Fig. 7) or furnace cool- 
ing (Fig. 6) is seen at once to be very close to 370°C (700°F). 
These rates are considerably greater than those reported by Dean 
and his co-workers for specimens quenched from 650°C (1200 °F), 
which also are plotted for comparison. The same plots for the cold- 
worked specimens indicate a pronounced shift toward the higher 
aging temperatures for the maximum rates of hardening, particularly 
after square rolling (Fig. 8). Although it may not be fixed posi- 
tively, all of these curves indicate a very low hardening tendency be- 
low 280 °C (535 °F) or above 510 °C (950 °F). 


ELECTRICAL RESISTANCE MEASUREMENTS 


The results of measurements of relative electrical resistance ver- 
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Fig. 10—Plots of the Logarithms of the Time 
Required to Attain the Hardness Indicated Against 
the Reciprocal of the Absolute Temperature. The 
highest point on each curve gives the temperature 
for most rapid hardening. 


sus temperature are shown in Fig. 11. Starting with a value of 
1.00 for wire quenched from 20 minutes at 595°C (1100°F), the 
resistance falls steadily to a minimum of 0.945 at 440°C (825 °F) 
and then increases to a value of 0.975 at 545°C (1015°F). The 
specimen cooled to 530 °C (985 °F) over a period of 17 hours, and 
then somewhat more rapidly to 280 °C (535 °F) where the resistance 
had a minimum value of about 0.943. On further cooling to room 
temperature, the resistance increased somewhat. Reheating again 
gave almost the same values up to 280°C (535°F). At higher 
temperatures the resistance decreased still more to a minimum of 
0.921 at 425 to 475 °C (800 to 890 °F), then increased fairly rapidly 


up to about 540 °C (1000°F). Above this temperature the increase 
was relatively small. 








Relative Resistance 


972 TRANSACTIONS OF THE A. S. M. Vol. 41 


Temperature ° F 
200 400 600 800 1000 


Oo 
© 
© 


O 
© 
N 


‘3 
© 
o 


a 
io 
oO 





0 100 200 500 400 500 600 
Temperature °C 


Fig. 11—Variation of Relative Electrical Resistance With Temperature. In making 
the measurements, the wire, which previously had been quenched from 595 °C (1100 °F), 
was slowly heated to about 550°C (1020 °F), held 17 hours, cooled slowly to 150°C 
(300 °F) and then overnight to room temperature, and finally reheated to about 650 °C 
(1200 °F). 


METALLOGRAPHY 


The photomicrographs (>< 200) in Fig. 12 show the effect of 
reheating 24 hours at various temperatures after quenching from 4 
hours at 900°C (1650°F). At 525°C (975°F) and above, the 
alloy clearly is a solid solution. However, after reheating at 455 °C 
(850 °F), there is a small amount and, after reheating at 370 °C 
(700 °F), there is an appreciable amount of what apparently is a 
second phase at the grain boundaries. From the data of Fig. 7, both 
these specimens would be expected to be completely hardened. How- 
ever, no appreciable difference in hardness between the material in 
the grains and that at the grain boundaries could be found with a 
Knoop indenter. Reheating for 24 hours at 200°C (390°F) pro- 
duced no change in the quenched structure. 

Fig. 13 shows the effect of reheating at various other tempera- 
tures a specimen that previously was fully hardened at 370°C 
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Fig. 12—Metallographic Structures of Specimens Initially (a) Quenched From 4 
Hours at 900 °C (1650 °F), and Then Reheated 24 Hours at (b) 525°C (975 °F), 
(c) 455°C (850 °F), (d) 370°C (700 °F), or (e) 200°C (390 °F). Etched with 
nitric and acetic acids in acetone. XX 200. ‘The dark spots in the solid solution alloys 
are etching pits. 
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Fig. 13—Metallographic Structures of Specimens Initially Quenched From 4 
Hours at 900 °C (1650 °F) and Heated 24 Hours at 370 °C (700 °F), After Reheating 
(a) 24 Hours or (b) 116 Hours at 525 °C (975 °F), or (c) 24 Hours or (d) 116 Hours 
at 200 °C (390 °F). Etched with nitric and acetic acids in acetone. X 200. 


(700 °F). Reheating 24 hours at 525°C (975 °F), (a), apparently 
has had little effect, but after 116 hours, (b), definite evidence of dis- 
appearance of the grain boundary constituent can be seen. No such 
marked change was noted at 455°C (850°F) or at 200°C 
(390 °F), (c) and (d). Although 116 hours is not too long, this 
latter observation indicates that the lack of a hardening reaction below 
280 °C (535 °F) is more probably the result of the low intensity of 
available energy rather than of any tendency for the precipitate to be 
soluble in this region. The apparent difference in amount of grain 
boundary constituent between the structure in Fig. 12d and those in 
Figs. 13c and 13d is within the normal variation throughout the 
specimen. 
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DISCUSSION OF RESULTS 


Both the hardness and the resistance data agree that the signifi- 
cant reactions occur between about 280°C (535°F) and 510 to 
540 °C (950 to 1000 °F). The three regions above 225 °C (435 °F) 
in Fig. 3, for which the expansion coefficients are increased, evi- 
dently correspond, therefore, to 

(a) the reaction which is primarily responsible for the harden- 
ing and has its maximum rate at about 370 °C (700 °F) in 
the unworked specimens ; 

(b) the reaction which is responsible for the minimum resist- 
ance and has its maximum rate at about 425 °C (800 °F); 
and 

(c) the disordering or solution reaction, which has its maxi- 
mum rate at about 510 °C (950 °F). 

For all except the slowest heating rates, these three overlap appre- 
ciably. 

To rationalize these reactions, reference must be made to the 
studies of Dean and his co-workers (1-4) which have established 
that: 

1. The 60 copper — 20 nickel — 20 manganese alloy can be con- 

sidered as a part of the pseudo-binary system Cu-MnNi. 

2. Although, because of the similarity in sizes of the atoms in- 
volved and of the relative sizes of the face-centered cubic 
lattices of MnNi(a, = 3.651 A) and Cu(a, = 3.608 A), the 
two probably form a complete series of solid solutions at high 
temperatures, they have a limited solid solubility of about 
22% MnNi in copper at room temperature. 

3. The ordered MnNi phase can dissolve up to about 18% cop- 
per without losing its general characteristics. 

Since, in the present study, the high temperature solubility is con- 
firmed by the metallographic structures in Figs. 12a and 12b,. these 
observations suggest that the formation of a low temperature, ordered 
phase within the copper-rich solid solution lattice is significantly 
related to the changes observed. 

Although complete information about the ordering characteris- 
tics of the solid solution of copper in MnNi is lacking, Valentiner and 
Becker (5) and Averbach (6) have determined that the composition 
MnNi (with up to about 2% copper) has a disordered face-centered 
cubic structure after quenching from 950°C (1740°F) and an or- 
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dered face-centered tetragonal structure after hardening by aging 
at 500°C (930°F). Furthermore, Hansen (7) indicates transfor- 
mations for MnNi at 590 to 610°C (1095 to 1130°F) and at 555 
to 585 °C (1030 to 1085 °F), the exact temperatures depending on 
the composition. 

A similar condition exists in the gold-silver-copper alloys, al- 
though because of the greater difference in the sizes and natures of 
these three atoms, somewhat less silver can be dissolved in the gold- 
copper superlattice, AuCu, than copper in MnNi. The effect of sil- 
ver on AuCu has been studied by Johansson and Linde (8) and by 
Hultgren and Tarnopol (9). These investigators found that the 
addition of silver lowered the temperature of the AuCu order-dis- 
order transformation, and that, in addition to the high temperature, 
disordered face-centered cubic form, there was a low temperature, 
ordered face-centered tetragonal form as well as an orthorhombic 
form which existed and appeared to be stable in the intermediate 
zone. This latter structure could be thought of as consisting of ten 
of the face-centered tetragonal cells side by side with the gold and 
copper atoms reversing positions after five cells. The positions of 
the silver atoms in this structure were not reported. Whether this 
orthorhombic form should be considered as a separate phase or 
merely as a state of aggregation of the tetragonal form, which re- 
arranges according to a definite orientation pattern in order to mini- 
mize lattice strains when it grows to some definite size, is perhaps 
open to some question. 

If similar changes are produced by the addition of copper to the 
MnNi superlattice, the results found can be explained satisfactorily, 
since in the copper-bearing compound the reactions might be expected 
to take place at a somewhat lower temperature than in MnNi. 

First, consider the water-quenched specimens in Fig. 3. In the 
quenched alloy the metastable solid solution retains its high tempera- 
ture spacing. Therefore, although it starts to expand in a normal 
manner when reheated, the initia) tendency, as soon as diffusion 
makes appreciable atom movement possible, is for the lattice either 
to reject or to segregate the proper number of copper, manganese 
and nickel atoms and to compact toward the spacing which would be 
stable at low temperatures. This would result in the dip noted at 
200 to 225 °C (390 to 435 °F), but also would start the formation 
and growth of face-centered tetragonal ordered regions and, conse- 
quently, the hardening reaction. The process must be thought of 
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as a two-stage one, the regions rich in manganese and nickel being 
disordered and probably face-centered cubic initially but transforming 
with time to the ordered face-centered tetragonal form. 

The tetragonal structure, although more compact than the meta- 
stable, quenched, disordered solid solution, is less compact than the 
copper-rich, stable, low temperature solid solution, and consequently 
its formation puts a compressive strain on the solid solution lattice 
which hardens it and gives it an expansion coefficient somewhat 
higher than normal. This accounts for the bulge between 225 and 
400 °C (435 and 750 °F), a region in which both segregation and 
ordering probably are taking place simultaneously. Maximum hard- 
ening may occur before the ordering transformation is complete be- 
cause of the overlapping in the reactions noted above. The forma- 
tion and growth of the face-centered tetragonal form (there may be 
some question as to whether there is any actual precipitation) un- 
doubtedly is very sluggish, probably since diffusion must be involved. 

As the ordered regions continue to form and to grow, the tend- 
ency for them to change over into the less compact but more stable 
orthorhombic structure increases. This reaction, which probably 
takes the form of a strain-reducing interchange of atoms within the 
ordered regions, would account for the relatively rapid increase in 
expansion coefficient which reaches its peak at about 440°C 
(825°F). At about 490 °C (915 °F) these orthorhombic cells start 
to redissolve in the copper-rich matrix, the maximum rate of solution 
occurring about 20°C (35°F) higher. Solution seems to be com- 
plete at about 580 to 600 °C (1075 to 1110 °F). 

The bump at about 740°C (1365 °F) is believed to be con- 
nected with grain growth in some manner similar to that found by 
Cook and Miller (13) for alpha brass. It will be noted that this 
temperature also corresponds approximately to the removal of the 
hardness bump in the annealed alloys in Fig. 5. 

In Fig. 3, the curve for the quenched alloy, which was secured 
with the more rapid heating rate, suggests that the ordering of the 
tetragonal form is so sluggish in comparison with the heating rate 
that the orthorhombic formation and re-solution stages overlap, giv- 
ing a peak at about 500°C (930 °F). 

In the furnace-cooled alloys, the room temperature structure 
must be closer to equilibrium than in the quenched alloys, even 
though peak hardness has not been reached. Hence, there is no ini- 
tial dip. However, since it appears much more likely that ordering 
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starts with the formation of the smaller tetragonal units rather than 
of the larger orthorhombic units, the sluggishness of the ordering 
makes the direction of approach to the hardening stage unimportant. 
On reheating, the remainder of the ordered tetragonal regions form 
first, producing further hardening, and then aggregate and rearrange 
into the orthorhombic form, and redissolve in the matrix exactly as 
before. The peak in the curve taken at the faster rate corresponds 
to the most rapid formation of the orthorhombic structure because 
the relatively long time that is required for the initial tetragonal or- 
dering largely has been taken care of during the original cooling so 
the orthorhombic structure can be formed more rapidly than in the 
quenched specimens. 

The hardness and resistance effects are explained in a similar 
manner. The resistance of the quenched alloy falls at an increasing 
rate up to about 350°C (660°F), and then at a decreasing rate 
up to the minimum at about 440°C (825°F). During this latter 
range the hardening tendency is greatest. Above this range the 
hardening tendency decreases and the resistance increases. Conse- 
quently, it appears reasonable that the decreasing resistance corre- 
sponds to the rejection from or segregation in the solid solution of 
the nickel and manganese atoms, and that this is substantially com- 
plete at about 440 °C (825 °F), the tendency above this range being 
toward re-solution. Hardening will depend on the strain and stress 
distribution induced in the solid-solution lattice by the ordered re- 
gions. Although this strain will increase both in the solid solution 
and in the ordered regions as the size of the latter increases, the 
tendency would seem to be to relieve it by rearrangement within the 
ordered regions, without affecting the solid solution to any extent, 
rather than by forming an interface with the solid solution. 

The change in slope of the resistance curve noted between 350 
and 440 °C (660 and 825 °F) probably is determined by the effect 
of the growth of the ordered regions, to a size of about 10 A, in 
increasing the resistance by scattering the electron wave as suggested 
by Mott (10). This range also corresponds to the maximum rate of 
formation of the orthorhombic structure, indicating that this also is 
determined by the size of the ordered regions. As expected, the 
hardening rate decreases and the resistance increases as disordering 
or re-solution starts at about 440°C (825 °F), although maximum 
hardening still can be secured up to at least 480°C (900°F) if 
enough time is given for all possible ordering to take place. 
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This is excellent evidence also that the formation of the ortho- 
rhombic structure, which has its maximum rate at 440 °C (825 °F), 
does not decrease the hardening effects of the ordering even though 
it appears to increase the resistance somewhat. The hardness can be 
decreased only by the solid-solution lattice being raised to a high 
enough temperature for it to relieve its own strain and thus redis- 
solve the excess nickel and manganese atoms. 

During cooling from the maximum temperature of 545 °C 
(1015 °F) the resistance again falls to a minimum at about 290 °C 
(555 °F), as excess nickel and manganese atoms are rejected, and 
then rises slightly, possibly from strain relief. 

On heating this slowly cooled material, the resistance retraces 
the curve from the cooling cycle up to about 290°C (555 °F) and 
then decreases rapidly, as additional ordering starts, to a minimum 
in the range 425 to 475 °C (795 to 885 °F) before rising again be- 
cause of re-solution. This indicates only the occurrence of ordering 
which had not taken place during the cooling. Again it is in this 
range that the hardening occurs. 

The most puzzling thing is the apparent grain boundary con- 
stituent in the hardened structures in Figs. 12 and 13. Averbach (6) 
found a similar structure in his 49 manganese — 49 nickel — 2 copper 
alloy after aging at 500 °C (930 °F), and attributed it to the precipi- 
tation of a second phase, although his X-ray evidence, which suc- 
cessfully detected the face-centered tetragonal ordering in the same 
specimen, apparently gave no evidence of a second phase. Dean and 
his co-workers (4) also found this constituent, and a similar struc- 
ture has been observed in the gold-silver-copper alloys by the present 
authors, so it probably is characteristic of this type of hardening. 

In the present work, at least, this constituent cannot be directly 
responsible for the hardening for two reasons: 

(a) the amount of it in the alloy aged 24 hours at 455 °C 
(840 °F), Fig. 12c, is appreciably less than in the alloy of 
equal hardness which was aged at 370°C (700 °F), Fig. 
12d; and 

(b) no difference in hardness was found with a Knoop indenter 
between the material within the grains and that at the grain 
boundaries. 

The decrease in amount of this constituent as the temperature 

increases above 370°C (700°F) appears to rule out anything but 
the copper-enriched solid solution, or the ordered face-centered 
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tetragonal material, as possible explanations. Of the two, the former 
seems more logical. With the etching reagent used, viz., 2 parts 
acetic acid, 2 parts nitric acid, 1 part acetone, any increase in copper 
content in these regions could cause a relatively great difference in 
etching rate. The segregation of nickel and manganese atoms into 
groups, either disordered or ordered, also might give some electro- 
chemical acceleration to the etching. 

This would indicate the hardening reaction in this alloy to be 
discontinuous by comparison with Mehl and Jetter’s (14) classifica- 
tion of precipitation hardening. At higher temperatures the rate of 
segregation of nickel and manganese would be about the same 
throughout the entire grain and consequently the composition would 
be more uniform and the selective etching of the grain boundary re- 
gions less. It should be pointed out also that, if the effect of diffu- 
sion in equalizing composition was the principal reason for the differ- 
ence between the structures of Figs. 12c and 12d, reheating at 525 °C 
(975 °F) after aging at 370°C (700°F) would be expected to be 
more rapid in its effect than is indicated in Figs. 13a and 13b. 

In rationalizing the effects of cold work on these expansion co- 
efficient curves, two additional facts must be remembered: 

1. As shown by Dahl (11) for the Cu,Au structure and by 
Dehlinger and Graf (12) for the CuAu structure, plastic de- 
formation tends to destroy the effects of ordering. 

2. The effects of cold work generally are relieved in two stages, 
(a) recovery and (b) recrystallization, both tending to com- 
pact the structure and therefore to decrease the expansion 
coefficient. 

Inspection of the curves in Fig. 4b strongly suggests that the 
dip with its minimum at about 375°C (705 °F) results from the 
recovery stage and that the one with its minimum increasing from 
580 to 620°C (1075 to 1150 °F) with decreasing deformation re- 
sults from recrystallization. It may be significant also that recrystal- 
lization appears to start at about the temperature for which re-solu- 
tion is complete. 

Since the specimens were quenched before cold working, the 
initial stage is a normal expansion followed by a region of decreased 
coefficient with its minimum at about 225 °C (435 °F) as the solid 
solution changes composition and contracts to its low temperature 
stable size. Since the expanding effects of cold work still are present 
in the solid-solution lattice the normal increase in the coefficient of 
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expansion then resumes up to about 300°C (570°F). Here the 
compacting effects of recovery begin to appear, and the expansion 
coefficient decreases until the lattice strain has been reduced to such 
a point that the formation of the ordered tetragonal structure can 
begin. Because of this restraining action, the maximum dilatometric 
effect of the ordering as well as the maximum hardening rate occurs 
at an appreciably higher temperature than in the unworked material. 
Once ordering has taken place the subsequent stages of aggregation 
and transformation to the orthorhombic structure and re-solution 
take place as before with increasing temperature. 

It should be pointed out also that, once recovery has reduced 
the lattice strains sufficiently, hardening takes place appreciably more 
rapidly than in either the furnace-cooled or the quenched specimens. 
Furthermore, there is little real difference between the hardening rates 
in Figs. 8 and 9 for any temperatures in the range 345 to 480 °C 
(650 to 900 °F). This is definite evidence that, even though the 
alloy is heated to a higher temperature than the optimum for the 
unworked alloys, the restraining influence of the cold work stress 
distribution controls the hardening rate. It should be noted also that 
345 °C (650°F) is appreciably lower than the temperature of the 
minimum in the recovery dip, so that recovery need not be complete 
to permit ordering, and therefore hardening, to begin. Since the 
apparent minimum in the recovery dip at 375 °C (705 °F) is merely 
the point at which the expanding effect of ordering balances the con- 
tracting effects of recovery, the true minimum may occur at an even 
higher temperature. 

Furthermore, the shapes of the two curves in Fig. 10 indicate 
that the stress distribution from flat rolling, possibly because it is 
more nearly unidimensional, is more favorable to rapid hardening, 


when it is relieved properly, than the distribution from square rolling 
which undoubtedly is more complex. 


SUMMARY AND CONCLUSIONS 


1. Changes with temperature, and time, of the coefficient of 
thermal expansion, electrical resistance, and hardness of both the 
cold-worked and heat treated 60 copper -— 20 nickel— 20 manganese 
alloy have been shown to be consistent with the formation, in the 
stable solid solution, of regions of ordered structures comparable with 
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those found by others in the compound MnNi as well as in the some- 
what similar gold-silver-copper alloys. 

2. The four essential stages are postulated as (a) rejection of 
excess copper, nickel and manganese atoms from the metastable solid 
solution; (b) ordering of the rejected atoms into a face-centered 
tetragonal form; (c) aggregation and reordering of the tetragonal 
regions into an orthorhombic structure; and (d) disordering or re- 
solution. 

3. The ordering reaction, producing the face-centered tetragonal 
form, is the slowest and therefore the controlling stage. It is respon- 
sible for the hardening of the stable solid solution. 

4. In cold-worked alloys, the tendency toward ordering is de- 
stroyed until after recovery has reduced the lattice strains a sufficient 
amount. 

5. In cold-worked alloys, the recrystallization range follows 
closely after disordering or re-solution although the recrystallization 
temperature is decreased with increasing amounts of deformation 
in the usual manner. 

6. The relation between the logarithm of the time to reach a 
given hardness and 1/T is not linear but increases to a maximum 
and then decreases. 

7. The alloy will soften in relatively short times, even from the 
fully hardened condition, if heated above 565 °C (1050°F). 

8. The maximum hardening rate is at 370°C (700°F) after 
quenching or furnace cooling, but appreciably higher, at 400 to 
480 °C (750 to 900 °F), after cold working, the specific tempera- 
ture being related to the type of deformation. 

9. The apparent grain boundary constituent noted in the fully 
hardened structure has been explained as an etching effect resulting 
from discontinuous segregation of manganese and nickel in the solid 
solution. 
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DISCUSSION 


Written Discussion: By J. C. Lewis, Jr., research metallurgist, Driver- 
Harris Co., Harrison, N. J. 

A particularly useful feature of this alloy is the fact that its cooling 
rate from the annealing temperature of 595°C (1100°F) is not critical, 
in order to put the material into condition either for further working or 
for hardening; even hardening “on the way down” from the anneal is 
entirely satisfactory, by merely holding at the hardening temperature 
for the proper time. The paper explains why this is so. The data and 
discussion of results presented in the paper provide a useful picture of 
structure and transformation relationships, satisfactory to the needs of a 
production metallurgist called on to handle this alloy. 
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Authors’ Reply 


Since this work was undertaken primarily to assist the production 
men in our plant to fabricate this alloy, we are particularly pleased to 
receive Mr. Lewis’ comments. If, as a production man, he, too, finds the 
work satisfactory, we believe the study has been worth while. 

Mr. Lewis’ comments on the manner in which the sluggishness of the 
transformation permits the alloy to be hardened during cooling call atten- 
tion to one of the unusual features of this alloy. As shown in Fig. 14, 
however, the structure of the alloy after furnace cooling to room tem- 





Fig. 14—Metallographic Structure of a Specimen Furnace- 
Cooled From 1100°F (595°C) Over a Period of 15 Hours. 
Etched with nitric and acetic acids in acetone. xX 1000. 


perature over a period of about 15 hours is somewhat different from that 
secured on reheating. The grain boundary constituent here appears much 
more like a second phase than in any~-of the quenched and reheated 
samples. Unfortunately we were unable to check this possibility because 
of the lack of suitable X-ray equipment. 

However, even with the apparently logical explanation of the hard- 
ening which we have been able to offer, it is clear that considerable careful 
work needs to be done before the problem truly can be said to be solved. 
The X-ray study alone should present an interesting problem in tech- 
niques to some ambitious student of the future. 


a 














BETA LAMINATIONS IN CARTRIDGE BRASS 


By Ratpexu L. DowpeLt, CHARLES A. NAGLER, Morris E. FINeE, 
Haroitp P. Kituc anp Gust BITSIANES 


Abstract 


This paper deals with strip cartridge brass, laminated 
in manufacture, so that the resulting cups were unsatisfac- 
tory for cartridge cases. The phenomenon had been pre- 
viously referred to as “phantom laminations in brass” and 
this research was undertaken to determine the cause of the 
laminations. 

When cartridge brass, containing between 30 and 
33% zinc, 1s cast into commercial cakes in water-cooled 
molds, there is some segregation. The central portion of 
the cake contains a cored structure of alpha brass with 
segregated beta brass as the last to freeze. In the cus- 
tomary rolling practice any residual beta present may be 
banded in the central portion of the strip. 

The beta phase contained in the alpha strip brass for 
caliber .50 cartridge cases may be dissolved by annealing 
at 600 °C (1110 °F) ; however, there is a strong tendency 
for a mixed grain size. There is usually a finer grain size 
in the central areas formerly containing beta than in the 
outside areas, and evidence indicates there is a composition 
gradient inhibiting grain growth on annealing before any 
cupping operation. 

In order to avoid phantom laminations, it is recom- 
mended that beta be eliminated by making use of a longer 
soaking or annealing practice prior to rolling. 

Brass cakes with zinc 2% above normal, containing 
relatively large amounts of beta, were soaked at 825°C 
(1515°F), and after 4 hours the residual beta was 
completely dissolved. This high temperature of soaking 
is not recommended as the only remedy because there are 
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many other combinations of time and temperature which 
will remove beta before it is banded in strip. 

When beta dissolves in alpha no voids are formed, 
and if cakes are homogenized there will be no difficulties 
from the harmful effects of phantom laminations. 


INTRODUCTION 


URING World War II there was considerable difficulty in 

making brass cartridge cases in sizes of .50 caliber and larger 
because some of the strip brass was laminated or banded in the 
vicinity of its central portion. 

At that time this phenomenon had been discussed as “ghosts” 
and “phantom laminations” in a somewhat evasive manner, and this 
project was carried out to show the nature of these phantom lamina- 
tions.” 

This study was completed in May 1944 and is reported at this 
time for the purpose of recording all important data on cartridge 
brass and also to show that the ordinary metallographic tools will 
solve an important alloy problem pertinent to national defense. 


Microscopic INVESTIGATION 


The microstructure at the central portion of cast cakes, contain- 
ing between 30 and 33% zinc, consists of primary cored alpha with 
varying amounts of a second phase which is the last to freeze and 
which has proved in this investigation to be the beta phase of the 
copper-zinc system. Most of the beta is located along the central 
portion of the cake as would be expected. Figs. 1, 2, 3, and 4 show 
the structure of a cast cake. 

Ordinary 70-30 brass cakes, 5 inches thick, have small amounts 
of beta. With this composition there is very much less beta than 
with 67-33 brass. The beta laminations are more prevalent in cakes 
with a high zinc content and also cakes of great thickness. 

A sample from an original cake, as shown in Fig. 1, was 
squeezed in a vise so as to cause slipping. Upon micro-examination 
it was found that there were many characteristic slip lines in the 
alpha but none in the beta. This structure is shown in Fig. 4, and it 
indicates a well-accepted fact that beta is harder and less plastic than 
alpha. 


*Daniel R. Hull, H. F. Silliman and John R. Freeman, Jr., “Phantom Laminations in 
Brass,” Transactions, American Institute of Mining and Metallurgical Engineers, Institute 
of Metals Division, 1945, p. 203-213. 
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Fig. 1—Cast Cake Showing Beta Inclusions and Voids. Location, center of cast 

cake. Mild etching reagent to resolve beta; 50% NH,OH + H,O for 30 seconds. xX 100. 
Fig. 2—Same as Fig. 1 at X 1000 Magnification. 

Fig. 3—Same as Fig. 1 Etched 5 Seconds in NH,OH + H.O. Which Is a Much 


More Drastic Etching Reagent. Cored alpha is resolved. Much less beta is apparent 
than in Fig. 1. X 100. ,7 


Fig. 4—-Cast Cake Squeezed in a Vise Showing Characteristic Slip Lines in Alpha 
and None in Beta. Composition: Cu 68.17%, Zn 31.81%, Fe 0.018%. X 1000. 
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In order to resolve beta in the presence of large amounts of 
alpha, a better and more selective reagent has been found consisting 
of 50% NH,OH and H,O. With this mild etching reagent, beta 
is slowly attacked and not easily overetched while the alpha is almost 
unattacked. 

Small amounts of beta in either cast cakes or rolled brass would 
ordinarily escape detection with the customary etch with ammonium 
hydroxide in hydrogen peroxide because it is too drastic and causes 
pitting. This is also true with ferric chloride reagents. If one wishes 
to show grain size contrast, the ammonium hydroxide-peroxide re- 
agent is ideal, but it is not well suited for the detection of the beta 
phase. 

Since micro-examination showed beta in original cast cakes, it 
was decided to anneal beta-rich sections from a cast cake in hydrogen 
at 825°C (1515°F) for 2, 4, and 8 hours to see whether or not 
beta would be dissolved and eliminated and at the same time find 
whether or not any inclusions would be reduced by the hydrogen 
treatment. After 2 hours at 825 °C (1515 °F) only a small amount 
of beta was present and after 4 and 8 hours there was no beta pres- 
ent. This suggests that a soaking practice for the proper time and 
temperature will eliminate all beta and, consequently, give freedom 
from laminated beta so that the higher zinc alloy (32% zinc) can 
be used successfully for the manufacture of cartridge cases. 

Fig. 5 shows that all the beta is eliminated by annealing the 
original casting at 825 °C (1515 °F) for 4 hours, and also that there 
are no voids formed when beta is dissolved. Fig. 6 shows that the 
coring of the alpha has been eliminated without grain growth. 

If samples of plain cast cakes containing beta are cold-rolled to 
about 0.020 inch with no annealing whatsoever, the strip is sound 
but banded or laminated with beta streaks longitudinal to the direction 
of rolling. These beta laminations are identical with those found 
from other heats of brass made into strip by commercial practice 
for the drawing of cartridge cases. 

Figs. 7 and 8 are typical of the laminated beta occurring in the 
middle of commercial strip containing 66.87% copper and 33.12% 
zinc. These bands of beta are somewhat irregular in width because 
of the residual distribution of beta in the cast cake. 

If cold-rolled brass with structures typical of Figs. 7 and 8 are 
annealed, the beta laminations can be eliminated by diffusion without 
the formation of voids or holes. If, however, the specimens are 
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Fig. 5—Cast Cake Showing Elimination of Beta After Annealing in Hydrogen at 
825 °C for 4 Hours. No voids formed by the solution of the beta that did not exist 
before annealing. Most of the gray patches are inclusions not reducible at 825 °C. 
Etched in 50% NH,OH + H,O for 30 seconds. X 100. 

Fig. 6—Same as Fig. 5 Except Etched Deeper in 50% NH,OH + H,O Mixed 5 to 1 
With 1%% Solution of H,O. for 5 Seconds in Order to Show Grain Size. Note freedom 
from coring and absence of grain growth when compared with Fig. 3. Deep etching 
dissolves alpha around inclusions so they appear as holes. X 100. 


‘ Fig. 7—Cold-Rolled 0.50-Caliber “a? As-Received, 0.256 Inch Thick, From Brass 
Mill; ngitudinal Section, Unannealed. Light etch in 50% NH,OH + H.O, 30 seconds. 
Shows beta banding in alpha. Composition: Cu 66.87%, Zn 33.12%, Fe 0.01%. X 100. 


Fig. 8—Same as Fig. 7 at X 1000 Magnification. 
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pitted from overetching, they will appear as in Figs. 9 and 10 and 
consequently appear as holes. 

A series of annealing experiments was made on cold-rolled strip 
by annealing in hydrogen at 200, 400, 600, and 800°C (390, 750, 
1110, and 1470 °F) for 2 hours. It was found that the beta lamina- 
tions could be diffused into the alpha and eliminated by either a 
2-hour anneal at 600 or 800 °C, but not at 200 or 400°C. In some 
cases recrystallization at 600 °C resulted in a slightly finer grain size 
at the locations where the beta bands had existed previously. In 
most cases the size after recrystallization was nearly the same 
throughout. 

When the cold-rolled strip is annealed at 600°C (1110°F) in 
hydrogen for 2 hours the grains are recrystallized and are much 
finer than when annealed at 800°C (1470°F). Fig. 11 shows only 
alpha and a series of stippled lines where beta had existed previously 
to the anneal. These lines are also known as “ghosts” or “phan- 
toms” and they are present because beta laminations existed previ- 
ously to annealing. At the higher annealing temperature, 800 °C 
(1470 °F), Fig. 9, the stippled lines are not as pronounced as at 
600°C (1110°F). It should be noted that some of these stippled 
lines cut across grains and some are intergranular. These lines are 
not resolved with proper polishing. With overpolishing, pits may 
be formed. After etching in ammonium hydroxide-peroxide, pits 
are easily formed. It is likely that the time and temperature of anneal 
are not sufficient to completely diffuse the high zinc areas originating 
from the beta bands and that etching attacks these areas at a faster 
rate and forms the localized pits. This is verified by X-ray analysis. 

When beta dissolves in alpha, there are still high zinc areas at 
the old interfaces of beta and alpha which etch at a faster rate and 
also pit faster with the result that ghost lines show up on deep etch- 
ing with NH,OH-peroxide reagent. 

If beta is eliminated, therefore, by soaking the cake before roll- 
ing is undertaken, there will be no beta laminations and no ghosts. 
Why not eliminate beta before it has caused damage? 

It is usually conceived that beta is much less plastic than alpha 
and strain hardens faster; however, in this investigation, structures 
of about 90% beta have been cold-rolled to 0.020-inch strip without 
difficulty from cracks. When structures containing beta, similar to 
Figs. 7 and 8, are given a reverse bend test to failure, they crack at 
the interface of the beta and alpha. This proves that laminated beta is 
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Fig. 9—Cold-Rolled Brass Strip From 0.460 to 0.256 Inch. Composition: Cu 66.87%, 
Zn 33.12%. This originally contained beta laminations similar to Fig. 7. Treatment: 
annealed in hydrogen at 800°C, 2 hours. Etched deeply in 50% NH,OH + H2Oz, 
5 seconds. Shows pitting; as polished there were no voids present. X 100. 

Fig. 10—Same as Fig. 9 at X 1000 Magnification. 

Fig. 11—Cold-Rolled Brass Strip, Cu 66.87%, Zn 33.12%, From 0.460 to 0.256 
Inch. This originally contained beta laminations similar to Fig. 7. Treatment: an- 
nealed in hydrogen at 600°C for 2 hours. Etched deeply in 50% NH,OH + H2On.. 


Shows pitting in stippled limes where beta existed previous to anneal; as polished these 
pits are not present. X 100. 


Fig. 12—Typical Inclusion Stringers in Cold-Rolled Brass, Cu 66.87%, Zn 33.12%, 
From 0.460 to 0.256 Inch. These inclusions are dark gray-blue in color and are not 
reduced with hydrogen annealing at 800°C in 2 hours. They occur in the central 
portion of the strip brass. > 1000. 
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undesirable as there is the possibility of rupturing during cold roll- 
ing and later during deep drawing. 

Inclusion stringers in rolled bars are rather uncommon. Fig. 
12, however, shows some relatively short inclusions of rounded par- 
ticles having a dark gray-blue color. These inclusions occurred 
generally close to the segregated beta phase but sometimes near the 
surface of strip brass. Occasionally some inclusions appear cubic 
in shape. When examined with reflected polarized light, crossed 
nicols, the inclusions have a bright canary-yellow color. Occasionally 
a few small, isolated inclusions having a reddish color were found 
and appeared to be cuprous oxide (Cu,O). 

There were relatively few inclusion streaks found in cartridge 
brass so this factor is considered to be a very minor cause of the 
failure of cups. It should, however, be pointed out that overetching 
with NH,OH + H.O, etching reagent allows the inclusions to drop 
out and appear as holes or voids. 

Annealing in hydrogen at temperatures as high as 800 °C 
(1470 °F) for 2 hours had no reducing effect whatsoever on the 
stringer inclusions so they may be regarded as unreducible at ordinary 
annealing temperatures and from their sparse distribution to have 
no particular bearing on the problem of laminated brass. 

Cartridge brass is a relatively clean metal as compared to steel 
and little trouble is expected from the standpoint of inclusions. In 
no case were there any drawn out inclusions present. When inclu- 
sions are found in isolated areas they resemble those shown in Fig. 
12 and are a collection of individual inclusions which are not elon- 
gated to.any great extent during rolling. 


X-Ray DIFFRACTION 


Two types of X-ray diffraction photographs were taken, the 
ordinary Debye-Scherrer powder photographs and _ back-reflection 
photographs. Samples for the powder-photographs were fine slivers 
of brass, ground to size from the larger pieces, or filings glued onto 
a fine glass capillary tube with Duco cement. To produce good 
photographs, annealing was necessary to relieve any strain originally 
present in the material and that produced by the cold work of grind- 
ing and filing. The samples in the powder photographs were rotated 
at 1 revolution per minute. The samples for the back-reflection 
photographs were suitable blocks of brass set up on the axis of the 
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Table I 
Data on X-Ray Diffraction Photographs of Cartridge Brass Samples 














Type 8 Phase Lines 
No. (Note 1) Sample Present Remarks 
583 B.R. Block of No. 0 None Exploratory 
584 B.R. Block of No. 1 None Exploratory, lines 
diffuse 
586 B.R. Block of No. 0 None Exploratory 
587 B.R. Block of No. 1 (Note 2) (321) Lines are diffuse 
588 B.R. Block of No. 1 (Note 2) (321) Lines are diffuse 
589 P. Filings of No. 0 None Lines diffuse 
591 z, Filings of 8 brass (Special Sample) All Lines diffuse 
593 Pi Sliver of No. 0 None Lines diffuse 
595 P. Same as 591 but annealed 2 hours All Lines much sharper 
at 400 °C 
597 P. Same as 589 but annealed 2 hours None Lines much sharper 
at 400 °C 
599 B.R. Block No. 1 (Note 2), annealed 2 None Overannealed 
hours at 400 °C 
601 rs Sliver of No. 0, annealed 2 hours None Overannealed 
at 400 °C 
M 6 B.R. Block No. 1 (Notes 2, 3), annealed All Beam slipped past 
3 hours at 200 °C one side of sample 
M 8 B.R. Block No. 1 (Notes 2, 3), annealed (321) (222) 
2 hours at 175 °C (310) (220) 
M 9 B.R. Block No. 1, annealed 2 hours at None Microscope revealed 
175 °C no Bf 
M16 B.R. Block No. 0 (Note 2), cold-rolled (321) (321 is present but 
and annealed 2 hours at 175 °C very faint 
M37 B.R. Sliver No. 1 (Notes 2, 3), annealed (321) (220) 
ts 2 hours at 175 °C (110) (211) 
Notes: 


1. B.R. = back-reflection photograph; P. = powder photograph. 
2. Microscope revealed the presence of 8 phase in the samples. 
3. Samples in banded region ground longitudinally to direction of rolling. Area of high 
band concentration located with microscope. X-ray beam impinged on this area. 
Composition: 
Sample 0: Cu 68.29, Zn 31.71, Fe 0.01; Cake as cast. 


Sample 1: Cu 66.86, Zn 33.12, Fe 0.01; Caliber .50 strip received in cold-rolled con- 
dition from mill. 


The minimum amount of the beta phase required to show diffraction lines is estimated 


at 20% by volume as shown by microscopic examination. When about 30% of beta is 
present the lines are very clear. 


camera and held stationary during the exposure. Some of these 
samples were large enough so that the beam was completely blocked 
and only back-reflection lines were obtained. In other cases part of 
the beam could slide past the sample giving rise to some of the low 6 
lines of the pattern as well. Both types of photographs were taken 
with a Buerger precision powder camera using copper Ka radiation 
obtained by filtering the beam through nickel foil. 

Fig. 13 shows the relative positions of the various lines in the 
patterns of a and @ brass as obtained by the powder method using 
a sample which is a mixture of the two phases with £ brass predomi- 
nating. In the actual photograph the two patterns are superimposed. 
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Back-reflection photographs from large blocks will show only those 
lines to the right of the dotted line in the diagram. The various 
lines are labeled with the indices of the planes producing them. It 
is seen that the lines for the two phases do not coincide and the posi- 
tions of most of them with respect to the other phase are unmistak- 
able. Thus the (321) doublet of 8 brass is especially easy to iden- 
tify on back-reflection photographs. When enough £ brass is present 
to give lines of sufficient intensity to find them, they are readily iden- 
tified. Also, if lines in the positions indicated in the 8 brass pattern 
are found on a diffraction photograph of a brass sample, it is con- 
clusive evidence of the presence of 8 brass in the sample. 

Nineteen exposures were taken on various samples. Some of 
these must be regarded as exploratory in nature in order to check 
on the technique. Table I gives the important data on exposures. 
Six different samples of cold-rolled strip and one sample of a cast 
cake show one or more lines of the £8 brass pattern, indicating its 
presence in the respective samples. 


B Brass 





28-0 oO 8 <— Ss oO ~ “ 20=180° 
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Fig. 13—Diagram of the Relative Positions of the Various 
Lines in the Patterns of a and B Brass. 


High 6 lines were measured on four of the films and the lattice 


constants of the phases were calculated. These results are tabulated 
in Table IT. 


Table Il 
Lattice Constant Data 


Lattice constants in A 


Film No. Sample a phase B phase 
595 Special sample of 8 brass with some a 3.689 2.944 
597 No. 0 showing no 6 3.673 arti 

M 6 No. 1 showing 8 3.683 2.943 
M37 No. 1 showing 8 3.690 2.944 


The reported value of a, for the saturated a phase is 3.68 A, 
and for the B phase in contact with it is a, 2.945 A. Film No. 


ee 
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595 is in agreement with these values. Apparently areas in this brass 
which contain no 8 phase are not quite saturated as evidenced by the 
slightly smaller a, value of 3.673 A found in film No. 597. When 
the B phase is present the a phase in its immediate vicinity is appar- 
ently saturated as found in films No. M6 and M37. This, of course, 
is what would be expected. 


THERMAL ANALYSIS 


Temperature-time cooling curves were taken on samples from 
cast cake and also from cold-rolled strip which showed beta lamina- 
tions. The ordering transformation from B to ~’ found at 451 to 
454 °C (845 to 850 °F) was recorded, which was added proof that 


beta is present in the higher zinc brasses in sufficient quantities to 
cause a heat effect. 


DILATATION 


In order to determine the magnitude of the volume changes 
accompanying dissolving of beta stringers or laminations, various 
brass samples containing beta stringers were heated, annealed, and 
cooled in a dilatometer. Test pieces about 5 by % by % inches were 
cut from cold-rolled brass strip. The edges of the test pieces were 
rounded by turning the strips in a lathe. The furnace consisted of 
a porcelain tube 54 inch in diameter surrounded by a larger tube 
which supported the heating element. Both tubes were enclosed in 
an insulated cylindrical jacket. 

Test strips were located centrally in the furnace and hollow 
silica connecting tubes were fitted onto machined ends of test pieces. 
The rear tube (634 by % inch diameter) was held in a fixed position 
by a backstop attached to a rigid bar. The front tube was ground 
so as to furnish a concave seating for an Ames dial reading to 0.0001 
inch. The whole set-up was mounted on a well-aged wooden base. 
The temperature was determined by. means of a chromel-alumel ther- 
mocouple in contact with the specimen. 

In order to minimize oxidation during heating in the dilatometer, 
the test pieces were coated by dipping in a colloidal graphite suspen- 
sion; powdered charcoal was put in the furnace tube; and the ends 
were plugged with asbestos fiber. One test strip was chromium 
plated to prevent oxidation and this gave similar results to the un- 
coated strips. Microscopic examination indicated no diffusion of the 
chromium into the brass. 
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Fig. 14 is a graph representing typical data obtained with the 
dilatometer. This particular specimen used was not the one coated 
with chromium. The analysis of the sample was 66.87% copper, 
33.12% zine, and 0.01% iron. Estimates of a transverse cross sec- 
tion made with a microscope showed about 0.2% beta to be present. 
The central portion, of course, had all the beta. This strip was an- 


| - Strip containing residual beta 
2-Residual beta removed by annealing 
in dilatometer 
3-Residual beta completely 
removed 
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Fig. 14—Linear Thermal Expansion of Cartridge Brass. 


nealed for % hour at 300°C (570°F). The test piece was first 
heated to 650 °C (1200 °F) and cooled immediately (Curve 1). The 
change in length of the strip was followed with the Ames dial. The 
change in slope at 453°C (845°F) on heating is due to the 8 to 
8’ transformation. The cooling curve (Curve 1) returns along the 
heating curve. Merica* obtained similar results with alpha brass 


oie * gn and L. W. Schad, Journal, American Institute of Metals, Vol. 11, No. 3, 
» DP. . 
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samples. From 650 to 453°C (1200 to 845°F) the cooling and 
heating curves are almost coincidental. 

In Curve 2 the test strip was heated 4 hours at 630 to 650 °C 
(1165 to 1200°F). Measurements were taken every 15 minutes. 
There was a gradual decrease in length as the beta was dissolved. 
The change amounted to about 0.0004 inch per inch at 650°C 
(1200 °F). 

After this anneal the test strip was again heated and cooled. 
This is plotted in Curve 3. The heating and cooling curves are 
almost coincidental, indicating that the beta is all dissolved. Micro- 
scopic examination of the strip after this experiment did not show 
the presence of beta nor were there any voids formed as the alloy 
decreased in size. Data from the chromium plated strip gave similar 
results; however, the decrease in length was only 0.0003 inch per 
inch. When beta dissolves in alpha in the vicinity of 650 °C there 
is a slight decrease in volume showing that alpha is denser than beta. 

The results plotted in Fig. 14 are all corrected by subtracting 
the readings of the apparatus with a fused quartz blank. 


DENSITY 


Density determinations were made in a special 10 ml. pycnom- 
eter bottle. In order to obtain the maximum amount of beta in the 
samples, a caliber .50 strip containing 66.87% copper, 33.12% zinc, 
and 0.01% iron was ground down on each side until approximately 
one-third of the section remained and which measured 0.070 inch 
thick. These sections of a-+ £ brass were stress relieved in H, at 
300 °C for 1 hour, then washed, rinsed and dried. Three pieces at a 
time were checked. Distilled water was used, samples boiled and 
evacuated and allowed to stand 3 hours for equilibrium. Density 
determinations were found to be 8.472 and 8.480 on the two lots. 

The samples were then annealed in H, 3 hours at 600 to 630 °C 
and the densities redetermined with the result that they had increased 
to 8.491 and 8.494 on the respective lots. When beta dissolves in 
alpha the density increases and its magnitude checks roughly with 
the results of the dilatation experiments if one considers a much 
higher concentration of beta in the density samples as compared with 
the dilatation samples having less beta. It is estimated that the den- 
sity samples contained from 5 to 10% beta by volume. 
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SUMMARY 


As a result of this investigation it appears that the following 
conclusions can be made from the evidence found : 

1. Cast cakes contain more or less beta, depending on the zinc 
content of the brass and many metallurgical factors such as size of 
cake, rate of pouring, gating, rate of cooling, etc. Beta has been 
shown to exist by microscopic, thermal analysis, dilatometric, and 
X-ray studies. 

2. In the customary rolling practice any residual beta is rolled 
out and laminated in the brass strip as long stringers, lenticular in 
shape. 

3. Laminated beta is not as ductile as alpha and there may be 
internal ruptures in some cold-rolled strip which will not add to the 
soundness of the strip. A duplex structure of alpha and beta is not 
advantageous to cold mechanical working. Laminated brass on re- 
versed bending shows fracture at the interface between beta and 
alpha. 

4. The laminated beta phase of strip brass is dissolved in alpha 
when annealed 2 hours at 650 °C but the resulting strip shows phan- 
t@® lines after deep etching in NH,OH+H,O,. These lines are the 
result of a higher rate of etching in the previously laminated area 
than in the adjacent area because of higher zinc content. This is 
shown by microscopic and X-ray evidence. 

5. Phantom lines commonly are intergranular, occasionally 
transgranular, and frequently have a fine grain size along the contact 
line because of the effect of concentration gradient on grain growth. 

6. To insure freedom from laminated beta in the higher zinc 
alloys, it is recommended that a long soaking or annealing be given 
the cakes so all beta is eliminated before rolling begins. Four hours 
at 825°C (1515 °F) will dissolve all the beta, but a longer time at 
a lower temperature will result in less dezincification. The dezinci- 
fication at 825 °C is less harmful than the banded brass. 

7. The inclusions contained in cartridge brass are not too con- 
tinuous and have little to do with the question of laminated brass. 

8. When beta is dissolved by annealing there is a slight con- 
traction in volume, as shown by dilatation curves, and there is a slight 
increase in density. This reaction is too small to form voids. Any 
voids formed in the vicinity of the phantoms are the result of local- 
ized overetching and pitting because of the high zinc areas. 


- 
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9. There appears to be no reason why 2: 1 brass cannot be satis- 
factorily used for cartridge cases if the beta segregate is removed by 
soaking the castings before rolling begins. 
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DISCUSSION 


Written Discussion: By R. S. Pratt, Bridgeport Brass Co., Bridgeport, 
Conn. 

The authors have. presented some interesting data in relation to the 
difficulties encountered during the war with the so-called “beta lam- 
inations” in cartridge brass. Their approach has been from an academic 
standpoint and it might be desirable to point out certain practical aspects 
which may have been overlooked. 

It seems to have been clearly established that the copper/zinc ratio 
and the presence or absence of the beta constituent are directly related 
to the difficulty. It should also be clearly stated that the central lam- 
inations revealed in cups or fracture tests are directly related to the 
solution of the beta phase rather than to the beta itself. Hot-rolled or 
hot-rolled and cold-rolled strip containing thin plates of beta in the center 
of the thickness of the strip do not show weakness in fracture tests. 
This weakness is only developed by temperatures sufficient to cause 
solution of the beta and the degree of weakening or separation depends 
on such factors as amount of beta, distribution, and extent of solution. 
It is possible, for instance, to completely recrystallize the cold-worked 
brass with very little solution of beta or development of weakness but 
as soon as the beta is absorbed the weakness is readily apparent in 
fracture or tensile tests. In order for this picture to be clearly developed 
it is necessary that the hot-rolled brass be promptly quenched after hot 
rolling. If the hot-rolled material is allowed to slow cool some of the 
beta is dissolved during cooling and the weakness may be found in the 
strip as-hot-rolled or after subsequent cold rolling. 

We question if the complete homogenization of full-size castings can 
be accomplished in 4 hours. However, we do know that the difficulty 
can be avoided if the castings can be held long enough to complete the 
homogenization. It was not a practical possibility during the war to 
spend any such amount of time in preheating. Insofar as commercial 
brass is concerned, the usual gage is such that we do not need to be 
concerned about this difficulty, as the additional rolling and annealing 
operations will permit this type of discontinuity to heal. 
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The authors have assumed that the stippled lines in the center of 
the cross section from which the beta has been dissolved (see Fig. 11) 
are merely etch pits due to a difference in copper content. Whether the 
lines are due to etching pits or not is immaterial but if fracture tests 
had been made it could have been seen that the separation occurred at 
these lines. These lines would also seem to be of significance because 
they are not usually transcrystalline and the fine boundary grains indicate 
some resistance to normal grain growth. This condition exists quite 
generally unless very high annealing temperatures are used and then 
there appears to be some growth across the stippled lines. We believe 
that the lines are due to a lack of continuity in the metal structure result- 
ing from the presence of foreign material or voids. If not mechanically 
separated the discontinuity is readily healed by diffusion across the 
line in subsequent rolling and annealing operations. 

While it is not clear what the actual cause of discontinuity may be, 
we have found that low copper alloys (68%) may be cast in conventional 
size cakes in such a way that the difficulty does not occur. Bars cast 
with a dry mold dressing were found to have much less than the usual 
amount of residual beta after hot rolling and as a result very few of the 
typical discontinuities. While this is not a feasible commercial practice 
it does suggest that the persistence of the beta constituent noted in bars 
of the same copper content cast in the usual way may be due to some 
selective absorption of gases during casting. 


Authors’ Reply 


The authors wish to thank Mr. Pratt for his very pertinent remarks, 
and we are pleased to learn that there is very little disagreement in our 
findings. 

If bend tests were given to brasses which contain bands of beta, the 
fracture will be at the interface between alpha and beta. The authors 
worked along that line rather than on fractures after the elimination of 
the beta. Would it not be feasible to expect some fracturing during the 
rolling of-the combination structure of alpha and beta which would not 
heal during annealing? If there were no fracturing during. the cold rolling 
of the combination structure, it might be still possible to have fracturing 
at the interface after annealing because of the higher zinc concentration 
at those locations. The complete solution to this question might not be 
answered for some time. 

From the oral discussions of Mr. Jackson and Mr. Jamieson, together 
with Mr. Pratt’s, it appears that the segregation of beta in cartridge brass 
is the “root of all the evil’ causing the laminations. The only way that 
cartridge cases can be properly made is to eliminate the formation of beta 
in the cake. If that cannot be done, then it will be possible to eliminate 
beta by annealing after some early stage of reduction. 

In conclusion, I wish to again thank Messrs. Pratt, Jackson, and 
Jamieson, and Dr. Fine and Dr. Nagler for their valuable contributions to 
this discussion. 
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MANGANESE-ZINC PHASE DIAGRAM 
FROM 0 TO 50% ZINC 


By E. V. Potter AND R. W. HuBER 


Abstract 


The manganese-zinc phase diagram from 0 to 50% 
zinc was determined by X-ray and thermal analysis 
methods, using alloys prepared by powder methods. 

In addition to the four allotropic forms of manga- 
nese (alpha-manganese, beta-manganese, gamma-manga- 
nese, and delta-manganese), three other phases (beta, 
epsilon, and alpha) occur. 

The alpha-manganese phase, existing below 705°C 
(1300 °F ) in pure manganese, showed a 2% solubility for 
sinc. 

The beta-manganese phase, existing in pure manga- 
nese between 705 and 1100 °C (1300 and 2010 °F), would 
dissolve up to 20% zinc, the maximum temperature for 
this single-phase field decreasing to 554°C (1030°F) at 
20% zinc. 

The gamma-manganese phase, existing between 1100 
and 1138 °C (2010 and 2080 °F) in pure manganese, had 
a solubility for zinc of about 40%. This phase has a face- 
centered tetragonal structure with an axial ratio of 0.938 
at 100% manganese, which gradually becomes more nearly 
cubic as zinc 1s added, being cubic with 23% or more of 
zinc. The gamma-manganese phase decomposes eutectoid- 
ally at 554°C (1030°F), forming beta-manganese and 
epsilon, the eutectoid composition being 39% zinc. 

The delta-manganese phase exists from 1138 to 
1245 °C (2080 to 2275 °F) in pure manganese. Its struc- 
ture 1s not known. 

The beta phase exists in a very small field near 45% 
zinc and between 1000 and 650°C (1830 and 1200 °F). 
It forms by a peritectic reaction near 1000 °C (1830°F) 
from gamma-manganese and melt, and decomposes by a 
eutectoidal reaction at 650 °C (1200 °F), forming gamma- 
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manganese and epsilon. It has a body-centered cubic 
structure identical with that of the beta phase in the 
copper-zinc system. 

The epsilon phase has an extensive field, existing 
from 46 to about 90% zinc and between 835 and 250 °C 
(1535 and 480°F). It is formed by a peritectic reaction 
at 835°C (1535°F) from the beta phase and melt, and 
decomposes at low temperatures to form numerous phases, 
only two of which—beta-manganese and alpha—are found 
below 70% zinc. The latter are formed by the eutectoidal 
decomposition of epsilon at 250°C (480 °F), the eutectoid 
composition being about 67.5% zinc. Epsilon has a close- 
packed hexagonal structure and corresponds closely to the 
epsilon phase in the copper-zinc system. 

The alpha phase was not actually observed but has 
been shown by Schramm to exist below 250.°C (480 °F) 
above 50% zinc. 

The diagram from 0 to 50% zinc determined in this 
investigation 1s entirely consistent with that determined by 
Schramm from 50 to 100% zinc. 


INTRODUCTION 


OLLOWING the development by the Bureau of Mines of an 

electrolytic method for producing pure manganese, a number 
of investigations were undertaken to determine the properties and 
uses of this metal. A number of binary and ternary alloy systems 
involving manganese as one constituent were investigated. Among 
these was the copper-manganese-zinc system. In studying such 
ternary systems it is advantageous to know the phase diagrams of the 
three bounding binary systems. The copper-zinc and copper-manga- 
nese (1)* systems are known, but the manganese-zinc system has 
been studied only in the range from 0 to 50% manganese (2). To 
complete this system, an investigation was made in the range from 
50 to 100% manganese; the results are reported in this paper. 

The lack of information regarding the alloys of manganese and 
zinc containing over 50% manganese is undoubtedly due to the great 
difficulty in preparing and heat treating these alloys. Using normal 
fusion methods, the zinc will melt and boil below the melting point 
of manganese, and even the high-zinc alloys must be prepared under 
a cover of sodium and potassium chlorides and borax or in closed 
porcelain or glass vessels (2). Also, after a satisfactory alloy is 
obtained, zinc is readily lost during the heat treating. Therefore, 


*The figures appearing in parentheses" pertain to the references appended to this paper. 
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major problems in investigating this system are that of getting the 
manganese and zinc to interdiffuse and form a homogeneous alloy 
and of retaining the zinc in subsequent heat treating. Powder 
methods offer distinct advantages over fusion methods in satisfac- 
torily solving these difficulties and were used in preparing the alloys 
for this investigation. 


PREPARATION OF ALLOYS 


The manganese powder used in making these alloys was pre- 
pared from fresh electrolytic manganese made at the Boulder City, 
Nevada, station of the Bureau of Mines. This metal was broken 
into small pieces and milled in a 5-inch Abbe porcelain mill with 
fresh flint pebbles. The first charge in the mill was ground for sev- 
eral hours to polish the balls and was discarded. Charges of 400 to 
500 grams of manganese were used and ground for about 10 min- 
utes, the minus 200-mesh material being screened out and the larger 
material returned to the mill for another 10 minutes. Fresh manga- 
nese was added as needed. The zinc powder assayed 99 plus per 
cent zinc and was 200 mesh and finer. 

These powders were mixed on a weight basis, placed in small 
bottles, and shaken and rolled for about one-half hour. Fifty to 70 
grams of each mixture was placed in a % by 6-inch die and pressed 
at a pressure of 25 to 30 tons psi, the green compacts being about 
% inch square. In this condition the specimens, especially above 
90% manganese, were quite friable but could be handled satisfac- 
torily with care. 

The specimens were sintered in quartz tubes filled with helium. 
The sintering was started at 400°C (750 °F), the specimens being 
held at this temperature for 4 hours, after which the temperature 
was increased in steps of 100°C and held for 1 hour at each step up 
to 1000 °C (1830°F). It was hoped that the intimate contact of 
the many small particles of manganese and zinc and the sintering 
at gradually increasing temperatures would result in satisfactory 
interdiffusion of the metals without serious loss of zinc. It was 
found that the alloys above 40% zinc melted partly or completely at 
1000 °C (1830 °F), so in subsequent work the maximum sintering 
temperature was reduced to about 800 °C (1470 °F) for these alloys. 
The samples were quenched when removed from the furnace. 

Microscopic examinations of these alloys were, in general, un- 
satisfactory, due to the porosity of the specimens; but at the low 
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zinc contents, particles that appeared to be pure manganese often 
could be distinguished. To insure maximum homogeneity, the alloys 
up to 26% zinc were sealed in evacuated quartz tubes with molybde- 
num liners and reheated to 1000°C (1830°F) for 18 hours. Mo- 
lybdenum liners were used to prevent undesirable reactions between 
the manganese and the quartz which would occur to an undesirable 
extent at this temperature and time of heat treatment. Chemical 
analysis of these alloys before and after sintering checked the theo- 
retical analyses and showed no appreciable loss of zinc. In a few 
cases, the alloys were prepared from a master alloy containing 15% 
zinc. After sintering, this alloy was powdered and mixed with 
either pure manganese or zinc and prepared as described above. 
Alloys prepared in this way seemed to be no better than those pre- 
pared by the more direct and simple procedure. 


PROCEDURE 


This investigation consisted of two main parts: X-ray investiga- 
tions and thermal analysis investigations. X-ray methods were used 
to determine the phases present and to locate the phase boundaries. 
In some cases, the boundaries were located on the basis of phase 
identification only, but whenever sufficient accurate parameter data 
could be obtained, the variation of parameter with composition was 
also used to locate the phase boundaries. Thermal analysis data were 
used primarily for determining eutectoid temperatures. 

All the X-ray work was done by the powder method. Iron 
radiation was used, the tube operating at about 40 kilovolts potential 
with 9-milliampere current. Full circular cameras with a radius of 
about 7 centimeters were employed, the exposures being about 1 
hour. The X-ray specimens were prepared as follows: Powder 
samples weighing about % gram were placed in stainless steel cap- 
sules and sealed in evacuated containers for heat treating. Pyrex 
glass tubing was used below 700 °C (1290 °F) and Vicor or vitreous 
quartz tubing for higher temperatures. After heat treating, the 
tubes were removed from the furnace and quenched in a methanol- 
water mixture, the tubes being broken under the surface of the liquid 
to insure rapid quenching of the specimen. The sample was dried 
and screened and a portion of the minus 200-mesh particles cemented 
on a very fine glass rod, less than 0.25 millimeter, with diluted 
“Duco” cement. Compositions were checked after heat treating and 
the loss of zinc was negligible. 


ae 
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At the high temperatures (near 1000 °C), half-hour heat treat- 
ments gave very satisfactory diffraction patterns, the alpha doublets 
being readily resolved. At low temperatures, especially below 500 °C 
(930 °F), much longer times were used, 300 to 500 hours being 
used at 200°C (390°F). At the high temperatures, the heat treat- 
ing time was limited primarily by the tendency for the particles to 
fuse together. At the low temperatures, this did not occur but some 
oxidation and loss of zinc occurred if the times were too long. Be- 
low 500 °C (930 °F), the reactions are quite slow and even after the 
200 to 500 hours allowed for some of these alloys, the inconsisten- 
cies in the results indicated lack of complete equilibrium. This made 
it impossible to locate phase boundaries above 20% zinc by parameter 
measurements, and below 400°C (750 °F) phase identifications are 
questionable. 

The thermal analyses were made using a special Leeds & 
Northrup Micromax recording potentiometer, in which the chart 
drive motor was replaced by a special drive motor controlled by an 
indicating Micromax potentiometer. Both horizontal and vertical 
motions were completely reversible, and both were approximately 10 
inches and corresponded to 10 or 50 millivolts input. The horizontal 
scale was the temperature differential between the specimen and a 
nickel sleeve, and the vertical scale was the temperature. The speci- 
mens used in this work were 34-inch lengths of the sintered bars, 
these being swaged to approximate rounds (about 0.225 inch in di- 
ameter) to fit the nickel sleeve. A hole about 3% inch deep was 
drilled in one end to fit a thermocouple. In this work, the specimen 
could not be conveniently enclosed and oxidation and loss of zinc 
occurred. The method was therefore unsatisfactory for high-tem- 
perature work, such as locating the liquidus and solidus lines. Slug- 
gishness of the reactions made it difficult to locate many of the other 
transitions. It was quite satisfactory for determining eutectoid 
temperatures, however, as some change in composition can be toler- 
ated in such cases and the heat changes associated with these reactions 
are greater than those occurring with other types of transitions. 


RESULTS 


The results of this investigation are presented in three parts: 
X-ray phase identification, X-ray parameter determinations, and 
thermal analysis determinations. For the most part the various 
results agree quite well. A diagram showing the composite result 
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Fig. 1—Manganese-Zinc Phase Diagram. 


is given in Fig. 1. The manner in which the various plotted points 
were obtained is indicated by the legend in the figure. The bound- 
aries determined in this investigation are shown by the heavy solid 
lines as distinguished from the light solid lines showing the results 
of Schramm’s (2) work. The uncertain boundaries are indicated 
by the broken lines. Because of the small number of alloys in cer- 
tain fields, parameter determinations were unreliable, and these phase 
boundaries were determined solely on the basis of phase identifica- 
tion. In other cases, both X-ray methods could be used and the 
indicated boundary is that considered to be most probable from both 
sets of data. The indications agree so closely in all these cases, how- 
ever, that no significant discrepancies were found. These data indi- 
cated the presence of two eutectoids, BSsy-Mn-+e and y-Mns 
B-Mn-+e. X-ray methods are not well adapted for locating the 
eutectoid temperatures, however, so thermal analysis techniques were 
used to do this. Thermal analysis data and the X-ray indications 
agreed well on the temperature at which the 8 sy-Mn + « reaction 
occurs. X-ray data place it above 649°C (1200°F) and thermal 
analysis data at 646+9°C. It is shown at 650°C (1200°F), 


- 
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which is consistent with both sets of observations. Thermal analysis 
data place the y-Mnss5 8-Mn-+-e reaction at 554+2°C; X-ray 
data are inconclusive. The transition is therefore shown at 554 °C 
(1030 °F). 

The transformation temperatures for pure manganese used in 
Fig. 1 are given in Table I. Except for the a~-Mnss B-Mn transi- 
tion, the values given are the most reliable values based on three 
independent methods, hydrogen solubility, heat content, and thermal 
analyses. These investigations are discussed in an earlier paper (3). 
Because of the sluggishness of the a-Mns; 8-Mn transition, there 
is some uncertainty regarding proper location of this point. The 
temperature given in the table and used in the diagram is that used 
in an earlier work (1) and may be in error by 10 or 15 °C. 





Table I 
Transition Points in Manganese 
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X-Ray PHASE IDENTIFICATION 


The alloys used in these investigations ranged from 1 to 52% 
zinc and were heat treated at temperatures from 200 to 1000°C 
(390 to 1830°F). The phases found in them, based on X-ray 
diffraction patterns, are tabulated in Table II. Five of the phases 
shown in the phase diagram (Fig. 1)—alpha-manganese, beta-man- 
ganese, gamma-manganese, beta, and epsilon—were definitely iden- 
tified in these alloys; two of them—delta-manganese and alpha— 
were not actually found but other evidence that will be cited later 
shows that they exist. 

The alpha-manganese phase is found in a very small field. It is 
stable below 705°C (1300 °F) and up to between 1 and 2% zinc. 
It is a body-centered cube, having 58 atoms in a unit cell, and in 
pure manganese its parameter is 8.894 A. 

The beta-manganese phase extends from 0 to 20% zinc. In 
pure manganese it is stable from 705 to 1100 °C (1300 to 2010 °F), 
these temperatures decreasing as zinc is added, the upper temperature 
decreasing to 554°C (1030°F) at 20% zinc. It has a cubic struc- 
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ture with 20 atoms to the unit cell and in pure manganese its 
parameter is 6.300 A. 

The gamma-manganese phase extends from 0 to 40% zinc. It 
is stable only at the higher temperatures, undergoing a eutectoid 
transformation at about 554°C (1030°F), forming beta-manganese 
and epsilon. The composition of the eutectoid is about 39% zinc. 
At 100% manganese, gamma-manganese has a tetragonal structure, 
the parameter being 3.774 A and the axial ratio 0.938. As zinc is 
added, the structure gradually changes, becoming cubic near 20% 
zinc. This will be discussed in more detail later. 

The delta-manganese phase is found between 1138 and 1245 °C 
(2080 and 2275 °F) in pure manganese. It was not found in any 
of the alloys in this investigation, and has not been observed directly 
by either X-ray or microscopic means. Apparently it is very un- 
stable at room temperature, as it has never been successfully retained 
by quenching either in pure manganese or in an alloy. Neither its 
structure nor the nature of its transition to gamma-manganese is 
known but its existence has been shown by other methods (1), (3) ; 
for the sake of completeness, in Fig. 1 it is shown to decompose 
eutectoidally, forming gamma-manganese and melt somewhat below 
1138 °C (2080 °F). 

The beta phase is found between about 39 and 47% zinc and 
only at high temperatures. It is formed by a peritectic reaction 
between gamma-manganese and melt occurring near 1000°C 
(1830°F). It decomposes at about 650°C (1200°F), forming 
gamma-manganese and epsilon. It is a simple body-centered cube, 
with 2 atoms to the unit cell. A 45% zinc alloy quenched from 
871°C (1600°F) has a parameter of 3.054 A. This phase has the 
same structure as that of the beta-brass in the copper-zinc system. 
The latter has a somewhat smaller parameter, however, varying from 
2.94 to 2.95 between 38 and 55% zinc. 

The epsilon phase is found above about 46% zinc and extends, 
according to Schramm (2), up to 90.5% zinc. It is stable only at the 
higher temperatures. It is formed by a peritectic reaction between 
beta and melt at 835°C (1535°F) and at lower temperatures de- 
composes in various ways to form a number of phases, beta-manga- 
nese and alpha being the only two occurring in the composition range 
shown in Fig. 1. Epsilon has a close-packed hexagonal structure, 
with 2 atoms to the unit cell. At 50% zinc, it has a parameter of 
2.726 A and an axial ratio of 1.631. 
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The alpha phase was not actually observed in any of the alloys 
used in this investigation. It is formed by the eutectoidal decompo- 
sition of epsilon forming beta-manganese and alpha, which, accord- 
ing to Schramm (2), occurs near 250°C (480°F). This phase 
was observed by him in alloys from 23 to 50% manganese, but only 
after very prolonged slow cooling to room temperature, requiring 
many weeks. Alpha has a simple face-centered cubic structure with 
4 atoms to the unit cell. In the 23% manganese alloy it has a 
parameter of 3.849 A. 


X-RAy PARAMETER DETERMINATIONS 


All the alloys listed in Table II did not give good enough dif- 
fraction patterns to provide accurate parameter data, even though 
they were satisfactory for phase identification. The parameters 
of the various phases were determined whenever possible, however, 
and these data were used to obtain normal parameter curves and 
locate phase boundaries. 

Alpha-Manganese Phase—The parameters of the alpha-manga- 
nese phase are shown in Table III, any other phases also present 
being indicated. Since only two of the alloys were single-phase, a 
normal parameter curve for the alpha-manganese phase could not be 
obtained, and the alpha-manganese, alpha-manganese plus _beta- 
manganese boundary could not be located in this way. The parameter 
of the alpha-manganese phase in the two-phase alloys is quite uni- 
form and averages about 8.913 A as compared to 8.894 A for normal 
alpha-manganese. The enlargement due to the zinc in solution with 
the alpha-manganese is about 0.2% and is practically the same as that 
produced by the copper in the copper-manganese system (1). In 
each case, their solubility in alpha-manganese is about 2%. 

Beta-Manganese Phase—The parameters of the beta-manganese 





Table Ill 
Parameters of the Alpha-Manganese Phase 
Composition, 
Per Cent Temperature, °C 

Zn 649 538 427 316 200* 

1.09 B-Mn+8.914 §-Mn+ 8.898 8.897 8.902 

2.76 B-Mn + 8.912 B-Mn+8.912 6-Mn+8.913 a-Mn+8-Mn? 

3.37 B-Mn + 8.914 B-Mn+8.912 B-Mn+8.913 a-Mn+8-Mn 
10.6 n B-Mn+a-Mn a-Mn+8-Mn a-Mn-+6-Mn 
13.5 B-Mn 8-Mn+a-Mn a-Mn+8-Mn a-Mn+8-Mn 


16.9 B-Mn + a-Mn B-Mn 


*Equilibrium conditions questionable. 
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NORMAL PARAMETER CURVE 
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Composition, Zinc % 


Fig. 2—Parameters of Beta-Manganese Phase. 


phase are shown in Table IV, any other phases also present being 
indicated. In this case, at practically each composition, several sin- 
gle-phase alloys were found. The parameters of these alloys were 
used to determine the normal parameter curve for the beta-manganese 
phase. This curve is the solid line in Fig. 2. It passes through 
6.300 A at 0% zinc, this being the accepted parameter value for pure 
beta-manganese. 

The broken horizontal lines represent the parameters of the 
beta-manganese phase in the two-phase alloys at the designated tem- 
peratures. These are necessarily horizontal because the parameters 
of the phases in the two-phase fields are independent of composition 
and vary only with temperature. The lines to the left of the normal 
parameter curve are for the beta-manganese phase in the alpha- 
manganese plus beta-manganese field. The lines to the right of the 
normal parameter curve, for temperatures of 871, 760, 649 and 538 
°C (1600, 1400, 1200 and 1000°F), represent the beta-manganese 
phase in the beta-manganese plus gamma-manganese field; the 427 
and 316°C (800 and 600 °F) lines are for the beta-manganese phase 
in the beta-manganese plus epsilon field. These lines represent the 
average or most probable parameter value, determined from the data 
for the two-phase alloys listed in Table IV; the actual values used 
are given in Table V. The intersection of these lines and the normal 
parameter curve determine the composition of the beta-manganese 
phase at the boundary between the single-phase beta-manganese field 
and the two-phase fields at the various temperatures. These compo- 
sition values are listed in Table V and plotted in Fig. 1. 
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The boundary between the alpha-manganese plus beta-manganese 
field and the beta-manganese field shown in Fig. 1 was determined 
in this way and agrees perfectly with the results of the X-ray phase- 
identification studies except at 200°C (390°F). The indicated 
boundary at 200°C (390°F) is considered unreliable, as only a 
single two-phase alloy was available for parameter determinations 
and it is very difficult to obtain true equilibrium conditions in the 
alloys at this low temperature. 

The boundary between the beta-manganese field and the beta- 
manganese plus gamma-manganese field in Fig. 1 was also deter- 
mined from the data in Table V. The agreement with the results 
of the phase-identification studies is quite satisfactory although some 
discrepancies exist. At each of the temperatures, 1000 and 760°C 
(1830 and 1400°F), one of the alloys identified as single-phase 
beta-manganese is included in the two-phase beta-manganese plus 
gamma-manganese field. In each case it lies very close to the 
boundary, however, and would contain only a small amount of 
gamma-manganese which might not be detectable in the X-ray 
diffraction patterns. At 871°C (1600°F), the boundary indicated 
in Table V is very obviously in error; it was based on a single 
parameter determination and was so obviously in error that it was 
completely neglected in locating the boundary shown in Fig. 1. The 
lower end of this boundary has been modified slightly to meet the 
eutectoid line located at 554°C (1030 °F) by thermal analysis stud- 
ies. X-ray data on most of the alloys from 20 to 45% zinc at 538 °C 
(1000 °F) would place the eutectoid temperature below 538°C 





Table V 





Beta-Manganese Phase Boundaries 
Temperature,. °C Parameter, A Composition, Per Cent Zn 
a-Mn+ 8-Mns 8-Mn 
649 6.333 5 
538 6.380 ian 
427 6.409 16.5 
316 6.413 17.1 
200 6.402* 1§.5° 
8-Mns 8-Mn+4-Mn 
871 6.367* 10.2* 
760 6.368 10.4 
649 6.396 14.6 
538 6.434 20.4 
B-MnsB8-Mn-+ 
427 6.430* 19,7* 
316 6.431* 19,9* 


*Not reliable, equilibrium conditions questionable. 
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(1000°F). One alloy, however, shows three phases—gamma-man- 
ganese, beta-manganese, and epsilon. The presence of the epsilon 
phase would indicate that the eutectoid temperature is above 538 °C 
(1000 °F) and the alloy has not had time to reach equilibrium. Be- 
cause of this uncertainty in locating the eutectoid temperature by 
X-ray means, it is shown in Fig. 1 at the temperature indicated by 
the thermal analysis data, some revision of the X-ray boundaries 
in this part of the diagram being required. 


Axial Ratio 





Composition, Zinc % 


Fig. 3—Axial Ratio of Gamma-Manganese Phase. 


The boundary between the beta-manganese field and the beta- 
manganese plus epsilon field is uncertain. The beta-manganese 
parameter in the alloys above 20% zinc varies with composition, 
even though two phases are present. This indicates lack of equi- 
librium, and the boundary indicated in Fig. 1 is thought to be the 
most probable one on the basis of the data available. 

Gamma-Manganese Phase—The .gamma-manganese phase is 
more complicated than the beta-manganese phase in that it changes 
from a face-centered tetragonal structure at 100% manganese to a 
face-centered cubic structure at about 23% zinc. The parameters 
and axial ratios of this phase for various alloys are given in Table VI 
and the variation of axial ratio with composition is shown in Fig. 3. 
This behavior is exactly analogous to that of the gamma phase in 
the copper-manganese system (1), and since two variables are in- 
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Atomic Volume 


NORMAL ATOMIC VOLUME CURVE 
ATOMIC VOLUME OF TWO PHASE ALLOYS 
SINGLE PHASE ALLOYS 

TWO PHASE ALLOYS 





Composition, Zinc % 


Fig. 4—Atomic Volumes of Gamma-Manganese Phase. 


volved, it is more convenient to combine them and deal with atomic 
volumes rather than axial lengths in determining the phase bound- 
aries. 

In Table VII, the atomic volume of the gamma-manganese phase 
is given for all the alloys where reliable values were obtainable ; other 
phases associated with the gamma-manganese phase are also indi- 
cated. Average values of atomic volume for the single-phase alloys 
were obtained from data in Table VII and plotted against composi- 
tion in Fig. 4. Since these points were somewhat scattered but 
showed no definite tendency to curve, these values of atomic volume 
along with the value of 12.605 for pure gamma-manganese were 
treated by least square methods to obtain the best-fitting straight line. 
This normal atomic volume is shown by the solid line in Fig. 4. 
The broken horizontal lines represent the atomic volumes of the 


Table VI 








Parameters and Axial Ratios of Gamma-Manganese Phase 
Composition, Per Cent Zn Parameter, a, A Axial ratio c:a 

0 3.774 0.938 
16.9 3.814 0.953 
17.5 3.807 0.954 
20.0 3.805 0.960 
22.5 3.795 0.98 
23 3.774 1.00 
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gamma-manganese phase in the two-phase fields—beta-manganese 
plus gamma-manganese, gamma-manganese plus beta, and gamma-. 
manganese plus epsilon. The lines to the left of the normal curve 
are for the gamma-manganese phase in the beta-manganese plus 
gamma-manganese field. The line to the right of the normal curve 
for 760°C (1400°F) is for gamma-manganese in the gamma- 
manganese plus beta and gamma-manganese plus epsilon fields. These 
lines represent the average or most probable atomic volume deter- 
mined from the data, for the two-phase alloys listed in Table VII, 
the actual values used being given in Table VIII. The intersections 
of these lines with the normal atomic volume curve determine the 
composition of the gamma-manganese phase at the boundaries of 
the single-phase gamma-manganese field and the two-phase fields 
for the various temperatures. These compositions are listed in 
Table VIII and plotted in Fig. 1. 

The boundary between the beta-manganese plus gamma-manga- 
nese field and the gamma-manganese field in Fig. 1 is located from 
the data in Table VIII. Except at 1000°C (1830°F), it agrees 
perfectly with the phase-identification results. At 1000 °C (1830 °F), 
one of the alloys identified as gamma-manganese plus beta-manganese 
is slightly in the gamma-manganese field. This discrepancy is of no 
consequence, however, as only a slight shift in temperature or com- 
position would place this alloy in the two-phase field. 


Table VII 
Atomic Volume of the Gamma-Manganese Phase 


Composition, 
Per Cent —_—_— ——T erperature, °C- 


Zn 1000 982 871 760 649 538 

10.6 ii B-Mn+ 13.01 y-Mn+ 6-M B-M 

13.5 13.11 y-Mn + 6-Mn? B-Mn +7. Mn B-Mn 

16.9 13.20 B-Mn+13.26 y-Mn+8-Mn 8-Mn-+ 13:54 B-Mn 
17.5 13.16 

20 13.22 

22.5 13.39 

23 baie 13.44 13.45 y-Mn+8-Mn §-Mn+13.57 y-Mn-+ 6-Mn 
26 13.60 13.52 13.54 B-Mn+ 13.57 B-Mn+ 13.83 
32 13.79 13.72 13.71 13.69 B-Mn+ 13.83 
36.7 y-Mn+8 13.78 13.75 13.77 B-Mn-+ 13.83 
40 13.84* 

43 8+ 13.88 e+ 13.90 e+ 13.90 
45 B+e e+ 13.90 e+ 13.89 


The point at 760°C (1400°F) on the boundary between the 
gamma-manganese field and the gamma-manganese plus beta field 
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is also quite satisfactory. It is not sufficient to determine the bound- 
ary but is quite consistent with the indications of the phase-identifi- 


cation studies, the boundary in Fig. 1 being located to satisfy both 
sets of data. 











Table VIII 





Gamma-Manganese Phase Boundaries 
Temperature, °C Atomic Volume Composition, Per Cent Zn 
B-Mn+y7-Mnsy-Mn 
982 13.01 11.6 
871 13.26 19.5 
649 13.56 28.9 
538 13.83 37.3 
¥y-Mns7-Mn-+ 8 
760 13.88 38.8 
y-Mns7y-Mn-+e 
649 13.90 39.5 


538 13.895 39.3 





The boundary between the gamma-manganese field and the 
gamma-manganese plus epsilon field located by atomic volumes also 
agrees satisfactorily with the results of the phase-identification stud- 
ies. In this region, some revision of the X-ray results is required 
to make the boundaries conform to the eutectoid line at about 554 °C 
(1030°F). This was discussed earlier in connection with the beta- 
manganese phase boundaries. 

Beta Phase—Since only one single-phase beta alloy was found 
and the field is so limited in extent, the parameter data are insuffi- 
cient for phase-boundary determinations. The parameter of this 
one alloy containing 45% zinc was 3.054 A, the same value as was 
obtained by Schramm (2) for a 44% zinc alloy. Considering the 
difficulties involved in obtaining accurate analyses, these results agree 
very well. The boundaries of the beta-phase field were of necessity 
located solely on the results of the phase-identification studies and 
Schramm’s work. The exact temperature of the peritectic reaction 
shown at 1000 °C (1830°F) in Fig. 1 is not known. It must be 
above 982°C (1800°F), since at this temperature a 36.7% zinc 
alloy contains both gamma-manganese and beta. It cannot be much 
over 1000 °C (1830 °F), however, as it would be difficult to obtain 
phase boundaries consistent with the observed phases and extend the 
beta field to much higher temperatures. 

The extent of the peritectic reaction line located at 835°C 
(1535 °F) by Schramm (2) also is not known definitely. He termi- 
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nated it at about 51% zinc, but it would be very improbable that the 
boundary between the beta field and the beta plus epsilon field should 
rise sharply above the 650°C (1200°F) eutectoid line, include the 
45% zinc alloy at 760°C (1400°F) in the beta plus epsilon field, 
and then bend sharply to the right, meeting the 835°C (1535 °F) 
peritectic line at 51% zinc. For this reason the 835°C (1535 °F) 
peritectic line has been extended to about 47.5% zinc, making the 
boundary between beta and beta plus epsilon look more reasonable 
and still placing the 45% zinc alloy at 871 °C (1600 °F) in the beta 
field. The composition of the beta eutectoid is not definitely known, 
but must be close to 44% zinc. 

Epsilon Phase—Parameter values could be readily obtained on 
the epsilon phase. In the epsilon field, the parameter decreased from 
2.757 A at 84% zinc to 2.726 A at 50% zinc, while the axial ratio 
increased from 1.609 at 84% zinc to 1.631 at 50% zinc. In the two- 
phase alloys, however, satisfactory equilibrium conditions were never 
achieved. Phase boundaries located on the basis of the epsilon 
parameter in three alloys were inconsistent with phase-identification 
results and Schramm’s results (2). For this reason the exact ex- 
tent of the eutectoid lines at 650 and 554°C (1200 and 1030 °F) 
are not definitely known and the boundaries between the two-phase 
fields (beta plus epsilon, gamma-manganese plus epsilon, and beta- 
manganese plus epsilon) and the single-phase epsilon field cannot 
be located definitely. Our phase-identification results and Schramm’s 
data locate them within close limits, however, placing the right end 
of the 650°C (1200°F) eutectoid line between 45 and 48% zinc 
and the end of the 550°C (1020 °F) eutectoid line between 45 and 
49% zinc. 


THERMAL ANALYSIS DETERMINATIONS 


The results of the thermal analysis determinations are shown 
in Table IX. Variations in zinc content and oxidation unavoidable 
with the apparatus available made it difficult to locate phase bound- 
aries other than eutectoids with satisfactory certainty, so only the 
data pertaining to the eutectoid reactions are shown. These values 
are also shown in Fig. 1. 

Three of the alloys showed breaks in the temperature differential 
curves near 650°C (1200°F) where the phase-identification data 
indicate a eutectoid reaction should occur, the beta phase decompos- 
ing on cooling to form the gamma-manganese plus epsilon. The 


- 


- 
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X-ray data indicate the eutectoid temperature to be between 649 and 
760 °C _ (1200 and 1400 °F), while the average temperature from the 
thermal analysis data (Table IX) is 646+9°C. This agreement 
is satisfactory, the eutectoid temperature shown in Fig. 1 being 
placed at 650 °C (1200 °F). 


Table 1X 
Thermal Analysis Data 


Composition, —————-——Eutectoid Temperatures 





Per Cent Zn *esS6-Mn+a y-Mns B-Mn +e sy-Mn-+e 

26 hie 552 ae" 

32 255 555 

36.5 259 552 at 

40 247 558 638 

43 258 555 662 

45 243 554 638 

50 235 won bin 
Average values 249 + 6 554 +2 646 +9 





*Indications unreliable. See text regarding this reaction. 





Six of the alloys showed breaks in the temperature differential 
curves near 550°C (1020°F) where the phase-identification data 
indicate another eutectoid reaction to occur, gamma-manganese de- 
composing to form beta-manganese plus epsilon. In this case, the 
thermal analysis data place the eutectoid temperature at 554 + 2 °C, 
while the X-ray phase identification data show the gamma-manga- 
nese plus beta-manganese and the gamma-manganese plus epsilon 
fields to extend to 538°C (1000°F). In one alloy, however, three 
phases—beta-manganese, gamma-manganese, and epsilon—are found. 
Since these alloys were originally quenched from high temperatures 
and reheated, it is very likely that they have not had time to reach 
equilibrium conditions and have retained their high-temperature 
structures, the alloy at 36.7% zinc showing three phases being more 
advanced, its original single-phase, gamma-manganese structure, being 
partly broken down to form beta-manganese and epsilon. This incon- 
sistency in the X-ray data and the close agreement in the temperature 
indicated by thermal analysis (Table 1X) indicate that the thermal 
analysis data are the most reliable and the eutectoid is shown in 
Fig. 1 at 554°C (1030°F) in agreement with these results. 

Six of the alloys also showed breaks in the temperature differ- 
ential curve near 250°C (480°F) where Schramm (2) placed the 
eutectoid reaction «<3 8-Mn-+a. These breaks were observed only 
in alloys originally quenched from high temperatures, however, and 
it is extremely doubtful if the transition indicated is that between 
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beta-manganese plus alpha and beta-manganese plus epsilon. More 
likely, it is due to some higher temperature phases changing to 
beta-manganese plus epsilon, in which case the average temperature 
of 249+ 6°C (Table IX) has no connection with the eutectoid 
reaction found by Schramm (2) and the close agreement in the two 
temperatures is purely accidental and without significance. The 
observed points are shown in Fig. 1, however, but the eutectoid 
temperature line is shown dotted to indicate the uncertainty of its 
proper location. 


SUMMARY AND CONCLUSIONS 


The phase diagram of the manganese-zinc alloy system from 0 
to 50% zinc was determined by X-ray and thermal analysis methods 
using alloys prepared by powder methods. The following five phases 
were observed: 

Alpha-Manganese—This is a manganese solid solution existing 
below 705°C (1300°F). It is homogeneous up to about 2% zinc 
and has a body-centered cubic structure with 58 atoms to the unit cell. 
Its parameter is 8.894 A for pure manganese and increases to 8.913 A 
with 2% zinc. 

Beta-Manganese—This phase is a manganese solid solution ex- 
isting between 705 and 1100 °C (1300 and 2010 °F) in pure manga- 
nese and is homogeneous up to about 20% zinc; the temperature 
limits decrease as zinc is added, the maximum temperature being 
554°C (1030°F) at 20% zinc. It has a cubic structure, the 
parameter increasing from 6.300 A for pure manganese to 6.433 A 
at 20% zinc. 

Gamma-Manganese—This phase is a manganese solid solution. 
In pure manganese it exists between 1100 and 1138°C (2010 and 
2080 °F) and is homogeneous up to about 40% zinc. It decomposes 
eutectoidally at 554°C (1030°F), forming beta-manganese and 
epsilon. The eutectoid composition is about 39% zinc. It has a 
face-centered structure, being tetragonal up to 23% zinc and cubic 
from there to 40% zinc. It has a parameter of 3.774 A and an axial 
ratio of 0.938 in pure manganese, the atomic volume being 12.60, 
increasing to 13.9 at 40% zinc. 

Beta—The beta phase exists from about 38 to 47% zinc. The 
exact limits cannot be determined readily but all the experimental 
evidence indicates that its field is very small. It forms by a peritectic 
reaction from gamma-manganese, melts at about 1000 °C (1830 °F), 
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and decomposes by a eutectoid reaction, forming gamma-manganese 
plus epsilon at about 650 °C (1200°F). The peritectoid composition 
is about 36% zinc and the eutectoid composition about 44% zinc. 
It has a body-centered cubic structure with 2 atoms to the unit cell 
and a parameter of about 3.054 A. It is analogous to the beta phase 
in the copper-zinc system. 

Epsilon—The epsilon phase is homogeneous from about 46 to 
90% zinc (see Schramm). It forms by a peritectic reaction from 
beta plus melt at 835 °C (1535 °F), decomposing in various ways to 
form many phases at low temperatures, the only reaction occurring 
in the composition range shown in Fig. 1 being the eutectoidal de- 
composition at about 250°C (480 °F), below which beta-manganese 
and alpha are formed. The peritectoid composition is about 55% 
zinc and the eutectoid composition about 67.5% zinc. It has a 
close-packed hexagonal structure with 2 atoms to the unit cell, the 
parameter decreasing from 2.757 A at 84% zinc to 2.726A at 50% 
zinc while the axial ratio increases from 1.609 at 84% zinc to 1.631 
at 50% zinc. 

Two other phases not actually observed are indicated by other 
data and the results of other investigators. They are: 

Delta-Manganese—This phase is a manganese solid solution, 
existing between 1138 and 1245°C (2080 and 2270°F) in pure 
manganese. Its structure is unknown. 

Alpha—tThis phase is formed by the decomposition of epsilon 
at 250°C (480°F), forming a beta-manganese and alpha. This 
reaction was shown by an earlier investigation by Schramm (2) on 
alloys above 50% zinc. This phase has a simple face-centered cubic 
structure with 4 atoms to the unit cell and its parameter is about 
3.849 A. 

Four eutectoid reactions and two peritectoid reactions are indi- 
cated. They are: 


B ss y-Mn }+ eat 650 °C. 
This was located by X-ray and thermal analysis methods. 


y-Mn s B-Mn + eat 554 °C. 


This was indicated by X-ray data and located by thermal analysis 
methods. 


«= B-Mn-+a 


This is based on an earlier investigation by Schramm (2). 
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§-Mn s y-Mn + melt 


The nature of this reaction and its temperature are unknown. It is 
shown as a eutectoid reaction, delta-manganese decomposing to form 
gamma-manganese plus melt at a temperature below 1138°C (2080 
°F), only to complete the phase diagram, dotted lines (Fig. 1) 
being used to indicate the uncertainty. 


B= y-Mn + melt 


The temperature of this reaction is not definitely known. It must be 
above 982°C (1800°F) and cannot be much over 1000°C (1830 
°F). It is indicated at 1000 °C (1830 °F). 


«<= B + melt at 835 °C. 


This was determined by investigations of Schramm (2) on manga- 
nese-zine alloys containing over 50% zinc. 

The results of this investigation up to 50% zinc are in complete 
accord with Schramm’s results (shown by the light lines in Fig. 1) 
above 50% zinc and complete the data on the manganese-zinc phase 
diagram. 
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DISCUSSION 


Written Discussion: By W. M. Baldwin, Jr., research professor, 
Department of Metallurgical Engineering, Case Institute of Technology, 
Cleveland. 

There is a point in connection with Fig. 1 which I would appreciate 
having clarified. In the legend in the upper right-hand corner of this 
diagram, it is implied that X-ray determinations of the liquid phase, and 
liquid plus solid regions, were made. Although it is not stated explicitly, 
it would seem from the description in the second paragraph under 
“Procedure” that the X-ray determinations were made at room tempera- 
ture. I have never heard of any X-ray technique, carried on at room 
temperature, by which a positive identification of these two regions could 
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be made. Were these two regions identified by specific X-ray technique, 
or were they identified in the course of preparation of a specimen for 
general X-ray investigation? This is a minor matter and certainly does 
not detract from the excellent value of the paper as a whole. 


Authors’ Reply 


The authors thank Dr. Baldwin for his comments concerning this 
paper. 

The legend referred to is misleading and the symbols for the solid + 
melt and melt fields should have been listed separately in the diagram. 
These two _regions were identified by direct observation of the sintered 
powder compacts. In the text under preparation of alloys, brief mention 
is made of the alloys above 40% zinc melting partly or completely at 
1000 °C (1830°F). Some partial melting was also observed at 982 and 
871 °C (1800 and 1600 °F). 











THE ISOTHERMAL DECOMPOSITION OF MARTENSITE 
AND RETAINED AUSTENITE 


By B. L. AvERBACH AND Morris CoHEN 


' Abstract 


The rates of isothermal martensite and retained 
austenite decomposition have been determined by means 
of X-ray and precision length measurements. During the 
first stage of tempering, martensite contracts because of 
a rejection of carbon until it reaches pseudo-equilibrium 
with a transition precipitate. This martensite decomposi- 
tion proceeds according to a modified first-order equation. 
At the end of the first stage there is still considerable 
carbon dissolved in the martensite lattice. 

Retained austenite also decomposes isothermally at 
relatively low aging temperatures. It has been shown that 
the austenite-martensite reaction on hardening does not 
stop sharply when cooling stops and as much as 5% of 
retained austenite may transform isothermally into mar- 
tensite at room temperature. The isothermal austenite 
decomposition proceeds rapidly during the first 1.5 hours 
after the quench, but it continues at a diminishing rate 
for several months. The rate of this reaction is not 
affected by tempering, although if the tempering tempera- 
ture and/or time are increased sufficiently the austenite 
decomposes into bainite with a heat of activation of about 
38,000 cal/mol. 


HE tempering of high carbon martensitic steel has been studied 

extensively by means of dilatometric, specific volume, metallo- 
graphic, magnetic, X-ray, hardness, and electrical resistance methods 
(1), (2), (3), (4).2. Asa result of these investigations, the temper- 
ing process for plain carbon and low alloy tool steels may be sum- 
marized as follows: 





1The figures appearing in parentheses pertain to the references appended to this paper. 


This paper is taken from a thesis submitted by B. L. Averbach in September 1947 in 
partial fulfillment for the degree of Doctor of Science in Metallurgy at the Massachusetts 
Institute of Technology. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, B. L. Averbach 
is assistant professor, and Morris Cohen is professor of physical metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. Manuscript received 
April 15, 1948. 


~ 1024 





1949 ISOTHERMAL DECOMPOSITION OF MARTENSITE 1025 


1. Immediately after quenching, the hardened steel consists of 
untempered martensite, retained austenite and undissolved 
carbides. This presupposes, of course, that decomposition 
products such as pearlite and bainite are not formed during 
quenching. 

2. Untempered martensite may be considered a supersaturated 
solution of carbon in alpha iron, with the interstitial carbon 
atoms located preferentially in such a fashion that the re- 
sulting lattice is measurably tetragonal. If the latter struc- 
ture is heated at temperatures less than approximately 400 °F 
(205 °C), a carbon-rich transition product (not cementite) 
is precipitated, and this process has been called the first stage 
of tempering. During the process of carbon rejection, the 
martensite lattice contracts in volume and also becomes less 
tetragonal. 

3. At temperatures between about 400 to 600°F (205 to 
315 °C), the retained austenite is decomposed into a struc- 
ture resembling bainite, and this transformation, which is 
the second stage of tempering, causes an increase in volume. 

4. As the temperature is raised beyond 400 °F, the transition 
precipitate is converted to cementite and results in the third 
stage of tempering. It is marked by a considerable decrease 
in volume, and overlaps the austenite decomposition reaction. 

The kinetics of the martensite decomposition, however, are not 

easily studied by the above methods. Changes in volume, in length, 
or in other macro-properties, which accompany the various steps in 
the martensite decomposition are usually too small to be clearly re- 
solved by these techniques, and additional complications arise because 
of the overlapping effects caused by the presence of retained aus- 
tenite. In principle, the X-ray method can isolate the martensite 
phase and is, therefore, unaffected by what happens to the austenite ; 
but lattice determinations lack sufficient precision to establish the 
kinetics of the reaction because of the broadness of the martensite 
diffraction lines from a polycrystalline sample. Kurdjumov and 
Lyssak (5) have improved the precision of this technique greatly 
by using single crystals of martensite, and thus were able to show 
that the martensite tetragonality persists on tempering up to 570 °F 
(300°C). The lingering tetragonality indicates that even after the 
first stage of tempering appreciable carbon remains dissolved in the 
martensite lattice. From specific volume data, these investigators 
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also catalogued the decomposition as a first-order reaction, but the 
measurements were not sufficiently precise to establish the kinetic 
behavior accurately. 

In a previous paper (6), the present authors studied the dimen- 
sional stability of hardened tool steels as a function of time at 68 °F 
by a method which could distinguish changes in length as small as 
1 < 10° in/in. It was shown that such observations yielded the 
algebraic sum of two reactions at room temperature: (a) the con- 
traction caused by the decomposition of martensite during the first 
stage of tempering, and (b) the expansion caused by the decomposi- 
tion of retained austenite into an unspecified product which was 
more voluminous than the austenite. Obviously, an important exten- 
sion of this procedure was to temper a series of hardened steels at 
various temperatures so that accurate changes in length could be 
observed as a function of temperature as well as time. Such experi- 
ments have since been performed, and the results are presented in 
this paper. However, on tempering at elevated temperatures, the 
decomposition of the retained austenite assumed a more significant 
role than had been hitherto appreciated; and this made it essential 
to measure the retained austenite with greater certainty and absolute- 
ness than was previously possible. Fortunately, a new X-ray method 
became available (7) which was capable of quantitatively determin- 
ing austenite even in specimens where none could be found before. 
For example, earlier X-ray techniques had indicated that, with plain 
carbon tool steels, refrigeration into liquid nitrogen immediately after 
the hardening quench could transform practically all of the retained 
austenite into martensite (8), (9), but the new technique was able to 
detect and measure 1 to 3% of austenite after this treatment. 

With precise knowledge of the austenite contents in a given steel 
after hardening and after subcooling, it became possible to differ- 
entiate between the austenite and martensite transformations during 
tempering merely by measuring changes in length on tempering a 
pair of specimens, one hardened and the other refrigerated. Such 
dimensional observations, made in pairs, yielded simultaneous equa- 
tions which were solvable for the respective contributions of the 
austenite-decomposition expansion and the martensite-decomposition 
contraction. In this fashion, the kinetics of the tempering process 
could be studied in considerable detail. 

However, as will be explained shortly, it was not feasible to 
make the precision length determinations within the first 1% hours 
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after the hardening or subcooling operations; yet important changes 
were suspected during this early period. Consequently, a quenching 
dilatometer was devised so that change-in-length observations could 
be started at the exact instant that the specimens reached room tem- 
perature and continued to the point where the more accurate length 
determinations could take over. Thus, by a combination of X-ray 
measurements of retained austenite, quenching dilatometer observa- 
tions and precision length determinations, it was possible to obtain 
a novel insight into the decomposition of both the martensite and 
austenite during the first and second stages of tempering. More- 
over, the kinetics of the latter were found to be sensitive to the 
conditions of the hardening treatment. Hence, the effect of arrested 
quenching at different temperatures was also investigated to some 
extent. In addition, complete hardness data were recorded for cor- 
relation with practical heat treatment. 

The changes which take place during the third stage of temper- 
ing are so large, relatively speaking, that the precision techniques 
employed for the first two stages of tempering are not necessary. 
These reactions are being studied dilatometrically at present, and 
will be reported at a later date. 


PRECISION LENGTH MEASUREMENTS 


Two common tool steels were used in this investigation: one 
was a plain carbon steel with about 1% carbon and the other a ball 
bearing steel similar to SAE 52100. Their compositions are listed 
in Table I. The steels were received in the form of spheroidized 
bars. The effect of fiber had been studied previously (6) by aging 
specimens cut from a plate parallel and transverse to the rolling 
direction. No significant differences in dimensional behavior were 
found with the two types of specimens, and this has been confirmed 
by further experiments not yet published. Hence, the length changes 
measured in the present work are essentially independent of fiber 


Table I 
Analyses of Steels 


———_—___—_—__——_Weight Per Cent 


Steel C Si Mn S P Cr V ; 
K 1,07 0.23 0.25 0.014 0.011 ain 
T 1.00 0.35 0.37 shite 2 wren 56 0.21 
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direction, and are believed to reflect the true volume changes accom- 
panying the phase transformations under consideration. 

Length determinations were made with a 5000 gage com- 
parator by a method (6) which permitted measurements on a wide 
variety of sample lengths with a relative accuracy of about 1.5 micro- 
inches per inch. The specimens were in the form of rods % inch 
in diameter by 4.0+ 0.001 inches long, with the ends accurately 
ground to the contour of a 4-inch diameter sphere. After the ma- 
chining and grinding, the specimens were austenitized for 30 minutes 
in a lead pot controlled to +5 °F and then quenched. Some of 
these specimens were subcooled immediately in a closed brass tube 
surrounded by liquid nitrogen at —321°F (—195°C). Others 
were hardened by arresting the quench at various temperatures for 
5 minutes, followed by air cooling to room temperature. Any scale 
accumulation was removed with emery paper in a lathe running at 
slow speed, and then the specimens were degreased and allowed 
to remain for an hour on a large copper surface plate in the meas- 
uring room, where the ambient was maintained at 68 + 1 °F. Length 
determinations were then made. After this, the specimens were 
aged for over 200 days in oil baths at 100, 150, 200, 250, 300 + 
2 °F, in salt baths at 400 and 500 + 2 °F, in air at 68 + 1 °F and 
in an ice bath at 32+0.5°F. At periodic intervals, the aging was 
interrupted by returning the specimens to room temperature for the 
precision length measurements. 

The type of data obtained from such determinations is shown 
in Fig. 1. A series of specimens of the plain carbon steel (K steel) 
was austenitized at 1450 °F (790 °C), quenched into water at 68 °F 
and aged at the temperatures mentioned above. Fig. 1 shows the 
relative changes of length as a function of time at each aging tem- 
perature. Time is taken as beginning at 1% hours after the com- 
pletion of the hardening operation, since this period was required 
to clean the specimens and bring them to thermal equilibrium before 
precise length measurements could be made. The time scale is 
actually plotted as elapsed time after this reference point, and any 
changes (cf. p. 24) during the first 1% hours after the quench apply 
as a constant correction to all of the determinations. 

The relative changes in length (plotted in microinches per inch) 
are the averages of at least two specimens treated simultaneously. 
Over 20 measurements were made on each specimen within the first 
1000 hours, but the individual points are not plotted, to avoid confu- 
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sion. The readings were reproducible to an accuracy of +2 micro- 
inches per inch or 10% of the length change, whichever is the greater. 
This error did not usually arise from the measurement itself but 
from the inherent difficulties in reproducing quenching conditions 
exactly for each set of specimens. The structural reactions under 
investigation, however, caused length changes which were large 
compared to this error. No corrections were made for the tempera- 


Microinches/ in. 


K Steel (1.07 C) 
1450°F, Quenched into Water at 68°F 
Aged as Indicated 








0.1 | 10 100 lOOO 10,000 
Aging Time - Hours 
Fig. 1—Relative Changes in Length Observed on Aging Plain Carbon Steel. 


ture coefficient of expansion, since both the specimens and the preci- 
sion length standards used in the measurement had approximately 
the same coefficient, and the specimens were left on the same surface 
plate with the standards long enough for both to come to the same 
ambient temperature. 

The data in Fig. 1 indicate a progressive series of shrinkages 
as the specimens are aged at 32 to 150 °F. Beyond 150 °F an expan- 
sion sets in, and occurs sooner the higher the temperature. It is 
undoubtedly caused by the decomposition of the retained austenite 
into bainite during the second stage of tempering. Fig. 2 shows the 
dimensional behavior on aging of a similar set of specimens which 
had been subcooled to —321 °F (—195°C) immediately after the 
hardening quench. The curves clearly demonstrate that, while the 
expansion effects have been reduced in magnitude, they are still 
detectable. Apparently, even the refrigerated specimens contain sig- 
nificant quantities of retained austenite, and this is verified by the 
newer X-ray determinations. Table II lists the percentages of aus- 
tenite for these (and other) quenching conditions and, accordingly, 
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Table Il 
Microconstituents of Plain Carbon Tool Steel 


K Steel (1.07% C)—austenitized 1450 °F (790°C) for 30 minutes 
<—— Volume Per Cent———_, 


Retain 
Hardness Aus- Mar- 
Treatment Rockwell C tenite* tensite Carbides 

Water-quenched to 125 °F, air-cooled to room 

I 0.5 te ads kntitae eo berate nha ho 65.9 14.1 83.3 2.6 
OO pe cccpehccvens cant 67.0 9.0 88.4 2.6 
Quenched into brine at 23°F .............. 67.2 8.5 88.9 2.6 
Water-quenched to 68 °F, refrigerated immedi- 

OR GP OE Nae ies tas ewes 68.0 2.9 94.5 2.6 


*10 days after treatment. 


Dimensional Changes on Aging 
K Steel (1.07C) 
1450°F, Quenched Into Water at 68°F Refrigerated Immediately 
to -321 °F ape as Indicated 
Oo — 





ISO°F s 
-400 


200°F 5 





-800 


Microinches /in. 


-!200 


-1600F 


-2000 


- 2400 





0.1 | 10 100 1000 10,000 
Aging Time -Hours 


Fig. 2—Relative Changes in Length Observed on Aging Plain Carbon Steel 
Which Has Been Refrigerated Immediately After the Quench. 


the data in Figs. 1 and 2 may be considered as resulting from two 
mixtures of austenite and martensite of identical chemical composi- 
tion but with different ratios of the two constituents. The undis- 
solved carbides do not take any part in these reactions. 

An analogous set of treatments was performed with the ball 
bearing steel (T steel). Fig. 3 illustrates the dimensional behavior 
of this steel after quenching into oil from 1550°F (845°C), and 
here again it is evident that considerable quantities of retained aus- 
tenite decompose into bainite at the higher aging temperatures. This 
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+200 





Microinches/in. 





Dimensional Changes on Aging 


. T Steel (1.0C, 1.5Cr, 0.2 V) oo ER a ct 
oo 1550°F, Quenched into Oil at 68°F — 





Aged as Indicated | 


0.1 l 10 100 1000 10,000 
Aging Time - Hours 


Fig. 3—Relative Changes in Length Observed on Aging Ball Bearing Steel. 


steel, in addition, displays a small amount of growth at 32 °F and 
at 68 °F, which disappears as the aging temperature increases and 
does not seem related to the austenite-bainite reaction that comes 
at much higher temperatures. Specimens which are hardened and 
immediately subcooled to —321°F (—195°C) (Fig. 4) shrink 
correspondingly faster on aging because of their larger martensite- 
austenite ratios. In this case, the early expansions at 32 and 68 °F 
are wiped out, although a definite vestige of the later bainitic de- 
composition still remains. The retained austenite contents for the 
ball bearing steel after various quenching treatments are given in 
Table III. It is interesting to note that the plain carbon steel actually 
contains more retained austenite than the ball bearing steel, but the 
early expansions at 32 to 68°F are not visible in the plain carbon 


Table Ill 
Microconstituents of Ball Bearing Steel 








T Steel (1.0% C, 1.5% Cr, 0.2% V)—austenitized 1550 °F (845 °C) for 30 minutes 
——— Volume Per Cent— 


Retained 
Hardness Aus- Mar- 
Treatment Rockwell C _tenite* tensite Carbides 

Quenched into molten salt at 450 °F, air-cooled 

eh: I SE 56 oS ais 0 bats a davies 64.0 10.6 85.4 4.0 
Oil-quenched to 250°F, air-cooled to room 

END on od 6 KES a bg DtRen see ebiecwee 64.4 9.5 86.5 4.0 
Oil-quenched to 125 °F, air-cooled to room 

NS hi cic ada wh ei'Gso dan mess « O8s< 64.9 9.0 87.0 4.0 
SE ee ie te ow aiaiiere ee 66.5 7.0 89.0 4.0 
Oil-quenched to 68°F, refrigerated immedi- 

RE. a SoS So 5c bales 6.05600 'e 5% 67.0 2.0 94.0 4.0 


*10 days after treatment.; 
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Dimensional Changes on Aging 
T Steel (1.0C, 1.5Cr, 0.2 V) 


- 400 


i i 
© © 
Oo oO 
oO O 


Microinches/ in. 


-1000 











-1200 


1550°F, Quenched Into Oil 
at 68°F, Refrigerated 
-|400F immediately to -321°F 
Aged as Indicated 

| 








-I1600 





0.1 ! 10 100 1000 10,000 
Aging Time - Hours 


Fig. 4—Relative Changes in Length Observed on Aging Ball Bearing Steel 
Which Has Been Refrigerated Immediately After the Quench. 


steel because of its relatively greater martensite contraction on 
tempering. 

From these data it may be seen qualitatively that retained aus- 
tenite decomposes in a two-stage process. The first proceeds at 
relatively low tempering temperatures while the second, which is the 
usual bainitic decomposition of the second stage of tempering, occurs 
at temperatures from 250 to 500 °F (120 to 260 °C). 


THE DECOMPOSITION OF MARTENSITE 
Contraction Due to Martensite Tempering 


Previous investigations on the decomposition of high carbon 
martensite have been handicapped by the inability to account quan- 
titatively for the effects caused by retained austenite, which was 
always present. In this study, however, it was possible to subtract 
out the changes caused by the austenite and to analyze each reaction 
independently. Furthermore, the methods under discussion were 
sensitive enough not only to reveal the fine detail involved in the 
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first stage of tempering but also to detect unambiguously the isother- 
mal transformation of austenite proceeding at room temperature. 

If we consider a steel containing austenite and martensite (with 
or without excess carbides), the total change in length observed may 
be taken as the algebraic sum of the separate changes caused by the 
decomposition of the martensite and the austenite. For two mix- 
tures containing different ratios of these two constituents, the sum- 
mation may be expressed as follows: 


4L,=mM+aA Equation I 
AL. = m.M + aA Equation II 


where: volume per cent of martensite in mixture 1 at time = 0 


= 


mz = volume per cent of martensite in mixture 2 at time = 0 

a. = volume per cent of austenite in mixture 1 at time = 0 

ae = volume per cent of austenite in mixture 2 at time — 0 
AL, = unit change in length of mixture 1 up to time = t 


AL.= unit change in length of mixture 2 up to time = t 
M = unit change in length caused by partial decomposition in 1% 
of martensite up to time = t 
A = unit change in length caused by partial transformation in 1% 
of austenite up to time —t 


Solving for M, we have: 


a24L; — a, AL, 
M = ——____ Equation II] 
a2; — aie 

100 M is the unit change in length that would occur up to 
time = t in a hypothetical sample of 100% martensite of the type 
at hand. This formulation assumes, of course, that the martensite 
and austenite in the two mixtures have the same decomposition 
kinetics, irrespective of the martensite-austenite ratio. By observing 
AL, and AL, for the two mixtures aged at various times and tem- 
peratures it becomes possible to plot 100 M as a function of time and 
temperature as in Figs. 5 and 6, thus resolving the separate dimen- 
sional behavior of the martensite during tempering. 

Inasmuch as refrigeration in liquid nitrogen was employed to 
provide a second mixture of the same type of martensite and aus- 
tenite that coexisted in the as-hardened structure, it was important 
to ascertain whether the cold treatment had any influence on the tem- 
pering kinetics, aside from the alteration of the martensite-austenite 
ratio. The martensite decomposition was found to be substantially 
independent of variations in the rate of subcooling and is, therefore, 
believed to be relatively insensitive to any stresses that might be 
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Dimensional Changes on Aging of Pure Martensite in K Steel 
1450°F, Quenched Into Water at 68°F 


Microinches/ in. 








0.! ! 10 100 1000 10,000 
Aging Time- Hours 


Fig. 5—-Changes in Length on Aging 100% Martensite in the Plain Carbon Steel. 







Microinches/in. 


Dimensional Changes on Aging 
-2000 _of Pure Martensite in T Steel ie 
1550°F, Quenched into Oil at 68°F 

Aged as Indicated 





-2400 


0.1 10 100 1000 10,000 


Aging Time - Hours 


Fig. 6—Changes in Length on Aging 100% Martensite in the Ball Bearing Steel. 


set up by the refrigeration. It is possible, however, that the austenite 
decomposition on tempering is affected to some extent by the sub- 
cooling stresses. This extraneous factor may be quite complex, but 
can be ignored for the steels under consideration because the amount 
of austenite after refrigeration is small. Moreover, it differs from 
the austenite content of the as-hardened mixture by only a few 
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Table IV 
Effect of Tempering on Hardness 


K Steel (1.07% C)—austenitized 1450 °F, quenched as indicated 
Hours at 
Temperature 1 10 100 1000 2000 
Aging 
Temperature, °FO0_——————————————_Roockwell C 


=, 
Quenched into water at 68 °F 
32 66.8 67.0 67.7 68.3 67.7 
68 66.8 67.3 67.5 68.5 69.2 
100 66.8 67.6 67.7 68.2 bale 
150 67.5 68.4 67.8 67.1 66.9 
200 68.4 67.3 66.9 65.0 64.7 
250 68.4 67.6 65.4 63.2 62.6 
300 67.0 64.5 62.5 62.5 62.2 
Quenched into water at 68 °F, refrigerated immediately to —321 °F 
32 67.6 67.6 67.7 68.3 68.8 
68 67.6 67.7 68.0 — 69.4 68.4 
100 67.7 68.3 68.7 69.4 68.4 
150 68.6 69.0 68.5 68.3 68.0 
200 69.0 68.6 67.0 65.9 65.2 
250 68.6 67.6 66.5 64.0 62.5 


64.2 63.5 62.3 


300 67.3 65.4 





per cent and, hence, the conditions in the two structures cannot be 
far different. 

At this point of the investigation, the absolute austenite and 
martensite contents are only known after 240 hours of aging at room 
temperature, rather than at t—90O. As a first approximation, these 
values (Tables II and III) may be used for the a’s and m’s in Equa- 
tion III. Such a substitution introduces very little error in the 
calculations for M because the fractional change in the martensite 
content between t —0O and t = 240 hours at 68°F is quite small. 
This method forms the basis for the eventual determination of the 
austenite and martensite contents at t =O (p. 1048), and then the M 
values can be recomputed to give still closer approximations. How- 
ever, the first approximation was considered sufficient for the pur- 
poses at hand. 

From the contraction curves for 100% martensite in Figs. 5 
and 6 several trends may be noted directly. The reaction starts im- 
mediately with no apparent incubation period, and when the curves 
are plotted on a linear scale, it can be seen that the rate of reaction is 
a maximum at the beginning. That precipitation accompanies the mar- 
tensite decomposition is supported by Tables IV and V in which 
the hardness values are tabulated after various combinations of hard- 
ening and tempering. It is interesting to note that this reaction is 
rather similar to the usual precipitation hardening phenomenon ob- 
served in nonferrous alloys, with maximum hardening occurring at 
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Table V 
Effect of Tempering on Hardness 


T Steel (1.0% C, 1.5% Cr, 0.2% V)—austenitized 1550 °F, quenched as indicated 
Hours at 
Temperature 1 10 100 1000 3000 
Aging 
Temperature, °F Rockwell C-—_-—__-____—__— 


Quenched into oil at 68 °F 


32 66.8 67.1 67.0 67.3 66.7 
68 66.9 67.0 67.1 67.5 67.7 
100 67.0 67.3 67.4 67.4 66.9 
150 67.1 67.4 66.8 65.7 65.3 
200 66.9 66.7 65.5 64.2 63.6 
250 65.7 64.5 63.8 61.4 60.7 
300 64.0 62.6 61.1 60.3 60.3 
Quenched into oil at 68 °F, refrigerated immediately to —321 °F 
32 67.2 67.2 67.2 67.6 67.3 
68 67.2 67.2 67.4 68.2 68.5 
100 67.6 67.6 67.8 67.2 66.6 
150 68.2 68.3 67.6 66.2 66.4 
200 68.0 67.3 66.3 64.5 65.3 
250 66.1 65.2 64.1 62.1 61.1 
300 63.7 62.4 61.0 60.0 60.0 





shorter times the higher the aging temperature. The hardening is 
not caused by the isothermal decomposition of retained austenite, for 
a comparison of the refrigerated and nonrefrigerated steels indicates 
that the former undergo equal or greater hardening on aging, and 
yet contain less austenite. 

At 250, 300 and 400 °F (120, 150 and 205 °C), Figs. 5 and 6 
also show that the rate of martensite contraction slows up consider- 
ably as time progresses and reaches a plateau which delineates the 
end of the first stage of tempering. At this point, softening is 
already well advanced, resulting at least partly from the depletion of 
carbon from the martensite lattice in the formation of the transition 
precipitate. Beyond the plateau, further contraction sets in, corre- 
sponding to the third stage of tempering (conversion of the transi- 
tion precipitate to cementite). The surprising trend, however, is that 
the total shrinkage at the plateau does not increase with the aging 
temperature, but actually seems to vary inversely with the aging tem- 
perature.? Since the shrinkage measured here accompanies a rejec- 
tion of carbon from the martensite lattice, the inverse temperature 
dependence of the first-stage total shrinkage signifies that the amount 
of precipitation occurring during the first stage becomes smaller the 
higher the tempering temperature, at least up to 400 °F (205 °C). 
This probably indicates that the solubility of carbon in the martensite 


2At 400 °F the plateau designating the completion of the first stage of tempering corre- 
sponds to the flattened portion of the curve (Figs. 5 and 6) at the very beginning of the 
aging. Thus, most of the 400 °F measurements and all of the 500 °F measurements lie 
beyond the first stage. 


a 
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lattice coexisting with the transition precipitate increases with in- 
creasing temperature. In other words, the plateau is visualized as a 
period of pseudo-equilibrium between the transition precipitate and 
partially depleted martensite. Such a postulation for the increasing 
solubility of carbon in martensite coexisting with the transition pre- 
cipitate is consistent with the most recent measurements of Kurd- 
jumov and Lyssak (5) on the tetragonality of martensite as a func- 
tion of tempering temperature. They found that the axial ratio 
after 1-hour tempering increases slightly or remains practically con- 
stant up to 300 °F (150°C). With the much more sensitive method 
available here, the indications are that the transition precipitate may 
be in balance with slightly increasing percentages of carbon in the 
martensite lattice as the temperature rises, up to the temperature at 
which the cementite conversion occurs before the time of the earliest 
observations. All other attempts to explain the plateau phenomena 
have proved fruitless. 


Kinetics of Martensite Decomposition 


In analyzing the kinetics of the martensite decomposition, it 
might first be assumed that the precipitation proceeds by nucleation 
and growth (10), (11), but such a process starts at a very low rate, 
usually after an incubation period. In contrast, the martensite de- 
composition shows no evidence of incubation, and has its maximum 
reaction rate at the beginning of tempering. Such behavior is typi- 
fied by a first-order equation : 


dc 
——= Kic Equation IV 
dt 
where: c = concentration of carbon in martensite lattice at time — t, and 


K, = reaction-rate constant = a function of temperature 


However, when compared with the data, even this equation does 
not provide for a sufficiently rapid rate at the beginning. On the 
other hand, if K, is made large enough to fit the early data for a 
given tempering temperature, then the equation fails to account satis- 
factorily for the later retardation of the decomposition. It is appar- 
ent that a suitable variation in K, with respect to tempering time 
must be postulated to adapt Equation IV to the experimental curve. 

From the very nature of the austenite-martensite transforma- 
tion, it may be expected that the freshly-formed martensite is in a 
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state of considerable stress, and that this stressed condition promotes 
the decomposition of the martensite on tempering. However, stress 
relief also occurs during the tempering, and its stimulating effect 
would tend to diminish progressively. Rominski and Taylor (12) 
have studied stress relief in steel castings as a function of time and 
temperature, and their results may be expressed as follows: 


de Ke 
—-—=— Equation V 
dt e 
where: o = stress 


Ks = constant = a function of temperature 
S = stress relief index = a function of temperature 


Hargreaves (13) has found an analogous relationship for the varia- 
tion of the recovered Brinell impressions in plastically deformed 
materials after different loading times. Accordingly, the time- 
dependence of K, in Equation IV may be modified by introducing the 
stress effect of Equation V: 


dc c 
———K-— Equation VI 
dt ¢ 
where: K = a new constant which is independent of time, but is a function 


of temperature. 
Since the lattice parameters of tetragonal martensite vary line- 
arly with the dissolved carbon content (1), it may be concluded that 
fractional changes in dissolved carbon due to precipitation are pro- 


portional to fractional changes in volume (<), or in length (2). 


Hence, the differential equation for the rate of length change may be 
written : 





dy a-—y 
—=K Equation VII 
dt Fe. 
where: y = contraction in microinches per inch which occurs up to 
time = t 


a = total contraction in microinches per inch at the end of the 
first stage of tempering. 


This equation may be integrated for the isothermal case to yield 
the following explicit relationship : 





qa-8s) 
ya | 1—e*™* | Equation VIII 
or in logarithmic form: 
K 
log log = (1 —S) log t + log —— Equation IX 
a-—y 2.3 


TT 
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Before Equation VIII or IX can be evaluated, however, the 
end point “a” of the reaction must be determined. If the steel is 
tempered completely to cementite and ferrite, specific volume data 
on 1.02% carbon martensite indicate that a total shrinkage of a— 
6000 microinches/in will occur (1). These data also indicate that 
the end of the first stage of tempering attained at a temperature of 
300 °F (150°C) is about 30% of this total contraction. The 
reaction considered here ends with the first stage of tempering, and 
it is found that a shrinkage value of 1700 microinches/in best fits 
the 300 °F data for the martensite in Fig. 5. This “a” value is also 
consistent with the plateau that the 300 °F curve approaches. Fur- 
thermore, in keeping with the concept of a temperature-dependent 
solubility of carbon in the martensite lattice coexisting with the 
transition precipitate, the value of “a” is expected to decrease as the 
temperature increases. 

Rather than attempt to calculate the variation of “a” with tem- 
perature on the basis of ideal solution laws, “a’’ was simply assumed 
to be inversely proportional to temperature. The values of “a” were 
chosen to fit the plateaus at the higher tempering temperatures where 
the reaction approaches completion, and were extrapolated to the 
lower temperatures where the reaction is still far removed from 
completion in 200 days. As shown in Table VI, the variation of “a” 
with temperature turns out to be quite small in comparison with the 
total contraction. 

With the end point of the reaction thus established, it is possible 
to verify the proposed kinetics by evaluating Equation IX. If values 

a 
cid 
ture, a straight line should be obtained, having a slope of (1 — S) 


for log log 





are plotted as a function of log t at a given tempera- 


and an intercept of lo a at log t—0. Fig. 7 shows the data for 
P $53 g 


the plain carbon steel (K steel) plotted in this form and it is evi- 
dent that Equation IX fits quite well. The values of the rate constant 
“K” and the stress-relief index “S” are also listed in Table VI. The 
temperature dependence of these constants is indicated in Fig. 8, 
from which the activation energies given in Table VI may be deter- 
mined. 

An exactly similar procedure was followed with the T steel 
(1.0% carbon, 1.5% chromium, 0.2% vanadium) except that the 
“a” values corresponding to the plateaus (Fig. 6) are found to be 
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about one-half those of the plain carbon steel. A comparison of the 
hardness data in Tables IV and V also reveals that the precipitation 
hardening during the first stage of tempering in the T steel is roughly 
one-half that occurring in the K steel. 





The calculated results for the T steel are presented in Table VI. 


Rate Equation For Martensite Decomposition 
Log Log(=2-) =(I-S) Logt+Log 


a-y 
K Steel (1.07C) 
Austenitized |450°F 
Aged as Indicated 
O 
a 
) 
o 
3 -1.0 
mo 
° 
oul 
-2.0 





Loagt 


Fig. 7—Rate Equation for Martensite Decomposi- 
tion in Plain Carbon Steel. 


Like the plain carbon steel, the kinetics of the alloy steel conform 
to Equation IX and plot as straight lines to give the S and K values 
listed in the Table. The temperature-dependence of these constants 
is also shown. 


Stages of Martensite Tempering 


With the aid of Equation IX and the appropriate constants, it is 
now possible to compute the martensite contraction which takes place 
during the first 1.5 hours at room temperature. This comes out to 
be 50 and 30 microinches/in for the K and T steels, respectively. 
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Table VI 
Constants of Rate Equation for Martensite Decomposition 


dy K-(a—y) 


dt = ts 
Tempering % Carbon in Solution at End 
Temperature a S K of First Stage of Tempering 
°F > < 10-* Microinches/in 
K Steel (1.07% C)—austenitized 1450 °F 30 minutes—0.90% C in martensite 
32 3.67 2240 0.63 0.0090 0.53 
68 3.31 2160 0.65 0.0215 0.54 
100 3.21 2100 0.68 0.0590 0.55 
150 2.95 2000 0.70 0.163 0.57 
200 2.74 1900 0.84 0.477 0.58 
250 2.54 1800 0.84 1.270 0.60 
300 2.37 1700 0.89 1.390 0.62 
400 2.10 1300 0.68 


T Steel (1.0% C, 1.5% Cr, 0.2% V)—austenitized 1550 °F 30 minutes— 
0.84% C in martensite 


32 3.67 1035 0.64 0.0183 0.67 
68 3.31 1000 0.69 0.0319 0.67 
100 3.21 980 0.71 0.0635 0.68 
150 2.95 940 0.71 0.167 0.68 
200 2.74 900 0.79 0.482 0.69 
250 2.54 860 0.84 1.100 0.70 
300 2.37 820 0.88 1.530 0.70 
400 2.10 740 ee ex ow 0.72 
Heats of Activation for Rate Constants 
Qr Qs 
InK =n A —- — In S = In B — —— 
RT RT 
K 8 
Steel cal/mol cal/mol 
I sg eS ea eset cr I ag ote a ry renee lade Sry 9050 380 
Oe he eR coe eco. Gens 7480 495 


aL a5t.9.« kb ke eee ae 8250 440 





Accordingly, these increments may be added to the ordinates of Figs. 
5 and 6 to obtain the contraction relative to the as-quenched mar- 
tensite. For the most part, this is a small correction, and has no 
material bearing on the quantitative relationships just discussed. 
The last column in Table VI indicates the carbon content of the 
martensite at the end of the first stage of tempering for each of the 
two steels. These values are computed on the basis that complete 
precipitation of carbon into cementite from a 1.02% carbon mar- 
tensite causes a total shrinkage of 6000 microinches/in (1). If it is 
assumed that the difference in density between the transition precipi- 
tate and cementite is negligible,* then the ‘“‘a” values correspond to 


6000 
the martensite at the end of the first stage of tempering. Subtraction 


*It can be shown that even if the transition precipitate is taken as FesC, the resulting 
calculations are little affected. 


proportional percentages of carbon [ ae a | precipitated from 
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Activation Equations For Rate Constants 
K Steel (1.07C) Austenitized 1450°F 


LnS =LnB-2$ 


| be | 
o: | = 
ee 





ae 
LnK= LnA-= 





Log K 








Fig. 8—Activation Equations for Martensite De 
composition in Plain Carbon Steel, Showing Tempera- 
ture Dependence of the Constants K and S. 


of the precipitated carbon from the initial carbon contents of the 
martensite in the two steels at hand yields the figures in the last 
column of Table VI. The initial carbon contents in the martensite 
are 0.90 and 0.84% in the K and T steel, respectively, as determined 
from the over-all carbon content and the measured amounts of undis- 
solved carbide (assumed to contain 6.7% carbon).* 

It is significant that the carbor content of the martensite at’ the 
end of the first stage of tempering represents such a large fraction 
of the initial carbon content. This accounts for the substantial con- 


*The Ms temperatures of the two steels under the austenitizing conditions used were 
found by the Greninger-Troiano technique to be 400°F (205°C) and 420 °F (215 °C) 
respectively. The 400 °F value checks exactly with the Ms reported by Greninger and 
Troiano (14) for a 0.90% carbon steel with all the carbon in solution, and confirms the 
dissolved carbon content determined for the K steel on the basis of the measured amount of 
undissolved carbide. In the case of the T steel, the 420 °F value was compared with the 
Ms temperatures determined by Klier and Troiano (15) for a series of chromium steels 
with all the carbon in solution. The steel in question behaved as if 0.5% chromium were 
dissolved in addition to the 0.84% carbon. determined above. 
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traction observed during the third stage of tempering when the transi- 
tion precipitate goes over to cementite (2). The attendant contraction 
is much too large to be explained by any reasonable difference in 
density between the two forms of precipitate ; but the conversion does 
permit the further rejection of carbon by the martensite, since the 
capacity of the martensite to retain carbon in solution is greater when 
coexisting with the transition precipitate than when coexisting with 
the more stable cementite. Hence, the volume effect observed during 
the third stage of tempering is primarily related to the further pre- 
cipitation of the carbon from the partially depleted martensite, but 
this process is controlled by the kinetics of the conversion of the 
transition precipitate to cementite. 

The carbon percentage in the martensite at the end of the first 
stage of tempering not only increases with the temperature but is 
also greater in the alloy steel than in the plain carbon steel. The 
latter difference, although slight, may be real, inasmuch as chromium 
is known to increase the solubility of carbon in ferrite (16). The 
temperature-dependence indicates an apparent heat of solution of 180 
calories/mol for the K steel and 80 calories/mol for the T steel. 
These small values suggest that true equilibrium is not obtained be- 
tween the martensite and the transition precipitate at the end of the 
first stage of tempering. It may be added, however, that the tem- 
perature-dependence of the experimentally determined solubility of 
cementite in alpha iron in this low temperature range is also very 
small, and likewise indicates evidence of supersaturation (17). 

Table VI shows that the two steels have roughly the same reac- 
tion-rate constants and stress-relief indices, and also have about the 
same heats of activation for these factors. Consequently, the smaller 
martensite contractions in the T steel as compared to the K steel 
(Fig. 6 versus Fig. 5) are not attributable to a reduction in the rate 
of martensite decomposition by the alloying elements, but are due 
rather to the effect of the latter in increasing the tolerance of mar- 
tensite for carbon in the presence of the transitite precipitate. This 
decreases the total shrinkage at the end of the first stage of temper- 
ing and accounts at least in part for the greater dimensional stability 
of the ball bearing steel. 

If the martensite decomposition is controlled by the diffusion of 
carbon, the activation energy for the temperature dependence of the 
reaction-rate constant (Qx ) may be taken as a measure of the activa- 
tion energy for the diffusion coefficient. Yet the average value of 
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8250 calories/mol (Table VI) is less than half the 18,000 calories/ 
mol obtained by Snoek (18) for the heat of diffusion of carbon in 
alpha iron. Either the above premise is incorrect, or the rate of car- 
bon diffusion in high carbon martensite is much faster than in low 
carbon ferrite. 


ISOTHERMAL DECOMPOSITION OF RETAINED AUSTENITE 


Quenching Dilatometer Experiments 


In the course of the precision length determinations it was ob- 
served that specimens immediately after the hardening treatment 
were very unstable, and that the length changes involved were very 
much greater than could be explained by temperature effects or by 
the previously calculated martensite decomposition during the first 
1.5 hours. Rather important austenite changes were suspected, and 
a quenching dilatometer was constructed to study the interval im- 
mediately after the hardening. The dilatometer was essentially that 
of Flinn, Cook and Fellows (19) except that it was modified to take 
a thermocouple and a specimen of the same size used for the preci- 
sion length determinations. The specimen was supported at its lower 
end by an outer quartz tube cut away to admit free access of the 
quenching fluid, and was held by spring compression at the upper 
end against a smaller quartz tube which transmitted the changes in 
specimen length to the dial gage. The arrangement is photographed 
in Fig. 9. 

For a dilatometer run, the specimen was set into the quartz 
holder, and austenitized in the small lead pot set on the moving table. 
To quench, the lead pot was lowered away from the specimen and 
the quenching bath brought up around it, by swinging the counter- 
weighted table through a U-shaped course controlled by the guide 
shown in Fig. 9. During the quench, the dial gage and timer re- 
mained in the same position and were photographed by a motion pic- 
ture camera running at 16 frames per second but with shutter speed 
advanced to 1/80 of a second to stop the motion of the dial. The 
quenching bath was equipped with a high speed electric stirrer, a 
cooling coil, and an immersion heater actuated by a potentiometer 
controller, so that a wide variety of quenching conditions was pos- 
sible. A vibrator was attached to the quartz tube holder, and flood- 
lights were provided to illuminate the dial sufficiently to be photo- 
graphed. 


- 
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Fig. 9—Quenching Dilatometer Apparatus Showing General Arrangement of the 
Equipment and a Close-Up of the Specimen. The dial gage and timer are turned 90 
degrees from their normal position. 


For these experiments, it was of utmost importance to deter- 
mine when the specimen reached room temperature. A hole ™% inch 
deep and ;, inch in diameter was drilled into the top of each dila- 
tometer specimen and a 28-gage chromel-alumel thermocouple in- 
serted until it made firm metallic contact. The thermocouple wires 
were threaded back through the inner quartz tube of the dilatometer 
to a string galvanometer with a 0.007 second period, which was 
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Quenching Dilatometer Records 
K Steel(l.07C) 1450°F, Water-Quench to 68°F 





isothermal Expansion at 68°F 
(Magnified Scale) 
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Fig. 1 uenching Dilatometer Curves Showing Changes in Length and Tem- 


perature for Plain Carbon Steel. 


capable of following quenching rates up to 10,000°F per second.® 
This galvanometer produced a trace on photographic paper attached 
to a revolving drum and provided a record of temperature versus 
time. The quenching rates for the fairly massive samples used here 
were comparatively slow and it was an easy matter to match up the 
corresponding movie record of dilation versus time. 

In practice, the specumen was quenched with the floodlights 
on, the buzzer operating, the stirrer working vigorously, and the 
camera running freely. At the same time, the string galvanometer 
was recording on the revolving drum. After the main motion of the 
dial gage had subsided and the specimen had reached room tem- 
perature, an automatic timer was introduced to take single-shot 
photographic exposures on the same movie film at predetermined 
intervals during the next 24 hours. In runs where the quenching 
bath was above room temperature, the arresting time was fixed at 
5 minutes after which an electric fan was used to accelerate the air 
cooling of these specimens to room temperature. Duplicate runs 
were made for each of the quenching conditions, and it was thereby 
possible to project the dilatometric changes during the first 1.5 hours 
after the hardening onto the precision length data obtained with the 
gage comparator. 





SThe string galvanometer had been previously used by Greninger (20) and was borrowed 
through the courtesy of Professor John Hobstetter of Harvard University, Cambridge, Mass. 


- 4 
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The results for a plain carbon steel specimen .(K steel) quenched 
from 1450°F (790°C) into water at 68°F are plotted in Fig. 10, 
and the corresponding data for a specimen of ball bearing steel (T 
steel) oil-quenched from 1550°F (845°C) are plotted in Fig. 11. 
The onset of the hardening reaction is indicated approximately by 
the sharp minima in the length curves, since the austenite-martensite 
transformation is attended by a large increase in volume superim- 
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Fig. 11—Quenching Dilatometer Curves Showing Changes in Length and Tem- 
perature for Ball Bearing Steel. 


posed upon the normal cooling contraction. However, the tempera- 
ture readings corresponding to these inversions are not to be con- 
strued as M, points since the thermocouple invariably lagged the 
average temperature of the specimens during the quench. It should 
be borne in mind that the objective of this procedure was not to 
study the quenching process but to determine the time when the 
specimen arrives at room temperature. Because of the location of 
the thermocouple, the difference between its reading and the average 
specimen temperature becomes minimal as the ambient is approached. 
Actually, any possible error is on the conservative side in that the 
thermocouple may arrive at the ambient after the specimen but not 
before. Hence, transformations observed after the thermocouple 
reaches room temperature may be regarded as true isothermal 
changes rather than as transient cooling effects. 

Even on. the compressed scale of Figs. 10 and 11, it is evident 
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that expansion takes place at room temperature following the hard- 
ening quench. Of equal importance is the fact that this expansion is 
continuous with the primary austenite-martensite reaction on cooling. 
In other words, the hardening process does not appear to stop com- 
pletely when the cooling stops. Similar results are obtained when 
the hardening quench is arrested and followed by air cooling to room 
temperature. The isothermal expansion is caused by decomposition 
of the retained austenite, but is partially obscured by the simultane- 
ous tempering of the martensite. The extent of the martensite con- 
traction during the first 1% hours can be calculated (cf. page 1040) 
and subtracted algebraically from the isothermal expansion shown 
by Figs. 10 and 11, thereby revealing the effect of the austenite 
alone. The expansions can be translated into percentage of austenite 
isothermally transformed because previous work has shown (1) 
that 1% conversion at room temperature produces a dilation of 140 . 
microinches/in. Such transformation curves are presented in the 
following section. 


Integration of Dilatometric and Precision Length Data 


Even after the isothermal expansion is no longer evident in the 
dilatometric curves, the decomposition of austenite can still be de- 
tected by the more sensitive precision length measurements. In fact, 
the expansion due to the austenite decomposition can be determined 
uniquely. If the pure martensite contraction curves in Fig. 5 are 
multiplied by 0.88 (the martensite content of steel K as given in 
Table II) and then subtracted algebraically from the over-all observed 
length changes in Fig. 1, the net result is the expansion attributable 
to the austenite decomposition during the aging of steel K at the 
temperatures shown. A similar subtraction based on Figs. 6 and 3 
yields the austenite contribution in steel T, except that the martensite 
content happens to be 0.87 (Table III). 

To go a step further, the austenite expansions thus derived per- 
mit the calculation of the quantitative course of the austenite decom- 
position on aging. However, to put such calculations on an absolute 
basis, the austenite must be known at some point in the aging process. 
Tables II and III give the X-ray determinations of the retained 
austenite in each case after 240 hours of aging at 68°F after the 
hardening quench, when the reaction rate is very small. Then with 
the aid of the conversion factor of 140 microinches/in per per cent of 
austenite decomposed at room temperature (Table VII), we can 
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Table VII 


Unit Change in Length Caused by Decomposition of 
1% of Austenite at Various Temperatures 


AL 
Demy, FHapanee — X 10-6 
32 140 
68 140 
100 140 
150 137 
200 132 
250 123 


work backward (from the 240-hour measurement) to find the 
amount of austenite in the steel at the very beginning of aging. Once 
the initial retained austenite content is available, the residual austenite 
content as a function of time at elevated temperatures as well as at 
68 °F can be computed from the expansions due to austenite decom- 
position at various temperatures and the appropriate conversion 
factors in Table VII. 

Figs. 12 and 13 present the retained austenite changes on aging 
at 68°F, not only after direct quenching to room temperature but 
after arrested hardening. It is evident that the isothermal decom- 
position of the retained austenite, though small compared to the 
transformation that takes place during the hardening quench, is 
nevertheless quite detectable by this sensitive method of investigation. 
Within the first hour after the hardening, 1 to 3% austenite decom- 
poses at room temperature. In both steels, this initial conversion is 
greatest when the arresting quench is at 125°F, Beyond 1 or 2 
hours, the rate of decomposition diminishes rapidly ; yet minor pro- 
gressive changes of the order of tenths of a per cent are actually 
detectable for thousands of hours. In 5000 hours at 68 °F, a total 
of 2.5% austenite decomposes isothermally in the K steel after a 
direct quench to room temperature, but this figure increases to 5.0% 
if the hardening quench is arrested at 125 °F, followed by air cooling 
to room temperature. The corresponding figures for the T steel are 
4.5 and 5.5, respectively. 

It is also significant to note, from the starting values of the 
curves in Figs. 12 and 13, that arrested hardening at 125 °F results 
in an appreciably higher austenite content on arrival at room temper- 
ature than does direct quenching. On the other hand, raising the 
arresting temperature from 125 to 450 °F (martempering) produces 
no further increase in the initial austenite content. Nevertheless, 
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variations in this range do affect the rate of austenite decomposition 
on aging, so that when the X-ray determinations are conducted at 
some later time, a progressive increase is found in the retained aus- 


tenite content as a result of raising the arrested hardening tempera- 
ture from 68 to 450 °F. 


Isothermal Decomposition of Austenite at 68°F 
K Steel (1.07C) 
1450°F, Quenched as Indicated 


Quenched into Water at 125° F 


O ‘y 6 C 


Quenched into Water at 68°F 


Austenite % 


« = 
0 O 


X-Ray Determination 













O 0.1 1.0 10 100 1000 10,000 
tAs Quenched Hours at 68°F After Quenching 
Fig. 12—Isothermal Decomposition of Austenite in Plain Carbon Steel at Room 
Temperature. 
| Isothermal Decomposition of Austenite at 68°F | 
T Steel (1.O0C, 1.5Cr, 0.2 V) 
20 }——+_ !550°F, Quenched as Indicated _ Sustain 
~o 1 | 
a 1 Quenched into Molten Salt at 450°F | 
915 bs K+ 7 HH 
c Cs ‘ Quenched into Oil at 250°F 
% 1oL4 Lee $s 
< . 0 Se 
Quenched into Oil at 68°F Pl 
& = X-Ray Determination Quenched into Oil st 25°F 
| 
O } | 
Q 0.1 1.0 10 100 1000 _~=—s-: 10,000 
t As Quenched Hours at 68°F After Quenching 
Fig. 13—Isothermal Decomposition of Austenite in Ball Bearing Steel at Room 
Temperature. 


Comparing the K and T steels after direct quenching, it is seen 
that both materials have nearly the same per cent of austenite imme- 
diately after hardening, but the rate of isothermal decomposition is 
greater in the alloy steel and results in a measurably smaller austenite 


content than in the plain carbon steel after a short period at room 
temperature. 
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Decomposition of the Retained Austenite at Elevated Temperatures 


Figs. 14 and_15 show the course of austenite decomposition in 
the two steels on tempering at various temperatures. It may be re- 
called that every specimen used for the precision length measure- 
ments is aged at 68 °F for 1% hours before the first determination. 









Effect of Aging on Decomposition of Austenite 
K Steel (1.07 C) 

1450 °F, Quenched Into Water at 68°F, Held at 68°F 7 1.5 Hours 
Before Tempering 


Linge Oe — | 
;. oe 7 boi 7. es: 


All Specimens | \o indicated 

6 } Aged for First 1 | 
1.5 Hours 

—at 68° F-1m . 


















32+ 200°F 


ae —E 
e ° 
| ~~ 250°F 











Austenite % 





0.1 | 10 100 1000 10,000 
Time After Quench-Hours 


Fig. 14—-Effect of Aging Temperature on the Isothermal Decomposition of Aus- 
tenite in Plain Carbon Steel. 


In each case, therefore, the subsequent changes occurring at a given 
temperature are plotted as continuations of the decomposition which 
takes place during the initial period at room temperature, the latter 
being evaluated from the dilatometric runs. 

It is surprising to find that the isothermal decomposition of re- 
tained austenite is not much affected by the tempering temperature 
up to about 250 °F (120°C), where further transformation sets in 
after prolonged holding. Above 250 °F, the latter mode of transfor- 
mation occurs more rapidly, the higher the temperature, and becomes 
the well-known austenite-bainite reaction characterizing the second 
stage of tempering. The temperature-dependence of this reaction is 
quite marked, and corresponds to a heat of activation of about 38,000 
calories/mol. 

It is evident, then, that the isothermal decomposition of retained 
austenite is in itself a,two-stage process. First, there is the low tem- 
perature conversion observed at 68 to 200°F (20 to 95°C), and 
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Effect of Aging on Decomposition of Austenite 
T Steel (1.0C, 1.5Cr, 0.2 V) 

1550°F, Quenched Into Oil at 68°F, Held at 68°F For 1.5 Hours 
Before Tempering 
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Fig. 15—Effect of Aging Temperature on the Isothermal Decomposition of 
Austenite in Ball Bearing Steel. 


secondly, the bainitic conversion at 400 to 500°F (205 to 260°C). 
On tempering at the intermediate temperatures of 250 to 300°F 
(120 to 150 °C), the discrete two-step behavior is even more obvious. 
These kinetics suggest that the transformation product of the first 
step is martensite, as proposed recently by the authors (6), notwith- 
standing the isothermal nature of the process. This far-reaching 
conclusion is substantiated by the fact that the isothermal decompo- 
sition found at room temperature (and at temperatures up to 200 °F) 
is continuous with the primary austenite-martensite reaction occur- 
ring during the hardening quench. There is no pause in the austenite 
decomposition when the ambient is reached, even though the magni- 
tude of the isothermal reaction is small compared to the cooling re- 
action. Moreover, it is not likely that an isothermal bainitic trans- 
formation would set in at the very instant that the cooling martensitic 
transformation ceases. In fact, at the higher tempering tempera- 
tures, where the transformation is clearly bainitic, the large heat of 
activation signifies that bainite formation at room temperature must 
be fantastically slow and can hardly account for the isothermal de- 
composition observed after the hardening quench. All these factors 
point to martensite as the first product of the retained austenite de- 
composition on tempering. Its formation appears to be merely a 
residual effect of the main hardening reaction, and occurs most 
rapidly immediately after the hardening quench. Raising the tem- 
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pering temperature does not accelerate this “after effect”, but does 
eventually bring in the bainitic conversion as a separate process when 
the temperature is sufficiently high and/or the time is sufficiently 
long. 

At the present time, the kinetics of retained austenite decompo- 
sition cannot be handled in the same quantitative fashion as is pos- 
sible with the martensite tempering. The bainitic process will un- 
doubtedly be amenable to treatment when further studies are made 
in the range of 300 to 600 °F (150 to 315 °C) and such experiments 
are underway. However, the isothermal martensite stage, being in- 
evitably a by-product of the primary hardening reaction, is dominated 
by the quenching conditions to a greater extent than by the temper- 
ing process. This initial phase of tempering is but another facet of 
the basic austenite-martensite transformation that remains to be 
explored. 


PRACTICAL SIGNIFICANCE OF RESULTS 


This investigation on the isothermal martensite and austenite 
decompositions in hardened high carbon steels emphasizes that the 
dimensional stability of such materials is a function of the amount 
and nature of the martensite and austenite present. The contraction 
due to the aging or tempering of the martensite is quite predictable 
in terms of experimentally-derived constants. In fact, it is known 
from previous findings that martensite contractions are additive (6). 
From a practical standpoint, this means that martensite decomposes 
according to a basic equation, which can be set up for room tempera- 
ture, and that any decomposition which occurs during prior temper- 
ing has the same effect as though it had all taken place in a much 
longer time at room temperature. Since temperature and time are 
related through Equation IX, long-range changes at room tempera- 
ture in finished gages and precision tools can be neatly anticipated 
and avoided by tempering for reasonable times at elevated tempera- 
tures. The larger the martensite contraction achieved during such 
tempering, the less shrinkage may be expected in subsequent aging 
at room temperature. Such effects can be calculated with the aid of 
Equation IX and the constants in Table VI. 

However, if hardness is an important consideration, then the 
temperature and time of tempering are not interchangeable for 
optimum results because, although a given extent of martensite de- 
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composition may be obtained with varied combinations of tempera- 
ture and time, a comparison of the hardness values (Tables IV and 
V) for given martensite contractions (Figs. 5 and 6) indicates that 
higher hardness can be achieved with low tempering temperatures 
and long times than with high temperatures and short times. On 
the other hand, the required time to accomplish a predetermined 
shrinkage increases rapidly as the temperature is decreased, and 
hence practical heat treatment cannot go too far in this direction, 
despite the superior hardness attainable. For example, in steel T, 
a martensite contraction of 640 microinches/in may be produced by 
tempering for 1 hour at 300°F, 3 hours at 250°F, 60 hours at 
200 °F, or 300 hours at 150 °F. The corresponding hardness values 
are Rockwell C-64.0, C-65.1, C-65.8 and C-66.3, respectively. 

The rate of martensite shrinkage at a given temperature depends 
upon the chemistry of the martensite. Comparing the plain carbon 
and ball bearing steels studied here, the rate of shrinkage 
is much slower in the latter. This is not because of more sluggish 
precipitation from the martensite, but because the alloy-bearing mar- 
tensite has a larger capacity for carbon at the end of the first stage 
of tempering and hence less precipitation takes place during temper- 
ing at the low temperature usually employed for low alloy tool steels. 

The decomposition of retained austenite at room temperature 
causes an expansion effect which tends to counterbalance the mar- 
tensite shrinkage. However, the austenite behavior is greatly influ- 
enced ‘by the quenching conditions because the isothermal transforma- 
tion is really a hangover of the main hardening reaction. In fact, 
the isothermal product is now believed to be martensite (bainite is 
not formed appreciably below 300 °F), and the accompanying ex- 
pansion is undoubtedly a major factor in the cracking-propensity of 
hardened tool steels during aging at room temperature after the 
quench. The desirability of tempering soon after the hardening is 
thereby indicated. 

The amount of retained austenite and its rate of decomposition 
at low aging temperatures are appreciably affected by arrested hard- 
ening. Interrupting the quench for only 5 minutes at 125 °F or 
above, followed by air cooling to the ambient, increases the quantity 
of retained austenite. Furthermore, its subsequent decomposition 
persists for longer periods of time than in the case of direct quench- 
ing to room temperature. Thus, deviations in quenching practice may 
cause significant differences in dimensional behavior. 
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The expansion due to this isothermal reaction is relatively large 
considering the small quantities of austenite involved. The magni- 
tude of the effect is easily seen if the austenite decompositions plotted 
in Figs. 14 and 15 are multiplied by the conversion factors in Table 
VII. The combination of such austenite expansions and the mar- 
tensite contractions, previously discussed, accounts quantitatively for 
the net changes in length actually measured during the aging. 


CoNCLUSIONS 


1. The separate contributions of martensite decomposition (con- 
traction) and retained austenite decomposition (expansion) to 
the phenomenon of dimensional instability on aging or tempering 
have been quantitatively resolved and analyzed. 

2. During the first stage of tempering, martensite decomposition 
proceeds by the rejection of carbon at an increasing rate with 
increasing temperatures until the end of the first stage is 
reached. At this point, the further rejection of carbon from 
the depleted martensite lattice almost ceases before the forma- 
tion of cementite begins. 

3. The solubility of carbon in martensite at the end of the first 
stage of tempering increases slightly with increasing tempera- 
ture and with chromium content. The martensite at the end of 
the first stage of tempering is visualized as being in pseudo-equi- 
librium with a transition precipitate. 

4. The decomposition of martensite follows a first-order equation 

with the reaction-rate constant possibly influenced by the stress 

relief that occurs during the tempering. The kinetics of the 
process may be represented by the rate equation: 
dc c 
is niin a as 
dt e 

Both K and S are temperature-dependent. 

The heat of activation for the martensite decomposition has been 

determined as about 8300 calories/mol. This is approximately 

half of the published heat of diffusion for carbon in ferrite. 

6. The austenite-martensite reaction on hardening does not cease 
completely when the cooling stops. As much as 5% of retained 
austenite may transform isothermally into martensite at room 
temperature. This isothermal transformation proceeds rapidly 


cn 
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during the first 1.5 hours after the quench, but continues at a 
diminishing rate for several months. Its rate is not measurably 
affected by tempering above room temperature. 

If the tempering temperature and/or time are increased suffi- 
ciently, the well-known decomposition of the austenite into 
bainite takes place with a heat of activation of about 38,000 
calories/mol. This process (i.e., the so-called second stage of 
tempering) is quite distinguishable from the earlier isothermal 
decomposition of the austenite into martensite. 
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DISCUSSION 


Written Discussion: By Clarence Zener, Institute for the Study of 
Metals, The University of Chicago, Chicago. 

Dimensional arguments alone show that one would not expect the 
“heat of activation” of the constant K, Ox, to be comparable to the heat 
of activation for the diffusion of carbon in iron, Qc. One can fairly com- 
pare the heats of activation only of quantities having the same dimen- 
sions in time. The diffusion coefficient has dimensions of (length?/time). 
On the other hand, K has dimensions of (time)~“~*. If we, therefore, 
introduce a new constant 7 by the relation 


K =1/r"%-®, 


r-* will have dimensions of (time)~’, and we might, therefore, expect its 


heat of activation, Q,;, to be comparable to Qc. The two heats of activa- 
tion Ox and Q,; are related by 


Q, = Qx/(1 — s) 
From the measurements at the lower temperature one thereby obtains 
QO, + 30x — 25,000 cal/mol, 


which value is encouragingly close to Snoek’s value for Qc. 
One cannot help but wonder whether the second heat of activation 
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found by the authors, Qs, is merely a result of certain assumptions in 
their analyses, rather than being a heat of activation of some real rate 
process. It is clear that in their Equation V the exponent s cannot be a 
true constant, but must gradually increase with time, or otherwise the 
stress ¢ would become negative. We are accordingly led to consider the 
following equation, which is slightly more general than Equation VIII: 


y(t) =a[1 —e“*“/?], Equation A 


If the only influence of temperature is through the diffusion coefficient 
of carbon in iron, then temperature will enter this equation only through 





0 | 2 2 4 5 6 7 
log ( tT 350/Tr) 


Fig. 16—Replotting of the Four Lowest Temperature Points 
from the Authors’ Fig. 7 


the time of relaxation 7. In this case all the curves in Fig. 7 should lie 
upon a common curve when plotted as a function of log (t/r) rather than 
of log t. Upon taking the heat of activation of r* to be 23,000 cal/mol, 
the experimental points in Fig. 7 for the four lowest temperatures are 
indeed found to lie upon a common curve, as illustrated in Fig. 16. The 
observations at the four lowest temperatures are thus consistent with the 
picture that the only effect of temperature is upon the rate of diffusion 
of carbon. The invalidity of Equation A at higher temperatures indi- 
cates that above 150°F temperature has an effect other than upon the 
diffusion rate of carbon. 

Written Discussion: By S. L. Hoyt, technical advisor, Battelle Me- 
morial Institute, Columbus, Ohio. 

In our work at Battelle on the factors that promote cracking along- 
side welds in hardenable steels, we have come to understand it as a proc- 
ess which consists, in part, of the retention of austenite in the heat- 
affected zone. That austenite would thereupon precipitate out its dis- 
solved hydrogen and initiate the crack. Obviously, this involves the 
transformation of that austenite upon standing at room temperature. We 


| 
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have run into unexpected resistance to the acceptance of this idea on the 
basis that retained austenite is held not to transform in that way. 

If there is something basically incorrect in our idea, we would natu- 
rally like to know about it and I would like to ask the authors if retained 
austenite cannot actually transform at room temperature. 

Written Discussion: By A. R. Troiano, professor of metallurgy, 
University of Notre Dame, Notre Dame, Ind. 

I note, in Fig. 6, that the curves for the isothermal decomposition of 
martensite at 400 and 500°F have an anomalous plateau. This cannot 
be explained by either the effect of the first stage of tempering, or by the 
decomposition of retained austenite, since this discontinuity occurs after 
the first stage of tempering, at these temperatures, and the curves have 
been calculated after subtracting the effect of retained austenite. 

Although the temperatures involved seem to be quite low, have the 
authors considered that this may be due to a change in the nature of 
the carbide? To check whether this phenomenon or some modification 
of it may be operative in the lower (32 to 200°F) temperature range, it 
might be instructive to observe the behavior of a freshly quenched steel 
which had 100% martensite on quenching to room temperature. 


Authors’ Reply 


For a strict comparison of heats of activation, it is preferable to con- 
sider quantities having the same dimensions. The diffusion coefficient has 
dimensions of length’/time, and Dr. Zener has adjusted only the time 
dimension. Since the jump distance varies only slightly with temperature, 
this correction is probably adequate. Nevertheless, it should be noted 
that even with this adjustment of the time parameter, Qr (25,000 cal/mol) 
is still considerably different from Snoek’s diffusion value of Qe (18,000 
cal/mol), and such a discrepancy suggests that the diffusion of carbon 
is not the only temperature-dependent factor involved in the tempering 
process. 

Dr. Zener’s alternate treatment of our rate data in terms of a relaxa- 
tion time, 7, is applicable only in the temperature range of 32 to 150 °F. 
The equation which was developed in the paper, however, reproduces the 
process over a larger temperature range (32 to 300°F) and describes the 
volume changes occurring during the entire first stage of tempering. The 
alternate treatment is capable of explaining only the initial portions of 
the process, and also overlooks the possibility that nucleation and growth 
may be involved. Tempering can logically be assumed to occur by nuclea- 
tion and growth, and our equation describes such a reaction, with cer- 
tain modifications that are peculiar to martensite. 

The authors cannot provide positive assurance to Dr. Hoyt that his 
hardenable welding steels contain retained austenite in the heat-affected 
zone and that this austenite undergoes isothermal transformation at room 
temperature. Our experimental work has been primarily devoted to the 
high carbon steels, and‘although we have some evidence that low carbon 
steels do retain austenite we have not tested them for isothermai decom- 
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position. In principle, it would seem that such decomposition might be 
expected. 

In reply to Dr. Troiano, the plateaus in the 400 and 500°F curves 
for the decomposition of 100% martensite in Fig. 6 are probably con- 
nected with a later step in the tempering of martensite. The composition 
of the carbon-rich precipitate probably changes during the tempering, 
but a calculation of the dilation accompanying any reasonable change in 
the carbide density shows that this effect is small compared to the shrink- 
age of the martensite lattice as it rejects carbon. The 400 and 500 °F 
curves were not involved in the main results of the paper, since the first 
stage of tempering is completed within a few minutes at these tempera- 
tures. A more detailed dilatometric study of these later changes is now 
in progress. 


sap iaie, 


t 








THE DIMENSIONAL STABILITY OF STEEL 
PART IV—TOOL STEELS 


By B. S. Lement, B. L. AVERBACH AND M. CoHEN 


Abstract 


Dimensional changes which occur in four low alloy 
and two high alloy tool steels on aging at 68 °F (20°C) 
as long as 1 year after selected heat treatments have been 
determined. The effects of these treatments are explained 
on the basis of martensite decomposition and retained aus- 
tenite transformation. 

In low alloy tool steels, dimensional stability 1s in- 
creased by the presence of such alloying elements as chro- 
mium, tungsten and manganese and by the use of as high 
a tempering temperature as hardness requirements will 
permit. Refrigeration, whether carried out prior to or 
after single tempering at temperatures below about 300 °F 
(150 °C), increases the rate of contraction over that ob- 
tained without refrigeration; however, refrigeration does 
result in increased hardness. Long-time tempering at low 
temperatures with or without refrigeration results in a 
superior combination of hardness and dimensional stability 
as compared to short-time tempering at high temperatures. 
Arrested quenching during hardening as compared with 
direct quenching to room temperature results in lowered 
dimensional stability; however, by use of higher temper- 
ing temperatures after arrested quenching, dimensional 
stability can be improved at the expense of hardness. The 
disadvantage of lowered hardness can be avoided by use 
of long-time tempering and refrigeration cycles after 
arrested quenching. 

In high alloy tool steels, attainment of dimensional 
stability is rendered difficult if tempering results in sec- 
ondary hardening. Refrigeration following the original 
hardening operation, by causing the transformation of a 
large amount of retained austenite, is helpful in over- 
coming the difficulty. Multiple tempering, including oil 
quenching from the tempering temperature, was found 
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effective in promoting dimensional stability in high speed 
steel; whereas a cyclic treatment involving refrigeration, 
tempering, and oil quenching from the tempering tem- 
perature is best for high carbon, high chromium die steel. 


BTAINING adequate dimensional stability in a high precision 
tool, gage, or die is often a difficult problem because such con- 
siderations as steel composition, mechanical properties, and tool de- 
sign impose practical limitations on the treatments that can be used 
to confer dimensional stability. To arrive at the over-all optimum 
treatment requires an intimate knowledge of the several factors 
affecting dimensional stability. The present investigation was under- 
taken to determine the influence of various treatments on tool steels, 
and constitutes Part IV of a series of papers designed to supply 
quantitative information regarding the dimensional stability of steel. 
The published work on dimensional properties of tool steels has 
been primarily concerned with the behavior during hardening, tem- 
pering, and refrigeration, rather than during aging at room tempera- 
ture after the final treatment. Scott (1)? pioneered in this field by 
investigating the length changes which take place in a wide variety 
of low alloy tool steels, and more recently Scott and Gray (2) deter- 
mined the dimensional variations that occur during the heat treatment 
of two air hardening chromium tool steels. Ameen (3) and Butler 
(4) also made observations of this type in several tool and die steels, 
and Gippert and Butler (5) investigated the dimensional changes in 
high carbon, high chromium die steels caused by subzero refrigeration. 
Part I (6) of the present series was concerned mainly with the 
phenomenon of stabilization which occurs in the retained austenite of 
hardened steel if allowed to age at room temperature prior to subzero 
cooling. Such aging lowers the temperature at which the retained 
austenite starts to transform into martensite on subsequent refrigera- 
tion and also reduces the total amount of martensite formed. Charts 
showing the relationships between the extent of austenite decompo- 
sition, the subcooling temperature, and the prior holding time at room 
temperature were presented. 

Part II (7) dealt with the effect of austenitizing temperature, 
tempering temperature, and tempering time on the stabilization of 
retained austenite against transformation on subzero cooling. It was 
found that for low austenitizing temperatures it is possible to trans- 
form most of the austenite by cold treatment shortly after the hard- 


1The figures appearing in parentheses Pertain to the references appended to this paper. 


- 
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ening quench; whereas for high austenitizing temperatures only a 
fraction of the retained austenite is transformed by subcooling. 
Moreover, the higher the tempering temperature, or the longer the 
tempering time, the greater is the degree of stabilization achieved. 
Essentially complete stabilization can be attained by tempering, but 
the required tempering temperature increases with the austenitizing 
temperature. 

Part III (8) considered the influence of both the quantity and 
condition of the martensite as well as of the retained austenite on 
the dimensional stability. The over-all changes in length observed 
during aging at room temperature were treated as an algebraic sum- 
mation of a contraction caused by the decomposition of martensite 
and an expansion caused by the isothermal transformation of retained 
austenite into a more voluminous product. The isothermal martensite 
contraction rate is found to be initially high but it decreases with 
aging time. During tempering, martensite contracts quite markedly 
but the subsequent decomposition on aging at room temperature takes 
place as if all of the reaction occurred at room temperature. There- 
fore, the martensite reaction is said to be additive. Below the tem- 
perature range of the retained austenite decomposition into bainite 
(the second stage of tempering), tempering transforms a small por- 
tion of the retained austenite, but tends to stabilize the remainder 
against further transformation at room temperature. The degree of 
such stabilization increases with tempering temperature, so that either 
a net growth or a net shrinkage can be observed on aging at room 
temperature, depending on the relative amounts of austenite and 
martensite and on the previous tempering which they have under- 
gone. 

The present paper describes the dimensional behavior of six tool 
steels during aging at room temperature after various hardening, 
tempering, and refrigeration treatments. These treatments were de- 
signed to reveal the effects of tempering temperature, multiple tem- 
pering, refrigeration both prior to and following tempering, arrested 
quenching including martempering, and combinations of tempering 
and refrigeration cycles. It should be borne in mind that, for the 
purposes of this discussion, dimensional stability is defined as the 
ability of a steel to maintain a given size over a long period of time 
after it has been heat treated and finished to final dimensions. This 
does not include the “movement” which occurs during hardening, 
nor the distortions which may result from stress relief, 
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EXPERIMENTAL DETAILS 


Chemical Composition—The chemical compositions of the six 
tool steels are listed in Table I. These materials were obtained in the 
form of 3-inch diameter drill rod, annealed and centerless ground. 





Table I 
Chemical Composition of Steels Investigated 
Tool Steel Cc Si Mn Ss P Ww Cr Vv Mo Co 

Plain Carbon 1.07 0.23 @.25 ° @O:004 @O.081 .... Rete g ca cgitiovh ‘ 
Ball Bearing 1.04 0.34 0.35 0.012 0.014 .... ce Me. zeke 
Tungsten Die 1.24 0.39 0.33 0.007 0.022 1.59 0.76 0.20 0.22 
Manganese Die 0.94 0.21 1.17 0.016 0.020 0.82 ae Wa 3k 
M-2 High Speed 0.79 0.34 0.27 0.010 0.020 5.75 4.18 1.52 4.68 
High Carbon, High 


Chromium Die 1.54 0.43 0.30 0.007 0.015 .... 12.0 0.77 0.99 0.40 





Hardening Treatments—The austenitizing temperatures, time 
at temperature, and quenching media used for the six steels are given 
in Table II. Such hardening operations are representative of normal 
commercial practice for these tool steels. Data on the percentage of 
austenite retained as a result of direct quenching to room tempera- 


Table Il 
Hardening Treatments and Retained Austenite Contents 











Retained Austenite Content, 
——_————_——- % by Volume* 


Time at Salt- 
Austeni- Quenched Quenched Quenched 
Austeni- tizing Regular to+68°F to+125°F to450°F 
tizing Tempera- Quench- Quenched and and Air- and Air- 
Tempera- ture in ing to Cooled to Cooled to Cooled to 
Tool Steel ture, °F Minutes Medium +68 °F —321 °F +68 °F +68 °F 
Plain Carbon 1450 30 water 9 3 14 > 
Ball Bearing 1550 30 oil 7 2 9 10.5 
Tungsten Die 1600 30 oil 13.5 6.5 ints ae 
M ese Die 1450 30 oil 8.5 5.5 10.5 11 
M-2 High Speed 2220 3 oil 19.5 8 Meh a 
High Carbon, 
igh Chromium 
Die 1900 30 air 


*Austenite determinations made by integrated X-ray intensities (9). 








ture, arrested quenching, and refrigeration at —321 °F (—195 °C) 
are also included in Table IJ. The retained austenite contents were 
determined with the aid of a recently published X-ray technique (9) 
and are somewhat higher than previous determinations because of the 
increased sensitivity of the newer method. 

Method of Measurement—Determination of dimensional sta- 


a 











1949 DIMENSIONAL STABILITY OF STEEL 1065 


bility was carried out by measuring the changes in length that occur 
in specimens 3% inch diameter by 4.000 + .001 inches long on aging 
at 68 °F (20°C) following heat treatment. The ends of the speci- 
mens were spherically ground to a radius of 2 inches, and precision 
length measurements were made with a gage comparator of 5000 
magnification. In essence, this gage compared the length of the 
specimen with a 4.120-inch standard block independently calibrated 
to the nearest microinch. Deviations from this standard could be 
determined with an accuracy of 5 microinches, which for a 4-inch 
specimen corresponds to a relative accuracy of about 1 microinch 
per inch. Changes in length expressed in microinches per inch are 
reported for 1 day, 1 week, 1 month, 3 months and 1 year of aging 
at 68 °F following heat treatment. The specimen-length after 1 day 
of aging at room temperature is arbitrarily selected as the starting 
point, and hence the change in length for 1 day is reported to be zero 
in all cases, although variations are known to occur during the first 
day (10). This procedure was adopted because, as a practical mat- 
ter, most precision tools and gages are not finish ground, or other- 


wise brought to final dimensions, within the first day after heat 
treatment. 


DIMENSIONAL STABILITY OF Low ALLoy Toot STEELS 


Tempering Following Quenching to Room Temperature—The 
effect of tempering temperature on the dimensional stability of the 
plain carbon and ball bearing tool steels was studied in detail. A 
series of specimens of each material was quenched to room tempera- 
ture and then tempered in the range of 68 to 500 °F (20 to 260 °C). 
The length changes observed during aging at room temperature after 
the tempering are given in Table III.? 

The dimensional behavior of both the plain carbon and ball 
bearing steels can be understood on the basis of the internal reactions 
which are now known to occur (8, 10). As indicated by Table II, 
the structure of the plain carbon tool steel water-quenched to room 
temperature consists of about one-tenth retained austenite and nine- 
tenths untempered martensite. Some of the retained austenite trans- 
forms isothermally at 68°F, causing an expansion; however, this 
effect is masked by the much faster rate of contraction due to the 
isothermal decomposition of the larger amount of martensite present, 





*The dimensional stability data are presented in the form of tables, rather than graphs, 
to facilitate their utilization in engineering and design problems. 














TRANSACTIONS OF THE A. S. M. 


Table Ill 


Vol. 41 


Effect of Tempering Following Quenching to Room Temperature on Dimensional 
Stability at +68 °F 


Rockwell 
‘ ‘e , 


Total Change in Length on Aging at 68°F 
Microinches per Inch 








Tool Steel Temper Hardness 1 Day 1 Week 1 Month 3 Months 1 Year 
Plain Carbon 1 hour at 68°F 66 0 —90 —175 —265 —405 
Plain Carbon 1 hour at 150°F 66.5 0 —26 — 86 —161 —292 
Plain Carbon 1 hour at 200°F 67 0 — 5 — 15 — 36 — 95 
Plain Carbon 1 hour at 250°F 65 0 — 2 — 6 — il — 19 
Plain Carbon 1 hour at 300°F 64.5 0 — 2 — 3 — 6 — 10 
Plain Carbon 1 hour at 350°F 63.5 0 — 2 — 3 — 6 — 9 
Plain Carbon 1 hour at 400°F 63 0 0 — 2 — 3 — 7 
Plain Carbon 1 hour at 500°F 61.5 0 0 — 2 — 3 — 3 
Ball Bearing 1 hour at 68°F 64 0 —10 — 42 — 82 —110 
Ball Bearing 1 hour at 150°F 65 0 + 5 + 1 — 11 — 38 
Ball Bearing 1 hour at 200°F 65 0 + 6 + 10 + 12 + 20 
Ball Bearing 1 hour at 250°F 65 0 + 3 + § + 7 + 6 
Ball Bearing 1 hour at 300°F 63.5 0 0 — 1 — 1 — 2 
Ball Bearing 1 hour at 350°F 63 0 0 — 1 — 1 — 2 
Ball Bearing 1 hour at 400°F 62 0 0 — 1 — 1 — 1 
Ball Bearing 1 hour at 500°F 60 0 0 — 1 — 1 — 1 
Manganese Die 1 hour at 300°F 62.5 0 0 — 1 --1 - 3 
Tungsten Die 1 hour at 300°F 64.5 0 + 1 0 —- | —- 2 





and a net contraction occurs. As a result of tempering, the rates of 
both these reactions are decreased at room temperature (8). With 
increased tempering temperature, progressively more martensite de- 
composition occurs during tempering and the rate of the subsequent 
martensite decomposition at 68°F is reduced to that which would 
occur after an enormously long time of aging at this temperature in 
the as-hardened condition. The effect of increasing the tempering 
temperature on the retained austenite is to transform small portions 
and render the remainder progressively more stabilized against trans- 
formation at room temperature. If tempering is carried out above 
250 °F (120 °C), the plain carbon steel exhibits a fairly high degree 
of dimensional stability because the subsequent martensite decompo- 
sition and transformation of the retained austenite at 68 °F not only 
occur at a very slow rate, but tend to counterbalance each other. 
Similar reactions take place in the ball bearing steel, but with 
certain differences in detail. Since, as shown in Table II, the ball 
bearing steel contains less retained austenite than the plain carbon 
steel in the as-quenched condition, it might be expected that the ball 
bearing steel would contract at a somewhat faster rate. Actually 
what happens in the ball bearing steel is that, for low tempering tem- 
peratures, the austenite transformation at room temperature is 
masked to a lesser extent by the martensite decomposition than in 
the plain carbon steel, and net expansions result. This occurs even 


on aging at 68 °F, but only during the first day (8), and hence is 


ip meqemmes e 
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Table IV 
Effect of Tempering Following en - —321 °F on Dimensional Stability 
at +68 ° 











Rockwell Total Change in Length on Aging at +68°F 
—— Microinches per Inch 

Tool Steel Temper Hardness 1 Day 1 Week 1 Month 3 Months 1 Year 
Plain Carbon 1 hour at 68°F 67 0 —120 —240 —350 —525 
Plain Carbon 1 hour at 150°F 68 0 — 50 —127 —220 —380 
Plain Carbon 1 hour at 200°F 68 0 — 10 — 30 — 58 —145 
Plain Carbon 1 hour at 250°F 68 0 — 2 — 7 — 15 — 21 
Plain Carbon 1 hour at 300°F 67.5 0 — 2 — 4 — 9 — 13 
Plain Carbon 1 hour at 350°F 66 0 — 2 — 4 — §g ~ 9 
Plain Carbon 1 hour at 400°F 63.5 0 1 — 3 5 — 6 
Plain Carbon 1 hour at 500°F 59.5 i) 1 3 5 - § 
Ball Bearing 1 hour at 68°F 65 0 50 90 —135 —195 
Ball Bearing 1 hour at 150°F 65 0 — 9 25 42 69 
Bal! Bearing 1 hour at 200°F 65 0 5 11 18 - 44 
Ball Bearing 1 hour at 250°F 65 0 3 6 9 11 
Ball Bearing 1 hour at 300°F 64 0 I 4 6 - 6 
Ball Bearing 1 hour at 350°F 63.5 0 2 4 - § 6 
Ball Bearing 1 hour at 400°F 60.5 0 — 1 - 3 4 — 4 
Ball Bearing 1 hour at 500°F 59 0 0 1 i - 1 
Manganese Die 1 hour at 300°F 63 0 we Z a G 9 - il 
Tungsten Die 1 hour at 300°F 67.5 0 ~ J — § 9 











not indicated in Table III. The reason for the difference in behavior 
of the plain carbon and ball bearing steels will be discussed in the 
following section dealing with the effect of refrigeration. On tem- 
pering above 250°F (120°C), the rates of the two compensating 
reactions become very slow and a high degree of dimensional stabil- 
ity is imparted to the ball bearing steel. 

Both the tungsten and manganese die steels were tested for 
dimensional stability after tempering at 300 °F (150°C). As shown 
in Table III, these steels are found to possess dimensional stability 
equivalent to that of the ball bearing steel given the same treatment. 
Of these four low alloy tool steels, plain carbon tool steel appears to 
have the lowest dimensional stability after a 300 °F temper. 

Tempering Following Refrigeration—The effect of tempering 
following cold treatment on the dimensional stability of the plain 
carbon and ball bearing tool steels was also studied in detail, and the 
results are given in Table [V. Specimens of both steels were 
quenched to room temperature, cooled immediately to —321 °F 
(—195 °C), held for 1 hour, returned to room temperature, and tem- 
pered in the range of 68 to 500°F (20 to 260°C). As shown in 
Table II, refrigeration results in transformation of the major portion 
but not all of the retained austenite present in the as-quenched steels. 

As compared with the straight quench-and-temper treatment, 
tempering following refrigeration results in an increased rate of con- 
traction for tempering temperatures up to about 300 °F (150°C). 
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The difference in behavior of refrigerated and unrefrigerated steels 
is readily understood, since the subcooling results in the transforma- 
tion of most of the retained austenite present in these steels. Thus 
a larger amount of untempered martensite becomes available for con- 
traction than in the case without the cold treatment and, moreover, 
there is relatively little austenite present to cause expansion. Tem- 
pering above 250 °F (120°C) substantially retards the rate of de- 
composition of the martensite at 68°F and stabilizes what little 
austenite remains after refrigeration. 

The much slower rate of contraction of the ball bearing steel 
after refrigeration as compared with the plain carbon steel is attrib- 
uted to the difference in behavior of the martensites in the two steels. 
It has been shown (10) that whereas completion of the first stage of 
tempering in the two steels is accomplished in about the same time at 
a given tempering temperature, the amount of contraction that occurs 
in the alloy martensite is considerably smaller than that in the plain 
carbon steel. In other words, despite the fact that the carbon content 
of both martensites is about the same, less carbon is rejected from 
the martensite in the ball bearing steel during the first stage of tem- 
pering than in the plain carbon steel (10). 

From the standpoint of dimensional stability, any reduction in 
the martensite decomposition is of definite advantage since a slower 
rate of over-all length change is then attainable, once the retained 
austenite has been either stabilized or removed by refrigeration. The 
relationship between steel composition and the rate of martensite 
shrinkage can be shown by a comparison of specimens that have been 
refrigerated and allowed to age at room temperature. In Table V, 


Table V 


Effect of Refrigeration Temperature om Dimensional Stability at +68 °F, 
Without Tempering 


Rockwell Total Change in Length on Aging at 
: Tem- “Cc” -——+68°F, Microinches per Inch——. 

Tool Steel Refrigeration per Hardness 1 Day 1 Wk. 1 Mo. 3 Mos. 1 Yr. 
Plain Carbon None, as-hardened None 





0 


66 0 — 90 —-175 -—265 -—405 
Plain Carbon Cooled to —123°F None 67 0 —110 -—205 -—310 —480 
Plain Carbon Cooled to —321°F None 66.5 0 —120 —240 -—350 —525 
Ball Bearing None, as-herdened None 65 0 — 10 — 42 — 82 —110 
Ball Bearing Cooled to —123°F None 66 0 — 36 — 73 -110 —173 
Ball Bearing Cooled to —321°F None 66 0 — 50 —90 -—-135 —195 
Manganese Die None, as-hardened None 64 0 — 14 — 30 — 48 — 87 
Manganese Die Cooled to --123°F None 64.5 0 — 36 — 71 -—103 —158 
Manganese Die Cooled to —321°F None 65 0 — 50 — 91 -—128 —183 
Tungsten Die None, as-hardened None 66 0 — 52 ~—101 -—156 -—259 
Tungsten Die Cooled to —123°F None 67.5 0 — 88 -—162 -—230 -—355 
Tungsten Die Cooled to —321°F None 67.5 0 — 94 —173 —248 -—362 
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such comparisons are offered for specimens of the four low alloy tool 
steels which have been refrigerated at —321 °F (—195 °C). to con- 
vert as much of the retained austenite as possible to martensite. It 
is seen here that the martensite in the manganese die steel appears 
to have about the same rate of decomposition as in the ball bearing 
steel, while that of the tungsten die steel occupies an intermediate 
position between these alloy compositions and the plain carbon steel. 
Evidently, tungsten and manganese, like chromium (10), increase 
the capacity of martensite to retain carbon at the end of the first 
stage of tempering, and therefore reduce the extent of precipitation 
(contraction) during such tempering. 

Although refrigeration enhances the contraction tendency as 
compared with the straight quench-and-temper treatment, it does 
raise the hardness in some of the steels. The increment in hardness 
for the plain carbon and tungsten die steels is of the order of 2 to 3 
Rockwell C points, whereas no significant improvement is found 
in the ball bearing and manganese die steels. The hardness incre- 
ment in the plain carbon steel persists only for tempering tempera- 
tures below 400 °F (205°C). Since increased hardness obtained by 
refrigeration may be beneficial to wear resistance, it may be advanta- 
geous to use such a treatment, provided tempering is then carried 
out at a temperature which confers a degree of dimensional stability 
equivalent to that obtained without refrigeration. For example, if 
the plain carbon steel is tempered at 350 °F (175 °C) after refriger- 
ation, a hardness of Rockwell C-66 is achieved, whereas without 
refrigeration, such tempering produces a hardness of only Rockwell 
C-63.5. Yet, essentially the same dimensional stability is attained by 
the two treatments. 

Refrigeration Temperature—The influence of refrigeration tem- 
perature on dimensional stability is shown in Table V. Results on 
specimens after (a) hardening, (b) hardening and subcooling to 
—123 °F (—92 °C), and (c) hardening and subcooling to —321 °F 
(—195 °C) are presented. In each steel, cooling to —123 °F results 
in an increased rate of contraction as compared with the as-hardened 
state. Likewise, cooling to —321 °F produces an increased rate of 
contraction as compared with cooling to —123 °F. 

Subcooling to —123 °F transforms part of the retained aus- 
tenite and consequently there is not only less retained austenite to 
cause expansion but also more untempered martensite to cause con- 
traction on aging at 68 °F. Since the temperature at which the sub- 
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Table VI 
Effect of Refrigeration Following Tempering on Dimensional Stability at +68 °F 





? : Rockwell Total C e in Length on Aging at 
First Refrig- Second “C" ~——-+68°F, Microinches Inch——. 

Tool Steel Temper eration Temper Hardness 1 Day 1 Wk. 1 Mo. 3 Mos. 1 Yr. 
Plain Carbon ihr.at Cooled to 


300°F —123°F None 65.5 0 —4 — 8 —10 —14 
Plain Carbon lhr.at Cooled to 

300°F -—321°F None 65.5 0 —6 —10 —14 —17 
Plain Carbon ihr.at Cooledto 1hr.at 

300°F  —123°F 300°F 65.5 0 —5 — 8 —10 —14 
Plain Carbon ihr.at Cooledto 1hr.at 

300°F -—321°F 300°F 65.5 0 —5 — 8 —1i1 —16 
Ball Bearing ihr.at Cooled to 

300°F —123°F None 64 0 —3 - § — 7 - 9 
Ball Bearing ihr.at Cooled to 

300°F  —321°F None 64 0 —2 — 4 — 6 — 8 
Ball Bearing ihr.at Cooledto 1hr.at 

300 °F —123°F 300°F 63.5 0 —1 — 2 — 4 — 6 
Manganese Die tihr.at Cooledto 

300 °F —123 °F None 62.5 0 —3 — § — 7 — 8 
Manganese Die lhr.at Cooled to 

300 °F —321 °F None 63 0 —§ — 8 —10 —13 
Manganese Die ihr.at Cooledto thr.at 

300°F  —123°F 300°F 62 0 —2 — § — 6 — 8 
Tungsten Die ihr.at Cooled to 

300°F  —123°F None 65.5 0 —3 — 6 — 8 —10 
Tungsten Die lhr.at Cooled to 

300 °F —321°F None 65 0 —5 — 8 —1il1 —14 
Tungsten Die lhr.at Cooledto 1hr.at 

300°F  —123°F 300°F 64.5 0 3 — § — 7 — 9 
Tungsten Die lhr.at Cooledto 1t1hr.at 

300°F -—321°F 300°F 64.5 0 —2 —4 — 6 — 8 


zero austenite transformation ceases is between —250 and —260 °F 
for these compositions (6), cooling to —321 °F achieves the trans- 
formation of all of the retained austenite that is convertible by re- 
frigeration. The greater content of untempered martensite and the 
elimination of most of the retained austenite cause the increased rate 
of contraction at room temperature following cooling to —321 °F 
as compared with the —123 °F treatment. 

With iricreased tempering temperature following refrigeration, 
it would be expected that the difference in contraction rate at 68 °F 
of specimens subcooled to —123°F as compared with —321 °F 
would tend to be wiped out. This is indicated by the fact that there 
is only a small difference between the contraction rates of nonre- 
frigerated and refrigerated (—321 °F) specimens if tempering is 
carried out at 300 °F (150°C) or above (Tables III and IV). Ac- 
cordingly, from a commercial standpoint, subcooling to —123 °F may 
be used instead of the more difficultly attained lower temperature. 

Refrigeration Following Tempering—Based on a comparison of 
Tables VI and III, it appears that the effect of refrigeration follow- 
ing the straight quench-and-temper treatment is to increase slightly 
the rate of contraction at 68 °F in the four steels over that obtained 
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Table VII 
Effect of Long-Time Tempering and Refrigeration Cycles on Dimensional Stability 
of Ball Bearing Tool Steel at +68 °F 


Total Change in Length on 





Number Rockwell Aging at +68°F 
Treat- Tempering and Refrigeration of Be 3h -——Microinches per Inch ; 
ment -—— Cycle. Cycles Hardness 1 Day 1 Wk. 1 Mo. 3 Mos. 





VII-A Tempered 10 hours continu- 
ously at 250°F 1 64.5 0 0 0 0 
VII-B Tempered 1 hour at 250°F 10 65 0 0 0 —1 


VII-C (1) Tempered 1 hour at m_* ~ ae ata 
(2) Cooled to —321°F 10 64.5 0 3 5 7 
VII-D = (1) Cooled to —321 °F } 10 65 0 0 0 0 


(2) Tempered 1 hour at 250°F 








without refrigeration. With the exception of the ball bearing steel, 
a slight increase in the rate of contraction occurs if a refrigeration 
temperature of —321 °F (—195°C) is used instead of —123 °F 
(—92 °C). Subcooling following tempering evidently converts only 
a small amount of austenite into martensite, the effect of the cold 
treatment being considerably curtailed by the stabilization accom- 
panying the temper. As shown in Table VI, a second temper, per- 
formed after refrigeration, does not quite reduce the rate of 
contraction to that obtained by the straight quench-and-temper treat- 
ment. Therefore, here again, the cold treatment is not helpful to 
dimensional stability, except on the basis that somewhat greater 
hardness may be realized in some cases. 

Long-Time Tempering and Refrigeration Treatments—Table 
VII indicates the effect of four long-time tempering and refrigera- 
tion treatments on the dimensional stability of the ball bearing tool 
steel. These operations were carried out using 250 °F (120°C) for 
tempering and —321 °F (—195°C) for subcooling. Treatments 
VII-A and VII-B® consisted of tempering at 250°F without re- 
frigeration, whereas treatments VII-C and VII-D involved cycling 
between 250 and —321 °F. As a result of these combinations, all 
specimens received the same total of 10 hours’ tempering at 250 °F. 

All these treatments, with the possible exception of VII-C, 
confer high dimensional stability on the ball bearing steel. It ap- 
pears that cyclic refrigeration and tempering does not yield any 
improvement over cyclic tempering without refrigeration, and that 
a continuous temper of 10 hours at 250 °F (treatment VII-A) is as 
good as 10 multiple tempers of 1 hour each at 250°F (treatment 
VII-B). Treatments VII-A, VII-B and VII-D result in dimen- 


®’The Roman numeral in the treatment designation refers to the table in which the 
operation is described. 
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sional stability better than that achieved by straight hardening and 
tempering for 1 hour at 300°F (150°C), and have the additional 
advantage of maintaining higher hardness by one or two Rockwell 
C units. It is important to note that 10 hours at 250 °F yields higher 
hardness and greater dimensional stability than 1 hour at 300 °F. 
This trend is discussed in some detail elsewhere (10). Of the two 
types of refrigeration cycles investigated here, subcooling followed 
by tempering (treatment VII-D) produces a better combination of 
hardness and stability than tempering followed by subcooling (treat- 
ment VII-C). 


Table VIII 


Effect of Tempering Directly After Arrested Quenching at 125 °F 
on Dimensional Stability at +68 °F 


Rockwell Total Change in Length on Aging at 
a -———68 °F, Microinches per Inch 





Tool Steel Temper Hardness 1 Day 1 Week 1Month 3 Months 
Plain Carbon 1 hour at 250°F 66 0 +1 + 4 + 5 
Plain Carbon 1 hour at 300°F 65.5 0 — 2 — 4 — 5 
Plain Carbon 1 hour at 400°F 62.5 0 — § —10 —13 
Ball Bearing 1 hour at 250°F 66 0 +19 +40 +64 
Ball Bearing 1 hour at 300°F 65 0 + 8 +17 +27 
Ball Bearing 1 hour at 400°F 61.5 0 —1 — 2 — 3 
Manganese Die 1 hour at 250°F 63.5 0 +18 +43 +68 
Manganese Die 1 hour at 300°F 63 0 + 7 +15 +21 
Manganese Die 1 hour at 400°F 60.5 0 +1 + 3 + 6 


Tempering Directly After Arrested Quenching at 125 °F—The 
effect of interrupting the quench for 5 minutes and tempering di- 
rectly without intermediate cooling to room temperature is presented 
in Table VIII. The quenching media used were water at 125 °F 
(50 °C) for the plain carbon steel and oil at 125 °F for both the ball 
bearing and manganese die steels. Tempering was carried out at 
250, 300 and 400 °F (120, 150 and 205 °C) after arrested quenching. 

Interrupting the quench at 125 °F has been found to stabilize 
whatever untransformed austenite exists in the low alloy tool steels 
at this temperature against further transformation when the cooling 
to room temperature is resumed (11): As shown in Table II, this 
results in a greater amount of retained austenite as compared with 
direct quenching to room temperature. If tempering immediately 
follows the arrested quench at 125 °F, some isothermal transforma- 
tion may be induced, but after cooling to room temperature more 
austenite is retained than after a straight quench-and-temper treat- 
ment. It is the increased content of retained austenite that is respon- 
sible for the relatively large expansions that occur in the ball bearing 
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and manganese die steels following tempering at 250 and 300 °F. 
The increased austenite content in the plain carbon steel is not so 
evident because of the higher rate of contraction due to the marten- 
site decomposition in this steel. 

As compared with the straight quench-and-temper treatment, 
arrested hardening necessitates a higher tempering temperature to 
stabilize the retained austenite in order that equivalent dimensional 
stability may be obtained at 68°F. A temper of 400 °F is required 
in the case of the ball bearing steel, and a temper of over 400 °F for 
the manganese die steel. The plain carbon steel appears to require 
a 275 °F temper following the interrupted quench. Even after a 
300 °F temper, isothermal austenite transformation occurs in this 
steel at 68 °F, but the corresponding expansion is counterbalanced by 
the martensite contraction that occurs simultaneously. A 400 °F tem- 
per markedly upsets the balance in favor of martensite contraction. 

Interrupting the quench from the austenitizing temperature is 
usually practiced for the purpose of minimizing distortion or avoid- 
ing cracking. Sometimes arrested hardening is done inadvertently. 
For example, a piece may be pulled out of the quenching tank and 
transferred to the tempering furnace before having a chance to cool 
down to the ambient. The same situation may result from allowing 
the temperature of the quenching medium to rise appreciably above 
room temperature. However, whether the arrested quenching is 
intentional or not, the consequence will usually be detrimental from 
the standpoint of dimensional stability. The normally predominating 
contraction of the martensite decomposition is more than offset by the 
expansion effect due to the excessive amounts of retained austenite, 
and the steels become dimensionally unstable because of growth rather 
than shrinkage. A higher tempering temperature will, in general, be 
required to equal the stability obtained by a straight quench-and- 
temper treatment but is likely to be disadvantageous because of the 
lower hardness that results (Table VIIT). 

Martempering—tThe dimensional stability of the ball bearing and 
manganese die steels after interrupting the quench at 450 °F 
(230°C) for 3 minutes, air cooling to room temperature, and then 
tempering in the range of 250 to 400 °F (120 to 205 °C) is shown 
in Table IX. Such a treatment (called martempering) is practiced 
commercially to minimize distortion and to prevent cracking. The 
temperature at which the quench was interrupted, 450 °F, is above 
the M, point of both steels. 








1074 TRANSACTIONS OF THE A. S. M. Vol. 41 





Table 1X 
Effect of Martempering (450 °F) on Dimensional Stability at +68 °F 
Rockwell Total Change i in Length on Aging at 
ee 3 +68 °F, Microinches per Inch———— 
Tool Steel Temper Hardness 1 Day 1 Week 1Month 3 Months 
Ball Bearing 1 hour at 250°F 65 0 +27 +48 +60 
Ball Bearing 1 hour at 300°F 64 0 0 0 + 2 
Ball Bearing 1 hour at 400°F 62.5 0 — 2 —4 — 6 
Manganese Die 1 hour at 250°F 63.5 0 +15 +32 +48 
Manganese Die 1 hour at 300°F 63 0 + 3 + 8 +13 
Manganese Die 1 hour at 400°F 60 0 - 1 —2 — 3 


It appears that the influence of martempering on these steels is 
similar to that of the arrested hardening at 125°F (50°C). As 
shown in Table II, more austenite is retained by martempering than 
by straight quenching and, therefore, a higher tempering temperature 
is required to reduce the expansion effect caused by the isothermal 
austenite transformation which occurs subsequently at room temper- 
ature. To achieve dimensional stability equivalent to that of a straight 
quench-and-temper treatment, the higher tempering temperature 
necessitated by martempering involves a sacrifice of hardness. 

The behavior of the ball bearing steel after martempering again 
illustrates how dimensional stability at room temperature may depend 
on a fine balance between the rates of expansion due to austenite 
transformation and of contraction due to martensite decomposition. 
Following a temper at 250 °F, this steel expands at a relatively rapid 
rate (Table IX). With a slightly higher tempering temperature of 
300 °F, excellent stability is attained as far as dimensional change is 
concerned. On the other hand, after a 400 °F temper, the delicate bal- 
ance is upset and appreciable contraction occurs because the austenite 
has been sufficiently stabilized or converted so that the contraction 
accompanying the martensite decomposition becomes the controlling 
factor in establishing the net dimensional change. 

Thus, even though little change in dimensions may be observed 
at 68 °F after heat treatment, it does not mean that the internal reac- 
tions have ceased or are necessarily proceeding at a negligible rate. 
However, dimensional stability as achieved by balancing relatively 
rapid rates of these opposing reactions is not particularly desirable. 
Such a balance is difficult to reproduce in practice, since slight varia- 
tions in heat treatment may alter the rates of the internal reactions 
sufficiently to cause an appreciable net expansion or contraction. It 
is also possible that while the rates of the two reactions are initially 
equal and opposite, such compensation may not last indefinitely. 


rv 
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Table X 


Effect of Tempering and Refrigeration Cycles Following Martempering on Dimensional 
Stability of Ball Bearing Steel at -+-68 °F 








Total Change in Length on 
Number Rockwell Aging at +68°F 


Treat- Tempering and Refrigeration of — -——Microinches per Inch-—— 
ment Cycle Cycles Hardness 1 Day 1Wk. 1Mo. 3 Mos. 
X-A (1) Cooled to —321°F ne a vee 

(2) Tempered 1 hour at 250 op} t 65.5 0 6 10 12 
X-B (1) Cooled to —321°F } per os ee 

(2) Tempered 1 hour at 300 °F 1 64.0 0 4 6 : 
X-C (1) Cooled to —321°F } 3) ae = 

(2) Tempered 1 hour at 400°F 1 63.0 0 3 ° 5 
X-D (1) Cooled to —321°F 

(2) Tempered 10 hours con- 1 66 0 —3 — § — 6 

tinuously at 250°F 

X-E (1) Cooled to —321°F } * 

(2) Tempered 1 hour at 250°F 10 66 0 0 0 0 
X-F (1) Cooled to —321°F } - ie a 

(2) Tempered 1 hour at 250° 10 66 0 4 4 5 
X-G (1) Tempered 1 hour at 250 FI F ES “a 

(2) Cooled to —321°F 10 65 0 2 3 4 


*Only tempering was repeated for 10 cycles. 











Tempering and Refrigeration Cycles Following Martempering— 
The influence of various tempering and refrigeration cycles following 
martempering, on the dimensional stability of ball bearing tool steel, 
is presented in Table X. It is found that if this steel is cooled to 
—321 °F (—195 °C) after martempering and then tempered in the 
range of 250 to 400°F (120 to 205°C) (treatments X-A, X-B, 
and X-C), contractions occur on subsequent aging at room tempera- 
ture. The difference in dimensional behavior between martempered 
specimens given a 250 °F temper with and without an intervening 
cold treatment is quite pronounced. Considerable expansion occurs 
if the subcooling is omitted, as was pointed out in connection with 
Table IX. It is evident that refrigeration results in the transforma- 
tion of sufficient retained austenite so that a net contraction occurs on 
aging at room temperature. Tempering at temperatures above 
250 °F would, of course, be expected to slow down the rate of con- 
traction at room temperature, since more of the martensite decompo- 
sition occurs during the temper ; however, this contraction is still ap- 
preciable even after a 400 °F temper. 

Although tempering above 250 °F improves the dimensional sta- 
bility, a loss of hardness is involved. In order to-determine whether 
it is possible to attain good dimensional stability along with high 
hardness in martempered ball bearing tool steel, four long-time tem- 
pering and refrigeration treatments were investigated. These con- 








1076 TRANSACTIONS OF THE A. S. M. Vol. 41 


sisted of the following operations: Cooling to —321 °F and temper- 
ing 10 continuous hours at 250°F (treatment X-D); cooling to 
—321 °F and cycling 10 times between 68 and 250 °F (treatment 
X-E); 10 cycles of cooling to —321 °F and tempering at 250 °F 
(treatment X-F) ; and 10 cycles of tempering at 250 °F and cooling 
to —321 °F (treatment X-G). In each case, the total tempering 
time at 250 °F was 10 hours. As indicated in Table X, these treat- 










Changes in Length and Hardness Due to Refrigeration 
800 RC 66.5— and Tempering Cycles Applied to Martempered ——+-——— 


(X-F) Cycled Between -32/1°F a 250°F 
500 Starting With Refrigeration 


(X-E) Cycled Between 68°F & 250°F 
200 After One Refrigeration 


in Microinches / in. 
wl 
Oo 
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(X-G) Cycled Between 250°F @ -321°F 
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Refrigeration(R) & Tempering (T) Cycles 
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-100 = / \ / | | | 












Fig. 1—Cyclic Treatment of Ball Bearing Tool Steel. 


ments were found to result in a good combination of dimensional 
stability and hardness (Rockwell C-65 to C-66). 

To ascertain what occurred during each of the long-time treat- 
ments, changes in length were observed during each step, and are 
plotted in Fig. 1. These measurements-are all referred to the length 
of the as-martempered specimens. The first refrigeration as carried 
out in treatments X-D,* X-E, and X-F results in a large expansion 
of about 760 microinches per inch, which corresponds to the trans- 
formation of about 5.5% retained austenite to martensite as calcu- 





*For the sake of clarity, the : oe in length that occurred during treatment X-D 
are omitted from Fig. 1. The net expansion after this treatment was found to be about 
the same as after treatment X- E. 


—— 
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lated on the basis that the conversion of 1% of austenite to marten- 
site involves a change of 140 microinches per inch at 68°F (10). 
Tempering 1 hour at 250 °F after the first refrigeration as in treat- 
ments X-E and X-F causes a marked contraction because of the 
large amount of untempered martensite available for decomposition. 
Following the first temper at 250 °F, the changes in length that occur 
on succeeding steps during treatments X-E and X-F are quite small. 
After 10 cycles there is a slightly greater net expansion resulting 
from treatment X-F than from treatment X-E, and is probably due 
to the fact that a small amount of austenite transforms during the 
second subcooling (R2) of treatment X-F. After this, the curves 
remain quite parallel, signifying that the subsequent cycling between 
—321 and 250 °F merely has the same cumulative tempering effect 
as cycling between 68 and 250 °F. Tempering 10 hours continuously 
at 250 °F after refrigeration (treatment X-D) results in about the 
same net expansion as does 10 multiple 1-hour tempers at 250 °F 
after refrigeration (treatment X-E). Apparently, cooling from the 
tempering temperature has no effect on austenite transformation. 

Instead of cycling between —321 and 250 °F by first cooling to 
—321 °F (treatment X-F), if the cycling is reversed by tempering 
at 250 °F first (treatment X-G), an initial contraction caused by de- 
composition of the martensite present in the as-martempered steel is 
observed. On cooling to —321 °F after the first temper, an expan- 
sion occurs due to transformation of some austenite. The second 
temper results in slightly smaller contraction than does the first tem- 
per. Likewise, the second refrigeration produces a smaller expansion 
than does the first refrigeration, and the specimen returns to about 
its original length in the as-martempered condition. Further cycling 
has no appreciable effect. Comparing the net expansion of treatment 
X-G with that of treatment X-F, it turns out that over 2.5% more 
retained austenite is converted if the cycling is started by subcooling 
instead of tempering. 

The indications are that two refrigeration cycles after martem- 
pering are beneficial in removing austenite from the ball bearing 
steel, but additional cycles are inconsequential. However, the cumula- 
tive tempering of 10 hours at 250 °F is important and should remain 
a part of the treatment, irrespective of how the two subcoolings are 
introduced. Two appropriate combinations are recommended: (a) 
temper 1 hour at 250 °F, subcool, repeat tempering and subcooling, 
temper 8 hours at'250 °F; or (b) subcool, temper 1 hour at 250 °F, 
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Table XI 


Effect of Tempering Following Oil Hardening on Peoetpaas Stability at +68 °F 
of Type M-2 High Speed Stee 


mere Total ag! in Length on Aging at 


Treat- -——68 °F, Microinches per Inch———~ 
ment _ Temper Hardness 1 Day 1 Wk. 1Mo. 3 Mos. 1 Yr. 
XI-A (1) None, as-hardened 65 0 —36 —70 —-100 -—150 
XI-B tH} 2% hrs. at 1050 °F—air-cooled 65 +22 +35 +43 + 48 
XI-C (1) 24 hrs. at 1050 °F—air-cooled 


(2)1 hr. at 600°F—air-cooled 
XI-D (1) 24% hrs. at 1050°F—air-cooled 
(2)1 hr. at 900°F—air-cooled 


0 
\ ce a i ee 
} 0 

XI-E (1) 24hrs. at 1050 °F—air-cooled 


65 +10 +19 +30 + 43 


(2) 2% hrs. at 1050 °F—air-cooled 

(3) 1 hr. at 600°F—air-cooled 
XI-F (1) 24%4hrs. at 1050°F—air-cooled 

(2) 2% hrs. at 1050 °F—air-cooled 

(3) 2% hrs. at 1050 °F —air-cooled 

(4)1 hr. at 600°F—air-cooled 
XI-G (1) 24 hrs. at 1050°F—oil-quenched 

(2)1 hr. at 600°F—air-cooled 
XI-H (1) 24hrs.at 1050 °F —oil-quenched | 

(2) 2% hrs. at 1050 °F —oil-quenched | 65 0 


64 0 +4 +9 Ace les 00's 


(3) 234 hrs. at 1050 °F—oil-quenched | ee Re Pee yas bs 
(4)1 hr. at 600°F—air-cooled } 
(2) 2% hrs. at 1050 °F—oil-quenched 65 0 0 0 a ge 


(3) 2% hrs. at 1050 °F—oil-quenched 


XI-I (1) 24 hrs. at 1050 sainetal 
(4)1 hr. at 900°F—air-cooled 








subcool, temper 9 hours at 250°F. Treatment (a) has the advan- 
tage of minimizing the possibility of cracking in refrigeration (be- 
cause the first temper toughens the steel and reduces the subzero 
transformation), and should yield dimensions almost exactly the 
same as those of the martempered steel. On the other hand, treat- 
ment (b) involves one less step, removes more austenite, and results 
in greater hardness. Both treatments should yield the same dimen- 
sional stability with respect to room temperature aging. It is inter- 
esting to note that, in this way, the advantages of martempering can 
be combined with high hardness and good dimensional stability. 


DIMENSIONAL STABILITY OF H1icgH ALLoy Toot STEELS 


Tempering of High Speed Steel Following Normal Hardening 
—The results of various tempering treatments on type M-2 high 
speed steel are tabulated in Table XI. These data indicate that the 
dimensional behavior of high speed steel is more complex than that 
of low alloy tool steels. This is because the tempering temperature 
of 1050 °F (565 °C), commonly used to obtain secondary hardening, 
conditions the retained austenite for transformation to martensite on 
cooling from the tempering temperature. Such tempering can be 


- 
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considered to involve the same type of hardening reaction that occurs 
during the original quench from the austenitizing temperature. Not- 
withstanding this added complexity, the dimensional behavior of 
high speed steel can be understood if one takes into account what 
is happening to both the austenite and martensite in any particular 
heat treatment. 

In the as-quenched condition, this high speed steel contains a 
greater amount of retained austenite than found in the low alloy tool 
steels previously discussed (Table II). However, following quenching 
to room temperature (treatment XI-A), a contraction is observed, 
which indicates that the shrinkage due to martensite decomposition 
is greater than the expansion due to retained austenite transforma- 
tion. This is quite similar to the behavior of the low alloy tool steels 
in the as-quenched condition. 

If tempering is carried out at 1050°F (565°C) (treatment 
XI-B), the original martensite is sufficiently decomposed so that its 
rate of decomposition at room temperature becomes virtually nil. 
However, on cooling from 1050°F (565°C), the austenite trans- 
formation starts in the neighborhood of 500°F (260°C) and pro- 
ceeds down to room temperature. At 68°F the austenite transfor- 
mation does not stop but continues isothermally just like the austenite 
in the as-quenched condition. A net expansion is observed after such 
a temper because the expansion from the austenite transformation is 
greater than contraction from the decomposition of any martensite 
which forms on cooling to and at room temperature. 

If the 1050 °F (565 °C) temper is followed by a second temper, 
or stress relieving operation, expansion due to austenite transforma- 
tion at 68 °F can be reduced, provided the second tempering tem- 
perature is properly adjusted. A second temper carried out at 600 °F 
(315 °C) (treatment XI-C) is not so effective as at 900 °F (480 °C) 
(treatment XI-D). The 900°F temper, which is just below the 
temperature range for appreciable conditioning of the retained aus- 
tenite for transformation on cooling, partially stabilizes the austenite 
against subsequent transformation on aging at room temperature. 
Such a second temper is also advantageous in that the secondary 
martensite formed as a result of the first temper is partially decom- 
posed and the rate of contraction on subsequent aging at room tem- 
perature is decreased. 

Double and triple tempers (treatments XI-E and XI-F) at 
1050°F (565°C); followed by air cooling after each temper, 
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result in the conditioning and transformation of more and more 
austenite. However, there is still sufficient austenite left after even 
a triple temper to cause a net expansion by transformation on aging 
at room temperature. 

By oil quenching instead of air cooling from the tempering 
temperature a greater amount of austenite transformation can be 
made to occur during the cooling to room temperature because the 
stabilizing effect of slow cooling is thereby avoided (11). Thus a 
larger amount of martensite becomes available for contraction at 
room temperature and an initial contraction is observed even after a 
single temper at 1050°F (565°C) followed by a stress relief at 
600 °F (315°C) (treatment XI-G). However, austenite transfor- 
mation is still appreciable after this treatment and the initial contrac- 
tion is wiped out in 3 months. By oil quenching from 1050 °F 
(565 °C) each time during a triple temper and ending with a stress 
relieving operation, the retained austenite can be substantially elimi- 
nated and the martensite can be sufficiently decomposed so that high 
dimensional stability results. Treatment XI-I, in which a 900 °F 
(480 °C) stress relief follows the triple temper at 1050 °F (565 °C), 
was found to be more effective in eliminating martensite contraction 
than treatment XI-H, in which a 600 °F (315°C) stress relief is 
used. 

Tempering Following Refrigeration of High Speed Steel— 
Table XII shows the effect of tempering following refrigeration at 
—321 °F (—195 °C) on the dimensional stability of high speed steel. 
Tempering first at 1050 °F (565°C) and then at 600°F (315 °C) 
following refrigeration (treatment XII-A) is unable to prevent ex- 
pansion due to retained austenite transformation at room tempera- 
ture. Although there is less retained austenite present after refrig- 
eration than in the as-quenched condition (Table II), there is still 
enough for the conditioning treatment at 1050 °F to result in a sur- 
prisingly rapid rate of austenite transformation at room temperature. 

As in the case of unrefrigerated high speed steel, this expan- 
sion can be eliminated if oil quenching from the temper is employed. 
A triple temper after refrigeration involving oil quenching each time 
from 1050°F (565°C) (treatments XII-B and XII-C) is highly 
effective in imparting dimensional stability. Thus, triple tempering 
with oil quenching appears capable of imparting high dimensional 
stability after cold treatment as well as after conventional hardening: 
Refrigeration may be of advantage, however, if the hardening results 


ow 
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Table XII 


Effect of Tempering Following Refrigeration on Dimensional Stability at +68 °F 
of Type M-2 High Speed Steel 


Total Change in Length on 


Rockwell Aging at 68°F 
Treat- mi -——Microinches per Inch-—— 
ment Refrigeration and Temper Hardness 1 Day 1Wk. 1Mo. 3 Mos. 
XII-A (1) Cooled to —321°F ) 
(2) 2% hrs. at 1050 °F—air-cooled 64 0 +14 +26 +33 


(3) 1 hr. at 600 °F—air-cooled 
XII-B (1) Cooled to —321°F 
(2) 2% hrs. at 1050 °F—oil-quenched 
(3) 2% hrs. at 1050°F—oil-quenched > 64 0 0 + 1 + 2 
(4) 2% hrs. at 1050 °F—oil-quenched 
(5) 1 hr. at 600 °F—air-cooled 
XII-C (1) Cooled to —321°F 
(2) 2% hrs. at 1050°F—oil-quenched | 
(3) 2% hrs. at 1050 °F—oil-quenched 64 0 0 0 0 
(4) 24% hrs. at 1050°F—oil-quenched | 
(5) 1 hr. at 900 °F—air-cooled 
XII-D (1) Cooled to —321°F 
(2) 2% hrs. at 1050 °F—oil-quenched 
(3) Repeat steps (1) and (2) twice 64.5 0 0 0 0 
(4) Cooled to —321°F 
(5) 1 hr. at 600 °F—air-cooled 
XII-E (1) Cooled to —321°F 
(2) 2% hrs. at 1050°F—oil-quenched | 
(3) Repeat steps (1) and (2) twice > 65 0 — 1 — 2 — 2 
(4) Cooled to —321°F 
(5) 1 hr. at 900 °F—air-cooled 


in unduly high contents of retained austenite. For instance, it has 
been shown possible to retain as much as 60% austenite by arrested 
hardening of high speed steel (12). In such situations it may be 
advantageous to refrigerate not only after the original hardening 
operation but also following each oil quench from the tempering tem- 
perature (treatments XII-D and XII-E). Such a combination of 
operations can be applied with advantage to the high carbon, high 
chromium die steel, as will be discussed later. 

Tempering of High Carbon, High Chromium Die Steel Follow- 
ing Hardening—tThe results of various tempering treatments on high 
carbon, high chromium die steel are given in Table XIII. In the as- 
hardened condition, this steel is known to contain a greater amount 
of retained austenite than the high speed steel. After air hardening, 
the high carbon, high chromium die steel expands during the first 
month of aging at 68°F and contracts from then on (treatment 
XIII-A). Evidently the amount of expansion due to austenite trans- 
formation is greater than the amount of contraction due to mar- 
tensite decomposition during the first month of aging ; however, after 
this period, the rate of austenite transformation slows down suffi- 
ciently so that a net contraction is observed. 

Tempering at 500 °F (260°C) (treatment XIII-B) reduces the 
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Table XIII 


Effect of Mabe! es Hardening on Dimensional Stability at +-68 °F 
High Cuban, High Chrensiea Tool Steel 


Rockwell Total Change in Length on Aging at 


Treat- “Cc” ——-+68°F, Microinches per Inch —— 
ment Temper Hardness 1 Day 1Wk. 1Mo. 3 Mos. 1 Yr. 
XIII-A 8 None, as-hardened 64.5 0 +12 + 14 + } — il 
XIII-B 1) 2 hrs, at 500 °F—air-cooled 60.5 0 +12 -—-— 1 — 9 
XIII-C 1) 2 hrs. at 950 °F—air-cooled 61.5 0 + 85 +128 +150 +165 
XIII- 2 ) 2 vg at te en 63 0 +25 +30 +33 + 28 

XIII- 1) 1 hr. at 950°F—oil-quenc 
(2 1 hr. at 450 °F—air-cooled } 62 0 + 30 +115 +190 eee 
XIII-F (1) 1 hr. at 950 °F—oil-quenched 
(2) 1 hr. at 950 °F—oil-quenched 63 0 +210 +310 +370 ..... 
(3) 1 hr. at 450 °F—air-cooled 
XIII-G (3 1 i at = a 
2) 1 hr. at °F—oil-quen 
3) 1 hr. at 950°F—oil-quenched a . Tee Te... 
(4) 1 hr. at 450 °F—air-cooled 





expansion observed in the untempered condition by partial conver- 
sion and stabilization of the retained austenite. If, however, temper- 
ing is carried out at 950 °F (510°C) (treatment XIII-C), a consid- 
erable amount of retained austenite becomes conditioned for trans- 
formation on cooling, and a large expansion due to austenite 
transformation continues on aging at room temperature. Oil quench- 
ing from 950°F (510°C) (treatment XIII-D) markedly reduces 
this expansion but it still remains relatively large. Single, double, 
and triple tempering at 950°F (510°C), including oil quenching 
from the temper, do not reduce the expansion even if a 450°F 
(232°C) stress relief is added (treatments XIII-E, XIII-F and 
XIII-G). Indeed, double tempering at 950 °F (treatment XIII-F) 
results in a greater amount of expansion than does single tempering 
(treatment XIII-E) because the contractive effect of the mar- 
tensite is suppressed by the second tempering. Furthermore, on 
account of the large amount and nature of the austenite in this steel, 
multiple tempering including oil quenching does not appear sufficient 
to overcome expansion, as was possible with the high speed steel. 
During each temper, a large amount of austenite becomes conditioned 
for transformation on cooling, and isothermal transformation then 
proceeds vigorously at room temperature. Theoretically, after a suffi- 
cient number of tempers at 950 °F (510°C) the expansion due to 
transformation can be eliminated. However, from a practical point 
of view, it would be advisable to use refrigeration in order to mini- 
mize the number of tempers required. 

Tempering Following Refrigeration of High Carbon, High 
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Table XIV 


Effect of Tempering Following Refrigeration on Dimensional Stability at +68 °F 
of High Carbon, High Chromium Tool Steel 


Rockwell Total Change in Length on Aging at 
Treat- “Cc” —— 68°F, Microinches per Inch ——~ 
ment Refrigeration and Temper Hardness 1 Day 1Wk. 1Mo. 3 Mos. 1 Yr. 
XIV-A (1) Cooled to —123°F 66 0 —26 —51 — 78 —118 
XIV-B (1) Cooled to —123°F 
immediately > 60.5 0 +30 +46 + 54 + 60 
(2) 2 hrs. at 950 °F—air-cooled 


XIV-C (i) Cooled to —123°F after 24 
hrs. at room temperature 60.5 0 +39 +55 +65 + 
(2) 2 hrs. at 950°F—air-cooled 
XIV-D (1) Cooled to —321°F | 63 0 exe eae Stee 
(2) 1 hr. at 650 °F—oil-quenched , c 
XIV-E (1) Cooled to —321°F 
(2) 1 hr. at 950 °F—oil-quenched 
(3) 1 hr. at 950°F—oil-quenched > 62 0 +55 +97 +135 
(4) 1 hr. at 950 °F—oil-quenched 
(5) 1 hr. at 450 °F—air-cooled 
XIV-F (1) Cooled to —321°F 
(2) 1 hr. at 950 °F—oil-quenched 
(3) Repeat steps (1) and (2) > 59.5 0 we Di eH eee eo Bee; 
three times 
(4) 1 hr. at 450 °F—air-cooled 
XIV-G (1) Cooled to —321°F 
(2) 1 hr. at 950°F—oil-quenched | 
(3) Repeat steps (1) and (2) > 58.5 0 — 1 xe er 
nine times 
(4) 1 hr. at 450 °F—air-cooled 


~I 
N 


Chromium Die Steel—The effect of tempering following refrigera- 
tion is shown in Table XIV. Cooling to —123 °F (—90 °C) after 
hardening (treatment XIV-A) results in a high rate of contraction, 
which indicates that transformation of sufficient retained austenite 
has occurred during subcooling so that the martensite contraction 
predominates over any expansion due to the transformation of the 
remaining austenite. The rate of this contraction can be greatly 
reduced by tempering at 650°F (345°C) after subcooling (treat- 
ment XIV-D). 

If tempering is carried out at 950 °F (510°C) after subcooling 
(treatment XIV-B or XIV-C), preshrinkage due to martensite de- 
composition is accomplished while more austenite is conditioned for 
transformation on cooling to and at room temperature. Hence, a 
relatively fast rate of expansion occurs at 68°F. A triple temper at 
950 °F following subcooling (treatment XIV-E) is actually found to 
be less effective than a single temper, ar far as dimensional stability 
is concerned. This is even more surprising, since oil quenching from 
the tempering temperature which proved so beneficial for high speed 
steel was employed. 


In an attempt to achieve high dimensional stability in the high 
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carbon, high chromium steel, multiple cycles involving cooling to 
—321°F (—195°C), tempering at 950°F (510°C), and oil 
quenching to room temperature were tried. As shown in Table XIV, 
good success was obtained with four such cycles ending up with a 
450 °F (230°C) stress relief (treatment XIV-F). This is as effec- 
tive as 10 cycles ending with the same stress relieving treatment 
(treatment XIV-G). 


| 
j ’ | ' 
ey — | Changes in Length and Hardness Due to Refrigeration 








1300 and Tempering Cycles Applied to High-Carbon, 
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Fig. 2—Cyclic Treatment of High Carbon, High Chromium Die Steel. 


To determine the changes occurring during each step of the 
above refrigeration and tempering cycles, measurements were made 
after each step of each cycle. These changes are shown in Fig. 2 and 
refer to the length in the as-hardened condition. The first refrigera- 
tion at —321 °F (—195 °C) results in a large expansion of about 
1330 microinches per inch, whereas~the first temper at 950 °F 
(510 °C) produces a contraction of 1580 microinches per inch. This 
huge contraction is caused by decomposition of the martensite pres- 
ent in the as-quenched steel as well as that formed during the first 
refrigeration. The actual magnitude of the contraction due to mar- 
tensite decomposition must be larger than 1580 microinches per inch, 
since there is an expansion due to austenite transformation that takes 


~w 
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place on cooling from 950°F (510°C). Succeeding refrigeration 
and tempering cycles result in progressive expansions. Constant 
length is attained after about 9 cycles, and it appears that the aus- 
tenite has been rendered stable as far as transformation on refrigera- 
tion or cooling from the tempering temperature is concerned. This 
achievement is, however, accompanied by a loss of hardness, drop- 


ping from Rockwell C-66 in the as-refrigerated condition to Rock- 
well C-58.5 after 10 cycles. 


DISCUSSION OF RESULTS 


As a result of this investigation certain general recommenda- 
tions for obtaining dimensional stability in both low and high alloy 
tool steels can be formulated. These recommendations are based on 
the knowledge that attainment of dimensional stability depends on 
minimizing both the contraction due to martensite decomposition 
and the expansion due to austenite transformation at room tempera- 
ture. Ideally, both objectives can be accomplished by tempering 
high enough to cause complete elimination of tetragonal martensite 
and retained austenite; however, such a procedure involves a sacri- 
fice of hardness and wear resistance which are essential for the 
proper functioning of tool steels. Thus, in practice, the degree of di- 
mensional stability that can be obtained is limited to some extent by 
other requirements. It is important that such requirements not be 
arbitrary, but accurately reflect the service conditions to which gages, 
dies, or high precision tools are subjected. In this way unnecessary 
limitations on the attainment of dimensional stability may be avoided. 

To minimize the contraction due to martensite decomposition, it 
is necessary to cause preshrinkage by tempering as high as possible 
consistent with hardness requirements. A given amount of pre- 
shrinkage can be produced at low tempering temperatures if the 
treatment time is correspondingly long, and higher hardness is 
thereby attainable than with higher temperatures and shorter times. 
It is also helpful to select a tool steel composition which tends to 
decrease the extent of martensite contraction during the first stage of 
tempering. Alloying elements such as chromium, tungsten, and to 
some extent manganese perform a useful function in this connection. 

To minimize the expansion caused by austenite transformation, 
it is necessary to stabilize the retained austenite against transforma- 
tion at room temperature by a tempering operation. For low alloy 
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tool steels, the higher the tempering temperature the greater. the 
extent of this type of stabilization. High tempering temperatures 
will convert the austenite into bainite, but the hardness level is 
adversely affected. However, with high alloy tool steels, a high 
tempering temperature conditions the retained austenite for trans- 
formation into martensite on cooling down to and while at room 
temperature. Since such high tempering is necessary for imparting 
secondary hardness, the problem of obtaining good dimensional sta- 
bility in high alloy tool steel becomes one of substantially reducing 
the retained austenite content and stabilizing the remainder against 
isothermal transformation at room temperature. For normally hard- 
ened high speed steel, a triple temper with oil quenching from the 
tempering temperature plus a final stress relief has been found effec- 
tive in promoting dimensional stability. In high carbon, high chro- 
mium steel, cyclic treatments involving refrigeration, tempering, and 
oil quenching from the tempering temperature are apparently neces- 
sary for obtaining high dimensional stability. On the other hand, if 
there is no objection to leaving appreciable amounts of retained aus- 
tenite in the finished part, tempering the high carbon, high chromium 
steel at 500°F (260°C) provides fair stability. However, this 
stability is of the “balanced” type and may not be as reproducible as 
the more complex cyclic treatments designed to remove the major 
part of the austenite. 

Use of cold treatment is of limited advantage in attaining high 
dimensional stability in low alloy tool steels, provided that in the 
hardening operation quenching from the austenitizing temperature 
is done directly to room temperature. In certain compositions, such 
as the plain carbon and tungsten die steels, refrigeration does result 
in higher hardness along with equivalent dimensional stability as 
compared with the straight quench-and-temper treatment. If, how- 
ever, arrested hardening or martempering is required for the purpose 
of avoiding warping or cracking in such steels, refrigeration is defi- 
nitely beneficial because a larger content of austenite is retained by 
interrupted quenching than by quenching directly to room tempera- 
ture. This means that a higher tempering temperature is required 
to stabilize the extra austenite, and consequently a lowered hardness 
is involved. Subcooling to transform a sizable portion of this aus- 
tenite enhances the hardness and allows a lower tempering tempera- 
ture to be used after interrupted quenching, thus avoiding the sacri- 
fice of hardness. 
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CoNCLUSIONS 


Low Alloy Tool Steels—1. The higher the tempering tempera- 
ture, the higher the degree of dimensional stability and the lower the 
hardness attained after normal hardening treatments. 

2. Long-time tempering at low temperatures results in a su- 
perior combination of dimensional stability and hardness compared 
to short-time tempering at high temperatures. 

3. The presence of alloying elements such as chromium, tung- 
sten, and manganese in tool steels provides increased dimensional 
stability by decreasing the amount of martensite contraction that 
occurs during the first stage of tempering. 

4. For tempering temperatures under 300°F (150°C), re- 
frigeration prior to tempering results in an increased rate of con- 
traction on aging at room temperature as compared with the straight 
quench-and-temper treatment. 

5. Refrigeration following tempering at 300°F (150°C) 
slightly increases the rate of contraction over that obtained without 
refrigeration. 

6. Arresting the quench above room temperature during hard- 
ening necessitates a higher tempering temperature in order to achieve 
dimensional stability equivalent to that obtained by direct quenching 
and tempering. A decrease in hardness is thereby involved. 

7. However, long-time tempering and refrigeration cycles ap- 
plied to either the as-quenched or as-martempered condition result 
in equivalent dimensional stability along with higher hardness as 
compared with the straight quench-and-temper treatment. 

High Alloy Tool Steels—1. The dimensional behavior of high 
speed and high carbon, high chromium tool steels is more complex 
than that of low alloy tool steels, since relatively large amounts of 
austenite are retained and the tempering temperature normally used 
conditions the retained austenite for transformation on cooling to 
and at room temperature. For this reason, it is much more difficult 
to stabilize high alloy tool steels than low alloy tool steels, despite 
the use of higher tempering temperatures. 

2. Refrigeration following hardening aids in promoting dimen- 
sional stability by causing the transformation of a large amount of 
retained austenite. 


3. Normally hatdened high speed steel can be stabilized without 
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cold treatment by multiple tempering and oil quenching, instead of 
air cooling, from the tempering temperature. 

4. A cyclic treatment involving refrigeration, tempering, and 
oil quenching from the tempering temperature is particularly effec- 
tive in promoting dimensional stability in high carbon, high chromium 
die steel. Fair stability can be attained by simple tempering at a low 
temperature, but considerable quantities of austenite remain. 
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DISCUSSION 

Written Discussion: By George A. Roberts, chief metallurgist, Vana- 
dium-Alloys Steel Co., Latrobe, Pa. 

It was a pleasure to read the fine collection of data presented in the 
paper with respect to the stability of high alloy tool steels. That these 
changes in size can be rationalized on the basis of known tempering 
phenomena is encouraging. I should like to request that only specific 
data regarding the as-hardened microstructural characteristics be included 
for future reference. The data can specifically apply only to the particu- 
lar hardening temperatures, or, more significantly, grain sizes achieved. 
Data on the grain size and the relative amounts of solution of carbide 
will permit future workers in this field to make a valid comparison of 
results and carry on this basic work to practical applications involving the 
heat treatment of commercial tools and dies. 

Written Discussion: By R. G. Kennedy, Jr., research metallurgist, 
and J. V. Emmons, chief metallurgist, The Cleveland Twist Drill Co., 
Cleveland. 

The authors are to be congratulated on their carefully collected and 
analyzed data with regards to the dimensional stability of tool steels. 

We have a small amount of data on the dimensional stability of 
three types of high speed steels which were aged over a 10-year period. 
Our data may be of interest as supplementary information to the data 
of Table XI of the authors’ paper. 

Changes of length in the length of specimens 1 inch in diameter by 
7% inches long were measured by means of a Zeiss horizontal optometer. 
The specimens were originally hardened in 1938 and were given four %- 
hour temperings followed by an air cool after each cycle. The ends of 
the specimens were carefully lapped parallel, length readings were made, 
and they were then coated with a rust preventive and stored in a dry 
closed container for 10 years. The present paper revived our interest 
in these specimens and they were accordingly remeasured within the 
past week. Fig. 3 illustrates graphically the expansion which has occurred 
over the 10-year period for the three types of high speed steels. 








Micro inches per inch 





TRANSACTIONS OF THE A. S. M. Vol. 41 


EXPANSION OVER TEN YEAR PERIOD 
(Austenitized as shown—tempered four cycles of + hour each) 


Mo-W Type Mo-W Type Mo-V Type 18-4-! Type 
M 9 Mo igs W 


2Vv 4Cr 





2180 2235 2180 2235 2180 2325 
Austenitizing Temperature, °F 


Fig. 3—Graph Showing Expansion Over Ten-Year Period for the Three Types 
High Speed Steels. 


Written Discussion: By Paul Gordon, Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge, Mass. 

I should like to ask the authors whether a seeming inconsistency 
in some of the data in their paper has a ready explanation. The data 
shown in Table XV for the M-2 high speed steel, the ball bearing steel, 
and the manganese die steel have been taken from Tables II, V, and XI 


of the paper. 





Table XV 
Length Change After 
Retained 1 Year at 68 °F 
Condition Austenite, % Microinches per Inch 
As Hardened 19.5 —150 { 
As Hardened 8.5 — 87 
As Hardened 7 —110 
It is seen that the high speed steel underwent a much larger net con- . 


traction than either of the other two steels. Is this not contradictory 
to the general implication of the paper that the greater the amount of 
retained austenite the smaller the net contraction or the larger the net 
expansion? It may be argued, of course, that the austenite in the high 
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speed steel, having a much higher alloy content, would be more resistant 
to isothermal decomposition at 68°F than the austenite in the other 
steels, and thus the contraction due to the decomposition of the martens- 
ite would be relatively unopposed by expansion due to austenite trans- 
formation. By the same token, however, should not the martensite in 
the high speed steel also be reluctant to transform, not only because of 
its high alloy content but also because of its relatively low carbon con- 
tent? Because the decomposition of the martensite consists of the 
rejection of some form of carbon-rich phase, lowered carbon content 
should decrease the probability of the formation of a nucleus of such a 
phase and thus retard the decomposition. 


Authors’ Reply 


The authors wish to thank Messrs. Kennedy and Emmons for their 
contribution of supplementary dimensional stability data on four types 
of high speed steel differing in composition from the M-2 steel used in 
this investigation. The magnitudes of expansion found for the molybde- 
num-tungsten type (0.80% carbon) and for the 18-4-1 type, hardened from 
2235 and 2325°F (1225 and 1275 °C), respectively, are about what would 
be expected from the results of Treatment XI-B. Although the latter 
consisted of a single 2%-hour temper at 1050°F (565°C), it is roughly 
equivalent to four %-hour tempers as far as conditioning of the retained 
austenite is concerned, after normal hardening. 

In answer to Dr. Roberts’ request for data on grain size and undis- 
solved carbides in the high alloy tool steels, we submit Table XVI. 








Table XVI 
Fracture 
Austenitizing Grain Wt. % Vol. % 

Steel Temperature, °F Size Carbides Carbides 
M-2 high speed 2220 8-9 12 8.7 
High-carbon 

High-chromium 1900 8-9 16 15 
——Chemical Composition of Carbides —— 
Cc Cr V Mo Ww 

M-2 high speed 3.47 1.64 3.80 22.67 29.05 
High-carbon 


High-chromium 9.57 39.69 5.16 3.66 





The weight per cent of carbides and their chemical composition were 
determined by electrolytic extraction. The volume per cent of carbides 
was measured by the metallographic technique of lineal analysis. 

As Mr. Gordon points out, it is surprising to find a greater rate of 
contraction in high speed steel than in the low alloy steels when tested at 
room temperature in the as-hardened condition. The explanation of this 
anomalous behavior lies in the comparative expansions associated with 
the transformation of a unit quantity of retained austenite in the two 
cases, as well as in the relative rates of transformation of the retained 
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austenite. The expansion attending the transformation of 1% austenite 
at room temperature was found to be only 90 microinches per inch in the 
high speed steel as compared to 140 microinches per inch in the ball bear- 
ing tool steel. Furthermore, the rate of transformation of the retained 
austenite is slower in the high speed steel because of its much higher 
alloy content. Both a lower expansion per unit of austenite transforma- 
tion and a slower rate of transformation could overcompensate sufficiently 
for the higher austenite content and lower martensite contraction to 


result in a higher net contraction in the high speed steel as compared to 
the low alloy steels. 








THE TRANSFORMATION AND RETENTION OF AUSTEN- 
ITE IN SAE 5140, 2340, AND T1340 STEELS 
OF COMPARABLE HARDENABILITY 


By A. R. Trorano 


Abstract 


Austenite transformation diagrams for steels SAE 
5140, 2340, and T1340, of equal hardenability are pre- 
sented and evaluated, including an examination of the 
retention of austenite. 

In addition, an X-ray diffraction study of retained 
austenite in Jominy hardenability test bars of these three 
steels was performed and correlated with the muicro- 
structural characteristics of the same bars. All three 
steels exhibit a gradual increase in the amount of retained 
austenite, which attains a maximum and then decreases 
as one proceeds back from the quenched end of the Jom- 
iny bar. At all corresponding positions on the bar, SAE 
2340 retains slightly more austenite than T 1340 and sub- 
stantially more than 5140. The limitations of the end- 
quenched hardenability test as a means of comparison of 
various steels are discussed. 


INTRODUCTION 


ESPITE the wide use of the Jominy hardenability test as a 

tool for both steel selection and control, relatively few investi- 
gations have been devoted to a systematic study and correlation of 
the structures produced in such test bars with the isothermal trans- 
formation characteristics of the austenite in the same steels. Even 
less information is available in the nature of a correlation of austen- 
ite retention in Jominy bars with the general austenite transformation 
characteristics under controlled conditions. 

Of particular interest would be a careful examination of several 
steels of widely different chemical analyses, having essentially the 
same Jominy hardenability. Presented here are the results of a de- 
termination of the transformation characteristics of a plain chro- 
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Fig. 1—Jominy End-Quench Test on Steels SAE 5140, 2340 and T1340. 


mium, a plain nickel, and a plain manganese steel, all of approxi- 
imately equal hardenability; as well as a correlation with the struc- 
tures and state of retained austenite in Jominy bars of the same 
steels. 


MATERIALS AND METHODS 


Three steels of types SAE 5140, 2340, and T1340 were em- 
ployed in this investigation. The analyses are given in Table I. 


Table I 





Chemical Composition of Steels Investigated 
Type C% Mn % Si% Cr% Ni% 
SAE 5140 0.41 0.90 0.27 1.04— 0.04 
SAE 2340 0.40 0.89 0.31 0.11 3.34 


SAE T 1340 0.40 2.06< 0.40 0.11 9.05 


The Jominy curves of Fig. 1 demonstrate that the hardenability 
of these three steels is essentially the same. The total spread is no 
greater than one may encounter in different heats of the same type 
of steel. 

The methods employed in the determination of the transforma- 
tion diagrams were much the same as those employed in the many 
diagrams determined in this laboratory. Briefly, the metallographic 
specimens were ;*; by % by % inch and larger when possible, the 
dilatometer specimens were 1 by %4 by 7g inch, X-ray diffraction 
specimens were %4 by 7; by 7g inch. All steels were normalized 
at 1650°F (900°C) and austenitized for 30 to 40 minutes in a 
vertical tube furnace provided with a continuous flow of purified 
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nitrogen. The austenitizing temperature and resulting grain size are 
indicated on the appropriate transformation diagrams. A,, A,, and M, 
temperatures were determined by standard metallographic methods. 

The retention of austenite in both the metallographic and 
Jominy bar specimens cannot be properly examined by metallo- 
graphic techniques. However, X-ray diffraction methods were capable 
of supplying at least a qualitative concept of the relative amounts of 






0.015" Jominy Flat — 


Metal lographic 
| Examination 


4— X-Ray Slabs 
at 


3 Positions 








3 X-Ray Slivers at 
Each Position (Slab) 


ANS 
Fig. 2—Method of Sampling Jominy Bar Showing the 


Geometric Relation of the Various Specimens in Each of the 
Three Jominy Bars of Fig. 1. 


retained austenite present following various isothermal heat treat- 
ments as well as at various positions in the Jominy bar. 

The general X-ray diffraction techniques employed here have 
been described in detail elsewhere (1). The method of sampling 
the Jominy bar for X-ray analysis, in particular, presented some 
special problems considering that only slight deformation or over-. 
_heating—wtil-decompose the retained austenite. Fig. 2 illustrates the 
method of sampling and shows the geometric relation of the various 
specimens in each of the three Jominy bars of Fig. 1. The metal- 
lographic examination was made just under the hardness flat. Be- 
neath this and extending to the opposite flat, the X-ray slabs were 


‘The figures appearing in parentheses pertain to the references appended to this paper. 
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cut approximately 4; inch wide. Thus, for each metallographic 
specimen, at least three positions at known distances from the 
quenched end could be examined by X-rays. In addition, each X-ray 
slab provided three X-ray sliver specimens, thus allowing two check 
specimens at each position. All cutting of specimens was performed 
with a thin abrasive wheel submerged under water containing a 
cutting compound. The X-ray specimens after cutting were approxi- 
mately 34; inch square by % inch long. To minimize the effects of 
cutting, each sliver was carefully alternately hand-ground and etched 
to needle-like proportions. 


RESULTS 


Part I—IsorHERMAL TRANSFORMATION CHARACTERISTICS 


The transformation diagrams for the three steels investigated 
are shown in Figs. 3, 4, and 5. The diagrams have been drawn in 
the conventional manner where the beginning line indicates approxi- 
mately less than %2% transformation and the ending line somewhat 
more than 99% decomposition of the austenite. 

These diagrams exhibit many features of similar and other 
steels that have been presented (2), (3), (4), (5). Of greatest 
interest are the variations between these three steels of comparable 
hardenability. Steel SAE 5140 (Fig. 3) illustrates the case where 
the pearlite and bainite reactions are clearly separated with respect 
to time but overlap with respect to temperature. The top of the 
bainite reaction in this steel is at approximately 1035 °F (555 °C), 
and the bainite reaction exhibits the usual dependence upon tempera- 
ture for the amount of austenite transformed by this reaction. This 
austenite transformation will vary from zero at the top of the bainite 
temperature range to 100% at some lower temperature as shown 
repeatedly in the literature. In the upper temperature range of bain- 
ite formation, the remaining austenite will transform by what is 
presumably a low-temperature pearlite type of reaction.” This is 
indicated in the transformation diagram in the neighborhood of 
1000 °F (540°C), where there are two sets of beginning and end- 


ing curves, the first set for bainite and the second set for pearlite. 
' Note that the ending line for the bainite reaction does not indicate 





An analysis of the reaction kinetics of the transformation of austenite remaining after 
partial bainite formation over the entire bainite temperature range is nearing completion. 
This will include a precise determination of the temperature at which the bainite reaction 
achieves complete decomposition of the austenite in these as well as other steels. 
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Fig. 3—Transformation Diagram for SAE S 5140 Steel. As-quenched Rockwell 
C-56-58. Grain size—8. Austenitized 1575 ° 


complete decomposition of the austenite. The dilatometer curve of 
Fig. 6 clearly indicates the time-separation between the bainite and 
pearlite reactions at 1010 °F (545 °C). 

The behavior of steel SAE 2340 (Fig. 4) differs from the 
above. Here the pearlite and bainite reactions almost completely 
overlap with respect to both time and temperature; although defi- 
nitely present, the temperature dependence of the extent of bainite 
formation is partially masked by the overlapping pearlite reaction 
(6), as it is in plain carbon steels (3), (7). /The top of the bainite 
range is indicated at approximately 960 °F (515°C). Thus in the 
temperature range from approximately 800 to 960°F (425 to 
515 °C), there is a time interval in which both reactions will occur 

) simultaneously. For example, at 935 °F (500 °C) the-transforma- 
'tion of the austenite is initiated by the bainite reaction, later the 
| pearlite reaction starts and both proceed simultaneously, following 
| which the bainite reaction ceases (temperature dependence) and the 
\ transformation of the austenite is completed by the formation of 


‘pearlite. Dilatometric evidence for this phenomenon is apparent 
in Fig. 7. 





| 
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Fig. 4—Transformation Diagram for SAE 2340 Steel. As-quenched Rockwell 
C-56-58. Grain size—8. Austenitized 1500 °F. 


The transformation characteristics of steel SAE T1340 are in- 
dicated in Fig. 5. The behavior of this steel may be most briefly 
described as being between SAE 5140 and SAE 2340. That is, over 
a portion of the bainite temperature range (1030 to 940 °F) there is 
overlapping of the pearlite and bainite reactions with respect to time 

,as well as temperature; but approximately below 940 °F (505 °C) 
to about 775°F (415°C), the two reactions are separated with 
respect to time. The dilation curve of Fig. 8 indicates the nature 
of the transformation kinetics at approximately the maximum tem- 
perature where the pearlite and bainite reactions are separable in this 
steel. /Fig. 9 typifies the microstructure obtained in a temperature 
region where the two reactions overlap. The light constituent is 
bainite and possibly some of Hultgren’s (5) paraferrite; while the 
dark-etching constituent is a form of low-temperature pearlite. 

Small, water-quenched X-ray diffraction specimens of SAE 5140 
and SAE T1340 did not reveal the presence of any retained austen- 
ite. On the other hand, similarly treated specimens of SAE 2340 


| definitely yielded indications of a slight amount of retained austenite. 


The retention of austenite at room temperature was investigated after 
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Fig. 5—Transformation Diagram for SAE T1340 Steel. As-quenched Rockwell 
C-57-58. Grain size—8. Austenitized 1525 °F. 
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Fig. 6—Dilatometer Curve for SAE 5140 Steel. Reacted at 1010 °F. 


partial bainite formation over the entire bainite temperature range. 
It is a well-established fact that the formation of bainite will enhance 

the stabilization of austenite. As expected, all three steels exhibited 
) the presence of retained austenite after partial transformation of the 
austenite to bainite. ‘Results may be summarized briefly as follows: 
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Fig. 7—Dilatometer Curve for SAE 2340 Steel. Reacted at 935 °F. 
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Fig. 8—Dilatometer Curve for SAE T1340 Steel. Reacted at 935 °F. 


1. In general, austenite will be retained at room temperature 
after partial transformation to bainite. 

2. For each steel, partial reaction in the upper bainite tempera- 
ture range is more effective in retaining austenite than at lower tem- 
peratures for approximately equal amounts of bainite formation. 

3. For analogous treatments, SAE 2340 will retain slightly 
more austenite than SAE T1340, and substantially more than SAE 

} 5140. 

4. Overlapping of the pearlite and bainite reactions will reduce 
| the allowable isothermal holding time which will result in austenite 
| retention. — 


eS 
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Fig. 9—Photomicrograph of SAE T1340 Steel, Reacted at 1000 °F for 
100 Seconds. Etched 4% Nital. x 500 


Part II—TuHeE Jominy Bar AND AUSTENITE RETENTION 


The results reported here were obtained by sectioning identically 
the same Jominy specimens that yielded the hardenability curves of 
Fig. 1. 

It is possible to retain austenite at room temperature after par- 
tial bainite formation even in steels which do not normally retain 
austenite on direct, rapid quenching to room temperature. It is a 
logical step to conceive that a “‘slack-quench”, which usually involves 
‘partial decomposition to bainite on cooling, will result in some austen- 
jite retention. The Jominy test bar affords an excellent opportunity 
|to examine both the microstructural and austenite retention charac- 
teristics at various cooling velocities, which may be subsequently 
correlated with the condition existing in the interior of a quenched 
section (8), (9). 

The results of the retained austenite investigation in the three 
Jominy bars are summarized in condensed form in Table II. It 
should be emphasized that the tabulation of retained austenite is 
based upon an arbitrary numbering system, where 10 represents the 
maximum intensity of austenite lines observed in any of the steels 








— 
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Table Il 
Retention of Austenite in Jominy Specimens 
SAE 2340 
Distance from X-ray* Cooling Velocity 
Quenched End Retained Austenite from Jominy Chart 
ty inch oF aie ae 600 °F /sec. 
% 4 72 
5 19 
1 7 10 
1% 10 7.2 
1% 9 5.6 
2 9 4.4 
2% 5 4.0 
SAE 5140 
ts inch 1 600 °F /sec. 
A, 1 72 
4 2 19 
1 2 10 
1% 1 7.2 
1% 0 5.6 
SAE T 1340 
ts inch 1 600 °F /sec. 
Ls 3 72 
4 19 
1 5 10 
1% 7 7.2 
1% 7 5.6 
2 6 4.4 
2% 3 4.1 


*Arbitrary numbering system where 10 represents the maximum intensity of the 
austenite X-ray reflections which were observed within this series of tests. Qualitative 
only. 








at any position in the Jominy bar. The method is qualitative but 
adequate to indicate the trends. An absolute, quantitative analysis 
would be highly desirable.* It is difficult to estimate the actual vol- 
ume of austenite retained. However, if one assumes that the mini- 
mum quantity of austenite that may be detected by X-ray diffrac- 
tion methods is of the order of % to 1%, it follows that the maxi- 


mum (see Table II) may be as much as 5 to 10% or more. 


It is apparent, from Table II, that the amount of retained aus- 
tenite increases as one proceeds along the Jominy bar, attains a 
maximum value and then decreases for all three steels. Steel SAE 
2340 retains much mére austenite than SAE 5140 and slightly more 
than SAE T1340 at all corresponding positions on the Jominy bar. 
In addition, the maximum of retained austenite in SAE 2340 and 
SAE T1340 occurs in the neighborhood of 1% to 1% inches in the 
Jominy bar; while for SAE 5140 it occurs at 3% to 1 inch. Steel 


~ SAE 5140 at 11% inches does not retain any austenite, while SAE 


2340 and SAE T1340 each retain almost their maximum of austenite 
at this position. 


®Recently, such a method has been developed (10), which unfortunately is not applicable 
to cases where ferrite, bainite, pearlite, etc., may be present. 


wT 
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Fig. 10—Photomicrograph of SAE 2340 Steel, 1 Inch from Quenched End of 
Jominy Bar. Etched 4% Nital. xX 500. 


Fig. 11—-Photomicrograph of SAE 2340 Steel, 114 Inches from Quenched End of 
Jominy Bar. Etched 4% Nital. x 500. 


In addition to the X-ray analysis, a complete metallographic 
examination of the three Jominy bars was performed. At all equiva- 
lent positions on the Jominy bar beyond % inch, SAE 5140 indi- 
cated the presence of substantially greater decomposition of the aus- 
tenite to bainite, ferrite, etc., than did SAE T1340, and SAE T1340 
| in turn slightly more than SAE 2340. Figs. 10 to 13 inclusive 
demonstrate the type of structures obtained at two corresponding 
positions on the Jominy bar for SAE 2340 and SAE 5140. At the 
l-inch position on the Jominy bar, SAE 2340 steel shows (Fig. 10) 
approximately 40 to 50% decomposition of the austenite to bainite: 
at the 1%4-inch position (Fig. 11) the structure is composed of ap- 
proximately 75% bainite. Steel SAE 5140 at 1 inch (Fig. 12) is 

mostly bainite, and at 1% inches (Fig. 13) is completely decomposed 
| \to bainite, ferrite and some pearlite which is evident as the dark- 
| /etching constituent. "The matrix in all cases is composed of marten- 
site and the retained austenite. Steel SAE T1340 follows the same 
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Fig. 12—Photomicrograph of SAE 5140 Steel, 1 Inch from Quenched End of 
Jominy Bar. Etched 4% Nital. X 500. 


Fig. 13—Photomicrograph of SAE 5140 Steel, 1% Inches from Quenched End of 
Jominy Bar. Etched 4% Nital. xX 500. 


general pattern with a transformation behavior which embodies the 
characteristics of both of the other two steels. It becomes apparent 
that the microstructural characteristics correlate well with the reten- 
tion of austenite in the three Jominy bars. 


DISCUSSION 


No fundamental difference in the mechanisms of decomposition 
of the austenite in these three steels was observed despite an appre- 
ciable apparent difference in external form of the three transforma- 
tion diagrams.* All three steels exhibited a normal type of pearlite 
transformation, typical bainite reactions as discussed in the text, 
and characteristic behavior of martensite formation. The important 


“The diagrams have been drawn in a manner to minimize the apparent differences in 


form by indicating the beginning and ending times for the reactions even at temperatures 
where they overlap. 


ww 
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difference lies, in each case, in the relative position of the pearlite 
and bainite reactions with respect to time and temperature, and also 
on the temperature of the martensite transformation range. These 
factors will, of course, exert a vital influence on the nature of the 
transformation products on cooling at less than the critical cooling 
velocity. The overlapping of the pearlite and bainite reactions with 
respect to temperature in SAE 2340 and, to a lesser extent in SAE 
/T 1340, appears to be a direct consequence of the effect of nickel 
yand manganese in lowering A, and the pearlite range to a greater 
} extent than the bainite range. 

It has been shown that partial transformation of austenite to 
bainite in the upper bainite temperature range is more effective in 
retaining austenite than are lower temperatures. This phenomenon 
appears to be consistent with other recent studies on austenite stabili- 
zation. It has been demonstrated (11) that tempering retained 
austenite at successively elevated temperatures progressively increases 
stabilization on subsequent cooling. It has been suggested that 
stabilization may be correlated with stress relaxation (12) as the 
result of the similarity in activation energies for both processes. On 
the other hand, the effect observed here does not coincide well with 
other indirect evidence (13), which indicates that M, may be low- 
ered more than 200 °F in a 0.12% carbon, 3.8% manganese steel, 
as the temperature of bainite formation is lowered. However, in this 
latter work it is not possible to separate the time, amount of bainite 
formed, and temperature variables. In all cases, the lower tempera- 
tures involved longer times and more transformation to bainite prior 
to martensite formation. 

‘The increase in retained austenite as one proceeds back from 
the quenched end of the Jominy bar is consistent with the isothermal 
results. More bainite forms as the cooling velocity is decreased. 
However, factors other than the formation of bainite must con- 
tribute to the observed retention of austenite, especially near the 
quenched end of the Jominy bar.. At cooling velocities of 600 °F 
or 79 °F per second, no bainite is formed on cooling ;> yet cooling at 
these velocities promotes stabilization (see Table I1). This phe- 
nomenon may be accounted for by either or both of two phenomena. 

| One, that stabilization_in some steels may be promoted by holding-in 


5A series of small specimens for each steel was cooled at various velocities, the cooling 
curves recorded and transposed to the isothermal transformation charts indicating that at 
79 °F per second or faster, no part of the cooling curve touched any beginning line on the 
transformation chart. In addition, all specimens were examined metallographically and by 
X-rays. These data are not reported here since they are in complete agreement with the 
Jominy bar analysis and add nothing to the conclusions. 











1106 TRANSACTIONS OF THE A. S. M. Vol. 41 


( the subcritical austenite range without decomposition (14) and _sec- 
ond, that stabilization is enhanced by slow cooling-through the mar- 
tensite range. This latter effect, although recognized for some time, 
has only recently been demonstrated in convincing fashion (10). 

The decrease in retained austenite back in the Jominy bar can 
be directly correlated with the fact that at the slower cooling veloci- 
ties more decomposition at the higher temperatures occurs on cooling, 
until eventually no austenite is available for retention and trans- 
formation to martensite. The metallographic examination (for ex- 
ample, see Figs. 10 to 13 inclusive) affords vivid confirmation of this 
conclusion. It is further evident that, although these steels possess 
similar Jominy hardenability curves, the relative proportions and 
even the nature of the structures present at corresponding positions 
on the Jominy bar may be widely different. Obviously, various pro- 
portions of the same and/or different constituents may balance to 
give approximately equal hardness values. The relatively soft re- 
tained austenite undoubtedly plays an important role in this behavior 
in steels SAE T1340 and especially SAE 2340. For example, the 
expected higher hardness caused by the greater amount of martensite 
back in the Jominy bar in these steels, as compared to SAE 5140, 
presumably is masked in part by the larger amount of retained 
austenite present. It follows that the Jominy curve, as soon as it 
departs from a straight horizontal line representing essentially 100% 
martensite, is seriously limited as a tool for comparison of various 
steels even at comparable hardenability, since variations in structures 
may exist which are not evident from hardness data alone. 
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DISCUSSION 


Written Discussion: By FE. S. Rowland, research metallurgical engi- 
neer, The Timken Roller Bearing Co., Canton, Ohio. 

Dr. Troiano is to be congratulated on a fine practical demonstration 
of the important effect of partial bainite transformation on the stabili- 
zation of the untransformed austenite. While Dr. Troiano and others 
have explored this phenomenon in the past, the practical significance of 
its influence on the microstructure of slack quenched alloy steel parts has 
been generally overlooked. This paper should lead the way to a better 
understanding of such matters. 

The author states in his last sentence that the Jominy curve is 
seriously limited as a tool for comparison of various steels, even at 
comparable hardenability, once the region of substantially 100% martens- 
ite is passed. This statement is based upon the undeniable fact that the 
three steels investigated had significantly different microstructures on 


the end-quenched bars at essentially the same hardness levels. 


A purely practical viewpont leads the writer to wish that Dr. Troiano 
had obtained two additional bits of information. First, it would be nice 
to know that tempering of the Jominy bars in the temperature range of 
commercial treatment, say 1000 to 1200 °F (540 to 650 °C), would produce 


| significantly different tempered hardenability curves for the three steels. 


Furthermore, it would be necessary to know that the tempered structures 
of these three steels at the same as-quenched hardness, but different 
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' microstructures, would produce different mechanical properties. The 
“point of the matter is that unless the tempered properties of the three 
steels of equivalent hardenability are different in the slack-quenched 
condition, the end-quenched test is still a satisfactory guide to the 
selection and application of engineering alloy steels. The Jominy test has 
proved so satisfactory a practical tool that the writer hesitates to let 
even this mild and well-meant indictment pass without comment. 

Written Discussion: By H. B. Knowlton, supervisor, Materials Engi- 
neering, International Harvester Co., Chicago. 

Dr. Troiano presents some very interesting and valuable information 
concerning variations in microstructure produced by quenching three 
alloy steels having the same hardenability. It might be added that these 
Structures will respond differently to tempering. It would be undesirable, 
therefore, to purchase alloy steels on the basis of hardenability alone. 
This would cause great confusion in production heat treating. 

The facts brought out in this paper are not debatable. We fear, 


however, that a very erroneous inference may be drawn, that since the 


\Jominy curve does not tell the whole story with regard to microstructure, 
(the Jominy test is of little value. A recent survey by the SAE steel 
users subcommittee of the Hardenability Division, showed that the major- 
ity of steel users, who replied, reported definite advantages in purchasing 
steel to Jominy hardenability as well as analysis. 

Dr. Troiano does not recommend judging the merits of steel solely 
on the basis of the type of microstructure produced. There seems to be 
some trend among others lately to discuss heat treated steels upon the 
basis of the per cent of martensite in the as-quenched structure. Judging 
the merits of such steel solely on the basis of the per cent of martensite 
would be very much worse than judging on Jominy hardenability alone. 
Martensite is not a definite entity with fixed physical properties. It is 
a type of structure. According to Burns, Archer and Moore, the hard- 
ness of martensite varies from Rockwell C-30 to C-65, depending upon 
the carbon content. Strength and other properties vary with the hardness. 

The merit of a heat treated steel should be judged on the basis of 
whether it will serve some useful function. The three steels discussed 
in this paper are commonly used in the automotive industry for heat 
treated parts such as bolts, studs, shafts, and steering knuckles and arms. 
Many of these parts are heat treated to about Rockwell C-30 to C-40. 

Two types of failure are encountered. Bolts may stretch in assembly 
if the yield strength is too low. Breakage in service is almost always 
due to fatigue. What then are the relative effects of hardness and micro- 
structure on the yield strength and the endurance limit in fatigue? There 
has been a tendency to state that steel should be heat treated so as to 
produce at least 90% if not 100% martensite in the as-quenched condition. 
Is this necessary or desirable? 

These questions are best answered by the data recently presented by 
Boegehold’ and Dolan and Yen‘. 


TA. L. Boegehold, General Motors Report MR 73 12-29-47. 
8Dolan and Yen, University of Illinois, March 1948. 
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Boegehold quenched samples of three different types of 0.41 to 0.48% 
carbon alloy steel at different rates so as to produce initial hardnesses 
of Rockwell C-40, C-47 and C-55 with each steel. All samples were 
tempered to Rockwell C-35. Only the Rockwell C-55 specimens could 
approach 100% martensite in the as-quenched condition. An as-quenched 
hardness of Rockwell C-40 would indicate nearer 50% martensite. 

As might be expected, the specimens which showed the highest as- 
quenched hardness, also showed the highest yield strength and the high- 
est fatigue endurance limit after tempering to Rockwell C-35. The differ- 
ence, however, was much less than would be expected. The yield strength 
and the endurance limits of the specimens showing the lowest as-quenched 
hardness were only about 10% lower than those of the specimens showing 
the highest as-quenched hardness. 

In practical commercial heat treating, involving oil quenching, 0.40% 
carbon low and medium alloy steels such as described in the paper, 
production of complete martensite at the surface cannot be guaranteed 
for sections larger than about %-inch diameter. Heats having the min- 
imum permissible hardenability will not produce 100% martensite in such 
sections, 

Considering the fact that bending and torsional strength vary with 
the cube of the diameter of the specimen, it would be possible to com- 
pensate for the 10% lower fatigue strength of the steel having the low 
as-quenched hardness by increasing the diameter by 3%. This might 
be much more economical than selecting a higher alloy steel which would 
develop a better type of structure. 

Data presented by Dolan and Yen showed that in some cases greater 
differences in notched fatigue strength of fully quenched and_ slack- 
quenched were encountered, but in general the same conclusions may be 
drawn. Some writers point to greater differences in the so-called impact 
strength. Dolan and Yen show that the correlation between impact and 
notched fatigue tests is not too good. 

Written Discussion: By Paul Gordon, Massachusetts Institute 
Technology, Department of Metallurgy, Cambridge, Mass. 

I do not wish to detract from the general excellence of this latest 
paper by Dr. Troiano whose enviable reputation as a metallurgical experi- 
mentalist is well established and just as well deserved. 


of 


I do, however, 
wish to call the author's attention to an apparent inconsistency in the 


interpretation of the curve in Fig. 7. This curve represents the expan- 
‘sion of the 2340 steel held at 935 °F for some 5000 seconds after quench- 
ing to this temperature. During the course of the expansion the curve 
reveals two rather sharp decreases in slope, indicating more or less sudden 
decreases in the rate of expansion. The first of these changes in slope 
is described by the author as the beginning of the austenite-to-pearlite 
reaction, and is cited as evidence that both pearlite and bainite reactions 
are proceeding simultaneously for a period of time. It is difficult to see 
how the austenite-pearlite reaction, which results in an appreciable expan- 
sion, could manifest its initiation by a decrease in the rate of expansion 
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of a dilatometer specimen. On the contrary, with the bainite reaction 
under way, as is presumably the case in Fig. 7, it would seem one should 
look for an increase in the rate of expansion as an indication of the onset 
of the pearlite reaction. 

Written Discussion: By D. C. Buffum and L. D. Jaffe, Watertown 
Arsenal, Watertown, Mass. 

In connection with the author’s observations and remarks on austenite 
stabilizing during continuous cooling, when no bainite forms, it seems 
worthwhile to mention some measurements made a few years ago. 


Cooling Rate °F per Sec. at I300°F 
400 200 80 40 20 io 6 4 





Retained Austenite % 

















! 2 3 4567880 i5 20 30 40 
Distance From Quenched End ( Sixteenths of an inch) 


Fig. 13—Retained Austenite in Jominy Specimen. 


A Jominy specimen of the following composition was austenitized 
4 hours at 1725°F (940°C) and end-quenched: 


C Mn Si S P Ni Cr Mo 
0.39 1.33 0.39 0.016 0.013 3.31 1.58 0.49 


Microscopic examination revealed only martensite and austenite through- 
out the length of the bar. Determinatiow of the percentage of retained 
austenite was made by means of X-ray diffraction following the technique 
of Gardner, Cohen and Antia® (except that 18-8 stainless steel was used 
for calibration). Results are shown in Fig. 13. 
f It is interesting to note that the amount of retained austenite is a 
j linear function of the logarithm of the distance from the quenched end_of 


*F. S. Gardner, M. Cohen and D. P. Antia, “Quantitative Determination of Retained 
Austenite by X-Rays,”’ Transactions, American Intitute of Mining and Metallurgical Engi- 
neers, Vol. 154, 1943, p. 306-317. 
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(the Jominy_bar. A plot of per cent austenite versus logarithm of the 
}Soofing rate at 1300 °F (705°C) (as given by the Standard Jominy chart) 
also was found to be linear. 


— 


Author’s Reply 


It would be sheer folly to deny the role that the Jominy test has 
played in bringing a measure of order to an almost completely chaotic 
condition. It would be equally senseless to accept this or any other test 
as the last word, never subject to change or further interpretation. It 
was in this spirit that this and similar current studies were undertaken; 
a philosophy with which I am sure no one disagrees. 

Dr. Rowland, quite logically, desires a correlation of the variations 
in microstructure with mechanical properties. We hope to be able to 
{furnish such information in the near future. All that can be said at the 
present time is that preliminary impact tests appear to show marked 
variations with changes in structure at approximately the same hardness 
level. 

Essentially, Mr. Knowlton also would like more data on the physical 
properties. It is our considered opinion that the physical properties of 
steel are primarily a function of the microstructure and that the hard- 
ness as a standard of comparison has been successful only where it has 
fortuitously represented essentialiy equivalent structures. As a _ vivid 
example of the difference in a mechanical property that may exist be- 
tween two microconstituents at equal strength levels, one has only to 
compare the impact strength of pearlite with that of tempered martensite 
of the same hardness in the same steel. The impact strength of the 
tempered martensite will be many orders of magnitude greater. Although 
most information available at the present time appears to indicate the 
desirability of 100% martensite in the as-quenched condition, there is 
reason to suspect that this may not always be the case. Combinations 
of physical properties have been obtained with lower bainite and mix- 
tures of lower bainite and martensite not possible with tempered mar- 

, tensite. Furthermore, virtually nothing is known of the effect of retained 
austenite on the physical properties. One may ask, what is the effect 
of retained austenite per se: how does it behave on tempering as a 
function of time and temperature: if not completely transformed at the 
tempering temperature, how will it react on subsequent cooling, etc.? 

The results of Boegehold and also Dolan and Yen presented by Mr. 

Knowlton are quite interesting. Unfortunately, intelligent comment is 
limited by the fact that these data are not available to us at the moment. 
We note that the slack-quenched steels did show a 10% decrease in yield 
,and fatigue strength. We suspect that the difference in impact strength 
would be greater. We are in complete agreement with Mr. Knowlton’s 
comments on the difficulty of obtaining 100% martensite by oil quenching 
of steels such as those reported here. 

With reference to Fig. 7, Dr. Gordon states that it is difficult to see 


| 
| 
| 
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how the austenite-pearlite reaction, which results in an appreciable 
expansion, could manifest its initiation by a decrease in the rate of 
expansion. The key to the explanation of this phenomenon lies in the 
fact that for the circumstances depicted in Fig. 7, the expansion caused 
by the bainite reaction is approaching zero in characteristic fashion as 
the reaction comes to completion. If the pearlite reaction did not over- 
lap, the rate of reaction (expansion) would be zero as in Fig. 6, for 
example. However, the rate of expansion does not go to zero, but only 
decreases slightly as the pearlite reaction with its concomitant expansion 
overlaps slightly and picks up the expansion as the bainite transformation 
fades out. Thus, there actually is an increase in the expansion over what 
would normally be present if the pearlite reaction had not been initiated. 
The problem is merely one of relative rates of partially overlapping 
expansions, 

The data of Buffum and Jaffe constitute a welcome and valuable 
addition to this paper. It is instructive to note that the retention of 
austenite follows such a simple relationship with cooling velocity, as long 
as the critical cooling velocity is exceeded. Our results for 2340 (includ- 
ing some not reported) when plotted in the same manner also yield a 
straight line roughly parallel to that of Buffum and Jaffe, extending to 
the position on the Jominy bar where the critical cooling velocity is no 
longer exceeded. At this point the curve for retained austenite shows a 
sharp breakup, indicating a change in mechanism; that is, stabilization 
of austenite by partial bainite formation. 








THE MICROSTRUCTURE OF LOW CARBON STEEL 


By R. L. RicKett ANp F. C. KRISTUFEK 


Abstract 


The microstructure of low carbon steel is considered 
in terms of (a) isothermal transformation of austenite, 
(b) precipitation of carbide from ferrite and the influence 
of prior structure, (c) amount of cold reduction, and (d) 
effect of annealing variables on the structure after an- 
nealing near or below the A, equilibrium temperature. 

Ferrite forms very rapidly from austenite in such 
steels, even well above 1335 °F (725°C), the Ae, temper- 
ature ; transformation of the remaining austenite requires 
a very long time at 1300°F (705°C) and an extremely 
short time at 1000°F (540°C). The resulting micro- 
structure depends upon temperature of transformation 
and, generally, upon the extent of carbon enrichment of 
the austenite, due to rejection of ferrite, prior to its trans- 
formation. 

Appreciable hardening may result from the retention 
of carbon in solution in ferrite by rapid cooling, with 
further hardening on holding at ordinary temperature. 
Much of this carbon may be precipitated by cooling 
slowly or by reheating after quenching; size and distri- 
bution of the resulting carbide particles depend upon the 
temperature at which they are formed. 

Microstructure after customary low temperature 
annealing, usually at a temperature near or somewhat be- 
low the Ae,, is influenced by prior ferrite grain size and 
carbide distribution, amount of cold reduction, annealing 
temperature and time and sometimes by cooling rate. 


INTRODUCTION 


OW CARBON steel is commonly regarded as a simple material, 
whose properties and structure are not affected significantly 

by anything except cold deformation. This erroneous viewpoint prob- 
ably accounts for the relatively small amount of attention that has 
been devoted to its metallography as contrasted with that of higher 


A paper presented before the Thirtieth Annual Convention of the Society, 
7 in Philadelphia, October 23 to 29, 1948. The authors, R. L. Rickett and 
F, Kristufek, are associated with the Research Laboratory, United States 
Sie! Corp., Kearny, N. J. Manuscript received April 13, 1948. 
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carbon steel. Although the magnitude of the effects of certain treat- 
ments on its structure and properties may be somewhat less than in 
higher carbon steel, their practical importance may be equally great 
in the lower carbon material. Moreover, certain phenomena in low 
carbon steel are absent or relatively unimportant in higher carbon 
material. There is, therefore, ample reason for studying the micro- 
structures that may be present in low carbon steel and the factors 
that determine its structure. 

The principal constituents of low carbon steel at ordinary tem- 
perature are ferrite and cementite (iron carbide), just as in higher 
carbon steels, except that, in low carbon steel, ferrite is the predomi- 
nant constituent. Cementite may be present in conjunction with fer- 
rite as pearlite, or it may occur as discrete particles (“carbide par- 
ticles”) which may vary greatly in size, shape and distribution. 
Microstructure of low carbon steel is determined, therefore, by those 
factors that influence size and shape of the ferrite grains and type 
and distribution of carbide particles. Both constituents form from 
austenite, and their microstructure depends largely upon the tempera- 
ture at which transformation occurs; cementite may also be formed 
by precipitation from solid solution in ferrite, which is capable of 
dissolving approximately 0.03% carbon at 1335°F (725°C), less 
at lower temperature. The structure of both may be further influ- 
enced by subsequent cold reduction and annealing. The influence 
of these various factors has been investigated and is discussed below. 


THE [RON-CARBON EQUILIBRIUM DIAGRAM 


Before presenting the experimental results, it may be well to 
consider certain features of the iron-carbon equilibrium diagram of 
particular interest in the metallography of low carbon steel ; a portion 
of this diagram (1)* is shown in Fig. 1, together with photomicro- 
graphs illustrating the phases corresponding to selected portions. 

The ferrite field (RTU in Fig. 1) is an extremely important 
one in the physical metallurgy of low carbon steel. Solubility of car- 
bon in ferrite is greatest, approximately 0.03%, at the eutectoid 
temperature (1335 °F); at lower temperatures the solubility is less, 
becoming very slight at ordinary temperatures. Carbon dissolved 
in ferrite may be kept in solution by quenching as in photomicro- 
graph B, Fig. 1, representing a steel containing 0.02% carbon 
quenched from within the ferrite field; under equilibrium or near- 
equilibrium conditions, however, carbon in excess of the lower tem- 


'The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Portion of Iron-Carbon Equilibrium Diagram and Microstructures Repre 
senting Selected Locations. Original magnification of photomicrographs given. 


perature solubility limit precipitates during cooling as in E, Fig. 1, 
a photomicrograph of the same steel as B after air cooling from 
within the ferrite field. This changing solubility of carbon in ferrite 
is much more important in low carbon steel, where ferrite is the 
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major constituent and where the maximum amount of carbon soluble 
in ferrite is a substantial portion of that present in the steel, than it 
is in higher carbon grades; its bearing on microstructure is discussed 
in more detail later. 

The solubility limits of carbon in ferrite (lines RT and TU, 
Fig. 1) are not known accurately and hence these lines are dotted. 
Solubility at the eutectoid temperature has been variously reported 
as 0.03 to 0.045% carbon (1, 2, 3), whereas more recent work (4) 
indicates, by extrapolation, a value of about 0.025% ; 0.03% has been 
used in Fig. 1 as an approximation of the solubility limit at the 
eutectoid temperature, 1335°F (725°C). Solubility at room tem- 
perature has been given as 0.005 to 0.008% carbon (1) but it is 
doubtful whether these values are reliable; in any event the solu- 
bility at room temperature is only slight. Lines RT and TU should 
be regarded only as approximations and hence used in a qualitative 
but not in a quantitative way. 

The ferrite plus cementite field may be entered, on cooling, 
either from the ferrite field as just discussed or, for steels containing 
more than about 0.03% carbon, from the two-phase ferrite plus 
austenite field. In the latter case, the austenite, containing approxi- 
mately 0.8% carbon at equilibrium just above the eutectoid (Ae,) 
temperature, transforms ordinarily (but not always) to pearlite 
(photomicrographs F and G, Fig. 1), ferrite remaining unchanged 
except for a very slight decrease in its carbon content. On further 
cooling under near-equilibrium conditions, cementite (iron carbide) 
continues to precipitate from ferrite as its solubility decreases; 
cementite precipitated in this manner may be seen in E, Fig. 1, and 
also in F, where it surrounds pearlite patches and also occurs inter- 
granularly. It should be noted that this precipitated cementite 
never forms as pearlite but always as discrete “carbide” particles, 
pearlite being formed only by direct transformation from austenite. 
Transformation of austenite and precipitation of cementite under 
nonequilibrium conditions are discussed later. 

On heating under conditions such that equilibrium is approached, 
the changes that take place are the reverse of those occurring on 
cooling. To illustrate the effect of such changes in a low carbon 
steel, specimens were heated at a series of temperatures, then 
quenched and their hardness measured. The results, shown in Fig. 
2, indicate that detectable hardening resulted upon quenching from 
as low as about 800 °F (425°C), this hardening being due to solu- 
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Fig. 2—Effect of Quenching from Various Temperatures on Hardness of Previously 
Box-Annealed 0.06% Carbon — 0.43% Manganese Rimmed Steel. 


tion of a small amount of carbon (in ferrite) and retention of this 
carbon in solution on quenching. The amount of carbon in solution, 
and the resulting as-quenched hardness, increased as temperature 
increased up to the Ae,, maximum hardening up to this point for this 
particular steel being over 20 Rockwell B units. On heating above 
Ae,, austenite formed, the amount being dependent upon the tem- 
perature reached over the range from Ae, to Ae, and the as-quenched 
hardness varied accordingly. It is interesting that the maximum 
hardness attainable in this low carbon steel when rendered entirely 
martensitic is approximately Rockwell B-105 (corresponding to 
about Rockwell C-25). 


TRANSFORMATION OF AUSTENITE IN Low CARBON STEEL 


Useful as it is, the equilibrium diagram yields no information 
as to rate of change of phase nor, directly, any idea as to the result- 
ing microstructure. To obtain such information concerning the trans- 
formation of austenite to ferrite plus cementite in low carbon steel, 
the isothermal method of investigation, employed so successfully 
for higher carbon steels, was used. The resulting isothermal trans- 
formation (IT) diagram for one steel investigated is shown in Fig. 
3, and representative microstructures in Figs. 4 and 5. 

To obtain the IT diagram in Fig. 3, 0.040-inch thick cold-rolled 
specimens of a low ‘carbon rimmed steel (0.06% carbon, 0.43% 
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manganese) were austenitized 10 minutes at 1675°F (915 °C), 
quenched- into a molten-metal bath at the selected transformation 
temperature, where they were held for various periods of time, then 
quenched in brine. Despite the use of these rather thin specimens, 
some ferrite formed during cooling to most of the selected tempera- 
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Fig. 3—Isothermal Transformation Diagram (Tentative), Low Carbon 


Steel. _ Carbon, 0.43% Manganese (Rimmed Steel), Austenitized at 
1675 °F. 


tures. Moreover, at some levels the steel transformed so rapidly 
that the time for start and end of transformation could not be de- 
termined, nor could the steel be cocled to lower temperatures with- 
out transforming completely during cooling. The data are thus 
somewhat limited and uncertain; for this reason the diagram in Fig. 
3 is marked tentative, yet it is sufficiently accurate to show the 
general transformation behavior of low carbon steel. Similar dia- 
grams for a few other low carbon steels have been determined and 
the effect of other austenitizing conditions has been investigated, 
with results in general agreement with the diagram as given in Fig. 3. 
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Fig. 4—Microstructure of 0.06% Carbon Rimmed Steel Isothermally Transformed 
at 1100 to 1300 °F and As-Quenched. Original magnification Xx 1000. Picral etch. 
M—martensite. C—cementite. 


Principal features of the low carbon steel IT diagram (Fig. 3) 
that should be noted are: (a) the very short period of time for start 
of ferrite formation, even at a temperature well above Ae,; (b) the 
long time required for completion of transformation at about 1300 °F 
(705 °C) or above; and (c) the extreme rapidity of transformation 
at 1100°F (595°C) and below. This diagram, although it does 
not apply directly to continuous cooling, indicates that, to attain com- 
plete transformation at a temperature only slightly below the Ae,, 
even such a low carbon steel would have to be cooled very slowly. 
On the other hand, extremely rapid cooling would be required to 
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C. ItOOF (6 SEC) D. 1!O00F (3 SEC.) 


Fig. 5—-Microstructure of 0.06% Carbon Rimmed Steel Cooled from 1675 to 
1350 °F More Slowly Than in Fig. 4, Then Transformed Isothermally at Temperature 
Shown. Picral etch. Original magnification x 1000. 


avoid complete transformation above about 1000°F (540°C). For 
such a steel, therefore, a marked change in cooling rate would change 
the transformation temperature range only slightly. 
Microstructures resulting from isothermal transformation at f 
selected temperatures from 1300 to 1100°F (705 to 595°C) are 
shown in Fig. 4, the products of transformation in this temperature 
range being, of course, ferrite and cementite. Upon transformation 
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at 1300 °F (705 °C) cementite forms as massive particles of irregu- 
lar shape; this indicates one of the ways in which such undesirably 
large carbide particles can be formed in low carbon steel. When 
transformed at 1250 to 1100 °F (675 to 595 °C), cementite particles 
are smaller and tend increasingly to occur as an aggregate of iron 
and iron carbide as the transformation temperature decreases. On 
quenching from the austenitizing temperature directly into brine, 
martensite and a very small amount of ferrite formed, as seen in 
Fig. 4F. 

As mentioned previously, some ferrite formed during cooling 
this steel to the isothermal levels selected. To investigate further the 
effect of carbon enrichment of austenite on type of final transforma- 
tion product, specimens of the same steel were cooled more slowly 
than before from the austenitizing temperature to 1350 °F (730 °C) 
in order to form a substantial amount of proeutectoid ferrite, then 
transformed isothermally at lower temperatures. The resulting 
microstructures, Fig. 5, show that at 1300°F (705°C) the trans- 
formation product again is massive cementite, but that at 1200 to 
1000 °F (650 to 540°C) it is definitely pearlitic, the pearlite be- 
coming finer the lower the transformation temperature, just as in 
higher carbon steels. It is evident, therefore, that the structure of 
the ferrite-cementite aggregate depends not only upon the tempera- 
ture at which it forms but also upon the composition (carbon con- 
tent) of the austenite from which it is produced. 

Thus far in this discussion nothing has been said about the 
microstructure of ferrite, the principal constituent of low carbon 
steel. The effect of cooling rate and of prior austenite grain size 
on the structure of ferrite in a low carbon steel is shown in Fig. 6. 
Figs. 6A and 6E show the initial austenite grain size, the fine grain 
size in Fig. 6A having been developed at 1675 °F (915 °C) and the 
coarse grain size, Fig. 6E, at 2000 °F (1095 °C). Specimens were 
then cooled in each of three ways from a common temperature, 
1675 °F (915 °C); the structures resulting from transformation of 
fine-grained austenite are shown in B, C and D of Fig. 6, those from 
coarse-grained austenite in F, G and H. In either series, ferrite grain 
size becomes finer, and hardness higher, as cooling rate increases. 
The effect of coarser austenite grain size, for comparable cooling 
rate, is to produce coarser ferrite grains and to increase the tendency 
toward Widmanstatten structure. Similar effects of prior austenite 
grain size and cooling rate on structure of ferrite in a 0.2% carbon 
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Fig. 6—Effect of Prior Austenite Grain Size and Cooling Rate on Ferrite Grain 
Structure of 0.05% Carbon Rimmed Steel. Original magnification x 100. A—Fine 
austenite grain size. B—Furnace-cooled, Rockwell B-42.5. E—Coarse austenite grain 
size. F—Furnace-cooled, Rockwell B-32.5. A and E quenched, etched in FeCls. Others 


etched in nital. 


steel have been shown by J. R. Vilella (5). 

Ordinarily, the conditions of cooling after ferrite formation is 
complete have little effect on ferrite grain structure. If cooled very 
rapidly through the ferrite formation range, however, the metal may 
be strained sufficiently to cause “exaggerated” grain growth when 
held subsequently at a sufficiently high temperature or cooled very 
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Fig. 6 (continued)—Effect of Prior Austenite Grain Size and Contes Rate 
Cc 


on Ferrite Grain Structure of 0.05% Carbon Rimmed Steel. Original magnification 
< 100. C—Air-cooled, Rockwell B-51. D—Quenched in lead at 1200 °F, Rock- 
well B-56. G—Ajir-cooled, Rockwell B-43. H—Quenched in lead at 1200 °F, 
Rockwell B-48. Etched in nital. 


slowly. Fig. 7 illustrates the effect of fast as compared to slow 
cooling on subsequent grain growth at 1300°F (705°C). Rapid 
cooling through the ferrite formation range resulted in the structure 
shown in Fig. 7a, which, on holding 16 hours at 1300 °F (705°C), 
coarsened (partially) as seen in Fig. 7b. Slower cooling produced 
a coarser, more equiaxed initial structure, Fig. 7c, with only slight 








1124 TRANSACTIONS OF THE A. S. M. Vol. 41 





Fig. 7—Effect of Cooling Rate Through Ferrite Formation Range on Grain 
Structure and Tendency Toward Subsequent Grain Growth of 0.06% Carbon Steel. 
Nital etch. Actual magnification xX 100. a—0.040-inch sheet quenched from 1675 °F 
into lead at 1300 °F, held 10 minutes. b—Same, except held 16 hours at 1300 °F. 
c—0.040-inch sheet transferred from furnace at 1675 °F to one at 1350°F for 5 
minutes, then quenched into lead at 1300 °F and held 10 minutes. d—Same as “c”’ 
except held 16 hours at 1300 °F. 


grain growth on subsequent exposure for 16 hours at 1300 °F 
(705 °C), Fig. 7d. Samuels (6) has shown that even cooling in air 
(normalizing) may produce sufficient strain to cause exaggerated 
grain growth on subsequent annealing. 
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SOLUTION AND PRECIPITATION OF IRON CARBIDE 


As shown in Fig. 1, approximately 0.03% carbon is soluble in 
ferrite at the eutectoid temperature, 1335 °F (725°C). A steel of 
this or lower carbon content, therefore, will consist entirely of fer- 
rite, with the carbon in solid solution, if held for sufficient time at 
this temperature or one near it, or is heated or cooled slowly into 
this temperature range. In a steel of higher carbon content, the fer- 
rite present will also, under suitable conditions, dissolve carbon up to 
its solubility limit, the excess carbon ordinarily being present below 
the Ae, as iron carbide (cementite) particles of some sort, or above 


the Ae, in solution in austenite. At lower temperatures the solu- 


bility of carbon in ferrite is less than 0.03%, consequently any dis- 
solved carbon in excess of that soluble at equilibrium will tend to 
precipitate. Precipitation may occur during cooling, or the steel 
may be cooled rapidly enough to retain the carbon in solution tempo- 
rarily, precipitation then taking place slowly at ordinary temperature 
or more rapidly at elevated temperature. Structures resulting from 
such precipitation of cementite, and the accompanying changes in 
hardness, are discussed below. 

In the first experiments to be discussed, specimens of a steel 
containing 0.02% carbon were heated for 10 minutes at 1300 °F 
(705 °C), resulting in nearly complete solution of all cementite 
present. Specimens were then cooled very rapidly to one of a series 
of selected temperature levels by quenching in a molten-metal bath, 
held isothermally for chosen periods of time, then brine-quenched 
to “fix” the structure as it existed before the final quench. Hardness 
of the specimens was measured immediately after quenching to room 
temperature, after which they were examined metallographically ; 
selected microstructures are shown in Fig. 8, and the hardness curves 
in Fig. 10. 

On holding at 1200 °F (650 °C), Fig. 8A, cementite is precipi- 
tated as rather massive intergranular particles; the particles formed 
at 1100 °F (595 °C), Fig. 8B, are similar but smaller in size, whereas 
at 1000 °F (540 °C), Fig. 8C, they are still thinner and more ran- 
domly dispersed in the grain boundaries. At 800°F (425°C), 
Fig. 8D, needle or plate-like cementite particles appear within the 
grains in addition to chains of particles in the grain boundaries; at 
lower temperatures, Figs. 8E and &F, the precipitated particles are 
finer and more numerous and tend increasingly to occur within the 
grains rather than in the boundaries. 
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_ Fig. 9—Microstructuré After Isothermal Precipitation of Cementite in 0.06% Carbon 
Rimmed Steel. Cementite not completely dissolved in solution treatment of 10 minutes 
at 1300 °F. Picral etch. Original magnification x 1000. 
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Another steel containing 0.06% carbon was treated in the same 
manner as the 0.02% carbon steel just discussed. In this case only 
part of the carbon was soluble at 1300 °F (705 °C), the rest remain- 
ing as spheroidized cementite particles. The resulting microstructures, 
Fig. 9, show no evidence of precipitation at 1200 or 1100 °F (650 or 
595 °C) (Figs. 9A and 9B) ; some precipitation must have occurred, 
however, and presumably was nucleated by cementite particles al- 
ready present, upon which the new cementite precipitated. At 
1000 °F (540°C), where diffusion rate of the carbon is less, thin 
plates of precipitated cementite may be seen in the grain boundaries, 
and some of the larger, undissolved, particles appear to have grown 
in length (Fig. 9C); clear evidence of precipitation, both in grain 
boundaries and within the grains at lower temperatures, can be seen 
in Figs. 9D, E and F. 

Hardness curves for the 0.02% carbon steel, Fig. 10, are in- 
cluded principally to indicate the relative length of time required for 
precipitation at the several temperatures, it being assumed that for 
any one temperature level the hardness after quenching is a rough 
measure of the amount of carbon still in solution. It is difficult to 
tell from the curves just when precipitation started or was complete 
but, except at 1200°F (650°C), the length of time required for 
50% completion, based on hardness, can be determined with reason- 
able accuracy. These times are plotted as triangles in Fig. 11 and 
the time periods for detectable beginning of precipitation, as observed 
metallographically at about X< 1000, as circles; these data indicate 
that precipitation is most rapid at about 700 to 900°F. Although 
neither curve is highly accurate, both are believed to be at least quali- 
tatively correct. 

As already mentioned, carbon can be retained in supersaturated 
solution in ferrite by quenching following a suitable solution treat- 
ment; this retention of carbon in solution results in considerable 
increase in hardness, as shown in Fig. 2. To determine the subse- 
quent change in hardness and microstructure on holding at ordinary 
or moderately elevated temperature, specimens of a steel containing 
0.06% carbon were given a solution treatment consisting of 10 min- 
utes at 1300 °F (705 °C), then quenched in brine, resulting in about 
15 Rockwell B units increase in hardness. Some of these specimens 
were then allowed to stand at ordinary temperature whereas others 
were heated to one of several selected elevated temperatures. Hard- 
ness of these specimens was measured periodically, with the results 
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Fig. 10—-Change in Hardness of 0.02% Carbon Steel as a Result of 


Isothermal Precipitation ef Cementite After Solution at 1300 °F. 


(Speci- 
mens quenched after isothermal treatment.) 


shown in Fig. 12; their microstructure at the end of the test is shown 
in Fig. 13. 

The 70 °F aging curve in Fig. 12 shows that this specimen, al- 
ready hardened some 15 Rockwell B units by quenching from 
1300 °F (705 °C), increases in hardness by an additional 20 Rockwell 
B units or more when held about 3 months at ordinary tempera- 
ture, at the end of which period the curve appears to be leveling off. 
On aging at 210 °F, maximum hardening is much less, 2-3 Rockwell 
B units, the hardness eventually decreasing below the as-quenched 
value. Davenport and Bain (7) also investigated this “quench 
aging” of low carbon steel at temperatures up to 210 °F and obtained 
similar results, the peak hardness decreasing as aging temperature 
increases, with the time t6 reach maximum hardness also decreasing. 
On holding at higher temperatures, subsequent to quenching from 
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1300 °F (705°C), Fig. 12, hardness decreases rapidly, eventually 
approaching that of the steel before solution heat treatment. 

In Fig. 13 may be seen the microstructure of this steel after 
aging or reheating as indicated. These photomicrographs represent 
the structure in the “rim” portion of the sheet (near the surface) 
where the carbon content is less than that indicated by the over-all 
composition, hence carbide particles undissolved during the solution 
heat treatment are absent or few in number, so that precipitated 
cementite can be distinguished more easily. In Fig. 13A is the struc- 
ture as quenched, or as aged at 70 °F, the latter treatment producing 
no detectable change in microstructure. Long aging at 210°F re- 
sulted in precipitation of particles visible under the microscope, as 
seen in Fig. 13B. Holding at higher temperatures caused visible 
precipitation within a shorter period of time, the particles becoming 
larger, and having a greater tendency to locate in ferrite grain 
boundaries the higher the temperature, Fig.13, C to F. In the latter 
photomicrographs may be seen some relatively large carbide parti- 
cles ; these were not dissolved during the solution treatment. Photo- 
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Fig. 12—Effect of Time at Indicated Temperature After Quenching’ from 1300 °F 
on Hardness of 0.06% Carbon Rimmed Steel. 


micrographs showing similar structures produced by reheating low 
carbon steel after quenching from below the Ae, have been published 
previously by Whiteley (3), Andrew and Trent (8), and Bates (9). 


Cotp REDUCTION AND ANNEALING 


The influence of prior structure on the microstructure of cold- 
reduced, box-annealed low carbon steel is shown in Fig. 14. The 
initial structures, top row of photomicrographs in Fig. 14, represent 
a somewhat wider range than is ordinarily encountered in hot-rolled 
strip; from left to right they comprise: (A) pearlite; (B) massive 
cementite, some of it enclosing pearlite; (C) massive cementite; (D) 
coarse, somewhat spheroidized pearlite; (E) finer pearlite and small, 
dispersed cementite particles, and (F) mostly dispersed fine cementite 
particles. 

The effect of 60% cold reduction is shown by the photomicro- 
graphs immediately below those representing the initial microstruc- 
tures. Areas consisting of pearlite or groups of fine cementite par- 
ticles are elongated in the direction of rolling, larger cementite parti- 
cles are broken and ‘the resulting fragments in some instances are 
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strung out in the rolling direction. The extent to which the structure 
is altered will depend, of course, upon the amount of cold reduction. 

Box annealing, as shown by the two bottom rows of photomicro- 
graphs in Fig. 14, results generally in spheroidization of cementite 
particles, although the larger fragments change very little in shape. 
Distribution of cementite after annealing is determined largely by its 
distribution in the prior cold-reduced condition; this is particularly 
true when the steel is annealed either at a low temperature or for a 
short time, or regardless of annealing temperature up to the Ae,, 
when massive cementite particles are present. The influence of box 
annealing variables on microstructure, and particularly the effect of 
annealing above Ae,, is discussed in more detail below. 

There is a definite relationship between grain size of hot-rolled 
strip and grain structure as subsequently box-annealed after cold 
reduction, the final grain size being finer the smaller the initial grain 
size as shown in Fig. 15. The steel represented in Fig. 15 was cold- 
reduced 60% prior to box annealing; less cold reduction would re- 
sult in larger, and more cold reduction would lead to finer, grains in 
the annealed condition as is well known (10). To a lesser extent 
such variables as time and temperature of annealing will affect fer- 
rite grain size. 

Increased box annealing temperature, below the Ae,, is shown 
in Fig. 14 to increase the size of iron carbide particles and to result 
in their more random distribution, except when the prior structure 
is massive cementite, which is affected very little. Fig. 16 shows 
the effect of annealing temperature and of time at temperature on 
microstructure of a steel, the structure of which before cold reduc- 
tion consisted of ferrite and pearlite. The effect of annealing above 
Ae, (Fig. 16C). is particularly marked; austenite formed at the an- 
nealing temperature transforms during subsequent slow cooling to 
massive cementite particles that tend toward an irregularly-shaped 
type. The structure formed is largely independent of prior struc- 
ture or of time at temperature so long as substantially all carbon is 
dissolved during the anneal. Increased time at lower box annealing 
temperature, Fig. 16, D to F, coarsens the cementite particles and 
results in their more random dispersal, provided the initial particles, 
after cold reduction, are not too large. 

In box-annealed low carbon steel containing more than approxi- 
mately 0.03% carbon, large irregularly-shaped carbides occur only 
when the steel has been annealed at a temperature above Ae, 
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Fig. 14—Effect of 60% Cold Reduction and of Cold Reduction Followed by Box 
Annealing (16-Hour Soak) on Structure of Approximately 0.06% Carbon Rimmed Steel 
for Various Initial Conditions. Picral etch. Original magnification < 1000. 


(1335 °F), as discussed above. In a lower carbon steel, containing 
perhaps 0.03% or less, all the cementite may dissolve at a lower 
temperature so that, on subsequent slow cooling, massive iron car- 
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Fig. 14 (continued )—Effect of 60% Cold Reduction and of Cold Reduction 
Followed by Box Annealing (16-Hour Soak) on Structure of Approximately 0.06% 
Carbon Rimmed Steel for Various Initial Conditions. Picral etch. Original 


magnification x 1000. 


bide particles will form as shown in Fig. 17. Here, an increase in 
box annealing temperature from 1100 to 1200 °F (595 to 650 °C) 
merely coarsened the cementite particles slightly, but on annealing at 
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_ Fig. 15—Relationship Between Initial Ferrite Grain Structure of 0.05% Carbon 
Rimmed Steel and Cold-Reduced Box-Annealed Structure. Nital etch. Original 
magnification X< 100. 


1275 °F (690°C) extremely large irregular masses of cementite 
formed. It appears that this massive cementite may form either on 
transformation of austenite or by precipitation of cementite from 
solid solution in ferrite, the essential conditions being: (a) that the 
solution of carbon is essentially complete at the annealing temperature 
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Fig. 15 (continued)—Relationship Between Initial Ferrite Grain Structure 
of 0.05% Carbon Rimmed Steel and Cold-Reduced Box-Annealed Structure. 
Nital etch. Original magnification x 100. 


so that few if any undissolved carbides remain to nucleate subsequent 
transformation or precipitation; and (b) that cooling is sufficiently 
slow that cementite forms initially at a relatively high temperature 
(not too far below 1300°F), subsequent precipitation occurring 
upon the nuclei thus formed. From the type of cementite particles 
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Fig. 16—Effect of Box Annealing Temperature and Time at Temperature on Micro- 
structure of 0.05% Carbon Rimmed Steel Having Pearlitic Carbide Structure Prior to 
Cold Reduction. Picral etch. Original magnification x 1000. 


precipitated isothermally at lower temperatures (Fig. 8) it may be 
inferred that in an extremely low carbon material, such that on cool- 
ing the solubility of carbon in ferrite would not be exceeded until a 
temperature of perhaps 1000°F (540°C) was reached, finer inter- 
granular cementite particles would result from box annealing, re- 
gardless of the annealing temperature. 


SUMMARY 


In general, microstructure of low carbon steel is determined by 
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Fig. 17—Effect of Box Annealing Temperature on Microstructure of Nominally 
0.03%. Carbon Steel. (All box-annealed 16 hours at temperature after 50% cold 
reduction.) Picral etch. Original magnification x 1000. 


those factors that affect size and shape of the ferrite grains and the 
type and distribution of carbide particles. Both grain structure and 
carbide distribution are influenced by the conditions under which 
austenite transforms and by cold working and annealing. The car- 
bide distribution in low carbon steel also may be influenced by the 
conditions under which carbon precipitates from ferrite. 

Ferrite forms rapidly from austenite in a low carbon steel at 
1500 °F (815°C) or below; ferrite grain size is finer the smaller 
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the prior austenite grain size and the more rapid the cooling rate 
through the ferrite-formation range. Carbide as well as ferrite 
may form when austenite transforms below the Ae, temperature, 
1335 °F (725°C). The time required to transform completely at 
1300 °F (705°C) may be more than 24 hours, whereas at 1000 to 
1100 °F (540 to 595 °C) it is a few seconds or less. Massive-type 
carbide particles are formed on transformation at 1300°F (705 °C) ; 
at lower temperatures either smaller, more dispersed carbide parti- 
cles or pearlite are formed, depending upon the extent to which the 
remaining austenite is enriched in carbon by prior ferrite formation. 

Carbide particles precipitated from ferrite at relatively high 
temperature are fairly massive and occur in ferrite grain boundaries. 
Those precipitated at lower temperatures are smaller and tend to 
form within the ferrite grains. Undissolved carbide particles appar- 
ently nucleate precipitation at relatively high but not at lower tem- 
peratures. Precipitation appears to be most rapid at about 800 °F. 
Carbon retained in solution in ferrite may increase its hardness by 
as much as 20 Rockwell B units, with a further increase of this same 
magnitude on aging at ordinary temperature. Carbon precipitates 
from solution as visible carbide particles on heating at 200°F or 
above; the time for visible precipitation and consequent softening 
becomes less the higher the temperature. 

On severe cold reduction, coarse cementite particles are frag- 
mented; groups of smaller particles and pearlite areas are elongated 
in the direction of metal flow. Subsequent annealing below the Ae, 
affects the larger carbide fragments very little, whereas smaller par- 
ticles or pearlite are spheroidized. Distribution of these particles 
changes little at low annealing temperatures or if time at temperature 
is short; longer time or, particularly, higher temperature results in 
more general distribution of these particles, with a tendency for them 
to locate in ferrite grain boundaries. In general, a fine carbide par- 
ticle size and random carbide distribution before cold reduction lead 
to the most uniform carbide dispersal after annealing. Massive car- 
bide particles may form if the steel is annealed above the Ae, or if 
it contains so little carbon that none remains undissolved at the 
annealing temperature. 

Ferrite grain size after annealing depends upon the grain size 
before cold reduction as well as upon amount of cold reduction, an- 
nealing temperature, and time at temperature. 
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DISCUSSION 


Written Discussion: By G. F. Comstock, assistant director of re- 
search, Titanium Alloy Manufacturing Div., National Lead Co., Niagara 
Falls, N. Y. 

This paper is indeed a scholarly description of the structural varia- 
tions which can be caused by the different ways in which iron carbide or 
cementite can be made to form from austenite or ferrite by heat treating 
low carbon steel, but it might be pointed out that other elements than 
carbon, although completely neglected by the authors, contribute items 
of considerable importance to the subject included in the title of the paper. 
Probably the most important of these elements is oxygen, but nitrogen, 
phosphorus, and sulphur should also be considered. It is rather surpris- 
ing to find no mention of the contents of these impurities in the samples 
which the authors used. They certainly occur in all commercial steel, 
whereas the paper apparently is intended to deal with iron-carbon alloys 
of ideal purity. 
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In 0.02 or 0.03% carbon steel, as illustrated in Figs. 8 and 17, consid- 
erable oxide and nitride might be expected, and it would be very inter- 
esting if the authors could state what evidence they have to prove that 
the precipitate illustrated so prominently in Figs. SE and 8F is not an 
oxide or nitride. These photomicrographs show a most surprising volume 
of precipitate, if it is only carbide, for a 0.02% carbon steel. Incidentally, 
it would be helpful if the actual magnification of these illustrations could 
be given. 

The authors should probably not be criticized for neglecting sulphur, 
as its metallographic appearance is so well known. Phosphorus, however, if 
segregated as it often is in rimmed steel, or as it occurs in re-phosphorized 
tin-plate, can lead to the occurrence of quite interesting features in the 
microstructure of low carbon steel. As these so-called “ferrite ghosts” due 
to phosphorus have been adequately described in the literature,’ it should 
not be necessary to discuss them further, but for a complete treatment 
of this subject, it is felt that they should at least be mentioned. 

Written Discussion: By Peter Payson and A. E. Nehrenberg, Re- 
search Laboratory, Crucible Steel Co. of America, Harrison, N. J. 

The authors are to be congratulated on this noteworthy contribution 
to our knowledge of the metallography of low carbon steel. The massive 
carbides shown in several of the photomicrographs, particularly Fig. 5A, 
are extremely interesting. We wonder if the authors have any explana- 
tion for such growth of carbides. In eutectoid carbon tool steel which 
has been double annealed to a hardness of 137 Brinell, the coarsest car- 
bide particles are much smaller than some of those shown in the authors’ 
photomicrographs. Is it likely that the mechanism of carbide growth in 
the authors’ rimmed steel is similar to that involved in the formation of 
massive carbides in abnormal steel? 

We have found in low carbon alloy steels of the cold-hubbing type, 
effects of solution of carbon in ferrite similar to those found by the 
authors in their steel which is practically free of alloy. The steels we 
investigated were the 3110 type formerly used widely for mold dies for 
plastics, and the new 1.5% chromium, 0.5% nickel, 0.2% molybdenum 
steel which is replacing the 3110 steel. The data on these steels are as 
follows: 


Grade 3110 Formold 
re Ca a. a gus Ooo Awa dita sae eae cae 0.07 0.05 
NC ila ca ale cad 9:6 4S cE ORE Ro bo aoe es Gee 0.41 0.40 
NS Cea Sls ke 4s 6 had Odors te ee een Cae 0.22 0.20 
A as Tha Lads oe pha aDDSS X46 XAOS BENS CR es 1.20 0.53 
NS ois clinaid's Keka we Re RDOD «he Dearth. knead 0.57 1.35 
OD bs rani soba dbad «cds ene gidawbah> sisi baae i wine a 0.21 
OGIGee <i, SE  DOMOINS oa 5 kc ee cieh cecctevecese 70 64 
Rockwell B, as-quenched from 1300°F ............. 83 73 
Rockwell B, as-aged at 80°F, 24 hours ............. 87 76 
Rockwell B, as-aged at 80°F, 96 hours ............. 93 76 


In both these alloy low carbon steels, solution of carbon in the ferrite 
is at a minimum below about 700°F, in agreement with the authors’ 
curve, Fig. 2. 


2Whiteley, Journal, Iron and Steel Institute, No. 1, 1920, p. 359. Comstock, Forging 
and Heat Treating, Vol. 7, 1921, p. 60. Schofield, Journal, Iron and Steel Institute, 
No. 1, 1944, p. 119. 
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Written Discussion: By L. D. Jaffe, M. R. Norton and D. C. Buffum, 
Watertown Arsenal, Watertown, Mass. 

The authors have certainly established their premise that the prop- 
erties and structure of low carbon steel are markedly affected by other 
variables besides deformation. Their data concern steels with as low as 
0.02% carbon. We have recently been investigating a “steel” of the 
SAE 3100 series containing 0.002 to 0.003% carbon, as determined by the 
low-pressure oxidation method. The nitrogen content was less than 
0.002%. As-cast, the hardness was approximately Rockwell B-45. Some- 
what to our surprise, quenching from the austenite range increased the 
hardness to Rockwell B-75. By tempering, the hardness was lowered to 
Rockwell B-56. As might be expected, the material also age-hardened 
considerably, reaching a hardness as high as Rockwell B-80. 

Some microstructural studies have been conducted on this steel and 
further ones are under way. More angular carbide particles have been 
observed in a specimen which had been tempered after quenching than in 
a companion specimen which had been quenched only. (In both cases the 
samples had received a subsequent aging treatment at 100°C for 3 hours.) 
These particles tend to be concentrated within some grains while other 
grains are devoid of them. 

Do the authors have any information on the effect of heat treatment 
upon the microstructure and hardness of material having a carbon content 
comparable to the steel just described? 

On the basis of Fig. 3, the authors remark that a long period of time 
is required for completion of transformation at 1300 °F (705 °C) and above. 
It seems more likely that the Ae: (lower boundary of the three-phase 
equilibrium region) is below 1300°F (705°C), rather than at 1335°F 
(725°C). The literature® suggests 1290 °F (700°C) for a steel with 0.06% 
carbon and 0.43% manganese. Many of the published Ae, temperatures 
for steels are far too high because the methods used did not reveal equi- 
librium temperatures. Would the authors explain how their Ae; was 
determined? 


Authors’ Reply 


Mr. Comstock rightly points out that elements other than carbon may 
affect the microstructure of low carbon steel. Carbon and iron are, how- 
ever, the principal components of ordinary carbon steel and the paper 
intentionally was confined to a consideration of the constituents arising 
from these elements. The microstructural features shown are believed to 
be quite generally applicable to conventional commercial types of low 
carbon steel. 

In reference to Figs. 8 and 17, Mr. Comstock states that considere 
able oxide and nitride might be expected in the 0.02 to 0.03% carbon 
steels used. Figs. 8, 10 and 11 are based on material from the “all rim” 
portion of an ingot containing approximately 0.06% carbon, 0.38% manga- 
nese, and an unkown amount of oxygen as poured; both carbon and oxy- 


8C. Wells, “Constitution of Ternary Alloys. Carbon-Iron-Manganese,”” ASM Merats 
HanpBook, 1948, p. 1251-1252. 
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gen were lowered as a result of the rimming action. Fig. 17 happens to be 
for a steel of the “low-metalloid” type (approximately 0.03% carbon, 0.1% 
manganese), which is quite highly oxidized, although the behavior illus- 
trated is believed to be due to low carbon rather than to high oxygen. 
Neither grade of steel commonly contains more than about 0.005% nitro- 
gen and in the absence of aluminum or similar elements this amount prob- 
ably is completely soluble at most or all of the temperatures covered in 
Fig. 8. We know of no reliable data on the solubility of oxygen over this 
temperature range but have no reason to believe that oxygen plays a major 
part in forming any of the precipitate shown. 

The volume of precipitate in Figs. 8E and 8F may appear much 
greater than it actually is because of the tendency of etching reagents 
to dissolve small particles and the surrounding metal leaving holes much 
larger than the particles themselves. In reply to Mr. Comstock’s ques- 
tion, the actual magnification in this illustration is approximately X 600. 
The actual magnification of other photomicrographs in the paper taken 
originally at X 1000 is from X 525 to X 600 and that of photomicrographs 
at an original magnification of X 100 in Figs. 6 and 15 is X 70 to x 75. 

In reply to Payson and Nehrenberg the authors have no explanation 
for the growth of massive carbides, such as those in Fig. 5A, other than 
that suggested in their paper. We have found such carbides in both 
rimmed and aluminum-killed steels, hence their formation does not appear 
to be related directly to deoxidation practice. We have not compared the 
relative “normality” of these two grades. 

The solution hardening and “quench aging” effects observed by 
Messrs. Payson and Nehrenberg and by Messrs. Jaffe, Norton and Buffum 
in low carbon alloy steels demonstrate that such effects are by no means 
confined to the common low carbon grades. They are, in fact, not even 
confined to low carbon steels but may be encountered in higher carbon 
grades when spheroidized so that a substantial amount of “free” ferrite 
is present. 

The authors have no information regarding the effect of heat treat- 
ment upon the microstructure and hardness of “steel” containing as little 
as 0.002 to 0.003% carbon and 0.002% nitrogen. 

Jaffe, Norton and Buffum suggest that the Ae: temperature for steel 
of the type used by the authors is below 1300°F (705°C) rather than 
about 1335 °F (725°C) as reported. The approximate Ae, temperature 
of several steels containing 0.05 to 0.08% carbon and 0.30 to 0.45% man- 
ganese, including rimmed, silicon-killed, and aluminum-killed grades, was 
determined by heating specimens for periods up to 2 hours in a lead bath 
at various temperatures, then quenching. The lowest temperature at which 
austenite formed, as determined by metallographic examination of the 
" quenched specimens, was 1335 to 1845 °F (725 to 740°C). Based on this 
evidence, we doubt that the true Ae: temperature is much below 1335 °F 
(725 °C). 








INFLUENCE OF NICKEL AND MOLYBDENUM ON ISO- 
THERMAL TRANSFORMATION OF AUSTENITE IN 
PURE IRON-NICKEL AND IRON-NICKEL- 
MOLYBDENUM ALLOYS CONTAINING 
0.55% CARBON 


By D. A. Scott, W. M. Armstronc AND F. A. ForwArpD 


Abstract 


A metallographic mvestigation of isothermal trans- 
formation of austenite is described for two series of pure 
iron-nickel-carbon alloys containing 0.55% carbon and 
0, 2, 3.75, and 5% nickel. One series contained no molyb- 
denum, the other 0.35% molybdenum. The laboratory 
procedure for the production of these alloys is described. 

In alloys without molybdenum, as the nickel content 
is increased: the appearance of visible proeutectoid ferrite 
and of pearlite is retarded; the formation of upper 
bainite by growth of ferrite plates and subsequent carbide 
precipitation is more readily observed; the minimum 
temperature for formation of upper bainite is lowered 
appreciably. 

In alloys containing 0.35% molybdenum, as the nickel 
content is increased: the appearance of visible pro- 
eutectoid ferrite is retarded to a greater degree than in 
the molybdenum-free alloys; the acicular character of fer- 
rite formed at intermediate temperatures becomes more 
apparent; the acicular ferrite and feathery batnite reac- 
tions as represented on the isothermal curves become 
more widely separated. 

In all 0.35% molybdenum alloys examined: the 
acicular ferrite reaction is followed by carbide rejection 
and later by agglomeration and growth of the carbide 
phase as a separate constituent; the time required for the 
formation of visible proeutectoid ferrite is approximately 
10 times that observed in the molybdenum-free alloys, this 
multiplying factor being uninfluenced by temperature or 
nickel content; the similar multiplying factor for bainite 
is uninfluenced by temperature but is apparently decreased 
exponentially by increasing nickel contents. 
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INTRODUCTION 


HE phenomena accompanying the decomposition of austenite 

have not been fully or satisfactorily explained despite the fact 
that they have been examined by many observers. Especially lack- 
ing is information on the effect of single elements added to alloys of 
iron and carbon in which no other residual elements are present to 
complicate the experimental results. Once this effect of individual 
elements has been established it should be possible to find the corre- 
lated effect of two or more alloys, and, by so doing, some of the 
phenomena accompanying austenite decomposition may be explained 
more satisfactorily than they are at present. Studies of this type 
should provide quantitative data for predicting the form of the 
isothermal transformation curve for any combination of alloys. 

The present investigation is the first of many that will be re- 
quired to provide this data. The object of this phase of the work 
is to establish the quantitative effect of nickel on the beginning of 
isothermal transformation of austenite in two series of pure iron- 
carbon-nickel alloys containing 0.55% carbon and 0, 2, 3.75 and 5% 
nickel; one series containing no molybdenum, the other 0.35% 
molybdenum. 


SuRVEY OF Previous WorK 


A significant development in the understanding of transforma- 
tion of austenite at sub-critical temperatures was the work of Bain 
and Davenport (1),* which resulted in the isothermal transformation 
diagram. Since this development many workers have investigated 
austenite transformation experimentally and by means of theory. 

An extensive review of the literature on austenite transforma- 
tion has been listed and discussed in a recent paper by Hultgren (2). 

Previous workers, Bain (3), Davenport (4), Lange and Mathieu 
(5), and Ham (6), have summarized the present knowledge of the 
effect of nickel on the transformation of austenite in the temperature 
range of formation of pearlite and bainite. It has been reported that, 
in general, nickel moves the isothermal transformation curve to the 
right (longer times) with little change in the shape of the curve 
except that caused by lowering the eutectoid temperature. Most of 
the alloys studied by these investigators contained appreciable 


1The figures appearing in parentheses pertain to the references appended to this paper. 


- 
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amounts of residual alloying elements such as silicon and manganese, 
and some of the results are not quantitatively comparable because 
of varying amounts of residual elements. 

The effects of nickel on eutectoid carbon content and eutectoid 
temperature are shown in Figs. 1 and 2. 

The effect of molybdenum on isothermal transformation has 





Carbon % 








Nickel % 


Fig. 1—Change in Eutectoid Carbon Content With 
Change in Nickel [After Bain (3), Hall (7), Reed (8), and 
Scott (9) ]. 


been reported by Davenport (4), and Blanchard, Parke, and Herzig 
(10). Molybdenum has a greater effect on retarding transformation 
to pearlite than it has on transformation to any other product. 

Very little information is available on the interrelated effect of 
nickel and molybdenum on the isothermal transformation of aus- 
tenite in pure alloys. 

Nickel retards the transformation of gamma to alpha in carbon- 
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free iron alloys. Ham (6) relates the sluggish reaction in carbon- 
free nickel alloys to the effect of nickel on increasing isothermal 
transformation times in alloys containing carbon. Nickel is a so- 
called ferrite-forming element, with a much lower diffusion rate than 
iron, carbon (11), (12), and molybdenum (13). In hypoeutectoid 
steels, ferrite forms from austenite before pearlite and “upper bain- 





Eutectoid Temperature °F 
Eutectoid Temperature °C 





j Fig. + ane in Eutectoid Temperature With Change 
in Nickel [After Bain (3) and Davenport (4) ]. 


ite”. These authors suggest that the composition of the austenite 
must increase in carbon and decrease in nickel appreciably before 
pearlite can form, and hence the delay in ferrite formation in the 
presence of nickel must, of necessity, delay the pearlite transforma- 
tion. 
The “upper bainite” transformation is initiated by the forma- 


tion of a ferrite nucleus (14). This would mean that proeutectoid 


idl 
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ferrite and bainite transformations are delayed in a similar manner. 

The crystal lattice of bainite is reported (14), (15) to change 
with respect to form and orientation as the temperature of bainite 
formation is decreased. There is some evidence that, with decreas- 
ing temperature of bainite formation, a gradual change from a body- 
centered cubic to a tetragonal lattice occurs, suggesting that an in- 
creasingly greater amount of carbon is retained in the bainite. 

The ferrite, pearlite, and “upper bainite” reactions take place 
by nucleation and growth processes (15). Some degree of doubt 
exists as to the exact method of formation of “lower bainite’, 
whether by nucleation and growth, or by a shear mechanism. 

Apart from the mechanism of formation of the various trans- 
formation products, some method must be found of evaluating the 
quantitative effect of single alloying elements on isothermal trans- 
formation. The interrelated effect of pairs (or greater numbers) 
of alloying elements should then be established. From results so 
obtained it should be possible to set up a system for predicting the 
shape of the isothermal transformation curve from a known analysis 
(including residual elements) or for predicting the necessary alloy 


additions to produce a given shape of isothermal transformation 
curve. 


EXPERIMENTAL WorK 
Melting of Alloys 


The technique developed for making 200-gram melts is as fol- 
lows. Using Norway iron as the base material (0.02% carbon, 
0.001% manganese, and 0.004% silicon), holes are drilled in one 
end of small rods, into which are packed pure graphite powder and 
the required ferroalloy in accurately weighed amounts. The Norway 
iron bars are placed, packed end down, in dry 13%4 by 234-inch cylin- 
drical, high grade alundum melting crucibles, and any required 
amounts of nickel added in the form of pure shot. A shaped graph- 
ite block and lid surrounds the crucible, and the assembly is placed 
in a globar furnace which is brought up to 2900°F (1595 °C). 
After melting, a small amount of calcium-silicon is added as a 
deoxidizer, and the melt is held at temperature a few minutes. The 
alloy is poured into a heated graphite mold to make 0.25-inch diam- 
eter by 3-inch long pencils, from which small specimens are cut after 
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Table | 
Alloys for Isothermal Transformation 





A.S.T.M. Ae Temp. 
°F* 


Alloy No. . Ni Mo Mn Si Grain Size 
Norway Iron 0.02 <.001 .004 <s ee 

i Weight 0.50 0.00 <.001 <.01 5 1333 
Atomic % 

2 Weight 0.52 2.11 5 1280 
Atomic 2.38 1.98 

3 Weight 0.55 3.78 6 1225 

: Atomic % 2.51 3.63 

4 Weight 0.56 4.89 5 1185 
Atomic % 2.56 4.55 

5 Weight % 0.55 0.00 0.35 5 1333 

, Atomic % 2.51 ae 0.199 

‘ Weight é 0.55 2.13 0.34 6 1280 
Atomic 2.51 1.99 0.194 

: Weight ée 0.51 3.69 0.35 6 1220 

’ Atomic 2.33 3.44 0.199 

8 Weight % 0.59 5.31 0.35 5 1175 
Atomic % 2.68 4.97 0.199 





" ‘#*See References (3) and (4). 





annealing in a neutral salt bath furnace for 30 minutes at 1550 °F 
(845 °C). 

Alloys prepared in this way and used for isothermal work are 
listed in Table I. 


ISOTHERMAL TRANSFORMATION 


Specimens for isothermal transformation were cut approxi- 
mately 0.05 inch thick from the annealed pencils. Small holes were 
drilled in the center of each specimen through which 22-gage chromel 
wire was threaded to serve as a handle for transferring the speci- 
men from one bath to the next. Experiment showed that it re- 
quired a period of 3 minutes at an austenitizing temperature of 
1550 °F (845 °C) to completely austenitize the specimens. In view 
of this fact, all specimens isothermally treated were heated at least 
6 minutes at 1550°F (845°C) in a neutral salt bath to insure 
complete austenitization. Specimens were quenched to, and held 
for a measured time at, the isothermal transformation temperature 
in a salt bath, followed by an immediate quench to room tempera- 
ture in an 8% brine solution. Time was measured from the instant 
the specimen entered the bath. 

One flat face of each of the transformed specimens was 
smoothed on No. 2 emery paper, the specimen mounted in lucite, 
polished, etched in nital, and examined at 1300 magnifications. For a 
detailed survey of some transformation temperatures higher magni- 
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fications were used for visual observation. Criterion of beginning of 
transformation was the first visual appearance of any transforma- 
tion product in a minimum of six random fields on the specimen. 


EXPERIMENTAL RESULTS 


The effect of nickel on the beginning of transformation of 
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Fig. 3—Effect of Nickel on Beginning of Isothermal Trans- 


formation of Austenite in Pure Iron Alloys Containing 0.55% 
Carbon. 


austenite in pure iron-carbon-nickel alloys is shown in Fig. 3, and 
the effect in similar alloys containing 0.35% molybdenum is shown 
in Fig. 4. 

Alloys Containing No Molybdenum 


Nickel increases considerably the time for formation of visible 
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ferrite and pearlite above 1000 °F (540°C). The lowest tempera- 
ture of formation of visible proeutectoid ferrite followed by pearlite 
is lowered approximately 100 °F between 0% and 5% nickel. Over 
the same range of compositions the eutectoid and gamma to alpha 
equilibrium temperatures are lowered approximately 150°F and 
200 °F respectively (16). 
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Fig. 4—Effect of Nickel on Beginning of Isothermal Trans- 
formation in Pure Iron Alloys Containing 0.55% Carbon and 
0.35% Molybdenum. 


The ferrite and pearlite curves are depressed in the upper tem- 
perature range but the time required for the appearance of these 
phases is greater than can be accounted for by the lowering of the 
equilibrium temperatures. This would seem to substantiate the fol- 
lowing hypotheses: (a) nickel being partitioned in ferrite rather 
than in pearlite delays ferrite formation because of low nickel dif- 
fusion rate; (b) carbon atoms myst diffuse into austenite and nickel 
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atoms into ferrite at the rate required to give an austenite low 
enough in nickel and high enough in carbon to allow pearlite forma- 
tion to begin. The slower ferrite transformation at higher nickel 
contents and slow diffusion of nickel from austenite to ferrite delays 
the pearlite reaction much more than it does the ferrite reaction. 

Upper bainite forms at temperatures just below the “nose of 
the S-curve” and, with increasing nickel content, the change from 
nodular “upper bainite”’ to feathery “lower bainite” occurs at a 
much lower temperature. The formation of nodular bainite by 
growth of ferrite plates and subsequent carbide precipitation is more 
readily observed. As transformation progresses, the ferrite plates 
are spheroidized. 

Fig. 5 shows a pure iron-carbon alloy held %4 second at 930 °F 
(500°C). It shows approximately 50% transformation to pearlite 
and bainite, growing inwards from grain boundaries. The large 
white areas in the photomicrograph represent untransformed austen- 
ite. This degree of transformation at such a short time interval 
illustrates the difficulty in obtaining any points on the beginning 
curve below the “nose” in the pure iron-carbon alloy. A direct 
quench from the austenitizing bath to room temperature produces 
no intermediate transformation products. 

Fig. 6 shows transformation after 1 second at 930 °F (500 °C) 
in an alloy containing 2.11% nickel. 

Fig. 7 shows bainite formed after holding the 2.11% nickel 
alloy 3 seconds at 750 °F (400°C). Compare with Fig. 8 showing 
bainite formed after 5 seconds at 750°F (400 °C) in a 3.78% nickel 
alloy. Individual “feathers” of bainite apparently form as a thin 
black wedge (nital etch), and grow to about three times their 
original length and width, at which point growth apparently stops 
along one crystallographic plane in austenite and then resumes at an 
angle to the first “feather”, presumably along another crystallo- 
graphic plane. 

Fig. 9 shows transformation to bainite after 15 seconds at 
750 °F (400°C) in a 4.89% nickel alloy. The very small black 
needles indicate the size of the first visible bainite. The first needles 
appear after 12 seconds, and in the next 3 seconds grow to the size 
of the largest needle shown in Fig. 9. Fig. 10 shows further growth 
in the same alloy after 30 seconds at 750°F (400°C). Note the 
parallel acicular growth of the bainite and the angle between adja- 
cent plates. 





1154 TRANSACTIONS OF THE A. S. M. Vol. 41 





Wd. 


Be ie am: 


- 


*. 
Be os 
2 pmo. 
, *S. ant 
Fig. 5—Pure 0.55% Carbon Alloy Transformed % Second at 930 °F (500 °C). 
Fig. 6—2% Nickel, 0.55% Carbon Alloy Transformed 1 Second at 930°F (500 °C). 
Fig. 7—2% Nickel, 0.55% Carbon Alloy Transformed 3 Seconds at 750°F (400 °C). 


Fig. 8—3.75% Nickel, 0.55% Carbon Alloy Transformed 5 Seconds at 750 °F (400 °C). 
All photomicrographs X 850, nital etch. 
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Fig. 9—5% Nickel, 0.55% Carbon Alloy Transformed 15 Seconds at 750 °F (400 °C). 
Fig. 10—5% Nickel, 0.55% Carbon: Alloy Transformed 30 Seconds at 750 °F (400 °C). 
All photomicrographs X< 850, nital etch. 





Figs. 11 and 12—5% Nickel, 0.55% Carbon Alloy Transformed at 880 °F (475 °C). 
X 850, nital etch. Fig. 11—5 Seconds. Fig. 12—10 Seconds. 
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Figs. 11 to 16 show a series in the 4.89% nickel alloy at 880 °F 
(475°C). Fig. 11 shows extent of bainite formation at a grain 
boundary after 5 seconds. The bainite appears to form first as a 
series of ferrite spheroids, the dark areas possibly being carbides 
which are rejected at the ferrite-austenite interface. Paraliel ferrite 
plates grow along crystallographic planes from these nuclei, fol- 
lowed by carbide precipitation between ferrite platelets, and spheroid- 
ization of some of the first-formed ferrite platelets. 


Alloys Containing 0.35% Molybdenum 


The beginning of visible transformation in iron alloys contain- 
ing 0.55% carbon, 0.35% molybdenum, and varying nickel is shown 
by the curves in Fig. 4. The formation of visible pearlite is de- 
layed very much more than is the case in the plain iron-nickel-carbon 
alloys. Pearlite does not appear in a 3.5% nickel alloy held for 5% 
hours at 1100 °F (595 °C) ; in the 5% nickel alloy, pearlite does not 
appear after 5% hours at either 1000°F (540°C) or 1100°F 
(595°C). For this reason comparative studies of the pearlite reac- 
tion were not made. The effect on the pearlite reaction is, however, 
much greater than it is on the ferrite reaction. 

Increasing nickel produces a “bay” in the curve at 880°F 
(475 °C). Ferrite in the intermediate temperature range, 880 °F 
(475 °C) to 1000 °F (540 °C) is more acicular as the nickel content 
is increased, and, during growth of the acicular ferrite, carbides are 
precipitated both within the ferrite and at the ferrite-austenite inter- 
face, followed at later times by agglomeration and growth of the 
carbide phase. This agglomeration and growth occurs first between 
plates of acicular ferrite and subsequently extends into the untrans- 
formed austenite surrounding the ferrite. 

The appearance and mechanism of growth of these transforma- 
tion products in the alloys containing molybdenum differs from that 
observed in the alloys without molybdenum. In the temperature 
range 800 to 1000 °F (440 to 540 °C), the tendency towards growth 
of a separate carbide phase is less in the molybdenum-free alloys. 

Fig. 17 shows bainite after 3 seconds at 750 °F (400°C) in an 
iron-carbon-molybdenum alloy containing no nickel. Fig. 18 shows 
bainite after 15 seconds at 650°F (345°C) in an iron-carbon- 
molybdenum alloy containing 2.13% nickel. 

Figs. 19 and 20 show pearlite which forms at intermediate 


a7” 
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Figs. 13 to 16—5% Nickel, 0.55% Carbon Alloy Transformed at 880°F (475 °C). 
< 850, nital etch. Fig. 13—15 seconds. Fig. 14—20 seconds. Fig. 15—30 seconds. 
Fig. 16—100 seconds. 


temperatures in the low nickel alloys containing molybdenum. 
Fig. 19 shows the 0% nickel alloy after 1 second at 930 °F (500 °C). 
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Fig. 17—0% Nickel, 0.55% Carbon, 0.35% Molybdenum Alloy. 3 seconds at 750 °F 
(400 °C). Fig. 18—2% Nickel, 0.55% Carbon, 0.35% Molybdenum Alloy. 15 seconds at 
650 °F (345 °C). Fig... 19—0% Nickel, 0.55% Carbon, 0.35% Molybdenum Alloy. 1 
second at 930°F (500°C). Fig. 20—2% Nickel, 0.55% Carbon, 0.35% Molybdenum 
Alloy. 3 seconds at 930 °F (500°C). All x 850, nital etch. 


Fig. 20 shows 2.13% nickel alloy after 3 seconds at 930 °F (500 °C). 

Figs. 21 to 23 show the duplicate structure produced at 930 °F 
(500°C) in a 3.89% nickel alloy. Fig. 21 shows acicular ferrite 
which precipitates after 12 seconds. Fig. 22 shows continued 
transformation at 15 seconds, indicating simultaneous carbide pre- 
cipitation and ferrite growth. The acicular ferrite apparently grows 
to the size shown in Fig. 23 and then stops growing. The separate 
carbide phase has agglomerated and grown considerably. 

Figs. 24 to 27 show a similar series of duplicate structure pro- 
duced in the 5.13% nickel alloy after 25, 30, 60, and 120 seconds 
respectively at 930 °F (500 °C). 
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Figs. 21 to 23—3.75% Nickel, 0.55% Carbon, 0.35% Molybdenum Alloy at 930 °F 
(500 o€). Fig. 21—12 Seconds. Fig. 22—15 Seconds. Fig. 23—30 Seconds. All 
X 850, nital etch. 


DISCUSSION OF RESULTS 


Pearlite—In the alloys investigated, increased nickel content 
delays the first appearance of visible pearlite more than it does that 
of visible ferrite. This difference is accentuated by the addition of 
0.35% molybdenum, indicating that there is some correlation between 
the separate effects of nickel and molybdenum on the time required 
for the appearance of visible pearlite. It is conceivable that the 
addition of nickel to iron-carbon-molybdenum alloys causes the par- 
tition of molybdenum between ferrite and carbide to shift towards 
the carbide phase, as nickel is the stronger ferrite-former of the two. 
If this assumption is valid the molybdenum in the austenite at trans- 
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Figs. 24 to 27—5% Nickel, 0.55% Carbon, 0.35% Molybdenum Alloy at 930 °F 
(500 °C). Fig. 24—25 Seconds. Fig. 25—30 Seconds. Fig. 26—60 Seconds. Fig. 27 
—120 Seconds. All X 850, nital etch. 


formation temperature, being a strong carbide former, would asso- 
ciate with carbon atoms and decrease the probability of iron carbide 
nucleus formation. A further retarding influence is provided by: the 
lower diffusion rate of nickel at these temperatures compared with 
that of carbon or molybdenum (6). 
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Transition Constituents 


The appearance and mechanism of growth of the transforma- 
tion products in the intermediate temperature range 800 to 1000 °F 
(440 to 540 °C), in the alloys containing molybdenum, differ from 
that observed in the alloys without molybdenum. In the molybde- 
num-free alloys there is less tendency towards separate growth of 
the precipitated carbide phase. In the alloys containing molybde- 
num, as the nickel content is increased, two facts become apparent: 
first, that acicular ferrite is the initial product of transformation; 
and second, that the amount and stability of this acicular constituent 
increase. Carbon and molybdenum atoms must be entrapped when 
this acicular ferrite forms. Continued diffusion of carbon and 
molybdenum in the ferrite would result in the formation of carbide 
nuclei, both within the ferrite areas and at the external ferrite- 
austenite interface. These carbide particles continue to form and 
agglomerate until their volume approaches that of the acicular fer- 
rite, at which point the transformation ceases and the remaining 
austenite becomes stable for a considerable time period. 


Quantitative Factors 


The experimental results indicate that there is a quantitative 
relation between the relative amounts of nickel and molybdenum 
present and the time required for the first visible transformation 
product, which may be either proeutectoid ferrite or bainite. The 
pertinent data listed in Table II show that: 

(a) In the proeutectoid range (see Fig. 28) the time is in- 
creased by a factor of 10 when 0.35% molybdenum is present. 
Within the limits of experimental error it appears that this factor 
is constant for all temperatures and nickel contents. 

(b) In the transition range it is not possible to establish a 
definite factor. This is probably due to the fact that two trans- 
formation reactions occur simultaneously and that accurate measure- 
ment of transformation times less than 1 second is not feasible. 

(c) In the bainite range the time is increased by the addition 
of 0.35% molybdenum. This factor is between 2 and 5, and is 
unaffected by temperature but is decreased exponentially by increas- 
ing nickel (see Table II and Fig. 29). 
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Table Il 


Bainite in 0.55% Carbon-Iron Alloys 





——————___———————_ Temperature °F 

Wt. % Ni Wt. % Mo 1300 1200 1100 1000 930 880 800 750 
0 1-2 
0.35 15 
Mo Factor 10 

0 2 | <i 1 1 

0.35 20 5 3 3 5 

Mo Factor 10 os De if ei a 5 

0 10 <3 1 1 1-2 2 3 

0.35 100 25 10 10 9 7 9 

Mo Factor 10 10 10 10 ae Sa 3 

0 50 2 2 4 8 12 

0.35 500 25 14 25 15 25 

Mo Factor 10 10 7 6 2 2 


*All times listed are to the nearest second. _ " 
mental error is greater the shorter the transformation time. 
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Fig. 28—Comparative Curves of Beginning of Isothermal 
Austenite Transformation. 
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Further work is proposed on alloys containing 1 and 6% nickel 
to complete the curve of Fig. 29. Also, the carbon and molybdenum 
should be varied to establish curves similar to those in Fig. 29. 

This method of presentation indicates a possible approach for 
evaluating quantitatively the individual and interrelated effects of 
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Fig. 29—Plot of Time Factor for Effect of 0.35% Molybde- 
num on Beginning of Isothermal Transformation of Austenite. 


the various alloying elements on the beginning of austenite trans- 
formation. From data presented in this way, if one basic curve 
is known, it may be possible to set up charts or nomograms for cal- 
culating the exact times to be expected by adding any alloying ele- 
ments. It may also be possible to predict the amounts of different 
alloying elements required to produce an isothermal transformation 
diagram of any desired shape. 
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THE TRANSFORMATION CHARACTERISTICS OF 
TEN SELECTED NICKEL STEELS 


By J. P. SHEEHAN, C. A. JULIEN AND A. R. TROIANO 


Abstract 


Presented here is a systematic study of the effect of 
nickel, in quantities of 5% and more, on the transforma- 
tion of austenite of several carbon contents. 

No pearlite reaction was observed in any of the steels 
containing 7.5 and 10% nickel for transformation times 
as long as 4 months. 

In general, the bainite reaction displayed its usual 
characteristics, except where masked by overlapping 
pearlite formation or altered by concomitant carbide pre- 
cipitation. 

In several of the steels, notably the 7.5% nickel and 
1.2% carbon steel, separate initial carbide and subsequent 
ferrite precipitation was able to transform completely the 
austenite, as a major type of reaction and not merely as 
a contributory reaction to any of the generally recognized 
modes of transformation in steel. 


HE effects of manganese, chromium, and molybdenum on the 

transformation of austenite have received considerably more 
attention than have the effects of some of the other common alloying 
elements in steel. 

Although some research has been conducted on nickel steels, 
comparatively little of a systematic nature has been done on the 
transformation of austenite as affected by nickel. Allen, Pfeil and 
Griffiths (1)+ obtained dilatometric data on several low carbon steels 
containing less than 5% nickel and found that the rate of transforma- 
tion to both pearlite and bainite was slightly decreased. Lange and 
Mathieu (2) made a magnetometric study of the course of the aus- 
tenite transformation in steels containing from 3 to 12% nickel. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


Most of the material presented here has been abstracted from theses submitted by 
J. P. Sheehan and C, A. Julien in partial fulfillment for the degree of Master of Science, 
University of Notre Dame, December 1946. 

A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, J. P. Sheehan 
is with the Armour Research Foundation, Chicago; C. A. Julien is with the 
Naval Research Laboratory, Washington, D. C., and A. R. Troiano is pro- 


fessor of metallurgy, University of Notre Dame, Notre Dame, Ind. Manuscript 
received May 4, 1948. 
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Unfortunately they discussed and presented data for only several of 
these alloys. In most of the other published work, the effect of nickel 
is often masked or altered by the presence of other alloying elements. 

This investigation was undertaken for the purpose of making a 
systematic study of the effect of nickel, in quantities of 5% and 
more, on the transformation of austenite of several carbon contents. 
A series of alloys was selected in which three carbon contents were 
represented, i.e., 0.50, 0.80, and 1.2% carbon, with each of these 
containing 5, 7.5 or 10% nickel. An additional steel with 0.25% 
carbon and 7.5% nickel was also studied. The analyses of the steels 
are shown in Table I. 

The steels were made in an induction furnace, rolled to 1%- 
inch bars and forged to %-inch flats. Metallographic specimens 
34 by 36 by 3%; inch and dilatometric specimens 1 by % by 7g inch 
were machined from the bars after they had been softened by an 80- 
hour anneal at 470 °C (880 °F). 


EXPERIMENTAL PROCEDURE 


Dilatometric Method—A rough survey of the isothermal trans- 
formation curves for each steel was made by employing a dilatometer 
similar to the type used by Davenport and Bain (3). The dilatom- 
eter specimens were austenitized for 15 minutes at 1000 °C? 
(1830°F) in a vertical tube furnace provided with a contintious 
flow of dried, purified nitrogen to minimize decarburization. 

Metallographic Method—tThe dilatometer was relatively insen- 
sitive to the first and last 2 to 3% of the austenite to transform; so 
microscopic examination was employed for a more precise determina- 
tion of the beginning and ending curves of the transformation. Spec- 
imens were heated for 30 minutes at 1000 °C (1830 °F) in the fur- 
nace described above, quenched into salt or lead baths controlled to 
+3 °C, and after suitable periods of time quenched into water. In 
the polishing operation at least 7g inch of material was ground from 
the face of the specimen that represented a cross section of the forged 
bar. 


EXPERIMENTAL RESULTS 


Graphical Presentation—The results of this study are presented 





2In the 1.2% carbon stcels, graphitization occurred during the bar softening anneal. 


For this reason, a relatively high temperature was used for austenitizing the steels. 


- 
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Chemical Compositions of Steels Investigated 
———-5% Nickel Steels ——_, ————7 ”’% Nickel Steels an 
0.50% C 0.80%C 1.2%C 0.25% C 0.50% C 0.80%C 1.2% C 
Carbon 0.51 0.79 1.26 0.29 0.48 0.79 1.18 
Nickel 5.26 5.25 5.30 7.61 7.61 7.53 7.64 
Manganese 0.23 0.23 0.21 0.15 0.22 0.21 0.22 
Phosphorus 0.006 0.007 0.009 0.010 0.006 0.008 0.008 
Sulphur 0.017 0.015 0.019 0.011 0.016 0.016 0.016 
Silicon 0.17 0.22 0.23 0.13 0.16 0.22 0.22 
710% Nickel Steels 
0.50% C 0.80% C 1.2% C 
Carbon 0.51 0.77 1.17 
Nickel 10.11 10.01 10.30 
Manganese 0.21 0.20 0.21 
Phosphorus 0.005 0.006 0.009 
Sulphur 0.016 0.019 0.019 
Silicon 0.16 0.22 0.22 


Chromium and molybdenum were 0.04 and 0.01% respectively in each steel. 











in the form of typical transformation diagrams which appear in 
Figs. 1 to 10. The A,, A,, and M, temperature for each steel were 
determined by the interpretation of microscopic evidence. These 
temperatures are represented by horizontal lines and where they 
occur beyond the temperature scale of the diagrams they are merely 
indicated. 

It has already been noted that nickel promotes the formation of 
graphite in the high carbon steels, thereby accounting for the high 
austenitizing temperature necessary to redissolve the graphite. On 
the other hand, nickel lowers the A, critical by causing the gamma 
to alpha transformation in iron to take place at lower temperatures. 
The M, temperature is also lowered to the extent of about 18 °C 
(32 °F) for each 1% nickel, which agrees with the value reported 
by Chiswik and Greninger (4). 

Steels Containing 5% Nickel—The transformation of austenite 
to pearlite or bainite at any constant temperature between A, and 
M, is shown on the diagrams by the typical “C” curves denoting 
the beginning and ending of the transformation. 

In the 5% nickel steels, the transformation diagrams for which 
are shown in Figs. 1, 2, and 3, the austenite transforms to a mix- 
ture of pearlite and bainite at high temperatures and to bainite at 
lower temperatures. The most important characteristic of these 
nickel steels is the predominating nature of the bainite reaction. 
Apparently, the formation of bainite is not limited to that tempera- 
ture region below the pearlitic reaction but actually occurs over al- 
most the entire range between A, and M,. At the so-called “nose” 
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Fig. 1—Transformation Diagram for 5% Nickel 
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Fig. 3—Transformation Diagram for 
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Fig. 4—Transformation Diagram for 10% Nickel 
Steel With 0.5% Carbon. 
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Fig. 5—Transformation Diagram for 10% Nickel 
Steel With 0.8% Carbon. 
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Fig. 6—Transformation Diagram for 10% Nickel 
Steel With 1.2% Carbon. 
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Fig. 9—Transformation Diagram for 7.5% 
Nickel “Steel With 0.8% Carbon. 
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Fig. 10—Transformation Diagram for 7.5% 
Nickel Steel With 1.2% Carbon. 











Vol. 41 





1949 TRANSFORMATION IN NICKEL STEELS 1173 


of the curve, bainite and pearlite form simultaneously, but because of 
the incomplete nature of the bainite reaction at high temperatures 
the pearlite reaction finishes the transformation and accounts for the 
major part of the austenite transformed (5). The proportion of 
pearlite to bainite in the completely transformed structure changes 
with temperature. Thus, pearlite predominates at and above the 
“nose” of the curve but is gradually replaced by bainite below this 
temperature. In the 5% nickel steels, 437 °C (820 °F) is the lowest 
temperature at which pearlite appears and the transformation occurs 
by the bainite reaction alone below this temperature. The curve 
denoting the beginning of transformation is continuous all the way 
from 600 °C (1110°F) down to the M, temperature. The ending 
curve, however, shows a distinct discontinuity at the maximum tem- 
perature of exclusive bainite formation. This is considered to be 
significant and will be discussed in greater detail. Photomicrographs 
illustrating the “duplex” structure of pearlite and bainite formed at 
or above the nose of the curve in the 0.50 and 0.80% carbon steels 
are shown in Figs. 11 and 12. 

With increasing carbon content the transformation to pearlite 
and bainite occurs at slightly lower temperatures and longer times. 
The M, temperature is also lowered by carbon, thereby expanding 
the temperature range for isothermal transformation. The steel with 
0.80% carbon is hypereutectoid and forms a carbide grain boundary 
network which precedes the pearlite and bainite reaction at high 
temperatures. At 600°C (1110°F), this carbide network decom- 
poses to graphite and ferrite. The presence of graphite apparently 
acts as a nucleus for the direct precipitation of carbon from the aus- 
tenite at the grain boundaries. This decreases the carbon content of 
the austenite, thus promoting the subsequent formation of ferrite. 
The resultant microstructure is illustrated in Fig. 13. 

Steels Containing 10% Nickel—The powerful effect that nickel 
has in lowering the temperature range of transformation, and caus- 
ing the reaction to proceed more slowly, may be best illustrated by 
considering the 10% nickel steels. 

In these steels the pearlite reaction is completely eliminated,® 
and the austenite transforms solely to bainite and pro-bainitic phases. 
Because of the absence of pearlite, these steels afford an excellent 
opportunity for investigating the characteristics of the bainite 





5No pearlite was observed at temperatures from A, to the - of the bainite range for 
the longest times investigated (approximately 4 months) for all three 10% nickel steels. 








1174 TRANSACTIONS OF THE A. S. M. Vol. 4] 





Fig. 11—5% Nickel, 0.5% Carbon Steel. Reacted at 525 °C, 18 seconds. 
Etched with 2% nital. X 700. 

Fig. 12—5% Nickel, 0.8% Carbon Steel. Reacted at 500 °C, 60 seconds. Etched 
with 2% nital. X 750. 
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Fig. 13—5% Nickel, 0.8% Carbon Steel. Reacted at 600°C, 3 hours. Etched 
with 2% nital. X 500. 


reaction and the microstructure of the resultant aggregrates. 

Figs. 4, 5, and 6 show the transformation diagrams for the 10% 
nickel steels. The usual dependence on temperature of the extent of 
bainite transformation is shown in Fig. 14 where the total dilation 
is plotted against transformation temperature for two of the 
steels containing 0.51 and 0.77% carbon. At higher temperatures 
the total dilation decreases very rapidly because the extent of the 
reaction also decreases with rising temperature. Photomicrographs 
of two specimens from the 0.51% carbon steel, transformed in this 
region for periods of 14 hours and 110 days respectively, are shown 
in Figs. 15 and 16. A comparison of the relative amounts of aus- 
tenite remaining in each of these specimens yields convincing metal- 
lographic evidence for the incomplete nature of the bainite reaction. 

Common to most steels, the microstructural appearance of bain- 
ite changes markedly as a function of temperature. For example, in 
the 0.51% carbon, 10% nickel steel at low temperatures, the bainite 
has a typical dark-etching, acicular appearance characteristic of low 
temperature bainite. The structure gradually becomes more granular 
and lighter etching as the temperature rises, the carbide particles 
become larger and more widely separated, finally giving rise to a 
“ferritic” structure such as that in Fig. 16. X-ray diffraction pat- 
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terns of specimens transformed in this range did not yield any evi- 
dence of a gross carbon enrichment of austenite. 

The transformation characteristics and the microstructure found 
in the 0.77% carbon, 10% nickel steel are very similar to those of 
the above steel. As an example of the complications in microstruc- 
ture that may arise, Fig. 17 indicates the presence of four types of 
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Fig. 14—10% Nickel Steel. 
Total dilation versus reaction tem- 
perature in the bainite temperature 
range. 


carbide distribution near the top of the bainite range. They are: 
grain boundary network, plate carbide, massive carbide, and the car- 
bide that is part of the bainite. 

In the 1.2% carbon, 10% nickel steel, bainite forms only at very 
low temperatures and after long periods of time. However, plate 
carbide precipitates very quickly and in considerable quantity in this 
steel. Fig. 18 illustrates the structure of a specimen transformed at 
350 °C (660 °F), where the carbide precipitation precedes the bainite 
reaction. The bainite, which is the dark, irresolvable structure, oc- 
cupies the space between the carbide plates. 

Steels Containing 7.5% Nickel—The 7.5% nickel steels are of 
particular interest regarding the presence or absence of pearlite since 
they represent an intermediate analysis to the 5 and 10% nickel steels. 

The transformation diagrams for the four steels are presented 
in Figs. 7 to 10 inclusive. From an examination of these charts it 
is apparent that the pearlite reaction is eliminated by 7.5% nickel 


- 





| 
| 
| 
| 
| 
| 








1178 TRANSACTIONS OF THE A. S. M. Vol. 41 


and the steels should thus be classified, in this respect, with those 
containing 10% nickel. 

In the 0.79% carbon steel, the normal behavior of the transfor- 
mation to bainite is altered by the continuous simultaneous precipita- 
tion of carbide which changes the composition of the undecomposed 
austenite. In the upper transformation temperature range of this 
steel, the decomposition of the austenite is initiated by the precipita- 
tion of carbide followed by bainite, whereupon both reactions proceed 
simultaneously. It follows, that the precipitation of carbide is con- 
tinuously changing the composition of the remaining austenite, pre- 
sumably in a manner which allows the bainite reaction to go to com- 
pletion. Fig. 19 indicates the microstructure resulting from this 
type of transformation. Note the general heavy carbide network 
between grains that exhibit complete decomposition as contrasted to 
the relatively light carbide precipitate between grains that exhibit no 
decomposition. As the carbide precipitation increases between these 
latter grains, they will eventually transform.* After complete trans- 
formation of the austenite, the carbide network is remarkably uni- 
form and heavy. Contrasted to the above is the behavior of the 0.25 
and 0.48% carbon steels, where no pro-bainitic carbide is present. 
Here, although the microstructural characteristics of the bainite are 
similar, the reaction exhibits the usual normal temperature depend- 
ence. 

In the upper temperature range of the 1.18% carbon steel, the 
transformation of the austenite is initiated by the abundant precipita- 
tion of plate carbide. This reduces the carbon content of the aus- 
tenite and the transformation is completed by the precipitation of 
ferrite, accounting for the entire decomposition of the austenite.‘ 
Fig. 20 demonstrates the microstructure resulting from this reaction. 
It is interesting to note that the reaction is displaced, with respect to 
temperature, above the bainite range and thus does not appreciably 
influence or mask the normal behavior of bainite. This reaction 
product was also observed in the 5% nickel, 1.2% carbon steel at 
587 °C (1090 °F). Here, it formed above the pearlite region in a 
very narrow temperature range and is not indicated in Fig. 3. How- 
ever, in the 7.5% nickel steel the reaction played a major role in 
the isothermal transformation, extending over a broad temperature 
range. It appears that this type of transformation represents a mode 





‘It appears that this process is aided by direct precipitation of graphite. 
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Fig. 19—7.5% Nickel, 0.8% Carbon Steel. Reacted at 525 °C, 22 hours. Etched 
with 2% nital. > 600. 

Fig. 20—7.5% Nickel, 1.2% Carbon Steel. Reacted at 500 °C, 20 hours. Etched 
with 2% nital. X 600. 
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of austenite decomposition that does not fit into any of the accepted 
transformation categories such as those that produce pearlite, bainite 
or martensite. 


DISCUSSION 


Many of the reaction sequences and resulting microstructural 
characteristics observed here are similar to those found in other 
steels, particularly in chromium (6) and manganese (7) steels; 
where isolated separate carbide and ferrite reactions have been ob- 
served overlapping with both the pearlite and bainite reactions. 
However, in several steels investigated here, notably the 7.5% nickel, 
1.2% carbon steel, separate initial carbide and subsequent ferrite 
precipitation was able to transform completely the austenite as a 
major type of reaction and not merely as a contributory reaction to 
any of the generally recognized modes of transformation in steel. It 
must be emphasized that this reaction cannot be classified with the 
formation of pearlite since the austenite changes composition, with 
a drastic reduction in carbon content until eventually virtually 
carbon-free ferrite precipitates. 

One of the notable features of these steels was the absence of 
pearlite in steels containing 7.5 and 10% nickel. Presumably this 
may occur as a consequence of the effect of nickel in lowering A, 
and thus the temperature range of pearlite formation, depressing it 
well down in the bainite temperature range. Here the bainite with a 
faster reaction rate will transform the austenite before the pearlite 
reaction has an opportunity to become operative. A second possibil- 
ity is that additions of nickel between 5 and 7.5% abruptly increase 
the time for the initiation of the transformation to pearlite to longer 
than 4 months, the maximum time investigated. 

In general, the bainite reaction behaved in normal fashion, ex- 
hibiting the usual dependence on temperature of the amount of aus- 
tenite transformed by this reaction. The lower the temperature, the 
greater the amount of austenite transformed by this reaction, vary- 
ing from zero at the top of the bainite range to 100% at some lower 
temperature. However, in several steels this effect was masked by 
the overlapping of the pearlite reaction. The only exception was 
the 7.5% nickel, 0.79% carbon steel. This steel did exhibit con- 
tinuous and complete decomposition at all temperatures in the bainite 
range with no formation of pearlite. However, it was possible to 
rationalize this behavior on the basis of the concomitant precipitation 


an ee 





—————— -_—— — 


1949 TRANSFORMATION IN NICKEL STEELS 1181 


of carbide which continuously changed the composition of the re- 
maining austenite as the reaction proceeded, thus actually modifying 
rather than masking the normal behavior of the transformation to 
bainite. 

The masking of the incomplete nature of the bainite transforma- 
tion by the overlapping of the pearlite reaction is a quite common 
occurrence. Occasionally it may be rather difficult to observe, since 
the beginning curves for both reactions may virtually coincide, pre- 
senting a relatively smooth and continuous envelope. In addition, 
the microstructural evidence may not always be conclusive. How- 
ever, this phenomenon will invariably manifest itself by a discon- 
tinuity in the curves for the end of transformation; as observed, for 
example, in Figs. 1, 2, and 3 of this investigation, in many of the 
manganese steels (7), and, in fact, in most of the isothermal trans- 
formation diagrams scattered throughout the literature, where in 
most cases no effort has been made to separate these two reactions. 
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DISCUSSION 


Written Discussion: By FE. S. Rowland, research metallurgical 
engineer, The Timken Roller Bearing Company, Steel & Tube Division, 
Canton, Ohio. 

This is a most interesting piece of work and one could wish that 
more of this type could follow from the same and other laboratories. 

l was much interested in the transformation of austenite directly to 
carbide and ferrite in the higher temperature ranges of the high nickel, 
high carbon steels. In what essential features does this type of reaction 
differ from what obtains in the commercial spheroidization of high carbon 
steels? In production spheroidize annealing of hypereutectoid steels, the 
material is heated into the austenite plus carbide range. After temper- 
ature equalization, the charge is either cooled through the transformation 
range at such a rate that few new carbide nuclei are formed and the 
transformation completes itself by precipitation largely on existing carbide 
particles, or the transformation is effected isothermally at a temperature 
where the rate of transformation is such that the same result occurs. In 
either case the product is spheroidized carbide without passing through 
the formation and decomposition of pearlite. The conditions seem to be 
such that the grain boundaries are not preferred as centers of nucleation 
and growth of pearlite. 

It seems to me that the situation reported in this research differs 
only in that the initial carbide precipitation from the austenite is in an 
acicular form rather than being prior spheroidized. The average diffusion 
distances for carbon and alloying elements seem to be of the same order 
of magnitude and the austenite decomposes by carbide precipitation on 
the existing carbide phase. 

The simultaneous presence of both bainite and pearlite has been 
observed in our laboratory in the gradation zone of carburized SAE 2512 
when quenched in massive sections. The very logical explanation of how 
this is possible is certainly welcome. 

Written Discussion: By L. D. Jaffe, Watertown Arsenal, Watertown, 
Mass. 

It is a little surprising to note that, in the 5% nickel steels, increase 
in carbon content appears to retard the pearlite reaction somewhat (Figs. 
1, 2, 3). This is contrary to previous observations on plain carbon® ®* 
and chromium® steels. Would the authors care to comment on this point? 

Written Discussion: By Axel Hultgren, professor of metallography, 
Tekniska Hogskolan, Valhallavagen, Stockholm, Sweden. 

This investigation by Dr. Troiano and his collaborators is pioneering 
into an unknown field of compositions and the observations made present 





_ SE. Scheil, “Initiation Time of the Austenite Transformation” (in German), Arch. 
Eisenhiittenw., Vol. 8, 1935, p. 565-567. 


®°T. Sato, “On the Critical Points of Pure Carbon mene (in English), Technical 
Reports, Tohoku Imperial University, Vol. 8, 1929, p. 27-5 


TF. Wever, A. Rose and H. Lange, “The Influence of “Costleg Velocity on the Trans- 
formations of Steels’’ (in German), Mitteilungen aus dem Kaiser-Wilheim Institut fiir 
Eisenforschung, Vol. 19, 1937, p. 289-298; Vol. 20, 1938, p. 55-65. 


8See authors’ reference 6. 
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several interesting features. It may be that some of them can be inter- 
preted differently but that will probably not surprise the authors. 

It so happens that a steel with about 5% nickel and 0.5% carbon 
has been studied in the writer’s laboratory. A higher austenitizing 
temperature was employed and the TTT-diagram was accordingly dis- 
placed somewhat to the right as compared with the authors’ Fig. 1, other- 
wise it was essentially the same. The equilibrium composition of the 
pearlitic cementite of that steel at 575°C has been determined. It con- 
tained 1.5% nickel. The cementite of bainite, immediately on formation 
at 450 and 410°C, held, however, about 4.7% nickel, in agreement with 
the so-called paratransformation hypothesis (7).° 

It is not clear what the authors mean when they say, on page 1167, 
that the A; and A; temperatures were determined by the interpretation 
of microscopic evidence. Furthermore, what is meant by A; in the case 
of hypereutectoid steels, as shown in Figs. 2, 3, 4, 5, 6, 9 and 10? An 
assumption that A; should read Acm does not agree with the value of 
710°C in Fig. 3, nor with the trend of the carbide zero transformation 
curve in that figure. 

[If one compares the rates of carbide precipitation in Fig. 4 and Fig. 6 
it is seen that this rate is considerably accelerated in 10% nickel steel, by 
increasing the carbon content from 0.5 to 1.2%. From Fig. 4 and from a 
comparison with Figs. 2 and 5 it may be established that nickel 
retards the carbide precipitation. This is consistent with the view that 
the low equilibrium nickel content of cementite in nickel steels, in the 
higher transformation range, involves diffusion of nickel away from the 
carbide during precipitation. Furthermore, the formation of appreciable 
quantities of carbide, which is demonstrated in the paper for the high 
carbon steels, for the same reason should cause the nickel content of the 
remaining austenite to rise, as its carbon content is falling. Admittedly, 
however, this will remain a guess, as long as the nickel content of the 
precipitated carbide has not been determined for these steels. 

The authors emphasize that the completion of the transformation in 
the upper temperature range, in Figs. 9 and 10, is a consequence of the 
carbide precipitation, such completion not being reached at lower carbon 
contents, as in Figs. 7 and 8. Is it not possible that graphite precipitation 
may be responsible, in some manner, in the former case? In this con- 
nection it may be asked whether graphite was not precipitated during 
transformation of the steel with 10% nickel and 1.2% carbon (Fig. 6). 


Authors’ Reply 


We agree with Dr. Rowland that the high temperature transformation 
observed in several of these steels may be much the same as that which 
occurs in the commercial spheroidization of high carbon steels. The fact 
that the carbide precipitates in plate form in these steels as compared 
to the spheroids of commercially treated steels may be explained on the 


®The investigation referred to will, it is hoped, be published during 1949. 
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basis that commercial spheroidization of high carbon steels invariably 
involves the initial presence of undissolved carbides which may act as 
nuclei for subsequent carbide precipitation. 

In answer to Dr. Jaffe, we do not feel that the nickel steels neces- 
sarily represent an exception to the general rule that increased carbon 
content accelerates the pearlite reaction. The rather heavy carbide pre- 
cipitation preceding and accompanying the pearlite reaction in two of 
the three 5% nickel steels is sufficient to account for the apparent 
anomaly, 

We are pleased to note that Professor Hultgren is extending his 
investigations on the partition of the alloying elements to nickel steels, 
and has obtained further confirmation of his original composition 
hypothesis which appears plausible to us. We have probably overstepped 
the bounds of convention in naming the upper critical temperatures As 
rather than Aem. There are many alloy steels whose value of carbon 
content for eutectoid composition is unknown and thus the upper 
critical temperature cannot be properly designated as Aem or As accord- 
ing to present conventions; however, there are many problems of greater 
importance and we have no desire to make an issue of nomenclature at 
this time. With regard to Fig. 3, we do not feel that it is possible to 
predict the trend of the carbide line toward the upper critical temper- 
ature on the basis of the limited amount of data presented at these high 
temperatures. This is particularly true since there is a general tendency 
for all beginning curves to show marked curvature at these high temper- 
atures. 


As mentioned in the text, the completion of the transformation at 
high temperatures in Figs. 9 and 10 was probably aided by the direct 
precipitation of graphite. A considerable quantity of graphite was also 
present in the 10% nickel, 1.2% carbon steel resulting from the decom- 
position of carbide and possibly also by direct precipitation from the 
austenite. 








THE METALLOGRAPHY AND HEAT TREATMENT 
OF 8 TO 10% NICKEL STEEL 


By G. R. Bropuy Anp A. J. MILLER 


Abstract 


This paper describes the preliminary metallographic 
studies from which were developed a composition range 
and a heat treatment for a ferritic nickel steel intended for 
service at —320 °F. 

The studies included determinations of thermal ex- 
pansion characteristics, microstructural changes during 
heat treatment and notch bar impact tests of low carbon 
steels containing from 3 to 15% nickel. 

The final composition arrived at as the most econom- 
ical for the purpose ts: Carbon 0.12% max., manganese 
0.35 to 1.00%, silicon 0.15 to 0.30%, sulphur 0.04% max., 
phosphorus 0.04% max., nickel 8.0 to 10.0%. 

Optimum properties are developed by double normal- 
izing followed by reheating to a temperature within the 
range between the true and conventional Ac, temperatures 
to convert carbides to high carbon, nickel austenite. 


T is a characteristic of ferritic steels to lose toughness as the 
temperature is decreased. The embrittlement occurs, usually, 
rather abruptly, over a more or less narrow temperature range which 
may be above or below room temperature depending upon such 
factors as composition, grain size, deoxidation, and heat treatment. 
These factors have been dealt with in detail in a number of previous 
investigations (1),’ but in most cases the scopes of the investigations 
have been limited to moderately low alloy contents and to tempera- 
tures above —200 °F (—129 °C). 

The results of these investigations have shown nickel to be out- 
standing among the commonly used alloying elements as a toughener 
of ferritic steels at low temperatures. It lowers the temperature 
range of brittle behavior and reduces the degree of brittleness in that 


1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. The authors, G. R. Brophy and 
A. J. Miller, are metallurgists, Research Laboratory, The International Nickel 
Co., Inc., Bayonne, N..J. Manuscript received March 10, 1948. 
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range. But, to obtain the full effect, the steel must be properly 
melted and finished with sufficient aluminum to insure not only a 
fine grain size but a residual content (2); the carbon content should 
be low in nonquenched steels and heat treatments should provide 
structural uniformity, fine grain size, and stress relief; finally, the 
nickel content should be adequate for the intended service tem- 
perature. 

Until recently, the requirements for low temperature service 
have been met with the previously developed ferritic nickel steels, 
but now commercial needs have been extended to —320°F 
(—196 °C), a range of temperature heretofore closed to those steels 
because it is usually below their transition temperatures and there 
is likelihood of excessive loss of toughness. The effectiveness of 
nickel in lowering the temperature range of brittle behavior stimu- 
lated the study of the behavior at low temperature of ferritic steels 
with nickel contents above the usual range. This study led to the 
development of a steel (3), and a heat treatment for it, which ade- 
quately meets the requirements for impact values usually set by 
engineers for low temperature service. 

The. steel composition range is as follows: 


% C % Mn % Si %S %P % Ni 
0.12 max 0.35/1.00 0.15/0.30 0.04 max. 0.04 max. 8.0/10.0 


While an excellent combination of properties at temperatures from 
normal to —320°F (—196 °C) was shown to be developed in this 
steel by simple normalizing treatments, its optimum properties and 
particularly its quality at low temperatures were reported to be de- 
veloped fully only after a subsequent, unorthodox treatment which 
consists of reheating the preconditioned steel to within a limited 
temperature range between its true and conventional Ac, tempera- 
tures. During this treatment the carbides present in the structure 
after normalizing, and which are conducive to lowered toughness, 
are converted to an austenite which, by virtue of its high carbon and 
nickel contents, is stable at low temperatures. 

The present paper deals with the development of this heat 
treatment through a metallographic study of low carbon steels con- 
taining from 3 to 15% nickel, and a detailed study of the 8 to 10% 
nickel range which was found (3) to be the most economical content 


for the development of superior mechanical properties at —320 °F 
(—196 °C). 








ce 
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PROCEDURE 


The exploratory work, initiated in the International Nickel Co.’s 
Research Laboratory in August 1944, was accomplished on small 
high frequency furnace melts of steel thoroughly deoxidized with 
aluminum. The steels were forged to bars of 5% to 1-inch sections. 

A dilatometric study was conducted on the steel compositions 
listed in Table I. This comprised a determination of the conven- 
tional critical temperature on heating and the transformation tem- 
peratures on cooling and formed the basis for heat treatments. For 
this study specimens %-inch diameter and 4 inches long were used. 
These were heated in the dilatometer at a rate of 250 °F per hour 
to a temperature above the Ac, temperature for each steel and were 
cooled at a rate of 75 °F per minute to simulate the cooling rate of 
moderate steel sections during normalizing. The cooling was accom- 
plished by removing the dilatometer and specimen from the furnace 
and cooling in an uninsulated sheet metal container. Other dila- 
tometer experiments were conducted at elevated temperatures at the 
same rates of heating and cooling, and at subzero temperatures by 
immersing the specimen and dilatometer in refrigerated baths or in 
liquid nitrogen. 

For all dilatometric measurements, the specimens were given 
a preliminary normalizing at 1650°F (900°C) for a degree of 
homogenization. This was followed by austenitizing at about 100 °F 


above the respective Ac, temperatures for grain refinement and, then, 
furnace cooling. | 


Table I 
Compositions of Steels 





1 —- Composition - - 
Steel : Mn Si Ni 
16768 0.11 0.48 0.24 3.04 
15996 0.09 0.36 0.13 3.77 
16769 0.12 0.48 0.22 4.92 
15997 0.09 0.37 0.13 5.00 
16770 0.10 0.46 0.21 6.68 
16127 0.08 0.50 0.17 7.01 
16370 0.10 0.48 0.19 7.42 
16371 0.09 0.35 0.13 7.93 
16128 0.09 0.49 0.15 8.5 
L65* 0.10 0.75 eS 0.16 Cu 8.6 
16129 0.10 0.38 0.12 10.05 
16658 0.10 0.50 0.20 11.00 
16373 0.08 0.44 0.17 12.92 
16671 0.10 0.50 0.20 15.00 





*Commercial steel. 
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Some mechanical property tests were made, consisting primarily 
of hardness measurements and standard keyhole notch bar impact 
tests at normal temperatures and at —320°F (—196°C). The 
limiting temperatures were used since the interest was greatest in 
the embrittlement resulting from that temperature change. The 
temperature for tests at —320°F (—196°C) was obtained by im- 
mersing the specimens directly in liquid nitrogen. 
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Fig. 1—Dilation Curve of 5% Nickel Steel. 


RESULTS 


Influence of Nickel on Heating Transformation Temperatures 


The fully annealed steels of Table I were subjected to dilation 
tests and the heating curves constructed. The curves for the 5, 8%, 
and 15% nickel steels, only, are shown in Figs. 1, 2 and 3, but these 
will serve to illustrate the whole series. In each steel, the conven- 
tional Ac, point is marked by the temperature at which the rate of 
expansion becomes zero (4) while the conventional Ac, temperature 
is marked by the end of contraction. The temperature range be- 
tween is the accepted critical range in which austenite forms con- 
tinuously at relatively high rates to cause contraction. Beyond the 
conventional Ac, point, full austenitic expansion is approached only 
after considerable temperature interval during which the last traces 
of ferrite are absorbed. The temperature at which full austenitic 
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expansion is attained, therefore, marks the true Ac, temperature. 

Again, there is a temperature interval just below the conven- 
tional Ac, point for each steel during which the previously constant 
ferritic expansion rate decreases continuously with rising tempera- 
tures. Such a change of the ferritic expansion rate could result from 
one of three causes: namely, tempering of martensite, carbide pre- 
cipitation, or by austenite formation in quantities too small to do 
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Fig. 2—Dilation Curve of 8.5% Nickel Steel. 


more .than modify the predominant ferritic expansion. Since the 
deviation occurs in annealed steels and at a temperature where the 
carbides would tend to dissolve, it is improbable either that mar- 
tensite is tempering or that carbides are precipitating. This leaves 
only the formation of austenite as the probable cause of the negative 
deviations found. 

The temperature at which this deviation is first detected, for the 
rate of heating used, occurs at lower temperatures as the nickel 
content is increased. These temperatures, together with the con- 
ventional Ac, and the true Ac, temperatures, for the several nickel 
contents are listed in Table II and are shown in Fig. 4 as functions 
of the nickel content. The modifications of the ferritic expansion 
rates were observed -at about 50°F below the conventional Ac, 
temperature for the nickel contents up to about 7% and at about 
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150 °F below for nickel contents from 8 to 15%. 
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Fig. 3——Dilation Curve of 15% Nickel Steel. 
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In these com- 
position ranges the conventional Ac, temperatures and the tempera- 
tures of deviation are reduced approximately 22 °F for each per cent 
increase of nickel. The range between 7 and 8% nickel is critical 
in that the point of deviation is reduced abruptly. 


The Influence of Nickel on Cooling Transformation 


After fully austenitizing above the Ac, temperatures and cooling 
at the rate of 75 degrees per minute the cooling curves were con- 
structed. Those for the 5, 814 and 15% nickel steels are given in 
The coefficient of contraction for 


Figs. 1, 2 and 3 as examples. 





Table Il 


Critical Temperature Data on Heating and 


3 to 15% Nickel 


7————Ac, °F ———_, 


Conven- Acz 
Steel True tional °F 
3.04 Ni 1280 1320 1485 
4.92 Ni 1220 1270 1410 
7.01 Ni 1180 1230 1350 
7.42 Ni 1160 1215 1355 
7.93 Ni 1110 1210 1340 
8.5 Ni 1025 1190 1350 
11.0 Ni 960 1140 1270 
15.0 Ni 900 1055 


Ar’ 
°F 
1230 
1097 
950 
970 
920 


Cooling Steels of 0.10% Carbon and 


Ar 7 
°F 
690 
650 
580 
480 
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austenite is higher than the coefficient of expansion for ferrite. For 
the 814% nickel steel, these are, respectively, 11.5 10° and 
6.6 & 10°. 

The temperatures of transformation on cooling for the complete 
series of steel are given in Table II. They occur at a relatively high 
temperature for the lower. nickel steels and decrease continuously 
with increasing nickel to about 8% where, again, an abrupt drop 
occurs. For the higher nickel steels, the transformation is at low 





Temperature °F 


Cooling Rate, 75°F/Min. 
| 0.10% C Steels 


O + 8 l2 16 
Nickel % 





Fig. 4—-The Influence of Nickel on 
Transformation Temperatures. 


temperatures and essentially to martensite. ‘These are summarized 
graphically in Fig. 4 where, it is seen, the abrupt drop in the true 
Ac, temperature at 8% nickel is associated with the abruptly in- 
creased austenite stability on cooling. Both discontinuities are im- 
portantly associated with the improved low temperature properties 
of the normalized, low carbon steels of 8 to 15% nickel and par- 
ticularly to their further improvement and peculiar response to re- 


heating to just above the temperature of deviation but below the 
conventional Ac, temperature. 


Interpretation of the Change at the Temperature of Deviation 


Zavarin (5) presented strong evidence for the formation of 
austenite in 314% nickel steels at temperatures just below the con- 
ventional Ac, point; and Bleakney and Grosvenor (6) reported a 
deviation from the ferritic expansion rate in 342% nickel steel, be- 
ginning at about 1000°F (540°C), which they attributed to the 








1192 TRANSACTIONS OF THE A. S. M. Vol. 41 


beginning of a three-phase equilibrium between ferrite, carbide and 
austenite. These support the probability of austenite formation as 
the cause of the expansion deviation noted. 

If austenite forms in the temperature range of expansion de- 
viation, it should be possible to demonstrate its formation and pres- 
ence with dilatometric measurements because austenite formation 
is accompanied by shrinkage, the amount of which is dependent upon 
the amount formed. Having formed, it should increase the coefficient 
of contraction of the steel before transformation on cooling. Also, 
the carbon content of the austenite should depend upon the tempera- 
ture of formation within the critical range and should, therefore, in- 
fluence the temperature of transformation on cooling. 

A detailed study of these points was made on the commercial 
81% % nickel steel, L65 of Table I. Annealed specimens were heated 
in the dilatometer to each of a series of temperatures within the 
range 985 to 1450°F (530 to 790°C) which includes the entire 
critical range (see Table II), held at temperature for two hours and 
then air-cooled. The following characteristics were determined: 

a. the ferritic coefficient on heating; 

b. the contraction which occurred while the specimen was held 

at constant temperature ; 

c. the coefficient of contraction measured before transformation, 
from which was calculated the amount of austenite formed at 
temperature, on the assumption that the increase would be 
proportional to the amount formed ;* and 

d. the temperature of transformation, if any, on cooling. 


The data so obtained are given in Table III and are shown 
graphically in Figs. 5a to 5d. 

The specimens heated to and held two hours at 985 and 1025 °F 
(530 and 550 °C) did not contract measurably at temperature. There- 
fore, it is probable that little or no austenite formed. When, however, 
the steel was heated to 1075°F (580°C) or to 1125°F (605°C), 
a small but definite contraction did occur with time, and it was found 
that as the heating temperature increased, the contraction increased 
to a sharp maximum at 1225°F (665°C), Fig. 5a, beyond which 
it was reduced rapidly by the large amount of contraction which 





*the equation for calculating the austenite content is: 
6.6(1 — X) + 11.5X = coefficient of specimen 

where X = amount of austenite 

6.6 X 10° = coefficient of ferrite 

and 11.5 X 10° = coefficient of austenite 
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occurred previously during heating through the lower temperatures 
of the critical range. It is concluded that austenite begins to form 
in appreciable quantities, then, at some temperature between 1025 


and 1075 °F (550 and 580 °C). 
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Fig. 5—Graphical Summary of Transformation Character- 
istics of 8.5% Nickel Steel. 


The coefficients of contraction of the specimens heated at 985 °F 
(530 °C) and at 1025 °F (555 °C) were found to be the same as the 
coefficients on heating. Those for the specimens heated at 1075 and 


Table Ill 





Dilation Characteristics of Annealed 84% Nickel Steel Reheated-to 985 to 1450 °F 
Shrinkage Martensite 
Heating Inch /Inch Expans. Coeff. % Austenite 
Temp. °F Time at Temp. Temp. °F Contraction Calculated 
985 2 hrs. Not observed Not observed? 6.6 X 10-6 0 

1025 2 hrs. Not observed Not observed? 6.6 0 
1075 2 hrs. 0.0003 Not observed? 7.5 18 
1125 2 hrs. 0.00035 Not observed? 7.4 16 
1150 a tn ee 150 on Sa 
1185 2 hrs. 0.00102 340 8.0 28 
1225 2 hrs. 0.00160 400 8.2 ee 
1260 2 hrs. 0.00040! 475 8.9 47 
1450 eee... + sek een ha 650 11.5 100 


‘Full shrinkage attained in 45 minutes. All others still shrinking at 2 hours. 
2Cooled to —390 °F. 
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1125°F (580 and 610°C) increased to 7.5 and 7.4 x 10° and 
higher heating temperatures yielded larger coefficients of contraction 
until the austenitic coefficient of 11.5 was attained at and above the 
Ac, temperature as shown in Table III and Fig. 5b. The changes in 
coefficient on cooling indicate, again, the first formation of austenite 
between 1025 and 1075 °F (555 and 580°C). 

The amounts of austenite calculated from the changed cooling 
coefficients were 18 and 16% for the 1075 and 1125°F (580 and 
610 °C) specimens but increased with increased heating temperature, 
at first slowly and then more rapidly, to reach 100% at and above the 
Ac, temperature. 

Fig. 5c indicates the probable development of an appreciable 
austenite content upon heating to just above 1025 °F (555 °C). 

No transformation occurred upon cooling any of the specimens 
heated at 985, 1025, 1075 or 1125°F (530, 555, 580 or 610°C), 
even when cooled to —320°F (—196°C). Taken alone, this might 
indicate the absence of austenite, but it has been shown by the other 
evidence that austenite did form at the two higher temperatures. 
Martensite expansion on cooling was first noticed to occur at 150 °F 
in the specimen air-cooled from 1150°F (620°C) and, as the heat- 
ing temperature was increased further, the martensitic expansion 
commenced at higher temperatures, Fig. 5d, thus reflecting a decrease 
in the carbon content of the austenite through dilution with ferrite. 
The austenites formed at 1075 and 1125 °F (580 and 610°C) must, 
therefore, be of high carbon content which, with the high nickel, 
stabilizes them even to —320°F (—196 °C). 

The facts presented establish the temperature of deviation as 
the practical beginning of the Ac, transformation. Austenite evi- 
dently begins to form there in small but effective quantities and in- 
creases slowly with temperature up to the conventional Ac, tempera- 
ture where the carbides are completely converted to austenite. The 
amounts are so small that their formation exerts but a small modify- 
ing effect upon the dominant ferritic expansion. At the conven- 
tional Ac, temperature, which marks the end of the Ac, range, ferrite 
is absorbed in the austenite thus increasing the rate of formation of 
austenite and causing the. familiar contraction upon continuous heat- 
ing through the critical range. The austenite formed in the Ac, 
range has, of necessity, a high carbon content and therefore is of 
increased stability. The carbon content, and therefore the austenite 
stability, decreases with higher temperatures of austenite formation. 
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At and above the Ac,, the carbon content of the austenite is that of 
the steel and the austenite stability then is at a minimum. 


X-Ray DIFFRACTION MEASUREMENTS 


In support of the interpretation of the dilatometric data, a few 
quantitative X-ray diffraction measurements were made* on speci 
mens of 814% nickel steel variously treated. The treatments and 
measurements are as follows: 


Normalized 1650 to 1450 °F—no reheating 10% Austenite 
Normalized 1650 to 1450 + 800 °F—reheat 1 hour 5% Austenite 
Normalized 1650 to 1450 + 1050 °F—reheat 1 hour 12% Austenite 


Normalized 1650 to 1450 + 1050 + 800 °F—reheat 1 hour 15% Austenite 


Obviously, the austenite remaining after the 1450 °F normaliz- 
ing treatment is quite unstable, for half of it was decomposed during 
1 hour heating at 800°F (425°C) and longer heating possibly 
would have decomposed the balance. On the other hand, the 12% 
formed at 1050 °F (565 °C) is highly stable, because upon reheating 
at 800 °F* the amount was not decreased, but instead, 15% was 
measured. It is hardly possible that this second reheating to 800 °F 
has actually formed more austenite, so the two results, 12 and 15%, 
may be accepted as check determinations. This amount agrees, 
within expectance (see Fig. 5c), with the 18% austenite calculated 
from the coefficient of the specimen heated to the higher temperature 
of 1075°F (Table III) where slightly more austenite should be 
formed. This agreement is excellent in view of the limit of error 
for quantitative measurement of each method. 


Notcu Impact TEsTs 


The practical aspects of these changes in austenite composition 
on the notch impact resistance of 8'12% nickel steel are shown in 
Table IV and Fig. 6. 

In the normalized condition there is a content of austenite which 
is unstable and upon reheating up to 800°F transforms with an 
attendant embrittlement which is revealed only by the more sensitive 





“Through the courtesy of Dr. Kent R. Van Horn, manager, Research Laboratory, 
Aluminum Co. of America, Cleveland, Ohio. 


_ 8During the X-ray measurements, it was noticed that a considerable amount of stress 
relief had been accomplished by the final reheating to 800 °F after double normalizing and 
reheating to 1050 °F. 
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Table IV 
Influence of Reheating Normalized Commercial 84% Nickel Steel, Heat L65 (Table 1) 
Reheat Temp. Ft. Lbs. Keyhole Notch 

°F Re +70°F —320°F 
No reheat 35 33-35 20-21 
600 35 31-38 8- 7 
800 29 32-34 6- 6 

900 Bec: ASS 17-20-21 

950 |. a etiee meas 24-25-27 
1000 23 52-49 18-36 
1050 22 51-49 29-26 
1100 22 51-399 30-30 
1150 23 62-52 9-12 
1200 33 84-33 15-13 
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Fig. 6—The Notch Impact Resistance and Hardness 
of Normalized and Reheated 8.5% Nickel Steel. 


low temperature tests. Upon further reheating the steel softens 
and the notch impact resistances at both normal temperature and at 
—320 °F (—196°C) increase sharply but attain maximum values 
when the steel has been reheated to within the Ac, temperature range 
where the hardness is at a minimum and where stable austenite is 
formed. When the moderately high carbon unstable austenite forms, 
the impact resistances fall precipitously to low values particularly 
at the low testing temperatures, because of the relatively high carbon 
content martensite formed on cooling. As the austenite is further 
diluted with respect to carbon, the martensite subsequently formed 
becomes tougher and the impact values again rise to equal, finally, 
the normalized values. 


wo 
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Table V 


Influence of Reheating Temperature on Charpy Notch Resistances, Double Normalized 
Steels, Room Temperature and —320 °F 

















B.H.N. Charpy Keyhole 
Steel Reheating Before After _— —Ft.-Lbs. 
% Ni Temp. °F Test —320° RT. —320° 
3.04 1250 126 126 6414 4\% 
1275 116 116 66 3 
1300* 116 116 67 3 
S38 1250* 124 124 61 3 
4.92 1185 130 128 65 6 
1200 138 jes 60 6 
1225* 135 136 63 8-3 
1250 150 156 66 8 
6.68 1150 226 231 45 6 
1175* 168 178 58 12 
1200 187 203 44 15-9 
8.5 1000 241 240 52 18-36 
1050* 235 235 50 27 
1100 235 235 55 30 
10.05 975 227 227 47 34 
990* 217 217 ‘ite 44 
1035 212 odin is 40 
11.00 985* 235 235 se 38 
1010 249 259 ne 38 
12.92 925* 273 273 44 35 
975 255 255 Mi 37 
1000 248 cba ia 31 
15.00 885 277 277 % 36 
910* 269 269 Aa. 37 
950 248 269 43 30 


*At or just above the true Ac, temperature from Fig. 2. 
Values are averages of two tests except where disagreement occurred. 


Below about 7% nickel, the austenite formed at any temperature 
is comparatively unstable upon cooling and, therefore, the properties 
of these steels do not respond to reheating to just above their true 
Ac, temperatures as does the 814% nickel steel. At higher nickel 
contents, all austenites become more stable, so that the effectiveness 
and importance of reheating to just above the true Ac, is reduced. 
The data of Table V illustrate this and demonstrate that the steels 
between 8 and 10% nickel not only are most responsive to the heat 
treatment but develop maximum low temperature notch impact 
resistance. 


MICROSTRUCTURES 


A series of photomicrographs of heat treated structures of the 
commercial 814% nickel steel are shown in Fig. 7. These are typical 
of the composition range of greatest interest. 

Fig. 7a represents the normalized structure which consists sub- 
stantially of martensite and ferrite with, of course, some austenite. 
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Fig. 7—Structures of 8.5% Nickel Steel (L65). X 1000. a. Normalized 1650 and 
1450 °F. Structure composed substantially of martensite and ferrite. Hardness—BHN 
330. Charpy at —320 °F—20 ft-lb. b. Normalized 1650 and 1450 °F. Reheated 900 °F. 
Structure composed substantially of ferrite and carbide. Hardness—BHN 260. Charpy 
at —320 °F—20 ft-lb. c. Normalized 1650 and 1450°F. Reheated 1050 °F. Structure 
composed substantially of ferrite and austenite (and onstie). Hardness—BHN 235. 
Charpy at —320 °F—27 ft-lb. d. Normalized 1650 and 1450°F. Reheated 1100 °F. 
Structure substantially ferrite and austenite. Hardness—BHN 235. Charpy at —320 °F 
—30 ft-lb. e. Normalized 1650 and 1450°F. Reheated 1150 °F. Structure substantially 
ferrite and martensite (and austenite). Hardness—BHN 240. Charpy at —320 °F— 
10 ft-lb. Etchant for all photomicrographs was picral. 
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More rapid cooling produces larger amounts of martensite at the 
expense of ferrite while slower cooling induces the reverse. 

The structure shown in Fig. 7b is typical of the normalized steel 
tempered at temperatures somewhat below the practical Ac,. The 
pre-existing martensite has been broken down completely to ferrite 
and carbide and the structure consists essentially of these constitu- 
ents. When the reheating temperature slightly exceeds the true Ac, 
temperature most of the carbides are converted to stable austenite 
and the resulting structure becomes that shown in Fig. 7c, which 
consists of ferrite, austenite, and any remaining carbides. In this 
condition the low temperature notch impact resistance approaches 
the maximum. In this steel it is only after reheating to 1100 °F 
that the last traces of carbide are converted to stable austenite so 
that the final structure consists wholly of austenitic islands in a 
matrix of ferrite, as shown in Fig. 7d. This is the optimum struc- 
ture for maximum low temperature notch toughness. 

The structure of the steel after heating at 1150 °F consists of 
ferrite, austenite and martensite, as shown in Fig. Ze. The appear- 
ance of martensite is due to the fact that at this reheating tempera- 
ture ausenite is increased in amount over that which forms at 
1100 °F (595 °C) through the absorption of ferrite. This dilution 
decreases the stability of the austenite and permits its partial decom- 
position to martensite on cooling, with resulting low temperature 
embrittlement. With still higher reheating temperatures this effect 
becomes more pronounced ; the amount of martensite increases, and 
the structures approach those of the original normalized steel of 
Fig. Za. 

The higher nickel contents, to at least 15%, respond, struc- 
turally, in a similar manner upon reheating, but, of course, at tem- 
peratures which are dependent upon the nickel content, and with 
increased austenite stability. 


SUMMARY AND CONCLUSIONS 


The ferrite to austenite transformation has been shown to occur 
in nickel steels at temperatures well below the conventional Ac, 
temperatures. These temperatures have been termed the true Ac, 
temperatures and probably mark the practical beginning of a three- 
phase equilibrium between ferrite, carbide and austenite. This 
temperature interval is narrow for steels containing up to about 7% 
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Table VI 
Mechanical Properties of 82% Nickel Steel, Double Normalized and Reheated 


0.10% C, 0.75% Mn, 8.63% Ni, 0.23 Si 
Charpy Ft.-Lbs. 


Tensile Yield % % ~~—-Keyhole—— 
Reheating Strength Point Elong. Red. of Room 
Temp. °F Lbs. /Sq. In. Lbs. /Sq. In. 2 Inches Area Temp. —320° 
None 168,000 108,000 17 58 31-38 17-20 
600 158,000 121,000 17 60 32-38 6- 8 
800 130,000 117,000 20 62 32-34 6 
1050 115,000 104,000 26 65 49-51 26-29 
1150 132,000 71,000 26 63 52-62 9-12 
1050 re- 
ee Ya ale 


nickel but widens more or less abruptly at about 8% nickel. In this 
critical nickel content range the stability of austenite is abruptly in- 
creased. This is true not only of the austenite formed above the Ac, 
temperatures of these steels but particularly of the austenite formed 
in the lower portion of the Ac, range of temperature which is so 
stable that the steels may be cooled to —320°F (—196°C) essen- 
tially without transformation. The stability arises from the fact that 
the high nickel austenite thus formed is of high carbon content. 

The low temperature notch impact resistance of these steels 
treated to confine the carbides to solution in stable austenite is 
attractively improved. The improvement approaches a maximum 
with nickel contents between 8 and 10%, and no advantages com- 
mensurate with the added cost are obtained by exceeding this range. 

The condition previous to the final treatment is of importance 
and for best low temperature results the steel should be fine-grained 
and the carbides have the maximum dispersion which results from 
liquid quenching from just above the Ac, temperature. For mod- 
erate sections, however, air cooling yields fully satisfactory results, 
particularly as the nickel content is increased above 8%. Even fully 
annealed steels are improved to a useful degree by the conversion 
of carbides to stable austenite but they suffer in comparison with 
more rapidly cooled steels because of-the lack of dispersion. 

The carbon content of the stable austenite formed in the final 
treatment can vary to a limited extent and is dependent upon the 
temperature of formation since a three-phase equilibrium is involved ; 
it is quite independent of the carbon content of the steel, which pri- 
marily controls only the amount of austenite formed. It has been 
shown in the previous publication that the low temperature impact 
resistance of these steels improves with decreasing carbon and, there- 








1949 DISCUSSION—8 TO 10% NICKEL STEELS 1201 


fore, with decreasing austenite, which indicates that the nickel ferrite 
is tougher than the stable, nickel austenite ; and, in turn, the austenite 
is tougher than the carbide from which it forms. The importance 
of reheating, to form the stable austenite, therefore, is reduced as 
the carbon content is lowered but does not disappear even at the 
lowest practical carbon limit. Conversely, the importance of this 
treatment increases at higher carbon contents. 

While, under some circumstances, higher nickel contents may 
be advantageous, the steels within the composition range given have 
attractive mechanical properties. Table VI shows representative 
properties of an 814% nickel steel double normalized and variously 
reheated. The optimum combination of tensile and notch impact 
resistance is developed by reheating to 1050 to 1075°F (565 to 
580 °C), and it appears to be advantageous to reheat finally to 800 


to 900 °F (425 to 485°C) for stress relief. The preferred treat- 
ment is: 


Normalize 1650 °F (900 °C) 

Renormalize 1450 °F (790 °C) 

Reheat 1050 to 1075 °F (565 to 580°C) and finally 
reheat to 800 to 900 °F (425 to 485 °C) for stress relief. 
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DISCUSSION 


Written Discussion: B. W. F. Hodges, Works Laboratory, General 
Electric Co., Schenectady, N. Y. 


We have read with interest the excellent paper by Messrs. Brophy 
and Miller. 


Dilation curves, metallographic studies, and mechanical tests, includ- 








1202 TRANSACTIONS OF THE A. S. M. Vol. 41 


ing impact tests at —300°F, have been made in our laboratory. Results 
obtained agree very closely with those reported by the authors. 

We concur with the authors in their conclusion that the ferrite-to- 
austenite transformation, in nickel steels, begins to occur well below the 
conventional Ac, temperature and that the stable austenite thus formed 
is responsible for the comparatively high notch-toughness at extremely 
low temperatures. 

In view of the increasing interest in steels for applications that in- 
volve shock loading at temperatures as low as —300°F, this paper is 
timely and should be welcomed by those responsible for the selection of 
metals for low temperature service. 


Written Discussion: By O. O. Miller, Research Laboratory, United 
States Steel Corp., Kearny, N. J. 

This is an excellent paper on a series of nickel steels which, because 
of their well-known extreme sluggishness, especially at higher nickel 
compositions, require unusually painstaking experimental work and great 
care in interpreting the results. We have recently been investigating a 
9% nickel steel containing 0.10% carbon and, though I shall not present 
our results in any detail, a few remarks comparing some of them with 
this paper may be of interest. 

Our work indicates: (a) an Ae; temperature range from 850 to 1115 °F 
(455 to 600 °C); this is a 3-phase region with ferrite, carbide, and austenite 
in equilibrium and (b) an Ae; temperature of 13800°F (705°C). These 
data indicate that at or near equilibrium, the first austenite forms about 
175 °F (100°C) below the “true” Ac; temperature in Fig. 4. This illus- 
trates the extreme sluggishness of these steels, inasmuch as a slow heat- 
ing rate of 250°F (140°C) per hour was employed by the authors in 
determining Ac; and Acs. 

Our curve for percentage of austenite, at or near equilibrium and 
determined by microscopic and X-ray measurements, is to the left of the 
one in Fig. 5c, as would be expected. Otherwise the two curves are simi- 
lar with the exception that the amount of austenite, reported in Fig. 5c 
as formed in a 2-hour heating period at 1050°F (565°C), is probably 
the sum of that retained in the annealed specimens used by the authors 
and that. forming in 2 hours at 1050 °F (565°C). We have made two ob- 
servations in support of this hypothesis: (a) After a slow cool, such as 
50°F per hour, from austenitizing temperature about 10% austenite is 
retained to room temperature and much of this is retained on reheating 
at a moderate or rapid rate to 1050°F (565°C) and (b) there is a maxi- 
mum increase of 3 to 5% austenite during’2 hours at 1050°F (565°C). 

Though the value of 650°F (345°C) for the M, temperature, in 
Table III and Fig. 3, is 30°F lower than we obtained by the microscopic 
method, the agreement is good considering that the first traces of mar- 
tensite can be detected by the microscopic method, whereas this is prac- 
tically impossible by dilatometric measurements. 

X-ray measurements, made by them and by us, show that austenite 
retained in normalized 8.5 or 9% nickel steel partly transforms on heating 
to 800°F (425°C) for a few hours; however, we do not wholeheartedly 


eis eae 


1949 DISCUSSION—8 TO 10% NICKEL STEELS 1203 


support the authors’ theory that this transformation is the cause of the 
observed embrittlement. Is it not possible that temper brittleness may 
be involved? Regardless of the cause, the material responsible for the 
brittleness apparently goes into solution, or is otherwise rendered inef- 
fective, when the steel is heated into the Ae, temperature range; this 
suggests, but does not prove, that iron carbide may be involved. 
There are five questions which I would like to ask the authors: 
1. What were cooling rate and percentage of retained austenite of 
the annealed 8.5% nickel steel used for dilatometric work? 
2. What was the size of the normalized specimens austenitized and 
air-cooled in X-ray diffraction measurements? 
3. What was the length of reheating of specimens used for Table V 
and Fig. 7? 
4. What length of reheating is suggested for the recommendations 
at end of Summary and Conclusions? 


Authors’ Reply 


We wish to thank Messrs. Hodges and Miller for their kind remarks. 

Mr. Hodges evidently has confirmed, in a practical manner, the im- 
portant points of our paper pertaining to the heat treatment, structure 
and low temperature properties of a commercial 8 to 10% nickel steel. 
This is gratifying. 

Mr. Miller’s more detailed, fundamental study also has confirmed 
our results, at least qualitatively. The difference between our designated 
“true Ac,” temperature and his is recognized but, as emphasized in the 
paper, the point of deviation marks the practical beginning of the Ac; 
temperature range. The term “true Ac,” temperature probably should 
be withdrawn. 

The cooling rate used for annealing the 8.5% nickel steel used for the 
dilatometric specimens was 40°F per hour. We have not determined the 
amount of austenite retained in the annealed steel but this may be, as 
Mr. Miller states, about 10%. 

Temper brittleness may be involved in the embrittlement rated in the 
low temperature tests of the normalized steels reheated to 800°F. This 
explanation seems to fit the facts equally as well as the one given in the 
paper. 

The X-ray diffraction specimens were taken from Charpy bars cut 
from normalized %-inch square bars. 

The data for Table V and the photomicrographs of Fig. 7 were ob- 
tained from: specimens reheated for 2 hours. Reheating for at least this 
length of time is recommended. 








A DIFFUSION METHOD FOR DETERMINING THE 
AUSTENITIC GRAIN SIZE OF STEEL 


By Eart J. EcKEL AND STAN J. PAPROCKI 


Abstract 


This paper describes a method for determining the 
austenitic grain size in steel by diffusing bronze tnter- 
granularly into steel at the austenitizing temperature. A 
regular metallographic polish followed by a 4% picral etch 
develops a clear, high contrast microstructure which may 
be easily evaluated and photographed. The austenitic 
grain sizes obtained check well with those developed by 
other methods. 


INTRODUCTION 


HE austenitic grain size of steel has been recognized as one 

of the important factors determining the properties of. steel. 
In a majority of steels austenite decomposes for the most part above 
room temperature and the importance of the austenitic grain size is 
associated with the inheritance effects exhibited by the transformation 
products. 

Inasmuch as it is desirable to study and measure the austenitic 
grain size at room temperature, some indirect means is required to 
delineate the grain boundaries. A number of methods have been 
proposed and used for this purpose. Hawkes* has recently reviewed 
most of the methods in regard to their use for measuring the austen- 
itic grain size of cast steel. For details his paper should be consulted. 
Suffice to say, Hawkes concluded that the martensitic etch method 
was the most promising. 

Experience in our own laboratories supports Hawkes’ results 
for we too have found the martensitic etch very helpful when other 





1M. F. Hawkes, “‘Austenite Grain Size in Cast Steel,’’ American Institute of Mining 
and Metallurgical Engineers, June 1947, T.P. 2170. 
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methods have failed. However, anyone who has used the marten- 
sitic etch method realizes that this method often leaves much to be 
desired because of the lack of clarity. Usually a rather large per- 
centage of the grain boundaries are not distinct. This is not very 
important if the grain size is uniform but may lead to errors if there 
is a mixed grain size. Frequently the grain outlines appear clearer 
under a microscope than in a photomicrograph. 

It occurred to us during an investigation using electroplated 
copper for protection of steel specimens during austenitizing that 
the well-known intergranular diffusion characteristics of copper 
might be utilized for determining the austenitic grain size of steel. 


This investigation was made to exploit some of the possibilities of 
this idea. 


EXPERIMENTAL PROCEDURES 


Tests were first made by electroplating steel specimens with 
copper, packing in charcoal, heating for the desired time at the 
austenitizing temperature, and quenching. A metallographic polish 
followed by a picral etch brought out a grain size which was much 
smaller than that obtained when other grain size measurement 
methods were used. It was soon evident that a considerable amount 
of copper diffused intergranularly before the final austenitic grain 
size was established and that the copper had inhibited further grain 
growth. By polishing to a greater depth a grain size closer to the 
true grain size was obtained but this procedure was limited by the 
depth of the copper diffusion. 

It was then apparent that the method should involve two steps, 
one to set up the austenitic grain size, and the other to carry out the 
diffusion. Finding a medium in which to heat the specimens that 
would not lead to an inhibiting action near the surface proved to be 
very difficult. 

A previous investigation revealed that a certain lot of SAE 2340 
steel was highly susceptible to grain growth inhibition when heated 
in air or charcoal. This steel was used in the search for a satis- 
factory method of protecting the steel specimens during austenitizing. 
The inhibiting effect was exaggerated by double normalizing. During 
the first heating some growth took place before the inhibiting action 
became fully effective and therefore was not as pronounced as after 
the second heating: 


Protection methods such as lead pots, and solid carbonaceous 
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packing mediums that may be considered satisfactory for ordinary 
heat treating operations proved to be inadequate. 

Satisfactory protection was finally obtained by first grinding 
one surface of each of two small specimens with 3-grit emery paper, 
and soldering the surfaces with tin. Then with both specimens 
heated above the melting point of tin, the tinned surfaces were 
brought together, making a sandwich. The purpose of the sandwich 
was to obtain the protection associated with tin and at the same time 
limit the quantity of tin in contact with the steel. This is necessary 
because of the rapid solution of iron in tin at high temperatures. 
The limited amount of tin in the sandwich seemed to form a thin 
layer of iron-tin compounds that was relatively inactive. Heating 
times as long as 10 hours at 1800 °F (980°C) brought no appre- 
ciable change in the iron-tin layer. Excessive scaling was prevented 
by placing the metal sandwich in a small pot and covering it with 
charcoal. 

The effectiveness of the tin as a protective medium is illustrated 
by Figs. 1 and 2. Fig. 1 shows an unprotected surface and Fig. 2 
the protected surfaces of the metal sandwich of the SAE 2340 steel 
after double normalizing with an austenitizing temperature of 1800 °F 
(980 °C). Both the depth and degree of the surface change are very 
pronounced in Fig. 1, while no appreciable surface effect is notice- 
able in Fig. 2. 

The diffusion step as it was finally developed consisted of first 
placing (in the furnace that was being used to austenitize the steel 
specimens) a small copper plate (3% inch thick) which was heavily 
coated with tin (35 inch thick) on the top side. The tin was applied 
with a soldering iron. After 8 minutes in the furnace which was 
more than enough time for the copper to reach the furnace temper- 
ature, approximately 44 ml. of a mixture of powdered phosphor 
copper (15% phosphorus) and brazing flux* was poured on the 
tinned copper plate. The ratio of the two ingredients did not appear 
to be critical but we usually used about 1 part of flux to 1 of 
phosphor copper. 

Two minutes were allowed for the flux and phosphor copper 
to reach furnace temperature and then the metal sandwich was taken 
from the charcoal and opened. This was done readily by grasping 
the top section of the sandwich with the tongs and pushing the bottom 





*The flux used was Brazo Flux for Bronze Welding, produced by Linde Air Products 
Company. 
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Fig. 1—Section Perpendicular to Top Surface of Metal 
Sandwich after Double Normalizing. Each heating was 1% 
hours in a furnace operating at 1800°F (980°C). The metal 
sandwich was heated in wood charcoal packing. The area shown 
adjoined the top surface of the metal sandwich which was not 
protected with tin. 2% Nital etch. x 50. 

Fig. 2—Same Section as Shown in Fig. 1 but Area Photo- 
graphed Is at the Center of the Metal Sandwich at Which the 
a Were Protected by a Layer of Tin. 2% Nital etch. 
xX 50. 


section off by rubbing it on the furnace hearth. The top section was 
then placed in the puddle of bronze that had formed on the copper 
plate. After allowing 30 minutes for intergranular diffusion of 
the bronze into the steel, the specimen was quenched in water. 

It might be wéll to mention at this time that the purpose of the 
addition of the flux to the tinned copper plate was to insure wetting 
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of the steel specimen by the bronze. The phosphor copper addition 
increased the depth of diffusion and lowered the melting range of 
the bronze so that the treatment could be carried out at a temperature 
as low as 1400 °F (760°C). 

The necessity of “fishing” for the metal sandwiches after they 
were austenitized in charcoal was eliminated by using small pots 
made of 2-inch pipe caps and 14-inch pipe couplings. The steel 
sandwich was placed on a 34-inch thick piece of steel in one cap, a 
coupling was placed over the metal sandwich and filled with charcoal, 
and then another cap was set on top of the coupling to reduce the 
burning rate of the charcoal. At the end of the austenitizing time 
the top cap and coupling were raised allowing the charcoal to fall, 
exposing the metal sandwich. Unless the sandwich is in view before 
it is grasped with the tongs there is danger that it will be inadvert- 
ently separated and an unprotected side of a specimen be placed in 
the molten bronze. 

The bronze layer adhering to the specimen after quenching was 
partially removed by grinding on 3-grit emery paper. This was 
easily accomplished because of the variation in the depth of the bronze 
attack on the specimen, and the warpage of the surface as a result of 
thermal and transformation stresses. Thus some areas were ground 
to just the right depth for a study of the layer of steel penetrated by 
bronze. 

Regular metallographic polishing with a 4 to 8-minute etch by 
immersion in picral (4%) completed the specimen preparation. 
Sharply outlined grains similar to a ferritic microstructure were 
obtained in some areas when the austenitizing temperature ranged 
from 1400 to 1650 °F (760 to 898°C). With higher temperatures 
the boundaries appeared somewhat thicker. The copper-tin rich 
areas at the prior austenitic grain boundaries were preferentially 
attacked by the etchant, leaving the martensite quite light. 

The diffusion method was then evaluated by developing the 
austenitic grain sizes in a number of steels at different austenitizing 
temperatures and checking the results against the grain sizes as 
determined by other methods. Good checks were obtained in all 
cases. 

Thus far no attempt has been made to use the diffusion method 
below 1400°F (760°C) or above 1800°F (980°C). Several 
unsuccessful attempts were made to austenitize at one temperature 
and diffuse the bronze at a lower temperature. For reasons unknown 


1949 AUSTENITE GRAIN SIZE 1209 





Figs. 3, 5, and 7—Microstructures Developed by Rocees. 2% Nital etch. X 100. 
1 


Figs. 4, 6, and 8—Microstructures Developed by ffusion Method. 2% Nital etch. x 100. 
Figs. 3 to 6 SAE#1040 Steel. Figs. 3 and 4 Austenitized at 1500°F. Figs. 5 
and 6 Austenitized at 1650 °F. 
Figs. 7 and 8 SAE 1137 Steel. Anustenitized at 1550 °F. 
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Figs. 9, 11, and 13—Microstructures Developed by Normalizing. 2% Nital was 
used for Figs. 9 and 11, and Boiling Sodium Picrate was used for aes 5. x 100. 


. — = 12, and 14—Microstructures Developed by the Diffusion Met 2% Nital 
etch. X + 

Figs. 9 to 12 SAE 2340 Steel. Figs. 9 and 10 Austenitized at 1650°F. Figs. 11 
and 12 Austenitized at 1800 °F. - : 

Figs. 13 and 14 1.4% Carbon Steel. Austenitized at 1800 °F. 
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Figs. 15 to _18—Microstructures Developed by Diffusion Method. 
Fig. 15 SAE 52100 Steel. Austenitized at 1550°F. x 150. 
Fig. 16 SAE 1085 Steel. Austenitized at 1400°F. X 100. 
Fig. 17 SAE 4140 Steel. Austenitized at 1550°F. X 100. 
Fig. 18 SAE 4615 Steel. Austenitized at 1800°F. X 100. 


to us the austenitic grain sizes developed tended to be erratic and 
smaller than when determined by other methods. 

The diffusion method was further checked by allowing students 
in our undergraduate heat treating laboratory course to use it. This 
not only gave us data on additional steels but also demonstrated the 
difficulties that might be expected if inexperienced personnel used the 
method. The most common error encountered in the student work 
involved confusing a structure developed in the bronze layer on the 
specimen with that showing the austenitic grain size. Once the 








1212 TRANSACTIONS OF THE A. S. M. Vol. 41 


correct microstructure was pointed out to the student, this gave no 
further trouble. 


RESULTS AND DISCUSSION OF RESULTS 


Figs. 3 to 14 illustrate results of the diffusion method as com- 
pared with the grain size developed by either ferrite or cementite 
rejection. The white area shown in Fig. 4 is bronze that was not 
removed during specimen preparation. Fig. 3 shows a transverse 
section of a specimen that was given the regular diffusion treatment 
and then air-cooled while in contact with the copper plate. The 
purpose of this section was to show any difference in grain size that 
might exist at the bronze interface. The grain size appears un- 
changed at the surface. 

Fig. 14 shows the very heavy bronze boundaries that were 
developed in the 1.4% carbon steel at 1800 °F (980°C). By grind- 
ing to a greater depth finer boundaries were obtained but they became 
incomplete before they were reduced to widths as narrow as those 
shown in Fig. 8. Although other compositions tended to give some- 
what finer boundaries at 1800°F (980°C), it was noticed that as 
a general rule the lower the austenitizing temperature the narrower 
were the grain boundaries developed. 

Figs. 15 to 18 are given to show the results obtained with four 
other steels. The grain sizes were checked by use of the martensitic 
etch method but contrast obtained with this method was insufficient 
for satisfactory photography. Both methods appeared to give the 
same grain size. The rather dark martensite shown in Fig. 18 is 
to be expected because of the low carbon content. 


SUMMARY 


A method has been presented for determining the austenitic 
grain size of steel by diffusing bronze intergranularly into the steel 
at the austenitizing temperature. 

The austenitic grain sizes obtained by this method are shown 
to be in good agreement with those found by other methods for all 
the steels that have been tested. 

The advantages of the diffusion method are: (a) It is simple, 
requiring little time or experience; (b) the procedure is essentially 
unaffected by the composition of the steel tested; (c) it works well 
over a wide range of steel compositions; (d) it gives a sharply 
defined microstructure that may be easily evaluated and photographed. 


MECHANISM OF THE RAPID OXIDATION OF HIGH 
TEMPERATURE, HIGH STRENGTH ALLOYS 
CONTAINING MOLYBDENUM 


By W. C. LEstie AND M. G. FontTANA 


Abstract 


The unusually rapid oxidation at high temperatures 
of 16% chromium, 25% nickel, 6% molybdenum alloy 
and similar alloys containing over 3% molybdenum and 
a considerable proportion of iron has been investigated. 
The structure and composition of the oxide and the 
microconstituents of 16-25-6 have been studied. A survey 
has been made of the effects of the more volatile metal 
oxides on the oxidation of various metals and alloys. 
The effects produced on the rapid oxidation of 16-25-6 
by changes in the alloy composition, by stress, surface 
finish, coatings, and circulation of the oxidizing atmos- 
phere have been studied. The possibility of a thermal 
dissociation of MoO, was investigated. The rapid oxida- 
tion of the alloy has been found to be due to accumulation 
of gaseous MoO, on the metal surface, and the rate of 
oxidation is accelerated by a thermal dissociation of MoO, 
at temperatures above about 1500°F (815°C). The re- 
action can be prevented by movement of oxidizing gases 
across the surfaces of the alloy. Stress, surface finish, 
surface coatings of other metals, and minor changes in 
composition of the alloy have little or no effect on the 
oxidation when gaseous molybdenum oxides are present. 
PbO, V20,;, WO;, and Bi.0, have been found to produce 
the same effects as MoO,, when present as gases on the 
metal surface. 

The microconstituents of 16-25-6 are composed of 
nitrides as well as carbides. No evidence has been found 
of the formation of sigma phase (FeCr) im this alloy. 
A surface carburization accompanies the rapid oxidation. 


A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, W. C. Leslie 
is research fellow, The Ohio State University Research Foundation, and M. G. 
Fontana is professor and chairman, Department of Metallurgy, The Ohio State 
University, Columbus, Qhio. Manuscript received April 16, 1948. 
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INTRODUCTION 


HE object of this investigation was the determination of the 

nature and cause of the deterioration at high temperatures of 
16-25-6 and other similar alloys. By far the greatest portion of the 
work was concerned with 16-25-6. This alloy is quite widely used 
in applications where strength at elevated temperatures is important, 
particularly in aircraft turbo-superchargers and turbo-jet rotors. 
Under certain specific conditions the deterioration of this and similar 
alloys at high temperatures consists of a very unusual and distinctive 
type of oxidation. The compositions of some alloys susceptible to 
this attack are given in Table I. It may be noted that all of these 
alloys contain at least 6% molybdenum or at least 5% molybdenum 
plus tungsten. Although a thin, adherent oxide film generally forms 
when alloys of this type are heated in oxidizing atmospheres, in some 





Fig. 1—Typical Effects Produced on Cylinders of 16-25-6 Alloy by Heating in Still, 
Oxidizing Atmospheres. 


instances the oxidation becomes very rapid and large growths of 
oxide with a “pie-crust’”’ structure appear. These effects are illus- 
trated in Fig. 1. So severe is this attack that the term “catastrophic 
oxidation” has been applied. 

This type of oxidation was observed during heat treatment, 
creep, and stress-rupture testing of the alloys. The growth of the 
oxide appeared to initiate at surfaces in contact with oxidized metal, 
for example, an alloy hearth plate. During heat treatment, white 
fumes, presumably molybdenum oxides, were observed to distill off 
the metal and crystallize in the cooler parts of the furnace. 

The first step in the investigation was the determination of the 
circumstances under which the rapid oxidation occurred and the 
factors which might influence its development, such as temperature, 
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Table | 
Composition of Some High Temperature Alloys Containing Molybdenum 


Material %C AMn ZSi ZCr ZNi ZCo ZMo Zw BWCh BF Other 
*16-25-6 0.072 2.03 15.86 25.14 


cox Be 6 See SOTO senas TS ae S 625 Ne: 0.15 
*S-495 0.50 ©.73 . @.08...36:44 20.32 § svcce Cee oe ee 
422-19 0.40 ccs Oe” eee eee ee cere yeaa Fe 0.65 
*Refractaloy B 0.07 2.0 Reo es A ML, oO 8.0 hae Eee oe 
*N-153 0.38 1.78 0.52 16.20 14.98 12.82 See Scene Ree oo ces 
Refractaloy 0.11 1.97 0.25 20.3 20.1 30.2 8.3 3.8 Toe Fe 15.3 
69A (cast) 0.12 1.35 1.22 11.50 34.71 16.25 16.83 6.0 ae oe eeaes 
Co-Cr-Ni base 0.52 0.70 0.59 22.54 19.17 Bal. oe. aaa ae ei Fe 0.9 
Timken “X” 0.13 1.44 0.75 16.80 28.62 30.68 10.50 .... .... Nz 0.098 


*Susceptible to rapid oxidation under conditions of tests. 





atmosphere, stress, and contact with metal oxides. The effects pro- 
duced on the metal by the oxidation were studied. The circumstances 
of formation being known, a study of the possible causes of the re- 
action and means of prevention was understaken. 

To determine the cause, it was necessary to determine if a dis- 
sociation of molybdic oxide occurs at high temperatures, since the 
available data on these oxides were insufficient to enable a conclusion 
to be drawn. A survey of the effects of other volatile oxides on 
metals and alloys was made. 

The methods studied for preventing the rapid oxidation of 
16-25-6 included atmosphere circulation, various coatings, and 
changes in the alloy composition. The composition and structure 


of the minor phase in the alloy were investigated in connection with 
changes in alloy composition. 


SURVEY OF LITERATURE 


The development of 16-25-6 alloy has been described by Fleisch- 
mann (1, 2).1. The alloy was produced to meet a demand for a 
forgeable, machinable steel with good strength at high temperatures. 
Chromium is included in the composition for oxidation resistance, 
and a maximum of 7% molybdenum is added to increase the high 
temperature strength. Sufficient nickel is included to keep the alloy 
austenitic. Nitrogen up to 0.20% is used to stabilize the austenite 
and to produce some precipitation hardening. Carbon is kept below 
0.12% to improve machinability and because of its tendency to re- 
move molybdenum and chromium from the austenitic matrix. The 
alloy is made up of’austenite grains with a minor phase occurring 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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in bands. The secondary phase is dissolved in the austenite at about 
2150 °F (1175 °C). 

A study of the available literature on the oxidation of metals 
has brought to light no mention of the type of attack illustrated in 
Fig. 1. Pfeil (3)- produced what he termed “disintegrated scale” by 
coating iron with a wash of litharge and water. Pfeil’s method for 
indicating the mode of scale formation by the use of a distemper of 
Cr.O, and water painted on the metal surface was employed in this 
investigation. 

The only available determination of the vapor pressure of MoO, 
is that of J. Feiser (5), who determined this pressure between 610 
and 1155°C (1130 and 2111 °F) through the loss in weight by 
vaporization. The vapor pressure was calculated by three different 
methods. No essential deviation was found between values obtained 
by two methods, but the other yielded values for the vapor pressure 
which were greater by a ratio of 1:3.744. It was concluded that 
this calculation was not accurate because the MoQ, is in a molecular 
state which differs from those of the vapors of other oxides, i.e., 
it is polymerized. 

Hagg and Magneli (6) conducted X-ray studies on the oxides of 
molybdenum and tungsten. Their materials were prepared by heating 
mixtures of MoO, and Mo in vacuum. MoO, was found to be stable 
at 1050°C (1920°F) for 35 hours. Beta and beta prime phases 
were observed near the composition MoO,,,.. From the density, 
the composition of beta prime is given as Mo,,O,;.. A gamma phase 
was found by heating a preparation of MoO,,,, for 17 hours at 
670°C (1240°F) and the formula Mo,O,, is suggested for this 
phase. The delta phase, MoOs,, is reported as being monoclinic. An 
epsilon phase was detected and is said to result from the decompo- 
sition of beta prime or gamma between 850 and 1000 °C (1560 and 
1830 °F), but the composition is not given. 

Hickman and Gulbransen (8) found that MoO, in contact with 
molybdenum is stable through the range 300 to 700°C (575 to 
1290°F). Above 400°C (750°F) MoO, was not observed, only 
MoO, being present. No oxides intermediate between MoO, and 
MoO, were found. 

A carburization of steel in oxidizing atmospheres has been noted 
by several investigators. Morrison (9) found an increase of surface 
carbon in 0.60, 0.70 and 0.93% carbon 18-4-1 steels after heating 
at 2350°F (1290 °C) in an atmosphere containing 2.5% O.. The 
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carbon content at the surface was increased up to 0.95% and the 
conclusion was made that oxidation or loss of surface by scaling 
was dependent on how rapidly the surface attained about 0.95% 
carbon. The same carburizing effects were noted when a 4% chro- 
mium, 2% vanadium and 9% molybdenum steel was used. 

Schlegel (10) noted the same phenomenon, but reached a differ- 
ent conclusion. Carburization was observed in an 18-4-1 tool steel 
after heating at 2350°F (1290°C). Both the scaling and the 
surface carburization increased as the proportion of oxygen in the 
atmosphere increased. The author concluded that the oxidation is 
so rapid in the early stages that it does not affect the composition of 
the carbides, but merely attacks the parent metal. The carbides, 
being nearly insoluble in the scale, eventually come in contact with 
the austenitic parent metal and are dissolved. After a certain amount 
of scale has formed, the oxidizing reaction is slowed down and when 
this occurs the decarburization reaction becomes effective. This 
would explain the rapid carburization for short times, the decrease 
in carburization for longer oxidation periods, and finally decarburi- 
zation for still longer times. 

Stout and Aho (11) produced carburization of the surface of 
carbon tool steel in oxidizing atmospheres free from carbon com- 
pounds, and concluded that the carbon must be supplied by the steel 
itself. They suggested that the build-up of carbon was dependent 
on two reaction rates: First, the rate of carbon escape through the 
scale, and secondly, the scaling rate. The rate of carbon escape is 
limited by its low solubility and low diffusion rate in that phase. 
When the rate of scaling is high, the iron is removed so rapidly that 
most of the carbon cannot escape and is forced back into the austen- 
ite; later, when scaling has slowed, the diffusion of carbon outward 
overtakes the removal of iron, and decarburization results. 

Hume-Rothery, Raynor and Little (12) used electrolytic 
dissolution of steel in HCl to concentrate carbides for X-ray 
examination and found a continuous series of solid solutions to exist 
between titanium carbide and titanium nitride. In the discussion of 
this article, Ransley and Rooksby stated they had found that zir- 
conium nitride and zirconium carbide form a similar series of solid 
solutions. 

Foley (13, 14) has written two reviews of the literature pertain- 
ing to sigma phase (FeCr). Sigma may form directly from austenite 
and the presence of nickel raises the temperatures at which it may be 
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found. The behavior of manganese resembles that of nickel. A 
fairly high nitrogen content may aid formation of FeCr, while silicon 
above 1% may have the effect of three times its weight per cent of 
chromium, and molybdenum may have the effect of four times its 
weight per cent of chromium. These factors, the total effect of 
which is not completely known, made it desirable to test 16-25-6 for 
sigma phase. 


APPARATUS 


A commercial electric resistance heating furnace was used for 
many of the tests. Others, including the tests conducted in inert 
atmospheres and those made under stress, were made in an electric 
resistance tube furnace. The heating was by six %-inch Globar 
elements, with a platinum-platinum 13% rhodium thermocouple used 
in conjunction with an indicating controller. 

For the tests made under stress, standard %4-inch tensile test 
specimens were used. The adapters into which the specimen was 
threaded were made of Inconel, since tests indicated that Inconel 
is relatively unaffected by MoO,. The adapters were supported on 
collars of insulating brick which fitted closely to the inside diameter 
of the tube. This eliminated a long, unsupported span of metal and 
ensured that axial loading would be approximated. Loading was by 
means of an accurately counterbalanced lever; either a 1-to-6 or a 
1-to-16 ratio could be used. The load was transmitted from the lever 
to the adapters by a link-belt chain, which passed over a roller bearing 
sheave to change direction. 

The equipment used in the determination of the dissociation of 
MoO, has been described by Speiser (15). The Knudsen cell used 
was a hollow cylinder approximately 1 inch diameter by 34 inch high, 
fabricated of 10-mil platinum. A hole approximately 0.17 centimeter 
diameter was drilled in the center of the top face. A circular plati- 
num disk was suspended above the cell to intercept the vapor. The 
cell and sample were heated by induction in a vacuum of 10-° mm. 
mercury, the temperature being held constant by supplying a constant 
energy to the work coil. The temperature of the specimen could. be 
held constant to 0.1%. The weighings of sample, cell and disk were 
accurate within + 0.00004 gram, and the dimensions of the disk and 
cell orifice were measured to + 0.0005 inch. 
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EXPERIMENTAL PROCEDURE 


The Effects of Metal Oxides—To test the supposition that the 
rapid oxidation was initiated by metal oxides, 16-25-6 was heated in 
contact with C.P. metal oxides, oxidized metal surfaces, refractory 
porcelain, and asbestos board. The metal oxides used were Cr.O,, 
NiO, Fe,O,, Fe,O,, mill scale, MnO,, SnO,, Sb,O,;, Bi,O,, PbO, 
WO,, MoO, and V,O;. The list of metals used included 25Cr — 12Ni 
alloy, Armco iron, Chlorimet 2 (65% nickel, 32% molybdenum), 
Chlorimet 3 (60% nickel, 18% molybdenum, 18% chromium), 
and molybdenum. The last three named were included to test 
the effect of increasing the concentration of molybdenum oxides 
on the rapid oxidation of 16-25-6 alloy. Al of the tests were 
conducted at 1650 °F (900 °C) in air, in an electric muffle furnace, 
with no circulation of atmosphere. The test temperature is not 
particularly significant, save that it is high enough to make the 
rapid oxidation possible. The 16-25-6 was surfaced with 120 emery, 
and placed on the powdered oxide or oxidized metal, which in turn 
rested on a small square of refractory porcelain. When the more 
volatile oxides were used, a piece of 16-25-6 was placed on porcelain 
close by the specimen in contact with the oxide in order to gage 
the effect of the oxide vapor alone. The tests were observed during 
heating and were removed after the spongy oxidation began or after 
sufficient time had elapsed to make it fairly certain that the phenom- 
enon would not occur. 

Because of the effects produced on 16-25-6 by contact with 
volatile metal oxides and oxide vapors, it was considered desirable 
to conduct a survey of the effects of those oxides on metals and 
alloys, particularly those used in high temperature applications. The 
testing methods were the same as those previously described, save 
that the test temperature varied. Tests with MoO, were made be- 
tween 1500 and 1650 °F (815 and 900 °C), while those with V,O, 
were between 1200 and 1650 °F (650 and 900 °C). Specimens were 
oxidized in air with no volatile oxides present, to provide a basis 
for comparison. Alloys similar in composition to 16-25-6 were 
tested by heating at 1650 °F in still air. 


Metallographic Examination of Oxidized Specimens—The 16- 
25-6 alloy specimens which displayed the spongy oxide were sec- 
tioned, polished, etched in aqua regia in glycerol, and examined in 
an attempt to ascertain the method of attack and changes in the 
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microstructure resulting from the very rapid scaling. Chemical 
analysis of thin metal sections remaining after oxidation was used 
to supplement the metallographic examinations. These thin sections 
are illustrated in Fig. 2. 

Location of the Oxidation Reaction—Conclusions as to the loca- 
tion of the oxidation reaction could be drawn from the appearance 
of the scale alone, but the experiments of Pfeil (3) were used to 





Fig. 2—16-25-6 Alloy Heated in Still Air for 100 Hours at 
1650 °F. 2-inch O.D. a—Original specimen. b—Specimen after 100 
hours at temperature (bulk oxide removed). 


verify these conclusions. Samples of 16-25-6 were ground, painted 
with spots of a suspension of Cr.O, in polyvinyl alcohol, then heated 
in air until the bulk oxide appeared. The experiment was repeated, 
with small bits of refractory porcelain being used in place of the 
Cr.O, paint. | 

Examinations of the Oxide—The bulk oxide formed on 16-25-6 
is not of the layer type, but appears to be homogeneous throughout 
the entire thickness. Chemical analysis, petrographic examination 
and X-ray diffraction were employed. Since a difference in struc- 
ture between the bulk oxide and the thin oxide film formed on 
16-25-6 under conditions of a moving, oxidizing atmosphere might 
have been significant, electron diffraction examinations were made 
of thin films. Four specimens were prepared. Three specimens 
were polished with 4-O emery paper and oxidized in an electric re- 
sistance furnace, in a current of air, at 1650 °F (900 °C) for 2 hours, 
15 minutes, and 5 minutes, respectively. The fourth specimen was 
given a metallographic polish and heated for 5 minutes. The struc- 
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ture revealed by electron diffraction was compared with that shown 
for the bulk oxides by the powder method of X-ray diffraction. 

Heating in Inert Atmospheres—In order to discover if atmos- 
pheric nitrogen had an appreciable effect on the drastic oxidation and 
also to determine if the attack would proceed in the absence of 
atmospheric oxygen, 16-25-6 was heated in contact with MoO, and 
VO, in helium and argon at 1650°F (900°C). The heating was 
done in the tube furnace previously described. The helium used 
contained about 1.5% nitrogen, so a change was made to welder’s 
grade argon, with a purity of about 99.8%. Before entering the 
furnace the gas was passed through drying towers containing CaCl, 
and P,O,. A positive pressure of gas was maintained in the fur- 
nace. No oxygen could be detected in the furnace atmosphere by 
an Orsat apparatus. A further check was made by heating a speci- 
men of 16-25-6 in the furnace tube, without MoO, or V.O, being 
present. Only very light color tints were produced on the metal 
after 2 hours at 1650 °F (900°C) and furnace cooling. 

X-Ray Diffraction Examinations of MoO,—When 16-25-6 alloy 
is heated above about 1500 °F (815 °C), yellowish-white, tinsel-like 
crystals form in the cool zones of the heating furnace. While this 
has always been assumed to be MoQO,, it was considered best to 
verify the fact. MoO, powder of 99.6% purity was X-rayed and 
the diffraction pattern compared with that from the crystals col- 
lected from the furnace. The X-ray diffraction photograms were 
made in a Debye-Scherrer powder camera, 114.6 mm. in diameter, 
using CuK, radiation with a nickel filter. 

Determination of the Thermal Dissociation of MoO,—Molybdic 
oxide of 99.6% purity was evaporated in the platinum Knudsen cell 
previously described, at constant temperature, under vacuum, and the 
weight loss determined. The vapor was intercepted by the platinum 
disk placed directly above the orifice of the Knudsen cell. The 
proportion of the vapor which should strike the plate can be calcu- 
lated accurately, since the cosine law of evaporation is followed. 
Since the accommodation coefficient of the oxide is unity, molecules 
which strike the plate will stick. The calculated weight gain will 
equal the actual weight gain if no changes take place in the vapor 
phase; if a dissociation of MoO, occurred, the actual weight gain 
would be less than the calculated increase. From the difference, the 
degree of dissociation can be calculated. Two determinations were 


made, one at 1728°F (941°C), the other at 1530°F (831°C), 
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these temperatures being chosen because they were in the range in 
which the bulk oxide quickly forms. 

Tests of the Effects of Atmosphere Circulation—To compare 
the oxidation of 16-25-6 alloy in a still atmosphere with oxidation 
in a moving current of air, specimens of 16-25-6 were heated in a 
small electric muffle furnace (2.5 liters volume) at 1650 °F (900 °C). 
For the first test, the furnace was closed and no circulation of 
atmosphere was attempted. In the second test, dried air was passed 
through the furnace at the rate of 5 liters per minute. The inlet 
tube was arranged so that the air stream impinged on the roof. For 
the third test, the air stream was made to strike the bottom of the 
furnace. During the second and third tests, the temperature of the 
specimens was checked with an optical pyrometer and was found 
to vary not more than + 15°F from 1650°F. The heating period 
in each case was 100 hours. 


Surface Finish and Protective Coatings—It had been indicated 
(16) that degree of surface finish might be of considerable impor- 
tance in inhibiting the formation of the spongy oxide; accordingly, 
specimens were abraded on 2-0 emery, then buffed to a high polish 
on a rouge wheel. Others were finished with a No. 10 mill file. A 
third set was abraded on 120 emery cloth, then heated in air over a 
Meker flame until covered with a dark blue film. The three types 
were placed in the tube furnace previously described, and heated at 
1650 °F (900°C) in still air. 

Previous experiments on the effectiveness of surface coatings 
in preventing the spongy oxidation have been reported to us (17). 
These seemed to indicate that chromium plating, chromizing and 
aluminizing would keep the bulk oxide from forming. It was de- 
cided to repeat this work, increasing the severity of the tests. Nickel 
plating was included. These surface coatings were tested at 1550 °F 
(840°C) in still air, both with and without gaseous MoO, being 
present. A specimen of each type of coating was placed on transite 
board and heated for 136 hours. In a test which would approximate 
a condition in which unprotected 16-25-6 was present, one specimen 
of each surface coating was placed on transite board, then a 2-inch 
length of 16-25-6 tubing was placed around it. It is felt that this 
ensured fairly equal concentrations of MoO, at the surface of each 
specimen. This test was also made at 1550 °F (840°C) in still air 
for 136 hours. Both tests were repeated at 1650°F (900°C) for 
100 hours. 


- 
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Examinations of Microconstituents of 16-25-6—Before the mi- 
croconstituents of an alloy can be studied, other than metallograph- 
ically, they must be coneentrated from the alloy. This was accom- 
plished by the method of Hume-Rothery, Raynor and Little (12). 
Essentially, this is electrolytic digestion of the alloy in a reagent 
that selectively dissolves the matrix; this process deposits a residue 
rich in microconstituents on the bottom of the bath. 

X-ray diffraction and chemical analysis were the methods chosen 
to carry out the investigation. X-ray examination reveals the struc- 
ture of the compound but, in the case of metal carbides and nitrides, 
leaves the composition somewhat uncertain. Although chemical 
analysis cannot be used for the identification of a phase when other 
phases are present, it can show which elements are concentrated in 
the microconstituents. 

In order to discover if a difference exists between the micro- 
constituents of the solution-quenched alloy and the tempered alloy, 
concentrates were made from 16-25-6 solution-quenched from 
2200 °F (1200°C) and from specimens which had been solution- 
quenched and tempered 16 hours at 1600°F (870°C). The alloy 
was digested in 10% HCl, with a current density of about 0.15 
ampere per square inch. A carbon cathode was used, surrounded by 
a porous thimble to prevent contamination of the residue from the 
16-25-6 anode. The residues were washed by centrifuging, since 
they very rapidly clogged filter paper. Washing could not be pro- 
longed because a part of the fines could not be depressed in the cen- 
trifuge after each washing and rapid losses occurred. 

The X-ray diffraction photograms were taken in a 57.3-mm. 
Debye-Scherrer camera using filtered chromium radiation. 

In an attempt to produce sigma phase in 16-25-6, specimens 
were heated for 1000 hours at 1550 °F (840°C). They were exam- 
ined metallographically by the method outlined by Emmanuel (18). 
Filings from these specimens were X-rayed, using filtered chromium 
radiation. 

Modifications of 16-25-6—To test the effects on the oxidation of 
an increased chromium content and a decreased nitrogen content, two 
trial heats were melted in a 50-pound induction furnace and forged 
into l-inch square bars. No difficulty was encountered in preparing 
the high chromium heat, but the minimum nitrogen which can be 
obtained in this type of analysis has been found to be 0.085 to 
0.095%, with normal melting practice. Compositions of these two 
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heats are given in Table [V. These heats were made for the authors 
by the Timken Roller Bearing Company. 

Since the low nitrogen heat still contained 0.096% nitrogen, 
any conclusions drawn from the behavior of this alloy could not be 
conclusive with regard to the effect of nitrogen; therefore, about 
150 grams of this special heat was melted under a vacuum of about 
15 microns of mercury. No analysis for nitrogen was made on the 
resulting ingot, but from other experience it can be stated that a 
considerable reduction in nitrogen was effected. 

Samples from the two special heats were included in most of 
the tests made on the normal alloy. In addition, standard 0.505-inch 
tensile specimens were machined from the experimental heats and 
the tensile properties determined at room temperature. 


RESULTS AND DISCUSSION 


Effects of Metal Oxides—The spongy oxide of 16-25-6 has been 
formed with the alloy in contact with asbestos board, tile, Fe.O,, 
Fe,O,, Armco iron, Chlorimet 2, molybdenum, MoO,, WO,, PbO, 
Bi,O, and V,O,; also the rapid oxidation has begun on the surface 
of the alloy at points removed from contact with other materials. 
Clearly, contact with any kind of solid surface is not necessary for 
the initiation of the very rapid oxidation, although contact surfaces 
or the properties of the other material may have an accelerating 
effect. 

Of the low-melting metal oxides tested, vanadium pentoxide— 
melting point 690°C (1275°F)—was found to cause the most 
spectacular increases in the rate of oxidation. The bulk oxide formed 
in this case at temperatures as low as 1200 °F (650°C). At 1650°F 
(900 °C), 24 hours was sufficient for a sample of 16-25-6, weighing 
about 50 grams, to be completely converted to the oxide. 

Tungstic oxide (WO,), bismuth trioxide (Bi,O,), and litharge 
(PbO) had similar, although less drastic, effects. These results 
correspond to that of Pfeil (3), but considering the high vapor 
pressure of PbO, it is hardly likely that lead would accumulate in 
the scale, slowing down the diffusion of the iron as he concluded. 
Pfeil stated that the reaction was very rapid at first, then proceeded 
according to the parabolic rate law. The quantity of PbO present, 
however, was very small, and it is thought that if the amount of 
litharge had been greater, the reaction would have proceeded accord- 
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ing to a linear rate law until the iron was completely consumed. 

Heating 16-25-6 alloy in contact with molybdenum metal, in 
air, at 1650°F (900°C) produced a striking result. The molyb- 
denum began to give off fumes almost immediately and in 1.5 hours 
had produced a swelling about % inch high on a %-inch thick piece 
of alloy. The molybdenum, weighing 4.5 grams originally, was 
about two-thirds converted to the oxide. The swelling shattered 
forcibly during cooling, leaving a depression in the 16-25-6. Heating 
in contact with Chlorimet 2 (65% nickel, 32% molybdenum) C.P. 
MoO, and vapors given off by MoO,, accelerated the formation of 
the bulk oxide. Contact with the following materials did not cause 
an increase in the oxidation rate: MnO,, SnO,, Sb.O,, Cr.O,, NiO, 
mill scale, iron, nickel, chromium, 25Cr—12Ni alloy, asbestos board, 
and porcelain. 

Contact of 16-25-6 with Fe,O,, however, produced a very con- 
siderable acceleration of the rate of oxidation. This cannot be ex- 
plained as due to a low melting point. Analyses of the Fe,O, before 
and after heating in contact with 16-25-6 show an increase in iron 
content, which may be interpreted on the basis of the conclusions 
made by Pfeil (3) who heated pure iron in vacuum at 1000 °F 
(540°C) in contact with scale from electrolytic iron, and also sep- 
arated by a distance of 1 millimeter from the scale. In both cases 
the iron was oxidized and the iron content of the scale was increased. 
The author stated that owing to the dissociation pressure of the scale 
being greater than that of the iron saturated with FeO, oxygen 
would pass from the scale particles into the furnace atmosphere 
from which it would be withdrawn by the iron to form new scale, 
having a higher iron content and lower dissociation pressure than 
that from which the oxygen was derived. This can be used to 
explain the oxidation of the 16-25-6 by Fe,O,, but by the same token, 
Fe,O, and mill scale should have produced the same effect, but they 
did not. 

The metals and alloys tested in the presence of MoO, and V,O, 
were iron, nickel, chromium, cobalt, stainless steels Types 304, 309, 
316, 322, 329, 410 and 430, SAE4130, Inconel, Hastelloy C, Chlori- 
met 2 and 3, and Durimet 20. The presence of either of the two 
oxides increased the rate of oxidation of all the specimens tested, al- 
though chromium, nickel and Inconel were only slightly more heavily 
oxidized than when heated in air alone. Owing to the difficulty of 
maintaining constant concentrations of oxide vapor over the surfaces 
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of specimens, no exact quantitative comparisons were made. A more 
detailed study will be required before it can be stated definitely 
whether the presence of vapors of these oxides in furnace atmos- 
pheres causes the metals to oxidize according to a linear rate law, or 
merely causes an increase in rate under a parabolic rate law. The 
distinctive type of oxide formed by 16-25-6 and similar alloys was 
not found on any of the alloys tested in this series. Iron and alloys 
of iron with less than 12% chromium formed the familiar layer- 
type of oxide. Increasing the chromium content decreased the 
oxidation, but alloys with 18% or more of chromium were still very 
heavily oxidized, especially when in direct contact with the volatile 
oxide. Chlorimet 3, Chlorimet 2 and Hastelloy C (55% nickel, 17% 
molybdenum, 6% iron, 15% chromium, 5% tungsten), while jacking 
in surface stability, did not form spongy oxides, but were covered 
with loose yellow-brown powder (probably NiO + molybdenum 
oxides) with adherent films beneath. The amount of oxidation 
appeared to be in direct proportion to the amount of molybdenum 
in the alloy. 


Stated briefly, then, contact with oxidized metal surfaces is not 
necessary for the initiation of the very rapid oxidation of 16-25-6 
and similar alloys, but Fe,O, ond volatile metal oxides accelerate 
the reaction. The rate of the reaction, when 16-25-6 is heated alone, 
is dependent on the temperature and the concentration of gaseous 
molybdenum oxides on the metal surfaces. Contact surfaces act to 
increase concentration of the molybdenum oxides. The lower tem- 
perature limit of formation of the spongy oxide, when 16-25-6 is 
heated alone in still, oxidizing atmospheres, appears to be between 
1400 and 1500 °F (760 and 815°C). The melting point of MoO, 
is 1470 °F (795°C) and the vapor pressure increases quite rapidly 
near the melting point. For the rapidly growing, spongy oxide to 
form, both iron and molybdenum must be present in the alloy. 
Chromium and nickel appear to inhibit this type of oxidation, at 
least to some extent. The amount of molybdenum required to de- 
velop the reaction is dependent upon the proportions of chromium, 
nickel and iron, but the minimum is probably between three and four 
per cent. j 


The Rapid Oxidation of Alloys Similar to 16-25-6—While this 
investigation was concerned primarily with 16-25-6 alloy, it is in- 
correct to assume that the spongy oxide is formed only on this alloy. 
Cross (16) has reported that the phenomenon was encountered in 
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high temperature testing of S-497, S-495 and Gamma Columbium, 
all alloys containing 14 to 17% chromium, and molybdenum 3.5% 
or higher. The compositions of alloys tested in this program are 
given in Table I and the results of some oxidation tests are illus- 
trated in Fig. 3. Refractaloy B, S-495 and N-153 were all found 
to produce the rapidly growing oxide when heated in still air at 
1650°F (900°C). All contain iron, 3 to 8% molybdenum, and 
chromium up to 24%, verifying the conclusion drawn in the pre- 
ceding section, that iron and molybdenum are required for the re- 
action, and high percentages of chromium are required to halt it. 
This type of oxidation does not affect Type 316 stainless steel which 
contains 2% molybdenum. 

The effect of tungsten is not known with any degree of cer- 
tainty, but since it forms the same type of oxides as molybdenum, 
it could be logically assumed that the effects of its oxides would be 
analogous to those of molybdenum. This would account for the 
badly oxidized condition of S-495 and N-153, which contained 4.38% 
molybdenum, 3.92% tungsten, and 3.01% molybdenum, 2.19% tung- 
sten, respectively. High temperature alloys containing molybdenum 
and/or tungsten, other than those tested in this investigation, should 
be tested for susceptibility to this type of oxidation before con- 
clusions are drawn. 

In the test made with pure cobalt in contact with MoO,, it was 
found that the cobalt oxidized quite heavily, the oxide powdering 
as it cooled. This was found also to be characteristic of the alloys 
containing sizable amounts of cobalt, particularly NR-87, 69A, 
422-19, and Refractaloy. All the alloys tested were most heavily 
attacked on the surface in contact with the furnace hearth and the 
sides immediately above that surface. The sides of specimens which 
were closest to other specimens were much more heavily oxidized 
than the sides which were closer to the furnace walls. Another and 
more striking example of the effects of a high concentration of 
molybdenum oxide vapors is shown in Fig. 3. A center-hole had 
been drilled in the top surface of the S-495 specimen for turning in 
a lathe. When heated, the molybdenum oxide vapors, being heavy, 
concentrated in the hole and produced the pimple shown. 

Oxide Composition and Structure—Petrographic examination of 


the bulk oxide of 16-25-6 showed it to consist of a spinel with index 
of refraction between 2.2 and 2.3. 


Table II gives chemical analyses of the bulk oxide. In general, 
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Table Il 
Chemical Analyses of Bulk Oxides Formed on 16-25-6 


Sample % Fe % Ni % Cr % Mo 


12A 39.40 17.88 14.00 3.42 
12B 37.98 18.76 14.18 3.32 
16B 45.85 17.54 12.12 1.25 
17 46.99 14.73 12.37 1.34 
40 50.55 10.04 11.48 3.16 


Original Metal 49.52 (by diff.) 25.74 15.74 6.49 











Fig. 3—High Temperature Alloys Heated in Still Air 
at 1650°F. a—S-495, 100 hours, 1%-inch diameter. b— 
Refractaloy B, 150 hours, 1%-inch diameter. c—N-153, 
150 hours, 1%-inch diameter. d—Timken “X”, 350 hours, 
l-inch diameter. 


a reduction of chromium and molybdenum from their proportions 
in the metal was found. The molybdenum is reduced because of the 
volatility of the oxide. Table III shows a reduction in the amount 
of chromium present in thin metal sections left after oxidation, 
which appears to conflict with a reduction of chromium in the oxide. 
Although the oxide shows none of the layer effects which are ob- 
tained when iron and steel are oxidized, there may be composition 
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gradients, and this might explain the irreconcilable differences in the 
chromium content in the oxide and in the remaining metal. Samples 
for chemical analyses were taken so as to be representative of the 
whole thickness of the layer, but perhaps analyses of sections of 





Table Ill 

















Chemical Analyses of Thin Sections of 16-25-6 Left After Oxidation 
Sample % C %N % Cr % Ni % Mo % Fe % Si 
Original Metal 0.072 0.15 16.12 25.13 Some! 2.  Sepes bike 
A 0.33 0.098 10.71 26.58 8.28 51.00 2.14 
B 0.58 0.061 12.86 25.14 7.09 51.02 2.03 











oxide taken parallel to the metal would have proved more illu- 
minating. 

By X-ray diffraction, the bulk oxide was determined to be an 
Fe,O,-type spinel with alpha Fe.O,. The lattice parameter of the 
spinel phase was 8.32A as compared to 8.39A for pure Fe,O,.. The 
shift in lattice parameter of the spinel phase is believed to be due to 
the substitutional type of solubility of NiO for FeO in FeO-Fe.O, 
and also to a possible replacement of some of the Fe,O, with Cr.Q,. 
Either or both of the above types of solubility would cause the de- 
crease in the parameter of the Fe,QO, lattice. 

The thin oxide films were identified by electron diffraction as 
an Fe,O,-type spinel. The accuracy of the electron diffraction 
method is not sufficient to distinguish between spinel structures with 
less than a 2% difference in lattice parameter. The results of the 
X-ray and electron diffraction examinations do not show a differ- 
ence between the bulk and thin oxide films which would account for 
the nonprotective nature of the bulk oxide. The only difference be- 
tween the two is the presence of alpha Fe,O, in the bulk oxide. This 
is to be expected on surfaces at temperature for long periods and 
in contact with sufficient oxygen. It is also possible that a very thin 
layer of alpha Fe,O, was present on the samples covered with a 
thin film, but was not detected by electron diffraction. 

X-Ray Examinations of MoO,—The X-ray diffraction photo- 
grams made from C.P. MoO, and the crystals collected from the 
cool zone of the furnaces yielded identical patterns. All the lines 
in the photogram of C.P. MoO, were present in the photogram of the 
crystals formed from the vapors arising from the surface of 16-25-6. 
It can be safely stated, then, that the crystals which collect in the cool 
zones of the furnace are MoQ,. 
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The Type of Attack—No indications have been found that the 
rapid oxidation proceeds preferentially along grain boundaries. The 
attack is general in nature. 

Mechanism of the Attack—Fig. 4 illustrates the oxidation pro- 
duced by heating 16-25-6 alloy in a still, oxidizing atmosphere as 
compared with that produced by heating the alloy for the same length 
of time in a moving, oxidizing atmosphere at the same temperature. 





Fig. 4—Effect of Atmosphere Circulation on the Oxidation of 
16-25-6 Alloy, 100 Hours at 1650 °F. 1-inch O.D. Left—Heated in 
still air. Right—Heated in air stream. 


The passage of gas across all of the metal surfaces is more 
important than the velocity of the movement. In particular, the air 
must circulate through the lower parts of the furnace to remove the 
heavy molybdenum oxide vapors which gather there. Contact sur- 
faces should be kept to a minimum. Gas-fired furnaces with ample 
circulation should be best for heat treating the alloy, although electric 
resistance furnaces are satisfactory if circulation can be assured. 
In the latter type, it is felt that the best arrangement for preventing 
the rapid oxidation would be to support the specimens on a grid, 
with air passing beneath it to remove the oxide vapors. 

Any sharp re-entrant angles, holes, or small pits or cavities on 
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‘Table IV a 
Chemical Analyses of Two Modifications of 16-25-6 


%C FAMn BWP %S *HHSi ZACr ZANi %ZMo ZN 


Heat No. 1906 
High Cr 0.085 1.58 0.020 0.018 0.54 20.75 24.29 5.92 0.18 
Heat No. 1908 


Low N 0.090 1.76 0.023 0.018 0.54 17.41 24.09 5.80 0.096 


the surface, such as might be caused by uncleaned weld beads, will 
cause the concentration of molybdenum oxide vapor to increase and 
thus act as foci for the start of rapid oxidation. 

The results obtained by spotting the metal surface with Cr,O, 
paint and also by placing small bits of refractory porcelain on the sur- 
face were quite different from those obtained by Pfeil (3). The Cr,O, 
paint and the pieces of porcelain always remained on the surface 
of the oxide; they were never buried. This indicates that the growth 
of the oxide is from the surface of the metal outward, and that the 
oxidation reaction takes place at the metal-oxide interface. These 
results had been expected because of the nature of the scale. Corners 
are never rounded, as in the normal oxidation of iron and steel, but 
are left vacant, with the oxide growing straight out from each sur- 
face. Surface markings on the metal are retained on the oxide. 

The “pie-crust” structure of the bulk oxide, with the character- 
istic deep cracks caused by the nonplastic oxide being pushed out- 
ward by new scale forming beneath, allows ample opportunity for 
oxygen to penetrate to the metal surface. It has been thought that 
the molybdenum in the alloy might oxidize and volatilize beneath a 
thin film, pushing the film outward, the process recurring to give the 
growth of the oxide that is so striking. However, this process would 
be independent of the concentration of MoO, or other volatile oxide 
in the atmosphere and independent of atmosphere circulation. It has 
been demonstrated that high concentrations of volatile oxides initiate 
the rapid growth of the oxide almost immediately, and circulation of 
atmosphere inhibits the growth; therefore, the reaction is dependent 
upon conditions outside of the metal. If 16-25-6 is heated in an 
oxidizing atmosphere in a restricted space, the MoO, produced from 
the metal will quickly begin the oxide growth. 

The drastic oxidation of 16-25-6 has been produced in atmos- 
pheres of helium and argon by placing the alloy in contact with 
V.O, or MoO,. A.24-hour heating period with the alloy in contact 
with V,O,, in helium, at 1650 °F (900°C) resulted in almost com- 















1232 TRANSACTIONS OF THE A. S. M. Vol. 41 





plete oxidation of the specimen. When 16-25-6 was heated in contact 
with MoO, or V,O, in argon of 99.8% purity, the spongy oxide 
_resulted. The molybdenum and vanadium oxides adsorbed on the 
refractory porcelain tube during previous tests were sufficient to 
begin the rapid oxidation on an alloy specimen not in contact with 
the walls of the tube, in argon, even though the furnace had been 
previously heated to 2300 °F (1260°C) and air passed through the 
tube. These results compelled the discarding of any theory for the 
rapid oxidation which involved atmospheric nitrogen. The phenome- | 
non can occur when the only source of oxygen is MoO, or V,O,. 

The rapid oxidation takes place when molybdenum oxide fumes 
are present in contact with the metal surface and does not take place 
when they are absent. Then what is the mechanism of the attack? 

When the alloy is heated in an oxidizing atmosphere above 
about 1475 °F (800°C), MoO, will distill off the surface. This 
action prevents the formation of an impervious, protective spinel 
layer and gives the oxide its characteristic “pie-crust” appearance. 
The oxidation of the alloy by MoO, is then unhindered, as passage 
of oxidizing gases through the scale is not impeded. Attempts to 
prove thermodynamically that MoO, can oxidize the components 
of the alloy are hindered by the lack of data on MoO, and MoO, at 
high temperatures. Seltz, Dunkerly and DeWitt (19) determined 
the heat capacity of MoO, between 70 and 298 °K. The data from 
which Thompson (20) has derived an equation for change in free 
energy in the reaction Mo + O, — MoO, was obtained only between 
918 and 1098 °K. Extrapolation of data obtained over such narrow 
temperature ranges is seldom good practice, but no other sources of 
information have been found. There seems to be a complete lack of 
heat capacity data on liquid and gaseous MoO, or MoOQ,,. 

Calculations have been made only at 800 °C (1475 °F), approxi- 
nately the melting point of MoQ,. 









2 Cris) + 3MoOxus) — Cr:0as) + 3Mo0x;) 
A F*® = —129,000 cal 
K = 10** 


Fecs) + MoO us) a FeQ,s) + MoOxs) 
A F° = —24,300 cal 

K == 10*** 
Nics) + MoOxs) — NiQ«s) + MoO xs) 
A F*® = —11,600 cal 

K — 10*?-** 


These results should be considered no more than indications. 





A 


— 
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It is certain, however, that MoO, will oxidize the components of the 
alloy at 800 °C (1475 °F). 

An explanation of the action of SO, in increasing the oxidation 
of metals (21) has been that sulphates, sulphites or sulphides are 
formed, then from these compounds a certain amount of secondary 
oxide is formed, which almost certainly would be more porous than 
the oxide formed by direct union between oxygen and metal. An, 
analogous situation may exist here; molybdates may form momen- 
tarily, then oxides form from these. 

If a dissociation of MoO, occurred, with release of nascent 
oxygen, it is logical to assume that the nascent oxygen would greatly 
increase oxidation of metals. Polymerization of this type of mole- 
cule, as assumed by Feiser (5), would be unusual, so it was decided 
to test the possibility of dissociation by the Knudsen effusion method. 
If it is assumed that there is no decomposition or dissociation of the 
liquid in the Knudsen cell, and further that there is an equilibrium 
between MoO, and MoO, and O in the cell in the vapor phase and 
also that there is no recombination of MoO,-+ O on the collector 
plate, then the equilibrium will be: 


MoOs S MoO; + O 
N.o— X xX xX 


calculated weight—weight collected 
> ere ts ee 


1 
N. = number of moles of MoQOs evaporated 
X? N.o 


ot 


No—X I1—24 





where a, the degree of dissociation, equals 





This was found to 
Oo 


be 6.73% at 1728 °F (941 °C) and 10° mm. mercury pressure. The 
color of the deposit on the collector plate was a dark greenish-blue. 
It was a smooth, adherent coat that readily dissolved in concentrated 
ammonia. From a consideration of the additivity of colors, one 
would expect that the composition of the deposit would be XMoO,- 
yMoQ,, or a mixture of the two oxides. A similar reasoning on a 
change of color was advanced by Hagg and Magneli (6) as evidence 
of a thermal decomposition of WQO,. 

In the second determination, made by identical methods at 
1530 °F (831 °C), a dissociation of 0.70% was found. The color of 
the deposited oxide was greenish-yellow, indicating that very little 
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decomposition or dissociation took place, which agrees with the data. 
These results, by the nature of the tests, are minimum figures, and 
the actual dissociation may be slightly greater. When calculated at 
a partial pressure of 0.2 atmosphere of oxygen, the dissociation at 
1728 °F (941°C) is 1.24%, and at 1530°F (831°C) is 0.6%. 
Fig. 8 illustrates the good agreement obtained between the partial 
pressures of oxygen obtained from these determinations and those 
calculated from the data of Seltz, Dunkerly and DeWitt (19) and 
Thompson (20), despite the extrapolation involved. It is concluded 
that the effect of gaseous molybdenum oxides in rapidly attacking the 
surfaces of metals is enhanced by a thermal dissociation of MoQO,, 
which becomes appreciable at temperatures above 1500 °F (815 °C). 
When 16-25-6 and similar alloys are oxidized under conditions in- 
volving no circulation of atmosphere, the reaction may be considered 
as consisting of two processes—a rate process, the oxidation of mo- 
lybdenum and other components of the alloy : 


Mo + 3/20— MoO; 
and an equilibrium process involving the dissociation of MoO,, 


MoO; $$ MoO: + O 


The concentration of molybdenum oxide vapors on the surface 
of the alloy is critical. The effect produced by a local concentration 
is illustrated in Fig. 5. This specimen was covered with lime in 
an attempt to prevent the rapid oxidation. Calcium molybdate is 
known to have a low vapor pressure, and it was hoped that the 
lime would absorb the molybdic oxide vapors, but contact of the lime 
and the metal surface was not continuous, and a pocket of gaseous 
oxide formed, with the result shown. 

At times the oxidation proceeds on narrow fronts, as shown in 
Fig. 6. In this case, the bulk oxide had begun to form in a still 
atmosphere, then a change was made to a furnace in which air was 
circulated. The gaseous oxides were removed from the surface of 
the metal, but high local concentrations remained beneath the bulk 
oxide, and the attack took the form‘of pitting. 

Surface Carburization—Metallographic examinations and the 
analyses of thin metal sections remaining after oxidation, as given 
in Table III, show that the formation of the spongy oxide is accom- 
panied by a carburization of the metal surface. The carbon contents 
in the analyses given in Table III are five and eight times that of 
the original metal. A carburization accompanying rapid oxidation 
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Fig. 5—Localized Oxida- 
tion of 16-25-6 Alloy, 100 
Hours at 1650 °F. 1-inch 
O.D. 





ah 
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Fig. 6—Section of 1-Inch Round of 
1¢ -25-6 After 1000 Hours at 1500 °F in 
ir. 


has been noted before, by Morrison (9), Schlegel (10), and Stout 
and Aho (11). Because of the low solubility and low diffusion rate 
of carbon in the scale and the rapid rate of oxidation of the alloy, 
the carbides are forced back into the austenite as the metal around 
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the carbide particles is oxidized. If the oxidation were very slow, 
the rate of diffusion of carbon through the scale would exceed the 
rate of oxidation and a surface decarburization would result. 

The 16-25-6 specimen which was severely oxidized by contact 
with V,O, for 2 hours at 2200°F (1200°C) showed no surface 
carburization. It is thought that the rate of oxidation greatly ex- 
ceeded the rate of carbon diffusion into the austenite, so the carbide 
particles were carried into the scale when the austenite around them 
was oxidized. These conclusions would postulate a critical rate of 
oxidation for carburization. If the rate were greater than the diffu- 
sion rate of carbon in austenite, the carbon content of the metal sur- 
face would remain the same; if greater than the diffusion rate of 
carbon in scale, but less than that in austenite, the metal surface 
would be carburized; if the scaling rate were less than the diffusion 
rate of carbon in austenite and less than the diffusion rate of carbon 
in the scale, a decarburization would result. The spongy oxidation 
of 16-25-6 and similar alloys will result in an unchanged or car- 
burized surface, while a thin, adherent oxide coating formed during 
a long heating period will probably result in a decarburized surface. 
The carburization will be negligible in its effect on the high tem- 
perature strength of the alloy as compared with the reduction of cross 
sectional area, which the rapid oxidation always entails. 

Rapid Oxidation Under Stress—Since the rapid oxidation of 
the alloy is not intergranular, it was not expected that the oxidation 
would have any effect on the load-carrying ability of the alloy at 
high temperatures except in the reduction of cross sectional area. 
Stress apparently has no appreciable effect on the rate of oxidation, 
for in tests performed at 1500 °F (815 °C) and 15,000 psi stress, the 
stressed specimens were no more badly oxidized than unstressed 
specimens under the same conditions. 

Effect of Surface Finish, Preoxidation and Coatings—Degree 
of surface finish is important only as it affects the concentration of 
molybdenum oxide vapor on the metal surface. The difference be- 
tween a high polished surface and one finished with a file is insignif- 
icant. Preoxidation likewise has no inhibiting effects. The metal 
surfaces should be clean, however, as any particles of foreign mat- 
ter, such as slag around an uncleaned weld bead, will cause a con- 
centration of molybdenum oxide vapor to form beneath them. 

In the tests of the four types of surface coatings at 1550 °F 
(840 °C) in air, no bulk oxide formed on any of the specimens. In 


ow 
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the tests at 1550 °F (840 °C) with MoO, present in the atmosphere, 
a similar result was obtained, nor did any growth of oxide occur on 
the unprotected 16-25-6 used to produce molybdenum oxide vapors 
in the furnace. The reason for this is that the specimens were quite 
small and the furnace fairly large, so the concentration of molybde- 
num oxide vapors was not sufficiently great. At a higher tempera- 





Fig. 7—Tests of Methods of Surface Protection of 16-25-6 Alloy, 100 Hours 


at 1650°F. a and e—Chromium plated. b and f—Nickel plated. c and g— 
Chromized. d and h—Aluminized. a, b, c and d—Heated in still air. e, f, g 
and h—Heated in still air with MoOgs, vapor. 


ture in the same furnace, however, this situation changed. When 
the specimens were tested at 1650°F (900°C) with no unprotected 
16-25-6 present, no growth of oxide occurred, as is shown in the 
upper half of Fig. 7. When unprotected 16-25-6 was present at 
1650 °F (900 °C), none of the coatings tested gave protection, as is 
shown in the lower half of Fig. 7. 

The ease with which these coatings were penetrated and the 
extent of the reaction would make it difficult to provide a coating 
for 16-25-6 which would give protection under conditions which 
cause the rapid oxidation of the unprotected alloy. If no volatile 
oxides are present in the atmosphere or are removed as soon as 
formed, no coatings are necessary. 

The Minor Phase in 16-25-6—Although sigma phase was iden- 
tified metallographieally in 25Cr—12Ni alloy and in 25Cr-—20Ni 
alloy after 475 and 1000 hours at 1550 °F (840°C), no trace of it 
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Table V 








Room Temperature Tensile Test of Modified 16-25-6 
Yield Point Elongation Reduction 
Sample U.T.S. (0.2% Elong.) % of Area % 
1906 (20.75% Cr) 131,900 99,000 27.5 45.9 
1908 (0.096% N) 125,000 104,000 26.0 53.8 
Normal* 122,500 94,000 25.0 43.1 


*Results from Cross and Simmons (22). 


could be found in 16-25-6. Only carbides were revealed when 
16-25-6 was etched with modified Murakami’s reagent. 

In X-ray diffraction examinations for sigma phase, the samples 
of filings from 16-25-6 gave strong base-metal patterns plus the 
diffraction maxima of the complex carbides with a lattice parameter 
of 10.80A. The inability of X-rays to detect sigma (FeCr) in 
16-25-6 does not indicate the absence thereof from this alloy, since 
in the case of a complex structure such as FeCr, less than 10% would 
not be detected by X-ray diffraction methods. However, this evi- 
dence, coupled with the results of the metallographic tests, allows us 
to state with assurance that sigma phase does not occur in 16-25-6 
alloy, or occurs in amounts so small they cannot be detected by the 
methods used. 

The chemical analyses of the microconstituents of 16-25-6 are 
given in Table VI. Some of these results are quite erratic. The 
spread in percentages of nickel from 0.56 to 20.06 and of iron from 
6.54 to 15.61 indicates that the greater portion of these metals is 
present through incomplete removal of the austenitic matrix. The 
microconstituents, then, are largely compounds of molybdenum and 
chromium. While the nitrogen contents have been fairly uniform, 
ranging from 1.09 to 1.57%, the carbon content has varied consid- 
erably, from 0.87 to 2.03%. Despite the erratic results of the analy- 


Table VI 











Chemical Analyses of Microconstituents of 16-25-6 

Sample % Fe % Cr % Ni % Mo % Si %C %N 
Original Metal ........ 16.12 25.13 6.12 1.03 0.072 0.15 
53 10.95 11.45 20 .06 35.98 7.96 2.03 1.23 

75A 6.66 17.32 20.56 48.40 7.83 0.92 1.57 

75B 15.61 13.41 14.67 33.65 6.93 1.49 1.09 

75C 6.54 15.30 2.82 46.15 7.72 1.35 1.15 
80A 11.75 10.77 16.62 43.80 2.60 0.87 1.20 
80B 11.90 15.3 18.6 44.5 5.35 0.91 1.45 


Average 10.57 13.93 12.22 42.08 6.40 1.26 1.28 
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ses, it is very evident that molybdenum, carbon and nitrogen are 
concentrated in the microconstituents over their proportions in the 
alloy. 

X-ray diffraction examination showed that the microconstituents 
have a face-centered cubic structure with cell constants of 10.80A 
and 10.90A. These may be classed as carbides of the type M,C or 


© Calculated Values 
= Experimental Data 
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_ Fig. 8—Dissociation Pressure MoOs% MoO, + % 
Versus Temperature. 


M,C, in which chromium, iron, nickel and molybdenum are the prob- 
able metal atoms in the structure. Owing to the variation in lattice 
parameter which may result from a solubility range or from isomor- 
phic replacement of various metallic constituents in these complex 
carbides, no definite compound can be expected to match the lattice 
dimensions of the observed phases. 

In all cases, the face-centered cubic 10.90A phase was the major 
microconstituent in solution-quenched 16-25-6, while the face- 
centered cubic 10.80A phase is the major microconstituent of the 
aged or tempered alloy. It is evident that the carbide present in the 
alloy is a function of the temperature of formation of the carbides 
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as well as the composition of the alloy, and probably is also a func- 
tion of time at temperature, which would determine how closely 
equilibrium was approached at the temperature of formation. 

From the results of the chemical and X-ray examinations, it is 
concluded that nitrogen may be dissolved in the M,C or M,C carbides 
of 16-25-6 without greatly changing the lattice parameter. Carbon 
and nitrogen are very similar elements in a crystallographic sense 
and usually a nitride of a metallic element has the same crystal struc- 
ture and a slightly smaller cell size than the corresponding carbide. 
A good example of this is columbium nitride, with a lattice parameter 
of 4.40A, and columbium carbide, with a lattice parameter of 4.44A. 
A more appropriate designation for the microconstituents of 16-25-6 
might be M,C’ or M,C’, where the symbol M represents metal and 
C’ represents carbon or nitrogen. Thus, the cell sizes of the micro- 
constituents may vary, not only because of the very great range of 
composition of the metallic elements, but also because of the differ- 
ence in lattice parameters of the carbide and nitride phases. 

A reduction of carbon in the alloy to a minimum, accompanied 
by a reduction in nitrogen content, would enable the molybdenum 
to be reduced. Because of the concentration of molybdenum in the 
microconstituents of the alloy, a reduction in total molybdenum could 
be accomplished in a low carbon, lower nitrogen alloy without reduc- 
ing the molybdenum content in the austenite, which is effective in 
increasing high temperature strength. A reduction of molybdenum 
content could be accompanied by an increase in chromium content in 
the ratio of 1 to 3 or 1 to 4, that is, a reduction of 1% in molybde- 
num could be accompanied by an increase of 3 or 4% in chromium 
while maintaining the austenitic character of the alloy. 

The rapid oxidation has been produced on the 21% chromium 
16-25-6 and on low nitrogen 16-25-6 when heated in air in a re- 
stricted space. Any difference in the three types has been too slight 
to be significant. The results of the room temperature tensile tests 
of the experimental heats are given in Table V. It appears that 
reducing the nitrogen content as far as possible without resorting to 
special melting techniques has little or no effect on room temperature 
strength or ductility, nor do increases in the chromium content from 
16 to 21%. It must be emphasized, however, that only a single test 
was made of each modification, and the metal was made in small 
experimental heats. 

The rapid oxide growth has been produced on vacuum melted, 
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low nitrogen 16-25-6 quite as readily as on the normal alloy, so it is 
concluded that nitrogen in the alloy has no effect on the rapid oxida- 
tion. 


CoNCLUSIONS 


1. It has been found that the very rapid oxidation of 16-25-6 
and similar alloys at high temperatures occurs only when specific 
conditions exist, these conditions being an oxidizing atmosphere and 
severely restricted circulation. 

2. The alloys susceptible to this type of attack contain substan- 
tial amounts of molybdenum and iron. 

3. The very drastic oxidation of these alloys is caused by the 
action of MoO, as an oxidation catalyst. Thermal dissociation of 
MoO, accelerates the oxidation and this dissociation may be the chief 
cause of the extremely rapid destruction of the alloys. The only 
factors which substantially affect the rates of oxidation are tempera- 
ture and the concentration of molybdenum oxide or other volatile 
oxide vapors on the surface. The very rapid oxidation can occur 
when the only source of oxygen is gaseous molybdenum oxides. 

4. Preliminary investigation shows appreciable dissociation of 
MoO, at temperatures above 1500°F (815°C). In vacuum, the 
dissociation was determined to be at least 0.7% at 1530 °F (831 °C) 
and at least 6.7% at 1728 °F (941 °C). At atmospheric pressure the 
dissociation is at least 1.24% at 1728 °F and 0.6% at 1530 °F. 

5. The oxidation is general, rather than intergranular, and the 
reaction takes place at the metal-oxide interface. Due to the porous 
nature of the oxide, penetration of oxygen inward is easily accom- 
plished. 

6. The spongy oxide has been identified as an Fe,O,-type 
spinel plus alpha Fe,Q,. 

7. Some metal oxides which melt at relatively low temperatures 
greatly increase the rates of oxidation of iron, nickel, chromium, 
cobalt and their alloys. Some of these oxides are MoQO,, V.O,, 
PbO, Bi,O, and WO,. 

8. A surface carburization takes place because of the rapid 
oxidation. 

9. Atmospheric nitrogen has no effect on the rapid oxidation, 
nor does nitrogen im 16-25-6 alloy, in the range of nitrogen com- 
position studied. 
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10. Increasing the chromium content of 16-25-6 from 16 to 
21% has no appreciable effect on the rapid destruction of the alloy. 

11. Nickel plating, chromium plating, chromizing and alumi- 
nizing are effective in preventing the spongy oxidation when no 
molybdenum oxide vapors are present. When these vapors are 
present, as they would be when unprotected 16-25-6 is oxidized, 
none of the coatings tested were effective. If surface coatings are 
to be used, all molybdenum-bearing alloys present must be coated 
for the protection to be effective. 

12. The rapid destruction of high temperature alloys contain- 
ing molybdenum can be prevented in oxidizing atmospheres by 
ensuring appreciable movement of gas across all surfaces of the 
metal. The effect of contact surfaces is to inhibit circulation and 
to increase concentration of molybdenum oxides. 

13. The microconstituents of 16-25-6 alloy are of the type 
M,C’ or M,C’ where M may be iron, nickel, chromium or molyb- 
denum and C’ may be carbon or nitrogen. Sigma phase (FeCr) 
does not form in 16-25-6, even after 1000 hours at the most favor- 
able temperature for formation. 

14. It may be possible to decrease the rate of the oxidation 
attack on 16-25-6 while maintaining the excellent high temperature 
properties of the alloy by reducing the carbon to a minimum, re- 
ducing the nitrogen and molybdenum and increasing the chromium 
content. 
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DISCUSSION 


Written Discussion: By Martin Fleischmann, metallurgical engineer, 
The Timken Roller Bearing Co., Canton, Ohio. 

The authors of this paper did an outstanding piece of work in clear- 
ing up a phenomenon which had baffled many investigators ever since the 
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16-25-6 alloy has found large commercial application in the construction 
of turbo-superchargers, gas turbines and jet engines. 

While the rapid oxidation of the 16-25-6 alloy has been frequently 
observed in the laboratory and occasionally in the heating furnaces used 
during the processing of the material into forgings, it never was encoun- 
tered in actual service in the applications for which it was recommended. 
There, the rapid circulation of the gases around the material prevent the 
accumulation of molybdenum oxide and with it the rapid destruction of 
the alloy as is so clearly shown in the paper. 

It may be of interest to mention here that the 16-25-6 alloy in form 
of long eyebolts has been used very successfully in vertical carburizing 
retorts at 1700°F (925°C) giving many thousand hours of life. These 
eyebolts not only have to withstand the effect of the carburizing atmos- 
phere but also carry heavy loads at 1700°F (925°C) out of the retort 
and are subjected to repeated oil quenching. This application confirms 
the first conclusion reached in the paper: that one of the conditions for the 
disintegration is an oxidizing atmosphere, producing molybdenum oxide. 

While we at Timken are especially pleased to see many of our ideas 
about this subject confirmed in the conclusions reached in this paper, we 
cannot fully agree with the final suggestion made, recommending an 
increase in the chromium content and a simultaneous reduction in the 
carbon, nitrogen and molybdenum of the composition. We feel that the 
specified amount of nitrogen and molybdenum is necessary to assure 
the excellent high temperature properties of the material and that a sub- 
stantial increase in chromium may lead to the formation of sigma phase 
which should be avoided. 

The most effective way to prevent the rapid oxidation in oxidizing 
atmospheres under severely restricted circulation is the use of protective 
coatings as shown in the paper. However, if this procedure should not 
be feasible or should be undesirable and exceptionally high temperature 
strength is demanded, the choice of a nonferrous material is indicated. 
As pointed out in the paper, the high temperature alloys susceptible to 
the rapid oxidation contain substantial amounts of iron together with 
molybdenum or other metals like tungsten and vanadium necessary to 
improve their high temperature strength. The deterioration of the alloy 
at elevated temperatures may be prevented by eliminating most or all 
of the iron from the composition as indicated in the alloy designated in 
the paper as Timken “X”, where the iron was replaced with cobalt 
although the molybdenum content of the material had been increased 
from 6% to better than 10%. 

The authors of this paper deserve considerable credit for their clear 
and precise presentation of a timely subject and for their research point- 
ing the way to the development of superior high temperature alloys. 

Written Discussion: By E. E. Reynolds, research associate, Engineer- 
ing Research Institute, University of Michigan, Ann Arbor, Mich. 

The authors are to be commended on their contribution of a valuable 
study of the oxidation characteristics of 16-25-6 alloy. Although rather 
unusual oxidation characteristics have been observed during experimental 
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heat treatment and testing of 16-25-6 alloy, a systematic study of the 
phenomenon has not previously been presented. 

In general, our experience has indicated that the occurrence of the 
rapid oxidation of 16-25-6 decreases at temperatures above 1850 °F 
(1010°C). Do the authors have any information to indicate whether 
there is a change in the oxidation characteristics at the higher temper- 
atures or was the lack of such rapid oxidation simply due to the use of 
furnaces with better circulation and shorter time periods at temperature? 

An example of severe oxidation similar to that on 16-25-6 influenced 
by the nickel content of the alloys was encountered during a study’ 
of the 1700 and 1800°F (925 and 980°C) rupture-test properties of 
several sheet alloys. Two sets of alloys differing only in nickel content 
and having the compositions shown in Table VII were tested: 





‘Table Vil 
oem hea Composition, Per ae ae 
Alloy E Cr Co Mo W N B Fe 
J837 0.13 20 a 22 4.4 4.6 low 0.34 Balance 
J838 0.11 20 15 21 4.4 4.4 low 0.37 Balance 
J839 0.12 22 4.5 20 4.5 4.4 0.12 0.56 Balance 
J840 0.13 21 15 21 4.3 4.3 0.12 0.45 Balance 





The alloys with 4.5% nickel were subject to rapid oxidation and 
failed from this cause in the rupture tests. J838 and J840, with 15% 
nickel, had satisfactory oxidation resistance in tests of over 1000 hours 
duration. The low oxidation resistance of J837 and J839 was verified by 
heating small samples of the 0.040-inch thick sheet, without stress in still 
air at 1700°F (925°C) and obtaining complete oxidation in 100 hours. 
A spongy oxide resulted. In the light of the present paper, evidence 
points to the conclusion that the high percentage of molybdenum and 
tungsten, coupled with the low nickel of these two alloys, was responsible 
for the severe oxidation. It also indicates that nickel in these limits has 
a marked inhibiting effect on the spongy oxidation phenomenon. One 
added factor in these alloys was that they contained boron, the effect 
of which on oxidation characteristics is not known. 

It is concluded in the paper that the rapid oxidation of 16-25-6 can 
be prevented by circulation of the atmosphere, thus removing the molyb- 
denum oxides formed. Was any check made after such a treatment to 
determine the extent of molybdenum depletion in the alloy? The 
possibility exists that such a loss could seriously alter the properties of 
the alloy at time periods similar to those used in this investigation. 

Written Discussion: By H. V. Kinsey, metallurgical engineer, Depart- 
ment of Mines and Resources, Ottawa, Ontario, Canada. 

We have encountered an oxidation phenomenon somewhat similar 
to that described in this paper and probably attributable to the same 

2J. W. Freeman, E. E. Reynolds and A. E. White, “The Rupture-Test Character- 


istics of Heat-Resistant Shéet Alloys at 1700 and 1800 °F,” National Advisory Committee 
for Aeronautics, Technical Note No. 1465, 1948. 
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cause. However, in view of the fact that the conditions surrounding the 
phenomenon we observed are different in certain respects, we would 
appreciate having the authors’ comments. 

Cast retorts having a nominal analysis of 36% nickel, 17% chromium, 
0.4% carbon are used in the ferrosilicon reduction process for magnesium 
in Canada. These retorts are used in globar heated furnaces and operate 
at a temperature of 1170°C (2140°F). The retorts are supported over 
their entire length on a hearth. They have a life of from 200 to 400 days. 
Failure never occurs from oxidation but is always due to cracking. 

In an effort to improve retort life, several retorts were cast from 
metal to which 1.7% molybdenum had been added. These retorts all 
failed from rapid oxidation in a matter of from 10 to 30 days. The main 
attack was along the line of contact of the retort with the hearth, where 
atmosphere circulation was restricted. 

Oxidation occurred in a manner similar to that described by the 
authors, that is, it built up in layers and the final product was many 
times the thickness of the original metal. It is probably of interest to 
note that the molybdenum content of this scale is considerably lower 
than would be expected if no molybdenum were lost during oxidation. 
Tables VIII and IX illustrate this point. 

















Table VIII 
Chemical Analyses of Oxide and Adjacent Metal 
Peer Cent 
Carbon Manganese Silicon Nickel Chromium Molybdenum Iron 
Metal 0.24 0.98 0.71 36.62 15.37 1.59 44.82 
Oxide 0.80 0.75 26.06 11.51 0.44 31.83 
Table IX 
Ratio of Alloy Elements to Chromium in Metal and Oxide 
Per Cent — 
Chromium Nickel Iron Silicon Manganese Molybdenum 
Metal 1 2.39 2.92 0.046 0.064 0.103 
Oxide 1 2.26 2.76 0.065 0.069 0.038 





Evidently there has been an appreciable molybdenum loss through 
the volatilization of its oxide. Under the conditions dealt with by the 
authors, it is their opinion that at least 3% molybdenum is required for 
this rapid oxidation to take place. Under the conditions described above, 
could the 1.59% molybdenum be responsible for the greatly accelerated 
oxidation that occurs here? 


Authors’ Reply 


The authors appreciate the discussion of the paper by Messrs. 
Fleischmann, Reynolds and Kinsey. 
The thought that the oxidation rate of 16-25-6 could be decreased by 


wt 
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simultaneous reduction of carbon, nitrogen and molybdenum and an 
increase in chromium content is merely a suggestion based on our findings 
that carbon, nitrogen and molybdenum are concentrated in the micro- 
constituents of the tempered alloy. Time and funds did not permit a 
study of this suggestion with regard to corrosion and mechanical prop- 
erties. The concentration of nitrogen in the microconstituents and the 
change in the character of the minor phase with a change in temperature 
of formation indicates a change in solubility of nitrogen in the austenite. 
The solubility and effects of nitrogen in highly alloyed austenite should 
be more definitely known and investigation in this field indicated. 

With regard to Mr. Reynolds’ question on a change in oxidation 
characteristics at temperatures above 1850°F (1010°C), we have not 
observed such a change. Oxidation at 2000 and 2100°F (1095 and 
1150 °C) with restricted circulation has been found to be extremely rapid. 

We are glad to receive evidence that an increase of nickel content 
increases resistance to this type of oxidation. As noted in the paper, 
chromium, nickel and Inconel were only slightly more heavily oxidized 
when heated in the presence of MoO: and V2O; than when heated in air. 

Although we have made no analyses to determine whether or not 
depletion of molybdenum occurred in the alloy when heated in a cir- 
culating atmosphere, we doubt very much that such a depletion occurs. 
Only a very thin oxide film forms, and a very small amount of MoO; 
crystallizes in the cooler zones of the furnace. A depletion of molyb- 
denum in this case would entail a diffusion of molybdenum to the surface. 

Although we found that about 3% molybdenum in the alloy was 
required to initiate the rapid oxidation under the test conditions, we now 
lean toward the view that the reaction will occur whenever a concen- 
tration of MoOs vapor occurs on the surface of the alloy, regardless 
of the molybdenum content. We are very glad to note that the evidence 
presented by Mr. Kinsey supports this view. In addition, we learned 
during private discussion after presentation of the paper that the rapid 
oxidation effect has been observed on 16-13-3 stainless steel. 

In closing we would like to mention that shortened life of stainless 
steel parts has been reported in heat resistant applications involving 
heating with Venezuelan fuel oils containing small amounts of vanadium. 
The oxide of this element has been found on the failed stainless steel 
surfaces. Similar effects have also been observed in connection with 
vanadium oxide catalysts. We believe that the mechanism of the attack 
in these cases is similar to the one described in the paper. 








ISOTHERMAL TRANSFORMATION OF AUSTENITE IN 
TWO ALLOY STEELS 


By Epwarp A. Loria 


Abstract 


Two steels containing appreciable amounts of multi- 
ple alloying elements have been subjected to isothermal 
transformation studies in order to illustrate how the pearl- 
ite and bainite reactions are altered by alioy composition 
and austenite heterogeneity. The TTT-diagrams for a 
chromium-molybdenum-manganese hypoeutectoid steel 
and a nickel-chromium-molybdenum hypereutectoid steel 
are presented and evaluated. Both show a full knee for 
the pearlite reaction and a second, lower knee for the bain- 
ite reaction, separated by a bay of extremely slow reaction. 
The general transformation features of the hypoeutectoid 
alloy steel upon austenitizing at 1650°F (900°C) are 
discussed and evaluated in terms of the behavior of other 
steels when possible. The hypereutectoid alloy steel aus- 
tenttized at 1550 °F (845°C) displayed undissolved car- 
bides which enhanced the nucleation of the pearlte 
reaction. 


INTRODUCTION 


HE results of recent investigations on the transformation char- 

acteristics of alloy steels indicate that there are two general types 
of TTT-diagrams which will describe the time-temperature relation- 
ship under which the austenite transformation has taken place. In 
one type of diagram the pearlite and bainite transformations overlap 
in temperature and/or time, while in the other the transformations 
are completely separated, both as to temperature and time. 

These two types of diagrams occur because alloying elements 
in steel delay the initiation of transformation and increase the time 
required for its completion at subcritical temperatures. Although the 
nature and degree of the effect are different for each element, the 
effect of variation in chemical composition upon the pearlite trans- 
formation is usually much greater proportionally than the effect upon 





The author, Edward_A. Loria, is Fellow, Mellon Institute of Industrial 
Research, Pittsburgh. Manuscript received September 28, 1948. 


1248 








1949 TRANSFORMATION OF AUSTENITE 1249 


the bainite transformation. Some alloying elements affect the pearl- 
ite transformation much more markedly than do others. Such ele- 
ments as chromium and molybdenum are mainly responsible for the 
retardation of the pearlite transformation and complete separation of 
the pearlite and bainite transformation ranges. Other elements, such 
as nickel, do not delay the initiation of the pearlite reaction, or reduce 
its rate, in such a marked manner as molybdenum or chromium, 
but are somewhat more effective in delaying the start of the bainite 
reaction. 

Furthermore, the TTT-diagram for alloy steels becomes more 
complex in that a proeutectoid constituent resembling ferrite forms 
down to quite low temperatures in the bainite transformation range, 
which in itself presents a diversity of phenomena in different alloy 
steels. This field of the intermediate temperature transformation 
products is very important practically, for these products occur widely 
in heat treated steels and a knowledge of the metallographic and rate 
characteristics within this range should provide the best basis for a 
rationalization of commercial heat treatment. 

The purpose of this paper is to present further data on the 
isothermal transformation of austenite in steels containing appreciable 
amounts of several alloying elements and to illustrate how the pearlite 
and bainite transformations in these steels are altered by alloy com- 
position and austenite heterogeneity. Specifically considered are a 
chromium-molybdenum-manganese hypoeutectoid steel and a nickel- 
chromium-molybdenum hypereutectoid steel. In part, the work is a 
continuation of the report given last year (1)* on the nature and 
mode of formation of the acicular structure found within the inter- 
mediate transformation range of two alloy steels. 


EXPERIMENTAL PROCEDURE 


The compositions of the steels investigated are given in the 
following tabulation: 


Steel C Ni Cr Mo Mn Si V P 5 
A 0.60 2.75 1.25 0.50 060 030 0.12 0.035 0.024 
B 0.59 oes 1.06 0.54 0.96 0.28 0.12 0.032 0.022 
\ 0.86 2.47 1.21 0.50 066 0.38 eu 0.040 0.024 


The transformation characteristics of steel A were discussed in the 
previous paper (1) and its chemical composition is repeated here 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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only in order to maintain the same code notation for steel B as in the 
initial paper. Steels B and C were commercially made acid open- 
hearth steels and were processed in the form of forged rounds. 

[In order to facilitate machining, both steels received a 1700 °F 
(925 °C) normalizing and a 1200 °F (650°C) tempering treatment 
(Fig. 2). Microscope and hardness specimens were usually %4 by 
¥-inch diameter. All austenitizing was done in an atmosphere fur- 
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Fig. 1—Transformation Diagram for Alloy Steel B, Austenitized 
at 1650 °F (900 °C). 


nace. Steel B was austenitized for 1 hour at 1650 °F (900°C) and 
steel C for 1 hour at 1550°F (845°C). These temperatures were 
selected because they approximate those employed in the commercial 
heat treatment of these steels. The grain sizes resulting from these 
austenitizing treatments are indicated on the appropriate transforma- 
tion charts. 

Upon austenitizing, the specimens were quickly transferred to 
lead baths controlled to +5 °C and after suitable periods of time 
quenched into water. The pearlite and bainite reactions were studied 
by the use of the microscope supplemented by hardness data. The 
Rockwell C hardness numbers on the transformation charts are vir- 
tually self-explanatory. Also, the values for A, and A, are indicated 
on the appropriate TTT-diagrams. In general, the over-all accuracy 
of the microscope determinations is believed to be of the order of 
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10 to 15°F. The normal inhomogeneities of commercial steels pre- 
clude the possibility of greater accuracy. Am for high carbon steel 
C could not be determined by the standard microscopic method since 
it was virtually impossible to detect and identify the first small par- 
ticles of carbide to precipitate below Ag. 


RESULTS AND DISCUSSION 


The TTT-diagrams for alloy steels B and C are shown in Figs. 
1 and 10. The diagrams have been drawn in the conventional man- 
ner where the beginning line indicates approximately less than 1% 
transformation and the ending line somewhat more than 99% decom- 
position of the austenite. The thin dotted line within the A + F + C 
field represents, for each temperature level, the time at which half 
of the total austenite has transformed. 

The TTT-diagram developed for steel B shows a full knee for 
the pearlite reaction and a second, lower knee for the bainite reac- 
tion, separated by a bay of extremely slow reaction. An unusual 
aspect of this diagram is that the “ferrite line” which marks the 
start of the separation of proeutectoid ferrite in hypoeutectoid steels 
is practically nonexistent. The alloying elements in steel B are of 
sufficient quantities to cause a shift in the eutectoid point to the left 
in the iron-carbon diagram and to suppress the proeutectoid reaction 
in the temperature range of pearlite transformation. In other words, 
the “carbon equivalents” of these elements are almost sufficient to 
make steel B of eutectoid percentage. Only at temperatures of 
1350 °F (730°C) and above is there evidence of ferrite. Fig. 3 
illustrates such a structure on holding at 1350°F (730°C) for 24 
hours. At 1300°F (705°C) and lower temperatures, the austenite 
transforms directly to an aggregate of ferrite and carbide? in the 
form of pearlite, as can be seen in Figs. 4 to 9. The tip of the 
pearlite knee or the temperature of most rapid reaction occurs at 
1200 °F (650°C), the resultant structures on holding at this tem- 
perature being shown in Figs. 8 and 9. At lower temperatures the 
time for transformation increases rapidly and the lower the tempera- 
ture of transformation the finer and stronger and harder is the final 
structure. In part, steel B resembles those alloy eutectoid steels 
in which pearlite forms both above and below the pearlite knee; such 


*The three transformation products of austenite (pearlite, bainite and martensite), al- 
though different in structufe and properties, are all basically mixtures of ferrite and carbide 
and are, therefore, all customarily indicated on the TTT-diagrams by the notation F + C. 
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Fig. 2—Alloy Steel B Normalized at 1700°F, Tempered at 1200 °F. 
Fig. 3—Alloy Steel B Transformed at 1350°F for 24 Hours. 
Fig. 4—Alloy Steel B Transformed at 1300 °F for 40 Minutes. 
Fig. 5—Alloy Steel B Transformed at 1300 °F for 160 Minutes. 

Modified picral etch. X 1000. 


alloy steels differ in this way from carbon steels and from nickel and 
manganese alloy steels in which pearlite forms only at temperatures 
above the knee. This behavior of pearlite in alloy eutectoid steels 
has its counterpart in proeutectoid ferrite in low carbon alloy steels, 
ferrite forming at temperatures both above and below the tempera- 
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Steel B Transformed 
Steel B Transformed 


y Steel B Transformed 
9—Alloy 


Steel B Transformed 
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1250 °F for 20 Minutes. 
1250 °F for 80 Minutes. 
1200 °F for 10 Minutes. 
1200 °F for 80 Minutes. 


Modified picral etch. 1000. 


ture of the knee and, when the carbon is sufficiently low, exhibiting a 
knee of its own. 

In eutectoid carbon steels the pearlite reaction, proceeding more 
and more rapidly as the temperature decreases, is replaced at the 
knee of the TTT-diagram by the formation of bainite, which forms 
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more and more slowly as the temperature decreases. The knee of the 
TTT-diagram is thus a point where one reaction is replaced by a 
fundamentally different one but there is no sensible break in the 
TTT-diagram at this point in eutectoid carbon steel, as one might 
expect. Some overlap of the two reactions is always observed with 
specimens reacted just at the knee showing both pearlite and bainite, 
but how much of this is to be ascribed to austenite heterogeneity is 
unknown. On the other hand, in nearly eutectoid steel B and in 
other alloy steels where the alloy is strong in carbide-forming tend- 
ency, the separation of the two processes is very evident. 
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Fig. Poa renin Diagram for Alloy Steel C, Austenitized 
at 1550 °F (843 ° 

The initiation of the bainite reaction in steel B is not delayed 
to the same degree as the pearlite transformation. As can be seen in 
Fig. 1, the pearlite knee is transposed far to the right on the time 
axis by the alloy content while the bainite knee juts out to the left 
below the 950 °F shelf. In the 700 to 925 °F range, transformation 
starts rather promptly but is extremely sluggish in going to comple- 
tion. The nature of these acicular ferrite structures and the com- 
plexities of multiple-stage transformation of the austenite were illus- 
trated and discussed in the previous paper (1). Below 700 °F the 
dark-etching acicular bainites made their appearance and the isother- 
mal transformation more nearly approached completion the lower the 
temperature. 
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11—Alloy Steel 


C Transformed at 1300°F for 1 Minute. 
. 12—Alloy Steel C Transformed at 1300°F for 24 Hours. 
. 13—Alloy Steel C Transformed at 1200 °F for 30 Minutes. 
14—Alloy Steel C Transformed at 1200°F for 3 Hours. 
ig. 15—Alloy. Steel C Transformed at 1100 °F for 15 Minutes. 
. 16—Alloy Steel C Transformed at 1100 °F for 85 Minutes. 
Modified picral etch. X 2000. 
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The transformation characteristics of alloy steel C upon aus- 
tenitizing at 1550°F (845°C) are set forth in Fig. 10. Steel C 
illustrates another case where the pearlite and bainite reactions are 
clearly separated with respect to temperature and there is an inter- 
mediate temperature range in which neither reaction will occur within 
reasonable time. Figs. 11 and 12 show that the austenitizing tem- 





Fig. 17—Alloy Steel C Transformed at 1000°F for 1 Hour. 

Fig. 18—Alloy Steel C Transformed at 1000 °F for 24 Hours. 

Fig. 19—Alloy Steel C Transformed at 900°F for 25 Hours. 

Fig. 20—Alloy Steel C Transfornred at 800°F for 34 Hours. 
Modified picral etch. x 2000. 


perature was not high enough to effect complete solution of the 
alloy carbides and as a consequence undissolved carbides were found 
in all of the decomposition products. Figs. 13 to 18 illustrate the 
transition from coarse to fine pearlite on transformation at various 
temperatures in the pearlite region. As in steel B, pearlite forms 
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directly both above and below the knee, very fine pearlite (Fig. 17) 
being the primary reaction product to temperatures as low as 925 °F. 
Figs. 19 and 20 depict structures obtained in the intermediate range 
on isothermal holding for long periods of time. These structures are 
similar to those shown in the initial paper (1) for steel B in the 
700 to 925 °F temperature range. The primary precipitate is the 
light-etching acicular ferrite and the entrapped particles therein are 
carbide and austenite (martensite on quench). Whereas in carbon 
eutectoid steels pearlite forms only at temperatures down to the knee 
of the TTT-diagram, and bainite below, in the class of steels exem- 
plified by chromium steels, proeutectoid ferrite forms below the knee 
of the pearlite curve, down to the region where the X-constituent and 
bainite form, providing an intermediate temperature at which the 
rate of reaction is very slow. 

In steel C the top of the bainite transformation is at approxi- 
mately 775 °F and two types of structure occur on isothermal trans- 
formation at various temperature levels in this region (compare 
Figs. 21 and 22 with Figs. 25 and 26). Hultgren (2) has stated 
that in alloy steels of high carbon content the transformation prod- 
ucts at lower intermediate temperatures, above 300 °C, form slowly 
and present structures that are difficult to interpret, because they 
resemble in certain respects pearlite, in others bainite. He suggested 
as a possibility that at still lower temperatures (but above M, in 
such steels) precipitation of cementite, probably paracementite, may 
cause martensite to form, as a result of the lowered carbon content, 
the structure slowly decomposing into a fine mixture of cementite 
and tempered martensite. In alloy steel C the transformation prod- 
ucts form readily but require considerable time for the reactions to go 
to completion. The structures are complicated in that they resemble 
the acicular ferrite type of structure at the top of the range (Figs. 
21 and 22) and gradually assume the typical dark-etching, acicular 
appearance of low temperature bainite (Figs. 23 to 26). The low 
temperature bainite knee in many alloy steels is attended by the initial 
rejection of a ferrite-like constituent, usually acicular in character, 
which is sometimes also referred to as bainite, probably inadvisedly. 
Common to most alloy steels, the microstructural appearance of the 
bainite changes markedly as a function of temperature (3). At the 
low temperature of 500 °F (260°C) only the dark-etching acicular 
bainite forms, as can be seen in Fig. 25. The structure gradually 
becomes more granular and lighter etching as the temperature rises; 
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21—Alloy Steel C Transformed at 700 °F for 25 Seconds. 

. 22—Alloy Steel C Transformed at 700°F for 26 Hours. 

. 23—Alloy Steel C Transformed at 600 °F for 30 Seconds. 

. 24—Alloy Steel C Transformed at 600 °F for 336 Hours. 

25—Alloy Steel C Transformed at 500°F for 1 Minute. 

26—Alloy Steel C Transformed at 500°F for 2 Hours. 
Modified picral etch.  X 2000. 
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the carbide particles become larger and more widely spaced finally 
giving rise to a “ferritic” structure such as that in Fig. 23. The 
dark-etching acicular bainite also makes its initial appearance on hold- 
ing test specimens at this temperature (600°F). The light angular 
constituent may possibly be some of Hultgren’s (2) “para-constit- 
uent” which precedes the dark-etching bainite transformation. How- 
ever, since there is no other evidence of it over the narrow 600 to 
700 °F temperature range, it appears more likely that it is the last 
trace of the acicular ferrite type of transformation product (Fig. 21) 
which formed at higher temperatures (600 to 750 °F). 

A comparison of the position of the pearlite knee for the lower 
carbon steel B with the high carbon steel C austenitized at 1550 °F 
(845 °C) indicates that transformation in the latter occurs 100 °F 
below the former but begins and ends in practically the same interval 
of time. Thus in the nearly eutectoid steel B containing less alloy 
and carbon content it is possible to have as great a hardness at the 
start of the pearlite transformation as in steel C, with fine lamellar 
pearlite forming instead of the more spheroidal type observed in the 
latter. This behavior can be rationalized by considering the fact that 
in steel B there is no precipitation of ferrite preceding the pearlite 
reaction whereas in steel C excess carbides are present. Effects which 
contribute to the shifting of the pearlite knee to the left in steel C to 
a position comparable to that in steel B of lower hardenability are: 
(a) The presence of many uniformly distributed, undissolved carbide 
particles which enhance nucleation of the pearlite reaction, (b) the 
impoverishment of the austenite of alloying elements held by the 
undissolved carbide particles, which moves the pearlite knee to 
shorter time, (c) the increase in carbon content decreasing the pearl- 
ite reaction as a natural phenomenon. Lyman and Troiano (4) have 
shown this to be true for a series of 3% chromium steels. These 
factors were previously cited by Troiano and DeMoss (5) as respon- 
sible for a similar behavior observed in low and high carbon Krupp- 
type carburizing steels and they apply as well to the steels under 
consideration. : 

Since the alloy carbides did not readily enter into solution in 
the austenite at 1550 °F (845 °C), the effect of the alloying elements 
was lessened in that any portion of the alloy which did not go into 
solution during the austenitizing treatment and any carbon associated 
with it did not exert the delaying influence upon austenite trans- 
formation that they otherwise would have, and, in fact, actually 
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hastened the pearlite transformation by reason of nucleation oppor- 
tunities provided by the undissolved material. 

In the intermediate range of hypereutectoid steel C, the usual 
rules* appear to apply to the nucleation and growth of the grain 
boundary phase and of the Widmanstatten figure, but carbide plates 
grow from grain-boundary carbide only infrequently, and Wid- 
manstatten precipitation by separate nucleation and growth within 
the grain is far more pronounced, forming a sharply defined Wid- 
manstatten figure of thin, long plates (1), (6). 
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STABILIZATION OF AUSTENITIC STAINLESS STEEL 


By SAMUEL J. ROSENBERG AND JOHN H. DARR 


Abstract 


A study was made of the resistance to intergranular 
attack of twenty-three 18% Cr—10% Ni austenitic cor- 
rosion resisting steels in twelve different initial conditions. 
Susceptibility to intergranular attack was determined after 
seven sensitizing treatments, followed by exposure for a 
maximum of 14 days in a boiling acidified copper sul- 
phate solution. 

It was found that maximum susceptibility to inter- 
granular attack was developed by sensitizing either 8 or 
21 days at 1020°F (550°C). The straight carbon aus- 
tenitic steels were quite vulnerable to attack, although de- 
crease in carbon content decreased the degree of vulner- 
ability. The columbium- and titanium-treated steels were 
satisfactorily resistant to attack, provided the Cb/C or 
Ti/C ratios were sufficiently high. These ratios varied, 
depending on the initial condition of the steel. The car- 
bon content of the treated steels had no influence upon the 
resistance to intergranular attack, the predominating fac- 
tor being the Cb/C or T1/C ratio. 


INTRODUCTION 


N undesirable characteristic of the austenitic stainless steels is 
their susceptibility to intergranular embrittlement after ex- 
posure to moderately elevated temperatures. This susceptibility to 
embrittlement may be decreased or eliminated, i.e., the steels may be 
stabilized against intergranular embrittlement, by the addition of 
titanium or columbium, usually in conjunction with a stabilizing heat 
treatment. 
A diversity of opinion as to the relative amounts of titanium 
or columbium necessary for effective stabilization, the injurious 
effect of carbon content, and the necessity for stabilizing heat treat- 
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ments, led the Bureau of Aeronautics, Navy Department, to request 
the National Bureau of Standards to undertake a study of factors 
affecting the stabilization of the 18-8 type of steels. This paper sum- 
marizes the results of such an investigation. 


THEORY OF SENSITIZATION AND STABILIZATION 


Intergranular embrittlement (or corrosion—the terms are usu- 
ally used synonymously) may be considered as a disease of 18-8 
steels, although it is not peculiar to these steels alone. Specifically, 
this type of corrosion is particularly pronounced in some 18-8 steels 
which have been subjected to moderately elevated temperatures [700 
to 1400 °F (370 to 760 °C)] and are either simultaneously or sub- 
sequently subjected to corrosive conditions.. Exposure to these ele- 
vated temperatures causes the precipitation of what are generally con- 
ceded to be chromium carbides at the grain boundaries, and steels 
having such carbide precipitation have been found to be more or less 
susceptible to intergranular corrosion, whereas steels which do not 
exhibit this structure are generally immune. 

Annealed 18-8 stainless steel [quenched from temperatures in 
the neighborhood of 1800 to 2000 °F (980 to 1095 °C)] theoretically 
consists of metastable austenite, in this case a supersaturated solid 
solution of carbon or of chromium carbide in chromium-nickel aus- 
tenite. Upon reheating to moderately elevated temperatures, chro- 
mium carbide (Cr,C) precipitates at the grain boundaries. One 
school of thought believes that this precipitation reduces the chro- 
mium content of the metal near the grain boundaries to a level below 
that necessary to resist corrosion. This appears to be the most prev- 
alent view. Others believe that internal strains resulting from the 
precipitation of carbides, and from the formation of alpha iron from 
the metastable austenite, are the cause of intergranular corrosion. 
Still another belief is that the electrolytic effect resulting from a dif- 
ference in potential between grains and grain boundaries is responsi- 
ble. Regardless of the underlying theory, however, it is generally 
agreed that the presence of chromium carbides distributed in the 
form of a thin, nearly continuous network at the grain boundaries is 
an indication of material which is susceptible to intergranular cor- 
rosion. The larger isolated carbides which result after sufficient time 
at temperature has been allowed for coalescence of the precipitated 
carbides and for replenishment by diffusion of chromium in the de- 
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pleted areas do not appear to be associated with intergranular cor- 
rosion. 

The earliest efforts to prevent intergranular embrittlement were 
directed toward the manufacture of 18-8 with low carbon content, on 
the theory that precipitation of chromium carbide would thereby be 
minimized or even eliminated (1), (2), (3)*. It was also suggested 
that a treatment at about 1600 °F (870°C) resulted in a decreased 
susceptibility to intergranular corrosion upon subsequent exposure 
at lower temperatures. This stabilizing (sometimes termed “de- 
sensitizing”) treatment was presumed to precipitate sufficient chro- 
mium carbides as coalesced particles, and also to permit diffusion of 
‘chromium, so that the amount of carbon which would be available 
to precipitate as fine chromium carbides at lower (sensitizing) tem- 
peratures would be negligible. 

It was also reported that decreasing the austenitic grain size 
diminished the severity of intergranular attack (4) by providing 
extra grain boundary area for precipitation of carbides; that cold- 
rolled material was more resistant to intergranular attack (3) be- 
cause of the availability of numerous slip planes for the precipitation 
of carbides upon subsequent heating; and that the addition of ele- 
ments which caused the formation of delta ferrite was also beneficial 
(5) in that, because of the lower solubility for carbides, precipitation 
occurred in the areas of delta ferrite. 

The most commonly used method of preventing intergranular 
corrosion in 18-8 consists of adding a strongly carbide-forming ele- 
ment to the steel. The function of this element is to combine with 
the carbon, thus allowing the chromium to remain in solid solution 
in the austenite. To be effective, this alloy carbide should be less 
soluble in the chromium-nickel austenite than is the chromium car- 
bide. The two elements most frequently used are titanium and 
columbium (6), (7). It is known that these elements are more 
strongly carbide forming than is chromium, and evidence is available 
that the titanium and columbium carbides are considerably less 
soluble in 18-8 austenite than is chromium carbide. Theoretically, if 
the carbon of 18-8 stainless is “fixed” by either of these stabilizing 
elements, that is, precipitated as TiC or CbC, no chromium carbide 
precipitates at the grain boundaries upon subsequent reheating to 
sensitizing temperatures and the steel thereafter exhibits no inter- 
crystalline embrittlement upon exposure to a corroding medium. 


1The figures appearing in parentheses pertain to the references appended to this paper. 





1264 TRANSACTIONS OF THE A. S. M. Vol. 41 


The atomic weight of carbon is 12.01 and that of titanium is 
47.90, and since titanium forms a carbide corresponding to TiC, it is 
necessary, theoretically, to have about four times as much titanium 
as carbon in order to fix all the carbon as titanium carbide. Colum- 
bium has an atomic weight of 92.91, and since columbium forms a 
carbide corresponding to CbC, the theoretical minimum amount of 
columbium which must be added to fix the carbon is slightly less than 
eight times the amount of carbon. 

Stabilization consists of reheating the Cb or Ti-treated steels 
within the temperature range 1550 to 1800 °F (845 to 980 °C), usu- 
ally at about 1600°F (870°C). At these temperatures the pre- 
cipitation of titanium and columbium carbides within the austenitic 
grains is facilitated. The slight amount of carbon remaining in solid 
solution after this treatment is (theoretically) insufficient to cause 
any deleterious effects (in the form of Cr,C precipitated at the grain 
boundaries) upon subsequent reheating to sensitizing temperatures. 


MATERIALS 


Most of the steels used in this investigation were experimental 
melts, although a few commercial! steels were included. The experi- 
mental steels were melted in an induction furnace and poured into 
3-inch square big-end-up tapered molds equipped with hot tops. Each 
experimental heat weighed about 75 pounds and all were made in the 
foundry of the Naval Research Laboratory. The ingots were shaped 
on all four sides as much as necessary to produce clean surfaces, 
following which they were hot-forged to slabs about 3 inches wide 
by 1 inch thick. Some of these ingots were forged at the Rustless 
Iron and Steei Division, American Rolling Mill Company, Baltimore, 
Md.; all others were forged at the Naval Research Laboratory. 
The slabs were surface ground on four sides and rolled into 0.050- 
inch strip at the American Rolling Mill Company, Middletown, Ohio, 
the schedule of operations being as follows: 


1. Hot roll at 2000 to 2200°F (1090 to 1205°C) to 0.125 inch and 
straighten. 
2. Anneal 6 minutes at 1950 to 2000 °F (1065 to 1090 °C) and air cool. 
3. Pickle 
(a) 2% minutes in 10% HeSO, at 190 °F. 
(b) 45 minutes in caustic permanganate at 200 °F. 
(c) 10 minutes in 14% HF plus 10% HNOs at 130 °F. 
4. Cold roll to 0.080 inch and straighten. 
5. Anneal 6 minutes at 1950 to 2000 °F (1065 to 1090 °C) and air cool. 
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6. Pickle 
(b) and (c) only under 3 above. 
7. Cold roll to 0.050 inch and straighten. 


The final strip thus had a cold reduction of 37.5%. Although the 
sequence of fabrication was not known, all commercial steels were 
furnished in cold-rolled strip 0.050 inch thick, the same as the experi- 
mental steels. 

Chemical analyses of all the steels were made on samples cut 
from the finished strip; these analyses are given in Table I. All 
experimental steels were made to the base analysis of 18% chromium, 
10% nickel, 144% manganese, and 0.40% silicon. 

During the progress of this investigation some question was 
raised as to the effect of nitrogen on the Cb/C or Ti/C ratio. 
Analyses for nitrogen were therefore made, both chemically and by 
vacuum fusion. It is known that nitrogen combines with both 
titanium and columbium. The acid soluble and acid insoluble nitro- 
gen can be separated by treatment of the steel with dilute sulphuric 
acid. For purposes of calculation (as noted in Table I), it was 
assumed that all of the acid insoluble nitrogen was combined with 
either titanium or columbium, as the case might be. Considering the 
fact that the steels which contained no titanium or columbium also 
contained no acid insoluble nitrogen, this assumption appeared to be 
quite plausible. The revised percentages of titanium and columbium 
and the revised ratios of Ti/C and Cb/C were calculated after allow- 
ing for the amounts of titanium and columbium combined with the 
acid insoluble nitrogen and are included in Table I. 


PROCEDURE 


Specimens 3 inches long by % inch wide by 0.050 inch nominal 
thickness were taken longitudinally to the direction of rolling. A small 
hole was punched in one end of each specimen so that groups of 
specimens could be strung on wire for sensitizing treatments. All 
such treatments were carried out in furnaces of the vertical muffle 
type, electrically heated, and constructed especially for this work. In- 
side dimensions of the muffles were 4 inches in diameter by 18 inches 
long. Temperature variations within the working length of each 
furnace were less than 10°F. Each furnace was controlled by an 
individual recording potentiometer controller. 

Corrosion tests for development of intergranular embrittlement 
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1949 AUSTENITIC STAINLESS STEEL a 


were conducted in a boiling acidified copper sulphate solution con- 
tained in 2-liter wide-mouth Erlenmeyer flasks. These flasks were 
equipped with ground glass joints for fitting the reflux condensers. 
Specimens were laid in glass racks so that there was no metallic 
contact between specimens. No more than seven specimens were 
placed in an individual flask and material of straight 18-10, 18-10 Cb, 
and 18-10 Ti was always segregated in different flasks. A minimum 
of 35 ce of acidified copper sulphate solution per square inch of 
surface area was used. The solution was changed every 48 hours at 
which time all specimens were examined; those showing definite 
evidence of intergranular attack were removed. Where evidence of 
attack, as indicated by a change in color of the solution, occurred in 
less than two days, the run was interrupted to remove the failed 
specimen or specimens and the solution was changed. Maximum 
time of exposure in the acidified copper sulphate solution was 14 days. 

Preliminary tests indicated the necessity of carefully controlling 
certain factors. The original choice of concentration for the boiling 
copper sulphate — sulphuric acid solution was 13 g of CuSO,-5H.O, 
47 cc of concentrated H.SO,, and distilled water to make 1 liter of 
solution. This solution, which has been used by some investigators, 
corresponded to 0.8% of CuSO, and 8.2% of H.SO, and the ratio 
of CuSO, to H.SO, proved too low to prevent surface corrosion in 
many of the steels. Since the resultant corrosion complicated the 
evaluation of intergranular embrittlement, this solution was dis- 
carded in favor of that containing 100 g of CuSO,-5H.O, 100 cc 
of concentrated H,SO, (sp. gr. 1.84), and 900 cc of distilled water. 
This solution corresponded to 5.4% of CuSO, and 15.5% of H.SO, 
by weight. 

The scale which formed on specimens during sensitization was 
influenced by both time and temperature. In order to eliminate the 
variable which scale would introduce, it was decided to remove all 
scale. Polishing was tried and proved to be too time-consuming ; 
pickling was therefore adopted with a schedule of operations as 
follows: 


1. Pickle in 8% H:SO.+4%HCI at 160°F for 10 minutes; wash, scrub, 


and dry. 
2. Pickle in 10% HNO;+ 1% HF at 160°F for 5 minutes; wash, scrub, 
and dry. 


3. Passivate in 20% HNOs at 125 °F for 15 minutes; wash and dry. 


To ascertain whether the method of scale removal influenced the 
susceptibility to intergranular attack, check tests were made on cer- 








1268 TRANSACTIONS OF THE A. S. M. Vol. 41 


tain specimens both as pickled and as polished. These tests showed 
that the method of scale removal had no detectable effect on the 
specimens which were extremely vulnerable to intergranular em- 
brittlement. With specimens which were moderately vulnerable, it 
appeared that the extent of intergranular attack was greater in speci- 
mens which had been pickled than in specimens which had been 
polished. Typical microstructures of such specimens after corrosion 
are shown in Fig. 1. Since it is frequently commercial practice to 
finish stainless steels by pickling, it appeared logical to test the steels 
as finished in that manner. 

The susceptibility to intergranular attack of the various steels 
was determined for 12 different initial conditions, as listed in Tables 
2 to 24. A few steels were tested in only 5 different initial condi- 
tions, as may be seen from the particular table involved. 

In the first series of tests (carried out on the cold-rolled steels), 
specimens from each steel were tested in 16 sensitized conditions. 
Four sensitizing temperatures were used—840, 1020, 1200, and 
1380 °F (450, 550, 650, and 750°C). Single specimens were held 
at each sensitizing temperature for 2 hours, 2, 8, and 21 days. After 
exposure to the boiling copper sulphate solution it was apparent that 
certain of these sensitizing treatments were quite innocuous and 
could be discarded. It was decided, therefore, to decrease the number 
of sensitizing conditions to seven in all—these were 21 days at 
840 °F (450 °C); 2 hours, 2, 8, and 21 days at 1020°F (550°C) ; 
and 2 hours and 2 days at 1200 °F (650°C). A control specimen, 
not sensitized, was included in each series. 

Evaluation of intergranular embrittlement was made by obser- 
vations of: (a) change in electrical resistivity, (b) loss in metallic 
ring when the test specimen was dropped on a steel plate, (c) extent 
of cracks occurring after bend tests of 180 degrees, and (d) appear- 
ance of the corroded sections under the microscope. The interpreta- 
tion of these various tests was frequently influenced by the personal 
factor, particularly in cases where only slight evidence of failure ex- 
isted. Frequently, also, evidence of failure by one method was not 
corroborated by another. 


RESULTS AND DISCUSSION 


All specimens were examined for carbide distribution subse- 
quent to sensitizing. The type of distribution of the precipitated 
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Fig. 1—Effect_of Method of Scale Removal on Susceptibility to Intergran- 
ular Attack. a—Extremely vulnerable material after 2 days in the boiling 
acidified copper sulphate solution. Unetched. %< 100. b—Less vulnerable ma- 
terial after 6 days in the boiling acidified copper sulphate solution. Unetched. 
< 500. 


carbides was not an infallible indication of the resistance to inter- 
granular attack. Steels in which the carbides were distributed ran- 
domly were usually resistant to intergranular attack. However, 
steels which contained carbides at the grain boundaries, even though 
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these carbides were distributed as a continuous network, either were 
or were not susceptible to intergranular attack, depending on the 
time-temperature relation during sensitization. Frequently the micro- 
structures of susceptible and unsusceptible specimens of the same 
steel appeared quite similar. A rather striking illustration of this 
statement is shown in Fig. 2. This figure shows the microstructure 
of a straight carbon (0.09%) austenitic steel, initially as cold-rolled, 
after sensitizing 2 hours at 1200°F (650°C) (Fig. 2a) and after 
sensitizing 2 days at 1200°F (650°C) (Fig. 2b). Both micro- 
graphs show a precipitation of carbides at the grain boundaries and 
on various slip planes and it is evident that the microstructures re- 
sulting from the two treatments are indistinguishable. The behavior 
of these two specimens after exposure to the boiling acidified copper 
sulphate solution, however, differed radically. Specimen “a” was 
exposed 2 days and suffered severe intergranular corrosion (see left 
side of Fig. 2c). Specimen “b’’ was exposed 14 days and showed 
no evidence of intergranular attack (see right side of Fig. 2c). 
Since a total of well over 2500 individual specimens was tested, 
it is obviously impractical to present a detailed account of the test 
data procured. All data were assembled in tabular form for study. 
The performance of each specimen was then rated on the basis of 
each of the four methods of evaluation (electrical resistivity, metallic 
ring, bend test, and microstructure after corrosion). An arbitrary 
system of appraisal was used, as follows: 
A—Completely immune to intergranular attack 
Electrical resistivity—no increase 
Metallic ring—no impairment 
Bend test—no evidence of cracks 
Microstructure—no evidence of intergranular attack 
B—Practically immune to intergranular attack 
Electrical resistivity—not more than 12% increase 
Metallic ring—slightly dead 
Bend test—slight cracks 
Microstructure—slight intergranular attack in extreme surface layers 
only 
C—Moderately vulnerable to intergranular attack 
Electrical resistivity—more than 12% but not more than 25% increase 
Metallic ring—slight 
Bend test—cracked : 
Microstructure—moderately severe intergranular attack in surface 
layers only 
D—Vulnerable to intergranular attack 
Electrical resistivity—more than 25% increase 
Metallic ring—dead 
Bend test—broke 
Microstructure—intergranular attack 


E—Extremely vulnerable 
Same as D but occurring in a few days. 
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Fig. 2—Structure of Straight Carbon (0.09%) Austenitic Stainless Steel, Initially 
as Cold-Rolled, Before and After Exposure to the Boiling Acidified Copper Sulphate 
Solution. a—Sensitized 2 hours at 1200°F. Heavy carbide precipitation at grain 
boundaries and on slip planes. Etched electrolytically 10 minutes in 10% sedium 
cyanide. X 500. b—Sensitized 2 days at 1200 °F (650°C). Heavy carbide precipi- 
tation at grain boundaries and on slip planes. Etched electrolytically in 10% sodium 
cyanide. X 500. c—After exposure to boiling acidified copper sulphate solution. 
Specimen ‘“‘a” (left side of micrograph) was exposed 2 days and suffered severe 
intergranular attack. Specimen ‘“‘b’”’ (right side of micrograph) was exposed 14 days 
and showed no evidence of intergranular attack, yet both had the same type of car- 
bide precipitation. The massive gray globules attached to specimen “a” are particles 
of copper deposited from the acidified copper sulphate solution. Unetched. X 250. 
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Table Il : 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel C-1 


(Carbon = 0.025%—no stabilizing element) 





oo Sensitizing Treatment--———-—-___-___.. 
Treatment of Steel Subse- 21 ange 2 — 2 — 8 — 21 a 2 — 2 —e 


-—quent to Cold Rolling—. 

















Annealing Stabilizing None 840: °F 1020 °F 1020 °F 1020°F 1020 °F 1200 °F 1200 °F 
None None A A A D— E+ D— A A 
hour at 
None 1600 °F, A.C. A A- A Cc D— D— A A 
\% hour at 
1800 °F, W.Q. None A A A DE DE E A- A 
4 hour at \% hour at 
1800°F, W.Q. 1600°F, A.C. A A A B DE E+ A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F, A.C. A A- A B DE DE A- A 
\% hour at 
1800 °F, A.C. None A A A c-— D CD A A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F, A.C. A A A Cc-— D D A A-— 
3 min. at 
1975 °F, W.Q. None A A A CD D CD A A 
3 min. at 1 hour at 
1975°F,W.Q. 1600°F, A.C. A A A BC CD CD A A 
3 min. at 
1975 °F, A.C. None A A A B— DE ¢ A A 
3 min. at \% hour at 
1975°F, A.C. 1600°F,A.C. A A A D+ D D A A-— 
3 min. at 2 hours at 
1975°F, A.C. 1600°F, A.C. A A A Cc— D— D+ A- A- 
Table Ill 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel C-10 
(Carbon = 0.026%—no stabilizing element) 
—____--—___—_——-Sensitizing Treatment——-———— aa 
Treatment of Steel Subse- 21 Days 2 —— 2 owe 8 — 21 ae 2 a 2 yf 
—quent to Cold Rolling— 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020 °F 1020 °F 1200 °F 1200 °F 
None None A B+ A B— A A- A- A 
\% hour at 
None 1600°F,A.C. A A A- DE E E A- B— 
\% hour at 
1800 °F, W.Q. None A- A A E+ E E AB Cc-— 
\% hour at \% hour at 
1800°F, W.Q. 1600°F, A.C A A A E+ E E A B— 
\% hour at 2 hours at 
1800°F,W.Q. 1600°F,A.C. A-— A A E+ E E A- BC 
4% hour at 
1800 °F, A.C. None A A A E+ E E AB cD 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A E E E AB c 
3 min. at 
1975 °F, W.Q. None A A A E E E A- A- 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A E+ E E A- BC 
3 min. at 
1975 °F, A.C. None A A A D+ E E A BC 
3 min. at \% hour at 
1975°F, A.C. 1600°F,A.C. A A A D+ E E A C+ 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C. A A A D E E A Cc— 
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The four ratings obtained for each individual specimen were 
then averaged by assigning numerical values to the ratings (A —4, 
=3, C=2, D=—1, EO) and converting to the appropriate 
letter symbol. Plus or minus signs were used to indicate averages 
falling slightly above or below letters, respectively, and averages 
falling midway between two letters were denoted by both letters. 
These averages were then used to prepare Tables II to XXIV, in- 
clusive, which summarize qualitatively the performance of each steel 
after various annealing, stabilizing, and sensitizing treatments. The 
averaged letter symbols may be considered as an order of merit, 
bearing in mind that the differences between A and B are rather 
slight and those between D and E are very large. Since specimens 
were exposed to the boiling acidified copper sulphate solution for a 
maximum time of 14 days, specimens which were rated B and C, 
and in many cases even D, might have been rated as satisfactory 
had they been subjected to the corroding solution for the more or 
less standardized time of only 2 days. 

A noteworthy feature shown by these tables is that the sensitiz- 
ing temperature of 1200 °F (650°C), which is commonly specified, 
is too high to effect maximum susceptibility to intergranular attack. 
Exposure to a sensitizing temperature of 1020°F (550°C) is much 
more effective, provided the time of exposure is quite long. A period 
of 8 or 21 days at 1020 °F (550°C) appeared to be the most severe 
sensitizing treatment of those used. It was not unusual for steels 
which showed complete immunity to intergranular attack after sen- 
sitizing either 2 hours or 2 days at 1200 °F (650 °C) to be definitely 


Table IV 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-37 


(Carbon = 0.044%—no stabilizing element) 





- —— ——Sensitizing Treatment———————_ 
Treatment of Steel Subse- 21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 

-——quent to Cold Rolling— at at at at at at at 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 





None None A AB A E+ E D+ AB A 
\% hour at 

None 1600°F,A.C. A D AB E E E B+ A 
\% hour at 
1800 °F, W.Q. None A As A E+ E E D+ D— 
\% hour at ¥% hour at 
1800°F, W.Q. 1600°F,A.C. A A A- DE E E A E 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F, A.C. A E 


A- A= CD 


E BC D 
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Table V 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-4 


(Carbon = 0.072%—no stabilizing element) 


————————Sensitizing Treatment ———___—_- 
Treatment of Steel Subse- 21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 














-—quent to Cold Rolling—. at at at at at at at 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 
None None A D+ DE E E E E A 
\% hour at 
None 1600°F,A.C. B E E E E E CD A 
¥% hour at 
1800 °F, W.Q. None A A- A E E E E E 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. DE E E E E E E E 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. D E E E E E E E+ 
\% hour at 
1800 °F, A.C. None A D A E E E E E 
\% hour at 1 hour at 
1800°F, A.C, 1600°F,A.C. C— E E E E E E D 
3 min. at 
1975 °F, W.Q. None A A A DE E E E E 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. D E E+ E t+ E+ DE E 
3 min. at 
1975 °F, A.C. None A A A D E E E E 
3 min. at \% hour at 
1975°F, A.C. 1600°F,A.C. C D D E E E E E 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C. C+ E+ E+ E+ E E E E 
Table VI 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-23 


(Carbon = 0.113%—no stabilizing element) 








Sensitizing Treatment 
Treatment of Steel Subse- 21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 

-—dquent to Cold Rolling— at at at at at at at 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 


None None A D DE E E E E A 
\% hour at 
None 1600°F,A.C. C+ E E E+ E E+ D A 
\% hour at 
1800 °F, W.Q. None A B+ D+ E E E E E 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. E+ E+ E E+ E+ E E E 
% hour at 2 hours at 
E BC 


1800°F, W.Q. 1600°F,A.C. D E E E E E+ 





vulnerable to intergranular attack after sensitizing for either 8 or 21 
days at 1020°F (550°C). It is possible that a shorter period of 
time at a temperature higher than 1020 °F (550 °C), but lower than 
1200 °F (650°C), would be equally effective in causing maximum 
sensitization. This possibility, however, was not explored during this 
investigation. 

Considering the steels which contained no stabilizing elements 
(Tables II to VI, inclusive), it is apparent that all of these were quite 
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Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 


(Carbon 


Treatment of Steel Subse- 


-—-quent to Cold Rolling—. 
Stabilizing None 840 °F 


Annealing 
None 


None 
\% hour at 


1800 °F, W.Q. 


\% hour at 


1800 °F, W.Q. 


¥% hour at 


1800 °F, W.Q. 


hour at 
1800 °F, A.C, 
¥ hour at 
1800 °F, A.C, 
3 min. at 


1975 °F, W.Q. 


3 min. at 


1975 °F, W.Q. 


3 min, at 
1975 °F, A.C. 
3 min. at 
1975 °F, A.C. 
3 min. at 
1975 °F, A.C. 


None 
4 hour at 


1600 °F, A.C. 


None 
¥% hour at 


1600 °F, A.C. 


2 hours at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
¥% hour at 


1600 °F, A.C. 


2 hours at 


1600 °F, A.C. 


of Steel S-26 
0.068%, Columbium — 0.50%; Cb/C = 7.4) 





> 
> 


> > > > > 


> Pr PrP Pr Pr PP PP 


> > > > 
> > > > > > > PP DP 


E+ 
D 

D+ 
DE 
E+ 


Sensitizing Treatment 
21 we 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 


B+ 
DE 
E 

E+ 
E+ 
E 

E+ 


DE 
E+ 
E 
E 


A 
D+ 
E 
E+ 
E 
E+ 
E+ 
E 
D 





at at at at at at 
1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 
D 


D 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 


of Steel S-6 


(Carbon = 0.070%, Columbium = 0.61%; Cb/C = 8.7) 


Treatment of Steel Subse- 


——dquent to Cold Rolling— 
Stabilizing None 840°F 


Annealing 
None 


None 
¥ hour at 


1800 °F, W.Q. 


¥% hour at 


1800 °F, W.Q. 


¥% hour at 


1800 °F, W.Q. 


% hour at 
1800 °F, A.C. 
\% hour at 
1800°F, A.C. 
3 min. at 


1975 °F, W.Q. 


3 min. at 


1975 °F, W.Q. 


3 min. at 
1975 °F, A.C, 
3 min. at 
1975 °F, A.C. 
3 min. at 
1975 °F, A.C. 


None 
\% hour at 


1600 °F, A.C. 


None 
\% hour at 


1600 °F, A.C, 


2 hours at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
\% hour at 
1600 °F, A.C. 
2 hours at 
1600 °F, A.C. 








> 


> > > > > > > > PP 
>> > > > > > > > PP > 
>> > > > > PP DP > 


B+ 
ro 
C+ 
D+ 
CcC— 
BC 


DE 


Sensitizing Treatment-—__——__—~ 
21 ~ 2 oe 2 — 8 Days 21 — 2 ae 2 ee 


at 


AB 
ews 
D-— 
E+ 
E+ 
D 
Shae 
E 
E 
DE 
E+ 
DE 


AB 
B 
E+ 
E+ 
Was 
Cc 
Da 
E 
D 
E+ 
E 
E 


>> > > > > > > PP 
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(Carbon = 0.074%, Columbium = 79% We: = ‘<8 


Treatment of Steel Subse- 
-—quent to Cold Rolling— 


~— 





Table 1X 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 


of Steel S-12 





—_—_—————-Sensitizing Treatment -————__ —-——— 
21 Deve 2 ue 2 awe 8 aaa 21 i 2 ane 2 Days 














Annealing Stabilizing None 840°F 1020 °F 1020 °F 1020 °F 1020 °F 1200°F 1200 °F 
None None A AB A- B+ A A- A: A 
4 hour at 
None 1600°F,A.C. A A A A A A A A 
4% hour at 
1800 °F, W.Q. None A A A A A A- A A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F, A.C A A A A A A- A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A A A A \ A 
\% hour at 
1800 °F, A.C. None A A A A A- A- A A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A B+ B B— \ A 
3 min. at 
1975 °F, W.Q. None A A A A B D+ A A 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A B+ B B A A 
3 min. at 
1975 °F, A.C. None A A A A- AB Cc-— \ A 
3 min. at \ hour at 
1975°F, A.C. 1600°F,A.C. A A A AB Cc-— S \ A 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C, A A A C+ cS c A A- 
Table xX 
Effect of Various Treatments Upon = presoy to Intergranular Attack 
teel C- 


(Carbon = 0.060%, Columbium = 0.71%; 


Oe = mS 





Treatment of Steel Subse- 
-—quent to Cold Rolling— 


————————— Geusitising Treatment 
21 we 2 oe 2 “ewe 8 — 21 ~o 2 =e 2 Days 








Annealing Stabilizing None 840°F 1020 °F 1020°F 1020 °F 1020°F 1200°F 1200°F 
None None A A- A A A A- A As 
¥% hour at 

None 1600°F,A.C. A A A A A A A A 
\% hour at 
1800 °F, W.Q None A A A A A A A A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. A A A A A- A- A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A A A A A A 
\% hour at 
1800 °F, A.C None A A A A A A A A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A A A- A-— A- A 
3 min. at 
1975 °F, W.Q. None A A A A A A A A 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A A A A A A 
3 min. at 
1975 °F, A.C. None A A A A A A A- A 
3 min. at \% hour at 
1975°F, A.C. 1600°F,A.C. A A A A A A A A 
3 min. at 2 hours at 
1975 °F, A.C. A A A A A A A A 


1600 °F, A.C. 
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Table XI ‘ 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-27 


(Carbon = 0.087%, Columbium = 0.76%; Cb/C = 8.7) 











————-Sensitizing Treatment — TS 
21 a 2 ae 2 —w 8 nuee 21 awe 2 Hours 2 oe 





Treatment of Steel Subse- 
-—quent to Coid Rolling— 








Annealing Stabilizing None 840 oR 1020 °F 1020 °F 1020 °F 1020 2 200 °F 1200 °F 
None None A B+ A B A A A- A 
% hour at 
None 1600°F,A.C. A A A Cc— © AB A A 
\% hour at 
1800 °F, W.Q. None A A A D DE E+ A A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F, A.C. A A A D E+ E+ A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F, A.C. A A A CD E+ D A A 
Table XII 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-28 


Columbium = = 0.92%; 


(Carbon = — 0. 115%, 


Cb/C = — 8.0) 








-— 


——Sensitizing Treatment————_————— 


Treatment of Steel Subse- 21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 
-——quent to Cold Rolling—. at at at at at at at 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 
None None A B A- Cc— B+ A A- A 
\% hour at 
None 1600°F,A.C. A A A D+ D+ BC A A 
¥% hour at 
1800 °F, W.Q. None A A A DE E E A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. A A A D E+ E+ A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A Cc-— E+ DE A A 
\% hour at 
1800 °F, A.C. None A A A DE DE E+ A- A 
% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A D DE D-—- B+ A 
3 min. at 
1975 °F, W.Q. None A A D+ E E B-— A 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A CD E Cc-— A- A 
3 min. at 
1975 °F, A.C. None A A A E+ DE E A A 
3 min. at ¥% hour at 
1975°F, A.C. 1600°F,A.C. A A D—- E+ E+ A- A 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C. A A A E+ DE A- A- 


E+ 


vulnerable to intergranular attack after certain sensitizing treatments. 
Decrease in carbon content decreased the degree of vulnerability but 
even the two very low carbon steels tested were quite susceptible to 
attack. The ratio of chromium to nickel in steel C-1 (Table Il) was 
such that, in the presence of low carbon, appreciable amounts of delta 
ferrite were present in the microstructure. Steel C-10 (Table III) 
contained lower chromium and higher nickel so that no delta ferrite 
existed. This latter steel proved generally to be the more susceptible 
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rare Table XIII 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-17 


(Carbon = 0.117%, Columbium = 1.14%; Cb/C = 9.7) 





Sensitizing Treatment - neces, 
Treatment of Steel Subse- 21 a 2 a 2 we Ss — 21 a 2 Hours 2 ave 


-——quent to Cold Rolling— 











Annealing Stabilizing None 840 °F 1020 °F 1020 °F 1020 °F 1020 °F 1200 °F 1200 °F 
None None A B+ A- AB AB A- A A 
\% hour at 
None 1600°F,A.C. A A A A A A A A 
\% hour at 
1800 °F, W.Q. None A A A A A B+ A A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. A A A AB B AB A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A A A A A A 
\% hour at 
1800 °F, A.C None A A A A AB A A A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A BC BC B+ A A 
3 min. at 
1975 °F, W.Q None A A A A- C+ D+ A A 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A B+ B B A A 
3 min, at 
1975 °F, A.C. None A A A A- B-—- CD A A 
3 min. at \% hour at 
1975°F, A.C. 1600°F,A.C. A A A B+ D Cc A- A 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C. A A A Cc— ce Cc A- A 
Table XIV 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-18 


ee = = 0.132%, Columbium = 1.47%; Cb/C = 11.1) 








Sensitizing Treatment 
21 “ai 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 


at at at at at at 
1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 


Treatment of Steel Subse- 
-—dquent to Cold Rolling— 





Annealing Stabilizing None 840 "°F 
None None A A A A- A- A- A- A 
¥% hour at 

None 1600 °F, A.C. A A A A A A A 
\% hour at 
1800 °F, W.Q. None A A A A A A- A A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. A A A A A A- A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A A A A A A 
\% hour at 
1800°F, A.C None A A A A A A A A 
¥% hour at 1 hour at 
1800 °F, A.C 1600 °F, A.C. A A A A- B+ A- A A 
3 min. at 
1975°F, W.Q None A A A A A B A A 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A A A- As A A 
3 min. at 
1975 °F, A.C. None A A A A- A- B+ A A 
3 min. at \% hour at 
1975°F, A.C. 1600°F,A.C, A A A A B+ B A A 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C. A A A A A- A- A A 





Table XV 


AUSTENITIC STAINLESS STEEL 


Effect of Various Treatments Upon any to Intergranular Attack 
tee - 


(Carbon = 0.067%, Titanium — 0.26%; Ti/C = 3.9) 


Treatment of Steel Subse- 


of 


Sensitizing Treatment 
21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 























-—quent to Cold Rolling— at at at at at at at 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 
None None A C+ B D— E+ DE B+ A 
¥% hour at 
None 1600 °F, A.C. E+ D E E E+ A- A 
¥% hour at 
1800 °F, W.Q. None A A A E E E DE c— 
¥% hour at ¥% hour at 
1800°F, W.Q. 1600°F,A.C. A E D E E E B B 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A D D+ E E E C+ A- 
¥% hour at 
1800 °F, A.C None A A A E E E DE CD 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A Cc B- E E E C+ A 
3 min. at 
1975 °F, W.Q. None A A A C+ E E E+ E 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. AB D+ CD E+ E E Cc— D+ 
3 min. at 
1975 °F, A.C, None A A A B-— E+ E E+ E 
3 min. at ¥% hour at 
1975°F, A.C. 1600°F,A.C. A BC B+ E E E e E 
3 min. at 2 hours at 
1975°F, A.C. 1600°F, A.C. = B— B- DE E E C+ CD 
Table XVI 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-21 


(Carbon = 0.071%, Titanium — 0.32%; Ti/C = 4.5) 


Treatment of Steel Subse- 
——quent to Cold Rolling—. 


Annealing 
None 


None 
¥% hour at 


1800 °F, W.Q. 


\% hour at 


1800°F, W.Q. 


% hour at 


1806 °F, W.Q. 


\% hour at 
1800°F, A.C. 
\% hour at 
1800°F, A.C, 


3 min, at 
1975 °F, W.Q. 


3 min. at 


1975 °F, W.Q. 


3 min. at 
1975°F, A.C. 
3 min. at 
1975°F, A.C, 
3 min. at 
1975 °F, A.C. 





Stabilizing 
None 
¥% hour at 


1600 °F, A.C. 


None 
¥% hour at 


1600 °F, A.C. 


2 hours at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
\% hour at 


1600 °F, A.C, 


2 hours at 


1600 °F, A.C. 





None 








—Sensitizing Treatment 





21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 
at at at at at at 
1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 


at 
840°F 
CcC— 
AB 
A 
CD 
A- 
A 
B+ 
A 
BC 
A 
AB 


A- 


B 
AB 
A 

B 
AB 
A 
Aw 
A 
B+ 
A 
AB 
B 


D 
E+ 
E 

E 
E+ 
E 
CD 
D+ 
E+ 
DE 
E+ 
D— 


DE 
E+ 
E 

E 
E+ 
E 
D- 
E 

E 
E+ 


D 


& 
+ 


Home eeUoeea SS 


B+ 
A wi 
D 

A 

AB 
D+ 
BC 
E 

ess 
DE 
BC 
BC 


A 
A 
A= 
A 
Aan 
B+ 
A 
DE 
B 
E+ 
CD 
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re Table XVII of 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-39 


(Carbon = 0.065%, Titanium — 0.36%; Ti/C = 5.5) 





Sensitizing Treatment————_————_ 
21 awe 2 —e 2 — 8 —_— 21 — 2 — 2 Days 





Treatment of Steel Subse- 
-—quent to Cold Rolling— 


Annealing Stabilizing None 840: °F 1020 °F 1020 °F 1020 °F 1020 °F 1200 °F 1200°F 
None None A B+ A A- Roe A A A- 
\% hour at 
None 1600 °F, A.C. A A A A A A A A 
\% hour at 
1800 °F, W.Q. None A A A A- C— CcC— A- A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. A A A AB B— BC A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F, A.C. A A A B— BC BC A- A 
\% hour at 
1800°F, A.C. None A A A BC Cc— CD AB A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A BC BC B A A 
3 min. at 
1975 °F, W.Q. None A A A A E+ E A- A- 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F, A.C. A A A B Cc BC A- A- 
3 min. at 
1975 °F, A.C. None A A A AB D+ E A A— 
3 min. at \% hour at 
1975°F, A.C. 1600°F, A.C. A A A AB D D A A 
3 min. at 2 hours at 
1975°F, A.C. 1600°F, A.C. A A A 


C+ C+ CD A 


Table XVIII 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel C-6 





ee oe = 0.064%, Titanium — 0.35%; Ti/C = 5.5) 
——————————Sensitizing Treatment—— 


Treatment of Steel Subse- 


21 aoe 2 ae 2 — — 21 ave 2 Hours. 2 Days 
-——dquent to Cold Rolling— 








Annealing Stabilizing None 840 °F 1020 °F 1020 °F 1020 °F 1020 ~~ 4 200 °F 1 200 °F 
None None A A A A A- A A A 
\% hour at 
None 1600°F,A.C. A A A A A A A A 
\% hour at 
1800 °F, W.Q. None A A A A- AB Cc-— A A 
\% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. A A A A- A- A- A A- 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A-— A-— A A A A- A A 
\% hour at 
1800 °F, A.C. None A \ A AB G Cc— A- A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A A- BC B— A A 
3 min. at 
1975 °F, W.Q. None A A A A D D-—- A A- 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A AB B Cc— A A 
3 min. at 
1975 °F, A.C. None A A A A D+ E+ A B 
3 min. at \% hour at 
1975°F, A.C. 1600°F,A.C. A A B+ cD D A A- 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C. A A A C+ C+ C+ A A- 





Table XIX 


AUSTENITIC STAINLESS STEEL 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 


(Carbon = 


of Steel C-2 


0.070%, Titanium — 0.50%; Ti/C = 7.1) 


Treatment of Steel Subse- 


-——quent to Cold Rolling—. 


Annealing 
None 


None 
¥% hour at 


1800 °F, W.Q. 


\% hour at 


1800 °F, W.Q. 


\% hour at 


1800 °F, W.Q. 


\% hour at 
1800 °F, A.C. 
\% hour at 
1800 °F, A.C. 
3 min. at 


1975 °F, W.Q. 


3 min. at 


1975 °F, W.Q. 


3 min. at 
1975 °F, A.C. 
3 min. at 
1975 °F, A.C. 
3 min. at 
1975 °F, A.C. 


Stabilizing 
None 
¥% hour at 
1600°F, A.C. 


None 
\% hour at 
1600 °F, A.C. 
2 hours at 
1600°F, A.C. 


None 
1 hour at 
1600 °F, A.C. 


None 
1 hour at 
1600 °F, A.C. 


None 
\% hour at 
1600 °F, A.C. 
2 hours at 


1600 °F, A.C. 


— 


A 


| 


er we a ae: ae ee a oe 


——_—_—____—_—__-——Sensitizing Treatment————— 
21 Days 2 Hours 2 Days 8 Days 21 Days 2 


at at at at at at 
None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 


C— A 
A A 
A A 
A A 
A A 
A A 
A A 
A A 
A A 
A A 
A A 
A- A 
Table XX 


AB 
A 


> Pr Fr Pr PrP Pr PP Pe 


B+ 


A— 


A— 


B— 


A 





ours 2 Days 


A 
A 
A 
A 
A 
A 
ae 
A 
\ 
\ 
A 
A 


> 


> > > rr PP FP ee 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel C-8 


(Carbon = 0.075%, Titanium — 0.59%: Ti/C = 7.9) 


Treatment of Steel Subse- 


-——quent to Cold Rolling— 


Annealing 
None 


None 
\% hour at 


1800 °F, W.Q. 


\% hour at 


1800 °F, W.Q. 


3 min. at 


1975 °F, A.C. 


3 min. at 


1975 °F, A.C. 


Stabilizing 
None 
¥% hour at 


1600 °F, A.C. 


None 
\% hour at 


1600 °F, A.C. 


2 hours at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
1 hour at 


1600 °F, A.C. 


None 
¥% hour at. 
1600 °F, A.C. 
2 hours at 
1600 °F, A.C, 


— 








——Sensitizing Treatment——____—_ 
21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 


at 
1200 °F 


at at at at at at at 
None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 
B+ 


A-— 
A 


B+ A 
A A 
A A 
A 

A A 
A A 
A A 
A A 
A A 
A A 
A A 
A A 


A 
A 
A 
A— 


A- 


> PrP PP Pe 


AB 
A 


> rr Pr Pr PP PP Pe 


> - 
| 





> 


> PrP wo Pr Pr PP PP PP 
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Table XXI A 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-25 


(Carbon = 0.082%, Titanium — 0.37%; Ti/C = 4.5) 








Sensitizing Treatment———_——__—__. 
Treatment of Steel Subse- 21 eye 2 we 2 we 8 —_ 21 oor 2 en 2 Dove 


-—dquent to Cold Rolling— 























Annealing Stabilizing None 840 °F 1020 °F 1020 °F 1020 °F 1020 °F 1200 °F 1200 °F 
None None A CD B Cc— D+ B+ A A 
¥% hour at 
None 1600°F,A.C. A AB A E+ E+ D+ A- A 
¥% hour at 
1800 °F, W.Q. None A A A E E E B A- 
46 hour at ¥% hour at 
1800°F, W.Q. 1600°F,A.C. A B— A- E E+ E A- A 
¥% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A- DE DE E+ A- A- 
Table XXII 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-35 


(Carbon = 0.107%, Titanium = 0.44%; Ti/C = 4.1) 








—— Sensitizing Treatment——___—_—___ 
Treatment of Steel Subse- 21 a 2 a 2 — 8 uve 21 move 2 =aune 2 — 


-——dquent to Cold Rolling— 


Annealing Stabilizing None 840 °F 1020 °F 1020 °F 1020 °F 1020 °F 1200 - 1200 °F 
None None A E+ D+ DE C+ B A A 
¥% hour at 
None 1600°F,A.C. A AB A- DE E D A- A 
\% hour at 
1800 °F, W.Q. None A A A E E E D A 
% hour at ¥% hour at 
1800°F, W.Q. 1600°F,A.C. A Cc B E E E A A 
\% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A DE E+ E AB A- 
% hour at 
1800°F, A.C. None A A D— E DE B— A 
\% hour at 1 hour at 
1800°F,A.C. 1600°F,A.C. A B+ A- D DE D BC A 
3 min. at 
1975°F,. W.Q None A A A Cc— E E E DE 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A B+ AB D-—- E E B— AB 
3 min. at 
1975 °F, A.C, None A A A DE E E D— E+ 
3 min. at ¥% hour at 
1975°F,A.C. 1600°F,A.C. A B A DE E E B+ C+ 
3 min. at 2 hours at 
1975°F, A.C. 1600°F, A.C. A B+ B D— E B 


| es 





to intergranular attack except that, in the initially cold-rolled condi- 
tion, it was practically immune. 

The performance of the individual columbium- and titanium- 
treated steels may be studied by reference to the appropriate table 
but a more readily comprehensible presentation is given in Table 
XXV. In this table only the worst averaged rating of each steel, as 
presented in Tables VII to XXIV, inclusive, is used. The steels are 
arranged in Table XXV in order of Cb/C or Ti/C ratio without 
regard to the carbon content. It will be observed that, for all 12 ini- 


v 








AUSTENITIC STAINLESS STEEL 


Table XXIII ‘ 
Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-36 
(Carbon = 0.109%, Titanium = 0.54%; Ti/C = 5.0) 





Sensitizing Treatment 
Treatment of Steel Subse- 21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 
—quent to Cold Rolling—— 


i at at at at at at at 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 























None None A B— A D— B+ Be A A 
¥% hour at 

None 1600°F,A.C. A A A A A A A A 
¥% hour at 
1800 °F, W.Q. None A A A C+ > E+ A A 
% hour at \% hour at 
1800°F, W.Q. 1600°F,A.C. A A A A A A A A 
¥% hour at 2 hours at 
1800°F, W.Q. 1600°F,A.C. A A A A A A A A 
\% hour at 
1800 °F, A.C. None A A A B— C+ BC AB A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A B B A- A A 
3 min. at 
1975 °F, W.Q. None A A A B+ E+ E C+ \ 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A A- A- B A A 
3 min. at 
1975 °F, A.C. None A A A C+ DE E A- A 
3 min, at 4 hour at 
1975°F, A.C. 1600°F,A.C. A A- A A- BC B— A \ 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C. A A A C+ BC CcC— A- A— 

Table XXIV 


Effect of Various Treatments Upon the Susceptibility to Intergranular Attack 
of Steel S-32 


(Carbon = 0.105%, Titanium — 0.61%; Ti/C = 5.8) 








—————————S ensit izing Treatment ————_________ 
Treatment of Steel Subse- 21 Days 2 Hours 2 Days 8 Days 21 Days 2 Hours 2 Days 
——quent to Cold Rolling—. at at at at at at at 
Annealing Stabilizing None 840°F 1020°F 1020°F 1020°F 1020°F 1200°F 1200°F 
None None A B+ A © AB B+ A A 
\% hour at 
None 1600 °F, A.C. A A A A A A A A 
¥% hour at 
1800 °F, W.Q. None A A A A B+ Cc-— A A- 
¥% hour at ¥% hour at 
1800°F, W.Q. 1600°F,AC. A A A A A A A A 
¥% hour at 2 hours at 
1800°F, W.Q. 1600°F, A.C. A A A A A A A A 
\% hour at 
1800°F, A.C. None A A A B+ B A A A 
\% hour at 1 hour at 
1800°F, A.C. 1600°F,A.C. A A A A B AB A A 
3 min. at 
1975 °F, W.Q. None A A A A- D D A A 
3 min. at 1 hour at 
1975°F, W.Q. 1600°F,A.C. A A A A- A- A- A A 
3 min. at 
1975 °F, A.C. None A A A B+ C+ DE A A 
3 min. at ¥% hour at 
1975°F, A.C. 1600°F,A.C. A A A A- B+ B-— A A 
3 min. at 2 hours at 
1975°F, A.C. 1600°F,A.C, » A A A A- B BC A A 
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tial conditions studied, the performance of the steels improves as the 
Cb/C or Ti/C ratios increase. Apparently the carbon content within 
the range studied (0.06 to 0.13%) had little, if any, effect upon 
susceptibility to intergranular attack, the predominating factor being 
the Cb/C or Ti/C ratio. The ratings of the various steels, as given 
in Table XXV, are plotted, as an order of merit, against the Cb/C 
and Ti/C ratios in Figs. 3 and 4. 

Regardless of the initial condition of the steels, increase in Cb/C 
or Ti/C to the higher ratios had a markedly beneficial effect upon 
the resistance to intergranular embrittlement. The ratio required 
for substantial immunity varied with the initial condition of the steel. 
Of the initial conditions studied, those conferring maximum immu- 
nity to intergranular attack were as cold-rolled or as quenched from 
1800 °F (980 °C) in water. Increase in annealing temperature from 
1800 to 1975 °F (980 to 1080 °C) impaired the resistance to inter- 
granular attack. The deleterious effect of higher annealing tempera- 
tures upon susceptibility to intergranular attack has been shown by 
other investigators (8). Air cooling instead of water quenching 
after annealing was also detrimental. The stabilizing treatment ap- 
peared to be quite necessary for the titanium-treated steels but was 
generally of only slight benefit to the columbium-treated steels. In 
fact, a superimposed stabilizing treatment appeared actually to 
be detrimental to the columbium-treated steels as air-cooled from 
1800 °F (980°C). The data indicated no significant differences 
between stabilizing periods of % and 2 hours at 1600 °F (870 °C). 


SUMMARY AND CONCLUSIONS 


Data are presented on the resistance to intergranular embrittle- 
ment of 23 austenitic corrosion resisting steels (18% Cr—10% Ni 
base composition) in 12 different initial conditions. Susceptibility 
to intergranular attack was determined after 7 different sensitizing 
treatments, followed by a maximum of 14 days’ exposure in a boiling 
acidified copper sulphate solution. The following conclusions appear 
warranted : 

1. Of the various sensitizing treatments utilized, maximum sus- 
ceptibility to intergranular attack was developed by either 8 or 21 
days at 1020°F (550°C). The commonly used sensitizing treat- 
ment of 2 hours at 1200 °F (650°C) was ineffective in developing 
susceptibility in any but the most vulnerable steels. 


ow” 











1949 AUSTENITIC STAINLESS STEEL 1287 


2. The straight carbon austenitic corrosion resisting steels were 
very susceptible to intergranular embrittlement. The susceptibility 
decreased as the carbon content decreased but, with the exception 
of one low carbon steel in the cold-rolled condition only, even the 
very low carbon steels (0.025% C) were vulnerable regardless of 
heat treatment. 

3. In the columbium- and titanium-bearing steels, carbon con- 
tent within the range of 0.06 to 0.13% had no influence upon the 
resistance to intergranular attack except insofar as it influenced the 
Cb/C or Ti/C ratios. Steels having similar ratios of stabilizing 
element to carbon had approximately the same degree of suscepti- 
bility to intergranular attack regardless of the carbon content. 

4. Both the columbium- and titanium-treated steels exhibited 
greater resistance to intergranular attack as cold-rolled or annealed 
at 1800°F (980°C) and water-quenched than as annealed at 
1800 °F (980°C) and air-cooled, or as annealed at 1975 °F (1080 
°C) and either water-quenched or air-cooled. 

5. Stabilizing heat treatments at 1600 °F (870 °C) had a negli- 
gible effect upon the resistance to intergranular embrittlement of the 
columbium-treated steels. The performance of the titanium-treated 
steels carrying the higher ratios of Ti/C, however, was markedly 
improved by such treatments. Variation in time of the stabilizing 
treatments from % to 2 hours had no effect. 

6. When properly treated, substantially complete immunity to 
intergranular attack may be obtained with a minimum ratio of Cb/C 
= 10 and Ti/C = 5. For more “fool-proof” immunity, it is be- 
lieved that these ratios should be 12 and 8, respectively. 

It should be emphasized that the data and conclusions given in 
this paper refer only to the susceptibility of the test steels to inter- 
granular attack as developed under test conditions considerably 
more severe than those normally used. 


ACKNOWLEDGMENTS 


The authors are indebted to Lt. (j.g.) Dennis J. Carney and 
James Darby, Naval Research Laboratory, for assistance in melting 
the experimental steels; to G. N. Goller, Rustless Iron and Steel 
Division, American Rolling Mill Company, Baltimore, Md., for 
forging many of the steels; to M. E. Carruthers and H. I. White, 
American Rolling Mill Research Laboratory, Middletown, Ohio, 





1288 TRANSACTIONS OF THE A. S. M. Vol. 41 


for assistance in rolling the experimental steels; to J. L. Hague and 
J. T. Sterling, National Bureau of Standards, for the chemical and 
vacuum fusion analyses, respectively, and to Albert Lewis, National 
Bureau of Standards, for assistance in the early phases of the work. 

This investigation was made possible by the generous support 
of the Bureau of Aeronautics, Navy Department, and the friendly 
co-operation of N. E. Promisel and B. A. Kornhauser of that Bureau. 


References 


1. B. Strauss, H. Schottky and J. Hinniiber, “The Precipitation of Carbide on 
Annealing Corrosion Resisting Nonmagnetic Chromium-Nickel Steels,” 
Zeitschrift fiir anorganische Chemie, Vol. 188, 1930, p. 309. 

Robert H. Aborn and Edgar C. Bain, “Nature of the Nickel-Chromium 
Rustless Steels,’ TRANsActTions, American Society for Steel Treating, 
Vol. 18, 1930, p. 837. 

3. E. Houdremont and P. Schafmeister, “Prevention of Intergranular Cor- 

rosion of Steels With 18% Cr and 8% Ni,” Archiv f. d. Eisenhiitten- 
wesen, Vol. 1, 1933, p. 187. 

4. H. D. Newell, “Influence of Grain Size on the Properties and Corrosion 
Resistance of the 18-8 Iron-Chromium-Nickel Alloy for Elevated Tem- 
perature Service,’ TRANSACTIONS, American Society for Steel Treat- 
ing, Vol. 19, 1932, p. 673. 

5. P. Payson, “Prevention of Intergranular Corrosion in Corrosion-Resistant 
Chromium-Nickel Steels,’ Transactions, American Institute of Mining 
and Metallurgical Engineers, Vol. 100, 1932, p. 306. 

6. E. C. Bain, R. H. Aborn and J. J. B. Rutherford, “The Nature and Pre- 
vention of Intergranular Corrosion in Austenitic Stainless Steels,” 
a American Society for Steel Treating, Vol. 21, 1933, 
p. 

Frederick M. Becket and Russell Franks, “Effects of Columbium in 
Chromium-Nickel Steels,” Transactions, American Institute of Mining 
and Metallurgical Engineers, Vol. 113, 1934, p. 143. 

8. L. B. Pfeil and D. G. Jones, “A Contribution to the Study of the Properties 

of Seen Steels,” Journal, Iron and Steel Institute, Vol. 127, 1933, 
p. 337. 


hn 


SJ] 


DISCUSSION 


Written Discussion: By John F. Tyrrell and John C. Southard, Solar 
Aircraft Co., San Diego, Calif. 

The authors are to be congratulated on their interesting and informa- 
tive work on the embrittlement of the austenitic stainless steels and, in 
particular, for their clear and concise summary of the theories of sensi- 
tization and stabilization. The subject is of particular interest to the air- 
craft industry, since many aircraft engine components operate at tempera- 
tures in the range of sensitization and their service life depends in part on 
their resistance to intergranular embrittlement. 

The effect of nitrogen content on the ratio of stabilizing element to 
carbon was discussed but not included in the summary of results listed 
in Table XXV. If the ratios, revised to allow for the stabilizing element 
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combined with nitrogen, are considered in evaluating the results, they 
illustrate quite effectively one of the reasons why the minimum contents 
of titanium and columbium have been set higher than the amount theo- 
retically required to fix the carbon. 

Table XXVI has been compiled from the data reported in Tables I 
and XXV and shows rather clearly that when the ratio of stabilizing ele- 
ment to carbon includes the effect of nitrogen, the critical ratio required 


for stabilization approaches more closely the theoretical value (Cb/C = 7.8, 
Ti/C = 4.0). 





Table XXVI 
Qualitative Rating of Resistance to Intergranular Attack After Stabilizing 
Heat Treatment at 1600 °F 








1800°F 1800°F 1975°F 1975°F 


Cold-Rolled %Hr.—WQ %Hr.—AC 3 Min.—WQ 3 Min.—AC 
Revised + + + + os 

Steel —Ratio*— Stabiliza- Stabiliza- Stabiliza- Stabiliza- Stabiliza- 
No. Cb/C Ti/C tion -——tion—— tion tion ——tion——~ 
S-26 5.4 DE E+ E E+ DE E E 
S-28 6.7 D+ E+ E+ DE E E+ E+ 
S-27 6.7 C— E+ E+ ius as maid nts 
S-6 6.9 C— E+ E+ D— E E E 
S42 8.1 aie A A- A B— B CcC— G 
S-17 8.3 suet A B A BC B D Cc — 
S-18 9.5 aie A A- A B+ A- B A- 
C-3 9.7 ae A A- A A- A A A 
S-34 1.9 E E E E E E E 
S-21 3.4 E+ E E D— E E E 
S-35 3.6 E E t DE E E E 
$-25 oF E+ E {+ are ee ae bes 
S-39 4.3 A BC BC BC ce D CD 
S-36 4.4 A A A B B BC C— 
C-6 4.8 A A- A- BC C— D C+ 
S-32 S35 A A A B A- B— BC 
C-2 6.7 A A A A- A- A- A- 
C-8 7.6 A A- A A- A A A- 


*Cb/C and Ti/C ratio revised to allow for nitrogen content. (See authors’ Table I.) 


Recently an investigation was completed in our laboratory on the 
effect of nitrogen content on the embrittlement of thirty commercial heats 
of stabilized austenitic stainless steel sheets purchased to Specification 
AN-QQ-S 757 from various producers. The results confirmed the data 
given in Table XX VI, showing that it was necessary to include the effect 
of nitrogen in determining the critical ratio of stabilizing element to car- 
bon for freedom from sensitization. It is interesting to note that the 
nitrogen content of the thirteen 18-10-columbium samples examined had 
an average content of 0.048% nitrogen (range 0.030 to 0.070%) whereas 
the seventeen 18-10-titanium samples averaged only 0.018% nitrogen 
(range 0.010 to 0.024%). 

Binder, Brown and Franks’ also show that nitrogen must be included 
in the calculations of the critical amount of stabilizing element required 
to fix the carbon in columbium-stabilized grades. They have found, how- 
ever, that only nitrogen in excess of 0.022% would affect the amount of 


2W. O. Binder, C. M.: Brown and Russell Franks, ‘“‘Resistance to Sensitization of 
Austenitic Chromium-Nickel Steels of 0.03% Max. Carbon Content,’ TRANSACTIONS, 
American Society for Metals, Vol. 41, 1949, p. 1301. 
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columbium necessary for stabilization. This would indicate that an aver- 
age columbium-stabilized alloy should contain at least 0.17% columbium 
over that required to react with carbon. If the minimum value of effective 
nitrogen is the same for the titanium-bearing alloys, it is evident that, 
normally, no extra titanium would be necessary. However, even if all 
the nitrogen present reacted with titanium, it would still require only 
0.06% extra titanium to assure complete fixation of the carbon in an 
average sample. 

It has been emphasized by the authors that the test conditions were 
much more severe than those normally used. In our experience with 
approximately 400,000 airplane engine exhaust sets, we have found that 
there is no apparent difference in the service life of the titanium and 
columbium-stabilized grades, although the only heat treatment used was 
a solution anneal at about 1950°F (1065°C). Unstabilized grades gen- 
erally are not satisfactory. 

Written Discussion: By R. S. Stewart, assistant chief, Physical Metal- 
lurgy, Titanium Alloy Manufacturing Division, National Lead Co., Niagara 
Falls, N. Y. 

The authors are to be commended for their thorough work of evalu- 
ating so many of the factors affecting the resistance of austenitic steels 
to intergranular attack. 

The authors have found that sensitizing for 8 or 21 days at 1020°F 
(550 °C) provided the most severe effect so far as susceptibility to inter- 
granular corrosion is concerned. It should be emphasized, however, that 
this heat treatment does not simulate conditions obtained from welding 
or from any high temperature service for which these steels might be 
used. For this reason the treatment should not be considered as a sub- 
stitute for the present practice of sensitizing for 2 hours at 1200 to 1250 °F 
(650 to 675°C). The latter treatment seems to be quite adequate for test- 
ing purposes if welding is the only consideration. 

It is gratifying to note that the nitrogen contents of steels stabilized 
with titanium or columbium have been taken into consideration in this 
paper. This is more important in the case of the titanium steels than in 
the columbium steels, because titanium is a better nitride-forming element 
than columbium. The data in Table I indicate that even with the lowest 
titanium to carbon ratio investigated, essentially all the nitrogen is insolu- 
bilized, while only about one-half the nitrogen is insolubilized with the 
highest columbium to carbon ratios. It has recently been shown by Com- 
stock® that a titanium to carbon ratio of 2 is sufficient to insolubilize 
practically all the nitrogen present in either low alloy or stainless steels. 
It would seem that much of the controversy of the past regarding the 
minimum titanium or columbium to carbon ratio required for immunity 
to intergranular susceptibility, under any given condition of heat treat- 
ment, could have been avoided had allowance been made for nitrogen. 
Since the authors recognize the importance of nitrogen, it is difficult to 
understand why their conclusions are based on titanium or columbium to 


®George F. Comstock, “‘The Effect of Titanium on Nitrogen in Steel,’’ Metat Procress, 
Vol. 54, No. 3, September 1948, p. 319-322. 
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carbon ratios rather than on the revised ratios which they have calculated, 
especially so since the nitrogen contents of the steels investigated vary 
from 0.007 to 0.061%. 

Written Discussion: By J. J. Heger, research associate, Research and 
Development Division, Carnegie-Illinois Steel Corp., Pittsburgh. 

Messrs. Rosenberg and Darr are to be commended for this excellent 
investigation of the intergranular corrosion of the 18-8 stainless steels. 
The wealth of information that has been developed and reported is a 
valuable addition to our knowledge of the subject. 

As a manufacturer of stainless steels, we naturally are vitally inter- 
ested in the commercial implications arising from the interpretations of 
the results of this investigation. Accordingly, we ask consideration of 
several comments concerning the conclusions reached in this work. 

As the authors’ data show and as they state in their first conclusion, 
the commonly specified sensitizing condition of 2 hours at 1200 °F (650 °C) 
will not develop maximum susceptibility to intergranular attack. Cer- 
tainly, this observation is not a new one. Indeed, as early as 1933, Bain, 
Aborn and Rutherford* reported that the maximum susceptibility of 18-8 
to intergranular attack would be developed by heating for long times at 
temperatures between 950 and 1050°F (510 and 565°C). In other words, 
the most critical temperature for sensitization decreases with increasing 
time of exposure at temperature. However, we hasten to add that a 
majority of the applications requiring resistance to intergranular corrosion 
do not involve long heating times at these relatively low temperatures. 
Accordingly, for these applications, which include welding, the sensitizing 
conditions of 1 or 2 hours at 1200 to 1250°F (650 to 675°C) are believed 
to evaluate best the susceptibility to intergranular corrosion. 

An evaluation of the suitability of materials for long-time service in 
the temperature range of 900 to 1600 °F (480 to 870°C), in other words, 
the determination of the composition requirements necessary for com- 
plete immunity to intergranular corrosion, is more difficult than one might 
imagine. The authors have chosen a sensitizing condition of 21 days at 
1020 °F (550 °C) and used the results of long-time boils in acidified copper 
sulphate as their criterion for complete or “fool proof” immunity to inter- 
granular corrosion. Based on these results, they conclude that to obtain 
complete immunity a Ti/C ratio of 8 or a Cb/C ratio of 12 is necessary. 
These ratios are somewhat above the commercial minima of 5 and 10, 
respectively, and the authors’ results might be interpreted to indicate that 
these commercially established minima are unsatisfactory. However, in 
view of the present consideration now being given to the conservation of 
alloying elements and the fact that service experience has proven these 
commercial minima to be entirely satisfactory, we believe that the defini- 
tion of “complete immunity to intergranular corrosion” should be sub- 
jected to careful scrutiny. 

Actually, complete immunity is a relative term depending upon the 


specific criteria employed. We must agree that the authors’ criterion of 
4E. C. Bain, R. H. Abérn and J. J. B. Rutherford, “The Nature and Prevention of 


Intergranular Corrosion in Austenitic Stainless Steels,’’ Transactions, American Society 
for Steel Treating, Vol. 21, 1933, p. 481. 
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resistance to acidified copper sulphate solution following a sensitization 
of 21 days at 1020 °F (550°C) is a severe one. However, their data show 
that as the severity of the sensitization conditions increases, the Ti/C 
and Cb/C ratios necessary to insure resistance to intergranular corrosion 
also increase until, after the most severe treatment, i.e., 21 days at 
1020 °F (550 °C), a Ti/C ratio of 8 or a Cb/C ratio of 12 is required. One, 
therefore, wonders if this relationship between Ti/C or Cb/C and the 
sensitizing condition continues, to the extent that conditions more severe 
than those employed by the authors would require Ti/C and Cb/C ratios 
higher than 8 and 12 respectively. 

Conceivably, this relationship does continue and we offer for con- 
sideration the results of corrosion tests in boiling 65% nitric acid on an 
18-8 titanium material and an 18-8 columbium material, both of which had 
been sensitized for 10,000 hours at 1050°F (550°C). These results are 
summarized in Table XXVII. 


Table XXVII 





———_—_—___—_—_—__—_———Composition 


C Mn Si Ni Cr Ti Cb 
18-8 Ti 0.07 0.52 0.386 10.40 17.97 0.58 ink 
18-8 Cb 0.06 1.43 0.444 11.16 17.80 cnt 0.77 


Heat Treatment 


DE” Sasso ce celeron 1950 °F— Y% hour —Water Quench 
Se are 1550 °F— 2 hours—Water Quench 
RE wnat Scweakees 1050 °F—10,000 hours—Air Cool 


Corrosion Rate in Boiling 65% Nitric Acid 
(Inches Penetration per Month) 
ist Period 2nd Period 3rd Period 4th Period 5th Period Average 
18-8 Ti 0.0016 0.0047 0.0062 0.0076 0.0083 0.0057 
18-8 Cb 0.0044 0.0176 Roe eee Sees 0.0143 





As will be noted, the corrosion rate of the 18-8 columbium material, 
which had a Cb/C ratio of 12.8, was so high that the corrosion test was 
discontinued after but three periods. The corrosion rate of the 18-8 
titanium material, although lower than that of the 18-8 columbium mate- 
rial, was still quite high even though the Ti/C ratio was 8.3. 

The microstructures of the materials are shown in Figs. 5 and 6. As 
will be noted, a precipitate has formed at the grain boundaries of both 
materials and the amount of this precipitate is greater in the 18-8 
columbium. 

On the basis of these results, we could say that a Ti/C ratio of 8 or 
a Cb/C ratio of 12 is not sufficient to insure complete or “fool proof” 
immunity to intergranular corrosion. Perhaps, by further experimenta- 
tion, we could determine what composition requirements are necessary to 
insure resistance to intergranular corrosion in nitric acid after a sensitiz- 
ing condition of 10,000 hours at 1050°F (565°C). However, the compo- 
sition that we could select might not be resistant to intergranular cor- 
rosion after 100,000 hours at 1050 °F (565°C). In other words, since com- 
plete immunity to intergranular corrosion, as measured by laboratory 
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methods, depends so much on the criteria employed, service requirements 
should be considered before establishing composition limits. 

Although not stated by the authors, we understand that this investi- 
gation was undertaken to evaluate the suitability of materials for service 
in aircraft engine exhaust manifolds. If our understanding is correct, we 
then question the advisability of using the results of acidified copper 





Fig. 5—AISI Type 347 (18-8 Columbium) Stainless Steel, Héated for 10,000 
Hours at 1050°F. Etched electrolytically with 5% chromic acid. xX 2000. 


Fig. 6—AISI Type 321 (18-8 Titanium) Stainless Steel, Heated for 10,000 
Hours at 1050 °F. Etched electrolytically with 5% chromic acid. X 2000. 


sulphate tests on sensitized materials as a criterion for such service 
behavior, unless evidence is available to show a relationship to exist 
between the corrosive conditions of the acidified copper sulphate solution 
and the corrosive conditions existing in exhaust manifolds. 

The authors’ conclusion regarding the low carbon (0.03% max.) 18-8 
indicates that this grade is only slightly better than the higher carbon 
counterparts and thus is of little value. However, we believe that suffi- 
cient data are now available to show that these steels have satisfactory 
resistance to intergranular corrosion after short sensitizing periods. In 
fact, an examination of the authors’ data indicates that after a treatment 
of 2 hours at 1200°F (650°C) steels C-1 and C-10 are comparable in 
resistance to intergranular attack to both steel C-8, which has a Ti/C 
ratio of 7.9, and steel C-3, which has a Cb/C ratio of 11.8. Thus for 
applications involving only short heating times, the low carbon stainless 
steels may be considered as being satisfactory substitutes for the titanium 
and columbium-stabilized grades. 
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We recognize that the low carbon stainless steels are vulnerable to 
intergranular corrosion after long-time sensitizing treatments; but, as we 
have just demonstrated, the columbium and titanium-stabilized grades 
also are vulnerable after prolonged sensitization. We cannot overempha- 
size that this question of immunity to intergranular corrosion is a rela- 
tive one and should not be based alone upon the results of severe labora- 
tory tests, since such a philosophy will preclude the usefulness of many 
steels which otherwise would be entirely satisfactory. Rather, the rela- 
tive merits of each steel should be compared one with another on the 
basis of the requirements necessary for satisfactory service behavior, as 
well as on the basis of behavior under laboratory conditions of testing. 
If this is done, we cannot help but believe that the authors would modify 
their second conclusion to the extent that they would credit the 0.03% 
max. carbon stainless steels as being satisfactory substitutes for the 
columbium and titanium-stabilized grades in those applications, such as 
welding, which involve only short heating times. 

Written Discussion: By Howard Scott, manager, Metallurgical and 
Ceramic Dept., Westinghouse Electric Corp., Pittsburgh. 

Do the authors have any evidence that the sensitivity to intergranular 
embrittlement is affected by grain size? There are some indications that 
coarse-grained 18-8 requires a higher content of stabilizing agents than 
does fine-grained. 

Written Discussion: By Roger Sutton, director of engineering and 
metallurgy, General Alloys Co., Boston. 

The authors have made a very interesting and important study of 
the stabilization effect of columbium and titanium in the austenitic stain- 
less steel. 

I recognize the fact that this paper refers only to the effect of 
columbium and- titanium additions in preventing or controlling carbide 
precipitation and subsequent intergranular attack. It is believed, how- 
ever, that this highly specific attack may, in the minds of some readers, 
be confused with general corrosion rates. 

It is thought, among those of us intimately connected with the pro- 
duction and use of austenitic stainless steels, that a preponderance of 
stabilizing elements, and particularly of columbium, over that required 
for the complete “tying up” of carbon promotes the formation of an 
eutectic or an intermetallic compound which is weak, brittle, and highly 
susceptible to corrosive attack. In fact, research work sponsored by the 
Alloy Casting Institute indicates that the proper ratio of columbium to 
carbon is not 10 to 1, but slightly over 7 to 1. This is contrary to the 
recommendations of the authors that a ratio of 12 to 1 is indicated as 
more desirable. 

Have the authors any data based on over-all corrosion which might 
further clarify this point? 


Authors’ Reply 


Several of the discussers of this paper emphasize the important effect 
that nitrogen has upon the resistance to intergranular embrittlement of 


- 
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Types 321 and 347 stainless steel. Messrs. Tyrrell and Southard, using our 
revised ratios for Ti/C and Cb/C calculated as explained in Table I, 
present a table which is quite interesting in its theoretical implications. 
They recognize, however, that stainless steels do contain nitrogen and 
that minimum amounts of titanium and columbium must, therefore, be 
set high enough to allow for combination with nitrogen as well as with 
carbon if the steels are to be effectively stabilized. 

Titanium must be an avid nitride former, since in the Type 321 steels 
all of the nitrogen except traces (0.001 to 0.002%) were acid insoluble. 
The actual calculated amounts of titanium thus rendered ineffective for 
stabilization of carbon by combination with nitrogen are of interest and 
are given in Table XXVIII. 


Table XXVIII 


—__—_____—. 


Insoluble Nitrogen, % Titanium Used by Insoluble 


Steel No. (Presumably as TiN) Nitrogen, % 
S-34 0.038 0.13 
S-21 0.029 0.10 
C- 6 0.011 0.04 
S-39 0.022 0.08 
C- 2 0.009 0.03 
C- 8 0.006 0.02 
S-25 0.021 0.07 
$-35 0.015 0.05 
S-36 0.017 0.06 
S-32 0.05 


0.016 








These values may readily be calculated by the formula: 


Per cent titanium (as TiN) = 3.43 (% nitrogen — 0.001) 


Tyrrell and Southard mention that Binder, Brown and Franks’ found 
that nitrogen only in excess of 0.022% would affect the amount of colum- 
bium necessary for stabilization. Their data were secured on steels of 
higher nickel content (11.75% nickel) than ours, and furthermore, their 
steels were sensitized 24 hours at 1200°F (650°C). Reference to our 
Table | shows that much larger amounts of nitrogen are soluble in steels 
treated at higher temperatures (emphasis must be placed on the fact that 
our analyses were made on the steels as annealed at 1950 to 2000°F and 
cold-rolled). Apparently the temperatures at which the steels are treated 
have some influence on the relative proportions of soluble and insoluble 
nitrogen, at least in the columbium-treated steels. If so, it is also appar- 
ent that reference to the amount of columbium tied up as CbN is mean- 
ingless unless the temperatures at which the steels were treated are 
included. 

Mr. Stewart takes us to task for basing our conclusions on titanium 
or columbium to carbide ratios, rather than on the revised ratios as cal- 
culated in Table I. Analyses for nitrogen are not normally reported for 
stainless steels; at least we are not familiar with any specifications which 
call for such analyses. For practical purposes, such an analysis does not 
appear to be necessary; the incorporation of a sufficient additional amount 
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of columbium or titanium to take care of about, roughly, half of the nitro- 
gen in the columbium steels and all of the nitrogen in the titanium steels 
is all that is required. We feel that the titanium or columbium to carbon 
ratios recommended by us satisfies this requirement with safety. If it is 
assumed that the nitrogen content of the average type 347 steel is 0.050%, 
and that of the average Type 321 steel is 0.025%, the actual amounts of 
stabilizing elements which must be added, over and above that theoretically 
necessary to take care of the carbon, are 0.17% columbium and 0.08% 
titanium. As a matter of fact, it appears to be common practice among 
manufacturers to produce rather consistently steels which exceed the 
commercially accepted minimum ratios of Ti/C=5 and Cb/C=10 by 
fairly wide margins. 





Fig. 7—Appearance of Sample (After Bend Test) Taken From Failed Portion 
of Exhaust Collector Ring. Material—Type 302 stainless. Approximately xX 3. 


Both Mr. Stewart and Mr. Heger question the use of a prolonged 
exposure at 1020°F (550°C) as a sensitizing treatment for evaluation of 
steels suitable for welding. We realize, of course, that such a treatment 
does not simulate conditions obtained during welding and are in com- 
plete agreement with their belief that for such a purpose a 2-hour sensi- 
tize at 1200 °F (650°C) is probably adequate. The purpose of our study, 
however, was the determination of minimum Ti/C and Cb/C ratios for 
stabilization against intergranular embrittlement under severe conditions, 
and for such a purpose the 2-hour sensitize at 1200°F (650°C) is well- 
nigh worthless. 

We were surprised and chagrined that Mr. Heger so interpreted our 
paper that it appeared that prolonged exposure at 1020°F (550°C) was a 
new development for inducing maximum susceptibility to intergranular 
attack. As a matter of fact, the very excellent paper by Bain, Aborn 
and Rutherford was given as a reference in our paper and lengthy con- 
versations on the time-temperature relationships during sensitization were 
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held with R. H. Aborn, Russell Franks and others. We are sorry indeed 
for what is apparently a sin of omission in our paper. 

With reference to Mr. Heger’s question as to whether higher Ti/C 
or Cb/C ratios would be necessary for immunization as the conditions 
of severity of sensitization increase, we are inclined to believe that such 
higher ratios would not be necessary. If a steel is made with sufficient 
titanium or columbium so that, after due allowance is made for all the 
titanium or columbium that is rendered ineffective for one reason or 
another, enough is still left to combine effectively with all of the carbon 





Fig. 8—Photomicrograph of Another Sample Taken From Failed Portion of 
Exhaust Collector Ring. Material—Type 302 stainless. Right side of photomicro- 
graph shows the inside edge of the sample. This edge was in direct contact with 
the hot exhaust gases and shows severe intergranular attack. Unetched.  X 100. 


(except what is apparently the very slight amount soluble at the lower 
sensitizing temperatures), it is difficult to conceive what good purpose 
would be served by any additional amounts of these elements insofar 
as conferring resistance to intergranular embrittlement is concerned. The 
test data on the two steels offered by Mr. Heger to support his conten- 
tion that the amounts of titanium or columbium must be increased as 
the severity of sensitization increases certainly do not prove his point 
since the boiling nitric acid test, useful as it may be for evaluating general 
corrosion resistance, has been pretty thoroughly discredited as a test for 
evaluating susceptibility to intergranular embrittlement. Some recent 
data substantiating this viewpoint were given by Stewart.® Furthermore, 
as Mr. Heger allows his fancy to move from 10,000 hours to 100,000 hours 


5Raymond S. Stewart, “Resistance of Sensitized Steels to Boiling Nitric Acid,” Meta 
Procress, Vol. 52, 1947, p. 971. 
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at 1050 °F (565°C), presupposing that a steel resistant to embrittlement 
after the first treatment would not be resistant after the longer treat- 
ment, he overlooks the possibility of the healing effects which excessively 
long exposures have at sensitizing temperatures. Some data on this phe- 
nomenon are given in the paper by Bain, Aborn and Rutherford, the very 
same paper that showed the added severity of sensitizing at 1000 to 
1050 °F (540 to 565°C). On the basis of our present state of knowledge 
we believe that there can be no serious disagreement with the premise 
that severity of sensitization (as regards intergranular embrittlement) is 
dependent upon both time and temperature, and that for any selected 





Fig. 9—-Photomicrograph of Sample Taken From Another Portion of the Same 
Exhaust Collector Ring From Which the Samples Shown in Figs. 7 and 8 Were 
Taken. Material—Type 321 stainless. Lower right side of photomicrograph was in 
direct contact with the hot exhaust gases. Note freedom from intergranular attack. 
This sample was exposed for 4 days to the boiling acidified copper sulphate solution. 
Unetched. X 100. 


temperature there is an optimum period of exposure for inducing maxi- 
mum susceptibility to intergranular attack. Exceeding this length of time 
should cause the steel to improve. What effect such excessively long 
holding periods would have upon general or surface corrosion (which 
property is much better evaluated by the boiling nitric acid test) is not 
necessarily parallel to intergranular embrittlement. Mr. Heger has made 
an entirely unwarranted assumption by stating that his data and discus- 
sion demonstrate that the columbium and titanium grades are vulnerable 
to intergranular attack after prolonged sensitization, 
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With reference to the two low carbon stainless steels which were 
included in our test program, it is true, as Mr. Heger states, that after 
sensitizing 2 hours at 1200°F (650°C) their performance was comparable 
to that of steels carrying a Ti/C ratio of 7.9 or a Cb/C ratio of 11.8. 
However, when sensitized for 8 or 21 days at 1020°F (550°C), these low 
carbon steels failed badly (Tables II and III), whereas the stabilized steels 
were practically unaffected (Tables X and XX). Obviously these low 
carbon steels, as well as the stabilized grades carrying the lower Cb/C 
and Ti/C ratios, are suitable for use in applications where sensitizing 
conditions are not too severe. 

Mr. Heger’s reference to aircraft engine exhaust manifolds is, in a 
very nice way, of course, the same thought which many manufacturers 
of stainless steel have frequently expressed verbally in a much blunter 
fashion; namely, “An airplane does not fly through sulphuric acid; why 
test the steel in sulphuric?” The answer is that resistance to intergranu- 
lar embrittlement is an important requirement for certain aircraft appli- 
cations and the sulphuric acid test is a reliable means of evaluating this 
property. Whether there is or is not a relationship between the cor- 
rosive conditions of the acidified copper sulphate solution and the cor- 
rosive conditions existing in exhaust manifolds, we are not prepared to 
state. We are, however, able to state that properly stabilized steels 
(and hence resistant to the acidified copper sulphate solution) perform 
satisfactorily in aircraft exhaust collector rings and that the unstabilized 
grades do not. (See also the last paragraph of discussion by Messrs. 
Tyrrell and Southard.) Furthermore, intergranular corrosion is a major 
cause of failure in such applications. 

We have recently had occasion to examine some failed collector rings 
returned from service. Examination showed that, presumably because 
of a mix-up in material, some parts of these rings had been fabricated 
of Type 302 stainless and other parts of Type 321; the latter steel (or 
Type 347) should have been used throughout. Susceptibility to inter- 
granular attack was induced in the Type 302 material adjacent to the 
welds by the temperature effects during welding and this sensitization 
was aggravated by the heat effects of the exhaust gases during service. 
The heat from the exhaust gases was also effective in sensitizing the 302 
material remote from the welds and the corrosive action of the exhaust 
gases was effective in actually developing intergranular corrosion in this 
material, which ultimately failed from this cause. The 321 material 
showed no evidence of failure from intergranular corrosion, 

The appearance of a sample taken from the Type 302 steel in one 
of these rings is shown in Fig. 7. The sample showed numerous cracks 
after a simple bend test and the nature of these cracks will be recognized 
as typical of those caused by intergranular embrittlement. Metallographic 
examination of another sample of this steel showed severe intergranular 
corrosion, particularly at the inside surface (Fig. 8). No evidence of 
intergranular attack was observed in a sample taken from the Type 321 
steel in this ring (Fig. 9), even after a 4-day exposure to the boiling 
acidified copper sulphate solution. We offer this account and these illus- 
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trations as evidence that, as far as intergranular embrittlement is con- 
cerned, some relationship does exist between the corrosive conditions of 
the acidified copper sulphate solution and the corrosive conditions in ex- 
haust manifolds. 

With reference to the question asked by Howard Scott, our data 
indicate that superior resistance to intergranular attack was obtained 
with materials annealed at 1800°F (980°C) than when annealed at 
1975 °F (1080°C). We believe this to be an indication that grain size 
does have an effect, a trend which has been reported by others. 

We regret that we are unable to supply Mr. Sutton with any data 
on the over-all corrosion of our steels, since our study was restricted 
entirely to intergranular corrosion. The eutectic or intermetallic com- 
pound which Mr. Sutton mentioned was not observed in any of our steels. 
Perhaps this eutectic is peculiar to the cast materials only. The low ratio 
of columbium to carbon indicated by the work sponsored by the Alloy 
Casting Institute may be suitable for some uses. not mentioned by Mr. 
Sutton but is, we are certain, much too low for effective stabilization of 
18-8 against intergranular embrittlement. 








RESISTANCE TO SENSITIZATION OF AUSTENITIC 
CHROMIUM-NICKEL STEELS OF 0.03% MAX. 
CARBON CONTENT 


By W. O. BinpeEr, C. M. BRown AND RUSSELL FRANKS 


Abstract 


A basic study of low-carbon austenitic chromium- 
nickel steels was made to determine the effects of chro- 
mium, nickel, carbon, and nitrogen on their susceptibility 
to intergranular corrosion. The compositions investigated 
ranged from 16 to 25% chromium, 6.5 to 25% nickel, 
0.005 to 0.05% carbon, and 0.002 to 0.15% nitrogen. 
Additions of up to 3% molybdenum and small amounts 
of columbium were also investigated. 

Complete immunity is essential to the successful 
service of steel exposed at elevated temperatures for long 
periods of time. This work substantiates the viewpoint 
that carbon must be lowered to at least 0.02% if the steels 
are to be completely free of susceptibility to intergranular 
attack. The proper addition of columbium to steels of 
somewhat higher carbon content for complete immunity 
to intergranular attack must allow for its solubility in the 
steel and for its combination with carbon and nitrogen. 

Steels subjected to high temperatures only during 
fabrication require somewhat less than complete immunity 
to intergranular corrosion that more extended heating 
demands. Partial immunity has been studied from the 
stand point of the time-temperature-precipitation character- 
istics of the steels. The start of carbide precipitation has 
been found to be influenced by the elements chromium, 
nickel, and nitrogen. The effects of composition on the 
resistance to attack after short periods of heating at 650 
and 750°C (1200 and 1380 °F) have been summarized in 
empirical formulas. The study of the time-temperature- 
precipitation relationship was extended to steels contain- 
ing molybdenum. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, W. O. Binder 
and C. M. Brown are metallurgists, Union Carbide and Carbon Research 
Laboratories, Inc., Niagara Falls, N. Y., and Russell Franks is chief metal- 
lurgist, Electro Metallurgical Company’s Sales Development and Technical 
Service Department, Pittsburgh. Manuscript received April 14, 1948. 
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INTRODUCTION 


ARBON adversely affects the corrosion resistance of the 

austenitic chromium-nickel steels. The adverse effect of carbon 
on corrosion resistance is related to the decreased solubility of carbon 
in austenite with lowering of temperature. The precipitation of 
intergranular chromium carbide, which occurs when the steels are 
heated at temperatures between 400 and 900°C (750 and 1650 °F), 
renders them susceptible to grain boundary attack. In this condition, 
the steel may fail by intergranular corrosion when exposed to 
relatively weak corrosives. 

As a part of the effort to control intergranular susceptibility 
in the austenitic chromium-nickel steels, a basic study of steels with 
very low-carbon contents was undertaken at the Union Carbide and 
Carbon Research Laboratories to determine the effects of carbon, 
chromium, nickel, and nitrogen. The results obtained from this 
study tend to substantiate the viewpoint of the earlier workers, and 
the conclusion is that carbon must be reduced to less than 0.02% 
if the chromium-nickel stainless steels are to completely resist inter- 
granular corrosion without the addition of a carbide stabilizer. Steels 
in this classification may be heated for prolonged periods of time in 
the carbide precipitation range without loss of corrosion resistance. 

A large current use for austenitic chromium-nickel steels in- 
volves heating for only short periods of time in the carbide precipita- 
tion temperature range. This implies a partial degree of immunity to 
intergranular corrosion. A study of partial immunity has been 
carried out which has been concerned with the time-temperature- 
precipitation characteristics of the steels. The start of carbide pre- 
cipitation has been found to be influenced by the elements chromium, 
nickel, and nitrogen. An empirical equation, based on a short period 
of exposure at a given temperature in the carbide precipitation range, 
has been evolved quantitatively relating these variables. The equation 
shows that the maximum permissible amount of carbon in these 
steels is controlled by nickel and chromium. When nickel is in- 
creased, the allowable carbon content is diminished, whereas in- 
creasing chromium raises the carbon limit. However, the beneficial 
effect of chromium cannot be fully utilized because the high-chromium 
steels must contain larger amounts of nickel to maintain an austenitic 
structure. The effect of nitrogen on intergranular corrosion resist- 
ance has been found to be relatively small under these conditions. 


J 
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The study of the time-temperature-precipitation relationship was 
also extended to steels containing molybdenum. The addition of 2% 
molybdenum to 0.02 to 0.03% carbon steels increases the time for 
damaging carbide precipitation to occur. 

Small amounts of columbium may be employed to render 
the relatively low carbon steels completely resistant to intergranular 
attack. The proper amount of columbium must allow for its solid 
solubility in the steel and for its combination with both carbon and 
nitrogen. Insufficient data for other carbide-forming elements have 
been obtained to permit inclusion at this time. Their effects are 
believed qualitatively similar in most respects to the effects of 
columbium. 


LITERATURE REVIEW 


Considerable effort has been expended to devise means of 
eliminating the intergranular susceptibility of these steels. A number 
of methods have been proposed; namely, lowering of carbon content, 
cold working the steel and subsequently precipitating the carbides 
and rendering them harmless by suitable coagulating heat treatments, 
adjusting the chromium or nickel contents to form an austenitic 
structure with some delta ferrite, and introducing elements such as 
columbium and titanium which preferentially combine with carbon 
and form more insoluble carbides than chromium. Of these methods, 
only the latter has been widely used in practice. 

Since their inception, the carbon content of the austenitic steels 
has gradually decreased. When introduced some 35 years ago by 
Strauss and Maurer, the steels contained about 0.25% carbon, but the 
development of low-carbon ferrochromium has permitted the con- 
current manufacture of lower carbon steels. Under the present 
0.08% maximum carbon specification, about half of the 18% 
chromium —8% nickel steels now manufactured contain 0.05 to 
0.07% carbon. | 

The British Patent, No. 305,564 (1929), issued to F. Krupp 
A.G., states that, if the carbon content is reduced below 0.07%, no 
precipitation of carbide occurs in heating for welding operations. 
Practical experience with steels of this kind has shown that 0.07% 
carbon as a limiting value is considerably too high. Later investiga- 
tions by Bain, Aborn and Rutherford (1)*, and by Strauss, Schottky 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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and Hinniiber (2), indicate that carbon lower than 0.07% is 
necessary. 

The estimated carbon solubility limit in 18-8 steels is 0.02% at 
about 650°C (1200 °F) according to Bain, Aborn and Rutherford 
(1). . If the precipitation of carbides is related to intergranular 
corrosion, it might be expected that, if carbon were lowered to this 
level, the steel would be relatively free from intergranular corrosion 
when heated at temperatures at which carbon precipitates. That 
improved resistance is obtainable in this manner has been demon- 
strated by Krivobok, et al. (3), Becket and Franks (4), and more 
recently by Uhlig (5). Since the indications were that these very 
low carbon steels were highly resistant to intergranular attack, this 
investigation was concerned with the corrosion resistance of steels 
ranging in carbon from 0.005 to 0.03%. 


Test PROCEDURE 


The steels used in this investigation were made as small induction 
furnace heats. The charges consisted of Armco iron, 0.03% maxi- 
mum carbon ferrochromium, high-nitrogen ferrochromium, electro- 
lytic nickel, low carbon manganese metal, and silicon metal. The 
chromium content of the steels ranged from 16 to 25% and the nickel 
from 7 to 25%. The manganese content was held at 1.25% and the 
silicon at 0.4% for deoxidation purposes and good hot workability. 
Carbon ranged from 0.005 to 0.05% and nitrogen from 0.002 to 
0.15%. 

The steels were cast into 2-inch square ingots from which 
14-inch thick plate and 0.04-inch thick strip were obtained by forging 
and hot rolling. No difficulty was experienced in hot working any 
of the steels. The samples, after shearing and machining to size, 
were held 10 minutes at 1075°C (1970°F) and air-cooled. They 
were heated subsequently at several different temperatures in the 
carbide precipitation temperature range; namely, 


(a) 100 hours and 336 hours at 475 °C (890 °F) 
(b) 1, 16, and 100 hours at 550°C (1020 °F) 
(c) 1 and 24 hours at 650°C (1200 °F). 


As will be described later, the time and temperature ranges were 
expanded in certain instances for the purpose of determining the 
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shape of the time-temperature curve for the beginning of carbide 
precipitation. 

One of the most important considerations in this work has been 
the accuracy of the carbon analysis. Results obtained by ordinary 
combustion methods, where the gas was absorbed in a weighed bulb, 
proved unsatisfactory and a more sensitive method was developed 
by Messrs. R. M. Fowler, J. H. Harley and E. L. Bennet of the 
Union Carbide and Carbon Research Laboratories, Inc.- In the new 
method, which is a refinement of the conductivity methods proposed 
by Cain and Maxwell (6), Ericsson (7), and Newton (8), com- 
bustion is carried out as formerly, but the gas is absorbed in a dilute 
barium hydroxide solution. The change in conductivity of this 
solution is accurately measured in an a.c. bridge circuit and this 
reading is converted into per cent carbon. The accuracy of this 
method has been found to be within plus or minus 0.002% carbon, 
based on available Bureau of Standards samples. 

Two corrosion test media were generally employed—boiling 
acidified copper sulphate solution (50 g. CuSO,-5H,O, 50 ml. H,SO, 
(sp. gr. 1.84), 420 ml. H,O) and boiling 65% nitric acid. These 
solutions are commonly used in testing steels of this type and are 
known to produce intergranular attack if the grain boundaries con- 
tain finely divided precipitated carbides. In the copper sulphate 
test, two types of samples were used: one for bend tests, and the 
other for electrical resistance tests. Each of these samples was taken 
from the 0.04-inch thick material. The bend samples were ™% inch 
wide and 3 inches long and the electrical resistance samples were 
0.180 inch wide and 6 inches long. At the end of 1, 2, 24, 100, 300, 
and 700 hours’ boiling, the samples were removed and inspected 
either for evidence of cracking when bent or for a change in elec- 
trical resistance. Polished samples 1 inch by 1% inches prepared 
from the %4-inch thick plate were exposed to the boiling 65% nitric 
acid for five 48-hour periods. Their weight losses were converted 
into corrosion rates in terms of inch penetration per month. 

The steels in the annealed condition were also tested by means 
of a sensitive magnetic balance in order to detect the presence of 
ferrite in the structure. Fully austenitic steels required only about 
0.15 gram to break the magnetic pull, while completely ferritic steels 
required over 200 grams. Confirmatory metallographic examinations 
were also made. 
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DIscussION OF RESULTS 
Austenite—Austenite-Plus-Ferrite Phase Relationship 


As an initial step in the study of the very low-carbon chromium- 
nickel steels, experiments were made to determine the interrelation 
among chromium, nickel, carbon, and nitrogen in the formation of 
a stable austenitic structure. The reduction of carbon in austenitic 
chromium-nickel steels is accompanied by the formation of ferrite 
unless the nickel or nitrogen content of the steel is raised or the 
chromium content is lowered. It is generally felt that the main- 
tenance of an austenitic structure is advisable from the standpoint 
of workability and corrosion resistance. There is the possibility of 
using partially ferritic steels in many applications although this work 
has. centered on completely austenitic steels to prevent prejudice to 
the quality inherent in the wholly austenitic structure. 

From the magnetic balance data, taken on samples heated 10 
minutes at 1075 °C (1970 °F) and air-cooled, coupled with numerous 
metallographic examinations, curves were derived to indicate the 
necessary proportions of chromium, nickel, carbon, and nitrogen 
required to produce a completely austenitic structure. By employing 
three-dimensional scatter plots, it was possible to derive an empirical 
equation relating these elements. It was found that a plane surface 
satisfactorily divided the austenite field from the austenite-plus-ferrite 
field within the limits of the experiment. In the range of composi- 
tions studied, the equation provides a fairly simple means for deter- 
mining approximately the structure existing in a given steel. The 
final equation expressing the relationship is: 


30 (% carbon) + 26 (% nitrogen) + (% nickel) — 1.3 (% chromium) 
+ 11.1=0 (Equation I) 


It is valid within the following composition limits: 


Chromium, 18 to 25% 
Nickel, 9 to 25% 
Carbon, up to 0.05% 
Nitrogen, up to 0.15% 


The solution of this equation gives the minimum values of 
carbon, nitrogen, and nickel and the maximum value of chromium 
to obtain an austenitic structure. The coefficients of the variables 
indicate the relative austenite-forming power of each of the elements. 
Nitrogen, for example, is nearly as strong as carbon in this respect. 
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Chromium-Nickel Steels Completely Immune to Intergranular 
Corrosion 


Effect of Carbon—Complete immunity to intergranular corrosion 
is required if the steel is to be exposed at elevated temperatures for 
long periods of time under corrosive conditions. The heat treatment 
consisting of 100 hours at 550°C (1020°F) was selected as a 
criterion of complete immunity. A low temperature was required, 
as it was important that the relatively small amounts of carbon in 
excess of the solubility limit being dealt with here would have an 
opportunity to precipitate. Temperatures below 550°C (1020 °F), 
while they further decrease the solubility of carbon, had the dis- 
advantage that their diffusion coefficient was so low that extremely 
long periods of heat treatment would be required to cause precipi- 
tation, rendering the preparation of test samples laborious and im- 
practical from an experimental standpoint. Diffusion at 550°C 
(1020 °F) is rapid enough to bring about complete precipitation of 
the excess carbon in relatively short periods of time without danger 
of self-healing from coagulation. A time period of 100 hours was 
used, as past experience indicated that it was long enough to pre- 
cipitate nearly all of the carbon present in the steel. Subsequent 
corrosion tests substantiated the choice of test condition for defining 
complete immunity, as it was found that, of the test conditions em- 
ployed, heating 100 hours at 550°C (1020°F) caused the most 
severe corrosion damage. 

Although major emphasis was placed on steels containing 18% 
chromium, the study was carried out in 18 to 25% chromium steels 
of similar nitrogen content in sufficient detail to evaluate the influence 
of carbon on the corrosion resistance of a wide variety of austenitic 
compositions. The effect of carbon content on intergranular cor- 
rosion in the 18% chromium steels containing 0.03 to 0.05% nitrogen 
after heating 100 hours at 550°C (1020°F) is shown in Fig. 1. 
Curves are presented for several nickel levels between about 9 and 
12%. As indicated by these data, increasing carbon beyond a certain 
limiting value causes severe attack in the copper sulphate solution. 
The amount of nickel present is also important as the depth of pene- 
tration at any given carbon level is increased, and the critical carbon 
content for complete resistance to intergranular attack is decreased 
by larger amounts of nickel. These values for maximum allowable 
carbon indicate the extremely low level to which carbon must 
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be reduced for complete freedom from intergranular attack. 
Companion samples to those tested in boiling copper sulphate 
solution were also tested in boiling 65% nitric acid. The average 
corrosion rates obtained from these tests are summarized in the 
curves of Fig. 2. Here, again, the plotted curves are for samples 
heated 100 hours at 550°C (1020°F). In Fig. 2 the marked effect 


of increasing carbon is evident as the curves rise steeply to very 
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Fig. 1—Influence of Carbon on Depth of Intergranular 
Penetration in 18% Chromium Steels with 0.03 to 0.05% 
Nitrogen, Tested in Boiling Acidified Copper Sulphate So- 
lution After Air-Cooling from 1075 ° ae (1970 °F) and 
Heating 100 Hours at 550°C (1020 ° 


high rates with a small increase in carbon content beyond the limit- 
ing amount. The corrosion rates for steels with carbon contents 
within the solubility range are approximately 0.0005-inch penetration 
per month, which is the same as the rate observed for the annealed 
steel. Nickel is seen to be an important factor in the nitric acid 
test, as in the copper sulphate test, in regulating the severity of 
attack for a given carbon content. 

In continuing the investigation, steels with chromium contents 
greater than 18% were made. At 20 and 25% chromium levels, 
steels with varying nickel and carbon were tested in the same manner 
as the 18% chromium steels. Fig. 3 shows the penetration versus 
carbon curves for the 20% chromium steels in the boiling copper 
sulphate test for samples heated 100 hours at 550°C (1020°F). 
Fig. 4 contains the nitric acid data obtained for these same steels. 
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It is observed that the carbon content of the 20% chromium steels 
must also be reduced to less than 0.020% if the steels are to be free 
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Fig. 2—Influence of Carbon on Average Cor- 


rosion. Rate in Boiling 65% 


Chromium Steels with 0.030 to 0.050% 
After Air Cooling from 1075 °C (1970°F) and 
Heating 100 Hours at 550°C (1020 °F). 
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Fig. 3—Influence of Car- 
bon on Depth of Intergranular 
Penetration in 20% Chromium 
Steels with 0.030 to 0.050% 
Nitrogen, Tested in Boiling 
Acidified Copper Sulphate Solu- 
tion After Air Cooling from 
1075 °C (1970°F) and Heat- 
ing 100 Hours at 550 °C (i020 
° ). 


from intergranular attack in these test media. 
by increasing the nickel content at a given carbon level, more severe 


intergranular attack occurs. 


Nitric Acid of 18% 


Nitrogen 


It is again seen that, 


Figs. 5 and 6 contain similar data for 
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the effect of carbon in the 25% chromium steels in the two test 
media. Again, it is necessary in the 25% chromium range to lower 
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Fig. 4—Influence of Car- 
bon on Average Corrosion 
Rate in Boiling 65% Nitric 
Acid of 20% Chromium Steels 
with 0.030 to 0.050% Nitro- 
gen, After Air Cooling from 
1075 °C (1970 °F) and Heat- 
ing 100 Hours at 550°C 
(1020 °F). 
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Fig. 5—Influence of Carbon on 
Depth of Intergranular Penetration in 
25% Chromium Steels with 0.030 to 
0.050% Nitrogen, Tested in Boiling 
Acidified Copper Sulphate Solution After 
Air Cooling from 1075°C (1970°F) 
and Heating 100 Hours at 550°C 
(1020 °F). 


the carbon content to less than 0.020% to obtain complete immunity 


from intergranular attack after long heating at 550°C (1020°F). 
In general, the attack in boiling copper sulphate solution is less severe 
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as the chromium content is increased. However, in boiling nitric 
acid this benefit from increasing chromium is not observed. 





Effect of Nitrogen 


Nitrogen is present in all austenitic chro- 


mium-nickel steels made by normal melting practices, due to the 


affinity of chromium for nitrogen. 


Since nitrogen is very difficult 


to remove from these steels, it was important to study its effect on 
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Fig. 6—Influence of Carbon on Av- 


erage Corrosion Rate 
Nitric Acid of 25% 
with 0.030 to 0.050% 


Air Cooling from 
and Heating 100 
(1020 °F). 
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Fig. 7—Influence of Nitrogen on Depth of Intergranular Penetration 
in 18% Chromium Steels with 0.020 to 0.030% Carbon, Tested in Boiling 
Copper Sulphate Solution After Air Cooling from 1075 °C (1970 °F) and 


Heating 100 Hours at 550°C (1020 °F). 


intergranular corrosion resistance. 


It was expected that, because 


nitrogen has a pronounced effect on structure, it might cause a 


change in the limiting carbon content for complete immunity. 
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Fig. 8—Influence of Nitrogen on Average Corrosion Rate in Boiling 
65% Nitric Acid of 18% Chromium Steels with 0.020 to 0.030% Carbon, 
After Air Cooling from 1075 °C (1970 °F) and Heating 100 Hours at 550 
°C (1020 °F). 
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Fig. 9—Influence of Nitrogen on 
Depth of Intergranular Penetration in 
25% Chromium — 18% Nickel Steels with 
0.030 to 0.035% Carbon, Tested in Boil- 
ing Copper Sulphate Solution After Air 
Cooling from 1075°C (1970°F) and 
Heating 100 Hours at 550 °C (1020 °F). 


The effect of increasing nitrogen in 0.02 to 0.03% carbon steels 
is shown in Fig. 7. Complete freedom from penetration is found 
when the nitrogen content is less than about 0.020%. Increasing 
the nitrogen up to about 0.04 or 0.05% causes increased penetration 
in the range of 9 to 12% nickel, whereas further increase in the 
nitrogen content up to about 0.150% reduces the penetration in boil- 
ing copper sulphate solution to a value of only 1 to 2 mils. While 
this effect of nitrogen appears beneficial, it will be shown later that 
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0.15% nitrogen decreases the resistance of the steel to boiling nitric 
acid. Here, again, the general influence of raising nickel is to in- 
crease the depth of penetration. 

Fig. 8 for the nitrogen-bearing steels in boiling nitric acid re- 
sembles to some degree the curves of Fig. 7 for the same steels in 
copper sulphate solution. The corrosion rates rise rapidly up to 
about 0.04 to 0.06% nitrogen, fall off between about 0.07 to 0.09% 
nitrogen, and again rise as the nitrogen is further increased. The 
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Fig. 10—Influence of Nitrogen on Av- 
erage Corrosion Rate in Boiling 65% Nitric 
Acid of 25% Chromium — 18% Nickel Steels 
with 0.030 to 0.035% Carbon After Air- 
Cooling from 1075 °C (1970 °F) and Heat- 
ing 100 Hours at 550 °C (1020 °F). 


actual corrosion rates in the 0.07 to 0.09% nitrogen range are on the 
order of 0.01 to 0.02-inch penetration per month, and although less 
than the rates observed for steels with somewhat lower or higher 
nitrogen, they are still too high to be of practical interest. In Fig. 8, 
the curves plotted for different nickel contents again indicate that the 
severity of attack at a given carbon and nitrogen level is inéreased 
by raising the nickel content. 

Figs. 9 and 10 are plotted from the copper sulphate and nitric 
acid data for the high-nitrogen 25% chromium steels. While these 
data are too few to give anything but the tentative shape of the 
curves, the general trend of the results is shown. There is indication 
that some benefit is obtained with nitrogen increased to 0.15 to 
0.18%, but the nitric, acid rates are still too great to be of practical 
interest. 
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Significance of Tests of Steels Completely Immune to Inter- 
granular Corrosion—The foregoing data indicate that the carbon 
content of austenitic chromium-nickel steels containing 0.03 to 0.05% 
nitrogen must be reduced to between 0.015 and 0.02% if complete 
resistance to intergranular attack is to be attained. The limiting 
carbon content is lowered by increasing nickel at a given chromium 
level. Nitrogen increases intergranular susceptibility in the range 
of compositions studied. Chromium increases the tolerance for 
carbon, but since the nickel content must be increased to avoid ferrite 
formation and possible subsequent embrittlement, little advantage 
regarding increased resistance to intergranular corrosion can be 
gained from chromium contents higher than about 18%, that is, 
beyond the chromium content required to give general corrosion 
resistance. It is evident that, in plain chromium-nickel austenitic 
steels, the conclusions of the earlier investigations (1, 2, 3, 4, and 5) 
have been confirmed regarding the maximum carbon content con- 
sistent with complete immunity to intergranular corrosion. 


Chromium-Nickel Steels Partially Immune to Intergranular Corrosion 


The maximum carbon content required for complete immunity 
is so low that consideration was given to steels having partial im- 
munity. The precipitation of carbides in austenitic chromium-nickel 
steels is the result of a nucleation and diffusion process ; hence, under 
certain conditions of limited heating, the steels should remain free 
of intergranular susceptibility as a finite amount of time is usually 
required to produce nuclei for precipitation. In the case of 0.07% 
carbon steels, the safe time intervals are extremely short and far too 
critical for practical control. Much longer time intervals are present 
in the low-carbon steels, and it should be possible, by means of suit- 
able test procedures, to define compositions wherein limited heating 
in thé carbide precipitation temperature range would not cause inter- 
granular susceptibility. 

To establish a suitable test procedure, corrosion data for steels 
heat treated for 1 and 16 hours at 550°C (1020°F) and for 1 and 
24 hours at 650°C (1200°F) were reviewed. It appeared from 
these results that the 1 hour at 650°C (1200°F) treatment was 
quite selective, more so than the 1 hour at 550°C (1020 °F) treat- 
ment, and yet not so severe as the 16 or 24-hour treatment. More- 
over, it seemed likely that most fabricating heat cycles involving 
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continuous cooling would produce intergranular carbide precipitation 
closely approximating that produced by isothermally heating 1 hour 
at 650°C (1200°F). 

Samples of all the steels in this investigation were exposed to 
boiling acidified copper sulphate solution for up to 700 hours after 
heating 1 hour at 650°C (1200°F) to determine their resistance 
to intergranular corrosion with the results listed in Table I. A 
three-dimensional plot for chromium, nickel, and carbon was then 
prepared for all steels up to 0.05% nitrogen to picture the inter- 
relationships involved between composition and corrosion resistance. 
The data obtained from the boiling copper sulphate tests were im- 
posed on the three-dimensional model. The model then represented 
a scatter plot in three dimensions which showed that a surface could 
be described through the numerous data points dividing the region 
where intergranular attack was found from the region where no 
attack was found. The general shape of this limiting surface was 
that of a noncircular cylinder. The equation found to best fit the 
experimental data is: 


6.17 
(% carbon)*™ + 13.8 (% chromium) — 10 (% nickel) — 276 = 0 





(Equation IT) 


Small regions of uncertainty exist on each side of the given surface, 
due to errors in the chemical analyses and test procedures. The 
regions may be represented by a variation of +8 in the constant 
term of Equation II, that is, —276 +8. Twenty-two of the steels in 
Table I fall within this range. Of these steels about one-half were 
found satisfactory in the corrosion tests, and one-half were unsatis- 
factory. Outside the range of uncertainty, four steels which were 
predicted satisfactory failed in one or more of the corrosion tests, 
and six steels, predicted unsatisfactory, passed the corrosion tests. 
A schematic drawing of the limiting surface is given in Fig. 11. 
If two of the three variables are known, substituting in the equation 
gives the value of the third variable to place the composition on the 
limiting surface. If the function is solved for carbon or nickel, 
the resulting values are maximum values. Whereas, if the expression 
is solved for chromium, the resulting value is a minimum, since lower 
values of chromium move the composition into the intergranular 
attack region. For optimum corrosion resistance after 1 hour at 
650°C, the composition should fall somewhat below the limiting 
surface. 
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A second three-dimensional diagram was prepared involving 
carbon, nickel, and up to 0.15% nitrogen at a constant level of 18% 
chromium. Again points were located in space according to the 
respective compositions of the steels and these points were designated 
aS passing or not passing the copper sulphate test after 1 hour at 
650°C (1200°F). The surface formed through the scatter of 


I6-25% Chromium 
7-25% Nickel 
0 015-0 050% Carbon 







Fig. 11—-Diagrammatic Sketch of Cylindrical Surface 
Separating Regions of Composition Susceptible to, and 
Free from, Intergranular Attack After Heating 1 Hour 
at 650°C (1200°F). No attack occurs in compositions 
falling behind the surface. The small regions of experi 
mental error existing on each side of this surface are not 
shown. The axes extend from 0.015 to 0.05% carbon, from 
7 to 25% nickel, and from 16 to 25% chromium. This 
figure is not drawn to scale. 


points in space was again determined to be cylindrical with the same 
function existing between carbon and nickel as the directrix of the 
cylinder. The cylinder was observed, however, to be practically 
parallel to the intersection of the 0% carbon and 0% nickel planes, 
indicating that, as closely as could be determined, varying nitrogen 
had no effect on the intergranular corrosion resistance of steels 
heated 1 hour at 650°C (1200°F). Modification of the above 
function for the limiting intergranular corrosion surface to include a 
nitrogen term is, therefore, unnecessary because the coefficient of 
the nitrogen term would be zero. 

The fact that nitrogen apparently does not affect the inter- 
granular corrosion resistance after heating for 1 hour at 650°C 
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(1200 °F) has an interesting corollary. If nitrogen is added to the 
steel, the nickel content may be reduced, and an austenitic structure 
will be maintained. A reduction in the nickel content permits the 
carbon to be carried at a higher level without moving the composition 
into the intergranular corrosion region. This is probably best illus- 
trated by Fig. 12. Line AB represents the trace of the intergranular 


(1) Austenite - No Intergranular Attack 

(2) Austenite + Ferrite- No Intergranular Attack 
(3) Austenite- Intergranular Attack 

(4) Austenite + Ferrite- Intergranular Attack 


Nickel, % 





0 Ol .02 03 04 
Carbon, % 


Fig. 12—Plot Showing the Effect of Nitro- 
gen in Enlarging the Range of Compositions 
Which Are Austenitic and Free from Inter- 
granular Attack After Heating 1 Hour at 650 
°C (1200 °F). 


attack surface on the 18% chromium plane. It is seen that, when 
the nitrogen content is raised, the austenite — austenite-plus-ferrite 
line CD moves in the direction of lower nickel, to position EF, 
thereby enlarging the area of composition where austenitic steels 
are free from intergranular attack after heating 1 hour at 650°C 
(1200°F). It should be pointed out, however, that the enlargement 
of the area due to increased nitrogen is somewhat less at higher 
temperatures than at 650°C (1200°F). Further data on the effect 
of nitrogen are presented later in the paper. 

The results obtained from boiling nitric acid tests conducted on 
companion samples agree closely with those of the boiling acidified 
copper sulphate test. In some cases the corrosion rate increased 
after heat treatment at 650°C (1200°F), even though no attack 
occurred in the acidified copper sulphate solution. However, the 


wT 
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maximum rate did not exceed about 0.002-inch penetration per month 
in the fifth 48-hour test period, and a maximum average rate of 
about 0.0013-inch penetration per month for five periods may be 
expected for steels defined by Equation II. The actual nitric acid 
data are given in Table I. 

Further Study of the Time-Temperature-Precipitation Relation- 
ship—While the foregoing equation defines steels having suitable 
corrosion resistance after heating 1 hour at 650°C (1200°F), it 
gives no information about the time-temperature-precipitation char- 
acteristics of the steel at other times and temperatures. It is known, 
for example, that carbide precipitation occurs most rapidly in the 
austenitic chromium-nickel steels at about 750°C (1380°F) and 
less rapidly as the temperature is decreased below this temperature 
or is increased above it. The temperature of 750°C (1380 °F) 
appears to provide optimum conditions for nucleation and diffusion. 
At higher temperatures, the nucleation rate is less rapid, and at lower 
temperatures the diffusion rate of chromium and carbon is less rapid 
than at 750°C (1380°F). The general shape of the precipitation 
curve roughly approximates the shape of the letter “C’”’. The portion 
of the curve where precipitation begins earliest will be defined here 
as the nose of the curve. 

Knowledge as to the location of the nose of the curve is a guide 
in estimating the susceptibility of a steel to intergranular precipita- 
tion. If the nose is located too close to the point of zero time, short 
periods of heating, such as experienced in fabrication heat cycles, 
will cause carbide precipitation to occur. Obviously, the steel would 
be less susceptible to intergranular attack if it were possible to shift 
the nose of the curve farther away from zero time. Because of the 
importance of time-temperature data, the shape of the curve was 
determined for a number of the steels. While it would have been 
desirable to develop the curve for each steel, the time and labor 
required to establish such curves made it impossible to do so except 
in relatively few cases. Sufficient data were obtained, nevertheless, 
to indicate the general characteristics of the very low-carbon steels, 
and to permit the determination of an empirical equation for calcu- 
lating the time to the nose of the curve from knowledge of compo- 
sition of the steel. 

The method of developing these curves follows: Samples, 0.04 
inch thick, for electrical resistance tests were prepared and annealed 
by heating 10 minutes at 1075 °C (1970 °F) followed by air-cooling. 
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Fig. 13—-Time-Temperature-Precipitation Curves 
Showing the Effect of Changing Carbon Content in 
Austenitic 18% Chromium Steels Containing 10.5 to 
11.0% Nickel. Tests made in boiling acidified copper 
sulphate solution. 


These samples were then heated at temperatures in the range 475 
to 870 °C (890 to 1600 °F) for various periods of time. They were 
exposed to the boiling acidified copper sulphate solution for periods 
up to 700 hours, and the corrosion damage was determined by meas- 
uring the change in electrical resistance of the sample and by bend 
tests. A scatter plot was then prepared on temperature versus log 
time co-ordinates, and a curve constructed to separate the regions 
subject to, and free from, intergranular attack as indicated by the 
corrosion data. The presence of intergranular attack was taken as 
the criterion of carbide precipitation. 


The curves in Fig. 13 are for 18% chromium steels with 10.5 


- 
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to 11.0% nickel, about 0.04% nitrogen, and carbon from 0.050 to 
0.021%. In the 0.050% carbon steel, the minimum time for pre- 
cipitation is about 37 seconds. For the 0.021% carbon steel, the 
nose time is about 270 seconds, indicating how lowering the carbon 
increases the time for precipitation. In each case the temperature 
corresponding to the minimum time is approximately 750°C 
(1380°F). It will be observed that, in the 0.021% carbon steel, 
the curve retreats rather sharply to 650 °C (1200 °F) and then falls 


1650 
—@— 1470 
& 
le 1290 
€ Le 
—— 1110° 
+ 930 


18.02% Cr-14.97% Ni- 0.026%C -0.027% 
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£ +--+ 
2 ee 
oO = | 





| lO 10? 10% 104 - 
Time, Seconds 
© No Intergranular Attack 
® Intergranular Attack 


Fig. 14—Time-Temperature-Precipitation Curve for 18% 
Chromium — 15% Nickel — 0.026% Carbon Steel. Tests made in 
boiling acidified copper sulphate solution. 


continuously to lower temperatures. This behavior cannot be fully 
explained at this time, but the formation of some ferrite on holding 
below 650°C (1200°F) may be responsible for the change of 
direction, since the solubility of carbon is less in ferrite than in 
austenite. 

Fig. 14 contains the curve for a steel containing about 18% 
chromium and 15% nickel. The effect of nickel on decreasing the 
time for precipitation is clearly seen by comparing this curve with 
the second curve of Fig. 13, which represents a steel of nearly the 
same composition, containing 10.75% nickel. 

The curves of Fig. 15 are presented to indicate that nitrogen 
moves the nose of the curve to the left. The power of nitrogen to 
cause this movement is, however, much smaller than the power of 
carbon. It is important to observe that nitrogen is influential at 
750 °C (1380 °F) in contrast with its lack of influence after heating 
1 hour at 650°C (1200°F) as previously shown. 

The effect of chromium on the shape of the curve is given in 
Fig. 16 for an austenitic 25% chromium —21% nickel steel. The 
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Fig. 15—Time-Temperature-Precipitation Curves 
Showing the Effect of Changing Nitrogen Content in 
Austenitic 18% Chromium -— 9% Nickel — 0.025% Carbon 
oe Tests made in boiling acidified copper sulphate 
solution. 
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Fig. 16—Time-Temperature-Precipitation Curve for 
25% Chromium - 21% Nickel — 9.028% Carbon Steel. Tests 
made in boiling acidified copper sulphate solution. 


minimum time for precipitation to occur in this steel is 110 seconds, 
which indicates that there is no advantage to be gained in increasing 
the time for precipitation in higher-alloy steels. 

The data for these curves and for several others similarly deter- 
mined have been studied from a quantitative point of view. Factors 
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have been derived by a method of successive approximations which 
express the respective effects that the four elements have in deter- 
mining the time to the nose of the curve. These factors have been 
combined into an equation which predicts the time, t, in seconds, to 
the nose of the curve. The equation follows: 

t= 63.5 (% chromium) — [50.5 (% nickel) + 6820 (% carbon) 


+ 1037 (% nitrogen) ] — 178 
(Equation IIJ) 


The data on which this function is based were obtained on steels with 
carbon and nitrogen contents greater than 0.020% and for nickel 
contents at least great enough to form a substantially austenitic steel 
at the chromium level in question. 

The calculated minimum times for precipitation to start, in 
austenitic steels meeting the 1 hour at 650°C (1200°F) test, range 
between about 120 and 270 seconds. This difference in time is due 
to the possibility of selecting a variety of carbon and nickel contents 
satisfying Equation II, with shorter times occurring for the high- 
nickel, low-carbon combinations. An example of the change in nose 
time due to variations in carbon and nickel content follows: An 18% 
chromium — 10.5% nickel—0.025% carbon steel has a nose time of 
220 seconds, whereas an 18% chromium—13.5% nickel —0.02% 
carbon steel has a nose time of 110 seconds, each steel containing 
0.04% nitrogen. An increase in nose time can be obtained by 
adjusting the nickel and nitrogen contents as was mentioned pre- 
viously. For example, an 18% chromium —7.6% nickel — 0.025% 
carbon —0.15% nitrogen steel has a nose time of 250 seconds. 

In order to check the applicability of Equations II and III, a 
steel composition was selected for welding tests. This composition, 
approximately 18% chromium, 11% nickel, 0.025% carbon, with 
normal manganese, silicon and nitrogen, was chosen as being able to 
resist intergranular attack after the 1 hour at 650°C (1200°F) 
heat treatment. The experimental weld was made by butting to- 
gether the prepared faces of two %-inch thick plates, each about 2 
inches wide and 15 inches long, and joining them in a single pass 
by the Unionmelt process. The electrode was of the same composi- 
tion as the plate metal. This technique was used, since it was be- 
lieved that conditions for intergranular precipitation would be inten- 
sified by the narrow plate width and high heat input of the single- 
pass weld. Had wider plates been used, more rapid cooling through 
the carbide precipitation temperature range would have resulted, due 
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to the increased quenching effect of the greater mass of metal. 

Samples taken from the experimental weld showed no signs of 
intergranular susceptibility when submitted to corrosion tests in the 
as-welded condition or after stress relieving 2 hours at 870°C 
(1600 °F). The appearance of samples tested for five 1-hour periods 
ina 10% nitric acid — 3% hydrofluoric acid solution at 70 °C (160 °F) 
is shown in Fig. 17. In boiling 65% nitric acid, the average corrosion 
rate of 0.0006-inch penetration per month for as-welded and stress- 
relieved samples is the same as for unwelded plate samples of this 
steel, as given in Table IT. 


Table Il 


Boiling 65% Nitric Acid Corrosion Data for Unionmelt Weld in %-Inch Thick Plate 
of Low-Carbon Austenitic 18% Chromium-Nickel Steel 


Chemical Composition, % 


Plate and Electrode Weld Metal 
Cr 17.92 ty 
Ni 10.97 cata 
Mn 1.10 ae a Gia 
Sn 0.41 ss la 
c 0.026 0.026 
N 0.031 0.035 


Corrosion Rate 
Inch Penetration 
per Month 


Sample Condition Average 5 Periods 
Welded Plate As-welded 0.00057 
Welded Plate Welded, heated 2 hr. at 870 °C and air-cooled 0.00062 

Plate Heated 10 min. at 1075 °C and air-cooled 0.00063 

Plate Heated 10 min. at 1075 °C and air-cooled, 
reheated 2 hr. at 870°C and air-cooled 0.00060 





Two other welding tests were also made. The results are 
given pictorially in Fig. 17. In one case, a plate of about the same 
composition and size as that mentioned above was welded by the 
multiple-pass hand arc method. The plate metal was again free from 
intergranular corrosion in the as-welded or the stress-relieved con- 
dition, but the weld metal was severely corroded, due to an increase in 
its carbon content during welding. The second case involved the hand 
are welding of Type 304 steel plates, containing 0.06% carbon, of the 
same size as the previous 0.025% carbon steel plates. The corrosion 
tests on samples from this weldment showed severe granulation in 
both the as-welded and stress-relieved conditions. 

In summary, it is fair to say that Equation II, developed for 
selecting steels having partial immunity, provides a sound first 
approximation of the composition balance required. Obviously, any 
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Fig. 17—Appearance of Welds in %-Inch Thick Plate After 1 Hour in 10% 
Nitric Acid — 3% Hydrofluoric Acid Solution at 70°C (160 °F). a and b—Union- 
melt welds. c, d, e, f—Hand-arc welds. a, c and e—As-welded. b, d and f—Stress- 


relieved. 
Composition Cc Mn Si N Cr Ni 
a and b 0.026 1.10 0.41 0.031 17.92 10.97 
candd 0.026 1.32 0.36 0.035 18.38 11.68 
e and f 0.062 1.10 0.41 0.034 18.06 8.51 


selection of steels on the basis of the 1 hour at 650°C (1200 °F) 
criterion should be accompanied by a calculation of the minimum 
time for precipitation to begin, so that the final composition will 
best withstand the heating cycle to which it will be subjected. Since 
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Fig. 18—Metallographic Structure of Steel Containing 17.90% Chromium, 12.60% 
Nickel, 0.005% Carbon, and 0.002% Nitrogen. Etchant: Aqua regia in glycerine. 
x 2000. a—Heated 10 minutes at 1075 °C (1970 °F) and air-cooled. Austenite. b— 
Heated 10 minutes at 1075 °C (1970 °F) and air-cooled, reheated 100 hours at 550° C 
(1020 °F). Austenite. 


both equations are based on isothermal heat treatments, they should 
be applied conservatively where continuous cooling heat cycles are 
involved. 

Microstructure—Throughout the investigation of the resistance 
of the low-carbon chromium-nickel steels to intergranular suscepti- 
bility, considerable metallographic work was done. This was carried 
out in order to have a check on the grain size of individual heats 
and to observe the precipitated grain boundary material. In general, 
it can be stated that the austenitic grain size of the steels varied 
between about 4 and 6. The structure was not greatly different from 
the structure observed in ordinary austenitic chromium-nickel steels 
except that, since these steels contain lower carbon, the amount of 
carbide precipitate was proportionally reduced. When the carbon 
content of a fully austenitic steel was reduced to less than 0.015 
to 0.020%, no intergranular carbide precipitate was found, even 
after long holding in the precipitation temperature range. 

Fig. 18 shows the structure of a steel containing about 18% 
chromium, 13% nickel, 0.005% carbon, and 0.002% nitrogen. In 
the annealed condition and after heating 100 hours at 550°C 


wl? 
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Fig. 19—Metallographic Structure of Steel Containing 17.83% Chromium, 11.38% 
Nickel, 0.023% Carbon, and 0.040% Nitrogen. Etchant: Aqua regia in glycerine. 2000. 
a—Heated 10 minutes at 1075 °C (1970 °F) and air-cooled. Austenite. b—Heated 10 
minutes at 1075 °C (1970 °F) and air-cooled, reheated 100 hours at 550°C (1020 °F). 
Austenite + carbide. c—Heated 10 minutes at 1075 °C (1970 °F) and air-cooled, re- 
heated 1 hour at 650 °C (1200 °F). Austenite. 


(1020 °F), the grain boundaries are free from precipitated material. 
A steel containing about 18% chromium, 10.75% nickel, 0.025% 
carbon, and 0.03% nitrogen is illustrated in Fig. 19. In this steel 
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Fig. 20—Metallographic Structure of Steel Containing 26.39% Chromium, 15.48% 
Nickel, 0.005% Carbon, and 0.041% Nitrogen. Etchant: Electrolytic 5% nital after 
electropolishing. >< 250. a—Heated 10 minutes at 1075 °C (1970°F) and air-cooled. 
Austenite + delta ferrite. b—Heated 10 minutes at 1075 °C (1970°F) and air-cooled, 
reheated 1 hour at 650°C (1200 °F). Austenite + sigma + delta ferrite. 


the precipitation of carbide at the grain boundaries is readily evident 
after heating for 100 hours at 550°C (1020°F). This same steel 
heated for 1 hour at 650°C (1200 °F) is also given in Fig. 19, and 
the micrograph shows a freedom from grain boundary precipitate. 

Emphasis has been placed on maintaining an austenitic structure 
in the steels in order to prevent the rapid formation of the sigma 
phase. To briefly illustrate the decomposition of ferrite in a steel 
containing a substantial amount of this phase in its annealed struc- 
ture, Fig. 20 is presented. Here it will be observed that heating for 
1 hour at 650°C (1200°F) has caused the change of a large pro- 
portion of the ferrite into sigma phase. 

Mechanical Properties—Reducing the carbon content of the 
austenitic 18% chromium-nickel steels, as illustrated by the data in 
Table III, causes a small decrease in yield and tensile strengths in 
the annealed condition when compared with 0.06% carbon Type 304 
steel. The ductility, however, is practically unaffected. 

Welds in these steels also possess satisfactory mechanical prop- 
erties as shown in Table IV. These data, obtained on Unionmelt 
welded %4-inch thick plate, show that the impact strength of the weld 
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is of a high order even when tested at —183 °C (—295 °F) in either 
the welded or stress-relieved condition. 


In order to determine whether the steels were subject to em- 
brittlement after short heating periods, impact tests were made on 
samples heated at 550, 650, and 870°C (1020, 1200, and 1600 °F). 


Table Ill 
Mechanical Properties of Low-Carbon Austenitic 18% Chromium-Nickel Steels, 
Annealed Condition 


Yield 
Strength Tensile Elonga- 


——Composition, To 0.2% Offset Strength tion 


” Ce Ni Mn Si 


/ 


Cc N psi psi in2In.,% 
Type 304 (0.06% C) 31,000 86,000 63 
17.99 9.71 0.98 0.30 0.025 0.015 28,000 82,000 50 
18.78 11.32 1.26 0.47 0.028 0.028 25,000 77,000 58 
17.92 12.64 1.27 0.50 0.022 0.027 27,000 77,000 61 
17.90 12.60 Bi ati 0.005 0.002 26,000 67,000 56 


Tests made on 0.035 to 0.040-inch thick strip. 








The data are shown in Table V. No change in impact toughness 
was observed after 336 hours’ heating at any of the test temperatures. 
Only a small loss in toughness was found when the heating was pro- 
longed to 1 month at 870°C (1600 °F). 


a 


| 


Table IV 


Mechanical Properties of Low-Carbon Austenitic 18% Chromium-Nickel Steel 
Unionmelt Weld in 4%2-Inch Thick Plate 


Yield Elon- 








Strength _ gation Red. Izod Impact 
Plate and Electrode 0.2% Tensile in in —ft-lb.—_, 
~————Composition, %- Condi- Offset Strength lin. Area Room —183 


Cr Ni Mn Si Cc N tion psi psi % % Temp. °C 
17.92 10.97 1.10 0.41 0.026 0.031 1 29,000 68,000 54 59 72 39 
17.92 10.97 1.10 0.41 0.026 0.031 2 a 75 40 


1 = As-welded. = Welded and heated 2 hours at 870 °C. 





Summary of Tests of Steels Partially Immune to Intergranular 
Corrosion—Empirical formulas have been derived to allow steels 
containirig carbon, chromium, nickel, and nitrogen to be balanced 
with respect to composition so as to resist intergranular carbide pre- 
cipitation for 1 hour at 650°C (1200°F) and about 200 seconds 
at 750°C (1380°F). The isothermal nature of the tests has been 
described and the results of these tests show that it is possible to 
produce an effective degree of resistance to intergranular corrosion 
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Table V 


Effect of Heating at 550, 650 and 870°C on Toughness of Austenitic Low-Carbon 
18% Chromium-Nickel Steel 





Test c7—Iizod Impact Value, ft-lb.— 
—_—_Composition, % on Temp. 1 4 100 336 720 
Cr Ni Mn Si Cc N “ Hr. Be. Hr. Hr. Hr. 
18.48 10.41 1.33 0.51 0.027 0.043 550 oe ota 98 96 
650 a Pe 94 94 SF 
870 96 96 96 94 71 








at carbon levels that are greater than the 0.015 to 0.020% maximum 
carbon content required for complete immunity. 


Molybdenum-Bearing Chromium-Nickel Steels 


The above study of the austenitic chromium-nickel steels gave 
rise to the question of how other alloying elements affect the com- 
position and time-temperature relationships. One element of interest 
is molybdenum as it is introduced into steels of this type to increase 
their resistance to corrosion in reducing media. The commercial 
grades of molybdenum-bearing steels are known to be susceptible to 
intergranular corrosion and require stabilization with columbium if 
the steel cannot be annealed after fabrication. In view of the wide- 
spread usage of these steels in the chemical industry, it is important 
to know the extent to which they can be rendered resistant to inter- 
granular attack by lowering carbon. With this purpose in mind, 
steels containing about 0.03% carbon, 18% chromium, 10 to 15% 
nickel, up to 3% molybdenum, together with normal amounts of 
manganese and silicon, were tested after heating at 475, 550, and 
650 °C (890, 1020, and 1200 °F). 

It appeared from the results of corrosion tests in boiling acid- 
ified copper sulphate solution on samples exposed for relatively long 
periods of time at 475, 550, and 650°C (890, 1020, and 1200 °F) 
that heating at 650°C (1200°F) produced a marked susceptibility 
to intergranular attack. Therefore, the same test procedure as pre- 
viously described for the austenitic chromium-nickel steels was 
adopted to establish the compositions of austenitic chromium-nickel- 
molybdenum steels having partial immunity to intergranular corrosion. 

The results of these tests on samples heated 1 hour at 650°C 
(1200 °F), shown in Table VI, were plotted on a three-dimensional 
model where molybdenum, carbon, and nickel were the variables and 


- 
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chromium and nitrogen the constants. The shape of the limiting 
surface was again cylindrical, differing from the surface shown in 
Fig. 11 only in that the slope of the directrix was greater. This 
indicates that molybdenum is more powerful than chromium in 
increasing the time before damaging precipitation takes place. The 
empirical equation for this surface was calculated, and when com- 
bined with Equation II gave the following results: 


6.17 


———— + 13.8 [(% chromium) + 2.25 (% molybdenum) ]} 
(% carbon )°™* 


— 10 (% nickel) — 276 = (Equation IV) 





10 10 105 104 10° 10& 
Time, Seconds 


© No Intergranular Attack 
® intergranular Attack 


Fig. 2i—-Time-Temperature- fg oe n C urve for 
an hatiealtie 18% Chromium — 15 Nickel — 2% Molyb- 
denum — 0.030% Carbon Steel. Tests made in boiling 
acidified copper sulphate solution. 


These data are in agreement with the widely-held opinion that 
molybdenum imparts increased resistance to intergranular corrosion. 

Fig. 21 shows the time-temperature-precipitation curve for a 
steel containing 17.78% chromium, 14.37% nickel, 0.030% carbon, 
0.024% nitrogen, and 2.04% molybdenum. About 600 seconds is 
observed to be the minimum time for precipitation to occur in the 
2% molybdenum steel which is an increase of 350% in nose time 
when compared with a steel containing 18% chromium, 10.5% 
nickel, and 0.03% carbon. In view of the marked increase in time 
for carbide precipitation to start in the molybdenum-bearing steels, 
it would be expected that compositions predicted on the basis of 
1 hour at 650°C (1200°F) tests would be amenable to welding. 

The results of actual welding tests are of interest here. A steel 
containing 18.19% chromium, 13.95% nickel, 0.020% carbon, 0.03% 
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Table VI 
Corrosion Data for Molybdenum-Bearing Austenitic Chromium-Nickel Steels 
of Low-Carbon Content 
Corrosion Rate 
Inch Penetration , 
Boiling Acidified per Month 

Copper in Boiling 65% 
r-—Sulphate—, ——Nitric Acid— 

= —- BYseo 
©  & S888 cv 23 
. oe : ws U.5 eis | Oe sfc, tTies 
Heat —_—_— Composition, %—————_——"_, &“* Se & oRe wo & were es 
No. Cr Ni Mn Si i N Mo OS we MES Se, esa, 
L.2 18.02 14.97 1.43 0.47 0.026 0.027 . - 0 4 0.00046 0.00055 
b 3-300 210 0.051% 0.0208% 
Cc 2-300 43 0.00340 0.00197 
d 3 1600 0.0700 0.0333 
K969 18.3* 12.5* 1.4* 0.4* 0.026 0.028 1.01 a 0 0 0.00073 0.00073 
b * 2-1 8 0.00200 0.00130 
c 2-1 0 0.00081 0.00074 
d 2 29 0.0540 0.0168 
711 16.3" %32.25° 1.47 @4° @072 @007 21° «2 0 1 0.00084 0.00075 
b 2-1 2 0.0125 0.0110 
c 2—300 10 0.03752 0.02167 
d 3-24 7400 0.041! 0.041! 
L710.18.3° 13.8° 1.4° ©6.4° 0.6053 ©6.029 2:3" a 0 0 0.00072 0.00071 
b 2-2 2 0.0181 0.0117 
c 1-300 3 0.044% 0.0205% 
d 3-24 2800 0.044! 0.044! 
L709 18.3° 13.75* 1.4% 0.4* 0.031 0.027 2.1* a 0 4 0.00065 0.00059 
b 0 1 0.00540 0.0027 
c 0 0 0.00410 0.00260 
d 2-100 10 0.0534 0.0194 
L310 18.05 11.82 1.09 0.29 0.033 0.025 2.16 a 0 0 0.00078 0.00063 
b 0 0 0.00087 0.00067 
Cc 0 0 0.00100 0.00080 
d 2-300 42 0.08704 0.04004 
L323 17.96 13.62 1.23 0.43 0.018 0.032 2.23 a 0 0 0.00126 0.00090 
b 0 0 0.00146 0.00098 
c 0 0 0.00218 0.00130 
d 1 10 0.02904 0.03354 
L311 17.78 14.37 1.28 0.40 0.030 0.024 2.04 a 0 0 0.00102 0.00078 
b 0 0.3 0.00110 0.00081 
Cc 0 0 0.00320 0.00178 
d 2-300 31.5 0.07402 0.0398? 
L715 18.3% 14.75* 1.4* 0.4* 0.069 0.026 3.1* a 0 2 0.00098 0.00088 
b 1 0.5 0.0032 0.00231 
c 2 8 0.0484 0.02184 
-d 3-24 11,200 0.0401 0.040! 
L734 38.3° ° 15:67 17.47 @8° 0.066 06.027 3.1" @ 0 0 0.00078 0.00079 
b 0 0.5 0.0036 0.00237 
Cc 0 3 0.00990 0.00500 
d 2-24 3.4 0.0291 0.0291 
L7is Maa” | OUP) CLS” OCGA COGRI6G (UU 3.1" 6 0 2 0.00097 0.00086 
b 0 0 0.00232 0.00151 
Cc 0 2 0.00610 0.00300 
d 2-100 18 0.0442 0.630? 
L477 18.24 13.27 1.30 0.51 0.031 0.032 3.30 a 0 2 0.00106 0.00101 
b 0 1.4 0.00314 0.00165 
c 2 9 0.0436 0.0276 
d 2-1 692 0.1541 0.1541 
L712 16.3" i3.75° 14° 64° @628 0.030 4.3°-4 0 2 0.00074 0.00068 
b 0 1 0.00177 0.00122 
c 0 0 0.00410 0.00210 
d 1 2 0.0801 0.0801 





*Approximate composition. a = Heated 10 min. at 1075 °C and air-cooled. b = Heated 
10 min. at 1075 °C and air-cooled, reheated 100 hr. at 550°C. c = Heated 10 min. at 
1075 °C and air-cooled, reheated 1 hr. at 650°C. d = Heated 10 min. at 1075 °C and 
air-cooled, reheated 24 hr. at 650 °C. 

TBend Rating: 0 = No cracking. 1 = Surface cracks. 2 = Deep surface cracks. 
3 = Broke. Note: Results are for 700 hours’ boiling except where hyphen appears and 
then number following hyphen indicates time (hours) when result was observed. 

tResistance change of 5% or more represents significant penetration. 

1First period rate and average of 1 period. *Second period rate and average of 2 periods. 
*Third period rate and average of 3 periods, ‘Fourth period rate and average of 4 periods. 
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Table VII 


Boiling 65% Nitric Acid Corrosion Data for Unionmelt Welds in %%-Inch Thick Plate 
of Low-Carbon Molybdenum-Bearing Austenitic 18% Chromium-Nickel Steels 


Chemical Composition, % 


Plate and Electrode Weld Metal 
Cr 18.19 
Ni 13.95 
Mn 1.26 
Si 0.37 i 
eS 0.020 0.023 
N 0.025 0.031 
Mo 2.02 Bata 
Corrosion Rate 
Inch Penetration 
per Month 
Sample Condition Average 5 Periods 
Welded Plate As-welded 0.00116 
Welded Plate Welded, heated 2 hr. at 870 ° C and air-cooled 0.00091 
Plate Heated 10 min. at 1075 °C and air-cooled 0.00118 
Plate Heated 10 min. at 1075 °C and air-cooled, 
reheated 2 hr. at 870°C and air-cooled 0.00116 


nitrogen, and 2.02% molybdenum was welded by the Unionmelt 
process in the same manner as previously described. Samples taken 
from this weld showed no signs of intergranular attack when exposed 
to 10% nitric acid — 3% hydrofluoric acid at 70°C (160°F) in the 
as-welded or stress-relieved condition. In boiling 65% nitric acid 
the welded samples had corrosion resistance equal to that of the base 
metal. The detailed results of the corrosion tests are listed in 
Table VII. 

The presence of molybdenum in austenitic chromium-nickel 
steels reduces their resistance to boiling 65% nitric acid. While its 
presence can be noted in the annealed condition, the influence of 
molybdenum is most noticeable after heating in the carbide precipi- 
tation temperature range. The tests on samples heated 1 hour at 
650°C (1200°F), given in Table VI, show that the corrosion 
resistance of the steel depends not only on the molybdenum content 
but also on the nickel content. Fig. 22 has been plotted to show the 
influence of increasing nickel in steels containing 2 and 3% 
molybdenum. 

In these very low-carbon steels, it was felt important to investi- 
gate the stability of the austenitic phase after exposure to elevated 
temperatures. Impact toughness tests were made on samples of the 
steels after heating at 550, 650, and 870°C (1020, 1200, and 
1600°F). The results indicate that heating two weeks at 550 and 
650°C (1020 and 1200°F) does not affect the high toughness of 
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the steels. At 870°C (1600 °F) steels containing 1 to 2% molyb- 
denum retain their toughness up to at least 100 hours’ exposure, 
whereas the 3% molybdenum steel falls to about 65 ft-lb. As shown 
in Fig. 23, heating at 870 °C (1600 °F) for 1 month lowers the tough- 
ness of the 1 and 2% molybdenum steels to between 45 and 55 ft-lb. 
and that of the 3% molybdenum steel to 25 ft-lb. These remarks 
apply to steels containing sufficient nickel to render them austenitic. 
‘The loss of toughness in steels containing smaller amounts of nickel is 
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Corrosion Rate, 
In. Pen. per Mo. (Avg. 5 Pds) 





Nickel, % 
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Fig. 22—-Influence of Nickel on Average Corrosion Rate in Boiling 65% 
Nitric Acid of Low-Carbon 18% Chromium Steels Containing 2 and 3% 
Molybdenum, After Heating 1 Hour at 650 °C (1200 °F). 








10 oF 
Heating Time at 870°C (IGOO°F), Hr. 


Fig. 23—Effect of Heating at 870°C (1600 °F) on 
Izod Impact Strength of Austenitic 18% Chromium-Nickel 
Steels Containing 0 to 3% Molybdenum and 0.030% Car- 
bon. 


more rapid. From these data it would appear that the molybdenum 
content is not critical for short periods of heating. 

It is important to prohibit the formation of ferrite because sigma 
phase occurs more rapidly in steels containing some delta ferrite than 
in homogeneous austenitic steels. As a guide in adjusting composi- 


























tion with respect to nickel in the molybdenum-bearing steels, Fig. 24 
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is included. The curve drawn in this figure was derived from metal- 
lographic and magnetic balance data. It shows that, for each 1% 
molybdenum added, about 1.7% additional nickel must be added to 
maintain an austenitic structure. 

Fig. 25 reveals the development of sigma phase on heating at 
870 °C (1600 °F) in a steel containing a small amount of ferrite in 
the annealed condition. It is noted that after 4 hours’ heating there 
is a marked decomposition of the ferrite. After 100 hours the 
formation of sigma is nearly complete. The impact toughness of 
this steel in the annealed condition was 99 ft-lb. After 4 hours at 








Molybdenum,% 


Fig. 24—Relationship 
Between Nickel and Mo 
lybdenum in 18% Chro- 
mium — 0.03 to 0.05% Ni- 
trogen — 0.030% Carbon 
Steels in Forming Aus- 
tenite. 


870 °C (1600 °F) it was 92 ft-lb., dropping to 41 ft-lb. in 100 hours, 
and to 9 ft-lb. after one month. 

The addition of molybdenum to the 0.03% carbon-chromium- 
nickel. steels is helpful to a significant extent in delaying the start 
of carbide precipitation. This is true in spite of the fact that these 
steels must contain higher percentages of nickel than steels without 
molybdenum, to prevent the formation of a partially ferritic struc- 
ture. When sufficient nickel is present, the steels have good nitric 
acid resistance and remain tough after short exposures at tempera- 


tures between 550 and 870°C (1020 and 1600 °F). 
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Fig. 25—The Development of Sigma Phase in a Steel Containing 18.24% Chromium, 
13.27% Nickel, 0.031% Carbon, 0.032% Nitrogen and 3.30% Molybdenum. Etchant: 
Aqua regia in glycerine + copper chloride. X 500. a—Heated 10 minutes at 1075 °C 
(1970 °F) and air-cooled. Austenite + delta ferrite. b—Heated 10 minutes at 1075 °C 
(1970 °F) and air-cooled, reheated 4 hours at 870°C (1600°F). Austenite + delta 
ferrite + sigma. c—Heated 10 minutes at 1075 °C (1970°F) and air-cooled, reheated 
100 hours at 870°C (1600 °F). Austenite + sigma. 
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Columbium-Bearing Chromium-Nickel Steels 


The foregoing data have indicated the low level to which carbon 
must be reduced to obtain complete freedom from intergranular 
attack in the austenitic 18 to 25% chromium-nickel steels. There- 
fore, the question of adding small amounts of stabilizing agents to 
steels with carbon contents somewhat higher than 0.015 to 0.020% 
is logically introduced, and work centering about the addition of 
columbium was undertaken. 

Several heats of steel containing 18% chromium, 10 to 12% 
nickel, 1.3% manganese, 0.4% silicon, 0.020 to 0.040% carbon, 0.030 
to 0.150% nitrogen, and varying amounts of columbium were made 
for this portion of the investigation. A nickel content of 11.75%, 
to render stabilized steels completely austenitic, was established from 
magnetic tests. The columbium steels were annealed at 1075 °C 
(1970 °F), air-cooled and then heated as before at temperatures of 
475, 550, and 650°C (890, 1020, and 1200°F). Tests were made 
in both acidified copper sulphate solution and in boiling 65% nitric 
acid. 

In these low-carbon steels only small amounts of columbium are 
required and due regard must be given to the columbium which exists 
in solid solution as well as that combined as columbium carbide and 
columbium nitride. This problem was solved by analyzing the steels 
and the precipitate formed on heating at 650°C (1200°F). Heating 
for 24 hours at 650°C (1200 °F) proved to be a decisive means of 
differentiating between steels containing sufficient and insufficient 
amounts of columbium. Samples of several steels were heat treated 
24 hours at 650°C (1200°F) and analyzed for total carbon, nitro- 
gen, and columbium, as well as for combined carbon, nitrogen, and 
columbium. The latter information was obtained from the analysis 
of the residue remaining after dissolving a sample in copper- 
potassium chloride solution. The results of these analyses are 
plotted in Figs. 26, 27, and 28. 

In Fig. 26 are plotted values of insoluble columbium, that is, 
columbium combined with carbon and nitrogen, against total colum- 
bium as determined for steels subject to intergranular attack. A 
straight line drawn through the points intersects the total columbium 
axis at 0.093%. The slope of this line should be 45 degrees, since 
the amount of combined columbium is proportional to the amount 
of columbium present in excess of the solubility limit. The line 
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drawn in Fig. 26 has a slope of 45 degrees, and it is seen that the 
determined values fall relatively uniformly around this line. The 
fact that the line does not pass through zero indicates that a small 
amount of columbium, about 0.1%, is soluble in austenite at this 
carbon level and it is not available for combining with carbon and 
nitrogen. In very low-carbon steels this amount of columbium 


Combined Columbium,% 





10 .20 
Total Columbium, % 


Fig. 26—Data on the Solubility of 
Columbium in Austenitic 18% Chromium 
- 11.75% Nickel Steels After Heating 24 
Hours at 650 °C (1200 °F). 


represents a substantial proportion of the columbium added to the 
steel for stabilization purposes. 

Figs. 27 and 28 are plots of total carbon against carbon com- 
bined with columbium and of total nitrogen against nitrogen com- 
bined with columbium for steels that did not show intergranular 
corrosion. In each of these figures the lines intersect the total carbon 
and total nitrogen axes. The values at these intersections represent 
the amounts of carbon and nitrogen soluble in the steel, 0.013% and 
0.022% respectively, which may be compared with the data for 
limiting carbon and nitrogen previously discussed for the plain 
chromium-nickel steels. 

When the above facts are considered, it is apparent that colum- 
bium must be added to the steel in a total amount which is the sum 
of the amount in solid solution, plus the amount combined with 
carbon in excess of 0.013%, plus the amount combined with nitrogen 
in excess of 0.022%. This may be expressed as follows: 


% total columbium = 0.093 + 7.7 (% carbon — 0.013) + 6.6 (% nitrogen 
— 0.022) (Equation V ) 
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where 7.7 and 6.6 are respectively the combining ratios for colum- 
bium carbide and columbium nitride. Clearly, it is impossible to 
give a fixed value for the simple ratio of columbium to carbon in 
these low-carbon steels. For example, a steel with 0.020% carbon 
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Fig. 27—Data on the Solubility of 
Carbon in Austenitic 18% Chromium - 


11.75% Nickel Steels After Heating 24 
Hours at 650 °C (1200 °F). 
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Fig. 28—Data on the Solubility of 

Nitrogen in Austenitic 18% Chromium - 


11.75% Nickel Steels After Heating 24 
Hours at 650 °C (1200 °F). 


and 0.04% nitrogen from the above relation requires 0.25% colum- 
bium while a 0.040% carbon — 0.040% nitrogen steel requires 0.42% 
columbium. 

The results of corrosion tests on a series of low-carbon colum- 
bium-bearing steels varying in columbium content are of interest. 
It may be observed in Table VIII that steels containing sufficient 
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columbium to satisfy Equation V are resistant to intergranular attack 
in both boiling nitric acid and boiling acidified copper sulphate 
solutions after prolonged heating at 550°C (1020°F). Steels con- 
taining less columbium than required, while susceptible to attack 
after prolonged heating, show satisfactory resistance after short 
periods of heating. However, it does not appear effective to add less 
columbium than required for complete stabilization because the 0.1% 
columbium in solid solution is a large proportion of the total amount 
required. 


GENERAL SUMMARY 


This investigation has involved a basic study of the austenitic 
chromium-nickel steels. The work was undertaken to determine the 
influence of composition on susceptibility to intergranular corrosion 
with particular attention to very low-carbon contents. It was de- 
sired to know the factors that had to be controlled in order to elim- 
inate intergranular corrosion. 

As an initial step in the study, experiments were made to deter- 
mine the interrelation among chromium, nickel, carbon, and nitrogen 
in the formation of a stable austenitic structure. An empirical 
equation, developed to predict the minimum amounts of carbon, 
nitrogen, and nickel required to form a completely austenitic struc- 
ture in 18 to 25% chromium steels, is as follows: 

30 (% carbon) + 26 (% nitrogen) + (% nickel) — 1.3 (% chromium) 
+ 11.1=0 (Equation I) 
The maintenance of an austenitic structure is generally advisable 
from the standpoint of workability, embrittlement, and corrosion 
resistance. 

Complete freedom from intergranular corrosion of austenitic 
chromium-nickel steel nas been achieved by lowering the carbon 
contents to 0.015 to 0.020%. This value for carbon in austenitic 
18 to 25% chromium-nickel steels, having complete resistance to 
intergranular attack, was obtained by means of corrosion tests on 
samples heated for 100 hours at 550°C (1020°F). It was observed 
that the limiting value for carbon depends on the alloy content of 
the steel with higher nickel restricting, and higher chromium extend- 
ing somewhat, the maximum carbon content. The above carbon 
limit refers to steels containing a maximum of about 0.05% nitrogen. 
The proper amount of columbium, to attain complete immunity 
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Heat 
No. 


K118 


K122 


K203 


K124 


K809 


K808 


K964 


K200 


K201 


*Approximate composition. a = Heated 10 min. at 107§ °C and air-cooled. 
10 min. at 1075 °C and air-cooled, reheated 100 hr. at 550°C. c 
1075 °C and air-cooled, reheated 1 hr. at 650 °C. 
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Table VIII 
Corrosion Data for Columbium-Bearing Austenitic Chromium-Nickel Steels 
of Low-Carbon Content 


Corrosion Rate 
Inch Penetration 


Boiling Acidified per Month 


Copper in Boiling 65% 
-—Sulphate—, -—Nitric Acid—, 
"ss eae 
je ot S828 22s 23 
——————Com position, % ——__-—__, ae S's iF om =" 5 ere 
Cr Ni Mn Si N Ch OS me MSS mPa, “qs Sa 
18.39 10.44 1.38 0.40 0.032 0.037 0.29 a 0 0.00055 0.00060 
b 0 0.00119 0.00093 
c 0 0.00072 0.00067 
d 0 3 0.00141 0.00099 
18.09 10.15 1.41 0.46 0.032 0.058 0.33 a 0 2 0.00063 0.00064 
b l 13 0.00206 0.00140 
c 0 a 0.00080 0.00074 
a2. 4 0.00194 0.00127 
18.24 10.18 1.42 0.43 0.034 0.115 0.35 a 0 at 0.00069 0.00069 
b 2—300 “= 0.0510 0.0320 
c 0 ae 0.00147 0.00109 
d 1 ae 0.00700 0.00400 
18.05 10.65 1.14 0.46 0.030 0.112 0.57 a 0 0 0.00056 0.00066 
b 0 0 0.00550 0.00340 
c 0 se 0.00083 0.00083 
d 0 0 0.00250 0.00180 
18.48 10.53 1.39. 0.40 0.034 0.147 0.31 a 0 0 0.00067 0.00069 
b 2-24 161 0.0710 0.0533 
Cc — 0.00256 0.00162 
d 2—400 0 0.0123 0.00670 
18.3° . 10:58° 1.2* @4°*- €@23. 6.036 0.12 a 0 2 0.00045 0.00054 
b 1 1 0.00202 0.00144 
c 0 4 0.00078 0.00075 
d 0 2 0.00305 0.00168 
18.3° 205° 2" GA" 6.623 0.026 G17 « 0 2 0.00044 0.00047 
b 0 1 0.00121 0.00093 
c 0 3 0.00071 0.00070 
d 0 3 0.00345 0.00198 
tas" 10.5° 3.27" @4° O26 G.026 0.19 ° a 0 4 0.00046 0.00054 
b 0 1 0.00205 0.00138 
c 0 4 0.00082 0.00081 
d 0 4 0.00259 0.00161 
i3.3° 16357 2.27 @4° @623 0.029 6.28 a 0 0.5 0.00061 0.00066 
b 0 0 0.00111 0.00 '88 
c 0 0 0.00220 0.00124 
d 0 2 0.09500 0.00310 
18.37 10.94 1.10 0.44 0.024 0.034 0.42 a 0 0 0.00074 0.00071 
b 0 0 0.00093 0.00079 
c 0 -< 0.00103 0.00080 
d 0 0 0.00300 0.00150 
18.36 11.75 1.11 0.46 0.027 0.036 0.38 a 0 1 0.00055 0.0 057 
b 0 1 0.00139 0.00108 
c 0 2. 0.00092 0.00075 
d 0 1 0.00220 0.00131 
18.05 12.20 1.17 0.41 90.020 0.035 0.37 a 0 0 0.00058 0. .0059 
b 0 0 0.00087 0.00074 
Cc 0 oe 0.09084 0.09070 
d 0 0 0.00188 0.00120 


b = Heated 
= heaed 10 m.n. at 
d = Heated 10 min. at 1075 °C and 


air-cooled, reheated 24 hr. at 650 °C. 


tBend Rating: 


Note: 


0 = No cracking. 1 = Surface cracks. 2 = Deep surface cracks. 
Results are for 700 hours’ boiling except where hvphen appears and then number 


following hyphen indicates time (hours) when result was observed. 


tResistance change of 5% or more represents significant penetration. 
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to intergranular corrosion in steels containing in excess of 0.02% 
carbon, must allow for that which combines with carbon and nitrogen 
and that which remains in solid solution in the austenite. In very 
low-carbon steels, the amount of columbium remaining in solid 
solution represents a substantial proportion of the total amount of 
columbium. The total columbium required for complete immunity is: 


% total columbium = 0.093% + 7.7 (% carbon — 0.013) + 6.6 (% nitrogen 
—().022) (Equation V ) 

Complete immunity to intergranular corrosion is essential to 
the successful service of steel exposed at elevated temperatures for 
long periods of time. Steels, which are subjected to high tempera 
tures only during fabrication, require somewhat less than the com- 
plete immunity to intergranular corrosion that more extended heating 
demands. The foregoing study has indicated that the compositions 
required for partial immunity may contain somewhat higher carbon. 

Steels with partial resistance to intergranular corrosion have 
been defined as those remaining free from attack after an isothermal 
heat treatment of 1 hour at 650°C (1200°F). Such a criterion 
ultimately may be found to apply to a greater or lesser degree in 
fabrication practices because of the differences between isothermal 
test heat treatments and actual continuous cooling cycles. The time 
before initiation of intergranular precipitation has been found to 
vary with temperature in the form of a “C” curve with the nose 
at about 750°C (1380°F). Because the nose time is relatively 
short, reliable experimental testing is difficult and exposure of | 
hour at 650°C (1200°F) is preferred as the criterion of suscepti 
bility. The effects of composition on the nose time at 750°C 
(1380 °F) and on the resistance to attack after exposure at 650 °C 
(1200°F) have been summarized in empirical formulas. These 
expressions indicate that (with respect to tolerance for carbon) 
chromium and molybdenum are beneficial, that nickel beyond the 
amount required to produce the wholly austenitic condition is harm- 
ful, and that nitrogen may be substituted in part for nickel with some 
improvement. The maximum carbon content should not be more 
than about 0.03%. 

An empirical equation, based on samples heated 1 hour at 650 °C 
(1200°F), has been developed for calculating the composition of 
steels resistant to intergranular attack after limited heating in the 
carbide precipitation range. The equation showing the respective 
effects of the alloying elements investigated is given on the next page: 
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Table IX 


Typical Compositions of Austenitic Chromium-Nickel Steels Resistant to Intergranular 
Corrosion After 1 Hour at 650°C (1200 °F) 


Nitrogen <0.05% 
Manganese 1.25% 
Silicon 0.40% 
: ie Minimum Calculated Time 
Chemical Composition, % for Start of Carbide 
Cr Ni Cc Precipitation, Seconds 
18 10.5 0.025 220 
18 13.5 0.020 110 
20 13.2 0.025 215 
20 16.2 0.020 100 
25 20.0 0.025 195 
25 23.0 0.020 75 
‘| 
6.17 


+ 13.8 [(% chromium) + 2.25 (% molybdenum) | 


0.83 


(% carbon ) 
— 10 (% nickel) — 276 = 0 (Equation IV ) 


Nitrogen was found to have practically no effect within the range 

of tests conducted on samples heated 1 hour at 650°C (1200°F). 

A limited number of welding tests have been made which, in part, 
verify the applicability of the above equation. 

The use of Equation IV should be accompanied by a calculation 
of the minimum time for precipitation to start, so that the final com- 
position will best withstand the heating cycle to be encountered. 
The calculation is carried out according to Equation III, which has 
been determined from an analysis of time-temperature-precipitation 
curves for a number of steels. The time, t, in seconds, to the nose 
of the curve is expressed by the following equation: 


t = 63.5 (% chromium) — [50.5 (% nickel) + 6820 (% carbon) 
+ 1037 (% nitrogen) ] — 178 (Equation III) 


Table [X was prepared to illustrate various compositions of austen- 
itic steels in accord with Equation I, partially resistant to inter- 
granular corrosion as specified by Equation IV. 

The addition of 2% molybdenum to austenitic 18% chromium- 
nickel steels containing 0.02 to 0.03% carbon greatly increases the 
time for damaging carbide precipitation to occur. This means that 
there is a greater tolerance for carbon in molybdenum-bearing steels. 


NOOO ES i 
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CONCLUSIONS 


This study of very low-carbon austenitic chromium-nickel steels 
has indicated that immunity to intergranular attack may be attained 
by lowering carbon content and adjusting the composition of the 
steels to avoid intergranular carbide precipitation. It may be con- 
cluded that : 

1. Complete immunity may be obtained if the carbon is held 
below 0.015 to 0.020%, depending on the balance of the composition. 

2. Complete immunity may be obtained with a small addition 
of columbium if carbon is in the neighborhood of 0.03%. 

3. Partial immunity may be obtained in steels of balanced 
composition with the carbon content not more than about 0.03%. 

4. In 18% chromium-nickel steels containing 2% molybdenum, 
partial immunity may be obtained with carbon at about 0.03%. 
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DISCUSSION 


Written Discussion: By C. M. Sheridan, associate director of research, 
Allegheny Ludlum Steel Corp., Brackenridge, Pa. 

Messrs. Binder, Brown and Franks are to be congratulated on their 
methodic approach to this subject and the accompanying problems. On 
the whole, their results are in agreement with those of our work: how- 
ever, there are divergencies which are apparent after consideration of 
additional information. 

Fig. 29° shows the effect of nitrogen on the corrosion resistance of 


¢ Heated 2hr. at |I200°F ° 
© Heated |OOhr.ati200°F |, / 
Chromium, | ae 


I75-18.5% 


0.008 


0.006 





0.004 











Nitric Acid Loss, ipm 
Oo 
oO 
Oo 
S 


0 0.05 O10 015 0.20 0.25 
Nitrogen % 
Fig. 29—Effect of Nitrogen on the Corrosion 


Resistance of 0.03% Carbon Stainless Steels With 
Varying Chromium Content. 


low carbon stainless steels with chromium content ranging from a mean 
of 18 to 20%. Although increased nitrogen tends to increase the corrosion 
loss in boiling nitric acid, the effect is much less pronounced with in- 
creased chromium and, in fact, is practically negligible in alloys containing 
20% chromium. The effect of nickel as shown by the authors again con- 

2G. C. Kiefer and C. M. Sheridan, “Effect of Composition on Low Carbon Austenitic 


Cr-Ni Stainless Steels,” paper presented at May 1948 meeting of American Iron and Steel 
Institute. 
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Fig. 30—Etch Electrolytic NaCN, x 200. 
structure of alloys with varying compositions. 


S Mn 
Fig. 30a—BU-82 0.031 0.48 
Fig. 30b—BU-85 0.031 0.59 
Fig. 30c —BV-37 0.034 0.50 
Fig. 30d—BV-46 0.035 0.47 
Fig. 30e—BU-91 0.066 0.53 


1. 


Showing amount of 


Si 
0.38 
0.42 
0.49 
0.63 


0.26 


Cr Ni 
18.88 9.33 
20.11 9.09 
19.65 11.02 
20.11 8.27 


18.89 9.11 


Vol. 41 


ferrite in cast 
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firms what has long been recognized in austenitic steels containing higher 
carbon. It is realized also that there is a limit to the relative amounts of 
chromium and nickel or more precisely, austenite and ferrite-forming ele- 
ments, in a one-phase alloy when optimum workability is to be had. Since 
nitrogen may be substituted in part for nickel but does not appear to 
decrease the corrosion resistance as markedly, there exists the possibility 
of making an alloy with a chromium content of approximately 20% and 
lower than normal nickel, substituting in part nitrogen. Fig. 30 shows 
the cast microstructure of alloys with varying amounts of chromium, 
nickel and nitrogen. Fig. 30e shows the structure of an alloy approxi- 
mating the composition of a normal commercial austenitic steel, with 
the exception of the slightly higher nitrogen. The potency of nitrogen 
as an austenite former becomes apparent at once. In passing, it might 
be mentioned that the only alloy showing ferrite after rolling and anneal- 
ing was Fig. 30b, containing 20% chromium, 9% nickel and 0.05% nitrogen. 

Corrosion tests were conducted on some of these heats and the re- 
sults listed in Table X bear out further conclusions on the effect of 
nitrogen on corrosion rates in boiling 65% nitric acid. It is apparent 
from this table that nitrogen may be added to a low nickel steel, render- 
ing it essentially austenitic without impairing the corrosion resistance. 
Although both heats disintegrated in nitric acid after 100 hours at 595 and 
550 °C (1100 and 1025 °F), they were passable after 1 hour’s treatment at 
each temperature and the losses were relatively low after 100 hours’ treat- 
ment at 650°C (1200 °F). 


Table X 
Corrosion Rates, Inches Penetration Per Minute After 


Ann. + Ann. + Ann. + Ann.+ Ann. + Ann. +4 
i Hr. 100 Hr. i Hr. 100 Hr. 1 Hr. 100 Hr. 


Heat At At At At At At 
No. Annealed 1200°F 1200°F 1100°F 1100°F 1025°F 1025°F 
BU-82 Last period 0.00062 0.00060 0.0029 0.00049 * 0.00056 t 
Average of 5 0.00061 0.00058 0.0020 0.00048 * 0.00066 ' 
BU-85 Last period 0.00049 0.00045 0.0037 0.00050 * 0.00042 ' 
Average of 5 0.00051 0.00055 0.0022 0.00050 . 0.00053 ' 
¥ —Composition—— 
Heat No. Cc ro Ni Ne 
BU-82 0.031 19.88 9.33 0.18 
BU-85 0.031 20.11 0.09 0.049 
*Disintegrated. 


The “C” curves developed by the authors offer an interesting and 
novel approach to this problem and it is hoped they will facilitate the 
study of carbide precipitation. It is surprising to note the shape of the 
curve for the steel containing 0.021% carbon as shown in Fig. 13. From 
the authors’ original statement under the heading, Effect of Carbon, and 
in Fig. 1, they state that the solubility curve for carbon shows increas- 
ing solubility with increasing temperature and passes through the point 
located at 550°C (1020°F) and 0.02% carbon. From this it would nor- 
mally be expected that the curve for this steel would not extend much 
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Figs. 31 and 2° aerate of Metal-Arc Welded Type 304 


(0.06% Carbon) Plate and Sheet Respectively, After Three 4-Hour 
Periods in 10% Nitric— 3% Hydrofluoric Acid Solution at 80 °C 
(175 °F). As-welded condition. Note severe intergranular corro- 
sion on base metal heat-affected zones and heat-affected zones in 
first weld seams.  X 1.5. 


7 


Vol. 41 


PPG Loe ier 


Re ea EY 





~ 5 SERENE PETS: 


> 


1949 


DISCUSSION—CHROMIUM-NICKEL STEELS 





Figs. 33 and 34—Appearance of Metal-Arc Welded Type 304 
ELC (0.03% Carbon) Plate and Sheet Respectively, After Nitric — 
Hydrofluoric Acid Etch Test. As-welded condition. No localized 
intergranular corrosion attack.  X 1.5. 


1351 








1352 


TRANSACTIONS OF THE A. S. M. 


A 
s 


ver 


By at BY 





Figs. 35 and 36—Appearance of Metal-Arc Welded Type 316 
(0.07% Carbon) Plate and Sheet Respectively, After Nitric — 
Hydrofluoric Acid Etch Test. As-welded condition. Note inter- 
granular corrosion on base metal heat-affected zones. Somewhat 


lighter attack can be seen on heat-affected zones of first weld 
seams. X 1.5. 
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Figs. 37 and 38—Appearance of Metal-Arc Welded Type 316 
ELC (0.03% Carbon) Plate and Sheet Respectively, After Nitric — 


Hydrofluoric Acid Etch Test. As-welded condition. 
intergranular corrosion attack. X 1.5. 


No localized 
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above 540 to 595 °C (1000 to 1100 °F) unless there is a sudden increase in 
the slope of the solubility curve. If these curves represent reaction curves 
for the precipitation of carbides, they should become asymptotic to the 
horizontal temperature line representing the solubility of carbon for that 
steel being studied. Obviously, this is not the case since curves for all 
steels, regardless of carbon content, become asymptotic at approximately 
850 °C (1560 °F). 

Written Discussion: By Hilmer Ebling and M. A. Scheil, A. O. Smith 
Corp., Milwaukee. 

The authors are to be commended by bringing forth valuable informa- 
tion concerning the low carbon types of stainless steel which have been 
used commercially for the past few years. Their basic research in the 
field of austenitic chromium-nickel alloys has added greatly to the knowl- 
edge and limitations of these alloys. We hope that they can continue to 
further investigate the low carbon alloys. Most commercial heats of steel 
are usually confined to rather narrow ranges of alloying elements, thereby 
limiting our information about the specific effects of these elements. Our 
use of these low carbon stainless steels has been chiefly confined to Type 
316 and we have used some of the first commercial heats rolled to sheet 
and plate. In our experience with this type of stainless steel we have 
found that mill processing of the steel is a very important factor influenc- 
ing the corrosion behavior of the steel. For example, many of our low 
carbon Type 316 heats of steel were completely austenitic which, accord- 
ing to Fig. 24, should have a structure of austenite and ferrite. We know 
that a casting of low carbon Type 316 with 0.028% carbon, 18.4% chro- 
mium, 11.1% nickel and 2.55% molybdenum has about 20% ferrite. A 
wrought material with 0.02% carbon, 17.7% chromium, 10.7% nickel and 
26% molybdenum was found to be completely austenitic. From this we 
can conclude that the degree of mechanical working influences the struc- 
ture of the material. The resultant austenitic structure produced by the 
mechanical working must be in equilibrium since it is not decomposed to 
austenite and ferrite after subsequent annealing heat treatments. This 
brings up a question in our minds as to whether the microstructure of 





Table XI 
Nitric Acid Corrosion Resistance, Inches Per Year 








Period 
Material 1 2 3 4 5 Avg. Heat Treatment 
Slab 0.009 0.014 0.031 0.042 0.061 0.031 } 1100°F—2 hours, furnace- 
i%-in. Sheet 0.011 0.009 0.011 0.010 0.012 0.011 f cooled. 
Slab 0.010 0.017 0.030 0.053 0.122 0.046 | ee ee Ss 2 howe 
77.3 . eg 
écin.Sheet 0.011 0,008 0.010 0.009 0.011 0.012 | peat, and cooled o 


the 0.25-inch thick plate used for nitric acid tests and the 0.040-inch thick 
strip used for Strauss tests were of similar microstructure and exhibited 
the same corrosion behavior. 

On a few occasions we have had the opportunity of running a nitric 
acid test on slab material and the finished rolled sheets of the same heat. 
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Our tests always show an improvement in the corrosion resistance in 
nitric acid of the final product over the slab material. An example of 
this is illustrated in Table XI. 

The analysis of the above heat was as follows: 0.026% carbon, 1.74% 
manganese, 0.43% silicon, 17.58% chromium, 11.99% nickel and 2.63% 
molybdenum. Other heats similarly tested sometimes showed much 


greater improvement in corrosion resistance in nitric acid than the 
above heat. 


In our experience in testing many heats of low carbon Type 316 
stainless steels we have not found any heats which would show satisfac- 
tory corrosion resistance in nitric acid after sensitizing for 2 hours at 
650°C (1200°F), furnace cool. We base our satisfactory corrosion re- 
sistance to nitric acid as an average of 0.035 inch per year or less with 
no single period over 0.050 inch per year. In the nitric acid tests, it is 
interesting to note that heats having 0.08% carbon maximum, 17 to 19% 
chromium, 11 to 14% nickel and 2.0 to 3.0% molybdenum exhibited no pref- 
erential attack in the heat-affected zones produced by welding in the as- 
welded condition in materials of thickness ¢& to 4 inch. A number of 
Strauss tests were made in the as-welded condition on many heats of 
this composition and all were found to be satisfactory after 2 hours at 
650°C (1200°F), furnace cool. The resistance to intergranular attack 
was judged by the bend test made on sheet stock about # inch thick. 
Our Strauss tests were made in boiling Aborn’s solution* which we con- 
sider to be a severe test. Some of these test specimens were exposed to 
the boiling Aborn’s solution for as long as 216 hours without producing 
any intergranular attack. These tests were substantiated by tests made 
at one of the mills which cooperated with us on low carbon Type 316 
material. It was also their expérience that when the carbon content was 
0.03% or less, none of the material was sensitized after 650°C (1200 °F) 
for 2 hours. Their tests were run for 72-hour periods in boiling Aborn’s 
solution and none of the tests showed intergranular attack after this 
treatment. 


We have made a few tests on these materials sensitized for various 
lengths of time at 480 and 550°C (900 and 1020°F). One heat having 
0.028% carbon, 1.62% manganese, 0.42% silicon, 17.95% chromium, 13.49% 
nickel and 2.80% molybdenum showed no intergranular attack after 1000 
hours at 480°C (900°F). The sample was boiled for 300 hours in Aborn’s 
solution and showed no intergranular attack in the bend test. However, 
the same heat after being sensitized for 500 hours at 550°C (1020°F) 
proved to be free of intergranular attack after 300 hours in boiling Aborn’s 
solution, but after 1000 hours’ sensitizing time, the specimen showed 
intergranular attack. Another heat containing 0.040% carbon, 1.28% 
manganese, 0.51% silicon, 17.30% chromium, 12.98% nickel and 2.30% 


molybdenum was tested similarly and resulted in no intergranular attack 


being exhibited after 1000 hours at 480°C (900°F). However, this heat 
showed a slight attack after being sensitized for 300 hours at 550°C 


%Composition of Aborn’s solution: 13 grams CuSQ,-5H.O and 47 ml conc. HeSOQ, 
(Sp. Gr. 1.84) per liter of water. 
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(1020 °F) and exhibited very severe cracking after 1000 hours at 550°C 
(1020 °F. This shows that 100 hours is not long enough to precipitate 
nearly all the carbon present in the steel and much longer times are 
needed to adequately test this material at these lower sensitizing 
temperatures. 

We have also observed the development of sigma phase after long- 
time treatments at 870°C (1600°F). However, none of our commercial 
heats have shown noticeable embrittlement because of sigma formation 
in a 2-hour treatment at 885°C (1625°F). This was shown by bending 
the specimen 180 degrees without cracking. We have had one experi- 





Table XIl 
Nitric Acid Corrosion Data 


Heat No. 1 
Cc Mn Si Cr Ni Mo 
0.048 1.28 0.51 17.30 12.98 2.30 


Stabilized at 1625°F—2 Hours at Heat 
Cooling Rate from 


Stabilizing Temp. Period 1 Period 2 Period 3 Period 4 Period 5 Average 
To 1000°F in 10 
minutes 0.011 0.016 0.024 0.035 0.055 0.028 
To 1000°F in 60 
minutes 0.014 0.046 0.086 0.196 0.185 0.105 
To 1000°F at 
100°F per hour 0.032 0.252 0.318 
Rates in I.P.Y. 
Heat No. 2 
- Mn Si Cr Ni Mo 
0.028 1.62 0.42 17.95 13.49 2.80 
Stabilized at 1625°F—-2 Hours at Heat 
Cooling Rate from 
Stabilizing Temp. Period 1 Period 2 Period 3 Period 4 Period 5 \verage 
To 1000°F in 10 : 
minutes 0.007 0.007 0.011 0.013 0.018 0.011 
lo 1000°F in 60 
minutes 0.009 0.008 0.012 0.017 0.027 0.015 
lo 1000°F at 
100°F per hour 0.010 0.013 0.025 0.038 0.073 0.032 
Rates in I.P.Y. 
Heat No. 3 
¢ Mn Si Cr Ni Mo 
0.021 0.71 0.33 18.35 12.67 2.85 


Stabilized at 1625°F—2 Hours at Heat 
Cooling Rate from 


Stabilizing Temp. Period 1 Period 2 Period 3 Period 4 Period 5 Average 
To 1000°F in 10 

minutes 0.006 0.006 0.006 0.006 0.008 0.006 
To 1000°F in 60 

minutes 0.009 0.005 0.007 0.007 0.009 0.007 
To 1000°F at 

100°F per hour 0.005 0.007 0.005 0.007 0.009 0.007 


Rates in I.P.Y. 


mental heat of 10% maximum nickel Type 317 which contained a large 
amount of ferrite in the structure. This heat, analyzing 0.06% carbon, 
18.55% chromuim, 9.57% nickel and 3.58% molybdenum, showed severe 
loss in ductility after being heat treated for 2 hours at 870°C (1600°F). 
This loss in the ductility was accompanied by a loss of magnetic proper- 
ties, showing that the conversion of ferrite to sigma was nearly complete 


- 
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in the 2-hour treatment. A bend test made on the material in this condi- 
tion failed after bending to about 90 degrees over a ™%-inch diameter pin. 

We are interested in learning from the authors more about the 
reasons for the differences in corrosion attack caused by the nitric acid 
test and the Strauss test. It was noted that in the 650°C (1200 °F) 
treatment for 2 hours all production heats we have tested performed 
poorly in nitric acid, showing a very distinct intergranular and general 
attack. The same heat treatment in the Strauss test showed no inter- 
granular attack. It is evident from the Strauss test results that it is not 
caused by carbide precipitation. The high corrosion rate exhibited after 
this heat treatment in the nitric acid test is probably caused by some 
other phase at the grain boundary. 

It is conceivable that an initial stage of sigma formation may be 
taking place at the grain boundary. The formation of a low temperature 
sigma phase on the grain boundary could cause a chromium depletion 
similar but not as severe as the carbide precipitation. In view of this we 
might assume that the chromium depletion caused by sigma formation 
at low temperature and short times is not sufficiently severe to cause 
intergranular attack from the Strauss solution, but will exhibit severe 
attack in nitric acid. 

Because of the difference between the nitric acid test and the Strauss 
test to detect intergranular attack during the early stages of sensitization, 
we are of the opinion that the authors should investigate the time- 
temperature-precipitation curve for a few of their alloys using the boiling 
nitric acid test as the criterion. We have noted in our work that as the 
temperatures approach 870°C (1600°F) for stabilization or stress anneal- 
ing purposes, the cooling rate from this temperature through the range 
to 540°C (1000°F) can very materially affect the corrosion rate in boil- 
ing nitric acid. As an indication of this effect, Table XII shows the 
importance of carbon on the cooling rate from 885°C (1625 °F) of three 
heats of low carbon Type 316. 

Written Discussion: By N. E. Carruthers, supervising metallurgist, 
and G. E. Linnert, senior research engineer, Research Division, Armco 
Steel Corp., Middletown, Ohio, and Baltimore, Md. 

The authors’ interesting work on very low carbon austenitic chro- 
mium-nickel steels is an outstanding contribution to the published litera- 
ture. In their attack on the carbon problem, they are dealing with what 
is probably the most serious shortcoming of austenitic chromium-nickel 
steels. The desirability of avoiding intergranular carbide precipitation 
by producing steels of very low carbon content rather than by the addi- 
tion of a stabilizing element has been recognized ior a long time. Although 
the production of very low carbon steels (0.015 to 0.020% carbon) pos- 
sessing complete immunity to intergranular carbide precipitation does not 
appear to be commercially practicable at present, recent developments 
in melting technique now make possible the manufacture of steels con- 
taining about 0.03% maximum carbon which display a degree of immunity 
adequate for the many applications wherein the steels are subjected to 
high temperatures for relatively short times during fabrication, as, for 
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example, during welding. The need for this kind of material may become 
acute if the current heavy drain on our columbium supply is suddenly 
increased by the demands of an emergency. 

Our experience with many commercial heats of very low carbon steels 
confirms the observation that 0.083% maximum carbon content imparts 
adequate immunity to harmful intergranular carbide precipitation which 
may occur in certain fabricating operations. This enhanced resistance also 


Table XIII 


Results of Nitric- Hydrofluoric Acid Etch Test on Metal-Arc Welded Specimens in 
As-Welded Condition 





Base Metal Appearance of 








Spec. Chemical Composition Immunity Etched 
No. Material Cc Cr Ni Mo N Factor! Specimen 
Type 304 Base Metal—Type 308 Welding Electrodes 
1 i4-Inch Plate 0.064 18.22 8.97 0.046 —54 Intergranular 
Electrode Deposit 0.070 20.32 9.74 Attack 
2 ¥-Inch Sheet 0.064 18.22 8.97 0.046 —54 Severe Inter- 
Electrode Deposit 0.070 20.32 9.74 granular Attack 
Type 304 ELC Base Metal—Type 308 ELC Welding Electrodes 
3 4-Inch Plate 0.029 18.47 9.17 0.014 + 4 No Intergran- 
Electrode Deposit 0.031 19.07 9.62 ular Attack 
4 l4-Inch Sheet 0.029 18.47 9.17 0.014 +4 No Intergran- 
Electrode Deposit 0.031 19.07 9.62 ular Attack 
Type 316 Base Metal—Type 316 Welding Electrodes 
5 ¥4-Inch Plate 0.066 17.60 12.50 2.20 0.035 —31 Intergranular 
Electrode Deposit 0.072 18.83 12.90 2.35 Attack 
6 l%-Inch Sheet 0.066 17.60 12.50 2.20 0.035 —31 Severe Inter- 
Electrode Deposit 0.072 18.83 12.90 2.35 granular Attack 
Type 316 ELC Base Metal—Type 316 ELC Welding Electrodes 
7 ¥4-Inch Plate 0.031 18.34 13.26 2.51 0.012 +32 No Intergran- 
Electrode Deposit 0.030 17.78 13.45 2.58 ular Attack 
8 ¥-Inch Sheet  #0.029 17.41 12.45 2.30 0.019 +28 No Intergran- 
Electrode Deposit 0.030 17.78 13.45 2.58 ular Attack 


1Immunity factor is secured by solving Equation II or Equation IV as proposed by Binder, 
Brown and Franks. 


: 6.17 ‘ : ity 
Equation II: Goma +13.8 (% Chromium) —10 (% Nickel) —276 =pemnntty 


-17 
(% Seine +13.8 li% Chromium) + 2.25 (% Molybdenum) | “3 


10 (% Nickel) —276 =Immunity Factor 


Equation IV: 














permits welding many types of equipment in the field, without hazard of 
subsequent failure through intergranular corrosion. 

Work conducted in our laboratories has included an investigation of 
the corrosion resistance of 0.03% maximum carbon material after welding. 
The complete results of this investigation are to be published at a future 
date. However, it appears timely to offer some results of welding tests 
conducted with regular Type 304 (18-8) and Type 316 (18-12 Mo) grades, 
and their extra low carbon counterparts, for comparison with the weld 
test data presented by the authors. 

Butt-type joints were made in both %-inch thick plate and %-inch 
thick sheet by the metal-arc welding process employing flux-coated elec- 
trodes of compositions similar to the base metals. The %-inch thick plate 
received a single-bevel preparation and was joined using five passes from 
dz and ¥s-inch size electrodes. The \Y%-inch thick sheet contained square- 
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butt joints welded with a bead from a #s-inch electrode deposited on 
each side. Each specimen contained two weld seams at right angles to 
each other because this condition frequently arises in practice and be- 
cause it permits a study of the heat effect of the second weld seam on 
the first weld seam. Among the specimens removed from each welded 
plate was a 2-inch square specimen from the center where the weld 
seams intersected. This piece was tested for susceptibility to inter- 
granular corrosion by exposing it to 10% nitric-—3% hydrofluoric acid 
solution at 80°C (175 °F) for three 4-hour periods. Test results on eight 
specimens are summarized in Table XIII, and photographs of the speci- 
mens are shown in Figs. 31 to 38, respectively. 

The results show that the regular Type 304 and Type 316 materials 
undergo marked intergranular attack in this severe corrosive medium, 
while the materials containing about 0.03% carbon show no evidence of 
sensitization. The immunity factors were computed for the base metals 
as proposed by the authors in their Equations II and IV and appear in 
Table XIII. It is of interest to note that the sensitized materials showed 
high negative factors while the materials which were immune had posi- 
tive factors. 

In conclusion it may be noted that while the electrodes used to weld 
the 0.083% maximum carbon steels listed in Table XIII were of the extra 
low carbon variety, equally good success has been obtained with regular 
electrodes of the columbium-containing grades, such as Types 347 and 
316 Cb. 

Written Discussion: By Samuel J. Rosenberg, metallurgist, Depart- 
ment of Commerce, National Bureau of Standards, Washington, D. C. 

We can, in a small measure, offer some confirmation of one particular 
statement contained in this excellent paper. The authors indicate that 
increasing the nickel content of these low carbon steels renders them 
more susceptible to intergranular attack after sensitization. Two low 
carbon steels (0.025 and 0.026% carbon) were included in a study of inter- 
granular embrittlement of austenitic stainless steels conducted at the 
National Bureau of Standards and it is pertinent to note that one of these 
steels, containing 8.8% nickel, was definitely less susceptible to inter- 
granular attack than the other, which contained 12.6% nickel. 

The authors’ Equation I was used to determine the structures of 
these two low carbon steels, and the results of the calculations confirmed 
the metallographic examination in that the 8.8% nickel steel contained 
delta ferrite and the 12.6% nickel steel did not. 

The statement that the presence of intergranular attack was taken 
as a criterion of carbide precipitation, mentioned in connection with the 
authors’ Figs. 13, 14, 15, 16 and 21, is true in its literal sense; i.e., if inter- 
granular attack develops after exposure to the boiling acidified copper 
sulphate solution, the steels must have contained precipitated carbides. 
The unwary reader, however, may interpret the authors’ statement as also 
being true in the reverse sense; e.g., if intergranular attack does not de- 


velop, the steels do not cantain precipitated carbides. This, of course, 
is not true. 
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The curves shown in Figs. 13, 14, 15, 16 and 21 should be useful in 
serving as a guide to the time the various steels may be exposed at the 
different sensitizing temperatures without becoming susceptible to inter- 
granular attack. Some mention should have been made, however, of the 
healing effects of long periods of exposure. An extension of these tests 
to longer periods of time might close these curves into fields. Although 
the right-hand boundaries of such fields would be of no interest for the 
purpose for which the authors developed these figures (for application to 
welding), they would be of interest for use in high temperature appli- 
cations. 

It is rather surprising to note the difference in the effect of nickel 
on the behavior of the 2 and 3% molybdenum steels in boiling nitric 
acid, as is indicated in Fig. 22. Can the authors advance an explanation 
for this? 

Is it possible that the micrographs in Fig. 18 have been mixed? The 
clear second phase shown in Fig. 25c appears quite similar to delta ferrite, 
although the authors indicate it to be sigma. We have had no experience 
with the etchant used by the authors and a few words on the use of this 
etchant in differentiating between delta ferrite and sigma, as well as its 
effect on precipitated carbides, would be appreciated. 

Written Discussion: By C. Sykes, The Brown-Firth Research Labo- 
ratories, Sheffield, England. 

The authors have produced a considerable body of data of great 
interest, and from the practical angle, the curves defining maximum per- 
missible time-temperature treatments for avoidance of intercrystalline 
corrosion are of special interest. Using the 700-hour test in the sulphuric 
acid—copper sulphate solution, these curves indicate that some inter- 
crystalline corrosion is to be expected at the 0.02% carbon level in 18-11 
chromium-nickel steels, after 5 minutes’ exposure at 750°C (1380°F) or 
6 minutes at 650°C (1200°F) and that these times decrease to about % 
and 1% minutes at the 0.05% carbon level. Economic and satisfactory 
commercial production of the very low carbon materials is doubtful, but 
the figures deduced from this stringent 700-hour test suggest that it 
should be possible to weld the thinner gages of 0.05% carbon sheet mate- 
rial without introducing any significant intercrystalline corrosion tend- 
ency. If, in addition, allowance is made for the fact that successful service 
application is seldom likely to call for complete resistance to the 700-hour 
test, the more general 72-hour test normally proving adequate, the prac- 
tical field becomes even less restricted. Application of this test to a large 
number of commercial casts of 18-10 chromium-nickel steel after treat- 
ment for 2 minutes at 650°C (1200°F) has, in the writer’s experience, 
produced no failure at the 0.06% carbon level. Even with 30 minutes’ 
treatment at 650°C (1200°F) about half the 0.06% carbon and two-thirds 
of the 0.05% carbon casts successfully passed the 72-hour test. Thus 
welding of the 0.06% carbon 18-10 material in the thinner gages of sheet, 
to, say, 16 gage, should be satisfactory for very many applications, and 
this has, in fact, been borne out by the behavior of such material in 
service. z 


Tat 
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For still greater resistance, recourse must be had to stabilization, 
and small additions of columbium or titanium have been successfully used. 
It is unfortunate that the authors have not found it possible to include 
some data for titanium-bearing materials in the present survey, because, 
although additions of this element can give rise to a lowered resistance to 
hot, strong nitric acid solutions, as used in the Huey type of test,* this is 
not reflected in the response to most conditions of service. Indeed, use- 
ful improvement can result from the titanium addition, as in the case of 
dilute sulphuric acid solutions, where it has been shown that the titanium- 
bearing steel possesses better resistance than the unstabilized material. 
At the same time titanium possesses a definite superiority over columbium 
from the point of view of hot working. 

In their consideration of the molybdenum-bearing materials, the use 
of a 700-hour test in the sulphuric acid—copper sulphate solution, follow- 
ing treatment for 24 hours at 650°C (1200°F), again tends to induce a 
pessimistic outlook. Working with 18% chromium-—8% nickel-—2.5% 
molybdenum steels, a very large tonnage of material with carbon up to 
0.07% and without either titanium or columbium stabilization has been 
consistently fabricated in the weld plant, and used under drastic service 
conditions with complete satisfaction. Such a composition is, of course, 
duplex, but it is considered that too great an emphasis has been laid 
on the desirability of a purely austenitic structure and the avoidance of 
sigma phase. Fabrication does not normally necessitate extended ex- 
posure to temperatures in the region of 870°C (1600°F) and in practice 
the writer has met with no mechanical difficulties arising from sigma with 
this type of steel. In a very few special instances, some evidence of 
lower corrosion resistance adjacent to welds has been found, not associ- 
ated with intercrystalline corrosion, but probably related to phase changes. 
Its occurrence, however, has been limited to slow development under such 
severe conditions that the normal material, remote from the welds, was 
itself attacked, though to a lesser degree. For such conditions, considera- 
tion should be given to modified or alternative materials, but it is neither 
necessary nor desirable that a wholesale changeover should be made to 
the higher nickel fully austenitic type, particularly since this might lead 
to very real problems at the hot working stages of production. 

In regard to the more detailed results, the beneficial effect of nickel 
in relation to the 65% nitric acid test (Figs. 2, 4 and 6) would appear to 
be much more consistently evident than for the sulphuric acid —copper 
sulphate test (Figs. 1,3 and 5). The statement (page 1311) to the effect 
that in boiling nitric acid no benefit occurs from rising chromium content 
is not strictly in accordance with these curves. For example, they indi- 
cate that 0.02 to 0.025% carbon, 12 to 13% nickel material would show 
an improvement of about 2 to 1 as chromium rises from 18 to 20%, and 
of about 10 to 1 as it further increases from 20 to 25%. While this over-all 
increase in resistance may be much less than the corresponding increase 


toward the sulphuric acid-copper sulphate test, it should not be entirely 


*R. S. Stewart, “Resistance 6f Sensitized Stainless Steels to Boiling Nitric Acid,” 
Meta Procress, Vol. 52, 1947, p. 971-973. 
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neglected, since it might provide a pointer of importance where condi- 
tions of service involve resistance to critical concentrations of nitric acid. 

Finally, in relation to the columbium additions, the writer would sug- 
gest that while the data indicate 0.1% columbium as the approximate 
equilibrium amount remaining in solution with the residual carbon and 
nitrogen concentrations for the steels and additions studied, this should 
not be taken as a fixed solubility limit for the very low carbon steels. 
Greater additions would presumably result in further precipitation of 
carbide and nitride and solution of columbium to new equilibrium values. 
The important point, however, remains, that with these small additions 
to low carbon steels, solubility effects become increasingly important in 
determining the necessary columbium-carbon ratios for stability. 

Written Discussion: By Hallock C. Campbell, associate director, re- 
search and engineering, Arcos Corp., Philadelphia. 

The authors’ interpretation of the effect of nitrogen (Figs. 7 and 8) 
is open to constructive criticism. The unexpected maxima in their nitro- 
gen curves are more probably an evidence of experimental error than a 
true effect of the nitrogen. 

The data for Figs. 1 through 10 are not given (presumably because 
of space limitations), but the heats involved seem to be certain of the 
heats appearing in Table I. The carbon content in Figs. 7 and 8 ranges 
from 0.020 to 0.080%, which is too wide a range to be considered a unit. 
According to the authors’ curves in Fig. 1, a change in carbon of only 
0.005% will change the penetration of an 11 to 12% nickel sample by 40 
mils per 100 hours, which would be sufficient to account for all of the 
maxima in Fig. 7. Similarly it is evident from Fig. 2 that a small variation 
in carbon would also account for all of the maxima in Fig. 8. 

When the carbon contents of the points in Figs. 7 and 8 are critically 
examined with this in mind, no rational pattern can be discerned. The 
highest points are not high in carbon, which is an item in favor of the 
authors’ theory, but these points are significantly lower in chromium. 
Several points with nearly identical carbon, chromium and nitrogen con- 
tents can be found, which differ noticeably in penetration. Other sets of 
points can be found which should differ in penetration (because of car- 
bon variations at given chromium, nickel and nitrogen levels) but which 
do not. The conclusion seems to be inescapable that the authors’ data 
are not sufficiently self-consistent to warrant drawing the elaborate curves 
of Figs. 7 and 8. 

The authors are urged to submit their present data to a statistical 
analysis, correcting all points to a common carbon level (by interpolation 
in Figs. 1 and 2, for example, as a first approximation) and to a common 
chromium level. The writer believes they will find the effect of nitrogen 
to be very slight, with no valid evidence for the present maxima. 

Written Discussion: By F. J. Phillips and R. Smith, Wood Works, 
Carnegie-Illinois Steel Corp., McKeesport, Pa. 

Messrs. Binder, Brown and Franks are to be complimented for their 
comprehensive study of the intergranular corrosion of the 0.03% maxi- 


_- 
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mum carbon stainless steels. They have wisely and logically distinguished 
between the requirements needed for complete immunity and those 
needed for partial immunity to intergranular corrosion. Moreover, they 
have properly emphasized those requirements needed for partial immunity 
by their use of “C” curves. 

For the past several years, Carnegie-Illinois has been actively en- 
gaged in an investigation of the intergranular corrosion resistance of a 
considerable number of commercially melted and processed heats of 
0.08% maximum carbon 18-8, 18-8 columbium, 18-8 molybdenum, and 
18-8 molybdenum-columbium. In a very broad sense the results of our 
investigations agree with those presented in the preprint of the paper 
by Messrs. Binder, Brown and Franks. However, in certain instances, 
we had difficulty in interpreting these results; and in order to avoid any 
misconception which might arise regarding the corrosion resistance of the 
low carbon stainless steels, we wish to discuss these interpretations. 

In general, it appears to us that an improved technique could have 
been used in drawing curves to fit the experimental points shown on the 
graphs. In Fig. 1, for example, the position of the curves would appear 
to require further explanation. The curve for the 10 to 11% nickel steels 
does not intersect the experimental points shown and ignores completely 
the two points off to the right which should have served to stabilize or 
tie-down the end of the curve. Similarly in Fig. 2 we are curious as to 
why only three heats were used to establish the curve for the same 
10 to 11% nickel steels when, as indicated in Fig. 1 and Table I, a total 
of seven heats was available? 

We believe a second example of questionable plotting technique is 
illustrated by Figs. 3 and 6 where the scatter of points is such that if 
the curves had been fitted to the experimental points of the ten labora- 
tory heats plotted, it would have been observed that the interrelation 
between carbon and nickel content was indeterminate. When data se- 
cured by us on ten commercial 18-8 0.03% carbon maximum heats (9 to 12% 
nickel) were plotted in a manner similar to that used by the authors, 
the interrelation between carbon and nickel content was again not appar- 
ent. Consequently, without additional information, we hesitate to accept 
the statement at the bottom of page 1307 that “the critical carbon con- 
tent for complete resistance to intergranular attack is decreased by larger 
amounts of nickel”. 

After careful study of the data presented in Table I, it was observed 
that 20 heats and their respective data have been duplicated. Thus, after 
deleting the 20 duplicates and those heats which do not meet the chemical 
composition limitations specified by the authors, 49 heats were available 
for developing Equation II which is intended to predict intergranular cor- 
rosion behavior based on chemical composition. Since, according to the 
authors, the predicted intergranular behavior of 32 of the heats fell within 
the range of uncertainty or failure, the behavior of only 17 heats was 
predicted satisfactorily. The equation, therefore, suffers from the reli- 
ability viewpoint when it is realized that the coefficient of determination 
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is 30.4. To remove the statistical nomenclature, this means that the 
variables of Equation II (carbon, chromium, nitrogen and nickel) explain 
only 30.4% of the behavior observed in the intergranular tests summar- 
ized in Table I of this paper. We believe this percentage figure is low 
for quantitative information. 

The authors are to be commended for their application of the “C” 
curves to the intergranular corrosion behavior of the low carbon 18-8 
steels. In 1933 this novel method of presentation was used by E. C. 
Rollason® in the development of stabilized stainless steels. We question, 
however, the license taken by the authors on pages 1322 and 1323 in their 
explanation of the curves as a guide for minimum times required to sup- 
press carbide precipitation. The literature supports our own experience 
that the mere presence of intergranular carbides does not necessarily 
mean failure through intergranular corrosion, and any technique based on 
this assumption is not well founded. Therefore, all references to the “C” 
curves should be with respect to intergranular corrosion on which these 
curves are based and not to the presence or absence of carbides. 

In regard to complete immunity, we have observed that all the low 
carbon (0.016 to 0.030% carbon, 0.03 to 0.15% nitrogen) 18-8 steels we 
have tested to date exhibited unsatisfactory corrosion resistance to boil- 
ing nitric acid after having been heat treated 24 hours at 1100°F (595°C). 
However, following a 2-hour heat treatment at 540, 595, 650, 675, 815 and 
885 °C (1000, 1100, 1200, 1250, 1500 and 1625 °F), all these materials were 
satisfactory in the boiling nitric acid. Furthermore, weld tests on several 
of the low carbon 18-8 steels have in every case been satisfactory after 
the boiling nitric acid and 500-hour CuSO,— H2SO, tests. 

Regarding the 18-8 molybdenum steels, the authors are probably cor- 
rect in concluding that partial immunity may be obtained with carbon 
under 0.03%, in view of the data presented, which indicated that molyb- 
denum increased the time at temperature before damaging carbide forma- 
tion occurred. However, we do not believe that these data should be 
interpreted to mean that molybdenum will stabilize 18-8 steels in the same 
sense as we think of columbium and titanium as stabilizing elements. 
In fact, the corrosion data on our commercial low carbon (0.016 to 0.030% 
carbon) 18-8 molybdenum steels have been cause for discouragement 
when testing in 65% boiling nitric acid after a heat treatment such as 2 
hours at 675°C (1250°F). Boiling copper sulphate —-sulphuric acid corro- 
sion tests on similarly treated materials have been satisfactory; further- 
more, based on limited data, it appears the material can be satisfactorily 
welded without fear of intergranular corrosion in the heat-affected zone. 

It is not clear from the statements made on page 1331 and data con- 
tained in Table V whether the impact values were obtained by breaking 
the test piece at room temperature or at the indicated elevated tempera- 
tures. It seems unlikely that the test pieces were broken at 870°C 
(1600 °F), although this inference is given, 

With reference to Equation V, the authors again have attempted to 


5E. C. Rollason, “Intergranular Corrosion of 18-8 Austenitic Stainless Steels,’’ Journal, 
Iron and Steel Institute, Vol. 127, No. 1, 1933. 
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present a quantitative evaluation with somewhat meager information. 
Equation V allegedly allows computation of columbium content necessary 
for immunity to intergranular corrosion, and the variables included are 
carbon, nitrogen and columbium. Inasmuch as it is known that in the 
18-8 titanium steels the formation of titanium carbide is influenced by 
such factors as heat treating temperatures, times and prior cold work, 
we question if these additional variables should not have been considered 
by the authors in their derivation of Equation V. It would appear to us 
that the aforementioned mathematical evaluation may be applicable only 
when the conditions used by the authors are employed. 

We believe preliminary results in the evaluation of the low carbon 
stainless steels are now at a stage where, from the practical viewpoint, 
there exists adequate immunity to intergranular corrosion for a wide 
variety of applications that are denied if we accept the limitations imposed 
by arbitrary laboratory acceptance tests. The ultimate levels of useful- 
ness of these compositions can best be established by comparative tests 
under actual service conditions, and it is in this direction that future work 
should be planned. We concur with the authors of this paper in their 
wisdom of showing that immunity to intergranular corrosion is a relative 
condition, and we again commend them for making this distinction. 

Written Discussion: By T. D. Radcliffe, Eastern Materials Repre- 
sentative, Standard Oil Company of California, Evanston, Ill. 

This paper deserves and stimulates extensive study, which I regret 
not having given it. I wish to ask the authors several questions endeavor- 
ing to do so from the refinery engineers’ and operators’ viewpoint. 

1. Your low carbon alloys were made in induction furnaces, which in 
some cases, have given superior quality alloys as compared to other 
melting practices. Can equal quality, cleanliness, freedom from oxides 
and dirt be obtained in other commercial processes? I believe it can and 
has with proper methods and care. These questions will be raised by 
the steelmaker, as they have been repeatedly, as necessity forced users to 
request lower carbon alloys. The steelmaker has his process limitations. 

2. The second question is one concerning temperature. In the sum- 
mary on page 1344, “Complete immunity .. . is essential to the successful 
service ... at elevated temperatures ...”, is stated. This statement is 
too broad and should be revised, as wrought Type 304 and even higher 
carbon coarse-grained cast alloy has operated for years in some refinery 
services at temperatures in the carbide precipitation range, and as high 
as 675°C (1250°F). Intergranular corrosion occurred chiefly when the 
equipment was cold and exposed to moisture and corrosive salts, or on 
rare occasions, in the cooler sections under similar vapor conditions. 
Admittedly there are vapor and liquid services for which Type 304 is 
entirely unsuitable, due to rapid attack at operating temperatures. 

3. There is the question of the effect at temperature and resulting 
stabilization, carbide precipitation, spheroidization and variations in sus- 
ceptibility. In services for which the alloys are suitable, what is the 
effect of years under operating conditions on the rate of attack and can 
this be indicated by short-time tests at the most critical temperatures, 
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preferably under comparable operating conditions? Some of these re- 
marks are outside the limits of the paper, which I also believe is true of 
the statement quoted in the summary, if taken literally. 


Authors’ Reply 


We acknowledge with pleasure the considerable amount of discussion 
that has been elicited by our paper, for it reveals the marked interest in 
the properties of 0.08% maximum carbon 18-8 steels. It is believed that 
such interest as displayed here is indicative of a rapid commercial develop- 
ment for these steels. 

Mr. Sheridan’s comments with regard to the high-nitrogen steels 
bear out our conclusions in regard to the substitution of nitrogen for 
nickel, as indicated by Fig. 12 in the paper. We are in agreement that 
for long heating periods the high-nitrogen steels are subject to increased 
attack in boiling nitric acid. We made no attempt here to develop the 
carbon solubility curve versus temperature, but it is our opinion that the 
slope of the curve is very steep up to about 700 to 750 °C, 

Messrs. Ebling and Scheil discuss the influence of mill processing on 
the structure and nitric acid corrosion resistance of 0.08% carbon Type 316 
stainless steels, and we agree that this is an important factor to consider 
when adjusting the composition to produce a fully austenitic structure. 
However, assuming that we are discussing relatively thin plate, we are 
quite amazed that a steel containing 17.7% chromium, 10.7% nickel, 2.6% 
molybdenum, and as little as 0.02% carbon, could be rendered fully aus- 
tenitic by hot working and annealing. It is believed that some other 
factor besides mill processing is responsible for the austenitic condition, 
and the opinion is that the steel is probably high in nitrogen. In our 
tests, no significant differences in microstructure were noted between 
0.25-inch thick plate samples used for nitric acid tests and the 0.04-inch 
thick strip samples used for the acidified copper sulphate tests. Their 
experiences in testing 0.03% carbon Type 316 stainless steels in boiling 
nitric acid and in boiling acidified copper sulphate solution agree closely 
with ours. Samples of low carbon Type 316 steel heated 1 hour at 650 °C 
(1200 °F) show corrosion rates in excess of 0.002-inch penetration per 
month in the fifth period, becoming greater as the molybdenum content 
is raised from 2 to 3%, whereas in boiling acidified copper sulphate 
solution similarly heated, samples remain unaffected for at least 700 hours’ 
boiling. As shown in Fig. 22, the nickel content of the steel must be 
sufficient to produce a fully austenitic structure if optimum resistance to 
nitric acid is required after heating in the carbide precipitation tempera- 
ture range. Our tests show that the length of time required to produce 
damaging carbide precipitation, as measured by the acidified copper 
sulphate test, is a function of composition as well as of temperature. 
Since molybdenum delays the time for damaging carbide precipitation to 
occur in acidified copper sulphate solution, we agree that for steels con- 
taining molybdenum the heating time should exceed 100 hours in the 
lower temperature ranges in evaluating the resistance of these steels for 
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Table XIV 
Results of Corrosion Tests in Boiling 65% Nitric Acid on Austenitic 18% Chromium- 


Nickel Steels Containing 0 to 3% Molybdenum, Less Than 0.01% Carbon and 
Less Than 0.015% Nitrogen 








——Composition, % 








Chromium 19.58 18.68 18.64 
Nickel 14.63 18.08 19.15 
Manganese 0.28 0.45 1.32 
Silicon 0.20 0.39 0.40 
Carbon 0.003 0.004 0.006 
Nitrogen 0.010 0.008 0.014 
a 1.88 2.94 
Corrosion Rate, In. Pen. Per Mo. 
Condition -———————-Average Five Periods 
Annealed! 0.00047 0.00040 0.00046 
Annealed +10 minutes at 650°C 0.00071 0.00067 0.00074 
Annealed + 1 hour at 650°C 0.00046 0.00039 0.0293? 
Annealed+ 8 hours at 650°C 0.00068 0.0209 0.0810* 
Annealed +10 minutes at 750°C 0.00041 0.00054 0.00915 
Annealed+ 1 hour at 750°C 0.00044 0.00052 0.0373? 
Annealed+ 8 hours at 750°C 0.00048 0.00039 0.00061 
Annealed +24 hours at 750°C 0.00040 0.00038 0.00078 


1Heated 15 minutes at 1150°C and water-quenched. 
2A verage of four periods. 
‘First period. 


long-time service at elevated temperature, but as indicated in the paper, 
steels for such service must contain less than about 0.02% carbon or 
have columbium present in the proper amount to combine with carbon 
and nitrogen, and this is demonstrated by Messrs. Ebling and Scheil’s 
experience with molybdenum-bearing steels containing 0.028 to 0.04% 
carbon. That the high corrosion rate of the molybdenum-bearing steels 
in nitric acid is due in part to the formation of an intermetallic compound, 
possibly sigma phase at the grain boundaries, is an interesting viewpoint 
to us, as it is in line with what we believe might be taking place. So far, 
however, our attempts to identify the phase changes or composition 
changes near and at the grain boundaries have failed to provide the 
information needed to prove that this viewpoint is correct. In this con- 
nection, it should be pointed out that when the sigma phase is readily 
identified in the microstructure, the time period producing maximum 
corrosion damage in nitric acid has been exceeded. The data shown in 
Table XIV indicate that some other mechanism than carbide precipita- 
tion is required to explain the loss of corrosion resistance of the molyb- 
denum-bearing steels in boiling nitric acid. The importance of lowering 
carbon in steels to be stress-relieved after fabrication is quite forcibly 
shown by the data in Table XII, and it is seen that if slow cooling is 
carried out after stress-relieving, the carbon content should not exceed 
about 0.08% for good corrosion resistance in nitric acid. 

The discussion presented by Messrs. Carruthers and Linnert is an 
important addition to our knowledge of the 0.03% maximum carbon 
steels, and we are looking forward to the publication of the complete 
results of their investigation. The data they give here substantiate the 
viewpoint that these steels are resistant to intergranular corrosion in the 
welded condition if their compositions are properly controlled. Further 
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- information of this kind will help to show the degree to which the 
criterion for partial resistance to intergranular corrosion, proposed in the 
paper, actually does apply to fabrication practices. 

As Mr. Rosenberg points out, the statements in connection with Figs. 
13 to 16, and Fig. 21, should not be interpreted as meaning that there 
is no carbide precipitation if the steel does not exhibit intergranular 
attack in the test media. No emphasis was placed on the healing effect 
of long periods of heating, beyond the mere mention of this possibility 
on page 1307, since it was not studied in detail. We can cite one instance 
of the healing effect in connection with Fig. 16. Here additional samples 
heated 1 hour at 750 and 800°C (1380 and 1470°F) were not attacked in 
the copper sulphate solution. These results indicate that it would take 
a relatively long time to produce healing at lower temperatures. How- 
ever, it is agreed that information of this kind would be useful for high 
temperature applications. Fig. 21 indicates that there is no damaging 
carbide precipitation in the 0.08% carbon-molybdenum steels after heating 
1 hour at 650°C (1200°F). The high corrosion rate of the 3% molybde- 
num steel in nitric acid is, therefore, believed to be due to some other 
cause, as discussed in connection with the question raised by Messrs. 
Ebling and Scheil. As shown previously, the 3% molybdenum steels are 
more easily damaged than the 2% molybdenum steels by heating in the 
temperature range of 650 to 750°C (1200 to 1380°F). Because it is 
known that sigma phase develops far more rapidly in the 3% molybdenum 
steels than in the 2% molybdenum steels, it is conceivable that the forma- 
tion of this phase is responsible for the damage. The micrographs in 
Fig. 18 are correctly presented. The etchant used to develop the struc- 
ture shown in Fig. 25 was made up as follows: 

15 cc HCl saturated with CuCh; 5cc HNOs; 20cc glycerine 
This etchant is applied by swabbing. In the chromium-nickel-molybdenum 
steels sigma phase is outlined, and there is some slight attack on the 
delta ferrite. It should be pointed out that in the plain chromium-nickel 
steels the etchant attacks both sigma and the delta ferrite. When the 
interpretation of the structure is doubtful, magnetic balance tests readily 
show whether the outlined phase is sigma or delta ferrite. 

We were glad to receive Dr. Sykes’ comments, since they reflect 
the viewpoint taken in Great Britain in connection with the intergranular 
corrosion problem. It is evident from his discussion that in Great Britain 
the trend is toward higher carbon and lower nickel steels than in this 
country. We admit that the laboratory test conditions employed in our 
investigation are stringent, but they were so designed to reveal any 
shortcomings that the steels might display in critical long-time service. 
We did not wish to imply that no benefits occur from raising chromium 
with respect to nitric acid resistance. Truly, the higher chromium steels 
show lower corrosion rates than lower chromium steels under similar 
test conditions, and for many practical purposes this point should be 
kept in mind, as pointed out by Dr. Sykes. It cannot be disregarded that 
the higher chromium steels are still susceptible to intergranular attack. 

With respect to Mr. Campbell’s- discussion concerning the influence 
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Table XV 


Results of Corrosion Tests in Boiling 65% Nitric Acid om Very Low Carbon 
Chromium-Nickel Steels 


Corrosion Rate, In. Pen. Per 
Mo.—Avg. 5 Periods 
Condition———-— 

2 








Composition, %———__ —~ 
No. Cr Ni Mn Si G N i 


Influence of Increasing Carbon in 9 to 12% Nickel Steels 
Containing Less Than 0.032% Nitrogen 





K652 17.83 


9 1.2* 0.4* 0.022 0.016 0.00089 0.00118 
K17 17.99 9.71 0.98 0.30 0.025 0.015 0.00068 0.00070 
L376 18.92 9.70 1.26 0.39 0.027 0.032 0.02594 0.00250 
K382 18.36 9.97 1.36 0.50 0.042 0.027 0.086 0.0121 
K383 18.61 9.90 1.26 0.40 0.045 0.026 0.062 0.0142 
K197 18.57 10.31 1.14 0.33 0.020 0.031 0.00088 0.00065 
K198 18.37 10.88 1.09 0.32 0.024 0.029 0.00112 0.00122 
K199 18.40 11.50 1.09 0.32 0.018 0.030 0.00162 0.00084 
K395 18.51 11.82 1.32 0.51 0.023 0.026 0.0240 0.00189 
L382 18.05 11.24 Lia 0.44 0.031 0.031 0.0235 0.0220 
K776 18.19 11.10 0.75 0.42 0.056 0.015 0.0148 0.0459 
K765 19.30 12.14 0.82 0.46 0.005 0.024 0.0047 0.00046 
K394 17.92 12.64 tae 0.50 0.022 0.027 0.0467 0.00254 
Influence of Increasing Nickel in 18% Chromium, 0.022 to 0.026% 
Carbon Steels Containing Less Than 0.029% Nitrogen 
K17 17.99 9.71 0.98 0.30 0.025 0.015 0.00068 0.00070 
K198 18.37 10.88 1.09 0.32 0.024 0.029 0.00112 0.00122 
K395 18.51 11.82 1,32 0.51 0.023 0.026 0.0240 0.00189 
K394 17.92 12.64 1.27 0.50 0.022 0.027 0.0467 0.00254 
L2 18.02 14.97 1.43 0.47 0.026 0.027 0.0208 0.0333 
Influence of Increasing Nickel in 18% Chromium, 0.032 to 0.034% 
Carbon Steels Containing 0.11 to 0.15% Nitrogen 
L725 18.3* 6.5* 1.2* 0.4* 0.033 0.132 0.00330 0.00370 
L724 18.3* 6.5* 1.2* 0.4* 0.033 0.146 0.0101 0.00290 
L727 18.3* 8.0* 1,.2* 0.4* 0.032 0.144 0.00570 0.00300 
L377 18.54 9.25 1.18 0.46 0.034 0.105 0.01974 0.0114 
K123 18.35 10.47 1.20 0.40 0.033 0.153 0.0500 0.0166 
Influence of Increasing Nickel in 20% Chromium, 0.026 to 0.028% 
Carbon Steels Containing 0.030 to 0.035% Nitrogen 
L3 20.29 12.80 1.42 0.51 0.026 0.030 0.02793 0.00670 
Lis 20.36 15.24 1.39 0.47 0.028 0.035 0.02605 0.02968 
L16 20.61 18.32 1.35 0.52 0.027 0.034 0.05578 0.04403 





1 = Heated 10 minutes at 1075°C and air-cooled +100 hours at 550°C and air-cooled. 
2 = Heated 10 minutes at 1075°C and air-cooled + 24 hours at 650°C and air-cooled. 
’ =Average of 3 periods. 

4 =Average of 4 periods. 

* = Approximate analysis. 





of nitrogen, the main point here is that nitrogen is not so influential as 
carbon in rendering the steel susceptible to intergranular attack in acidi- 
fied copper sulphate solution. It is quite evident though that increasing 
nitrogen at the 0.02 to 0.03% carbon level produces high rates of attack 
in nitric acid after heating 100 hours at 550°C (1020°F). On the other 
hand, nitrogen has practically no effect on the corrosion resistance of the 
steel in these test media after heating 1 hour at 650°C (1200°F). 

We are well aware that quantitative inconsistencies exist within the 
experimental data upon which Messrs. Phillips and Smith base their 
criticism. Considering the many factors involved in a large investigation, 
as well as some of the vagaries of quantitative corrosion testing, it is 
not unexpected that they would exist. However, the fact still remains, 
if one studies carefully the trends, that there is considerable evidence to 
show qualitatively at least that as the nickel content is increased the 
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corrosion rate rises after heating at 550°C (1020°F). The many incidents 
in which this trend has been noted lead us to interpolate our data to the 
extent shown in the paper. Naturally, our interpretation is open to out- 
side criticism as it has been in the case of Messrs. Phillips and Smith. 
To help reveal the basis for our point of view, we submit Table XV which 
shows several series of steels that vary in carbon or nickel, but in which 
chromium and nitrogen are held as constant as the information available 
permits. Regarding their comments on the validity of Equation II, a 
check of the data in Table I shows that there are 49 heats containing less 
than 0.05% nitrogen available for developing the equation. Of these, 14 
were within the +8 uncertainty region, and 2 falling outside the uncer- 
tainty range were incorrectly predicted. This leaves 33 out of a total 
of 35 falling outside the +8 region predicted correctly, which is 94% 
of the total. In the case of steels containing more than 0.05% nitrogen, 
there are available 30 steels for establishing the limiting equation. Seven 
of these fall within the +8 region, and 8 falling outside this region were 
incorrectly predicted. This means that out of 23 steels, 15 were pre- 
dicted correctly, which is 65% of the total. These calculations indicate 
that the resistance of a steel to intergranular corrosion, after heating 1 
hour at 650°C (1200°F) and air cooling, can be predicted with reasonable 
success by the use of Equation II, They further substantiate our view- 
point that the equation represents the limiting composition, and for opti- 
mum resistance the composition should fall below the surface represented 
by Equation II. We agree that the presence of intergranular carbides 
does not necessarily mean that intergranular attack will occur and do not 
wish to imply that this is the case. However, when intergranular corro- 
sion developed in acidified copper sulphate solution, we assumed that 
the attack was caused by the formation of intergranular carbides. Our 
experience with 18-8 type steels falling within the range of 0.016 to 0.08% 
carbon and 0.03 to 0.15% nitrogen indicates that in some cases heating 
for 2 hours at 600 and 650°C (1110 and 1200 °F) would cause the develop- 
ment of intergranular corrosion. We agree that the data should not be 
interpreted to mean that molybdenum stabilizes the 18-8 steel to the 
same extent as titanium or columbium, and the point of view taken in 
writing conclusion 4 is that molybdenum imparts immunity for only short 
periods of heating. The impact tests were conducted at room tempera- 
ture. The comments regarding Equation V are well taken, and these 
points must be considered when utilizing the information. The opinion 
is that since columbium carbide is very insoluble in austenite, the factors 
of heat treating temperature within the normal commercial ranges, time, 
and prior cold work, are not so important as in the case of more soluble 
carbides. 

The comments made by Mr. Radcliffe are of interest and there is 
every indication that the 0.08% carbon 18-8 steels can be furnished equal 
in quality to the higher carbon grades. We do not wish to imply that 
for all service at elevated temperature complete immunity to intergranular 
attack is essential. In each case the degree of resistance required will 
be dictated by the actual corrosive conditions involved. 
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DELTA FERRITE FORMATION AND ITS INFLUENCE ON 
THE FORMATION OF SIGMA IN A WROUGHT HEAT 
RESISTING STEEL 


By Joun J. Gitman, Pun Kien Kon AND OTTO ZMESKAL 


Abstract 


The formation of high temperature ferrite m a 
wrought heat resisting steel was studied metallographi- 
cally. The structural stability at 1200 to 1600 °F (650 to 
870 °C) was studied for the case of an initial structure 
high in ferrite (22 to 23%) and for the case of an initial 
structure low in ferrite (2 to 3%). It was found that 
the presence of ferrite markedly accelerated the formation 
of sigma. However, it was also found that cold work had 
an even more pronounced effect. 

Sigma was identified by X-ray diffraction and the 
pattern compared with those of other investigators. 


INTRODUCTION 


LL high strength, high temperature steels used at the present time 

have austenitic matrices. This structure facilitates fabrication 

and enhances the service life. Depending on the balance of ferrite- 

forming elements and austenite-forming elements, and the heat treat- 

ment, variable amounts of ferrite may be present. Also, intermetallic 

compounds of varying sizes, compositions, and distributions are 
generally present. 

Since these alloys are planned for applications requiring strength 
over a relatively long time at temperatures in the range of 1200 to 
1600 °F (650 to 870 °C), the structural changes occurring at these 
temperatures are of great importance. The change that can most 
influence the properties of these steels is that resulting in the forma- 
tion of the sigma phase. The chromium contents of wrought heat 
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resisting alloy steels are high enough to permit the formation of 
sigma, and the presence of elements such as silicon, columbium, tita- 
nium, tungsten and molybdenum promotes its formation. It is gen- 
erally conceded that sigma phase adversely affects the impact resist- 
ance of these steels. The literature on sigma phase has been well 
reviewed (1).? 

The purpose of this investigation was to present data showing 
the influence of solution treatment temperature and time on the 
formation of delta ferrite and the influence of different amounts of 
delta ferrite and of cold work on the formation of the sigma phase. 

The steel used, known as 19-9DL, is a commercially available 
wrought heat resisting steel. It was supplied as bar stock, stress- 
relieved at 1200 °F (650°C). Its analysis follows: 


Per Cent 
Se eG. ki i. a cease pee 0.27 
SNL. 34.4, hic bedb ae me RKO TA 18.82 
RSLS, uldiie Je wetcanieeecly tual 9.59 
NE obs. iain oad bids dum Ob rae 1.34 
EE on gad ak ne gee eRe Nad 1.39 
SES «cde dc ks Hee xeadeu ve cdi 0.54 
EE sa, via pn Vb oe ah cameeee 0.32 
cack ak cae k ope hao sheen 1.20 
EE dt 0 oo hG BE ue b pik te chee 0.66 
RESP RIG SEEMED To Tp aS Rede UE: 0 0.01 
RUG “Sc wos ous denne sh 0.02 


SOLUTION TREATMENTS 


Two series of specimens were employed in this study. The first 
determined the effect of solution treatment temperature (1800 to 
2400 °F) (980 to 1315 °C) on the amount of delta ferrite formed in 
1 hour (Figs. 2 to 7).2, The second series determined the effect of 
increasing time (2 to 256 minutes) on the amount of delta ferrite 
formed at one temperature (2350 °F) (Figs. 8 to 13). 

All specimens were cut from }-inch diameter bar stock and 
were approximately %4 inch in thickness. The temperatures of solu- 
tion treatment were carefully checked and controlled. The specimens 
shown in Figs. 2 to 7 were held at temperature for 1 hour. In both 
series, the specimens were water-quenched from the solution tem- 
perature. 

Effect of Temperature of Solution Treatment—The initial struc- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
2Photomicrographs throughout this paper were made of longitudinal sections. . 
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. 1—Hot Cold-Rolled and Stress-Relieved. Glyceregia etch. 
. 2—Solution-Treated at 1800 °F. Oxalic acid etch. X 500. 
. 3—Solution-Treated at 2000 °F. Oxalic acid etch. X 500. 
. 4—Solution-Treated at 2100 °F. Oxali¢ acid etch. x 500. 
. 5—Solution-Treated at 2200 °F. Oxalic acid etch. X 500. 
. 6—Solution-Treated at 2400 °F. Oxalic acid etch.  X 500. 
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ture, shown in Fig. 1, consisted of stringers of precipitated particles 
in an austenitic matrix. 

Delta ferrite was formed in increasing amounts as the solution 
temperature was raised from 1800 to 2400 °F (980 to 1315 °C) as 
shown by the microstructures of Figs. 2 to 16 and the results of 
magnetic determinations (Fig. 7). The increase in delta ferrite 


was rapid above 2200 °F (1205 °C). 
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Fig. 7—Effect of Solution Treatment Tempera- 
ature on Delta Ferrite in 19-9DL. 


Initially, the structure contained several types of carbides. The 
solution of the fine carbides was coincident with the rapid formation 
of ferrite. Some of the large carbides, however, were not dissolved 
even at the temperatures at which the steel was partly molten. It is 
believed that the more refractory carbides are rich in titanium and 
columbium. The titanium-rich carbo-nitrides are easily recognized 
under the microscope because of their pink tint and typically square 
form. The columbium-rich carbides are characterized by irregular 
contours. 

A clustering of small carbides about large ones was observed 
to take place in the specimen treated at 2100°F (1150°C) (Fig. 
4). This was probably a result of dissolution of carbon from the 
large carbides into the matrix and reprecipitation by combination 
with other elements in the austenite. 
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Fig. 8—Held 2 Minutes at 2350 °F. Oxalic acid etch. X 506. 
Fig. 9—Held 8 Minutes at 2350 °F. Oxalic acid etch. xX 500. 
Fig. 10—Held 32 Minutes at 2350 °F. Oxalic acid etch. X 500. 
Fig. 11—Held 64 Minutes at 2350 °F. Oxalic acid etch. X 500. 
Fig. 12—Held 128 Minutes at 2350°F. Oxalic acid etch. X 500. 
Fig. 13—Held 256 Minutes at 2350 °F. Oxalic acid etch. > 500. 
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Fig. 14—Solution-Treated at 2350 °F for 1 Hour. Oxalic acid 
etch. Conical illumination. x 500. 


Effect of Time at a Solution Temperature of 2350 °F—The 
photomicrographs of Figs. 8 to 12 and the magnetic data plotted in 
Fig. 15 show that the amount of ferrite increased rapidly from 2-3% 
to 22-23% after 1 hour and then more slowly to 25-26% after 2 hours. 

The photomicrographs of the structure of specimens held at 
2350 °F (1290 °C) for 128 and 256 minutes (Figs. 12 and 13, re- 
spectively) illustrate an interesting case involving two phase reactions 
which are isolated from one another by the time required for diffu- 
sion. Thus, for short periods of time, the two reactions act almost 
independently of one another. In this case, the two reactions were: 
one, the transformation of austenite to ferrite; and two, the dissolu- 
tion of carbides. The curve in Fig. 15 is approaching the horizontal 
asymptote at the time value of 128 minutes. This means that the 
austenite-ferrite reaction had almost reached completion. An exami- 
nation of Figs. 12 and 13 shows that not as many carbides dissolved 
in 128 minutes as in 256 minutes. Therefore, although the austenite- 
ferrite equilibrium had almost been reached in 128 minutes at tem- 
perature, this equilibrium was for a carbon composition lower than 
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the saturation value. As the carbides continued to dissolve, addi- 
tional carbon in solid solution shifted the equilibrium and ferrite 
began to transform to austenite. From an areal analysis of the 
photomicrographs, the decrease in ferrite was determined to be 
about 10% ; from 37-38% to 27-28%. 
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Fig. 15—Rate of Formation of Delta Ferrite in 19-9DL 
at 2350 °F. 


Another change that occurred when the specimens were held 
for very long times at 2350°F (1290°C) was precipitation at the 
austenite-ferrite interface. A specimen held 1 hour at 2350 °F 
(1290 °C) had no precipitate at this interface, as shown by the 
absolutely clear and smooth sides of the ferrite when illuminated 
conically (Fig. 14). Fig. 13 shows the jagged interface that resulted 
wherever a particle of precipitate formed, depleting the matrix of 
some element and shifting the austenite-ferrite equilibrium. 


AGING TREATMENTS 


Two solution temperatures were used: one to result in a low 
ferrite content, and the other in a high ferrite content. 

The temperatures used for aging were 1200, 1400 and 1600 °F 
(650, 760 and 870°C). At each temperature, specimens were held 
for 0.1, 0.5, 1, 10, and 100 hours. After aging, all specimens were 
quenched in water. The temperatures of aging were carefully con- 
trolled in each case. They did not vary more than 3 or 4 degrees 
during the periods of aging. 

Aging of Structures High in Ferrite Content—The effects of 
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aging on the specimens solution-treated at 2350°F (1290°C) for 
1 hour are shown in Figs. 16 to 22. 

It can be seen that precipitation of carbides began at the aus- 
tenite-ferrite interface and proceeded into the ferrite. At the same 
time, the ferrite was transforming to austenite, as shown by the mag- 
netic data plotted in Fig. 23. When the precipitation at the ferrite 
sites was complete, grain boundary precipitation in the austenite 
began and was followed by general carbide precipitation. 

One hour of aging at 1600 °F (870°C) gave the first evidence 
of the transformation of sigma. This is shown by the small white 
globules within the ferrite grains in Fig. 19. In the specimen held 
at 1600 °F (870°C) for 10 hours (Fig. 20) substantial amounts of 
sigma had formed in the sites formerly occupied by the ferrite. The 
black color of the sigma in this picture shows how rapidly it is etched 
as compared to the rest of the structure. 

By etching the specimen held 100 hours at 1400 °F (760°C) 
with a modified concentrated Murakami etch (2), the structure 
shown in Fig. 21 was revealed. In this picture, the particles of the 


sigma phase can be clearly distinguished from carbide particles. With © 


natural coloring, the difference in appearance was vivid because some 
particles of the sigma phase were stained bright red, some green, 
and some brownish-red, while the carbides were black. It was no- 
ticed that many of the carbides in the austenite, visible after etching 
electrolytically in 10% oxalic acid, were unattacked by the Murakami 
etchant. 

The concentrated Murakami etch consisted of a solution of 60 
milliliters of water and 30 grams of potassium hydroxide which was 
saturated with potassium ferricyanide. The specimen was etched by 
immersion for a few seconds with the temperature of the etching 
solution at approximately 120°F. The clarity of detail in Fig. 22 
establishes the superiority of this etch for revealing sigma in alloys 
of this type. The color of the sigma in this specimen was light blue. 
The carbides were blackened. It can be seen that some of them 
agglomerated in the former ferrite areas. 

Because there has been some doubt why, during aging of duplex 
austenite-ferrite structures, the carbides precipitate preferentially in 
the ferrite, this point will be discussed further. 

The process of carbide precipitation was complicated by the fact 
that the ferrite was transforming to austenite almost simultaneously 
with the precipitation of carbides. This can be seen from a compari- 
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Fig. 16—Solution-Treated at 2350 °F. Aged 0.1 hour at 1400 °F. 

Fig. 17—-Solution-Treated at 2350 °F. Aged 0.5 hour at 1400 °F. 

Fig. 18—Solution-Treated at 2350 °F. Aged 1 hour at 1400 °F. 
All specimens oxalic acid etched. X 500. 


son of the photomicrographs of the variously aged specimens and the 
relative magnetic susceptibility of the same specimens (Fig. 23). 

It may be that the reason for the rapid precipitation at the fer- 
rite sites was the retreating ferrite-austenite interface. That is, pre- 
cipitation was able to take place at the interface sooner than at other 
points in the specimen because of the high energy there during the 
transformation of ferrite to austenite. From this standpoint, then, 
the movement of the precipitate inward in the ferrite was limited by 
the transformation. 

Another possible explanation is that the precipitate appeared 
first in the ferrite becatfise of the more rapid rate of diffusion in fer- 
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Fig. 19—Solution-Treated at 2350 °F. Aged 1 hour at 1600 °F. 
Fig. 20—Solution-Treated at 2350 °F. Aged 10 hours at 1600 °F. 
Both specimens oxalic acid etched. X 500. 

Fig. 21—-Solution-Treated at 2350 °F. Aged 100 hours at 1400 °F. 
Fig. 22—Solution-Treated at 2350 °F. Aged 100 hours at 1600 °F. 
Both specimens—modified Murakami etched. X 500. 


rite as compared to austenite (3), (4), (5, disc.). However, it seems 
unlikely that such a large amount of precipitate could have come 
from the ferrite alone. 

The most likely explanation is that there was segregation of 
the various elements in the two phases at the solution treatment 
temperature. The alloying elements chromium, molybdenum, tung- 
sten, columbium, and titanium would tend to concentrate in the fer- 
rite because they are more soluble in the body-centered lattice than 
in the face-centered lattice of austenite. Carbon, being more soluble 
in the face-centered lattice, would tend to concentrate in the austenite. 
When the alloy was aged after quenching, the ferrite transformed to 
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an austenite that was low in carbon content, but high in alloy con- 
tent. Carbon diffused into these low carbon regions and immediately 
combined with the alloying elements to form the precipitate. The 
concentration of alloying elements at the former ferrite regions was 


probably the factor that caused the rapid formation of sigma at those 
sites also. 


Relative Magnetic 
Susceptibility 





Time (hours) 


Fig. 23—Decomposition of Delta Ferrite in 19-9DL 
During Aging After Solution Treatment at 2350 °F. 


In examining the structures of the specimens where precipita- 
tion was complete, it should be remembered that the dark areas do 
not represent ferrite containing carbides; they represent carbides in 
the sites of ferrite that transformed to austenite. 

Aging of Structures Low in Ferrite Content—The effects of 
aging on the specimens solution-treated at 2050 °F (1120°C) are 
shown in Figs. 24 and 25. The only ferrite that these structures 
contained prior to aging was an occasional stringer (2 to 3%). 

Sigma appeared only in the specimens aged 100 hours at 1400 
and 1600°F (760 and 870°C). Also, the amounts were much 
smaller than in the specimens that initially contained 22 to 23% 
ferrite. Thus, the presence of ferrite in the initial structure either 
directly or indirectly promoted the formation of the sigma phase. 
One would hesitate to say that the phase formed from the ferrite 
directly because by the time it could be clearly identified the ferrite 
had long since transformed. This does not mean that it could not 
have been a part of the original precipitation ; it merely suggests that 
the formation of sigma followed the precipitation of carbides rather 
than accompanied it. 


Lonc-TiIME AGING TREATMENTS 


Two initial structures were used for the study of long-time aging 
treatments. One was the hot cold-rolled and stress-relieved struc- 
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Fig. 24—Solution-Treated at 2050 °F. Aged 100 hours at 1400 °F. 
Fig. 25—Solution-Treated at 2050 °F. Aged 100 hours at 1600 °F. 
Both specimens oxalic acid etched. X 500. 
Fig. 26—Hot Cold-Rolled and Stress-Relieved. Aged 100 hours at 1500 °F. Oxalic 
acid etch. 500. 


ture; the other was the structure produced by solution treatment at 
2350 °F (1290 °C). 

The lengths of time used were: 1, 10, 100, 500 and 1000 hours. 
In addition, one of the specimens _solution-treated. at 2350 °F 
(1290 °C) was held for 2000 hours at temperature. The aging tem- 
perature was 1500 °F (815°C) and the specimens were air-cooled 
following aging. 

Initial Condition—Hot Cold-Rolled and Stress-Relieved—Ini- 
tially, these specimens were low in ferrite, and their hardness ( Rock- 
well B-97 as compared to Rockwell B-87 for the annealed material) 
showed that they had been cold-worked 5 to 10%. 
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Figs. 27, 28, 29—Hot Cold-Rolled and Stress-Relieved. Aged 1000 hours at 
1500 °F. 


<x 500. Fig. 27—Oxalic acid etch. Fig. 28—-Murakami etch. Fig. 29— 
Modified Murakami etch. 


A large amount of sigma was produced in the specimen held at 
1500 °F (815 °C) for 100 hours (Fig. 26). The stringers formed 
by some particles of sigma indicate that the stringers of the former 
phase promoted the formation of the sigma phase in some way and 
thereby had their traces outlined. 


After heating 500 hours*at 1500 °F (815 °C) the alloy was less 
magnetic than it was initially. 


Twenty-five to 30% of sigma was produced by heating 1000 
hours at 1500 °F (815 °C) as shown by Fig. 27. 

Etching electrolytically with normal Murakami’s reagent (10 
grams of potassium hydroxide—10 grams of potassium ferricyanide 
—100 milliliters of water) produced the structure shown in Fig. 28. 
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The sigma phase was stained mostly reddish-brown, but some par- 
ticles were blue. The thickness of the coating built up is the deter- 
mining factor in the coloring. The crack-like markings which are 
sometimes associated with the sigma phase (2), (6) may be merely 
cracks in the etching film. The carbides in this structure were 
blackened. 

Etching with concentrated Murakami’s reagent created the 
microstructure shown in Fig. 29. Viewing with white light showed 


Density (g/cc) 





O 500 1000 
Hours at |I500°F 


Fig. 30—Effect of Prolonged Heating at 1500 °F 
on the Density of 19-9DL. 


that the sigma phase was colored yellow. Also, some of the carbides 
in Fig. 29 were blackened and others were relatively unattacked. In 
25-20 stainless steel none of the carbides are attacked by the con- 
centrated Murakami reagent (6). Therefore, it may be said that, 
in general, complex carbides in multi-alloy steels are attacked by this 
reagent while the simpler carbides in plain chromium-nickel steels 
are not. 

Sigma is more dense than austenite. This is shown by Fig. 30; 
a plot of density versus time at 1500 °F (815 °C). 

Initial Condition—Solution-Treated to Give High Ferrite—Ini- 
tially these specimens contained approximately 20% of ferrite. 

After 1000 hours at 1500°F (815°C) the particles of sigma 
were quite large, but comparison of Fig. 27 with Fig. 31 will show 
that the amount of sigma is greater in Fig. 27. From the previous 
section on aging, it will be recalled that the presence of ferrite in the 
initial structure promoted the formation of sigma when cold work 
was absent. Sigma formed more rapidly in a material that was low 
in ferrite but that was cold-worked, than in an initially high-ferrite 
material that was fully annealed. Therefore, while ferrite in the 
initial structure promotes the formation of sigma, cold work in the 
initial structure has a more pronounced effect. 
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Fig. 31—Solution-Treated at 2350°F. Aged 1000 hours at 1500 °F. Oxalic acid 
etch. X 500. 


Fig. 32—Solution-Treated at 2350°F. Aged 2000 hours at 1500°F. Modified 
Murakami etch. X 500. 


Fig. 32 shows the amount of sigma produced by holding a speci- 
men at 1500 °F (815 °C) for 2000 hours. The particles of sigma in 
this structure were sufficiently large so that microhardness measure- 
ments could be made. However, the particles were crushed by the 
penetrator and the values are therefore only approximate. The sigma 
particles had a Knoop hardness number of about 500, and the aus- 
tenitic matrix had a number of about 275. 


X-Ray DIFFRACTION STUDY 


All exposures were made in a Debye-Scherrer camera of 7.16 
cm. radius. The specimens were cut and ground to a wedge shape 
and were then deeply etched before exposure, to remove the surface 
layers distorted by grinding. Each wedge was placed in the camera 
in such a way that its chisel edge half blocked the X-ray beam. Un- 
filtered chromium radiation was used. 

Precise identification of the sigma phase is not possible at the 
present time because its crystallographic structure is not known. The 
structure is very complex but seems to be related somewhat to the 
body-centered cubic structure of the ferrite. 

The only lines visible on the film of the hot cold-rolled and 
stress-relieved specimen were those of austenite. The diffraction 
technique did not produce the lines of the carbides in the specimen; 
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Fig. 33—-Comparison of Unknown Lines in 19-9DL with Sigma Patterns Published 
by Other Authors. 


therefore, most of the lines in the pictures were assumed to be from 
austenite, ferrite or sigma (although large agglomerated carbides 
may have produced additional lines in some of the films). Twenty- 
three additional lines appeared on the diffraction film of the hot cold- 
rolled and stress-relieved specimen that had been heated 1000 hours 
at 1500 °F (815 °C). 

The diffraction pattern of the specimen that was solution-treated 
at 2350°F (1290°C) showed lines of both ferrite and austenite 
plus a few lines probably due to carbides. After the specimen had 
been heated 2000 hours at 1500°F (815°C) 33 unknown lines 
appeared. 

A plot was made of the sine @ values of the various lines of some 
of the specimens together with those found in the literature (7), (8), 
(9), and is presented in Fig. 33. The heights of the lines indicate 
the relative intensities of the diffracted beams. However, “weak” 
and “very weak” lines were plotted as though they had the same 
intensity because of the difficulty in correctly judging their intensities. 

It can be seen from Fig. 33 that the phase encountered was 
sigma, but it is strange that there is not more precise matching of 
the various patterns. Perhaps, as suggested by Bradley and Gold- 
schmidt (10), a transition structure precedes the stable sigma struc- 
ture. Also, the mode of formation from austenite may be different 
than from ferrite. Further investigation is necessary. 
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SUMMARY AND CONCLUSIONS 


Photomicrographs showing the progressive formation of delta 
ferrite at high solution treatment temperatures were presented. 

Reasons for the preferential precipitation of carbides in the 
ferrite sites of duplex ferrite-austenite structures were discussed. 

The sigma phase was investigated and the following conclusions 
made : 


1. Sigma forms from austenite as well as ferrite. 
2. The presence of ferrite in the initial structure hastens the 


formation of sigma. The reason may be one or more of the follow- 


a. The crystallographic structure of ferrite resembles that of 
sigma more closely than does the structure of austenite. 
The atomic mobility is greater in ferrite than in austenite. 

c. Preferential precipitation of carbides in the ferrite sites con- 
centrates the alloying elements locally or distorts the ferrite 
lattice and thereby facilitates the formation of sigma. 

3. Cold work accelerates the formation of sigma to a greater 

extent than does the presence of ferrite in the initial structure. 

4. There is no general method at present for the identification 
by etching of sigma that is reliable for all alloys. 

5. The complex structure of the sigma phase was confirmed. 
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DISCUSSION 


Written Discussion: By C. T. Evans, Jr., chief metallurgist, Elliott 
Co., Jeannette, Pa. 

This is one of the first attempts to explore fundamentals of micro- 
structure and phases in the special heat resisting alloys currently in use 
for gas turbines, jet engines, etc. The authors are to be congratulated 
in achieving a milestone in this field. 

The photomicrographs are excellent, although one cannot help but 
sympathize with the authors’ problems of interpretation of such complex 
structures. Fig. 14, with the conical illumination, is an outstanding 
example. 

It would be of interest to know how the magnetic susceptibility 
characteristics were determined. It also occurs to me that magnetic read- 
ings are not much help in determining whether the ferrite phase is trans- 
forming to sigma or austenite since both sigma and austenite are non- 
magnetic phases. Accordingly, I would be inclined to judge the metal- 
lographic and X-ray diffraction data as more indicative as to which phase, 
austenite or sigma, was actually the transformation product. 

I have attempted to correlate the work in this paper with a similar 
study on 19-9 W-Mo alloy performed by the N.A.C.A. Aircraft Engine 
Research Laboratory at Cleveland, Ohio. The analysis of the material 
was as follows: 


%o %o 
eee 0.084 Cee ea 18.50 
Sse as oa 0.44 RS ee 8.78 
ee ou yy eee 0.61 ae” sitet 1.38 
ie ee ed 0.013 NG ae 0.28 
oP SR ean 0.013 ee ee 0.47 
ER woo bial dea 0.38 


It will be noted that the analysis is quite similar to 19-9 DL except for 
lower carbon and molybdenum. 

The exact history of the bar stock was not revealed but it was prob- 
ably hot-rolled and stress-relieved for about 4 hours at 1200°F (650°C), 
followed by air cooling. Even in this condition, 19-9 W-Mo contains a 
high percentage of delta ferrite, as is shown by Figs. 32 to 35. Around 
30% ferrite in the original structure is a good estimate. 


- 
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Fig. 32—Photomicrograph of Specimen in the As-Received Condition. Held for 
72 hours at 1400 °F. ~Etched Vilella’s reagent. X 250. 


Fig. 33—Photomicrograph of Specimen Held 72 Hours at 1500°F. Etched 
f Vilella’s reagent. X 250. 


Fig. 34—Same Specimen as Fig. 33. X 1000. 


Fig. 35—Photomicrograph of Specimen Held 2 Hours at 2400°F, Water- 
] Quenched, 1500 °F for 92 Hours. Etched Vilella’s reagent. X 250. 
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The Cleveland laboratory then determined X-ray diffraction patterns 
with a Geiger-counter spectrometer, on samples with the following heat 
treatments: 


Aging 
Prior Temperature Time 
Treatment °F Hours 
Pe es ae Ven 6 ch Hoe bee a sig an 
PS 6a o's ke kaos a ceed ieee 1400 72 


2300 °F—2 hours. Water quench ...... 1500 91 
2400 °F—2 hours. Water quench ...... bean i 


No sigma lines appeared in any of the diffraction patterns as deter- 
mined at room temperature. Instead, the only transformation appeared 
to be that of ferrite to austenite. This does not check the findings of 
Gilman, Koh and Zmeskal on 19-9 DL, who found sigma after 100 hours 
at 1400°F (760°C) in a sample which had first been solution treated at 
2350 °F (1290 °C) and who likewise found sigma in a slightly cold-worked 
sample after holding for 100 hours at 1500°F (815°C). 

Although the work is not directly comparable, because of the differ- 
ences in analyses and heat treatments, it is surprising that the N.A.C.A. 
found no sigma after the aging treatments. It should be noted that the 
N.A.C.A. also tried to reveal sigma in these specimens metallographically. 
Their private communication to the writer of April 16, 1948, advises that 
the following etchants were employed: Vilella’s reagent; Vilella’s reagent 
followed by Murakami’s reagent; and 1:1 HCl followed by 10% alkaline 
ferricyanide. 

In addition, N.A.C.A. technical note of November 1947 (TN No. 
1488), giving hot diffraction data, shows that: “The alloy 19-9 W-Mo 
when heated began to transform from a two-phase mixture of body- 
centered and face-centered cubic structures to a single phase of face- 
centered cubic structure between 1400 and 1450°F (760 and 790°C). The 
transformation was completed between 1450 and 1500 °F (790 and 815°C)”. 

This same report shows that no change in thermal expansion rate 
accompanied the phase change. 

Written Discussion: By John M. Thomas, research associate, Engi- 
neering Research Institute, University of Michigan, Ann Arbor, Mich. 

The authors are to be congratulated on their careful study of several 
aspects of the sigma phase problem, a problem which certainly is in need 
of systematic and thorough investigations in order to remove the cloud 
of uncertainty which still surrounds its identification and characteristics. 
In the University of Michigan laboratories, we made up a series of alloys 
of iron, chromium, and nickel for the purpose of studying the sigma phase. 
We have done considerable experimental work on these alloys, much of it 
paralleling work the authors have presented. I would like to offer some 
of our observations and comments on the subject. 

The authors report the coloring produced to be dependent upon the 
thickness of the coating built up when a modified Murakami’s reagent is 
used to etch sigma phase. This is similar to what we have found in some 
of our alloys. In an alloy of 45% chromium, balance iron, which had been 
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aged at 1400°F (760°C), the interference phenomenon, such as is ob- 
served in tempering steel or in oil films, was clearly visible and the color 
at any one particular position on the sample was dependent only upon 
the time of etching. 

However, experience with other compositions, such as an alloy of 
25% chromium, 6% nickel, balance iron, in which the sigma was con- 
sistently colored light blue, using the same etchant, seems to indicate 
that the color is also dependent upon the composition of the sigma phase. 
This probably led to Burgess and Forgeng’s* statement that sigma phase 
is colored light blue when etched with modified Murakami’s reagent, in 
which they were dealing with iron-chromium-manganese alloys. Failure 
to reproduce this color in some of the chromium-nickel alloys initially 
caused us considerable concern, and probably has been confusing to other 
investigators. 

Another identification clearly shown in photomicrographs by Burgess 
and Forgeng* was the anisotropic behavior of the sigma phase in plane- 
polarized light, which under the crossed nicols would cause a change from 
light to dark upon rotation of the specimen. We have never been able to 
duplicate this phenomenon in sigma phase using the 45% chromium or 
iron-chromium-nickel alloys, and are curious to know if the authors have 
checked their 19-9 DL specimens for this behavior. 

The authors present a graph showing the density increase of 19-9 DL 
accompanying the transformation of austenite and ferrite to sigma phase. 
The amount indicated is about 0.25%, which I presume is for the cold- 
worked alloy which formed between 25 and 30% of sigma after 1000 hours 
at 1500°F (815°C). In the 45% chromium alloy mentioned previously, 
which can be aged at 1400°F (760°C) to form almost 100% sigma phase, 
the density increase on transformation from ferrite to sigma was found 
to be about 0.90%. Upon solution treating to re-form ferrite, the density 
decreased exactly the same amount as it had increased. An alloy of 40% 
chromium, 15% nickel, balance iron, which when solution-treated at 
1900 °F (1040°C) had about 60% alpha and 40% gamma phase trans- 
formed to about 30% gamma and 70% sigma phase on aging at 1400°F 
(760°C). The density increase accompanying this transformation was 
about 0.55%, with an equivalent decrease upon re-solution treating at 
1900 °F (1040°C) to its original condition. These figures seem to be in 
fairly good agreement with the findings of the authors. 

An interesting thought on the subject of this change in specific vol- 
ume is the effect it may have on time-elongation measurements in high- 
temperature creep tests. If the amount of sigma phase formed is in excess 
of about 3%, it may quite radically affect the characteristics of the creep 
curve, depending upon the rate of transformation. 

The authors suggest that the crack-like markings associated with the 
sigma phase may be cracks in the etching film. This possibility should 
not be ruled out. However, it is not difficult to conceive of them being 


actual cracks. If only the film cracked, it seems that a new film would 


8C. O. Burgess and W. D. Forgeng, ‘‘Constitution of Iron-Chromium-Manganese Al- 


loys,” Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 131, 
1938, p. 277-302. 
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immediately form of some other color than black due to the rapid action 
of the modified Murakami’s reagent on the sigma phase. The sigma phase 
is extremely brittle at room temperature, as borne out by the authors’ 
experience in having the material crumble when attempting to make 
microhardness measurements. Our own experience with the 45% chro- 
mium alloy aged at 1400°F (760°C) was that it cracked severely in a 
transcrystalline manner upon cooling from the aging temperature, and the 
corners of a specimen could be crumbled away with one’s fingernail. The 
stresses necessary to cause cracking of the brittle material could be 
thermal stresses set up when cooling the specimen from the aging tem- 
perature, when etching in hot solution and then cooling, or when polish- 
ing, or they could be mechanical stresses set up during polishing. Burgess 
and Forgeng’® also showed photomicrographs of an iron-chromium-manga- 
nese alloy in which a very light etch using a 10% aqueous solution of 
hydrochloric acid revealed countless unmistakable transcrystalline cracks 
in the sigma phase. 

The results of two elevated temperature tests on sigma may be of 
interest. A Charpy impact specimen and a tensile test bar were machined 
from the 45% chromium alloy in the hot-rolled condition. Each was held 
at 1400 °F (760°C) for 22 hours, which was sufficient to transform it into 
sigma phase, and then tested at that temperature. The Charpy impact 
value was 8 foot-pounds, although the specimen shattered badly. The 
tensile bar withstood a stress of 18,000 psi at 1400°F (760°C) before a 
very brittle fracture occurred in the threads of the specimen. The meas- 
ured permanent deformation of the gage section was zero. 

Written Discussion: By Peter Payson and Lo Ching Chang, Research 
Laboratory, Crucible Steel Co. of America, Harrison, N. J. 

These authors have introduced the very interesting idea that sigma 
in some steels may form by a two-step transformation—that is, ferrite to 
austenite and then to sigma. The prevalent opinion is that sigma forms 
from ferrite, generally, and that in some steels of suitable composition, 
sigma may form from austenite but only after quite long holding periods 
at temperatures between about 1200 and 1600 °F (650 and 870°C). 

Since in our laboratory we are very much interested in sigma forma- 
tion, we thought it worthwhile to make several determinations to see if 
we could find evidence to support the proposed hypothesis. 

We used one steel somewhat similar to that used by the authors. 
This analyzed: 


C Mn Si Ni Cr Mo Cb 
0.18 3.3 0.70 7.3 19.0 2.9 1.0 


In the as-rolled condition, this steel contained a small amount of ferrite, 
but when it was quenched from 2350°F (1290°C), it contained a large 
amount of ferrite. In other words, in the heating to 2350°F (1290°C), 
some austenite is converted to ferrite and this increased amount is re- 
tained at room temperature when the steel is cooled fairly rapidly. How- 
ever, when the steel after being heated at 2350°F (1290°C) was trans- 
ferred directly to a furnace at 1400°F (760°C) and held at this tempera- 
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ture, it could be observed that in a relatively short time an appreciable 
amount of ferrite changed back to austenite. The retained ferrite in the 
rapidly cooled sample was also transformed to austenite when the sample 
was reheated at 1400°F (760°C). The progress of the transformation 
is shown in Fig. 86. The top curve shows the change in magnetism with 
time at 1400°F (760°C), and the lower curve shows the change in room 
temperature hardness. At the end of 30 minutes at 1400°F (760°C), the 
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Fig. 36—Effect of Heating Time at 1400°F on Changes in Magnetism and 
Hardness of 0.18% Carbon, 3.3% Manganese, 0.70% Silicon, 7.3% Nickel, 19.0% 
Chromium, 2.9% Molybdenum, 1.0% Columbium Steel Quenched from 2350 °F. 


magnetism has dropped appreciably but the hardness has hardly changed. 
The structure of the steel at the end of 30 minutes at 1400°F (760°C) is 
shown in Fig. 37a. Obviously there has been a change in the ferrite but 
the X-ray diffraction pattern of this sample shows only ferrite and aus- 
tenite and, therefore, it is safe to conclude that austenite is the new phase 
in the areas that were formerly ferrite. 

With increasing time at 1400 °F (760°C) there is a continued decrease 
in magnetism but there is also an increase in hardness. Since both aus- 
tenite and sigma are nonmagnetic, the decrease in magnetism may mean 
the transformation of ferrite to either austenite or sigma, or both. The 
increase in hardness definitely implies the formation of sigma. The struc- 
ture also shows sigma as may be seen in Fig. 37b, and this is confirmed 
by the X-ray diffraction pattern. However, we were not able to detect 
the change from austenite to sigma. Rather, we believe that some of the 
ferrite first transforms to austenite and then the remaining ferrite prob- 
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ably enriched by the ferrite-forming elements molybdenum, columbium 
and chromium transforms to sigma. 

We also used a sample of the important commercial valve steel XCR 
which analyzed: 


Cc Mn Si Ni Cr Mo 

0.42 0.81 0.72 4.7 23.3 2.6 
This steel unlike the one previously discussed contains an appreciable 
amount of ferrite at the rolling temperature and the room temperature 


Fig. 37—Steel of Fig. 36, Quenched from 2350°F and Reheated at 1400 °F. 
a—for 30 minutes; b—for 20 hours. Etched with hydrochloric-picric acid reagent. 
< 1000 (reduced 50%). 

structure of the as-rolled steel consists of ferrite, austenite and carbide. 
When this steel is heated at 1400°F (760°C), there is a slight decrease 
in magnetism during the first hour of heating and practically no change 
in room temperature hardness. Also during this period there is no evi- 
dence of sigma in the X-ray diffraction pattern. We must conclude, 
therefore, that during the first hour of heating some of the ferrite trans- 
forms to austenite. Beyond the first hour of heating at 1400°F (760°C) 
there is a more marked drop in magnetism but this is accompanied by a 
marked increase in hardness and the appearance of sigma lines in the 
X-ray diffraction pattern. The changes in microstructure are not easy 
to follow in this steel but our tentative conclusion is that after the first 
formation of a small amount of austenite from the ferrite the ensuing 
formation of sigma is from the remaining ferrite and not from the 
austenite. 

The delineation of the phases in the microstructures of these complex 
high alloy steels is extremely difficult and the concentrated Murakami 
reagent used by the authors does not always give satisfactory results. 
It is likely that some etching technique will be developed which will make 
it possible to trace the structural changes accurately and thus make the 
kinetics of sigma formation more clear than it now is. 
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We hope the authors of this paper will continue their study of sigma 
formation. The subject is not only of academic interest but since sigma 
is an important constituent of one of the most prominent automotive 
exhaust valve steels, it is also of considerable practical interest. 

Written Discussion: By G. J. Guarnieri, research metallurgist, Cornell 
Aeronautical Laboratory, Inc., Buffalo. 

Information of the type presented in this paper should be of interest 
to metallurgists and engineers utilizing austenitic stainless steels at both 
normal and elevated temperatures. Since such steels are usually consid- 
ered nonheat-treatable in the normal sense of the word, it would seem 
that more effort should be made in utilizing the sigma constituent under 
controlled conditions as a hardener of the austenitic matrix. Such experi- 
ments of the type here presented provide preliminary information needed 
for any such controlled manipulation of sigma phase. 

Work being done on Type 310 stainless sheet material indicates that 
the short-time, high-temperature, load-carrying ability of such an alloy 
may be improved by promotion of a fine sigma phase dispersion in its 
matrix by suitable aging treatments. Cold working prior to aging not 
only accelerates the sigma formation as indicated by the authors, but 
also promotes a finer distribution and less acicular type of constituent. 
The result may mean in some cases improved strength with ample 
ductility. 

Written Discussion: By Howard S. Avery, research metallurgist, 
American Brake Shoe Co., Mahwah, N. J. (Chairman, Technical Research 
Committee of the Alloy Casting Institute.) 

Occasionally interest is expressed in the sigma phase because of its 
hardness. Pertinent to this is a brief investigation recently completed 
as part of the Alloy Casting Institute research program at Battelle Me- 
morial Institute. This work was aimed at producing a hardenable stain- 
less steel with greater alloy content than is compatible with hardening 
in the 12% chromium types. 

Using low carbon 29% Cr-—-9% Ni as the base composition, it was 
possible to attain a hardness of 350 to 490 BHN by means of aging be- 
tween 1000 and 1600 °F (540 and 870°C), which promoted sigma forma- 
tion. However, this hardening was associated with extreme brittleness, 
with an expectation of mechanical properties much inferior to those of 
the hardened 12% chromium steels. 

Corrosion resistance, after aging at 1000°F (540°C), was also poor, 
the corrosion rate in 65% boiling nitric acid being about ten times that 
of the same alloy in the solution heat treated condition. These observa- 
tions, coupled with British reports of impaired resistance to sulphuric 
acid corrosion* because of sigma formation, suggest that sigma precipita- 
tion hardening is probably undesirable in chromium-nickel-iron corrosion 
resistant alloys. 

Written Discussion: By R. D. Wylie, metallurgist, The Babcock & 
Wilcox Co., Barberton, Ohio. 

*Smith and Bowen, “The Occurrence and Some Effects of Sigma Phase in a Molybde- 


num Bearing Chromium-Nickel Austenitic Steel,’ Journal, lron and Steel Institute, Vol. 
158, March 1948, p. 295-305. 
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In recent years fabricators and electrode manufacturers using and 
producing austenitic welding electrodes for welding pressure vessels 
operating at high temperature have been increasingly aware of the pres- 
ence of microfissures in austenitic weldments. These fissures appear to 
lower the room temperature and high temperature ductility of such ma- 
terial. Several investigators” * have proposed that the presence of a small 
amount of delta ferrite in the weldment may inhibit either the formation 
or the effect of such fissures. It is for this reason that investigations 
such as the one conducted by Messrs. Gilman, Koh and Zmeskal are of 
primary interest in the field of welding metallurgy. The authors are to be 
commended for the thoroughness with which their investigation was made. 

A similar study is in progress in the Works Control Laboratory of the 
Babcock & Wilcox Company in Barberton, Ohio, using weld metal sam- 
ples of the following analysis: 


Yo 
SO 3 3 RS. er Be 0.09 
GOS >. 0 ass Se eanees 1.67 
Le elite samen 0.62 
ee eee 19.48 
EE) Win ac cinta, ett ead deena 9.93 
Cee occa ck (oa ee 
Ss . Se bos ee aaa s 0.008 
IO 5s 's ov a cdhoente 0.011 


The weld metal pads were prepared with ¥s-inch diameter 19-9 Cb 
electrodes with beads deposited upon a plate of a similar composition to 
the weld metal. Sufficient layers were deposited to permit the machining 
of standard tensile specimens from the weld pad. Such a specimen will 
contain metal which has received numerous heat treatments. Some of 
the structure will remain “as-cast”, other portions will have been reheated 
to temperatures below the melting point and quenched, while still other 
parts of the specimen will have been reheated several times at succes- 
sively lower temperatures. 

It was found as the authors indicated in Fig. 7 of the paper that 
successively higher heat treating temperatures above 1600°F (870°C) 
produced increasing quantities of delta ferrite and increased the magnetic 
permeability. Further samples treated in a laboratory furnace at tempera- 
tures from 1750 to 2400°F (955 to 1315°C) produced a similar effect, 
except at a temperature of approximately 2250°F (1230°C) where there 
appeared to be a definite drop in the quantity of ferrite present in the 
microstructure and a similar drop in magnetic properties. This phenom- 
enon has not been explained. 

The transformation structures and rates of their formation and dis- 
sociation are being studied at temperatures from 1050 to 2400°F (565 to 


5A. L. Feild, F. K. Bloom and G. E. LInnert, ‘““The Effect of Variations in Chromium- 
Nickel Ratio and the Molybdenum Content of Austenitic (20 Cr-—10 Ni) Electrodes on 
Properties of Armor Weldments,’”” NDRC Report, OSRD No. 303X, December 14, 1943. 


*H. C. Campbell and R. D. Thomas, ‘‘The Effect of Alloying Elements on the Tensile 
Properties of 25-20 Weld Metal,” The Welding Journal, Vol. 25, No. 11, Research Supple- 
ment, November 1946, p. 760-S to 768-S. 


a 
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1315°C). The complete data have not been accumulated as yet, but 
from initial data these conclusions have been drawn: 


1. Sigma phase appears to transform progressively from the delta 
ferrite at temperatures from 1050 to 1600 °F (565 to 870°C) with the rate 
of formation a maximum at about 1550°F (845°C). The rate of forma- 
tion seems to be a function of the initial concentration of alloying ele- 
ments, especially chromium, in the ferrite. The first ferrite formed from 
the melt is relatively pure iron and when quenched, as in welding, little 
or no diffusion will take place so that the ferrite remaining at room 
temperature will still have a low alloy concentration. When held for 
even very short periods of time at a temperature of 2350°F (1290 °C) 
the diffusion of large amounts of such alloying elements as chromium, 
silicon, molybdenum and columbium into the delta ferrite occurs very 
rapidly. G. E. Claussen’ showed relative diffusion rates for chromium 
in solid iron at 2020 and 2380°F (1105 and 1305°C) which indicate that 
the rate of diffusion of chromium is increased from 30 to 70 times as the 
temperature is raised. This indicates that the ferrite present after heat- 
ing at 2020°F (1105°C) would probably have a much lower initial con- 
centration of alloying than that formed at 2380°F (1305°C). Therefore, 
one would expect that the higher alloyed ferrite would transform to sigma 
more rapidly than the ferrite having a low initial concentration of alloy- 
ing elements. This was substantiated in the authors’ paper and in our 


investigation. 


2. The authors’ suggestion of an initial transformation of the delta 


ferrite to austenite prior to the formation of sigma phase is rather hard 
to justify, especially at temperatures of 1200 and 1400 °F (650 and 760 °C). 
If the ferrite conforms to the same pattern as the iron-chromium alloys, 
which is quite likely, the minimum transformation temperature has been 
given by numerous investigators® as 1490 °F (810°C). At 1600°F (870°C) 
such a transformation is more likely, but should again depend upon the 
chromium concentration of the ferrite. The presence of carbon does not 
lower the critical transformation temperature but merely increases the 
area within the gamma loop. The presence of nickel in the delta ferrite 
is questionable because if there were sufficient nickel some intermediate 
transformation to martensite would be expected and as yet no such trans- 
formation has been reported. 


») 


3. We have noticed the behavior of columbium carbide in this investi- 
gation and believe that at temperatures above 1500°F (815°C) in the 
presence of delta ferrite and/or sigma phase there is some dissociation 
of columbium carbide with an accompanying diffusion of columbium into 
the ferrite or sigma. 


In closing, we agree with the authors that more investigation is nec- 
essary, particularly with respect to the effect of delta ferrite and sigma 
phase on the high temperature properties of these materials. 

_ 7G. E. Claussen, “The Diffusion of Elements in Solid Iron,” 
Society for Metals, Vol. 23, 1935, p. 640-648. 


SA. B. Kinzel and Walter Crafts, “The Alloys of Iron and Chromium’”’—vVol. 1: 


Low Chromium Alloys, The Engineering Foundation Monograph Series, McG -Hill Book 
Co., New York, 1937, p. 31-45. we ee 
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Authors’ Reply 


The data Mr. Evans contributed are of great interest. Molybdenum 
is a powerful promoter of sigma phase, and we believe that the reduction 
of the quantity of this element by a factor of four to five in 19-9 W-Mo, 
as compared to 19-9 DL, accounts for the lack of sigma phase found in 
the steel. It is possible, however, that much longer times than the 91 
hours used will develop sigma phase in this steel, and this is now being 
determined. 

With the acid etches described by Mr. Evans it is very difficult to 
distinguish between ferrite and sigma. We do not advise the use of the 
etching procedure by which acid is followed by alkali as the sigma tends 
to dissolve out. 

Our magnetic determinations were made by measuring the forces 
required to pull a standard Alnico magnet away from the specimens cut 
to a standard size. The magnet was suspended from one arm of an 
analytical balance, and the specimen was held in a copper vise. As Mr. 
Evans points out, magnetic measurements alone are not much help in 
determining whether ferrite is transforming to austenite or to sigma; 
however, when made in conjunction with X-ray diffraction, hardness, 
density, and metallographic measurements, they are very helpful indeed. 

The authors find Messrs. Payson and Chang’s photomicrographs of 
great interest. The manner in which the sigma growth seems to have 
followed the traces of the ferrite in the structures is significant. How- 
ever, the evidence is not clear-cut as to whether the sigma formed from 
ferrite or from austenite. There seems to be some lack of balance be- 
tween the magnetic changes and the appearance of the microstructures. 

The authors wish only to state that it is possible, in some steels, 
for the sigma phase to form from austenite and yet have its formation 
accelerated by the presence of former ferrite which served to concentrate 
sigma-forming elements locally. That is, sigma need not form directly 
from ferrite for ferrite to promote its formation. 

The exact sequence of the reaction which leads to the transforma- 
tion of some of the steel to the sigma phase depends on the balance of 
the steel toward austenite stability for a given temperature and compo- 
sition. In steels which have austenite of high stability the sigma forms 
directly from the austenite, as was shown by Payson and Savage for 
25 chromium —- 20 nickel stainless steel. Some steels have stable duplex 
ferrite-austenite structures in the sigma formation temperature range. 
In these steels, we believe that sigma forms directly from the ferrite. 
In 19-9 DL, the ferrite is highly unstable in the sigma formation range 
and we believe that sigma forms not from ferrite but from austenite 
which was formerly ferrite. The steel that Messrs. Payson and Chang 
used seems to have behaved in an intermediate manner. This could be 
expected because of the rather favorable compositional balance of the 
steel toward ferrite stability. 

We would like to emphasize, as Payson and Chang have stated, the 
caution that must be observed in examining microstructures of these com- 
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plex steels. As many as four phases may be present simultaneously and 
as each has an etching rate different from the others, proper etching 
requires much skill. Also, as Mr. Thomas pointed out, the alkaline etch- 
ants usually used for these steels seem to be quite sensitive to variations 
in composition as well as to different phases. Thus, what appears to be 
ferrite may be highly alloyed austenite, etc. 

The most satisfactory etchant known to us, for four-phase struc- 
tures (austenite, ferrite, sigma, carbides) is the modified Murakami’s 
reagent. Its behavior is quite erratic, however. We suggest alkaline 
sodium picrate, used electrolytically, as another satisfactory reagent 
which is useful in that it usually attacks sigma more rapidly than carbides 
and may, therefore, be used to aid in identification. 

Mr. Thomas asked whether we observed in 19-9 DL the color changes 
observed by Burgess and Forgeng in iron-chromium-manganese alloys 
when the specimen was rotated in polarized light. We did not observe 
that any changes in color occurred. It seems unlikely that the crack-like 
markings on the etched sigma phase in alloys like 19-9 DL, where the 
amount of sigma is less than 50%, are due to actual cracks in the sigma 
phase. Acid etching reagents have never shown cracks in sigma. Alka- 
line reagents will produce crack-like markings on the ferrite of ferrite- 
austenite duplex structures in which no sigma is present; these crack-like 
markings occur at long etching treatments and widen into bands as the 
time of etching is further prolonged. Furthermore, in sigma structures, 
in which the sigma actually seems to have cracks in it, it is difficult to 
conceive how these cracks can heal up so perfectly on solution treatment, 
as the density data of Mr. Thomas indicates they do. Surely the presence 
of cracks would change the density, and not allow an almost exact return 
to the density of the austenite phase. 

We welcome Mr. Guarnieri’s remarks on the value of sigma phase 
for promoting increased high temperature strength properties of stainless 
steels. The 19-9 DL alloy has had a successful commercial history. A 
good example of a commercially successful application, of designed-for- 
sigma phase hardening, is afforded by the valve steel, XCR, containing 
24% chromium, 5% nickel, 0.40% carbon, and 3% molybdenum. 

However, as Mr. Avery points out, brittleness and lower corrosion 
resistance in certain media are obstacles which limit the general applica- 
tion of sigma-hardened steels. 

In point 2 of Mr. Wylie’s discussion it is maintained that 1490 °F 
(810°C), the temperature for the alpha-gamma transformation in the 
binary iron-chromium alloys, is also to be expected as the minimum 
transformation temperature in 19-9 DL. As given in “The Alloys of 
Iron and Chromium”, Volume II, page 270, the transformation tempera- 
ture in an 18% chromium — 8% nickel alloy is 675 °F. It is to be expected 
that the other elements in 19-9 DL will raise this temperature but hardly 
much over 1100°F (595°C). We cannot agree with Mr. Wylie as to 
his statement that “the presence of nickel in the delta ferrite is question- 
able”, since the equilibrium diagrams available at present all show that 
high quantities of nickel can be present in ferrite. 








PREDICTING THE EFFECT OF COMPLEX TEMPERING 
CYCLES 


By J. L. WatsMAN AND W. T. SNYDER 


Abstract 


A method has been developed for predicting the effect 
of a complex tempering cycle on the hardness of quenched 
steels. The technique involves the division of any com- 
plicated tempering cycle into a series of small isothermal 
‘‘steps”’ and the integration of the hardness effects of all 
such steps. 

Experimental isothermal tempering data are pre- 
sented for two medium carbon alloy steels. These data 
are used to illustrate predictions of the effects on hard- 
ness of variations in heating and cooling rate, and of 
fluctuations at the tempering temperature. 

The data are compared with a general relationship 
proposed by Hollomon and Jaffe in a recently published 
paper, and, within limits, excellent agreement is obtained. 


CONSIDERABLE amount of work has been done during the 

past two decades which has clarified concepts of the mechanism 
of steel hardening and tempering and of the engineering advantages 
of such heat treatment. It has now been widely recognized that, 
for the alloy constructional steels, the best combination of tensile, 
impact and fatigue strengths is obtained by “through hardening” and 
tempering. A large amount of metallurgical effort has been ex- 
pended in providing data to enable the engineer and metallurgist to 
predict the “‘as-quenched” hardness gradient to be expected from a 
steel when various shapes and sizes are quenched into a variety of 
quenching media. The “as-quenched” hardness gradient is used as a 
measure of the microstructure. Knowing the hardened structure, 
the engineer can estimate the range of static, impact, and fatigue 
properties which can be produced in a part after tempering to a 
given hardness, and proceeds to specify the hardness to which each 
part is to be tempered. 





A paper presented before the Thirtieth Annual Convention of the Society, 
held in Philadelphia, October 23 to 29, 1948. Of the authors, J. L. Waisman 
is metallurgist, Douglas Aircraft Company, Inc., Santa Monica, California, and 
W. T. Snyder is chief engineer, Herff Jones Company, formerly metallurgist, 
Douglas Aircraft Company, Inc., Chicago. Manuscript received March 24, 1948. 
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In selecting the tempering time to secure a specified hardness, 
most heat treating departments follow a “rule-of-thumb” method, by 
arbitrarily allowing 2 hours at the tempering temperature for each 
inch of maximum cross section. The selection of tempering tempera- 
ture is then made by “experience” or by use of a chart such as is 
shown in Fig. 1. 

Under most production conditions, such a procedure is entirely 
adequate for producing acceptably heat treated parts. Frequently, 
however, unorthodox tempering cycles may be desired or equipment 


Hardness 





Tempering Temperature 


_ Fig. 1—Typical Chart Used for the Se- 
lection of Tempering Temperatures. 


breakdowns may produce undesired fluctuations in the tempering 
cycle. For example, a furnace may be extremely slow in heating or 
cooling. Or, the furnace may go out of control and either overshoot 
or undershoot the desired temperature. In each case, modifications 
of the time at the tempering temperature may be required for de- 
veloping the specified hardness. 

Until recently, little information was available which would 
make it possible to predict the effect of unusual or complex temper- 
ing cycles. An excellent recent paper presented by Hollomon 
and Jaffe’ has presented an analytical technique which, it appears, 
will enable the metallurgist to make such predictions based on a 
small amount of experimental data. 

This paper presents a similar graphical method employed by the 
authors for making such predictions and includes the experimental 
data necessary for predicting the effect of tempering cycles for two 
medium carbon alloy steels. A comparison is made between the 
authors’ experimental results, and predictions of these results made, 
using the technique presented by Hollomon and Jaffe. 


1**Time-Temperature Relations in Tempering Steel,’ by J. H. Hollomon and L. D. 
Jaffe, American Institute of Mining and Metallurgical Engineers, Technical Publication 
No. 1831, Metals Technology, September 1945, 
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AutTHors’ METHOD 


The authors have employed the following technique in making 
their predictions: First, data on isothermal tempering effects are 
accumulated. This is accomplished by selecting significant tempera- 
tures in the tempering range and tempering groups of quenched 
samples for various times at each of these temperatures. (A de- 
scription of a typical procedure is included in the appendix.) The 
data are conveniently plotted as time-hardness curves as shown in 
Fig. 2. 

In order to employ these data for predicting the effects of other 
than isothermal cycles, a simplifying assumption is required. It 


Hardness 














Time —~ 


Fig. 2—Chart Showing Hardness Curves. 


must be assumed that hardness is the sole criterion of “degree of 
tempering”. This statement implies that although a given hardness 
can be produced by a large variety of tempering cycles, all such 
cycles are equivalent. For example, if a hardness of Rockwell C-34 
could is produced in a quenched and tempered steel either by tem- 
pering at 950°F for 4 hours or tempering at 1000 °F for 1 hour, 
it is assumed that each cycle produces exactly the same structure. 
Further, if the quenched specimen has been tempered at 950°F 
for 4 hours and is suddenly heated to 1000°F, the specimen will 
immediately act just like a sample of the same hardness which has 
already been tempered at 1000 °F for 1 hour. 

With this assumption the way is now clear for predicting the 
effect of complex cycles; it is only necessary to divide any cycle 
into a series of isothermal steps. The progress of tempering during 
each isothermal heating is determined from the time-hardness curve 
for that temperature. The transition from one curve to another is 
made by assuming an instantaneous heating (or cooling) from one 
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temperature to another, and therefore by passing from one curve to 
another at equal hardness lines. 


A typical breakdown of this type is shown in Fig. 3. The upper 
portion of this figure shows a simple tempering cycle broken down 
into its components. This cycle includes a 1-hour dwell in tempera- 
ture range A, and 1 hour in range B during heating. Four hours 


}+—— 4 hr. —-+ Temp°C 


! Range B z 
Actual Curve 
Lhe 


W. Assumed 
J Step-Type RangeA 


oo Heating 
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Time Temperature Curve 
For Tempering Cycle 


Rockwell C 





Log Time 


Fig. 3—Method of Integrating Effect of Heat- 
ing, Soaking and Cooling. 


are spent at temperature C. During cooling, 1 additional hour is 
spent in each of the temperature ranges B and A. Referring now to 
the lower portion of Fig. 3, the effect of each component part of 
the cycle can be determined. Line MN shows the hardness decrease 
which would result from heating in temperature range A. A hori- 
zontal line NO is now drawn, since the hardness of any particle at 
the beginning of the time dwell in range B is assumed to be the same 
as it was at the end of the dwell in range A. Next, the line OP is 
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Fig. 4—Experimental Time-Hardness Curve for Steel 1. 


drawn, showing the effect of dwell in range B. Another horizontal 
line is now drawn and the procedure continued. The hardness at 
the end of the entire cycle is read from point V. If the assumption 
upon which the method is based is correct, the accuracy of the method 
is limited only by the accuracy of the data and the size of tempera- 
ture steps into which a cycle is divided. 

The authors’ isothermal tempering results for two steels are 
shown in Figs. 4, 5 and 6. Figs. 7 and 8 are examples of the 
accuracy of the method used in conjunction with Fig. 5 for pre- 
dicting the effects of complex cycles. In these figures the actual 
hardnesses resulting from a series of complex tempering cycles are 
compared with the predicted hardness. It is apparent that good 
correlation is obtained. 

It is obvious, however, that for steels and temperature ranges 
where secondary hardening accompanies tempering, the method out- 
lined would not be valid, since equivalent hardnesses may not always 
be equivalent structures. One other caution is appropriate here for 
those wishing to make use of this or similar techniques. No impli- 
cation has been intended that hardness and structure alone determine 
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Fig. 5—Idealized Time-Hardness Curves for Steel 1. 


the mechanical properties of a heat treated steel part. It is recog- 
nized that for many conditions the residual stresses in a part may 
play an important part in determining its strength characteristics. 
In such cases, caution must be employed to see that manipulations 
of a tempering cycle do not cause dangerous residual stresses. 


COMPARISON OF AuTHORS’ DATA WITH EMPIRICAL FUNCTIONAL 
RELATIONSHIP DEVELOPED BY HOLLOMON AND JAFFE 


Hollomon and Jaffe have demonstrated that for a variety of 


steels showing no secondary hardening, the following relationships 
are valid: 


H =f [T (c+ logt) ] Equation I 


where H is the hardness in any units, T is the absolute temperature, c is a 
constant for the steel in question, and t is the time in any units. 


Except for hardnesses below Rockwell C-25 and hardnesses within 
3 points of the “as-quenched”’ hardness, and except for steels con- 
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Fig. 6—Idealized Time-Hardness Curves for Steel 2. (SAE 4140) 


taining large quantities of carbide-forming elements, the above func- 
tional relationship takes a form typified by this equation: 


R. = H. — 0.00457T (13.0 + log t) Equation II 


where R. is the Rockwell “C” hardness of the steel, He is an experimentally 
determined characteristic of the steel termed “characteristic hardness”, T is the 
absolute temperature on the Kelvin scale, and t is the tempering time in seconds. 


Equation I gives an infinite series of time-temperature com- 
binations which will yield the same hardness. The test of validity 
for Equation I is that a plot of hardness versus the function 
T (c+ logt) should give a smooth curve with reasonably small 
scatter. Fig. 9 is such a plot of the authors’ data previously shown 
in Fig. 4. The plot was made after “c” was calculated on the basis 
of several time-temperature combinations known to give the same 
hardness. The curve is smooth and the scatter well within the range 
of experimental error. 

Fig. 10 is a reproduction of a chart presented by Hollomon and 
Jaffe for rapid solutions of Equations I and II. By the use of this 
chart, predictions were made for the hardness which would be pro- 
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duced during various isothermal tempering cycles employed by the 
authors in the tests previously described. The predictions were made 
in the following manner: First, the hardness produced by a given 
time-temperature combination was determined experimentally. This 
value was then added to the “hardness difference’ for that time- 
temperature combination in Fig. 10 to obtain a “characteristic hard- 
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Fig. 7—Effect of Complex Cycle and Double Temper- 
ing on Rockwell Hardness. Comparison of actual and 
calculated values. Four samples started through cycle. 
Each of four removed at various stages as shown. 


ness”. For any other time-temperature combination the predicted 
hardness is determined by reading the “hardness difference” corre- 
sponding to the new time and temperature in Fig. 10. This number 
is then subtracted from the “characteristic hardness” previously 
determined, to give the predicted hardness. For example, for steel 1, 
Fig. 5, tempering for 1 hour at 800 °F gives a hardness of Rockwell 
C-40.5. According to Fig. 10, 1 hour at 800 °F corresponds to a 
hardness difference of 53. Adding 53 and 40.5 gives a “character- 
istic hardness” of 93.5. Now, to predict the hardness which would 
be developed by tempering at 1000°F for 15 minutes, we check 
Fig. 10 and find that this time-temperature combination corresponds 
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Fig. 9—Check on Functional Relationship of Hollo- 
mon and Jaffe. 


H = f [T(C + logt)] 
Where H is the hardness 
t is the tempering time in seconds 
C is a constant characteristic of the steel 
T is the Absolute Temperature °K 


to a “hardness difference” of 59.5. Subtracting this value from the 
“characteristic hardness” of 93.5 gives us the predicted hardness of 


1949 COMPLEX TEMPERING CYCLES 1409 





Comparison of Experimental Hardness Determinations with Predictions after 
Hollomon and Jaffe 


(Steel 1) 
Rockwell “C” Hardness 
Tempering Time Actual Predicted 
Temperature Hours Hardness Hardness 
600 °F WA 45% 50% 
1 45 48y 
4 4444 474% 
800 °F A 42 42 
1 40%* 40% 
4 39 38Y% 
900 °F A 38Y% 38 
1 37 36% 
4 36 34% 
1000 °F 4 35 34 
1 34 32 
4 33 30 
*This value was used to establish He. 
Table Il 


Comparison of Experimental Hardness Determinations with Predictions after 
Hollomon and Jaffe 





(Steel 2) 
Rockwell “C’? Hardness 
Tempering Time Actual Predicted 
Temperature Hours Hardness Hardness 
800 °F i 44 44y 
2 424%" 42y% 
12 40% 40% 
1025 °F Y, 34Y, 35 
2 33 33 
12 30% 30% 
1250 °F Y, 23% 23% 
2 22 22% 
12 15y% 20% 


*This value was used to establish He. 


Rockwell C-34. The actual hardness obtained, Fig. 5, is Rockwell 
C-35.5. 

Tables I and II show a series of such comparisons for steels 
1 and 2. Most of the predictions are within 1 point of the true 
values ; some predictions differ from the true value by 2 points; and 
an occasional deviation of 3 to 5 points is observed. The larger 
deviations are for hardnesses close to the “‘as-quenched” hardnesses 
or for the structures softer than Rockwell C-20. Considering that 
experimental error is at best 1 point Rockwell C, this agreement is 
remarkably good. 

A method for predicting the hardness of tempered steels for 
which no experimental data are available is also tentatively advanced 
by Hollomon and Jaffe, in terms of data correlating the “cnaracter- 
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Fig. 10—Chart for Finding Time-Temperature Combinations Giving Equivalent 
Tempering Presented by Hollomon and Jaffe in Paper Reference in Text. 
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Fig. 11—Size of Typical Sample 
and Location of Thermocouple on Tem- 
perature Check Sample. 


istic hardness” with carbon content. Using these data, a “character- 
istic hardness” of 88 would be predicted for steel 2 (AISI4140). 
The use of Fig. 10 in conjunction with experimental data shows the 
correct value to be 96.5. Use of the 88 value would therefore have ' 
resulted in a large error in predictions. This result confirms the 
conclusions of Hollomon and Jaffe that such predictions based on 
no experimental data are undependable. 


en 
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CONCLUSIONS 


1. An accurate method based on empirical data has been devel- 
oped for predicting the effect of simple and complex tempering 
cycles on the hardness of a quenched steel. 

2. For two medium alloy steels tested, accurate predictions of 
hardnesses developed in simple and complex tempering cycles are 
possible, based on a limited amount of experimental data and the 
use of a functional relationship developed by Hollomon and Jaffe. 

3. Where no experimental tempering data are available for a 
steel, dependable predictions cannot be made using the Hollomon 
and Jaffe functional relationship. 


Appendix 
EXPERIMENTAL PROCEDURE 


Fig. 11 shows the size of a typical specimen used in the temper- 
ing tests. A group of these specimens was heated to production 
hardening temperatures and quenched. After careful wet grinding, 
the hardness of each specimen was determined. A number of 
specimens were then placed in a small electrical-resistance-element 
heated furnace operating at a predetermined temperature in the 
tempering range. The heating-up times of all groups of specimens 
were checked by inserting a “dummy specimen” with thermocouple 
attached as shown in Fig. 11. Specimens were withdrawn at inter- 
vals and air-cooled. They were then reground on No. 240 emery 
paper and their hardness redetermined. At least 15 readings were 
taken on each specimen. 

Heating-up times were approximately 5 minutes. Certainly the 
first of these 5 minutes has a negligible softening effect. Therefore, 
if we assume that the effect of the heating time for these specimens 
is equivalent to 2 minutes at temperature, the error of this assump- 
tion cannot exceed plus or minus 2 minutes. Each actual time at 
temperature is therefore increased by 2 minutes before plotting 
curves of the type shown in Figs. 4, 5 and 6. 
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DISCUSSION 


Written Discussion: By J. A. Kavenaugh, technical advisor, Revere 
Copper and Brass Inc., Los Angeles. 

The information and procedure presented in this paper is the type so 
greatly needed to bring the recent advancements in theoretical metal- 
lurgy to the working level of the engineer. The authors have shown a 
method whereby much of the guesswork may be eliminated in predicting 
the properties of steels under unorthodox tempering cycles. 

However, the chart given in Fig. 10 must be made with some assigned 
or average value of the constant C of Equation I. Since this constant is 
characteristic of the steel, the chart in Fig. 10 must be a series of curves 
whose slope is governed by an assigned value, This is shown by the fact 
that although the steels in Tables I and II are apparently quite similar 
in time-hardness curves, steel No. 2 shows little divergence between the 
predicted and actual hardness, whereas steel No. 1 shows a marked in- 
crease in divergence as either the time or temperature is increased, indi- 
cating that the assigned value of C used in Fig. 10 is entirely too high for 
the steel. Does this mean that separate charts are necessary for steels 
with different values of C? 

Written Discussion: By H. E. Hostetter, Climax Molybdenum Com- 
pany of Michigan, Detroit. 

The authors have shown good judgment in cautioning that hardness 
and structure (presumably the structure revealed by routine metal- 
lographic technique) are not the only factors affecting the mechanical 
properties of a heat treated steel part. The authors have recognized the 
possibility of detrimental residual stresses. In addition it should be 
recognized that a steel susceptible to temper:embrittlement can, at a 
given hardness, vary appreciably in impact properties as a result of 
changes in the tempering treatment. ; 

Insofar as prediction of hardness is concerned, there are at least two 
factors which in practical application would significantly affect the results 
obtained by the method described in this paper. These factors are: (a) 
the effect of as-quenched structure on the rate of softening during tem- 
pering, and (b) the effect of composition on the hardness after tempering. 

The authors used specimens 1 by 1 by % inch which should have been 
practically 100% martensite prior to tempering. In commercial practice, 
parts made of the widely used low alloy steels often contain considerably 
less martensite in the as-quenched condition. The effect of as-quenched 
structure on the hardness after tempering. is illustrated in Table III 
obtained with a Jominy specimen of AISI 8650 steel. 

The data in Table III show that a 2-hour temper at 900°F of parts 
made of this steel, having 60% martensite as-quenched, would result in a 
hardness about three points Rockwell C lower than predicted on the basis 
of tests made on samples containing 90 to 100% martensite before 
tempering. 

Variation in the carbon and alloy contents within the specified limits 
for a given grade of steel can also have significant effects on the hardness 


- 
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Table III 
Composition: 0.51% C, 0.71% Mn, 0.25% Si, 0.45% Cr, 0.57% Ni, 0.20% Mo 
50° 


. . . rr . = ™~ ’ 
Austenitizing Treatment: 30 minutes at 15 F 








Distance from Hardness—Rockwell C s 
Quenched End % Martensite Tempered 
ts Inches As-Quenched As-Quenched 2 Hr., 900 °F 
2 100 61.0 40.5 
5 95 S7.2 40.5 
6 90 56.5 40.3 
7 80 53.8 39.3 
8 60 50.5 37.3 
9 30 46.3 36.0 


after tempering, as Crafts and Lamont have shown.’ Even residual ele- 
ments may appreciably affect the hardness after tempering. The effect 
of 0.05% molybdenum, which is within the limit permitted by the AISI 
for residual molybdenum, is shown in Table IV obtained with Jominy 
specimens. 


Table IV 
0.00 Mo 0.05 Mo 
a Stes Pe eee 0.63% 
Manganese ie Re 0.77 0.79 
Se haw an ous oo oo Sa 0.25 
Cs Sin: oh is D3 dle Fibea: | 0.79 
SO ee eee 0.00 0.05 


Austenitizing Treatment: 20 minutes at 1550 °F 


Distance from ——————__—Hardness—Rockwell C 











Quenched End -——As-Quenched Tempered 1% Hr., 1000 °F 
fs Inches 0.00 Mo 0.05 Mo 0.00 Mo 0.05 Mo 
2 64.8 65.0 36.0 37.0 
3 63.3 64.3 36.0 ota 
4 62.5 63.8 35.5 37.0 
5 61.5 63.3 35.5 37.3 
6 59.8 62.3 $5.0 37.0 
7 56.0 61.5 33.3 36.8 
8 51.0 60.3 31.5 35.8 
9 45.3 57.3 30.3 35.0 
10 41.0 54.5 29.0 33.5 
11 38.5 49.5 28.0 32.8 


The data in Table IV show that for a given as-quenched hardness 
the 0.05% molybdenum steel was about 1 to 1.5 points Rockwell C harder 
after the tempering treatment. For a given part, as represented by a 
given location on the Jominy specimen, the effect of molybdenum on the 
hardness after tempering can be much greater. 

To illustrate the error that could occur in prediction of hardness, 
the following example is considered for the 0.00 molybdenum and the 
0.05 molybdenum steels. Tempering time - hardness curves might be con- 
structed based on tests made on small specimens of the 0.05% molybde- 
num steel having as-quenched hardness of Rockwell C-65 (2/16-inch 
position on the Jominy specimen). Such curves would indicate a hardness 

2Walter Crafts and John 1. Lamont, “‘The Izod Impact Strength of Heat Treated 


Alloy Steel,’’ Transactions, American Institute of Mining and Metallurgical Engineers, 
Vol. 172, 1947. 
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of Rockwell C-37 after tempering for 1% hours at 1000°F. If a steel of 
0.00% molybdenum, but otherwise the same composition, was obtained 
and made into parts quenched at a rate corresponding to the 8/16-inch 
position on the Jominy specimen, the hardness after the same tempering 
treatment would be Rockwell C-31.5 instead of the predicted Rockwell 
C-37. 

If the authors’ method for prediction of hardness after tempering 
is to be used with a satisfactory degree of precision in commercial heat 
treating practice, the tempering time —hardness curves must be based on 
samples having about the same as-quenched structure and composition 
as the parts for which hardness is to be predicted. As indicated in this 
discussion, significant errors may result if the parts differ from the sam- 
ples within commercial limits of as-quenched structure and composition. 


Authors’ Reply 


In reply to Mr. Kavenaugh’s question, Fig. 10, which shows the com- 
binations of time and temperature giving various hardnesses, is taken 
from the paper by Hollomon and Jaffe previously referred to. It was 
based on assuming the constant “C” as 19.5, where the time is in hours. 
Hollomon and Jaffe have shown that although C varies somewhat from 
steel to steel, this variation has very little effect on calculated values. 

The deviations of predicted and actual values pointed out by Mr. 
Kavenaugh are a reflection on the lack of complete accuracy in the rela- 
tionship involved. This deviation is particularly serious for hardnesses 
close to the as-quenched hardness or hardnesses below Rockwell C-25. 
Even within the applicable range occasional deviations of 2 to 3 points 
Rockwell “C” must be expected. 

Mr. Hostetter’s data and comments are welcomed. He is quite right 
in pointing out that inaccuracies do arise in making predictions of the 
hardness of parts based on data accumulated for other “as-quenched” 
structures on slightly different chemistries. The way to avoid such 
inaccuracies is, as Mr. Hostetter suggests, to use only data for the chem- 
istry and “as-quenched” structure in question. Two other possibilities 
also suggest themselves for cases where data are not available for the exact 
chemistry and structure in question. Taking one “as-quenched” part 
from the material in question, check its hardness, temper for one time- 
temperature combination, and recheck the hardness. Using the available 
data for the same type of steel, make a graphical correction of the curve 
family. This family can now be used for a fairly accurate prediction 
of the effect of complex cycles. Another possibility is to use the hardness 
data for the sample part after tempering, and make the prediction based 
on the Hollomon and Jaffe technique previously outlined. 


SIMPLE ELECTROLYTIC POLISHING PROCEDURES 
FOR MOLYBDENUM METALLOGRAPHIC SPECIMENS 


By WILLIAM C. Coons 


Abstract 


Electrolytic polishing techniques for the metallo- 
graphic preparation of both sintered and cast molybdenum 
specimens have been developed. The actual polishing time 
required is approximately 1.5 minutes, whereas by con- 
ventional methods upwards of an hour’s time is required 
to prepare comparable surfaces. 

The apparatus necessary to perform the electrolytic 
polishing 1s extremely simple, consisting merely of two to 
six 1¥%-volt dry cells connected in series, a 200 cc porce- 
lain dish, a stainless steel cathode, and a bare-end copper 
wire as the anode lead for contacting the specimen. 

The electrolyte for sintered molybdenum is 35 ml 
concentrated sulphuric acid plus 140 ml distilled water and 
for both cast and sintered molybdenum 50 ml concentrated 
hydrochloric acid, 20 ml concentrated sulphuric acid, and 
150 ml methyl alcohol (95% ). 

Two new methods of etching molybdenum are ad- 
vanced, namely, 0.5% oxalic acid used electrolytically and 
a polish and an etch buff. 


OLYBDENU\M, because of its intermediate hardness (Brinell 
Hardness Number—BHN-150 to 250), is a metal which one 
would expect could be polished as readily as the ordinary straight 
carbon steels. However, metallographers who have polished molyb- 
denum by conventional methods have undoubtedly discovered that 
such is not the case. 
The author’ previously outlined procedures and suggested mate- 
rials whereby most metals and their alloys could be prepared for 
microscopic examination with considerable ease. Molybdenum can 


1William C. Coons, “‘A Universal Metallographic Polishing Procedure,’’ Metat Proc- 
REsS, Vol. 49, May 1946, p. 956 





These procedures were developed while operating under contract NOrd 9829 with the 
Bureau of Ordnance, U. S. Navy. 





The author, William C. Coons, is metallographist, The Silver Spring Lab- 


oratory, The Kellex Corp., Silver Spring, Md. Manuscript received October 
16, 1948. 
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be hand-polished by those techniques, perhaps as well as by any other 
method, but the task is rather difficult and time-consuming, particu- 
larly if a surface is desired which is entirely free of worked surface 
metal. 

In a laboratory report,? the surface brightening of molybdenum 
was stated to be possible by using the molybdenum as the anode in 
an electrolytic bath of an aqueous solution of concentrated sulphuric 
acid. Although no other details were given, reference was made to 
‘Le Materiel Telephonique”, a French patent No. 707,526 (1930). 
At first, the only interest in this information was in respect to obtain- 
ing an oxide-free surface on molybdenum sheet in conjunction with 
a program unrelated to metallography. With this objective in mind, 
an oxidized, scratched, and pitted piece of molybdenum was treated 
for several minutes in an electrolyte of concentrated sulphuric 
acid and distilled water combined in unmeasured proportions. This 
treatment removed the oxide and in some areas polished the speci- 
men sufficiently well to merit an examination on the microscope. 

After viewing the polished areas at magnifications in excess of 
500, it was realized that, with a few modifications, an extremely rapid 
and simple method for the preparation of molybdenum metallographic 
specimens was a possibility. 

Precise and predetermined procedures were tried on numerous 
specimens of sintered and cast molybdenum and excellent results 
were obtained on all specimens with the exception of those contain- 
ing molybdenum carbides. This problem was eventually overcome 
by the development of a different electrolyte. 


MATERIAL AND PROCEDURES 


The types of molybdenum specimens employed in the develop- 

ment of the electrolytic polishing method are listed below: 
1. Molybdenum shect, 0.035 inch thick —sintered and 

wrought. 
Molybdenum sheet, 0.035 inch thick—sintered, wrought 
and recrystallized. (Recrystallization temperature un- 
known—spot-welded area. ) 
3. Numerous specimens of sintered and wrought and sin- 

tered, wrought and recrystallized molybdenum ranging 

from 0.035-inch thick sheet to 34-inch round bar stock. 


bho 


2E. C. Pierce, “Physical and Chemical Properties of Molybdenum—Abstract and Bib- 
liography,”” Research Laboratory, Climax Molybdenum Company of Michigan. 
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Fig. 1—Electrolytic Polishing Set-Up for Molybdenum Specimens. 


4. Cast molybdenum containing oxide at grain boundaries. 
5. Cast and wrought molybdenum containing molybdenum 
carbides. 


All specimens were mounted in 1-inch bakelite mounts and were 
large enough to extend into the mount at least 0.25 inch. Subse- 
quent to mounting, the specimens were ground on a 320-grit belt. 
Then a small hole was drilled into the curved portion of each mount 
until contact was made with the molybdenum. 

The electrolytic set-up, Fig. 1, consisted of two 6-volt dry cells 
connected in series, a 200 cc porcelain dish, a 1.5-inch wide by 3- 
inch long by 0.062-inch thick stainless steel sheet as the cathode and a 
bare end copper wire (anode lead) to insert in the aforementioned 
small hole in the bakelite mount. Thus, the surface to be polished was 
parallel to the face of the cathode sheet during the electrolytic polish- 
ing. As will be recognized, this set-up is the same as employed in most 
every laboratory for the electrolytic etching of conventionally polished 
specimens. 

An electrolyte was prepared by adding one portion (35 ml) of 
concentrated sulphuric acid to four portions (140 ml) of distilled 
water. The acid was added to the water slowly to avoid bubbling 
and splattering. A freshly prepared solution should be thoroughly 
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mixed before using. It was determined that the temperature of the 
electrolyte should be maintained at about 125 °F for best results. 

As previously mentioned, this solution did not produce good 
results on molybdenum-containing carbides. The carbides, because 
of selective attack, were entirely or partially renioved, with the result 
that the surfaces were badly pitted. It was recalled that a solution 
consisting of 10 ml of concentrated hydrochloric acid in alcohol would 
etch, without pitting, stainless steel containing carbides. A solution 
was prepared by adding 50 ml of concentrated hydrochloric acid to 
150 ml of alcohol (methyl). Using this solution and four 6-volt 
dry cells in series, polishing of molybdenum was effected without 
removing the carbides. However, the surface was considerably 
etched. The final step in the development of this electrolyte was 
obvious. Twenty ml of concentrated sulphuric acid was added very 
slowly to the hydrochloric acid and alcohol solution. Excellent results 
were then obtained both on sintered molybdenum and on cast molyb- 
denum-containing carbides. 

The electrolytes are thus, 

Number 1—for sintered molybdenum (sintered molybde- 
num generally does not contain carbides. In the rare 
instances where it does solution number 2 below should 
be used. ) 

35 ml concentrated sulphuric acid 
140 ml distilled water 

Number 2—for sintered and cast molybdenum 
50 ml concentrated hydrochloric acid 
20 ml concentrated sulphuric acid 
150 ml methyl alcohol (95%) 

The polishing procedures required for optimum results in the 
shortest possible time are as follows: 

1. Rough polish on O metallographic polishing paper—15 
seconds. Normally this step follows the aforementioned 
320-grit grinding operation. 

2. Rough polish the specimens On 00 metallographic paper 
—15 seconds. 

3. Rough polish the specimens on a canvas-covered polish- 
ing wheel using 600-mesh carborundum as the abrasive 
—20 seconds. 

4. Electrolytically polish for 25 to 35 seconds in the recom- 
mended electrolyte (number 1 for sintered molybdenum 


Jl 
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Fig. 2—Overexposed Print of a Photomicrograph of Recrystallized Sintered 
Molybdenum Showing an Equiaxed Grain Structure. Conical illumination on as 
polished surface. X 160. 

Fig. 3—Same Specimen as Fig. 2. Electrolytically etched in a 0.5% aqueous 
solution of oxalic acid for 8 seconds after electrolytic polishing. Direct illumination. 
x 160. 


and number 2 for both sintered and cast molybdenum ) 
maintained at a temperature of 125 °F. 

5. A blue film, molybdic oxide, covers the specimens after 
electrolytic polishing in solution number 1 and some- 
times through the use of solution number 2 when the 
solution is contaminated with water. If the latter occurs 
carbides will be attacked and the solution should be dis- 
carded. The blue film can be removed by a 10-second 
dip in concentrated ammonium hydroxide. 

6. Rinse the specimens with water and alcohol and dry in 
an air blast. The specimens are then ready for examina- 
tion or etching. The total approximate time required 
for the actual polishing of any molybdenum specimen 
is 1.5 minutes. 

After polishing has been completed specimens may be etched 
with the conventional 10% NaOH plus 30% K,Fe(CN), solution. 

However, a procedute found to slightly etch and clearly delineate 
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Fig. 4—Fibrous Structure of Sintered and Wrought 
0.035-Inch Thick Molybdenum Sheet. Electrolytically polished 
for 25 seconds followed by a 5-second polish and etch buff. 
Conical illumination. X 800. . 





Fig. 5—Wrought 0.035-Inch Thick Sintered Molybdenum 
Sheet After Recrystallization. lectrolytically polished for 25 
seconds followed by a 5-second polish and etch buff. Conical 
illumination. X 800. 
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ELECTROLYTIC POLISHING 





Fig. 6—Cast Molybdenum Containing Oxide at the Grain Boundaries 
Within the Grains. Electrolytically polished for 25 seconds. Direct il- 


lumination. X 1000. 





Fig. 7—-Fractograph of Sintered and Wrought Molybde- 
num. Intergranular surfaces revealing considerable slip. < 800. 
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_ Fig. 8—Slip As Observed on a Polished Longitudinal Cross Section Surface of 
Sintered and rought Molybdenum. Electrolytically polished for 25 seconds fol- 
lowed by a 10-second polish and etch buff. Conical illumination. x 800. 


the structures of molybdenum specimens is suggested. Buff the 
specimens on a cloth-covered wheel for 3 to 5 seconds, using 
undiluted “C-RO” metallographic polishing compound to which 
has been added a mixture of 10 grams of NaOH, 30 grams of 
K,Fe(CN), and 100 cc of distilled water. One part of the etchant 
is added to 5 parts of the “C-RO” polishing compound. Conical 
illumination should be used when examining specimens prepared 
in this manner. A similar technique for tungsten was advanced 
by Harry W. Woods.* 

Electrolytic etching in a 0.5% aqueous solution of oxalic acid 
also will produce excellent grain contrast and when used for 5 sec- 
onds it will reveal considerable detail without serious overetching. 


®Harry W. Woods, “Attack Method for Preparing Tungsten,” Metrat Procress, Vol. 
51, February 1947, p. 261. - 









ELECTROLYTIC POLISHING 





Fig. 9—Cast and Wrought Molybdenum Containing Carbides. Electroiytically 
polished for 35 seconds followed by etching for 5 seconds in a 0.5% aqueous solution 
of oxalic acid. Note slip lines. Direct illumination. x 1000. 


RESULTS 


The reader’s attention is directed to the figures and the ac- 
companying captions. 

All the photomicrographs, with the exception of Fig. 9, were 
taken of surfaces electrolytically polished in electrolyte number 1. 
The actual polishing time required for each specimen varied between 
1 and 2 minutes and the polishing necessitated very little labor. 

Fig. 2, in addition to being photographed with oblique illumina- 
tion, was purposely overexposed in printing to emphasize the fact 
that scratches were nonexistent. The same specimen as etched 
electrolytically for 5 seconds in a 0.5% oxalic acid and water solution 
is shown in Fig. 3. 

Typical molybdenum structures are illustrated in Figs. 4 and 5. 

Oxide inclusions, Fig. 6, were not materially affected and 
minute amounts at the grain boundaries readily could be detected. 
However, when polishing molybdenum suspected of containing oxide 
inclusions the electrolytic process should be limited to the shortest 
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possible time necessary for adequate results, otherwise pitting may 
occur. 

To reveal slip in molybdenum it was paramount that a perfect 
polish be obtained. Electrolytic polishing solved this problem ad- 
mirably. Referring to Fig. 5, which is a photomicrograph of 
recrystallized molybdenum, it will be observed that there is no evi- 
dence of slip. In contrast Figs. 7 and 8 vividly present the effects 
of working molybdenum. Slip on intergranular surfaces exposed by 
fracture is confirmed on a polished cross section of the grains. 

Electrolytic polishing cast molybdenum containing carbides 
using electrolyte number 2 produced results as illustrated in Fig. 9. 

As with all polishing techniques there are certain disadvantages. 
Electrolytic polishing of molybdenum is no exception. Excessive 
electrolytic action occurs at the edges of the specimens, causing pitting 
and roughening, a condition which renders the samples unsuitable 
for microscopic study at such locations. 


CONCLUSIONS 





Three new techniques are advanced in this paper pertaining 
to the preparation of molybdenum specimens for examination on the 
microscope. They are, namely (a) electrolytic polishing, (b) a 
polish etch method for slight delineation of grain boundaries and 
slip, and (c) a 0.5% oxalic acid electrolytic etch. 





THE EFFECT OF SILICON ON THE ACTIVITY 
OF SULPHUR IN LIQUID IRON 


By J. P. Morris anv A. J. WILLIAMS, JR. 


Abstract 


A study has been made of the equilibrium conditions 
at 1615°C (2940°F) in the reaction between hydrogen 
gas and sulphur dissolved in liquid iron and iron-silicon 
alloys. 

At sulphur concentrations of 1% or less in iron, the 
experimental results can be represented by the relation, 


os —HeS __ — 0,00256 
K 1615 G PH, x %S 0 
This value for the equilibrium constant is only about one- 
half the generally accepted value. 

Silicon dissolved in the iron had a pronounced effect 
on the equilibrium conditions. In experiments run at the 
same H,S concentration in the gas phase, the sulphur 
content of the metal at equilibrium decreased as the silicon 
content was tmcreased. This means that the activity of 
sulphur in iron is increased by the addition of silicon. 
At a silicon content of 4%, the activity coefficient of 


sulphur was about twice that for sulphur dissolved in 
pure tron. 


INTRODUCTION 


HE purpose of this investigation was to determine the effect of 
silicon on the activity of sulphur dissolved in liquid iron. This 

has been done by making a study of the conditions of equilibrium 
in the reaction between hydrogen gas and sulphur dissolved in liquid 
iron and in iron-silicon alloys. Very little is known concerning the 
effect of one alloying element upon the activity of another when the 
two are in solution in liquid iron. Such information should be 
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useful in arriving at a better understanding of the reactions occur- 
ring during the production and refining of iron and steel. In this 
investigation the measurements showed that the addition of about 
4% silicon doubled the activity of sulphur in iron. 

Previous work on the reaction between hydrogen gas and 
sulphur dissolved in iron has been reported by Chipman and Ta Li 
(1)? and by White and Skelly (2). The results of these two 
investigations dco not agree and, furthermore, in both, the melts of 
iron were contaminated in varying degrees by silicon. For these 
reasons it was necessary to repeat the work done on iron, taking 
steps to prevent contamination of the melts by silicon. 


EXPERIMENTAL METHOD 


The principle of the method was as follows: Molten iron or an 
iron-silicon alloy was brought to equilibrium at a constant temper- 
ature with a mixture of Hz and HeS of constant composition by 
bubbling the gas directly through the metal. Samples of the melt 
were taken at intervals throughout the test so that the course of the 
reaction could be followed. Equilibrium was assumed to have been 
attained or at least closely approached when the composition of the 
liquid metal remained constant over a period of one or more hours. 

The hydrogen and hydrogen sulphide used were the commercial 
gases. The hydrogen was manufactured by the electrolytic process 
and contained oxygen as the chief impurity. This was removed by 
passing the gas over heated copper turnings and drying. The 
hydrogen sulphide was used without purification. The gas mixtures 
were prepared as used by introducing a stream of H2S into a jet 
of Hz by means of the mixing bulb shown in Fig. 1. Each gas 
was metered separately before mixing, using capillary-type flow- 
meters with butyl phthalate manometers. The butyl phthalate in 
the H2S flowmeter was saturated with H2S prior to the start of 
each experiment. 

The rate of hydrogen flow was approximately 1050 milliliters 
per minute in all tests. This flow gave sufficiently rapid approach 
to equilibrium without causing excessive splashing of the metal. 
The flow was easily controlled by means of a pressure regulator 
on the cylinder and a manually operated needle valve mounted beside 
the flowmeter. Precise control of the H2S was more difficult because 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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of the small rate of flow, but was accomplished satisfactorily by 
supplying the H2S to a needle valve from a tank filled to a pressure 
of a few pounds. The two flowmeters were used only to keep the 
rates of flow constant, the actual ratio of HeS to He being deter- 
mined in each test by analysis. 

After considerable preliminary work with crucibles and gas- 
bubbling tubes of various materials, it.was obvious that only refrac- 
tories with low silica contents would be suitable. Both porcelain 
and the ordinary grade of alumina crucibles rapidly imparted silicon 


He 


i 


HeS —. 


! 


Gos Mixture 


ig. 1— Mixing 
Bulb for Preparation 
of Hydrogen Sul- 
phide — Hydrogen 
Mixtures. 


to the metal. In several experiments the gas mixtures were im- 
pinged onto the surface of the metal through porcelain tubes, and 
even though the tubes did not touch the metal, and crucibles low 
in silica were used, the silicon pick-up amounted to as much as 1% 
in 5 hours. The crucibles and gas tubes finally selected were made 
of high-purity alumina sintered to a very dense, translucent structure. 
Contact with liquid iron for periods of 8 or 9 hours resulted in 
little visible attack on this material and in practically no silicon 
contamination of the iron. Except for several experiments in which 
impure alumina sampling tubes were accidentally broken off in the 
metal, silicon contamination from all sources amounted to only 
0.01 to 0.02% during a run. Contamination of the melts by alu- 
minum was negligible also. Spectrographic analyses of samples from 
several melts, including one that contained 4.7% silicon, indicated 
the presence of less than 0.02% aluminum. The alumina crucibles 
were 1.75 inches outside diameter, 1.50 inches inside diameter, and 
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Fig. 2—Furnace Arrangement. A—gas bubbling tube. B— 
sintered alumina crucible and melt. C—spiral graphite heating 
element. D—water-cooled copper contact clamp. E-—water-cooled 
electrical leads. F—alundum support for crucible. G—insulat- 
ing jacket (graphite filled with lampblack). H—insulating brick. 
J—cooling coil for steel shell. 


2.37 inches high. The gas tubes were thermocouple protection tubes 
24 inches long and 0.25 inch outside diameter, having 2 holes with 
a bore of 0.055 inch. 

For making the melts, an Arsem-type furnace was used that had 
a graphite heating element 13 inches long, 3 inches outside diameter, 
and 2.5 inches inside diameter cut in the form of a spiral with turns 
0.75 inch wide. The arrangement within the furnace is shown in 
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Fig. 2. There was little contamination of the melts by carbon as 
a result of using graphite in the furnace, analyses of a number of 
final metals showing the presence of only 0.01 to 0.02% carbon. 

In carrying out the tests a charge of 50 grams of electrolytic 
iron was melted and brought to the operating temperature in a 
hydrogen atmosphere. Then the tip of the gas-bubbling tube was 
immersed in the liquid metal and the H2S flow was started. Next, 
sufficient FeS was added to the melt to bring the sulphur content 
near to the expected equilibrium value. This was necessary to 
shorten the time needed for attaining equilibrium. To prepare an 
iron-silicon melt, the required amount of silicon was added to the 
liquid iron either shortly after the iron had melted or later in the 
run, as desired. The metal temperature and the gas composition 
were held constant for the duration of the test, which was usually 
7 to 8 hours. Samples of the liquid metal for analysis were taken 
at intervals of about 1 hour. 

Iron sulphide and silicon additions to the melt were made in 
the following manner: The material, in granular form, was placed 
in a glass bulb attached by rubber tubing to one end of a 2-foot 
length of steel tubing. The free end of the steel tube was pushed 
down into the furnace through a close-fitting rubber stopper, and 
the addition was made by tilting the glass bulb. Air was excluded 
by passing a rapid stream of hydrogen through the bulb and steel 
tube as the tube was inserted into the furnace. The iron sulphide 
was made by heating together electrolytic iron powder and flowers 
of sulphur in a hydrogen atmosphere. Afterwards the product was 
melted in hydrogen, crushed, screened to —10, +48 mesh, and 
analyzed. The silicon used was a commercial grade analyzing about 
97% silicon. Almost 100% efficiencies were obtained in these 
additions. 

Samples of the liquid metal for analysis were taken as follows: 
A 3-inch length of refractory 2-hole thermocouple tubing (0.3 inch 
outside diameter with 0.086-inch holes) was cemented to one end 
of a 2-foot length of seamless steel tubing. With hydrogen flowing 
through the tube to exclude air, the refractory end of the tube was 
pushed down into the furnace through a rubber stopper. The tip 
of the refractory tube was momentarily immersed in the liquid metal, 
and samples were drawn into the two holes by applying suction. 
By allowing the tube to cool in the upper part of the furnace, surface 
oxidation of the sample was avoided. Two-hole tubing was used 
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so that duplicate samples of metal could be taken simultaneously. 
The weights of samples taken in this manner varied from 0.5 to 2.0 
grams in each hole with the average being about 1 gram. 

Temperature measurements were made at 10 to 15-minute inter- 
vals with a disappearing filament-type optical pyrometer. It was 
found that consistent readings could be obtained by sighting on the 
surface of the metal close to the base of the bubbling tube. The 
pyrometer was calibrated by making simultaneous temperature 
measurements with a platinum platinum-rhodium thermocople im- 
mersed in the metal and protected by a sintered alumina sheath. 
The calibration of the thermocouple was checked at the freezing point 
of electrolytic iron, which was assumed to be 1535°C (2795 °F). 
‘Temperature control of the furnace was manual, but once a: steady 
state was reached very little adjustment was necessary. All of the 
experiments described in this report were run at 1615 °C (2940 °F). 
The temperature measurements are believed to be accurate within 
+10 °C, 

The bubbling procedure used in this investigation had several 
advantages. First, the bubbling action stirred the metal and brought 
it into close contact with all of the gas. Also, passing the gas mix- 
ture directly into the metal prevented pick-up by the gas of carbon 
and silicon from the furnace refractories and consequent contami- 
nation of the melt. Furthermore, the possibility of thermal diffusion 
affecting the composition of the gas mixture was eliminated until 
after the gas had passed out of the reaction zone. If the gas mixture 
had been introduced in some other manner into the furnace, it is 
possible that thermal diffusion would have set up a concentration 
gradient between the hot and cold regions of the furnace, decreasing 
the HeS concentration in the reaction zone and causing the sulphur 
content of the melt at equilibrium to be less than it would have been 
if no thermal segregation had occurred. 


METHODS OF ANALYSIS 


Metal samples were analyzed for sulphur by the standard gravi- 
metric procedure (3). Errors due to segregation were avoided by 
using an entire sample from one hole of the sampling tube in each 
analysis. As a precautionary measure when a sample dissolved too 
rapidly, the action of the acid was slowed by placing the beaker in 
an ice bath. Duplicate analyses, using the two samples from one 
sampling tube, usually checked within 0.01% sulphur. 
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Silicon analyses were made by double dehydration with HCl 
prior to precipitation of the sulphur. 

Gas analyses were made on samples taken in a calibrated bulb 
placed in the gas line between the mixing unit and the furnace. 
Usually three analyses were made in each experiment; these were 
spaced 1 to 2 hours apart during the latter half of the run. In the 
earlier experiments gas samples were analyzed by a method similar 
to the evolution procedure used in steel analysis. The method gave 
consistent results, but there was some uncertainty regarding stand- 
ardization of the KIOg titrating solution since it was found that 
the titer depended somewhat upon the amount of starch used and 
also upon the weight of sulphur involved. For this reason a gravi- 
metric procedure was eventually adopted. In this method gas 
samples were taken in a cylindrical bulb with a capacity of 1839 
milliliters. The analysis was made by displacing the gas in the bulb 
with nitrogen, absorbing the H2S in an ammoniacal solution of 
hydrogen peroxide, and precipitating the sulphur as BaSO,. Blank 
determinations. on the hydrogen peroxide were run with each 
analysis. 

Gas compositions are expressed as the ratio of the partial 
pressure of hydrogen sulphide to the partial pressure of hydrogen. 
In calculating this ratio from the chemical analysis, it has been 
assumed that the two gases behave ideally at 1615°C (2940 °F) 
and that the ratio of the partial pressures is equal to the molar ratio. 
A correction has been made for dissociation of HeS into Ho, So, 
and S. Under the conditions of these experiments, this correction 
amounts to about 1%. The results of a typical set of analyses of 


gas samples taken during one test are as follows: 0.00287, 0.00287, 
and 0.00285 (test E-38). 


EXPERIMENTAL RESULTS 


Effect of Preheating Gas—The bubbling tube was heated for 
several inches above the charge by radiation from the furnace walls 
and served as a preheater for the entering gas. Because of the high 
gas velocity within the tube, the gases may not have been heated 
to the same temperature as the metal by the time they had reached 
the metal. For this reason it was desirable to determine whether or 
not additional preheating would affect the final results. Two experi- 
ments (E-30 and E-33) were run in which additional preheating 
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was employed. These were carried out in the following manner: 
The web between the two holes in the bubbling tube was removed 
for a distance of 1 inch back from the tip that was to be immersed 
in the metal. A small molybdenum wire with heavier copper leads 
was threaded down one hole of the tube and up through the other. 
By passing current through the wire, the lower 2 inches of the 
bubbling tube was heated to approximately the same brightness as 
the metal. Equilibrium was closely approached in both of these 
experiments, and it was evident from a comparison with other tests 
that the additional preheating had little effect on the results. 

Rate of Approach to Equilibrium—tThe rate of approach to 
equilibrium is illustrated in Fig. 3 by the results of tests E-39 and 
K-44. These experiments were run at nearly the same H2S: He 
ratio, but they approach equilibrium from opposite directions. The 
dashed line is a calculation of the upper curve to the same gas 
composition as the lower curve. Fig. 3 shows that the rate of 
approach to equilibrium is rather slow at the low H2S concentrations 
used in these experiments, but that the final sulphur content of the 
metal is independent of the direction of approach. 

Results with Pure Iron—The data obtained with pure iron at 
1615 °C (2940 °F) are shown in Table I. A final sulphur value 





Table I 


Experimental Results With Pure Iron 

Hs Initial 7 Final PHS 
Test Time, —— X10 Sulphur, ulphur, — 
No Hours Hz: % % PH: X%S 
E-35 4.75 0.96 0.36 0.36 0.00267 
E-34 4.58 1.67 0.64 0.65 0.00257 
E-31 2.83 2.14 0.83 0.84 0.00255 
E-32 3.67 2.19 0.78 0.83 (rising) 0.00264 — 
E-30 6.75 2.34 0.72 0.88 (rising) 0.00266 — 
E-33 2.92 2.36 0.85 0.89 (rising) 0.00265 — 
E-44 7.28 3.04 1.10 1.22 0.00249 
E-39 7.50 3.10 1.38 1.26 (falling) 0.00246 + 
E-40 7.32 4.41 2.02 1.90 0.00232 
E-36 8.00 5.76 1.97 2 


.52 0.00229 





marked “rising” or “falling” indicates“ that equilibrium was not 
reached and that the sulphur content of the metal was changing 
slowly at the end of the run. The last column gives values for the 
equilibrium constant K for the reaction 


He (gas) + S (in liquid iron) = H:S (gas) 
PH.S 


tee 
Py, X %S 
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K in this relation is a constant over the composition range 
in which the solution obeys Henry’s law, that is, over the range 
in which the activity of sulphur is directly proportional to its con- 
centration. This range is probably a very limited one owing to 
the great differences in character between solvent and solute. ‘The 
experimental values of K show a tendency to decrease as the sulphur 
content of the metal increases. However, up to about 1% sulphur, 
K is constant within the limits of experimental error. Over this 
range its average value was found to be 0.00256. 





Sulphur in Metal, % 











0 | 2 3 4 5 6 7 8 
Time of Run, Hours 


Fig. 3—Variation of Sulphur Content of Melt 
With Time. 

A comparison of these results with those obtained by Chipman 
and Ta Li (1) and by White and Skelly (2) is shown in Fig. 4. 
Both of the latter investigations were made at lower temperatures, 
but the results at 1615°C (2940 °F) can be calculated from their 
equations for temperature dependence of K. These equations and 
the values of K at 1615 °C (2940 °F) are shown as follows: 


Chipman and Ta Li: 


500 
log K = —_— + 0.095 


K 615 «¢ = 0.00515 
White and Skelly: 


_ = 4926 


log K = —0.20 


K i615 °C — 0.00251 


Fig. 4 shows that our results do not agree well with those of 
Chipman and Ta Li. The reasons for such a wide discrepancy are 
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not clear, but it will be shown later that at least part of the difference 
is due to contamination of their melts by silicon. They reported the 
silicon content of three of their melts as being 0.41, 0.81, and 0.86%, 
respectively. It is possible, too, that the effect of silicon contami- 
nation is greater at the temperature where most of Chipman and 
Ta Li’s experiments were run than at the higher temperature 
used in this investigation. Other considerations of their work are 





White and Skelly 


Chipman and 





x 1000 
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He 





Sulphur in Metal,% 
4—Comparison of the Data Obtained for Iron- 


Fig. 
Sulphur Alloys at 1615°C With the Results of Other 
Investigators, 


(a) in view of the slowness of approach to equilibrium, their experi- 
ments were run for too short a time and (b) their precautions for 
preventing thermal diffusion in the gas mixture may have been 
inadequate. 

A comparison with the results of White and Skelly is difficult 
to make because of the wide spread in their values. The plot of 
their results shown in Fig. 4 represents their experiments that had 
the least silicon contamination (1.1 to 1.6% silicon). Apparently, 
this plot, if extrapolated to lower sulphur contents in the metal, agrees 
very well with the present work on pure iron. However, all of the 
experiments represented by the plot were run at high H2S: He 
ratios where the relation between H2S concentration in the gas 
phase and sulphur concentration in the metal is not linear. At 


wl? 
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lower H2S: He ratios the curve probably would lie to the left of 
our curve. This would be more in line with the results obtained 
in the present investigation for melts of corresponding silicon con- 
tents, as will be shown later. When consideration is given to the 
high silicon contents of their melts and to the relatively high H2S: 
He ratios used in many of their experiments, White and Skelly’s 
work seems to be in better agreement with the present work than 
that of Chipman and Ta Li. 
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Fig. 5—Influence of Silicon Addition on Sulphur Content of 
Metal Rccinr With H.S-Hz Mixture of Constant Composition. 


Results with Iron-Silicon Alloys—The influence of silicon on 
the equilibrium conditions in the reaction between hydrogen and 
sulphur dissolved in iron is illustrated in Fig. 5 by the results of 
test E-29. During the first 4 hours of this run no silicon was 
present and the metal was picking up sulphur from the gas. After 
the addition of about 3.5% silicon, however, the sulphur content 
of the liquid metal dropped rapidly. This test shows that at a 
constant HeS concentration in the gas phase, equilibrium will be 
established at a lower sulphur content in an iron-silicon alloy than 
in pure iron. 

The results obtained with iron-silicon alloys are summarized in 
Table II. In experiments E-25 and E-41 the silicon contents of 
the melts were the result of contamination by broken sampling tubes. 
In the remaining experiments, silicon additions were made directly 
to the liquid iron. In all of the latter tests there was a gradual loss 
of silicon during the run. For example, in test E-42 the silicon 
content fell from 4.91 to 4.64% in 74 hours. At lower silicon 
concentrations, the rate of loss was proportionately less. In melts 
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Table ll 





Experimental Results With Iron-Silicon Alloys 

Length Silicon HS Initial Final ‘ PHS 
Test of Run, at Equil. — x10 Sulphur, Sulphur, Ko ae 
No. Hours % He 0 % PH: X% S$ 
E-25 3.67 0.50 0.70 0.23 0.24 0.00292 
E-41 7.33 0.60 3.12 1.09 1.16 0.00269 
E-32 4.25 1.16 2.19 0.83 0.75 (falling) 0.00292 + 
E-38 7.37 2.30 2.86 0.77 0.79 0.00362 
E-37 7.58 2.33 1.67 0.50 0.43 0.00388 
E-26 4.13 2.56 2.54 0.91 0.77 (falling) 0.00330 + 
E-29 4.37 3.34 2.20 0.81 0.52 (falling) 0.00423 +- 
E-23 2.28 3.45 1.44 0.49 0.34 (falling) 0.00424 + 
E-24 2.37 3.79 2.87 1.01 0.70 (falling) 0.00410 + 
E-42 7.38 4.64 2.82 0.59 0.50 0.00564 
E-45 7.00 4.70 1.64 0.25 0.29 0.00566 

7.39 9.40 2.73 0. 0.155 0.0176 


E-46 








containing less than 5% silicon, the loss of silicon over a 1 or 2-hour 
period was small, and no difficulty was experienced in determining 
when the sulphur in the metal was in equilibrium with the gas. 

Only one experiment was run at a silicon content greater than 
5%. In this test, E-46, the silicon content decreased from 9.65% 
at the start to 8.81% after 7.4 hours. Apparently, the initial sulphur 
content of the melt was only a little above the equilibrium value, 
and during the first part of the run both the sulphur and silicon 
contents decreased. At 9.4% silicon the sulphur content reached a 
minimum value of 0.155%, and the melt was assumed to be at 
equilibrium at this point. Later, as the silicon loss continued, the 
sulphur content rose slowly. 

The mechanism of the silicon loss noted above is not known. 
A small amount of silicon may have volatilized directly, and some 
loss may have occurred by oxidation when some of the metal samples 
were taken. There is also the possibility that the silicon loss took 
place by volatilization of silicon sulphide from the melt. The 
presence of silicon sulphide in the outgoing gas would mean that 
the H2S concentration was lower than that of the entering gas. 
If the sulphur in the melt were in equilibrium with the outgoing 
gas rather than the entering gas, then the calculated equilibrium 
constant would be too high, as gas analyses were made only on the 
entering gas. Calculations show that the observed effect of silicon 
on the activity of sulphur in iron cannot be accounted for entirely 
by the formation of a silicon-sulphur compound in the gas phase. 
For example, in test E-42 at 4.7% silicon in the melt, if all of the 
silicon loss were assumed to occur by volatilization of SiS, the 
decrease in H2S concentration would be about 7%; or if SiS. were 
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assumed to form, the decrease would be 14%. The corrected equi- 
librium constants would be 0.00525 for the assumption of SiS and 
0.00485 for SiSe, whereas the equilibrium constant for silicon-free 
iron was found to be 0.00256. Few data are available concerning 
the properties of SiS or SiS2; and as there are other possible ways 
in which the silicon loss may have occurred, no attempt has been 
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Fig. 6—Variation of Equilibrium Sulphur Con- 
tent of Metal With the H.S-H2 Ratio as Affected 
by the Silicon Content at 1615 °C. 


made to correct the data for errors due to silicon sulphide vola- 
tilization. 

A comparison of the results of the experiments in which equi- 
librium was attained is shown in Fig. 6. Each curve in the figure 
represents a set of experiments run at approximately the same silicon 
content. With the aid of these curves the relation between silicon 
content and activity coefficient of sulphur can be determined. 

If the reaction between gas and metal is written 


He (gas) + S (in liquid metal) = H2S (gas) 
PHS _ 
PH, X as 


Then K = 





It has been shown already that K is equal to 0.00256 when the 
standard state for sulphur is chosen so that in dilute solution in 
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pure iron the activity of sulphur is equal to the percentage of sulphur. 
Using this same standard state, the activity (ag) and the activity 
coefficient (ys) of sulphur in solutions containing silicon can be 
calculated from the following equations: 


p . 
c=" XX SS — Ca 
0.00256 Py. 


Over the range of sulphur concentrations shown in Fig. 6, the 
curves are nearly linear and the activity coefficient of sulphur for 




















Activity Coefficient of Suiphur 











0 | 2 3 + 5 6 7 8 9 10 
Silicon in Metal, % 
Fig. 7—Relation at Low Sulphur Concentrations Between 


Activity Coefficient of Sulphur and Silicon Content of the Melt at 
1615 °C. 


a given silicon content is approximately constant. A plot of activity 
coefficient of sulphur against per cent silicon in the metal is shown 
in Fig. 7. 

Chipman (4) has suggested that elements such as silicon, carbon, 
and phosphorus may affect the activity of sulphur in liquid iron by 
forming compounds with the iron, thereby reducing the mole fraction 
of free iron in the solution. In the case of silicon there is some 
evidence in favor of this viewpoint. For example, the large heat of 
solution of silicon in liquid iron indicates that strong chemical forces 
exist between the components. The data in this report offer no 
conclusive evidence as to the nature of the compounds present, if 
any. Computations show, however, that the reduction in free iron 
resulting from the formation of only simple molecules, such as FeSi 
or FesSi together with FeS or Fe3S, would not be sufficient to 
explain the observed effect of silicon on sulphur activity. If the 
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sulphur is present as FeS, iron-silicon molecules as large as FegSi or 
Fe;Si would be required. It seems likely that factors other than 
compound formation are involved and that a reliable theoretical 
explanation of the experimental results cannot be made at the 
present time. 


CONCLUSIONS 


The experimental data have shown that silicon has a pronounced 
effect on the activity of sulphur dissolved in liquid iron. This factor 
must be considered, therefore, in any theoretical treatment of re- 
actions involving sulphur when appreciable amounts of silicon are 
present in the metal; for example, the distribution of sulphur between 
metal and slag in the blast furnace or the desulphurization of hot 
metal with alkalies. It is very likely that other elements dissolved 
in the metal also influence the behavior of sulphur. In the case of 
carbon, preliminary experiments have shown that it affects sulphur 
activity in a manner similar to silicon. Because of the importance 
of sulphur control in the production of iron and steel, the need for 
additional data of this kind is apparent. The authors hope that this 
work can be continued so that the effect of other alloying elements 
on the activity of sulphur in iron can be determined. 
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TIME-TEMPERATURE RELATIONSHIPS IN THE 
ANNEALING OF COPPER-BASE ALLOYS 


By A. L. Stmmons 


Abstract 


This paper presents the results of grain size and 
hardness determinations after annealing seven alpha 
copper-base alloys (copper, three copper-zinc alloys, and 
three nickel silvers) for periods up to 5 hours following 
reductions by cold rolling of 30 and 50%. 


INTRODUCTION 


LTHOUGH a considerable amount of information has been pub- 
lished previously on the annealing of copper-base alloys, it is 
thought that the information contained in this paper may also be of 
interest, inasmuch as it refers to data obtained during an investiga- 
tion carried out with the object of improving practice in an actual 
rolling mill. 

Seven alloys were used, each being cold-rolled 30 and 50% 
reduction in thickness, these reductions being the limits of the range 
normally employed prior to annealing when cold rolling with two- 
high mills. Samples were then annealed for periods of time ranging 
from 5 minutes to slightly over 5 hours, and hardness and grain size 
determinations made. The results are presented in the form of tables. 


EXPERIMENTAL 


Materials—The compositions of the alloys used are given in 
Table I. They all complied with the chemical analysis requirements 
of the relevant British Standard Specifications listed. The assays 
shown were determined by normal chemical methods. Impurities 
were determined spectrographically and were well within specifica- 
tion requirements. 

The alloys were obtained from normal foundry and rolling mill 
production. 


The author, A. L. Simmons, is senior metallurgist, Government Ammuni- 
tion Factory, Victoria, Australia. Manuscript received July 28, 1948. 
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Table I 
Analyses of Materials Used 





oonmermmememnneoncm— pphyale, WT ———___——— British Standard 


Alloy Cu Ni Mn Zn Spec. No. 
Copper, Tough Pitch 99 .98 fe pes Rem. 1036 
Cap Copper 95.5 aa ae Rer. S.T.A. 17 
Gilding Metal 89.9 ca Ho, Rem. S.T.A. 19 
Cartridge Brass 69.0 Se bsaihy ies Rem. S.T.A. 18 
10% Nickel Silver 63.0 9.63 0.18 Rem. 790 
20% Nickel Silver 63.0 19.1 0.26 Rem. 790 
18% Nickel Silver 55.0 17.9 0.05 Rem. ta Fi 


Ingots for rolling were obtained as follows: Tough pitch copper 
was in the form of purchased 250-pound wire bars. All the alloys 
were melted in Ajax-Wyatt furnaces from electrolytic copper, nickel 
and zinc as required, and clean process scrap. The copper-zinc alloys 
were cast into water-cooled molds to give ingots 3 inches thick, 
11.75 or 14.50 inches wide, and 32 inches long after cropping ; simi- 
lar molds were used for the nickel silvers except that the thickness 
was 1.75 inches and the width 8.50, 10.50 or 12.25 inches. 

The nickel silvers were cold-rolled to 0.675 inch thick and 
annealed, then cold-rolled to 0.35 inch and 0.030 to 0.040 inch 
removed from each side by slab milling. Following this the alloys 
were alternately annealed and cold-rolled to the required size. 

The copper and the copper-zine ailoys were hot-rolled to ap- 
proximately 0.30 inch, slab milled to remove 0.030 to 0.040 inch from 
each side, then alternately cold-rolled and annealed until the finished 
size was obtained. 

All rolling was done with two-high mills, annealing being carried 
out after cold reductions of 30 to 40%. 

The material was received for test purposes in the form of 
annealed and pickled strip 4 to 5 inches wide, a nominal 0.042 inch 
thick. One portion of this strip was then further cold-rolled a nomi- 
nal 30% and another portion a nominal 50% reduction in thickness. 
The strip was cut into test pieces 1.25 or 1.50 inches square. 

Annealing — Annealing was carried out as follows: The fur- 
nace used was an electrically heated muffle 15 inches long with a 
door opening 7 inches wide and 4.50 inches high. Temperature con- 
trol was obtained by means of a calibrated Cambridge millivoltmeter- 
type indicating controller and chromel-alumel thermocouple, together 
with a manually operated throttling control to reduce hunting. To 
provide still closer control the muffle was provided with a large brass 
block to act as a heat storage reservoir ; this block was 12 inches long, 
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5 inches wide and 2 inches high, and weighed about 22 pounds. With 
this arrangement the temperature could be controlled easily to within 
plus and minus 2° C. 

For each annealing temperature the furnace was heated to the 
desired temperature and allowed to reach a steady condition. Five 
test pieces 1.25 or 1.50 inches square were changed into the hot 
furnace in a very light holder, being supported separately and verti- 
cally, and placed on top of the brass block close to the tip of the 
thermocouple, which was bare and located 1 inch above the block. 
At the end of predetermined periods, after charging, one test piece 
was taken out and quenched in water. 

The annealed test pieces were pickled, if necessary, and polished 
prior to measuring hardness and grain size. 


Table Il 
Loads Used for Vickers Hardness Tests 


Range of 


Thickness Hardness Load 
Alloy (Inch) (VPN) (Kg.) 
Copper, Tough Pitch 0.042 All tested 5 
0.028 Over about 45 5 
0.021 Under about 45 2% 
Cap Copper 0.042 
and 0,028 All tested 5 
Gilding Metal 0.021 
Cartridge Brass 0.042 Over about 170 10 
0.028 
0.021 Under about 170 5 
Nickel Silvers 0.042 All tested 10 
0.028 
0.021 Over about 80 10 


Under about 80 5 


The temperatures used covered the range of 250 to 850°C 
(480 to 1560 °F) by 50°C intervals. Times were 5, 10, 20, 80 and 
320 minutes after charging. These times, of course, do not represent 
actual times at temperature ; the time taken to reach temperature was 
not greater than about 3 minutes as a maximum, but varied with 
furnace temperature, and was usually about 1 to 2 minutes. 

Measurements—Thickness of the strip was measured with an 
ordinary micrometer reading to 0.0001 inch. 

Hardness determinations were made with a Vickers hardness 
tester using a 136-degree diamond pyramid indenter. The loads 
used were in accordance with the requirements of British Standard 
Specification 427-1931, which states that the maximum load shall be 
such that the thickness of the specimen shall be at least one and a 
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half times the diagonal of the impression. These loads are given 
in Table II; a load of 10 kilograms was used wherever possible. 

Hardness values reported in each case are the mean of at least 
four readings. In some cases the number of readings taken was as 
many as twelve. Variations in hardness for any one specimen in most 
cases were within two points VPN, but in extreme cases the varia- 
tion reached twelve points ; however, this occurred only with material 
as-rolled or material annealed at temperatures of the order 250 to 
300 °C (480 to 570 °F), where recovery would occur. In reporting 
the results none of the mean values contains individual determina- 
tions which could reasonably be suspected of being in error, i.e., if for 
a minimum of four determinations the deviation of an individual 
determination from the mean is more than four times the mean devia- 
tion excluding this determination, then this determination has been 
rejected. 

Grain size was determined with a comparison microscope at a 
magnification of 75 diameters, using grain size comparison charts 
according to the method laid down in ASTM specification E 2 - 44 T, 


paragraph 7 (a). Several fields were examined on a cross section 
of each specimen. 


RESULTS 


Results are summarized in Tables III to XVI inclusive. Hard- 
ness values have been reported to the nearest whole number VPN 
only. 

In the grain size columns a blank space means no observations 
were made; R, that recrystallization has begun; AC, recrystallization 
almost complete; a number, such as “0.025”, the average grain size 
in millimeters according to ASTM specification E2-44T; M, a 
mixed grain size of such nature that no accurate figure can be given 
for the average value; “++”, greater than the figure given; ““—”’, less 
than the figure given. 

In the case of some grain size determinations, e.g., 20% nickel 
silvers, diameters which do not correspond to the ASTM charts are 
given. In these cases the grain size was too small to obtain a reason- 
able figure with the charts available, and a magnification of 150 has 
been used rather than the 75 specified, e.g., “0.018” is obtained from 
comparison with a 0.035-millimeter chart at twice the normal speci- 
men magnification. 


The bold-face ‘figures in the tables correspond to the normal 
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Table Ill 
— Pitch Copper 


Original annealed condition: Hardness, 46-48 VPN; Grain Size, 0.065 mm. 
Cold-rolled to a reduction in thickness of 30-33%; Hardness after rolling, 101-109 VPN 
Normal range of annealed hardness, 42-45 VPN 














Le ———_———Time in Furnace—Minutes——__—_—_______—_—__—~ 
Temp. —— ea - ~- 10- 20--—-~ 80 ——320—_—-. 
"he VPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 107 107 107 105 AC 86 —0.035 
300 107 104 0.035 77 0.035 49 0.035 45 0.035 
350 98 0.035 46 0.035 45 6.035 45 0.035 45 0.035 
400 49 0.035 45 0.035 45 0.035 43 0.035 45 0.035 
450 45 0.035 45 0.035 44 0.035 46 0.035 45 0.035 
500 44 0.035 44 0.035 44 0.035 43 0.035 40 M (0.035 
approx.) 
550 43 0.035 44 0.035 44 0.035 42 M(0.035 41 M (0.035 
approx.) approx.) 
600 45 M(0.035 45 M(0.035 45 +0.035 43 —0.045 43 —0.045 
approx.) approx.) 
650 44 —0.045 44 —0.045 44 0.045 43 0.045 43 0.045 
700 44 0.045 44 0.045 44 0.045 45 0.045 42 0.045 
750 42 0. 045 42 _@. 045 44 0.045 42 0.045 42 0.045 
Table IV 


Tough Pitch —: 


Original annealed condition: Hardness, 46-48 VPN; Grain Size, 0.065 mm. 
Cold-rolled to a reduction in thickness of 48-51%; Hardness after rolling, 110-118 VPN 
Normal range of annealed hardness, 42-45 VPN 


— + —Time in Furnace—Minutes ——_ ——- 























remp. ——-—_5—_——~_ ————_10—-—. _ — 20————. _ -—— 80 ~ -——320 — 
; VPN g.s. Vv PN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 118 118 117 96 R 59 —0.025 
300 117 79 R 54 —0.025 49 —0.025 49 —0.025 
350 62 —0.025 51 —0.025 49 —0.025 49 —0.025 48 —0.025 
400 50 —0.025 50 —0.025 47 —0.025 47 —0.025 44 —0.025 
450 47 —0.025 50 —0.025 47 —0.025 45 —0.025 47 —0.025 
500 47 —0.025 47 0.025 46 0.025 45 0.025 43 6.025 
550 47 0.025 47 0.025 44 0.025 44 +9.025 44 0.035 
600 44 +0.025 44 0.035 44 0.035 44 0.035 43 0.035 
650 46 0.035 46 0.035 44 0.035 43 0.035 44 0.035 
700 44 0.035 44 0.035 46 0.035 45 0.035 39 0.035 
750 46 —0.035 43 —0.045 43 0.045 39 0.045 36 0.045 
Table’ Vv 
—- Caer 


Original annealed condition: Hardness, 49-50 VPN; Grain Size, 0.035 mm 
Cold-rolled to a reduction in thickness of 31-33%; Hardness after rolling, 118-121 VPN 
Normal range of annealed hardness, 49-52 VPN 





— 





Time in Furnace— Minutes 








320-—— 














Teap. —~——5 ~ ion pomcnmil pectin Bhan, 

7 VPN g.s. VPN g.s. VPN Z.Ss VPN g.s. VPN g.s 
250 120 118 118 121 118 

300 121 116 117 117 116 

350 120 121 116 114 109 

400 117 114 108 AC 55 0.025 51 —0.035 
450 114 65 —0.025 53 +0.025 50 +0.035 51 +0.035 
500 58 —0.025 53 0.025 50 —0.035 50 +0.035 49 +0.035 
550 54 0.025 52 +0.025 51 0.035 49 0.035 49 +0.035 
600 52 0.025 50 +0.025 49 0.035 48 +0.035 47 —0.045 
650 52 —0.035 48 0.035 50 +0.035 47 +0.035 47 0.045 
700 50 6.035 50 +0.035 48 +0.035 48 M 44 M 


750 49 M 49 M 48 M 46 M 44 M 
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Table VI 
Cap Copper 


Original annealed condition: Hardness, 49-50 VPN; Grain Size, 0.035 mm. 


Cold-rolled to a reduction in thickness of 48-50%; Hardness after rolling, 129-132 VPN 
Normal range of annealed hardness, 49-52 VPN 

















—————————— Time in Furnace— Minutes——————-_- 
——— ——— 











Temp. 5 —_~ 1 80———_Y~ 320———~. 

“Cc VPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 130 131 131 131 128 

300 128 125 128 125 123 

350 128 126 123 110 AC 63 +0.025 
400 128 120 69 —0.025 54 —0.025 51 0.025 
450 120 56 —0.025 53 0.025 53 +0.025 51 0.025 
500 57 —0.025 54 0.025 54 0.025 51 +0.025 47 +0.025 
550 55 —0.025 53 0.025 50 0.025 49 0.025 49 +0.025 
600 51 —0.0625 48 0.025 49 +0.025 47 —0.035 47 0.035 
650 53 0.025 49 +0.025 49 —0.035 46 0.035 45 M 
700 48 —0.035 47 +0.035 47 0.045 46 M 44 M 


750 46 0.045 47 M 46 M 43 M 44 M 


Table VII « 
Gilding Metal 


Original annealed condition: Hardness, 58-60 VPN; Grain Size, —0.065 mm. 
Cold-rolled to a reduction in thickness of 35-37%; Hardness after rolling, 126-131 VPN 
Normal range of annealed hardness, 55-70 VPN 





Time in Furnace— Minutes ~ 
o——~. s0-———. - 

















Temp. 10——_. BBD eapvitin, 
~~ VPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 131 130 131 130 133 
300 129 131 129 126 126 
350 127 126 126 125 75 0.010 
400 129 123 104 R 63 —0.015 61 —0.015 
450 114 63 0.015 58 0.015 57 0.015 56 +0.015 
500 67 0.015 58 +0.015 57 +0.015 56 0.625 55 +0.025 
550 60 +0.015 57 —0.025 56 0.025 54 +0.035 51 0.035 
600 56 —0.015 55 +0.025 54 +0.025 51 0.035 51 0.065 
650 54 +0.025 54 +0.035 53 0.045 51 +0.065 49 0.120 
700 54 +0.035 54 —0.065 51 0.090 49 0.120 46 +0.150 
750 55 0.065 52 +0.065 48 +0.090 46 0.150 46 +0.200 





Table VIII 
Gilding Metal 


Original annealed condition: Hardness, 58-60 VPN; Grain Size, —0.065 mm. 
Cold-rolled to a reduction in thickness of 50-53%; Hardness after rolling, 142-145 VPN 
Normal range of annealed hardness, 55-70 VPN 





Time in Furnace—Minutes———————— —- 
o——. 














Temp. | 5———-~ 10——-—Y~ 80—. ————320—_—. 
a TPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 146 148 147 148 146 
300 142 144 144 142 125 
350 145 137 125 86 R 66 0.015 
400 129 94 R 70 0.015 66 —0.015 64 0.015 
450 74 —0.015 64 —0.015 65 0.015 61 0.015 58 +0.015 
500 68 —0.015 62 0.015 61 0.015 59 —0.025 56 0.025 
550 62 0.015 60 0.025 58 0.025 56 +0.025 52 0.035 
600 59 +0.015 54 0.025 54 +0.025 51 0.045 49 0.065 
650 57 0.025 54 0.035 52 —0.065 49 +0.065 46 0.090 
700 55 0.035 52 +0.045 50 0.065 47 0.120 46 0.150 


750 53 —0.090 51 0.090 46 +0.150 48 —0.200 41 +0.200 
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Table 1X 
Cartridge Brass 


Original annealed condition: Hardness, 56-59 VPN; Grain Size, 0.090 m 
Cold-rolled to a reduction in thickness of 30-34%; Hardness after rolling, 151- 156 VPN 
Normal range of annealed hardness, 65-75 VPN 























————T ime in Furnace— Minutes -——  ---- - ——-—-—-—- 
lemp. ————-5—_—~ ————_10- —"~ QO——. .. 80————. . 320——— 
7 VPN g.s. VPN g.s. VPN gZ.s. VPN g.s. VPN g.s. 
250 163 R 162 R 157 R 161 R 155 R 
300 157 R 155 R 152 R 150 R 128 R 
350 157 R 142 R 124 R 93 AC 83 AC 
400 138 R 93 AC 82 0.025 77 AC 72 0.025 
450 89 AC 80 AC 73 0.025 69 +0.025 69 0.035 
500 74 —0.025 72 —0.025 67 0.035 66 +0.035 64 0.045 
550 71 +0.025 67 0.035 65 0.045 64 +0.065 57 —0.090 
600 64 +0.035 62 0.045 59 —0.065 55 +0.065 56 0.090 
650 61 0.065 55 0.090 57 +0.090 56 —0.120 55 0.120 
700 52 0.090 56 0.090 51 —0.120 51 0.150 51 0.150 
e Table X 


Cartridge Brass 





Original annealed condition: Hardness, 56-59 VPN; Grain Size, 0.090 mm. 
Cold-rolled to a reduction in thickness of 49-51%; Hardness after rolling, 178-190 VPN 
Normal range of annealed hardness, 65-75 VPN 








10. - 


5—-—_. 











Time in Furnace—Minutes 
o———. 


Temp. - 320— 








80 --—— 

"— VPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 197 196 190 201 169 
300 190 190 169 119 103 R 
350 195 124 104 R 93 R 86 AC 
400 99 R 92 R 88 AC 84 —0.025 79 0.025 
450 91 AC 81 +0.015 77 —0.025 72 +0.025 68 0.035 
500 81 +0.015 74 0.025 69 —0.035 67 +0.035 62 +0.045 
550 74 —0.025 66 0.035 64 +0.035 64 —0.065 58 —0.090 
600 62 +0.035 62 +0.045 59 +0.045 55 —0.090 54 —0.120 
650 62 0.045 57 0.065 54 +0.090 $1 —0.120 51 +0.120 











Table XI 
10% Nickel Silver 








Original annealed condition: ‘ies 81-83 VPN; Grain Size, 0 0.045 mm 
Cold-rolled to a reduction in thickness of 31-33%; Hardness after rolling, 182-189 VPN 
Normal range of annealed hardness, 75-90 VPN 














Time in Furnace— Minutes——-—__ _- —~-—————.. 
Temp. 7 5 10— . 20——.. - 80—-—- . - ———320—. 
ake VPN g.s. VPN g.s. VPN g.8. VPN g.s. VPN g.s. 

250 187 186 187 186 186 

300 187 184 185 188 180 

350 182 184 181 179 177 

400 183 176 175 172 165 

450 177 166 163 142 108 R 
500 169 154 128 R 101 R 95 AC 
550 117 AC 97 AC 96 0.010 90 +0.015 87 —0.025 
600 127 AC 92 +0.015 83 —0.025 86 0.025 76 M 
650 85 0.025 83 +0.025 78 0.035 70 +0.045 69 +0.065 
700 81 0.025 71 —0.045 70 0.045 68 0.065 66 +0.090 
750 72 0.045 69 —0.065 65 0.065 66 +0.065 60 +0.090 


800 68 0.065 66 +0.090 66 0.120 62 0.120 56 7" 120 
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Table XII 
10% Nickel Silver 
Original annealed condition: Hardness, 81-83 VPN: Grain Size, 0.045 mm. 
Cold-rolled to a reduction in thickness of s0%; Hardness after rolling, 203-209 VPN 
Normal range of annealed hardness, 75-90 VPN 
_ Time in Furnace—Minutes— — - 
Temp. - 5————-. 10———.  — 20—-—- . 80 ~ 32 
4, PN g.s. VPN g.s. VPN g.s. VPN g.s. VPN gZ.s. 
250 213 212 217 218 223 
300 212 214 212 213 206 
350 210 215 213 205 202 
400 207 202 198 181 165 
450 198 178 164 122 114 R 
500 159 126 119 R 104 AC 101 -0.015 
550 116 R 107 AC 101 0.015 95 +0.015 85 -0.025 
600 103 —0.015 94 0.015 92 —0.025 84 —0.035 78 0.045 
650 89 0.025 82 +0.025 78 0.035 73 +0.045 71 0.065 
700 81 +0.025 76 —0.045 71 0.045 69 0.065 67 -0.120 
750 73 0.045 67 0.065 67 +0.065 68 -0.090 61 0.120 
800 67 —0.090 68 0.090 64 —0.120 63 —0.150 61 +0.150 
850 67 —0.120 60 —0.150 61 —0.200 62 0.200 59 +0.200 
Table XIII 
20% Nickel Silver 
Original annealed condition: Hardness, 94-96 VPN; Grain Size. 0.025 mm 
Cold-rolled to a reduction in thickness of 30-32%; Hardness after rolling, 183-191 VPN 
Normal range of annealed hardness, 80-100 VPN 
j SrEEEEEEEnS EEE —Time in Furnace—Minutes . 
Temp. - 5—————~ - 10——_—_ — 20——-Y~ 80. - 320— 
"< VPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 194 193 199 196 197 
300 196 196 192 198 197 
350 194 197 193 193 194 
400 193 187 181 179 178 
450 182 177 172 180 169 
500 170 165 168 160 146 
550 169 163 164 13 R 106 0.012 
600 152 114 R 100 +0.012 94 —0.022 93 —0.022 
650 100 0.012 97 +0.012 93 0.018 89 —0.022 85 0.022 
700 88 0.018 90 —0.022 87 —0.022 88 0.022 87 +0.022 
750 91 —0.022 90 —0.022 89 —0.022 88 0.022 83 +0.022 
800 89 —0.022 88 0.022 86 0.022 88 0.022 82 +0.022 
850 87 0.022 85 +0.022 86 +0.022 79 —0. 032 69 0.032 
Table XIV 
0% Nickel Silver 
Original annealed condition: Hardness, 94- -96 VPN; Grain Size, 0.025 mm. 
Cold-rolled to a reduction in thickness of 509 723 Hardness after rolling, 205-210 VPN 
Normal range of annealed hardness, 80-100 VPN 
—_—_—_—_— Time in Furnace— Minutes 
Temp. — Rad lta —- -—10—— ; —320—— 
VPN g.s. VPN g.s VPN g.s. VPN g.s. VPN g.s. 
250 208 206 207 209 215 
300 214 211 215 218 222 
350 213 213 214 213 212 
400 209 208 203 207 207 
450 204 195 194 191 187 
500 217 183 182 167 142 
550 181 160 141 109 —0.008 103 0.008 
600 127 R 106 —0.008 105 —0.008 99 +0.008 95 0.012 
650 102 0.008 98 +0.008 96 0.012 95 +0.018 87 0.022 
700 98 0.018 90 —0.018 91 —0.018 85 —0.022 86 0.022 
750 92 +0.018 89 +0.018 88 —0.022 85 —0.022 82 0.022 
800 90 +0.012 85 —0.022 86 —0.022 84 0.022 83 +0.022 
850 87 —0.022 85 +0.022 84 +0.022 87 0. 032 81 
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Table XV 
18% Nickel Silver 


Original annealed condition: ‘notin: 89-91 VPN; Grain Size, 0.045 mm 
Cold-rolled to a reduction in thickness of 33-— Wee: Hardness after rolling, 193- 198 VPN 
Normal range of annealed hardness, 80-100 VP 


Time in Se aa 
o———-, 









































°C OWFVPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 204 199 198 200 205 
300 195 197 197 198 198 
350 198 193 192 194 193 
400 193 189 188 182 181 
450 181 172 170 165 159 
500 172 164 161 140 115 AC 
550 147 119 R 102 AC 97 +0.015 94 0.025 
600 157 95 +0.015 95 +0.015 90 0.025 88 0.035 
650 95 +0.025 92 +0.025 92 0.035 82 —6.045 80 +@.045 
700 92 0.025 90 0.035 86 0.045 78 —0.065 74 —0.090 
750 86 0.035 80 —0.045 80 0.045 76 0.065 71 0.120 
800 79 0.045 78 +0.065 80 0.090 74 +0.090 67 0.120 
Table XVI 
18% Nickel Silver 
Original annealed condition: mealies 4 89-91 VPN; Grain Size, 0.045 mm 
Cold-rolled to a reduction in thickness of 50%; Hardness after rolling, 218- 221 VPN 
Normal range of annealed hardness, 80-100 VPN 
aoe Time in Furnace—Minutes——-——-— --- — — 
Temp. ———5———. 10-——_. o—— s0——_—_.. ——320— 
= VPN g.s. VPN g.s. VPN g.s. VPN g.s. VPN g.s. 
250 226 230 227 229 233 
300 223 229 227 231 233 
350 226 230 232 232 231 
400 223 218 221 218 214 
450 214 215 200 185 163 
500 197 173 154 126 116 R 
550 172 123 112 AC 106 0.010 102 0.010 
600 111 98 0.010 102 +0.010 95 0.025 88 0.035 
650 98 0.010 94 +0.015 90 0.025 86 +0.035 81 0.045 
700 99 0.015 89 0.025 88 0.035 81 0.045 78 +0.065 
750 91 +0.025 87 +0.035 77 0.045 78 —0.090 76 0.090 
800 83 0.045 81 +0.045 78 +0.045 76 —0.090 70 0.150 








850 80 un. 045 79 0.065 74 +0.090 70 —0.150 66 +0.150 





range of hardness aimed for on finish-annealed material according to 
this factory’s practice. 

A small range in the figure for per cent reduction will be noticed. 
This is due to unavoidable slight variations (of the order one or two 


ten-thousandths of an inch) in thickness of strip both before and 
after rolling. 


DISCUSSION OF RESULTS 


The following information is deduced from a study of the experi- 
mental results : 
Hardness—As would be expected, the general trend for any one 


alloy at any one reduction is a decrease of hardness with increase 
of temperature and/or time. 
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There are two exceptions to this: (a) For cartridge brass at 
an annealing temperature of 250°C, and for the nickel silvers at 
temperatures up to and including 350°C (660°F), there is an 
increase in hardness over the as-rolled figures due to recovery prior 
to recrystallization. This is not shown with the copper, cap copper 
or gilding metal for the temperatures used, although it is possible 
that recovery may occur for temperatures less than 250 °C (480 °F). 

(b) There is an occasional anomalous figure where the hardness 
is higher or lower than would be expected from its position on the 
table, e.g., Table III, 700 °C (1290 °F), 80 minutes, or Table XVI, 
750°C (1380°F), 20 minutes. This can be put down probably to 
experimental error, not in the averaged hardness figure given, but 


possibly to slight differences in the per cent reduction on the particu- 
lar test sample. 


Recrystallization 





An approximate figure for the temperature 
at which recrystallization is complete can be obtained by noting the 
sudden drops in hardness and first occurrence of a definite grain size 
measurement for either constant temperature or constant time. 
These results are given in Table XVII. 


Table XVII 








Approximate Temperatures for Completion of Recrystallization, °C 
% aa Time— Minutes——HH—— —~ 
Alloy Reduction —5— -—_—10—.  -—20-—~ —8s80—.__- ——320——. 

Copper 30 300-350 250-300 250-300 250 250- 

50 300-350 300-350 250-300 250-300 250— 
Cap Copper 30 450-500 400-450 400 350—400 350 

50 450-500 400-450 350-400 350 300-350 
Gilding Metal 35 450-500 400-450 400-450 350—400 300-350 

50 400-450 400-450 350-400 350-400 300-350 
Cartridge Brass 30 450 450 350—400 400 350 

50 450 400-450 400 350-400 350 
10% Nickel Silver 30 600 550 500-550 500-550 500 

50 550-600 550 500-550 500 450-500 
20% Nickel Silver 30 600-650 600-650 550-600 550-600 500-550 

50 600-650 550-600 550-600 500-550 500-550 
18% Nickel Silver 30 600-650 550-600 550 500-550 500 


50 600-650 550-600 550 500-550 500-550 


Again, the general behavior is what would be expected, namely, 
(a) An increase in the annealing time for a given reduction, or the 
reduction for a given time of annealing shows a general tedency to 
lower the temperature at which recrystallization is complete. There 
are minor exceptions to this. 

(b) With copper-zinc alloys, increasing the zinc content raises 
the temperature at which recrystallization is complete. 


ee 
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Table XVIII 
Annealing Conditions for Commercial Practice 














% 
Reduc- —_—_——Time— Minutes 
Alloy Requirement tion —_5—. _ —-—- 10. ——20—. ——80—._ —320—-~ 
Copper Annealed 30 450-750 400-750 350-750 350-750 300-750 
(42/45 VPN) 50 600-750+ 600-750+ 550-750 450-700 400-650 
Cap Annealed 30 600-700 550-700 500-650 450-550 400-550 
Copper (49/52 VPN) 50 600-650 600-650 550-650 500-550 400-550 
Gilding Annealed 35 500-700 450-600 450-550 400-500 400-500 
Metal (55/70 VPN) 50 500-700 450-550 400-550 400-550 350-500 
Cartridge Deep Drawing 30 500-550 500-550 450-550 450-500 400-450 
Brass (65/75 VPN, 50 550 500-550 500 450-500 450 
0.025 /0.045 mm.) 
10% Nickel Deep Drawing 30 650-700 650 600-650 550-600 550-600 
Silver (75/90 VPN, 50 650-700 650-700 650 600 550-600 
0.025 /0.045 mm.) 
20% Nickel Annealed 30 650-850 + 650-850+ 600-850+ 600-800 600-800 
Silver (80/100 VPN) 50 700-850 + 650-850+ 650--850+ 600—-850+ 600-850 
18% Nickel Annealed 30 650-750 600-750 600-750 550-650 550-650 


Silver (80/100 VPN) 50 650-850 600-800 600-700 600-700 600-650 





(c) The addition of nickel to copper-zine alloys considerably 
raises the temperature at which recrystallization is complete. 

Grain Size—Once recrystallization is complete there is an 
increase in grain size with increase in time and/or temperature. 
More specific effects are: 

(a) For any one given alloy there is a tendency for 50% reduc- 
tion to give a slightly finer grain size, for the same annealed hardness, 
than is obtained after 30% reduction. This is more marked with 
the copper, cap copper, and gilding metal than with the other alloys. 

(b) The addition of nickel to the copper-zine alloys produces 
a marked refinement of grain size in the annealed condition. 

(c) The bold-face figures in Tables III to XVII represent the 
hardness of commercial quality “annealed” material. Some alloys 
allow a wide range of hardness required, while others are “sensi- 
tive” in this respect. The effect of 50% reduction rather than 30% 
also varies with the alloy. It may raise or lower, or restrict or widen 
the range of temperature to give the desired hardness, depending on 
the alloy. 

A summary of conditions necessary to produce commercial 
quality annealed material is given in Table XVIII. 
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